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Preface 


These  volumes  contain  written  versions  of  papers  which  were  presented  at  the  International 
Conference  on  Silicon  Carbide  and  Related  Materials  1999  (ICSCRM’99),  held  October  10- 
15,  1999  in  Research  Triangle  Park,  North  Carolina.  Over  650  participants  from  25  countries 
attended  the  conference.  This  attendance  was  the  highest  in  the  conference  series  to  date. 

This  record  attendance  and  the  large  number  of  papers  submitted  attest  to  the  rapidly 
increasing  interest  in  wide  bandgap  semiconductors  in  both  academic  and  industrial 
communities.  Contained  in  the  two  volumes  of  these  proceeding  are  401  papers,  19  of  which 
were  invited.  They  document  our  present  understanding  of  the  many  topics  of  interest,  such 
as  the  growth  of  bulk  crystals,  the  growth  of  epitaxial  layers,  theoretical  approaches, 
materials  characterization,  device  processing  and  design,  fabrication  and  characterization  of 
electronic  and  optoelectronic  devices,  some  with  outstanding  performance. 

The  success  of  the  conference  was  due  in  large  part  to  the  labor  of  many  people  on  the 
various  committees  as  well  as  the  generous  support  of  four  U.S.  Government  and  thirteen 
industrial  sponsors.  We  wish  to  thank  the  students  from  the  University  of  Pittsburgh  (Song 
Bai,  Oleg  Shigiltchoff,  and  Yevgeniy  Shishkin)  and  Carnegie  Mellon  University  (S.-Y.  Ha, 

T.  Jang,  T.  Kuhr,  and  E.  Sanchez)  for  their  hard  work  in  getting  the  papers  organized  and 
reviewed.  We  also  wish  to  thank  the  students  from  the  University  of  South  Carolina  for 
helping  the  session  chairpersons  and  handling  the  microphones  for  questions  during  the 
conference.  Finally,  we  thank  the  staff  of  the  North  Carolina  State  University  Department  of 
Continuing  Education  for  their  hard  work  in  organizing  the  conference,  especially  Connie 
McElroy-Bacon,  Cindy  Allen  and  Dee  Dee  Coon. 

The  next  conference  will  be  held  in  October,  2001  in  Tsukuba,  Japan.  Prof.  S.  Yoshida  of 
Saitama  University  will  chair  the  Organizing  Committee,  Prof.  H.  Matsunami  of  Kyoto 
University  will  chair  the  International  Steering  Committee  and  Prof.  S.  Nakashima  of 
Miyazaki  University  will  chair  the  Sponsor  Committee.  We  wish  the  organizers  of  the  next 
conference  much  success. 


Durham,  Pittsburgh,  October  1999 


Calvin  H.  Carter,  Jr. 
Robert  P.  Devaty 
Gregory  S.  Rohrer 
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Abstract.  The  realization  of  the  full  potential  of  semiconductor  SiC  for  electronic  and  optical 
applications  is  critically  dependent  on  the  production  of  large  diameter  SiC  single-crystals  of  high 
crystalline  quality  and  controlled  impurity  content.  In  this  paper,  recent  empirical  results  reflecting 
the  current  state  of  the  art  of  SiC  bulk  growth  are  presented.  Recent  progress  in  monocrystalline  SiC 
bulk  crystal  growth  is  characterized  by  the  attainment  of:  substrate  diameters  up  to  100-mm; 
residual  impurities  in  the  1015cm"2  range;  thermal  conductivity  approaching  5.0  W/cmK;  near 
colorless  6H-SiC  at  crystal  diameters  up  to  75-mm;  and  micropipe  densities  as  low  as  1.1  cm'2  over 
an  entire  50-mm  diameter  4H-SiC  wafer.  The  implication  of  these  results  for  silicon  carbide 
electronic  devices  operating  at  high  power  densities  is  discussed.  Additionally,  the  recent  interest  in 
SiC  for  the  production  of  a  unique  near  colorless  gemstone  material,  moissanite,  increases  the 
demand  for  high  quality  SiC  bulk  material. 

Introduction.  Within  the  last  several  years  SiC  semiconductor  device  technology  for  electronic  and 
optoelectronic  applications  has  made  tremendous  progress  resulting  primarily  from  the  commercial 
availability  of  SiC  substrates  of  ever  increasing  diameter  and  quality.  Examples  of  current  state  of 
the  art  devices  exploiting  the  unique  electrical  and  thermophysical  properties  of  silicon  carbide 
include  [1]:  high  brightness  blue  and  green  InGaN-based  LEDs  which  take  full  advantage  of  the 
electrical  conductivity  of  the  SiC  substrate  by  employing  a  conductive  AlGaN  buffer  layer; 
microwave  MESFETs  on  semi-insulating  4H-SiC  substrates  with  power  densities  as  high  as  4.6 
W/mm  at  3.5  GHz  and  total  CW  output  power  of  80W  at  3.1  GHz  from  a  single  chip;  8.6  kV  p-i-n 
diodes  fabricated  on  high  quality  SiC  epitaxial  layers;  thyristors  conducting  12  A  at  6.5  V  with  2600 
V  blocking  voltage;  and  GaN/AlGaN  HEMTs  fabricated  on  semi-insulating  SiC  substrates  with 
power  density  of  6.9  W/mm  at  10  GHz.  Throughout  the  technical  evolution  of  semiconductor  SiC, 
the  fabrication  of  SiC  crystals  exhibiting  the  desired  electrical  and  crystalline  properties  has  played 
a  central  role  in  the  realization  of  the  full  potential  of  this  important  semiconductor  material.  In  this 
paper,  we  give  an  overview  of  the  current  state  of  the  art  of  bulk  SiC  growth  by  highlighting  recent 
advances  in  the  fabrication  of  large  diameter  SiC  crystals  of  improved  quality. 

Diameter  Enlargement.  6H  and  4H-SiC  single  crystals  are  grown  using  the  technique  of  physical 
vapor  transport  (PVT)  via  seeded  sublimation.  This  technique  has  been  recently  reviewed  [2]  and  is 
currently  the  preferred  method  for  the  bulk  growth  of  monocrystalline  SiC.  Production  volumes  of 
6H  and  4H-polytypes  are  now  available  at  diameters  up  to  50-mm.  Increasing  the  wafer  diameter  is 
crucial  for  reducing  the  cost  of  SiC  devices  through  economies  of  scale  and  the  use  of  Si  or  GaAs 
device  fab  equipment.  SiC  substrate  development  has  been  characterized  by  the  continuous 
increase  in  crystal  diameter  from  less  than  25-mm  in  the  early  part  of  this  decade  to  crystals  with 
diameters  up  to  75-mm,  first  announced  in  1997  [3].  Early  R&D  prototype  75-mm  diameter  wafers 
suffered  from  excessive  low-angle  grain  boundaries, 
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Figure  1.  100-mm  diameter  6H-SiC  wafer 
grown  by  physical  vapor  transport. 


Figure  2.  Impurity  concentration  (ppmwt) 
vs.  element  in  bulk  SiC. 


near  the  wafer  periphery  [3].  This  problem  has  been  circumvented  in  the  intervening  years 
allowing  for  the  first  time  the  extension  of  the  PVT  technique  to  the  fabrication  of  fully  single¬ 
crystal  substrates  with  diameters  up  to  100-mm,  as  shown  in  Figure  1.  Crack-free  growth  of  large 
diameter  SiC  crystals  requires  increased  attention  to  system  design  and  optimization  of  the  thermal 
distribution  in  the  growth  environment  to  minimize  excessive  mechanical  and  thermoelastic  stresses 
[2].  This  significant  development  in  wafer  enlargement  represents  a  major  step  toward  bringing  SiC 
to  parity  with  III-V  compound  semiconductors,  such  as  GaAs,  in  available  wafer  area  for  device 
fabrication. 

Crystal  Purity.  The  electrical  behavior  of  SiC  substrates  is  intimately  connected  with  the  purity  of 
the  as-grown  crystals.  The  maximum  attainable  resistivity  in  undoped  n-type  crystals  is  limited 

principally  by  residual  nitrogen  in  the  growth 
environment,  while  that  for  undoped  p-type  crystals 
is  limited  by  residual  boron.  Reduction  of  boron 
content  in  SiC  is  particularly  difficult  since  it 
exhibits  a  transfer  coefficient  of  near  unity  [4].  The 
extent  to  which  these  impurities  dominate  the 
electrical  behavior  of  undoped  SiC  crystals  grown  by 
PVT  is  largely  a  function  of  the  purity  of  source 
materials  and  the  cleanliness  of  the  growth  system. 
Fig  2  shows  the  results  of  quantitative  analysis  of 
source  material  and  as-grown  crystals  based  on 
secondary  ion  mass  spectroscopy,  neutron  activation 
analysis,  and  glow  discharge  mass  spectroscopy. 
These  results  show  that  concentrations  of  nitrogen  and  boron  in  bulk  crystals  can  be  reduced  to  mid 
1015cm'3.  In  material  of  the  highest  purity,  elemental  metallic  impurities  typically  exhibit 
concentrations  less  than  or  equal  to  0.01  ppmwt  and  transfer  coefficients  less  than  unity.  For  heat 
dissipation  in  high  power  density  device  structures,  the  thermal  conductivity  of  the  substrate  is  a 
critical  parameter.  Thermal  conductivity  (Table  1)  in  bulk  SiC  samples  shows  a  significant 
dependence  on  the  impurity  content  of  the  sample  and  the  crystallographic  direction  of  heat  flow. 


Table  1.  Thermal  Conductivity 


Crystal  direction  n  (cm -3)  W/cmK 


4Hn 

a 

5.00E+15 

4.9 

4Hn 

c 

5.00E+15 

3.9 

4Hn 

c 

2.00E+18 

3.3 

4Hn 

c 

S.l. 

3.3 

6Hn 

a 

3.50E+17 

3.8 

6Hn 

c 

3.50E+17 

3.2 

6Hn 

c 

1.50E+18 

3.0 

6Hp 

a 

1.40E+16 

4.0 
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In  bulk  crystals  exhibiting  low  residual  impurity  content,  thermal  conductivity  approaches  5 
W/cmK  for  heat  flow  directions  transverse  to  the  c-axis.  This  value  is  close  to  that  determined  by 
Slack  for  Lely-grown  samples  [5],  However,  an  appreciable  reduction  in  heat  conduction  parallel 
to  the  c-direction  is  observed,  consistent  with  previous  results  [6]. 


Crystallographic  Perfection.  In  parallel  with  efforts  to  enlarge  crystal  diameter,  efforts  have  been 
directed  toward  improvement  in  overall  crystal  perfection.  These  improvements  have  focussed  on 
reduction  of  stress,  reduction  in  micropipe  density,  and  the  elimination  of  low  angle  boundaries. 

The  significant  overall  quality  improvement  of  75-mm  diameter  4H-  and  6H-SiC  wafers  is 
illustrated  in  Figure  3  where  the  reduction  of  stress  birefringence  in  recent  wafers  is  compared  to 


Figure  3.  Quality  improvement  of  75-mm  4H-SiC  substrates  as  indicated  by  stress  birefringence:  a) 
early  R&D  wafer,  b)  recent  wafer. 


earlier  75-mm  wafers.  Micropipe  defects  occurring  to  varying  extent  in  all  SiC  wafers  produced  to 
date  are  seen  by  many  as  preventing  the  commercialization  of  many  types  of  SiC  devices,  especially 
high  current  power  devices.  The  dislocation  content  of  micropipes  is  indicated  by  the  existence  of 
growth  spirals  originating  from  micropipes,  characteristic  stress  patterns  around  micropipes  visible 
in  stress  birefringence  [7]  and  by  the  results  of  synchrotron  white  beam  X-ray  topography 
(SWBXT)  experiments  [8]  and  their  interpretation  based  on  kinematical  diffraction  theory  [9]. 
Mounting  evidence  supports  the  Frank-model  of  hollow  dislocation  cores  which  allows  a 
quantitative  correlation  of  the  micropipe  radius  with  the  Burgers  vector  of  a  screw  dislocation 
associated  with  the  pipe  [10].  Regardless  of  the  various  fundamental  and  technological  reasons  for 
micropipe  formation,  we  have  identified  empirically  several  mechanisms  or  combination  of 
mechanisms  causing  micropipes  in  SiC  boules  grown  by  the  seeded  sublimation  method.  Our 
investigations  have  resulted  in  a  steady  decrease  in  the  micropipe  density  over  the  past  several  years 
(Figure  4)  indicating  that  micropipes  may  be  totally  eliminated  in  the  next  few  years.  The  analysis 
of  KOH  etched  4H-SiC  wafers  from  low  micropipe  density  4H-SiC  boules  has  determined 
micropipe  free  material  at  a  diameter  of  25-mm  and  densities  as  low  as  1.1  cm"2  for  an  entire  50-mm 
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diameter  wafer  (Figure  5),  suitable  for  the  production  of  large  area  devices.  Concomitant  with  the 
growth  of  large  diameter  crystals  is  the  tendency  of  the  crystal  to  form  low  angle  boundaries  near 
the  crystal  periphery  which  occur  under  non-optimized  process  conditions.  In  SiC  substrates,  low 
angle  boundaries  are  visible  as  linear  crystallographic  features  extending  radially  inward  from  the 
wafer  edge  and  generally  following  low-index  crystal  planes.  They  may  sometimes  extend  through 
the  entire  thickness  of  the  wafer. 


Figure  4.  a)  Plot  of  micropipe  density  vs.  year  for  “best”  SiC  wafers 
produced  at  Cree;  b)  reduction  in  production  micropipe  average  over  time 
for  4H-SiC  wafers  at  Cree. 


Recent  work  has  resulted  in  a  dramatic  reduction  in  these  defects  to  <  3  with  a  length  of  <  3  mm 
each  for  production  50-mm  wafers,  while  they  are  totally  eliminated  in  our  current  R&D  wafers  up 
to  diameters  of  100-mm  (Figure  6).  Superimposed  on  the  micropipe  distribution  in  etched  wafers  is 
an  additional  distribution  of  shallow  etch  pits  at  densities  typically  in  the  104  cm'2  range,  associated 
with  the  general  dislocation  background  in  the  wafer.  The  radial  distribution  of  etch  pits  across  the 
crystal  diameter  exhibits  a  characteristic  W-pattem  (Figure  7).  This  spatial  variation  is  consistent 
with  predictions  of  the  radial  dependence  in  resolved  shear  stress  stemming  from  excess 
thermoelastic  stresses  during  growth  [2,1 1].  These  results  strongly  suggest  that  thermal  stress  plays 
a  key  role  in  the  generation  of  dislocations  during  SiC  growth. 


Figure  5.  50-mm  diameter  KOH-etched 
4H-SiC  wafer  with  micropipe  density  of 
1.1  cm'2. 


Figure  6.  Elimination  of  low  angle 
boundaries  in  large  diameter  SiC  substrates: 
a)  early  wafer,  b)  current  wafer. 
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Figure  7.  a)  Radial  dependence  of  the  resolved  shear  stress  in  the  (0001)<1 120>  glide 
direction  as  a  function  of  distance  from  the  growth  interface  (z=0);  b)  Radial  variation 
of  the  local  etch  pit  density  within  areas  of  949pm  x  714pm  on  a  6H-SiC  wafer. 


SiC  for  Optical  Applications:  Moissanite.  Up  to  the  present,  SiC  crystal  growth  has  focused 
almost  exclusively  on  the  fabrication  of  SiC  crystals  targeted  toward  electronic  devices.  However, 
additional  interest  in  silicon  carbide  has  arisen  recently  for  purely  optical  applications.  This  interest 
stems  from  the  similarities  in  refractive  index,  dispersion,  mechanical  hardness,  and  thermal 
conductivity,  between  silicon  carbide  and  diamond,  which  suggest  the  utility  of  silicon  carbide  as  a 
unique  gemstone  material  (moissanite).  Moissanite,  like  diamond,  is  characterized  by  its  broad 


Wavelength  (nm) 


transparency  over  the  visible  spectrum, 
optical  brilliance,  and  resistance  to 
chemical  and  abrasive  attack.  Recent 
advances  at  Cree  have  allowed  the 
fabrication  of  monocrystalline 
moissanite  in  a  near  colorless  form  at 
crystal  diameters  up  to  75-mm.  Figure 
8  shows  absorption  spectra  for  near 
colorless  moisannite  compared  to 
conventional  6H-SiC.  Conventional 
6H-SiC  exhibits  large  absorption  bands 
in  the  visible  region  at  energies  below 
the  band  edge.  These  absorption  bands 
give  rise  to  the  characteristic  green 
color  observed  in  n-type  6H-SiC  [12]. 
The  origin  of  the  bands  is  attributed  to 


Figure  8.  Absorption  spectra  at  293K  comparing  interband  transitions  from  states  near 

conventional  6H-SiC  (upper  curve)  and  near  the  conduction  band  edge  to  states  in 

colorless  Moissanite  (lower  curve).  higher  lying  conduction  bands  [13]. 

[The  large  offset  in  the  absorption 


spectrum  (upper  curve)  near  800  nm  is  an  artifact  associated  with  a  detector  change  in  the 
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spectrometer  at  this  wavelength.]  By  contrast,  near  colorless  moissanite  exhibits  a  broad 
transparency  associated  with  a  relatively  featureless  absorption  spectrum.  The  implications  of  this 
development  for  the  manufacture  of  bulk  SiC  crystals  for  the  gemstone  industry  are  clearly 
significant  when  it  is  realized  that  the  materials  volume  associated  with  the  manufacture  of  cubic 
zirconia  alone  is  estimated  to  be  approximately  440  metric  tons  per  year.  Semiconductor  SiC  for 
the  electronics  industry  is  expected  to  benefit  greatly  from  this  parallel  development  of  high  quality 
SiC  crystals  for  the  gemstone  industry. 

Summary.  Recent  progress  in  the  development  of  the  PVT  technique  for  SiC  bulk  growth  at  our 
laboratories  has  led  to  substrate  diameters  up  to  100-mm,  residual  impurities  in  the  1015  cm'2  range, 
thermal  conductivity  approaching  5.0  W/cmK  in  bulk  crystals,  near  colorless  6H-SiC  at  crystal 
diameters  up  to  7 5 -mm,  and  micropipe  densities  as  low  as  1.1  cm'2  over  50-mm  diameter  4H-SiC 
wafers.  These  advances  help  to  position  SiC  for  an  exciting  future  and  provide  a  sound  foundation 
for  the  realization  of  the  full  potential  of  SiC  for  high  power  density  electronic  devices, 
optoelectronic  devices  of  high  brightness,  and  SiC  materials  applications  requiring  low  optical 
absorption. 
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Abstract:  Within  the  past  year  we  have  grown  SiC  boules  and  produced  wafers  of  25,  35,  41,  50,  75  and 
100  mm  diameter  in  custom-designed  physical  vapor  transport  (PVT)  furnaces.  By  synthesizing  high  purity 
SiC  source  material,  controlling  defect  introduction  during  growth  initiation,  and  optimizing  hot  zone 
geometry,  we  have  increased  the  monocrystalline  area  in  50  to  100  mm  substrates  and  have  reduced 
micropipe  densities  in  our  35  mm  and  41  mm  substrates  to  below  300  cm'2. 

Introduction 

We  report  here  on  the  physical  vapor  transport  (PVT)  growth  of  SiC  boules  up  to  100  mm  diameter. 
Figure  1,  and  our  continuing  efforts  to  improve  the  quality  of  6H  SiC  substrates.  Our  technical  approach  has 
focused  on  the  following  efforts: 

a)  The  synthesis  of  ultra-high  purity  SiC  source  material  and  improvements  in  purity  of  graphite  hot  zone 
components. 

b)  Seeding  /  nucleation  studies  to  suppress  defect  generation  in  the  early  stages  of  boule  growth  and  to 
control  boule  polytype. 

c)  Designed  experiments  and  finite  element  (FE)  modeling  to  optimize  interface  shape,  to  scale-up  the 
PVT  hot  zone  design,  and  to  minimize  the  thermo-elastic  stress  during  crystal  growth  and  cooldown. 

Fig.  1 :  PVT  growth  of  6H  SiC  boules  with 
25,  50,  75  and  100  mm  diameter. 

PVT  Furnace  Design  and  Operation 

SiC  was  grown  in  three  identical 
physical  vapor  transport  growth  systems 
(Fig.  2).  The  PVT  reaction  chamber 
consisted  of  a  water-cooled  jacket  of 
concentric  quartz  tubes  flanged  to  a  vacuum  system  and  a  high  purity  gas  supply  system.  The  vacuum 
system  used  a  turbomolecular  pump  to  evacuate  the  growth  chamber  to  below  lxl  0‘7  torr,  and  a  rotary  pump 
with  a  computer  controlled  throttle  valve.  The  gas  supply  system  handled  ultrahigh  purity  argon  as  an  inert 
gas,  and  nitrogen  as  an  n-type  dopant.  The  growth  chamber  contained  the  graphite  reaction  crucible  inside  a 
graphite  susceptor  that  was  thermally  insulated  by  carbon  foam  [1]. 

The  furnaces,  inductively  heated  by  a  25  kW,  10  kHz  rf  generator,  provided  a  maximum  crucible 
temperature  exceeding  2500°C.  The  coil  design  and  thermal  insulation  were  optimized  to  reduce  the 
operating  power  to  approximately  12  kW  during  growth.  The  top  and  bottom  of  the  growth  crucible  were 
monitored  using  pyrometers  to  measure  the  approximate  temperature  of  the  seed  crystal  /  boule  and  the  SiC 
source,  respectively. 

An  automated  process  control  system  provided  precise,  stable,  repeatable  control  of  crucial  process 
parameters  (e.g.  furnace  pressure,  crucible  temperatures,  temperature  gradient,  rf  heating  power  and 
induction  coil  position). 
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Seed  crystal  temperature  (Tsee4): 

2100  -  2200°C 

Axial  temperature  gradient  (AT): 

10  -  30°C/cm 

Argon  pressure  (pat): 

5-30  torr 

Average  growth  rate: 

0.3  -  1.4mm/h 

Fig.  2:  Custom  designed  II-VI  Incorporated  PVT 

furnaces  currently  produce  boules  up  to  100  mm 
in  diameter. 


Purity  Improvements  of  SiC  Source  and  Hot  Zone  Materials 

Impurities  are  a  major  source  of  defect  generation  during  PVT  boule  growth  [2,  3]  and  control  the 
electrical  properties  of  SiC  substrates.  We  used  GDMS  to  evaluate  the  purity  of  source  materials,  halogen 
purified  graphite  hot  zone  materials,  and  halogen  purified  porous  carbon,  Table  1,  that  were  commercially 
available  at  the  start  of  this  program.  Improvements  in  halogen  purification  resulted  in  a  2-  to  3-fold 
reduction  in  impurities  in  the  graphite  used  in  the  hot  zone  construction.  Porous  carbon,  which  exhibits  a 
high  impurity  content  was  eliminated  from  the  design. 

The  highest  levels  of  impurities  detrimental  to  the  quality  of  the  SiC  boules,  (e.g.  B,  N,  P,  Ti,  V)  were 
found  in  the  SiC  source  powders.  High  purity  SiC  source  material  was  synthesized  using  high  purity  silicon 
and  graphite  in  modified  PVT  systems  in  a  600  torr  argon  atmosphere  at  temperatures  from  2100-2500°C. 
Two  silicon  and  two  graphite  sources  were  used  to  synthesize  SiC  and  evaluate  the  purity,  grain  size,  and 
processability  of  the  resulting  SiC  powder.  The  synthesized  SiC  exhibited  a  dramatic  reduction,  more  than 
two  orders  of  magnitude  in  some  cases,  in  the  concentrations  of  impurities  (Table  2).  The  current  synthesis 
process  yields  material  that  exhibits  lower  impurities  concentration  than  commercially  available  CVD  SiC. 

Table  1:  Impurity  levels  of  graphite  used  in  hot  zone  construction;  and  grain  size,  relative,  sublimation  rates. 


approximate  costs  and  impurity  levels  of  commercial  and  in-house  synthesized  SiC  source  material.. 


Material 

Grain  size 
(Jim) 

Relative 

transport 

rate 

Approx. 

cost 

Element  Concentration  (GDMS  ppm  wt.) 

B 

N 

A1 

■a 

Ti 

H 

Graphite  1 

— 

— 

It WJm 

50 

0.08 

0.1 

0.01 

0.01 

Graphite  2 

— 

— 

— 

0.04 

— 

0.05 

0.05 

0.01 

Porous  Graphite 

— 

— 

— 

MiT 

20 

0.15 

0.1 

1.7 

1.2 

500-1500 

0.68 

5 

1.6 

700 

80 

2 

50 

70 

High  purity  Acheson  -  S2 

7 

0.91 

150 

12 

1000 

1.8 

35 

1.5 

0.5 

100 

0.83 

150 

0.5 

7.8 

0.05 

4.7 

0.03 

CVD 

1000-4000 

0.79 

3000 

0.9 

fgjjjjjj 

0.3 

0.1 

6 

0.1 

II-VI  Synthesis  -  1998 

1000 

0.96 

120 

300 

1.2 

0.04 

2.3 

1000 

1.00 

200 

0.01 

3300 

0.15 

0.05 

u 

1.3 

Seeding,  Nucleation,  and  Defect  Studies 

Three  primary  sources  for  defects  in  SiC  boule  are:  1)  propagation  of  defects  present  in  the  seed  crystal, 
2)  propagation  of  macropipes  from  the  backside  of  the  seed,  and  3)  defects  which  nucleate  during  growth  at 
the  seed/boule  interface  or  in  the  boule  due  to  polytype  inclusions,  secondary  phase  inclusions,  and  high 
stress  levels. 

The  quality  and  size  of  seed  crystals  have  been  continuously  improved  through  process  improvements 
and  by  fabricating  the  highest  quality  boule  material  into  seeds  for  subsequent  growth.  The  mechanism  for 
formation  of  macrodefects  originating  from  the  back  surface  of  the  seed  crystal  and  propagating  into  the 
boule  has  been  investigated  [4].  A  dense  carbon  layer  applied  to  the  backside  of  the  seed  crystal  as  a 
protective  coating  has  been  shown  to  effectively  inhibit  the  generation  of  macrodefects  [4]. 
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We  have  evaluated  defect  nucleation  during  seeding  and  the  effect  of  seed  face  polarity  by  a  controlled 
set  of  experiments  in  which  the  growing  boule  was  simultaneously  nucleated  on  both  the  carbon  and  silicon 
faces  in  dual  seed  experiments.  For  this  purpose,  on-axis  6H  SiC  wafers  were  polished  (0.25  pm  diamond), 
and  diced  in  half.  The  two  half  wafers  were  mounted  side  by  side  on  the  same  crucible  lid,  one  half 
exhibiting  the  (0001)  Si-face  as  a  growth  surface  (“Si-face  seed”),  the  other  half  exhibiting  the  (000  T) 
C-face  (“C-face  seed”).  Both  half  wafers  were  simultaneously  overgrown  [1,5]. 

Fig.  3(c)  shows  a  vertical  section  parallel  to  the  c-axis  of  a  boule  grown  at  a  seed  crystal  temperature  of 
2100°C.  In  this  boule,  initially  6H  polytype  nucleated  on  both  the  6H  C-face  seed  (left  half)  and  on  the  6H 
Si-face  seed  (right  half).  During  the  growth  run,  the  C-face  region  expanded  radially  along  the  growth 
direction  overgrowing  the  simultaneously  nucleated  Si-face  region  and  eliminated  it  by  competitive  growth. 
This  result  was  reproduced  several  times.  These  observations  suggest  that  growth  on  the  C-face  appears  to 
be  energetically  favored  under  these  growth  conditions.  The  dual  seed  experiments  were  used  to  determine 
the  temperature  ranges  for  stable  growth  of  the  6H  and  4H  polytype,  and  to  investigate  the  impact  of  growth 
face  polarity  and  seed  temperature  on  the  size  and  density  of  inclusions  and  voids.  In  our  experiments,  the 
material  grown  on  C-face  seeds  exhibits  a  smoother  surface  morphology  than  material  grown  on  Si-face 
seeds.  Macrodefects  appear  to  terminate  during  long  runs  (duration  >18  h)  in  the  material  grown  on  C-face 
seed  crystals  at  a  higher  rate  than  in  material  grown  on  Si-face  seeds. 


Fig.  3:  Dual  seed  boule  growth  experiments: 

(a)  Boule  grown  by  dual  seed  method.  (b)  Radial  slice  showing 
Note  the  different  surface  differences  in  dopant 

morphology  of  material  grown  on  incorporation  for  C-face 

Si-  and  C-face  seed.  and  Si-face  growth. 


(c)  Axial  boule  slice  parallel  to  the  growth 
direction  (c-axis)  showing  preferential 
growth  on  carbon  face  seed. 


Growth  Process  Optimization  and  Reactor  Modeling 

The  PVT  process  is  being  optimized  using  a  combination  of  designed  experiments  and  numerical 
simulation.  Statistically  designed  experiments  have  been  used  to  evaluate  the  effect  of  key  process 
parameters  on  the  sublimation  transport  and  the  resulting  material  quality. 

Our  in-house  finite  element  (FE)  crystal  growth  simulation  program  for  thermal,  and  thermal  stress 
simulations  was  modified  to  include  electromagnetic  induction  heating  calculations  to  analyze  key  design 
and  processing  issues  associated  with  the  scale-up  of  the  PVT  hot  zone.  The  software  is  computationally 
highly  efficient  due  to  the  use  of  a  unique  ’’net  flux”  radiation  model  based  on  a  unit-sphere  projection 
technique  and  an  optimized  induction  heating  algorithm.  The  model  uses  input  process  parameters 
(including  coil  current,  frequency,  coil  position  relative  to  the  hotzone,  graphite  component  dimensions  and 
location,  materials  properties,  size  and  position  of  SiC  source  and  boule)  to  compute  the  axial  and  radial 
temperature  distribution,  and  thermoelastic  stresses  thus  enabling  a  wide  range  of  hot  zone  design 
modifications  to  be  evaluated  quickly.  The  numerical  simulation  results  were  validated  by  a  set  of  designed 
experiments,  and  helped  to  implement  significant  improvements  of  the  hot  zone  and  crucible  design,  and 
optimize  the  process  parameters  for  the  growth  of  large  diameter  SiC  boules. 

As  an  example,  the  inductive  heating  and  calculated  temperature  distribution  for  a  hot  zone  used  to 
produce  35  mm  substrates  is  illustrated  in  Fig.  4.  Note  the  radial  gradients  present  in  the  boule  during 
growth.  Fig.4(d)  shows  the  thermal  stresses  due  to  due  mismatch  in  thermal  expansion  coefficient  (TEC) 


12 


Silicon  Carbide  and  Related  Materials  - 1999 


Phone  +1  (724)352-5797,  Fax  +1  (724)352-5284,  E-mail  SiC0ii-vx.com 


Materials  Science  Forum  Vols.  338-342  (2000)  pp.  13-16 
©  2000  Trans  Tech  Publications,  Switzerland 


Progress  in  SiC  Bulk  Growth 

M.  Anikin1,  0.  Chaix1,  E.  Pernot1,  B.  Pelissier1,  M.  Pons2,  A.  Pisch2, 

C.  Bernard2,  P.  Grosse3,  C.  Faure3,  Y.  Grange3,  G.  Basset3,  C.  Moulin3  and 

R.  Madar1 

1  LMGP,  UMR  5628  (INPG/CNRS),  BP  46,  FR-38402  St.  Martin  d'Heres,  Cedex,  France 
2LTPCM,  UMR  5614  CNRS/INPG/UJF,  BP  75,  FR-38402  Saint  Martin  d’Heres,  Cedex,  France 
3LETI-CEA  Grenoble,  17  rue  des  Martyrs,  FR-38054  Grenoble,  Cedex  9,  France 

Keywords:  4H  and  6H-SiC  sublimation  growth,  Crystal  Shape,  Defects,  In  Situ  Etching 


Abstract  4H  and  6H-SiC  ingots  with  diameter  up  to  30  mm  have  been  grown  by  the  Modified  Lely 
Method  with  in  situ  etching.  The  original  source  design  allowed  us  to  maintain  an  excess  of  Si 
above  the  growing  crystal  to  decrease  defect  density. 

Introduction  Growth  of  large  ingots  with  a  low  defect  density  is  the  most  important  problem  of 
SiC  technology.  An  important  factor  affecting  defect  formation  is  the  ingot  shape  which  depends  on 
the  design  of  the  crucible  assembly  and  growth  conditions.  A  change  of  design  allows  one  to  grow 
the  crystals  with  convex,  concave  or  flat  “as  grown”  surface.  It  is  important  to  notice,  that  the 
change  of  ingot  shape  during  the  growth  can  cause  additional  defects. 

Our  work  was  focused  on  the  growth  of  crystals  with  flat  “  as  grown  ”  surface,  because  on  one 
hand,  this  shape  seems  to  be  the  best  one  from  a  commercial  point  of  view  (maximum  yield  for  a 
given  diameter)  and  on  the  other  hand  it  allows  one  to  obtain  wafers  with  a  uniform  radial  doping 
and  to  minimize  the  density  of  low  angle  grain  boundaries.  To  grow  such  crystals  with  flat  surfaces 
we  have  decreased  the  radial  component  of  the  growth  rate  taking  into  account  the  information 
obtained  by  numerical  simulation  of  the  process.  In  these  conditions  the  enlargement  of  the  crystals 
was  quite  small  and  their  shape  was  close  to  cylindrical. 

Experimental  details  6H  and  4H  crystals  with  diameters  up  to  30  mm  have  been  grown  by  the 
Modified  Lely  Method  with  «  in  situ  »  sublimation  etching.  [1-3,  5].  An  experimental  set  up  with 
RF  heating  and  graphite  crucible  was  used.  The  crucible  was  wrapped  by  graphite  felt  for  thermal 
insulation  and  the  whole  assembly  was  placed  inside  a  water  cooled  quartz  reactor.  The  growth 
temperature  (  measured  on  the  top  of  graphite  lid)  was  about  2200°C  and  the  argon  pressure  was 
about  2  Torr.  Under  these  experimental  conditions  we  obtained  4H  and  6H  single  crystals  with  a 
thickness  of  about  10  mm.  The  growth  rate  was  between  (1.1-  1.3)  mm/h. 

The  SiC  source  powder  (Fig.  1)  was  loaded  both  between  a  dense  graphite  crucible  and  a  graphite 
thin-walled  inner  cylinder  (as  in  the  design  of  the  Lely  Method)  and  inside  of  the  inner  cylinder. 
This  allowed  us  to  reduce  the  influence  of  the  leakage  of  Si  and  reaction  of  Si  from  the  main  central 
source  with  the  walls  to  maintain  excess  of  Si  over  the  seed. 

The  seed  was  fixed  at  the  top.  The  distance  between  source  and  seed  was  15-20  mm.  The 
temperature  gradient  within  the  growth  cell  was  changed  during  the  growth  process.  The  inversion 
of  the  temperature  gradient  resulted  in  a  etching  of  the  seed.  The  temperatures  of  the  top  and  the 
bottom  of  the  crucible  were  measured  by  pyrometers. 

Results  and  discussion 

In  situ  etching  The  growth  at  a  relatively  low  temperature  was  always  observed  with  a  positive 
temperature  gradient  even  at  a  high  argon  pressure  (650  Torr).  To  suppress  nucleation  at  a  low 
temperature,  which  would  result  in  undesirable  crystal  generation,  we  started  the  growth  process 
with  a  reverse  temperature  gradient.  At  about  1800°C,  sublimation  etching  of  the  seed  was  observed 
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when  the  Si  pressure  over  the  substrate  was  maintained  close  to  equilibrium  over  SiC.  To  obtain 
SiC  surfaces  with  a  regular  step  structure  it  was  necessary  to  eliminate  the  loss  of  Si  from  the  seed 
surface  which  can  result  in  carbon-rich  and  low-quality  surface.  Material  supply  from  the  source  at 
the  periphery  reduced  the  influence  of  the  Si  leakage  from  the  growth  cell.  Control  of  the 
temperature  gradient  and  argon  pressure  became  important  factors  to  obtain  high  quality  SiC 
surface.  An  increase  in  the  reversed  temperature  gradient  as  well  as  in  the  temperature,  increased 
the  etching  rate  but,  in  the  same  time,  the  probability  of  the  seed  carbonization  increased.  At  a  too 
low  argon  pressure,  less  than  50  Torr,  the  seed  surface  became  heavily  step-bunched.  Sometimes, 
even  a  carbonization  of  the  seed  surface  was  observed.  After  etching  the  sign  of  temperature 
gradient  was  changed  and  pressure  increased  to  start  the  growth  at  slow  rate. 

The  influence  of  in  situ  etching  conditions  and  the  initial  stage  of  the  growth  on  the  defect 
formation  have  been  investigated.  A  system  of  pyramidal  holes  [1,  2]  was  found  at  the  interface. 
The  size  and  the  shape  of  holes  depended  on  the  conditions  of  etching  and  were  greatly  affected  by 
seed  orientation.  Optimization  of  etching  and  the  initial  stage  of  the  growth  allowed  the  reduction  of 
both  the  number  and  the  size  of  holes.  Defects  were  usually  found  at  the  periphery  of  the  seed  only. 
It  is  important  to  notice  that  the  ingots  where  the  pyramidal  holes  were  not  found  by  SEM  contained 
pinholes. 

Shape  Both  temperature  distribution  over  the  growing  crystal  and  temperature  distribution  in  the 
source  affect  the  crystal  shape.  Our  design  of  the  crucible  assembly,  with  a  hole  in  the  middle  for 
temperature  measurements  and  the  seed  fixed  on  the  graphite  lid  resulted  in  to  lower  temperature  in 
the  middle  of  the  seed  than  at  the  periphery.  If  the  material  transport  is  uniform  over  the  surface  of 
the  seed,  the  lower  surface  temperature  results  in  a  higher  growth  rate.  On  the  other  hand  the 
temperature  distribution  in  the  source  is  nonuniform  too.  This  is  due  to  the  presence  of  the  hole  for 
temperature  measurements  and  the  relatively  low  heat  conductivity  of  the  powder.  Furthermore 
temperature  distribution  can  be  changed  during  the  growth. 

Crystals  were  grown  in  conjunction  with  a  mixture  of  6H  and  15R  polytype  poly-SiC  at  the 
periphery  of  the  ingot.  The  change  of  the  growth  cell  geometry  allowed  the  growth  of  crystals  with 
convex  ,  concave  and  flat  “as  grown”  surface.  The  wafers  with  uniform  radial  doping  (Fig.2)  were 
obtained.  This  confirms  that  flat  growth  front  shape  was  not  changed  during  the  growth  process. 

To  realize  good  polytype  replication  over  entire  ingot,  the  8°  off  axis  4H-SiC  wafers  were  used  as 
seeds.  This  allowed  us  to  achieve  stable  step-flow  growth  as  in  the  case  of  CVD  homoepitaxy.  Step- 
flow  growth  enabled  us  to  improve  interface  seed-ingot  quality.  We  have  used  the  (0001)  C  face  for 
4H  growth  and  (0001)Si  face  for  6H  growth. 

Morphology  Examining  the  ingot  morphology  was  a  useful  way  of  assessing  the  crystal  quality. 
Morphology  of  the  ingots  is  greatly  affected  by  C/Si  ratio  in  vapor  phase.  The  crystals  with  low 
defect  density  exhibited  specular,  smooth  “as-grown”  surface.  Such  crystals  were  grown  at  low  C/Si 
ratio  which  was  achieved  by  an  original  design  of  the  source  and  good  closure  of  the  crucible. 
Material  supply  from  the  source  at  the  periphery  allowed  to  suppress  the  reaction  of  Si  from  the 
main  source  in  the  middle  of  the  crucible  with  graphite  walls  and  the  losses  of  Si,  which  would  have 
increased  the  C/Si  ratio.  The  vapor  transport  is  controlled  by  the  main  source  in  the  middle. 
Graphitization  of  the  source  at  the  periphery  resulted  in  fast  degradation  of  the  main  source  and  then 
to  a  degradation  the  morphology  and  quality  of  the  crystals.  Microinclusions  could  be  found  in  the 
grown  crystals  in  this  case  (Fig.3). 

Macrodefects  Macrodefects  were  often  present  in  the  crystals  grown  at  temperature  higher  then 
2300°C  [4,1-3],  These  are  holes  with  enlargement  at  the  end,  which  start  at  the  interface  holder-seed 
and  can  penetrate  deep  in  the  growing  crystal.  Formation  of  these  defects  are  explained  by  a  local 
sublimation  of  the  seed  and  then  of  the  growing  ingot.  This  is  due  to  the  temperature  gradient 
created  in  the  crystal  during  the  growth.  Lower  growth  temperature  and  lower  temperature  gradient 
with  optimization  of  seed  attachment  technique  allowed  to  achieve  the  growth  of  ingots  without 
macrodefects. 
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X-ray  topography  Ingots  and  wafers  have  been  studied  by  white  beam  synchrotron  topography  at 
the  ESRF  (ID  19  beam  line).  To  investigate  growth  process  in  ingots,  section  topography  has  been 
realized  by  inserting  a  narrow  collimating  slit  (200  |im)  in  front  of  the  crystal  to  reduce  the  X-ray 
beam  .  We  recorded  horizontal  section  perpendicular  to  the  c-axis  at  different  positions  in  the 
crystal.  Fig.4a  shows  an  horizontal  section  taken  at  the  center  of  a  25  mm  diameter  4H-SiC  boule. 
All  the  border  of  the  sample  is  highly  misoriented  and  small  crystallites  in  this  region  diffract  as 
small  spots  on  the  topograph.  The  middle  of  the  topograph  exhibits  dark  lines  coming  from  local 


Fig.2  4H-SiC  wafer 


Fig.  3  4H-SiC  wafer  with  inclusions 
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misorientations.  Several  sections  indicate  that  these  misorientations  are  perpendicular  to  the  [11-20] 
directions.  Dark  lines  appear  2  mm  under  the  seed  and  do  not  change  a  lot  up  to  the  top  of  the 
crystal. 


5  mm  0.2  mm 


a)  b) 

Fig.  4:  a)  a  white  beam  synchrotron  horizontal  section  topograph  (200pm)  of  a  4H-SiC  ingot,  b)  a 
white  beam  synchrotron  reflection  topograph  (00012  reflection)  recorded  from  a  (0001)  4H-SiC 
wafer.  20  bragg  -  45°.  Sample-film  distance  =  20  cm. 

Wafers  have  been  investigated  by  white  beam  synchrotron  reflection  topography.  Topographies 
taken  at  different  Bragg  angles  and  at  different  crystal-film  distances  indicate  that  the  borders  of 
wafers  are  highly  curved.  But,  for  several  wafers,  the  center  present  a  good  structural  quality.  Fig. 4b 
shows  a  part  of  a  topograph  of  a  4H-SiC  wafer.  The  diffraction  vector  is  parallel  to  the  c-axis.  So  it 
is  easy  to  observe  screw  dislocations  along  this  axis.  Contrasts  appearing  as  comets  are  associated 
with  the  strain  field  around  dislocations.  An  8  mm  diameter  region  in  the  center  of  the  crystal 
exhibits  low  dislocations  density  less  than  104cm'2.  In  this  region,  we  did  not  observe  any 
topographic  contrast  coming  from  micropipes. 

Average  pinholes  density  in  our  crystals  was  less  than  100  cm'2.  This  was  shown  by  observation 
after  etching  in  molten  KOH  and  confirmed  by  synchrotron  white  beam  X-ray  topography 
(SWBXT) 

Acknowledgements  The  authors  gratefully  acknowledge  the  support  of  the  French  Ministry  of 
Education  and  Research  ,  the  French  Ministry  of  Industry  and  the  European  Brite  Euram  Program 
(Contract  BRPR- CT98-0812-JESICA). 

References 

[1]  M.M. Anikin,  RMadar,  A.Rouault,  I.Ga^on,  L.  Di  Cioccio,  J.L.Robert,  J.Camassel  and 
J.M.Bluet,  Inst.  Phys.Conf.Ser.N  142,  Chapter  1,  presented  ISCRM-95,  Kyoto,  Japan,  IOP 
Publishing  Ltd  (1996),  33. 

[2]  M.Anikin,  R.Madar,  Mat.Sci.and  Eng.B46(  1997)278. 

[3]  R.Madar,  M.Anikin,  K.Chourou,  M.Labeau,  M.Pons,  E.Blanquet,  J.M.Dedulle,  C.Bemard, 
S.Milita.  J.Baruchel,  Diam.  Rel.  Mat.  6(1997)1249. 

[4]  RAStein,  PhysicaB  185(1993)211.) 

[5]  M. Anikin,  K.Chourou,  R  Madar  et  al.,  Mat.  Sci.  Eng.  B56(1999)  accepted  for  publication. 


Materials  Science  Forum  Vols.  338-342  (2000)  pp.  1 7-20 
©  2000  Trans  Tech  Publications,  Switzerland 


Generation  and  Properties  of  Semi-Insulating  SiC  Substrates 

Shaoping  Wang1,  Adrian  Powell1,  Joan  Redwing2,  Eddie  Piner2  and 

Adam  W.  Saxler3 

1 ATMI,  Inc,  7  Commerce  Dr.,  Danbury,  CT  06810,  USA 
2Epitronics,  Inc.,  21002  North  19th  Av.,  Suite  5,  Phoenix,  AZ  85027,  USA 
3AFRL/MLPO,  Bldg  651, 3005  P  St.,  Wright-Patterson  AFB,  OH  45433,  USA 

Keywords:  GaN  Device  on  Sl-SiC,  Resistivity,  Semi-insulating  (SI),  SiC  Substrates 


Abstract:  Semi-insulating  SiC  crystals  were  grown  by  sublimation  Physical  Vapor  Transport 
technique  and  semi-insulating  6H-SiC  substrate  wafers  up  to  2”  in  diameter  were  fabricated. 
Resistivity  measurement  and  high  temperature  Hall  measurement  results  showed  that  a  large 
segment  of  a  SiC  boule  grown  in  this  process  was  semi-insulating.  To  evaluate  these  SI  SiC 
substrates,  GaN  thin  films  and  device  structures  were  grown  on  the  semi-insulating  SiC 
substrates  and  device  characterization  results  are  presented. 

Introduction 

SiC  has  emerged  as  the  most  advanced  wide  bandgap  semiconductor  for  high  frequency,  high 
power,  high  temperature  electronics.  A  key  requirement  for  many  devices  and  circuits,  such  as 
those  operating  at  microwave  frequencies,  is  the  use  of  semi-insulating  (SI)  or  insulating 
substrates  that  exhibit  low  dielectric  loss  and  reduced  device  parasitics.  A  SI  substrate  is  defined 
as  having  a  resistivity  greater  than  105  Q.cm.  The  high  resistivity  permits  easy  isolation  of 
epitaxial  layers  or  devices  from  the  substrate.  In  addition,  it  enables  the  use  of  simple  device  and 
circuit  topologies  which  do  not  require  complex  and  expensive  isolation  techniques.  Therefore, 
superior  performance  of  the  SI  SiC-based  devices  can  be  realized. 

Semi-insulating  SiC  bulk  crystals  can  be  grown  by  sublimation  physical  vapor  transport 
technique  [1-6]  and  commercial  semi-insulating  SiC  substrates  are  already  available  from 
limited  suppliers.  However,  these  commercial  semi-insulating  SiC  substrates  are  very  expensive. 
The  availability  of  affordable  semi-insulating  SiC  substrates  will  greatly  accelerate  the 
commercialization  of  superior  SiC  devices  and  circuits  for  both  military  and  commercial 
applications.  We  believe  that  the  most  important  factor  limiting  the  production  of  affordable 
semi-insulating  SiC  substrates  is  the  low  yield  of  semi-insulating  materials  from  each  SiC  boule 
produced.  One  way  to  achieve  affordable  semi-insulating  SiC  substrates  that  are  comparable  to 
regular  SiC  substrates  is  to  drastically  increase  the  yield  of  the  semi-insulating  growth  process  so 
that  the  majority  of  the  boule  produced  is  semi-insulating. 

Growth  of  SI  SiC 

In  a  recent  research  program a  aiming  at  developing  a  sublimation  growth  process  for  SI  SiC 
substrates  for  GaN  devices,  we  demonstrated  a  high  yield  semi-insulating  6H-SiC  sublimation 
growth  process.  The  SI  SiC  crystals  were  grown  via  an  ATMI  proprietary  growth  process 
utilizing  ultra  high  purity  SiC  source  materials.  As  a  result,  semi-insulating  SiC  wafers  with 
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room  temperature  resistivities  larger  than  105  ohm.cm  and  sizes  up  to  2”  in  diameter  have  been 
fabricated.  Transmission  optical  and  cross-polarizer  pictures  of  a  1.8”  diameter  Sl-SiC  wafer  are 
shown  in  Figure  1(a)  and  (b),  respectively.  On  the  cross-polarizer  picture,  the  dark  areas  of 


00  (b) 

Figure  1 .  Semi-insulating  SiC  wafer  of  1 .8”  in  diameter  produced  at  ATMI:  (a) 
Optical  microscope  image  and  (b)  Cross-polarizer  image  showing  good  single 


crystal  area  in  the  wafer. 


the  crystal  wafer  correspond  to  the  good  single  crystal  area  and  the  light  areas  correspond  to 
materials  of  poorer  quality,  where  high  densities  of  micropipes,  grain  boundaries  and  other 
defects  can  be  found. 

Electrical  Characterization  of  SI  SiC 

Electrical  resistivity  of  the  SI  SiC  wafers  was  measured  by  using  various  techniques  including 
Eddy  current  measurement  (Lehighton),  high  temperature  resistivity  measurement  and  high 
temperature  Hall  measurement.  The  critical  aspect  of  our  semi-insulating  growth  process  is  the 
high  yield  of  semi-insulating  wafers  from  each  boule.  This  is  illustrated  by  the  two  sets  of  high 
temperature  Hall  measurement  data  obtained  from  two  sample  SiC  wafers  (wafer  #1  and  #15) 
taken  from  the  same  boule  shown  in  Figure  2(a)  and  (b) b.  The  extrapolated  room  temperature 
resistivities  of  these  two  wafers  are  higher  than  108  ohm.cm,  i.e.  they  are  semi-insulating.  Since 
high  temperature  Hall  measurement  is  destructive,  a  Lehighton  system  was  used  to  measure 
resistivities  of  the  remaining  wafers  from  this  boule.  It  was  found  that  the  resistivities  of  all  the 
wafers  between  the  two  SI  SiC  wafers  are  all  above  the  limit  to  which  a  Lehighton  system  can 
measure  (5000  ohm.cm).  All  these  measurements  seem  to  indicate  that  a  large  segment  of  this 
boule  (wafers  #1-#15)  is  semi-insulating.  This  result  is  significant  because  it  demonstrates  that 
many  SI  wafers  can  be  obtained  from  a  single  boule.c  Thus,  the  cost  of  production  of  these  SI 
SiC  wafers  will  be  reduced  significantly. 


b  These  Hall  measurements  were  carried  out  at  Wright-Patterson  Air  Force  Research  Laboratory. 
c  Wafers  are  available  through  Sterling  Semiconductor,  Inc.,  22660  Executive  Drive,  Suite  101,  Sterling,  VA  20166 


Materials  Science  Forum  Vols.  338-342 


19 


W  is  2lJ  Z.S  10 
Iflflflft  (K '{ 


Wafer 

#15 


(a)  (b) 

Figure  2.  Resistivity  versus  temperature  for  ATMI  Sl-SiC  substrates. 


GaN  Thin  Films  and  Device  Structures  on  SI  SiC  Substrates 

For  these  semi-insulating  substrates  to  be  considered  commercially  viable,  a  number  of  further 
tests  must  be  passed.  The  most  important  of  these  is  the  deposition  of  high  quality  epitaxial 
films.  As  an  example,  GaN  thin  films  and  AlGaN/GaN/SiC  high  electron  mobility  transistor 
(HEMT)  structures  [7]  have  been  grown  by  MOCVD  on  these  SI  SiC  substrates  as  well  as  other 
substrates.  Figure  3  shows  the  RF-power  measurement  results  at  2GHz  from  a  GaN  HEMT 


Figure  3.  RF-power  measurement  at  2GHz  from  a  GaN  HEMT  structure 
grown  on  an  ATMI  SI  SiC  substrate.  A  power  output  density  of 
3.8  w/mm  from  a  100pm  size  HEMT  device  is  obtained. 
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structure.  Note  that  an  output  power  density  of  3.8W/mm  from  a  100pm  size  HEMT  device  was 
achieved.  The  GaN  epitaxial  layer  quality  on  these  Sl-SiC  substrates,  characterized  by  both 
double-crystal  X-ray  diffraction  and  mobility  measurements,  is  similar  to  that  obtained  from 
regular  n-type  SiC  wafers.  All  these  results  suggest  that  the  SI  SiC  substrate  wafers  produced  at 
ATMI  are  suitable  for  GaN  RF  devices. 

Summary 

Semi-insulating  SiC  crystals  were  grown  by  sublimation  Physical  Vapor  Transport  technique  and 
a  high  yield  semi-insulating  growth  process  for  6H-SiC  wafers  up  to  2”  in  diameter  was 
demonstrated.  Evaluations  of  the  quality  of  GaN  epitaxial  layers  and  the  performance  of 
AlGaN/GaN  HEMT  device  structures  made  on  the  SI  SiC  suggest  that  these  Sl-SiC  substrates 
are  suitable  for  high  frequency  device  applications. 
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Abstract:  We  report  the  demonstration  of  semi-insulating  bulk  4H-SiC  without  the  use  of 
vanadium  doping.  Single  crystal  boules  were  grown  by  the  physical  vapor  transport  method  and 
sliced  into  wafers.  The  semi-insulating  material  was  examined  with  temperature  dependent  Hall 
effect,  optical  admittance  spectroscopy,  optical  absorption  and  secondary  ion  mass  spectrometry. 
The  material  was  insulating  at  room  temperature  and  was  not  measurable  until  near  300°C  where 
the  resistivity  was  4X107  £2»cm.  The  thermal  activation  energy  is  1.1  eV  as  determined  by 
temperature  dependent  Hall  effect.  Optical  admittance  spectroscopy  detected  the  1.1  eV  level  but 
did  not  observe  any  response  in  the  band  around  1.6  eV  where  the  vanadium  donor  response  has 
previously  been  detected.  Vanadium  was  below  the  1015  cm'3  detection  limit  of  our  SIMS  system. 
The  identity  of  the  defect  responsible  for  the  1.1  eV  level  has  not  been  identified. 

Introduction 

Semi-insulating  SiC  substrates  are  required  for  high  power  microwave  transistors  made  from  both 
SiC  and  GaN.  Vanadium  doping  has  been  the  only  reported  method  for  producing  bulk  semi- 
insulating  SiC  that  is  very  nearly  insulating  at  room  temperature  [1,2].  In  vanadium  doped  material 
the  Fermi  level  is  pinned  at  the  vanadium  donor  level  which  is  located  near  mid  gap  at  1.6  eV  in  4H 
and  1.5  eV  in  6H-SiC.  This  results  in  material  that  is  virtually  insulating  at  room  temperature  and 
maintains  a  resistivity  in  excess  of  107  £2*cm  at  temperatures  up  to  as  high  as  450°C.  However,  for 
a  variety  of  reasons  alternatives  to  vanadium  doping  are  desirable.  Due  to  differences  in  the 
segregation  coefficients  of  vanadium  and  residual  impurity  shallow  donors  and  acceptors  such  as 
nitrogen,  and  boron  or  aluminum,  it  is  difficult  to  maintain  a  constant  compensation  ratio 
throughout  a  long  boule.  This  can  lead  to  a  low  yield  of  semi-insulating  material  if  the  starting 
material  is  not  of  the  highest  purity.  Vanadium  also  acts  as  a  trap  and  limits  the  lifetime  and 
mobility  of  the  material.  We  report  here  on  a  study  of  vanadium-free  semi-insulating  bulk  4H-SiC. 

Experimental  Details 

The  samples  were  all  fabricated  from  4H-SiC  crystals  grown  at  Cree  Research  facilities  by  the 
sublimation  vapor  transport  (SVT)  technique[3].  Several  samples  were  grown  using  Cree’s 
standard  semi-insulating  SVT  technique.  The  vanadium-free  sample  was  grown  using  a  new 
technique.  Square  samples  approximately  0.75  cm  on  a  side  were  cut  for  van  der  Pauw  transport 
measurements.  Ohmic  contacts  were  formed  by  annealing  Ta/Au  contacts  at  925 °C  in  forming  gas 
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for  two  minutes.  Hall  effect  and  resistivity  measurements  were  made  at  temperatures  up  to  750°C. 
Schottky  contacts  for  optical  admittance  spectroscopy  (OAS)  experiments  were  unannealed 
aluminum  dots.  Ohmic  contacts  were  made  on  the  back  side  by  annealing  nickel  at  950°C  for  ten 
minutes  in  forming  gas  prior  to  the  deposition  of  the  aluminum  film.  The  OAS  measurements  were 
made  with  an  HP4274A  multifrequency  LCR  meter  at  100  kHz.  Optical  absorption  measurements 
were  made  with  a  Cary  model  5E  spectrophotometer. 

Results 


We  have  examined  several  4H-SiC  samples  to  determine  the  deep  levels  responsible  for  the  semi- 
insulating  properties.  Semi-insulating  SiC  samples  are  virtually  insulating  at  room  temperature  and 

the  resistivities  cannot  be  measured  with  our 
transport  system,  the  maximum  resistivity  that  can 


Fig.  1 :  n  vs  1000/T  for  semi-insulating 
4H-SiC  samples. 

In  addition  to  TDH  measurements  we  have 
made  Optical  Admittance  Spectroscopy 
(OAS)  measurements  of  the  semi-insulating 
samples  in  Fig.  1  and  others.  Typical  results 
are  shown  in  Figs.  2  and  3.  Sample  A 
shows  a  conductance  onset  very  close  to  1.6 
eV  with  several  other  peaks  between  there 
and  the  bandgap  at  3.2  eV,  while  sample  B 
has  a  weak  but  clearly  visible  response  near 
1  eV.  The  OAS  results  of  sample  B  are 
compared  with  those  of  another  sample  in 
Fig.  3.  The  TDH  results  for  sample  C 
were  similar  to  those  of  sample  B  in  that 
the  activation  energy  was  near  1.1  eV.  In 


be  measured  is  around  1012  £2»cm  under  the  best 
of  conditions.  These  samples  do  not  start  to 
conduct  until  temperatures  around  350°C.  Fig.  1 
shows  the  results  of  our  temperature  dependent 
Hall  effect  (TDH)  experiments  on  two  semi- 
insulating  4H-SiC  samples  where  we  have  plotted 
the  carrier  concentration  versus  inverse 
temperature.  The  resistivities  of  these  two 
samples  at  620  K  were  4X108  and  6X106  £2*cm 
respectively.  The  two  samples  have  different 
activation  energies,  Ea  =  Ec- 1.5  eV  for  sample  A 
and  Ea  =  Ec  -  1.1  eV  for  sample  B.  The  activation 
energy  Ec  -  1.5  eV  is  within  experimental  error  of 
the  vanadium  donor  level  in  4H-SiC,  which  we 
find  from  TDH  measurements  to  be  1.6  ±  0.1, 
while  the  1.1  eV  level  of  sample  B  has  not  yet 
been  identified  but  has  been  observed  in  both 
semi-insulating  and  conducting  SiC  samples [4]. 
The  activation  energies  were  determined  by  fitting 

ln(nT'L5)  =  A-B(Ea/kT). 


Fig.  2:  Optical  Admittance  spectroscopy  results 
for  the  two  samples  in  Fig.  1 . 
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sample  C  both  the  OAS  response  due  to  the  1.1  eV  level  and  the  peaks  at  and  above  1.5  eV  due  Vd 
are  clearly  visible,  while  the  Vd  response  is  absent  from  sample  B,  suggesting  the  absence  of 
vanadium. 

To  further  investigate  the  role  of 
vanadium  in  these  samples,  we 
performed  optical  absorption 
experiments.  Neutral  vanadium, 

4+  1 

V  (3d  ),  has  an  intracenter  absorption 
spectra  in  the  1300  to  1400  nm  range  [5]. 

These  spectral  lines  were  observed  in 
both  samples  A  and  C,  as  well  as  all 
other  semi-insulating  samples  we 
investigated  that  contained  vanadium 
were  not  observed  in  sample  B. 

Secondary  Ion  Mass  Spectrometery 
(SIMS)  measurements  were  made  on  the 
samples  as  well.  Vanadium  is  a  common 
impurity  in  bulk  SiC  and  was  detected  in 
both  samples  A  and  C  in  the  mid  1016 
cm"3  range.  However,  it  was  below  the 
detection  limit  (=1015  cm'3)  in  sample  B. 

The  detection  limit  for  vanadium  in  SiC  is  estimated  to  be  approximately  IxO15  cm'3.  We  were  able 
to  detect  trace  amounts  of  Ti  as  well  as  oxygen  in  sample  B.  The  detection  limit  for  Ti  is  lxlO16 
cm'3,  we  do  not  have  standards  for  oxygen  at  this  time  but  we  estimate  the  detection  limit  to  be 
around  mid  1016  cm'3.  No  other  impurities  were  above  the  detection  limits  for  this  sample. 

Discussion 

The  results  presented  above  show  that  the  Fermi  level  in  semi -insulating  4H-SiC  can  be  pinned  at 
one  of  two  levels,  either  the  Vd  level  or  the  1.1  eV  level  and  that  both  levels  can  exist 
simultaneously,  in  sample  C  for  example.  Sample  B  is  the  only  sample  we  have  measured  that  did 
not  have  an  OAS  response  in  the  region  around  1.5  eV  and  is  also  the  only  semi-insulating  SiC 
sample  where  vanadium  was  below  the  SIMS  detection  limit.  These  results  and  the  optical 
absorption  results  discussed  above  demonstrate  that  it  is  highly  unlikely  that  the  defect  responsible 
for  the  1.1  eV  level  involves  vanadium.  It  is  not  likely  that  it  is  the  vanadium  acceptor  level  [6]  or  a 
complex  defect  involving  vanadium,  as  some  of  the  present  authors  previously  suggested[7].  The 
absence  of  impurities  other  than  oxygen  and  titanium  in  sample  B  suggests  that  the  defect  is  either 
related  to  one  of  these  two  impurities  or  is  intrinsic  in  nature.  At  present  we  do  not  have  a  positive 
identification  of  this  defect. 

Conclusions 

We  have  found  two  separate  activation  energies  for  semi-insulating  4H  SiC  from  TDH  and  OAS 
experiments.  The  level  at  Ec  -  1.6  eV  is  the  donor  level  of  substitutional  vanadium.  The  level  at 
Ec- 1-1  eV  has  been  observed  in  vanadium  free  material  and  is  at  present  unidentified.  We  have 
observed  for  the  first  time  vanadium-free  semi -insulating  4H-SiC. 


Fig.  3:  OAS  results  for  two  samples  showing  1.1 
eV  activation  energy  from  TDH  experiments. 
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Abstract :  The  silicon  carbide  SiC  semiconductor  material  is  proving  today,  from  intense  scientific 
and  industrial  development,  its  potential  to  replace  and  outperform  silicon  in  several  or  all 
electronic  devices  for  high  power,  high  frequency  and  high  temperature  applications. 

However,  at  present,  the  material  quality  still  remains  an  obstacle  to  a  commercial  breakthrough  of 
a  SiC  technology  and  the  improvement  of  the  structural  properties  together  with  the  increase  of  the 
available  size  of  SiC  wafers  are  key  areas  of  research  and  development  in  this  field. 

The  continuing  improvement  of  the  quality  of  crystals  obtained  by  the  seeded  sublimation  growth 
technique,  the  so-called  “Modified  Lely  Method”,  observed  so  far  are  mainly  the  results  of 
extensive  experimental  work.  However,  different  computational  tools  have  allowed  to  obtain 
important  additional  information  to  the  wide  experimental  knowledge. 

The  phenomena  involved  in  the  sublimation  growth  process  are  quite  complex,  they  include  heat 
transfer  by  electromagnetic  heating,  radiation,  conduction  and  convection,  multicomponent  gaseous 
species  transport  and  gas  surface  chemistry. 

An  accurate  modeling  of  the  sublimation  growth  process  needs  a  code  taking  into  account  all  these 
phenomena.  Our  modeling  work  is  too  recent  to  propose  such  a  code  as  a  black  box.  However,  some 
parts  of  it  like  magnetic  and  thermal  modeling  coupled  with  simple  chemical  models  have  reached 
maturity. 

In  this  presentation  we  will  mainly  describe  the  kind  of  information  which  may  be  routinely 
obtained  with  this  simulation  tool  with  special  emphasis  on  the  shape  control  of  the  growing  ingot. 


Introduction 

Silicon  carbide  SiC  has  many  remarkable  properties  which  make  it  a  very  promising  semiconductor 
material  for  the  production  of  high  temperature,  high  frequency  and  high  power  electronic  devices. 
However  the  manufacturing  of  such  devices  requires  the  availability  of  good  quality  wafers.  In  the 
case  of  SiC  main  polytypes  4H  and  6H  there  are  still  some  problems  related  to  crystal  size  and 
defects  that  hinder  the  commercial  utilization  of  this  material. 

This  work  deals  with  the  numerical  modeling  of  the  crystal  growth  of  silicon  carbide  ingots  by  high 
temperature  sublimation,  technique  which  is  also  known  as  physical  vapor  transport  and  historically 
referred  to  as  the  "Modified  Lely  Method".  In  this  process  polycrystalline  SiC  at  the  source 
sublimes  at  high  temperature  and  low  pressure  and  the  resulting  gases  travel  through  natural 
transport  mechanisms  to  the  cooler  seed  where  cristallization  takes  place.  The  growth  occurs  in  a 
closed  graphite  crucible  usually  heated  by  electromagnetic  induction. 
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General  trends 

During  the  last  ten  years,  significant  progress  has  been  made  on  the  modeling  of  this  sublimation 
process  [1-10].  Different  computational  tools  have  been  set  up  and  have  helped  in  providing 
additional  information  to  experimental  knowledge.  Since  experiments  have  shown  that  in  this 
method  the  growth  is  mainly  controlled  by  the  temperature  distribution,  it  is  quite  natural  that  the 
calculation  of  the  temperature  field  inside  the  crucible  was  the  first  step  of  this  modeling  approach. 
Global  heat  transfer  generated  by  induction  heating  and  including  conduction,  convection  and 
radiation  as  well  as  the  heat  of  crystallization  and  sublimation  at  the  interface  were  studied.  We 
must  point  out  that  some  high  temperature  thermal  data,  principally  emissivity  and  conductivity  of 
polycrystalline  SiC  source  powder,  are  still  under  study  [11-12]  and  that  their  accurate  knowledge 
still  remains  a  challenge  and  is  essential  for  realistic  simulations.  Moreover,  during  the  sublimation 
growth  of  crystal  of  significant  length,  the  temperature  distribution  inside  the  cavity  changes  owing 
to  an  increase  of  the  crystal  size,  deposition  on  the  crucible  walls  and  modifications  of  the  volume, 
porosity  and  properties  of  the  SiC  powder. 

Once  determined,  the  thermal  field  into  the  cavity  allows  the  calculation  of  the  supersaturation 
which  is  the  driving  force  for  the  growth.  This  driving  force  may  be  estimated  by  equilibrium 
thermodynamics  calculations.  This  approach  is  quite  relevant  in  this  case  since  sublimation  growth 
of  SiC  occurs  close  to  equilibrium  conditions  due  to  the  high  temperature  and  slow  mass  transport 
rates.  These  thermodynamic  calculations  provide  information  on  the  partial  pressures  of  the  gaseous 
species  and  on  the  nature  of  the  solid  phases. 

However,  the  simulation  of  only  the  heat  transfer  and  the  equilibrium  calculations  do  not  directly 
allow  the  determination  of  the  growth  rate  and  shape  of  the  crystal,  both  characteristics  which  may 
be  measured  experimentally  and  compared  with  the  simulation  results  in  order  to  check  the  validity 
of  the  modeling.  In  order  to  target  such  questions,  mass  transport  is  needed.  It  certainly  depends  on 
the  temperature  distribution  but  also  on  the  diffusion  of  gaseous  species,  convection  and  reactivity 
at  the  interfaces. 

Knowing  the  temperature  field,  we  have  used  a  coupled  mass-transport  equilibrium  approach  which 
offers  some  advantages  such  as  the  availability  of  reliable  data  for  a  large  variety  of  chemical 
systems.  Moreover  the  linking  of  thermodynamic  databases,  thermochemical  and  mass  transport 
calculations  offer  a  modeling  route  avoiding  the  need  to  write  out  the  appropriate  chemical 
reactions.  Indeed,  the  lack  of  kinetic  data  at  high  temperature  has  been  up  to  now  the  bottleneck  in 
applying  kinetic  calculations  as  an  alternative  route  for  the  modeling  of  the  sublimation  growth 
process. 

In  fact,  an  accurate  modeling  and  simulation  of  this  growth  process  needs  a  software  taking  into 
account  a  multitude  of  highly  coupled  phenomena:  fluid  mechanics,  convective,  conductive  and 
radiative  heat  transfer,  electromagnetic,  multicomponent  species  transport,  homogeneous  and 
heterogeneous  thermochemical  equilibrium  and  finally  thermal  and  transport  databases. 

So  even  the  most  ambitious  researcher  can  model  the  process  only  partially.  However,  some  parts  of 
this  modeling  work  like  magnetic  and  thermal  modeling  coupled  with  simplified  chemical  models 
have  reached  maturity  and  may  be  already  extremely  useful  for  the  development  of  the  process. 
Firstly,  it  gives  some  insight  on  what  is  happening  in  the  system  for  a  given  set  of  experimental 
conditions  and  secundly  it  may  be  used  for  a  first  evaluation  of  the  effect  of  changes  of  the  system 
design  without  the  need  of  making  them. 

After  a  brief  recall  of  the  main  features  of  our  process  modeling  approach  [13],  we  will  illustrate 
with  some  recent  examples  this  dual  aspect  of  the  modeling  contribution  to  the  sublimation  growth 
process  development. 
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Physical  models 

-  Thermodynamic  modeling:  The  thermodynamic  calculations  were  carried  out  by 
minimization  of  the  total  free  energy  of  the  Si-C-Ar  system  in  the  temperature  range  2300-3000K. 
The  thermodynamic  data  came  from  the  recent  work  of  P.  Rocabois  et  al.  [14].  A  self-consistent  set 
of  data  was  generated  for  the  gaseous  molecules  from  a  literature  review,  measurements  and  heat 
capacity  and  entropy  calculations  using  recent  results  on  molecular  structures,  vibrational 
frequencies  and  electronic  spectra.  Nine  gaseous  species  in  addition  to  argon  (Sii,  Si2,  Si3,  Ci,  C2, 
C3,  SiC,  S^C,  SKy  and  three  condensed  phases  (SiC(3,  Si  and  C  graphite)  were  considered.  The 
parameters  introduced  in  the  calculations  were  the  temperature,  the  crucible  volume  and  the  initial 
quantities  of  argon  and  solid  silicon  carbide  at  the  source. 

-  Induction  heating  and  temperature  distribution:  Electromagnetodynamics  must  be 
coupled  with  heat  transfer,  especially  radiative  heat  transfer  within  the  growth  cavity.  In  our  code, 
the  radiation  model  is  tightly  coupled  to  the  fluid  transport,  conjugate  heat  transfer  and  chemistry 
models  to  ensure  energy  conservation.  These  calculations  make  use  of  the  materials  database  which 
include  the  electrical  and  the  thermal  conductivity  of  crucible  and  insulation  material,  the  source 
and  the  boule  material  properties,  the  gas  species  and  associated  reactivity  data,  the  induction 
frequency  and  the  current  density. 

-  Multicomponent  fluid  transport:  The  fluid  transport  model  is  based  on  the  low  pressure 
kinetic  theory  of  gases.  Transport  coefficients  such  as  viscosity,  conductivity,  specific  heat, 
diffusivity  and  thermodiffusion  coefficients  are  calculated  as  local  functions  of  temperature, 
pressure  and  composition.  The  Stefan-Max  well  formulation  for  diffusive  transport  ensures  complete 
mass  conservation  of  all  species  in  the  system. 

For  the  modified-Lely  method  with  graphite  crucible,  within  the  range  of  investigated  experimental 
parameters,  we  have  verified  that  the  natural  convective  transport  of  heat  and  of  chemical  species 
can  be  neglected  when  compared  to  diffusive  transport  and  conductive  heat  [2]. 

-  Gas  and  surface  chemistry:  A  comprehensive  capability  must  be  available  to  simulate 
multi-step  gas  and  surface  chemistry.  Large  sets  of  multi-step  reactions  or  thermodynamic 
equilibrium  must  be  handled  in  the  code.  The  surface  chemistry  is  treated  by  doing  a  complete 
reaction-diffusion  balance  at  the  surface  to  obtain  the  surface  concentration  of  species.  The  heat 
release  from  the  gas/surface  reactions  are  included  in  the  model. 


Selected  simulation  results 

The  thermal  field  and  concentration  distributions  of  the  main  reactive  species  in  the  cavity  and  on 
the  surface  of  the  growing  crystal  are  the  keys  parameters  determining  the  growth  rate  at  any  point 
of  the  surface  and  therefore  the  shape  of  the  crystallization  front.  In  situ  observations  and 
measurements  of  the  ingots  characteristics  as  the  growth  proceeds  are  extremely  difficult  and  most 
of  the  information  on  the  growth  process  is  obtained  by  ex  situ  examinations,  trying  to  correlate  the 
shape  of  the  crystal  and  its  defects  density  to  the  growth  conditions. 

So,  the  first  question  concerns  the  possibility  to  reproduce  by  simulation  the  crystal  shape  evolution 
experimentally  observed  in  relation  with  variation  of  one  or  more  process  parameter  without 
modification  of  the  crucible  design.  We  will  discuss  only  the  influence  of  the  argon  partial  pressure 
and  of  the  crystal  growth  progress  on  the  thermal  field  and  on  the  resulting  shape  of  the  growing 
crystal.  The  modeling  has  been  undertaken  on  the  basis  of  the  experimental  configuration  of  the 
reactor  and  in  the  range  of  parameters  described  in  the  reference  [13]. 
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-  Influence  of  the  argon  partial  pressure 

For  the  chosen  set  of  experimental  conditions,  the  partial  pressures  of  the  reactive  species  are 
constant  (P(r)=660  Pa,  calculated  at  thermodynamic  equilibrium).  In  the  example  given  in  figure  1, 
the  argon  pressure  was  varied  from  133  to  2660  Pa.  In  the  first  case,  the  contribution  of  argon  can 
be  considered  negligible,  while,  in  the  second  case,  it  represents  the  major  part  of  the  total  pressure. 
This  has  a  strong  effect  on  the  boundary  conditions  for  both  evaporation  and  condensation  on  the 
seed  and  leads  to  a  modification  of  the  crystal  shape. 


Fig.  1 :  Influence  of  the  argon  partial  pressure  at  the  beginning  of  the  growth  process 


Fig.  2  :  Influence  of  the  crystal  thickness  on  the  thermal  field  (a)  and  (b)  and  on  the  axial 
temperature  difference  in  the  cavity. 
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-  Influence  of  the  growing  crystal 

Many  simulations  have  been  made  at  the  beginning  of  the  growth  process.  Nevertheless,  it  is  also 
important  to  simulate  the  evolution  of  the  temperature  field  as  the  growth  proceeds.  In  fact,  during 
the  growth  process,  the  distance  between  the  crystal  and  the  powder  varies.  The  shape  of  the 
reaction  chamber  is  modified  and  we  must  take  into  account  the  variation  of  the  electrical  and 
thermal  conductivities  of  the  SiC  powder  due  to  its  sintering.  An  example  of  the  evolution  of  the 
thermal  field  inside  the  reaction  chamber  as  the  crystal  grows  is  given  in  figure  2. 

-  Influence  of  a  crucible  design  modification 

The  second  question  deals  with  the  ability  of  the  simulation  tools  to  predict  the  influence  of  any 
modification  of  the  crucible  design  on  the  thermal  field  inside  the  reaction  chamber.  We  will  discuss 
one  example,  the  influence  of  the  modification  of  the  size  of  the  hole  on  the  graphite  lid  (figure  3). 
The  simulation  of  the  variation  of  the  axial  temperature  gradients  as  function  of  the  diameter  of  the 
hole  at  the  backside  of  the  seed  crystal  is  shown  in  figure  3.  The  thermal  gradient  can  be  strongly 
increased  by  increasing  the  hole  diameter. 


Fig.  3  :  Influence  of  the  diameter  of  the  hole  used  for  pyrometric  measurements  on  the  temperature 
of  the  different  part  of  the  reactor  along  the  symmetry  axis 


Conclusion 

A  detailed  modelling  of  SiC  crystal  growth  by  the  modified  Lely  method  has  been  set  up  by 
combining  mass  transfer  and  local  thermochemical  equilibrium  calculations.  This  tool  may  be  used 
routinely  to  understand  the  evolution  of  crystal  shape  resulting  from  a  variation  of  the  process 
parameters  and  as  a  useful  guide  in  the  optimization  of  the  reactor  design.  To  illustrate  the  first 
point,  we  have  shown  that  for  a  given  geometry  and  temperature  profile,  the  initial  growth  shape 
curvature  of  the  single  crystal  can  vary  with  argon  pressure.  This  is  mainly  due  to  the  initial 
boundary  conditions  at  the  SiC  powder  sublimation  surface. 
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This  shows  the  importance  of  a  macroscopic  description  of  the  growth  process,  but  a  detailed 
knowledge  of  the  specific  surface  reaction  that  control  the  crystallographic  texture,  the 
microstructure  and  the  defect/impurity  incorporation  is  still  needed.  All  these  issues  are  critical  for 
controlling  crystal  properties  and  processing  leading  to  a  complete  understanding  of  the  basic 
mechanisms  of  SiC  growth. 
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Abstract.  Modeling  results  of  a  global  heat  and  mass  transfer  analysis  of  the  SiC  bulk  growth  process 
in  an  inductively  heated  PVT  reactor  are  presented.  The  modeling  approach  is  summarized  and  its 
reliability  is  shown  by  comparing  experimental  data  to  simulation  results.  The  temporal  evolution  of 
the  temperature  gradients  at  the  crystal  surface  during  the  growth  process  is  analyzed  and  related  to 
the  radial  growth  rate  distribution.  The  species  fluxes  at  the  surface  of  the  source  are  investigated. 


1  Introduction 

The  preparation  of  SiC  bulk  crystals  is  usually  performed  by  the  modified  Lely  method  in  the 
inductively  heated  growth  reactor  [1].  As  monitoring  of  the  growth  process  by  experimental 
means  is  limited  by  the  process  conditions  and  the  reactor  design,  the  mathematical  modeling 
of  the  growth  process  is  considered  to  be  an  important  tool  to  overcome  the  present  difficulties 
in  the  SiC  wafer  production  (high  defect  densities,  small  crystal  size,  small  growth  rates).  The 
simulation  of  the  global  heat  transfer  problem  has  been  studied  in  the  last  years  and  has  proved 
its  importance  in  the  optimization  of  the  reactor  design.  By  comparing  experimental  data  to 
numerical  results,  different  authors  have  shown  the  reliability  of  their  modeling  approach  [2,  3]. 

In  this  paper  we  present  modeling  results  of  a  global  heat  and  mass  transfer  analysis  of  the 
SiC  bulk  growth  process.  The  modeling  route  is  summarized,  and  its  reliability  is  shown.  The 
relation  between  temperature  gradients  at  the  crystal/gas  interface  and  the  radial  growth  rate 
distribution  is  discussed,  and  the  sublimation  process  at  the  porous  SiC  source  is  analyzed. 

2  Experimental  Set-up 

A  schematic  model  of  an  axisymmetric  PVT  growth  reactor  designed  for  the  production  of 
SiC  bulk  crystals  is  shown  in  Fig.  1.  By  inductive  heating  (induction  frequency:  f  =  10  kHz; 
induction  power:  6kW  <  P  <  12  kW)  temperatures  between  2200  K  and  2600  K  are  established 
inside  the  growth  cell.  The  temperature  level  can  be  monitored  experimentally  by  optical  py¬ 
rometers  (temperatures  Tt,  Tb),  the  detailed  temperature  distribution  inside  the  growth  cell 
can  be  determined  numerically.  Chemical  species  which  are  subliming  from  the  hot  porous 
SiC  source  are  transported  to  the  cold  end  of  the  growth  cell  (location  of  seed)  by  diffusion 
and  advection.  The  growth  process  can  be  analyzed  after  growth  by  an  interface  demarcation 
technique  [4]  or  during  growth  by  x-ray  imaging  [5]. 
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3  Modeling  Approach 

The  prerequisite  for  the  simulation  of  heat  and  mass 
transfer  problems  is  the  solution  of  the  inductive  heat¬ 
ing  problem  which  is  described  by  the  Maxwell  Equations 
for  axisymmetric  geometries  and  harmonic  electromagnetic 
fields.  The  Joule  heat  sources  are  calculated  as  function  of 
the  electric  field  and  the  electrical  conductivities  of  the  re¬ 
spective  materials  [2]. 

The  transport  processes  inside  the  growth  reactor  are  de¬ 
scribed  by  the  coupled  set  of  equations  for  mass,  momen¬ 
tum,  energy  and  chemical  species  [6].  Heat  transfer  by  con¬ 
vection,  conduction  and  radiation  is  accounted  for  in  the 
model.  The  radiation  modeling  uses  grey-diffuse,  viewfac- 
tor  based  heat  exchange  between  all  internal  boundaries  of 
the  reactor  [7]. 

The  vapor  phase  is  assumed  to  consist  of  the  three  reactive 
species  Si,  Si2C  and  SiC2  which  are  diluted  in  Ar.  Diffu- 
Fig.  1.  Scheme  of  the  inductively  sion  processes  are  modeled  using  the  Wilke  approximation, 
heated  SiC  growth  reactor.  transport  properties  of  the  gas  phase  are  calculated  as  func¬ 

tions  of  the  gas  phase  composition.  We  assume  that  the  che¬ 
mical  species  do  not  undergo  any  homogeneous  chemical  reactions.  Heterogeneous  chemical 
processes  take  place  at  the  crystal  surface,  source  and  container  side  wall  [8]. 

The  transport  equations  are  solved  by  the  Finite  Volume  code  FASTEST-CVD  which  is  de¬ 
scribed  in  the  references  [2,  6,  7,  8].  The  algorithm  is  based  on  block-structured  non-orthogonal 
grids  and  uses  the  multigrid-technique  to  speed  up  convergence.  The  block  structured  discretiza¬ 
tion  serves  as  basis  for  distinguishing  between  fluid  and  solid  regions. 

4  Modeling  of  the  Growth  process 

We  checked  the  reliability  of  our  modeling  approach  by  comparing  calculated  growth  rates  to 
experimental  data.  For  three  different  coil  positions  the  growth  rate  evolution  in  the  center 


Growth  Time  [h]  Growth  time  [h] 

Fig.  2.  Measured  and  computed  growth  rates  for  Fig.  3.  Temperature  gradients  at  the  crystal/gas 
three  different  coil  positions.  interface. 
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Radial  position  [mm] 

Fig.  4.  Radial  distribution  of  the  calculated 
growth  rate  for  three  different  points  in  time. 


Fig.  5.  Mass  fluxes  of  species  (Si,  SiC2,  S^C) 
leaving  the  SiC-source. 


of  the  crystal  was  monitored  (Fig.  2).  For  each  of  the  three  configurations  the  correspondence 
between  experiment  and  simulation  is  very  good:  The  absolute  value  of  the  growth  rate  as  well 
as  the  growth  rate  dependence  on  growth  time  are  reproduced  correctly.  The  further  simulations 
discussed  in  this  section  correspond  to  the  middle  curve  in  Fig.  2. 

The  calculated  evolution  of  the  axial  and  lateral  temperature  gradient  at  the  crystal/gas 
interface  is  shown  in  Fig.  3.  The  axial  gradient  is  monitored  at  the  symmetry  axis,  the  lateral 
gradient  in  the  middle  between  symmetry  axis  and  side  wall.  The  high  values  of  both  gradients 
at  the  beginning  of  the  growth  run  can  be  considered  as  main  reasons  for  a  variety  of  defects; 
the  lateral  gradient  causes  a  strong  radial  non-uniformity  of  the  growth  rate.  In  particular  the 
lateral  gradient  is  decreasing  during  the  growth  run.  As  a  result  thereof,  the  radial  growth  rate 
distribution  is  smoothed  out  with  increasing  crystal  length  (Fig.  4). 

The  conditions  at  the  source/gas  interface  are  similar  to  the  conditions  at  the  crystal/gas 
interface.  The  radial  temperature  gradient  results  in  non-uniformly  distributed  species  fluxes 
leaving  the  source.  The  distribution  at  the  beginning  of  the  growth  run  is  shown  in  Fig.  5. 
Resulting  from  the  strong  radial  dependence  of  the  species  fluxes  the  source  material  will  be 
consumed  particularly  at  the  side  of  the  porous  source  while  the  powder  in  the  middle  of  the 
growth  cell  will  sublime  only  very  weakly. 


Side  wall 


Fig.  6.  Flow  field  inside  the  growth  cell. 


Fig.  7.  X-ray  images  of  the  SiC  source  material 
before  (upper  image)  and  after  a  growth  run. 
The  powder  orientation  corresponds  to  Fig.  1. 
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The  flow  field  in  the  growth  cell  is  determined  by  the  species  fluxes  at  the  source/gas  and 
crystal/gas  interfaces.  This  is  due  to  the  advective  Stefan  flow  resulting  from  diffusive  fluxes 
at  solid/gas  interfaces  [9]  and  can  be  seen  in  Fig.  6  where  the  flow  field  at  the  beginning  of  the 
growth  run  is  shown.  This  figure  shows  in  another  way  that  significant  species  fluxes  at  the 
source  are  only  present  in  the  corner  between  source  and  side  wall,  the  non-uniformity  of  the 
growth  rate  is  also  obvious. 

The  conclusions  drawn  from  the  calculations  are  confirmed  by  x-ray  imaging  of  the  porous 
source  material  (Fig.  7).  While  at  the  beginning  of  the  growth  run  the  SiC  source  material 
gives  rise  to  a  homogeneous  contrast,  after  the  growth  process  graphitization  of  the  source 
material  is  observed  in  the  vicinity  of  the  graphite  crucible  (bright  regions).  This  is  due  to  the 
Si-rich  fluxes  leaving  the  source  at  the  side  wall  (compare  to  Fig.  5).  The  dark  contrast  of  the 
core  part  indicates  a  compression  of  the  SiC  powder  due  to  sublimation  in  outer  parts  and 
recrystallization  in  the  colder  central  part. 

5  Conclusions 

A  modeling  approach  for  the  simulation  of  global  heat  and  mass  transfer  during  SiC  bulk 
crystal  growth  was  introduced  and  verified  by  comparing  calculated  results  to  experimental 
data.  The  evolution  of  the  radial  growth  rate  distribution  was  determined  and  related  to  the 
temperature  gradients  at  the  crystal/gas  interface.  Similar  considerations  were  performed  for 
the  processes  at  the  source/gas  interface;  calculated  species  fluxes  at  the  source  were  compared 
to  x-ray  images  of  the  porous  source  material. 
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Abstract.  A  kinetic  model  of  bulk  SiC  growth  has  been  developed.  In  order  to  calculate  the 
velocity  of  growth,  Frenkel’s  model  of  vapor  condensation  has  been  used.  It  is  shown  that  the 
dynamics  of  growth  is  very  sensitive  to  instabilities  of  the  processes  in  the  crucible. 

1.  Introduction.  There  are  a  few  analytical  models  for  the  calculation  of  the  dynamics  of 
SiC  single  crystal  growth  [1-4].  For  crystals  growing  from  the  vapor  phase,  models  are  based  on 
the  law  of  mass  conservation.  However,  there  are  severe  difficulties  in  calculating  the  mass 
transport  rate  in  the  growth  cell  and  the  condensation  conditions  on  the  seed  surface,  in  order  to 
estimate  the  velocity  of  growth.  It  is  relatively  easy  to  find  the  molecular  flux  for  growth  in  vacuum 
from  the  Hertz-Knudsen’s  equation  [1,2].  When  the  SiC  crystals  are  grown  in  the  atmosphere  of  an 
inert  gas  (i.e.,  argon),  the  calculation  of  mass  flow  becomes  more  complicated  because  diffusion 
flow  of  the  vapor  must  be  taken  into  account  [3,4].  In  the  above  case,  the  stationary  diffusion 
equation  has  been  used  to  calculate  mass  transport  intensity  between  the  source  material  and  the 
growth  front.  However,  experimental  results  show  that  the  velocity  of  growth  is  not  constant,  but 
rather  varies  during  the  growth  process.  The  variations  in  velocity  may  originate  from  instability  in 
the  growth  cell,  or  from  an  interaction  between  the  vapor  species  and  the  graphite  walls  of  the 
crucible,  which  result  in  a  change  in  the  crystallization  conditions.  All  of  these  factors  can  affect  the 
rate  of  crystal  growth.  Formulating  models  that  enable  one  to  estimate  the  weight  of  each  factor  in 
the  crystallization  process  is  important  for  developing  a  global  model  of  SiC  crystal  growth  [5,6]. 

2.  Vapor  composition  and  transport  phenomena.  A  detailed  thermodynamic  analysis  of 
vapor  composition  in  the  1500  -  3150  K  temperature  range  is  given  in  [7].  It  is  shown  that  within 
the  typical  temperature  range  for  SiC  crystal  growth  (2500-2700  K),  the  total  pressure  of  the  vapor 
is  approximately  1.53-11.83  Torr,  with  a  particle  concentration  of  5.9-1015-  4.3-1016  cm'3  ( Cy  = 
P/k-Ty,  where  7>is  evaporation  temperature).  At  these  temperatures,  carbon  atoms  exist  in  the  gas 
phase  only  as  a  component  of  the  molecules  of  S^C,  SiC2  and  SiC.  As  a  result  of  dissociative 
chemical  reactions,  the  carbon  atoms  remaining  in  the  solid  phase  accumulate  in  the  source  zone 
during  the  entire  growth  run. 

Mass  transport  in  a  closed  system  may  be  stimulated  by  diffusion,  convection,  and  chemical 
reactions  at  the  location  of  phase  transformation  (Stefan  flux).  An  estimation  of  the  gas-dynamics 
parameters  suggests  that  convection  does  not  take  place  in  low  pressure  argon  atmosphere  and  at  a 
temperature  difference  between  source  and  seed  less  than  50K,  and  for  certain  crucible  geometry. 
Heat  and  mass  transport  are  carried  out  only  by  the  diffusion  of  vapor  components  in  argon  [4,5]. 

The  effective  diffusion  coefficient  of  the  vapor  has  been  evaluated  as  D  =  ^Tdia'  7]j  (where 

i 

rjj  =  P} j'YjP  i  is  ^e  partial  fraction  of  the  vapor  constituents).  The  binary  diffusion  coefficient  for 
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vapor  species  in  gas,  DIA  ,  depends  on  the  average  thermal  velocity  and  the  free  path  of  molecules 
and  can  be  determined  from  the  Chapman-Enskoog  formula  [8].  At  an  argon  pressure  of  10  Torr 
and  a  temperature  of  2600  K,  the  effective  diffusion  coefficient  is  90  cm2/s.  For  this  value  of  the 
diffusion  coefficient,  the  velocity  of  a  vapor  front  in  the  gas  phase  Vf  =  D/L,  is  9  cm/s  and  the 
average  time  of  flight  of  the  species  from  the  source  material  to  the  seed,  t  =  L2/D,  is  0.1s  (Z<5  cm 
is  a  typical  source-crystal  distance).  For  a  closed  system  at  the  equilibrium  condition,  the  time  of 
flight  can  be  considered  as  the  lifetime  of  a  vapor  species  in  the  system.  During  this  time,  a 
migrating  particle  might  be  incorporated  into  the  growing  crystal  or  return  to  the  source, 
maintaining  equilibrium  conditions  in  the  growth  cell.  We  disregarded  the  boundary  layer  effect 
because  there  is  no  convection  flow  in  the  gas  [5],  and  the  “non-hydrodynamic”  layer  [9]  near  the 
surface  of  the  phase  transformation  does  not  significantly  influence  the  growth  conditions  due  to  the 
diffusion  mass  transfer. 

At  the  same  time,  if  any  local  fluctuations  in  the  pressure  (density)  or  composition  occur  in 
the  gas  phase,  the  time  taken  for  this  fluctuation  to  be  transmitted  to  any  point  in  the  growth  cell 
(response  time)  is  very  short,  rr  =  77/P.  For  the  dynamic  viscosity  of  argon  at  2.2-1  (T4  poises  (argon 
pressure  of  10  Torr),  the  response  time  is  1.65-1 0'8  s.  This  means  that  the  vapor  pressure  near  the 
growing  surface  almost  instantaneously  responds  to  any  possible  instability  in  the  crucible.  Thus,  in 
order  to  describe  the  vapor  phase  near  the  growing  surface,  the  diffusion  equation  can  be  replaced 
by  the  kinetic  equation.  The  dynamic  of  vapor  phase  formation  above  the  growing  surface  can  be 
determined  by  (the  initial  vapor  concentration  in  the  crucible  C=0  at  t=0): 


C(0  = 


/ 

\Cy(t)  •exp  (t/r)'dt/T 


ex 


p  (-</*)> 


a) 


where  Cy(t)  =  Co  +  C/t)  is  vapor  concentration  in  the  crucible  (Co  is  the  average  concentration, 
C/t)  is  the  fluctuation  of  the  vapor  concentration).  The  effective  flow  of  the  chemical  species  from 
the  vapor  to  the  growing  surface  can  be  estimated  as  F(t)  ~{FV  -  Fs)zU  •  C(t)  •  a(t)j 4  where  Fy(t) 

is  the  vapor  flux  to  the  growing  surface;  F/t)  is  the  re-evaporation  flux;  a(t)=  (1  -  Cs(t)/C(t))  is  the 
supersaturation;  Cs  is  the  concentration  of  the  re-evaporated  vapor  from  the  growing  surface. 
Considering  the  vapor  to  be  an  ideal  gas  and  evaluating  the  vapor  pressure  as  a  function  of  the 
evaporation  energy  P  =  A -exp(-W/R -T)  (for  SiC  W=  135.6  kcal/mol  [4]),  the  supersaturation  may  be 
written  as  a(t)  =  W  •  AT/ R  •  T2  ,where  AT(t)  =  Ty(t)  -  Ts(t)  is  the  difference  of  the  temperatures  in 
the  crucible  (Ts  is  the  temperature  at  the  growing  surface).  An  estimation  made  from  heat  balance 
calculation  at  the  surface  of  crystallization  showed  that  for  a  small  temperature  difference  between 
the  source  and  seed,  the  temperature  of  the  growth  front  could  be  approximated  as  a  linear  function 
of  the  time  of  growth  T$(t)  =  TSo  +  P-t  (where  p=  AT/tc,  to  is  the  time  of  growth  run). 


3.  The  velocity  of  growth.  The  classical  theory  of  condensation  uses  only  macroscopic 
parameters  such  as  surface  energy,  density,  temperature,  and  supersaturation.  In  order  to  estimate 
the  influence  of  surface  processes  on  the  growth  dynamics,  we  will  use  Frenkel’s  model  of 
condensation  [10].  This  theory  takes  into  account  atomic  processes  such  as  the  migration  and 
collisions  of  atoms  on  the  surface,  an  atom’s  lifetime  on  the  surface  in  adsorbed  stage,  interaction 
energy  during  collision,  etc.  According  to  this  model,  as  a  result  of  the  collision  between  two 
individual  atoms,  a  pair  (doublet)  of  atoms  is  formed.  This  doublet  may  accept  additional  atoms 
forming  a  higher-order  complex.  In  the  meantime,  it  has  been  shown  that  the  rate  of  generation  of 
condensation  centers,  dG/dt ,  is  determined  by  the  rate  of  the  formation  of  doublets,  even  if 
dissociation  of  large  complexes  takes  place  [11]: 
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dG 

dt 


(2) 


where  G  =  is  the  surface  density  of  two-dimensional  centers  of  condensation;  co  =  4 Ds  /  4n  is 

i=2 

the  collision  factor  (Ds  =  a  •  v-expf-  Wr/R  -7$)  is  the  surface  diffusion  coefficient,  WD  =  W/4  is  the 
actvation  energy  of  diffusion,  a  =  (Q)1/3, 0  =  M/NA-p  is  the  molecular  volume  (for  SiC:  41,  p  = 

3.2  g/cm3,  Na  is  Avogadro’s  number);  v  is  the  frequency  of  atomic  vibration;  nj=FrA  is  the  surface 
concentration  of  adsorbed  chemical  species;  rA  =  exp(Ws/RT)/v  is  the  lifetime  of  the  particles  at  the 
condensed  stage;  Ws  =  W/2  is  the  desorption  energy. 

The  velocity  of  growth  can  be  found  as  a  function  of  the  generation  rate  of  condensation 
centers  and  the  molecular  volume,  Q : 


V  =  —  n  =  FQs/2  (3) 

dt 

The  parameter  €  =  2  •  X2S  •  nx  -exp^^/i?  •  Ts)/^  is  the  sticking  coefficient,  where 
X2s~Ds-ta  is  the  surface  diffusion  length;  Wc  is  the  activation  energy  of  chemical  reaction 
between  atoms  during  collision  (for  SiC  Wc=  15.6  kcal/mol). 

4.  Calculation  and  analysis.  Experimental  observations  show  that  both  graphitization  and 
re-crystallization  of  the  source  material  take  place  during  SiC  bulk  crystal  growth.  Therefore,  the 
mass,  structure,  a  composition,  thermal  and  diffusion  property  of  the  source  material  changes  during 
the  growth  process.  As  a  result,  the  temperature  and  the  concentration  of  the  chemical  species  in  the 
vapor  will  also  change.  Instability  within  the  growth  cell  will  have  a  strong  influence  on  the 
dynamics  of  the  crystal  growth  process.  We  can  assume  that  the  characteristic  time  of  these 
processes  is  equal  to  the  sublimation  time  of  the  source  material,  Ty.  Considering  that  the  granules 
of  powder  have  an  average  initial  radius,  Ro,  and  evaporate  simultaneously  at  temperature  Ty,  we 
*0 

have  tv  =  \[4n/3  •  Jexp[(jf  ■  £  -  2y  •  Q  •  NA  )jR  •  Tv  •  %\  *  d^j o)s  (where  <ns  =  1 05  cm/s  is  the  velocity 
0 

of  sound  in  solids;  a  =  3000  erg/cm2  is  the  surface  energy.  It  is  important  to  note  that  the 
characteristic  time  is  a  function  of  the  granules’  radius  and  the  evaporation  temperature.  In  a 
temperature  range  2600-3000  K  and  for  R0  -  (10"3— 3- 1 0"1)  cm,  the  characteristic  time  is 
approximately  in  a  range  from  one  to  284  hours. 

According  to  Equation  (3)  for  a  =  0.1  (7>=  2600  K)  and  a  stable  growth  condition  (no 
fluctuation  in  crucible),  the  velocity  of  growth  is  V  =  0.1  cm/h  and  the  sticking  parameter  is  e  = 
0.039.  If  the  temperature  fluctuation  is  approximated  as  a  periodic  function  Ty=Tvo+ATfSm(2n-t/Tj), 
then  it  is  possible  to  estimate  the  sensitivity  of  the  growth  process  to  the  temperature  fluctuation  in 
the  growth  cell.  For  example,  if  the  amplitude  of  temperature  fluctuation  is  AT/  =  2.5K 
(correspondingly,  the  change  in  concentration  of  the  vapor  is  2.5%  (when  AC  =  4-1014)),  we  can  see 
that  at  the  final  stage  of  growth  the  velocity  can  be  negative  (curve  2  Fig.l  (left)).  This  result 
indicates  that  re-evaporation  of  the  crystal  is  possible  at  this  stage  of  growth.  With  the  increase  of 
the  amplitude  of  fluctuation,  the  re-evaporation  process  can  occur  at  earlier  stages  of  growth  (curve 
3,4  Fig.l  (left)  and  curve  3,4  Fig.  1  (right)). 

Approximating  the  source  depletion  as  a  function  of  the  characteristic  time,  tv, 
CKt)=Craexp(-t/TV),  it  is  possible  to  show  that  the  dynamic  of  growth  is  very  sensitive  to  the 
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Fig.  1  Time  dependence  of  velocity  of  growth  (left)  and  crystal  thickness  (right)  at  different  amplitude 
of  temperature  fluctuation,  AT/.  1  -  0;  2  -  2.5;  3  -  5.0;  4  -  10.0 


radius  of  the  source  powder  grains.  Aside  from  other  reasons,  the  graphitization  of  the  growing 
crystal  surface  could  be  one  of  the  additional  reasons  for  defect  generation  in  the  crystal  volume. 
When  the  temperature  of  the  growth  front  approaches  the  evaporation  temperature,  supersaturation 
in  the  vapor  decreases  to  zero  and,  as  a  result,  the  growth  process  terminated. 
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Abstract.  The  growth  velocity  determined  by  an  one  dimensional  diffusion  dominated  transport 
model  turns  out  to  be  proportional  to  the  difference  of  the  partial  pressures  at  source  and  crystal 
surface  (  =  driving  force)  and  reciprocal  proportional  to  a  diffusive  transport  resistance. 

For  verification  we  have  investigated  the  growth  rate  as  a  function  of  growth  temperature,  position 
of  induction  heating  coil  and  carrier  gas  pressure  for  several  growth  runs.  Contrary  to  the 
conventional  procedure  of  performing  single  stationary  experiments  for  each  parameter  set  we  have 
applied  non  stationary  process  conditions  by  varying  one  of  these  parameters  with  time.  This 
allowed  us  to  measure  the  growth  rate  for  different  parameter  sets  out  of  one  crystal. 

The  thermal  data  used  were  determined  from  pyrometrical  measurements  on  the  top  and  bottom  of 
the  crucible  during  the  experiments  and  were  combined  with  simulations  of  the  2-dimensional  heat 
transfer  in  the  assembly.  The  latter  allowed  us  to  obtain  the  temperatures  (source,  crystal)  inside  the 
reaction  chamber  which  were  not  assessable  by  direct  measurements. 

Introduction 

Despite  recent  success  in  the  growth  of  SiC  bulk  crystals  by  the  physical  vapor  transport  (PVT) 
growth  process  [1],  i.e.  considerable  defect  reduction,  a  further  understanding  of  the  underlying 
transport  mechanisms  is  necessary.  Numerical  modeling  of  the  PVT  process  [2,3]  and  it’s 
verification  by  non  stationary  experiments  is  believed  to  play  a  key  role  for  improving  the  SiC 
crystal  growth. 

Theory 

In  order  to  describe  the  mass  transfer  through  the  vapor  phase  we  used  a  1-DIM  theory  [4]  which 
focuses  on  diffusive  transport.  The  mass  flow  is  proportional  to  a  driving  force  Uv  (difference  of 
partial  saturation  pressures  at  source  and  crystal)  and  reciprocal  proportional  to  a  diffusive 
resistance  Rd,v.  [Tab.  1] 

To  evaluate  the  theoretical  growth  rate  the  system  pressure  ptot,  the  distance  between  source  and 
crystal  surface  dcs  (t)  and  the  temperatures  T$  /Tc  (t)  have  to  be  determined. 

According  to  theory  [Tab.l]  the  growth  rate  should  have  the  following  dependence  on  these 
parameters.  The  rate  should  increase  with  rising  global  temperature,  rising  temperature  difference 
between  source  and  crystal,  decreasing  system  pressure  and  decreasing  distance  source-crystal. 
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Formula  for  Theoretical  Growth  Rate:  vr  = 
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Tab.l:  vG  is  the  growth  rate,  v  indicates  the  two  gas  species  Si2C  and  SiC2,  Mv  is  the  molar  mass,  pssc  is  the  density  of 
Silicon  Carbide,  pvI,s  are  the  saturation  pressures  and  Tj  the  temperatures  at  source  (I=S)  and  crystal  (I=C),  RDiV  is  the 
diffusive  resistance,  T  represents  an  average  temperature,  dsc  is  defined  as  distance  crystal-source,  Dv^r  is  the  binary 
diffusion  coefficient  in  Argon,  ptot  is  the  system  pressure  and  sav  is  an  average  cross  section  of  Si2C/SiC2  in  Argon. 

Experiments 

For  verification  of  the  theory  we  performed  experiments  with  non  stationary  process  conditions  in  a 
conventional  PVT  reactor  [4,5].  For  all  runs  we  used  6H  Si/C-face  orientated  seed  wafers  with  a 
MPD  of  about  200cm’"  and  a  diameter  of  30mm.  The  temperature  on  top  of  the  crucible  was  set  to 
2100°C  ...  2300°C  while  the  system  pressure  was  varied  between  10  and  50mbar. 

During  the  experiments  we  measured  the  system  pressure  ptot  and  the  temperature  Tt  on  top  of  the 
crucible  by  an  optical  pyrometer.  The  crystals  were  vertically  cut  in  order  to  obtain  the  experimental 
growth  rate  vq  (t)  and  the  distance  crystal-source  dcs  (t)  through  the  intentionally  introduced  doping 
striations  [6]. 

Since  the  thermal  conditions  inside  the  chamber  were  not  accessible  by  direct  measurement  we  used 
a  2-DIM  heat  transfer  program  [7]  to  determine  the  temperatures  of  the  crystal  and  source  as  a 
function  of  crystal  length  and  temperature  on  top  of  the  crucible  (=top  pyrometer). 

Results  and  Discussion 


Fig.l :  PVT-Experiment  with  rising  temperature. 

a.  Measured  temperature  on  top  of  crucible  versus  time. 

b.  Corresponding  experimental  and  theoretical  growth  rate  versus  time. 

Fig.l  shows  an  experiment  with  linear  rising  top  [Fig. la]  and  bottom  temperature.  The  progression 
of  the  experimental  growth  rate  [Fig.  lb,  dots]  corresponds  very  well  with  theory  [Fig.  lb,  line].  The 
growth  rate  increases  because  of  increasing  driving  forces  Uv  and  corresponding  decreasing 
diffusion  resistances  Rd,v  [Tab.l].  Since  the  growth  rate  does  not  deviate  from  theory  during  the  run 
we  conclude  that  degradation  of  the  powder  or  mass  transfer  limitation  by  heat  transfer  play  a  minor 
role  for  the  vapor  transport  in  our  case. 
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In  a  run  with  an  additional  falling  temperature  sequence  [Fig.2a]  the  growth  rate  is  also  reproduced 
by  theory  [Fig. 2b].  The  difference  between  vg  (t=0)  and  vg  (t=60h)  at  equal  Tt  is  attributed  to  the 
different  values  for  Tc  and  dcs  due  to  crystal  growth. 


Fig.2:  PVT-Experiment  with  rising/falling  temperature. 

a.  Measured  temperature  on  top  of  crucible  versus  time. 

b.  Corresponding  experimental  and  theoretical  growth  rate  versus  time. 

In  the  experiment  described  in  Fig.  3  the  pressure  was  changed  linearly  in  the  range  from  45mbar  to 
15mbar  [Fig.3a].  The  change  in  vG,ex  through  modification  of  Tt/Tc/Ts  (efficiency  of  isolation  is 
depending  on  the  system  pressure),  ptot  and  dcs  (growing  crystal)  is  well  described  by  theory 
[Fig.3b]  and  again  no  deviation  according  to  change  of  the  SiC  powder  and/or  heat  transfer 
limitation  is  observed. 


Fig.3:  PVT-Experiment  with  variable  system  pressure, 
a.  Measured  system  pressure  versus  time. 


Fig.4:  PVT-Experiment  with  varying  coil  positions  (-2cm,  0,  +2cm,  -2cm,  0,  +2cm).  Growth  rates  were  measured  after 
rearrangement  of  the  thermal  equilibrium. 


a.  Measured  temperature  on  top  of  the  crucible  versus  time. 

b.  Corresponding  experimental  and  theoretical  growth  rates  versus  t. 
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During  one  experiment  we  have  changed  the  relative  position  of  the  coil  and  the  crucible  in 
equidistant  steps.  Fig.4  shows  that  the  temperature  (Tt)  depends  linearly  on  the  position  of  the  coil. 
Since  the  growth  rate  also  rises  linearly  [Fig.4b],  only  the  temperatures  between  crystal  and  powder 
surfaces  seem  to  be  crucial  for  the  growth  rate.  If  the  mass  transfer  inside  the  powder  would  be  the 
limiting  factor  the  transport  rate  should  rather  decrease  with  a  higher  coil  position  because  the 
average  powder  temperature  drops  at  a  higher  coil  position. 

For  low  defect  generation  and  homogeneous  doping  incorporation  a  constant  growth  rate  over  the 

entire  PVT  process  time  is  desirable. 
Fig.5  shows  an  experiment  were  vG 
could  be  stabilized  by  the  use  of  a 
suitable  geometry  in  which  increasing 
Tc  and  decreasing  dcs  compensated 
each  other.  The  increase  during  the 
first  5  hours  is  caused  by  the 
stabilization  of  the  powder  and 
crystal  surface  inside  the  thermal 
field. 


Fig.5:  Experimental  growth  rate  of  an  experiment  with  a  new  crucible  geometry,  constant  power,  top  temperature  and 
system  pressure. 

Conclusions/Summary 

We  have  shown  that  the  parameter  field  of  our  PVT  process  is  in  the  diffusive  dominated  transport 
range.  The  1-DIM  theory  can  be  used  to  predict  the  approximate  growth  rate  for  given  process 
conditions  (p,  T,  coil,  geometry).  Temperature  distribution  and  the  variations  inside  the  powder 
during  an  experiment  have  no  significant  influence  on  the  transport  rate. 

The  PVT-process  with  a  specially  designed  crucible  geometry,  fixed  power  and  system  pressure 
results  in  a  growth  rate  which  is  nearly  constant  after  stabilization  during  the  first  5  hours. 
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Abstract:  The  availability  of  accurate  thermal  conductivity  data  for  all  types  of  materials  used 
inside  a  reactor  for  SiC  bulk  growth  is  the  basis  of  a  realistic  numerical  heat  transfer  model  as  a 
tool  for  further  process  optimizations.  Measurements  of  the  thermal  conductivity  of  synthesized 
SiC  powder  as  a  possible  source  material  for  SiC  bulk  growth  are  reported  as  a  function  of 
pressure  and  temperature.  For  the  extrapolation  of  experimental  data  to  high  temperature  regimes 
not  accessible  by  measurements,  a  theoretical  model  was  developed.  Based  on  the  structural 
analysis  of  the  powder  and  without  introducing  fitting  parameters  good  agreement  between 
theory  and  experiment  was  found. 


Introduction 

Within  the  last  several  years  SiC  based  device  technology  involving  electronic  applications  for 
high  power,  high  temperatures,  chemical  harsh  environments  and  intense  radiation  has  made 
tremendous  progress.  The  commercial  availability  of  high  quality  SiC  substrates  is  essential  for 
the  development  of  the  full  potential  of  this  technology.  The  growth  of  SiC  boules  by  the  seeded 
sublimation  method  has  proven  to  be  an  efficient  technique  for  the  industrial  production  of  these 
wafers  [1,2].  With  the  demand  for  even  further  quality  improvements  and  increasing  wafer 
diameters  this  growth  technology  has  to  face  future  challenges.  In  order  to  achieve  this  goal, 
more  and  more  crystal  growth  research  groups  are  beginning  to  utilize  the  possibilities  of 
numerical  simulation  of  heat-  and  mass-transfer  during  growth  for  process  improvements  [2,3,4]. 
A  key  issue  for  the  numerical  calculations  is  the  availability  of  accurate  thermal  conductivity  data 
for  all  types  of  materials  used  in  the  growth  system.  While  experimental  data  of  the  high 
temperature  thermal  conductivity  of  monocrystalline  SiC  was  reported  recently  [5],  to  our 
knowledge  no  equivalent  experimental  study  on  the  SiC-powder  used  as  source  material  for  SiC 
bulk  growth  is  available.  Owing  to  a  lack  of  this  data,  in  early  publications  related  to  the 
simulation  of  SiC  bulk  growth  [6]  the  thermal  conductivity  of  monocrystalline  SiC  was  used  to 
represent  the  thermal  conductivity  of  SiC  powder.  It  has  become  clear  that  this  assumption  leads 
to  completely  different  calculated  temperature  profiles  inside  the  growth  crucible  [7].  This  paper 
is  devoted  to  an  accurate  description  of  the  actual  thermal  conductivity  of  the  SiC  powder. 


Experiment 

The  thermal  conductivity  of  synthesized  SiC-powder  [8]  was  measured  with  the  transient  hot- 
wire-method  [9].  For  this  purpose  a  platinum  wire  was  placed  within  a  SiC  powder  sample, 
serving  simultaneously  as  heating  element  and  as  temperature  sensor.  For  times  t  >  0  a  constant 
electrical  heating  power  was  provided.  The  thermal  conductivity  within  the  temperature  range  of 
300-1462K  under  a  argon  atmosphere  of  10  mbar  and  at  300K  within  a  pressure  range  of  0.0024- 
985  mbar  (air)  was  extracted  from  the  measurement  by  fitting  the  analytical  solution  of  the 
Fourier  equation  to  the  characteristic  time  dependency  of  the  temperature  increase  at  the  wire 

(Fig-1)- 
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air  pressure  [mbar] 


Figure  1:  Thermal  conductivity  K  of  SiC-powder  as  a  function  of  pressure  (air,  T  =  300  K)  and 
temperature  (argon  atmosphere,  10  mbar).  The  pressure  dependence  can  be  attributed  to  the 
Smoluchowski-effect  [13]  and  the  increase  with  temperature  indicates  the  dominance  of  heat 
transfer  by  radiation. 


Theory 

For  the  necessary  extrapolation  of  experimental  data  to  the  high  temperature  regimes  of  SiC  bulk 
growth  (~  2300-2800K  [2])  not  directly  accessible  by  the  measurements,  a  theoretical  model  was 
developed.  The  basis  of  the  calculations  is  the  description  of  the  powder  as  a  network  of  thermal 
resistances  representing  the  different  heat  transfer  mechanisms  inside  the  powder: 

•  Conduction  dominates  within  the  single  grains,  between  the  contact  points  of  adjacent  grains 
and  within  the  gas-phase  of  the  powder  pores 

•  Radiation  dominates  within  the  powder  pores 

With  small  local  temperature  differences  inside  the  powder  it  is  possible  to  account  for  the 
radiation  by  a  proper  definition  of  a  radiative  thermal  conductivity  [10]  inside  the  pores.  This 
allows  the  combined  heat  transfer  mechanisms  to  be  described  by  a  network  of  thermal 
resistances.  While  the  following  description  of  this  model  will  stress  the  relevant  theoretical 
assumptions,  further  details  can  be  found  in  [7,11]. 

Important  input  parameters  for  the  calculations  are  the  powder-porosity  and  the  grain  size  of  the 
particles  as  obtained  from  a  structural  analysis  of  the  powder  (average  grain  diameter:  45  pm). 
The  measured  high  porosity  of  IT  =  Vgas/Vp0Wder  =  65-70%  is  connected  to  a  very  inhomogeneous 
pore  structure.  For  a  more  realistic  description  of  this  structure  we  define  subsets  of  smaller  pores 
of  1st  order  (total  volume  Vi)  as  they  are  present  in  a  relatively  close  packed  configuration 
(fl  <  40%)  and  larger  pores  of  2nd  order  (V2)  for  II  >  40%  with  Vgas  =  Vi  +  V2  (Fig.  2).  For  the 
description  of  the  heat  transfer  between  adjacent  powder  grains  the  actual  contact  points  are 
replaced,  by  a  simplified  model  geometry.  Hereby,  the  effective  contact  area  is  a  function  of 
porosity  and  surface  roughness.  For  n  >  40%  the  powder  is  simulated  as  a  regular,  periodic  grid 
with  branches  made  out  of  close  packed  areas  with  pores  of  1st  order  (riist=  Vi/(Vpowder  -  V2)  = 
40%),  while  the  porosity  of  the  grid  itself  due  to  the  larger  2nd  order  pores  in  between  is  given  by 
n2nd  =  V2/Vpowder  =  (n-nist)/(l  ~riist).  The  final  calculation  of  the  thermal  conductivity  is 
done  in  two  steps: 

1.  For  the  description  of  the  thermal  conductivity  Kist  within  the  close  packed  areas,  the  heat 
transfer  flow  is  considered  as  ID  process  along  parallel  lines  between  adjacent  grains.  For 
this  purpose  the  inside  of  a  powder  grain,  the  contact  area  and  the  1st  order  pore  between  two 
grains  is  divided  into  geometrical  segments  with  characteristic  thermal  resistances.  The 
resistances  are  combined  by  analogy  to  resistances  in  an  electrical  circuit,  while  additionally 
a  numerical  factor  is  introduced  to  account  for  the  spreading  of  the  heat  from  the  contact  area 
within  the  grains  [12]. 
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Figure  2:  Schematic  cross-section  of  the  powder  structure  with  smaller  1st  order  and  larger  2nd 
order  pores  and  the  simplified  model  geometry  for  the  contact  points  between  adjacent  grains. 


2.  The  total  thermal  conductivity  is  now  calculated  from  the  thermal  resistances  of  the  regular, 
periodic  grid  with  “solid”  parts  with  the  thermal  conductivity  Kist  and  the  gaseous  parts 
representing  the  pores  of  2nd  order. 


Comparison  between  theory  and  experiment 

Contrary  to  the  case  of  monocrystalline  SiC  [5],  the  effective  thermal  conductivity  of  SiC  powder 
significantly  increases  with  temperature.  This  behavior,  as  well  as  the  strong  dependency  of 
theoretical  results  on  the  porosity  and  the  emissivity  of  the  powder,  is  related  to  the  dominant 
heat  transfer  mechanism  of  radiation  towards  higher  temperatures.  This  is  most  significant  in  a 
direct  comparison  of  theoretical  results  with  and  without  considering  radiation  (Fig.3).  Keeping 
all  theoretical  approximations  in  mind  and  without  introducing  any  fitting  parameters,  good 
agreement  was  found  between  theory  and  experiment  (Fig.  1).  The  pressure  dependence  of  the 
thermal  conductivity  can  be  attributed  to  the  Smoluchow ski-effect  [13].  The  limiting  values  at 
low  and  high  pressures  are  determined  by  the  thermal  conductivity  of  the  solid  and  the  gas  phase. 


Conclusion 

Experimental  data  of  the  thermal  conductivity  of  synthesized  SiC  powder  as  a  possible  source 
material  for  SiC  bulk  growth  was  reported  as  a  function  of  pressure  and  temperature.  A 
theoretical  model  was  developed  for  the  extrapolation  to  high  temperature  regimes  with  the 
flexibility  to  consider  different  growth  pressures.  Good  agreement  was  found  between  theory  and 
experiment,  stressing  the  relevance  of  heat  transfer  by  radiation  inside  the  powder  pores.  It  is 
important  to  notice,  that  the  effective  thermal  conductivity  of  SiC  powder  is  up  to  two  orders  of 
magnitude  lower  than  of  monocrystalline  SiC  in  typical  SiC  growth  regimes,  leading  to 
completely  different  calculated  temperature  profiles  inside  the  growth  crucible,  if  these  values 
are  used  for  the  description  of  the  SiC  source  material  in  the  numerical  heat  transfer  simulations 
of  SiC  bulk  growth  [7].  By  applying  the  presented  concepts  to  the  description  of  the  SiC  source 
material  during  different  growth  times,  one  has  to  keep  in  mind,  that  sintering 
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Figure  3:  Comparison  of  theoretical 
results  of  the  effective  thermal 
conductivity  of  SiC  powder  with  and 
without  considering  radiation  and  the 
effect  of  the  emissivity  ep  of  the  grains. 
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processes  can  lead  to  structural  changes.  A  possible  powder  graphitization  can  be  taken  into 
account  within  the  presented  theoretical  network  model  by  adding  specified  graphite  layers  to 
the  powder  particles. 
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Abstract  :  The  seed  surface  preparation  for  SiC  sublimation  growth  has  been  investigated.  Two  methods 
have  been  developed  to  prepare  and  improve  the  seed  surface  contribution  during  the  growth  initiation: 

-  An  in-situ  sublimation  etching  of  the  seed  is  performed. 

-  The  seed  surface  is  prepared  by  ex-situ  polishing  and  chemical  and  ozone  cleaning. 

Both  methods  promote  a  better  lateral  growth  mechanism,  and  then  promote  the  prefered  step  flow 
growth  mechanism.  This  results  in  a  better  crystalline  quality  of  the  crystals  in  terms  of  mosaicity,  polytype 
stability  and  micropipe  density. 

I)  Introduction 

In  1978  the  invention  of  the  seeded  sublimation  growth  technique,  the  so-called  “Modified  Lely  Method”, 
opened  the  path  to  the  production  of  large  area  SiC  wafers.  However,  at  present,  the  material  quality  still 
remains  an  obstacle  to  a  commercial  breakthrough  of  SiC  technology.  The  improvement  of  the  structural 
properties  and  an  increase  of  the  available  size  of  SiC  wafers  are  key  areas  of  research  and  development  in 
this  field.  The  seed  surface  quality  has  a  major  influence  on  the  initiation  of  SiC  sublimation  growth.  A 
contaminated  or  damaged  surface  will  lead  to  defects  which  propagate  into  the  growing  ingot.  This  results  in 
a  high  pinhole  density  and  the  formation  of  inclusions.  In  order  to  optimize  the  seed/ingot  interface,  a 
number  of  treatment  methods  for  seed  surface  preparation  have  been  investigated. 

The  experimental  setup  used  for  the  whole  study  has  been  previously  described  [1]. 

II)  The  in  situ  sublimation  etching 

To  remove  the  damaged  and  contaminated  surface  layer,  and  to  initiate  lateral  growth  ,  Anikin  proposed  in 
situ  sublimation  etching  [2].  This  technique  has  been  optimised  to  obtain  a  calibrated  sequence  of 
temperature  and  pressure  as  a  fonction  of  time  which  improves  the  reproducibility  of  the  early  stages  of  SiC 
growth.  The  etching  sequence  is  as  following  : 

-At  the  beginning  of  the  growth  process,  under  atmospheric  pressure  of  argon,  the  temperature  is 
raised  to  Tise  (temperature  of  in-situ  etching)  while  the  temperature  gradient  is  inverted  (seed 
temperature>source  temperature). 

-Then  the  pressure  is  decreased  down  to  Pise  (pressure  of  in-situ  etching),  while  temperature  is 
maintained  to  Tise.  The  pressure  remains  at  Pise  during  Dise  (duration  time  of  in-situ  etching). 

-Finally,  the  argon  pressure  is  increased  to  atmospheric  level  and  the  temperature  gradient  is  slowly 
established  in  accordance  to  the  growth  conditions. 

According  to  the  model  Matsunami  et  al  proposed  for  CVD  growth  [3],  the  average  step  size  on  the  surface 
must  remain  close  to  the  lattice  parameter  to  allow  for  the  step  flow  growth  mechanism.  If  the  steps  are  too 
high,  the  step  flow  is  not  homogeneous  and  structural  defects  such  as  inclusions  of  other  polytypes  are  more 
likely  to  be  formed.  The  influence  of  the  parameters  Tise,  Pise  and  Dise  on  the  step  height  have  been 
investigated,  on  the  C-face  and  Si-face  on  both  4H  and  6H  seeds. The  experimental  samples  were  pieces  of 
off-axis  seeds.  On-axis  seeds  like  Lely  crystals  don't  allow  to  obtain  a  continuous  step  structure.  The  step 
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structure  has  been  observed  by  Scanning  Electron  Microscopy  (SEM)  and  the  step  height  has  been  measured 
by  Atomic  Force  Microscopy  (AFM). 

The  steps  height  on  the  surface  depends  exponentially  on  temperature  but  also  on  pressure  and 
etching  duration  time.  In  addition,  if  the  Si  pressure  over  the  seed  is  too  low,  carbonisation  of  the  SiC  surface 
is  observed  for  elevated  temperature  (Tise  =  2000°C)  and  low  pressure  (Pise  <  50Torr). 

At  high  temperature  (Tise  =  2000°C)  and  for  a  short  duration  Dise  =  3min,  the  etching  is  very 
efficient  and  all  the  surface  defects  have  been  removed.  The  surface  is  very  regular  but  the  steps  height  RMS 
value  measured  by  AFM  is  757  A  for  Pise  =  SOTorr  and  306  A  for  Pise  =  150  Torr  (Fig.  1).  The  etching  is 
too  strong  to  initiate  a  good  step  flow  mechanism. 

As  etching  efficiency  strongly  depends  on  temperature,  a  lower  temperature  allows  to  obtain  smaller 
steps.  A  compromise  between  etching  depth  and  step  height  has  been  found  in  a  parametric  study:  At  Tise  = 
1800°C  /  Pise  =  50  Torr  /  Dise  =  lOmin.,  the  step  height  value  is  52  A  (Fig.  2). 


Fig.  1  :  AFM  image  (5pm  x  5pm)  of  a  heavily  etched  Fig.  2  :  AFM  image  (0.5pm  x  0.5pm)  of  a  smooth 
6H  Si-face.  etched  6H  Si-face 


The  influence  of  the  duration  Dise  has  been  studied.  An  Increase  of  the  etching  duration  Tise  results 
in  an  increase  in  step  size.  At  Tise  =  1800°C  /  Pise  =  50  Torr  /  Dise  =  lmin,  we  observed  no  significant  step 
structure  on  the  surface.  The  etching  duration  is  too  short  to  achieve  the  required  removal  of  material.  In 
opposite,  for  Dise  =  20min,  the  step  height  is  almost  twice  as  large  as  for  lOmin  duration. 

In  all  cases  we  found  that  the  steps  are  higher  on  the  Si-face  than  on  the  C-face.For  example,  at  Tise 
=  1850°C  /  Pise  =150  Torr  and  Dise  =  lOmin  the  step  height  is  350  A  on  the  Si-face  (Fig.  3)  and  120  A  on 
the  C-face  (Fig.  4),  respectively,  for  a  6H  seed. 


Fig.  3  :  SEM  image  of  a  6H  Si-face 
after  thermal  in-situ  etching 


Fig.  4  :  SEM  image  of  a  6H  C-face 
after  thermal  in-situ  etching 


For  4H  substrates,  we  observed  that  the  minimum  temperature  necessary  to  reveal  any  observable 
step  structure  is  higher  than  for  6H.  A  working  point  has  been  found  for  4H  at  1825°C  /  150  Torr  /  lOmin 
with  similar  consideration  like  in  the  6H  study. 
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III)  Ex  situ  surface  preparation  process 

To  prepare  and  improve  the  start  of  growth,  two  points  have  been  developed.  Both  of  them  intend  to  promote 
a  better  lateral  growth  mechanism.The  4H-SiC  seeds  under  study  are  8°  off  axis.  Optical  microscopy  and 
micromap  (Michelson  interference  microscope)  were  used  to  observe  the  seed  surface. 

The  seed  preparation  includes  a  first  step  of  polishing.  The  roughness  measured  by  micromap  on  a 
4H-SiC  C-face  reaches  a  value  of  1  to  2  A  RMS.  Possible  preferential  nucleation  due  to  irregular  surface 
features  can  be  avoided. 

A  chemical  treatment  is  then  performed  in  order  to  remove  contamination  from  the  seed  surface.  The 
first  chemical  treatment  (H2O2+H2SO4)  forms  a  thin  oxide  layer  which  is  subsequently  removed  after  an  acid 
etch  (HF+HNO3).  This  is  followed  by  an  UV  ozone  cleaning  (Jelight  model  42-220).  The  analysis  of  the 
seed  surface  by  AES  indicate  solely  silicon,  oxygen  and  carbon.  Figures  5a  and  5b  show  the  distribution  of 
these  elements  versus  sputter  time  (directly  proportional  to  depth)  after  chemical  treatment,  respectively 
before  and  after  the  ozone  cleaning;  the  characteristic  lines  of  Si-O,  Si-C  and  C-(0,H)  bondings  have  been 
separated.  AES  indicates,  The  contaminated  carbon  layer  is  significantly  reduced  by  the  ozone  cleaning: 
40%  of  C-graphite  bonding  instead  of  60%  without  ozone  cleaning.  All  the  samples  contain  a  silicon  oxide 
layer.  Under  this  layer,  a  stoichiometric  Si/C  ratio  of  1  is  observed.  This  silicon  oxide  layer  is  supposed  to 
act  as  a  protective  layer  during  the  initial  heat-up  and  then  to  desorbe  from  the  seed  surface  at  elevated 
temperature. 


0  0.5  1  1.5  2 

Sputter  Time  (min) 


0  0.5  1  1.5  2 

Sputter  Time  (min) 


Fig.  5  :  Analysis  of  the  seed  surface  by  Auger  Electron  Spectroscopy  after  chemical 
treatment, before  ozone  cleaning  (Fig5a)  and  after  ozone  cleaning  (Fig5b) 


After  this  ex-situ  preparation,  great  care  must  be  taken  during  the  initial  steps  of  the  growth  process 
in  terms  of  the  optimization  of  the  pressure  and  temperature  history  to  avoid  the  deterioration  of  the  ex-situ 
prepared  surface.  Figure  6  shows  the  seed  surface  observed  by  optical  microscopy  after  process  interruption 
during  the  heat-up.  The  best  surface  morphology  was  achieved  at  lower  temperature  value  for  the  increase  of 
the  argon  pressure,  and  a  higher  pressure  during  the  heat-  up.  If  the  temperature  corresponding  to  the 
outgasing  is  too  high,  silicon  rich  species  in  the  vapor  can  condense  on  the  seed  surface.  This  leads  to 
silicon-like  droplets  that  probably  correspond  to  the  dark  circle  visible  in  figure  6a.  If  the  pressure  is  too  low 
during  the  heat-up,  nucleation  of  undesired  polytypes  such  as  3C  inclusions  can  occur  [4].  This  can  also  lead 
to  the  premature  graphitization  of  the  source  powder  :  the  Si/C  ratio  of  the  gaseous  species  is  larger  than  1 
for  low  temperature  [5].  To  avoid  the  sublimation  of  the  source  powder  at  these  temperatures,  argon  is 
introduced  in  the  growth  chamber  at  a  pressure  of  600  Torr. 

The  roughness  of  the  seed  surface  corresponding  to  Fig  6b  has  been  determined  by  micromap 
measurements  after  process  interruption  at  1200°C,  300Torr  (during  the  heat-up).  It  agreed  exactly  with  the 
roughness  value  after  polishing  (RMS=2  A,  P-V=50  Aj  showing  no  deterioration  of  the  seed  surface. 
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Fig.  6:  Optical  microscopy  observation  of  the  seed  surface  after  heat-up  interruption. 
Fig  6a:  1450°C,  50  or  300  Torr  and  Fig  6b:  1200°C,  300  Toit. 


Before  the  growth  process,  the  SiC  powder  is  heated  under  vacuum  and  then  sintered  inside  the  PVT 
reactor  at  high  temperature  value  and  atmospheric  argon  pressure.  This  preparation  step  leads  to  the 
formation  of  more  homogeneous  steps  on  the  seed  surface  compared  to  the  results  obtained  with  non- 
sintered  powder  (see  Figs  7).The  process  has  been  interrupted  once  the  growth  temperature  was  achieved  and 
just  before  decreasing  the  pressure  for  crystal  growth  (interruption  at  2050°C,  300Torr).  Most  likely  the 
source  exhibits  a  more  homogeneous  sublimation  behaviour  when  it  is  sintered:  sintering  leads  to  more 
homogeneous  grain  size  and  hence,  reduces  significantly  the  influence  of  grain  size  on  evaporation  rate. 


Fig.  7:  Optical  microscopy  observation  of  the  seed  surface  after  process  interruption. 

Fig7a:  non  sintered  source  powder  Fig.  7b:  sintered  source  powder 

This  seed  surface  preparation  has  significantly  improved  the  quality  of  the  boules,  especially  in  terms  of 
a  reduction  of  mosalcity:  double  crystal  X-ray  diffraction  mapping  shows  misoriented  domains  with  60  arcsec 
misorientation.  Misorientation  was  typically  300  arcsec  before  introducing  this  method. 
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Abstract  There  are  various  defects  such  as  micropipes  and  polycrystals  in  SiC  bulk  crystals 
grown  by  the  sublimation  method.  It  is  important  to  confirm  the  mechanism  of  defect  formation.  So 
sublimation  growth  of  6H-SiC  crystal  was  carried  out  on  the  SiC  substrate  which  was  intentionally 
damaged  by  a  diamond  embedded  blade.  The  surface  of  the  growth  layer  and  the  interface  of  the 
damaged  region  was  observed  and  characterized. 

Introduction 

The  bulk  growth  of  SiC  advances  remarkably  in  recent  years.  However,  to  apply  SiC  wafer 
to  the  device,  the  problem  of  defects  such  as  micropipes  is  still  remained.  It  is  reported  that  the 
micropipe  defect  is  formed  when  inhomogenious  stress  is  applied  to  the  seed  crystal  [1-4]. 
However,  there  are  many  origins  for  micropipe  formation  [5-8].  So  it  is  important  to  investigate  the 
origin  of  defects. 

In  order  to  make  a  long  boule  of  bulk  SiC,  source  material  has  to  be  charged  many  times 
during  sublimation  growth.  At  the  beginning  of  each  growth  run,  polycrystals  often  grow,  partly  on 
the  previously  grown  surface  of  the  bulk  SiC.  When  the  polycrystalline  region  was  removed  by  a 
grinding  tool  made  of  a  diamond-embedded  disk  and  growth  re-commenced,  damage-free  SiC  grew 
on  the  saw-damaged  surface.  This  technique  is  important  to  obtain  a  long  boule  of  bulk  SiC  without 
any  intermingling  polycrystalline  material.  It  is  interesting  to  investigate  how  single  crystal  SiC 
grows  on  the  saw-damaged  surface.  To  study  this  new  mechanism,  we  intentionally  induced 
mechanical  damage  on  the  substrate  by  a  diamond-blade,  and  characterized  the  cross  section  of  the 
bulk  SiC.  In  this  paper,  we  will  report  the  results  observed  at  the  interface  of  the  damaged  region 
and  discuss  this  new  mechanism. 

Experiments 

Sublimation  growth  of  SiC  crystal  was  carried  out  in  a  quartz  tube  with  a  water-cooled 
jacket.  The  crucible  was  heated  by  a  r.f.  generator  at  a  frequency  of  300  kHz  in  Ar  atmosphere. 
Temperature  of  the  bottom  and  the  cap  of  the  crucible  (Tb,  Ts)  were  measured  by  optical 
pyrometers.  Growth  conditions  for  conventional  sublimation  growth  were  given  below.  The  source 
material  was  abrasive  SiC  powder  with  an  average  particle  size  of  1  mm.  The  substrates  were 
Acheson  crystals  or  6H-SiC  wafers  which  were  cut  from  bulk  crystals  made  by  the  sublimation 
method.  Distance  between  the  top  of  the  source  SiC  and  the  substrate  was  10-20  mm.  Inner  and 
outer  diameter  of  the  crucible  were  24  mm  and  32  mm,  respectively.  The  length  of  the  crucible  was 
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75  mm.  The  growth  pressure  was  50-100  Torr.  Tb  and  Ts  were  2300-2400  °C  and  2200-2300  °C, 
respectively. 

To  observe  the  defect  formation  from  the  damaged  region,  a  6H-SiC  substrate  was 
intentionally  damaged  by  a  diamond  embedded  blade  which  rotated  at  3000  rpm.  In  this  manner, 
the  width  and  the  depth  of  the  groove  created  on  the  substrate  were  0.6  mm  and  0.8  mm, 
respectively,  as  shown  in  Fig.l.  Bulk  SiC  of  about  10  mm  long  with  24  mm  in  diameter  was  grown 
and  sliced  vertically  along  the  growth  direction.  The  surface  morphology  of  the  substrate  and  the 
grown  layer  was  carefully  characterized  by  optical  microscopy  (OM)  in  the  Nomarski  mode  and 
transmission  mode  as  well  as  by  fluorescence  optical  microscopy  (FOM),  Raman  spectroscopy  and 
PL  measurement. 


Fig.l  Illustration  of  the  saw-damaged  substrate  (a),  and  the  substrate  and  the  grown  layer  (b). 

Results  and  discussion 

The  saw-damage  created  on  the  substrate  was  observed  by  OM  in  the  Nomarski  mode  as 
shown  in  Fig.2.  The  damaged  region  has  an  irregularity  of  a  few  pirn,  and  was  very  rough.  The 
blade  rotated  at  high  speed,  so  the  temperature  of  the  contact  region  with  the  substrate  became  high. 
Therefore,  great  stresses  seemed  to  exist.  However,  when  the  crystal  growth  of  SiC  was  carried  out 
for  6  hours,  SiC  crystal  of  6  mm  length  was  grown.  The  surface  of  the  grown  layer  was  smooth  as 
shown  in  Fig. 3.  It  is  supposed  that  large  defects  such  as  polishing  scratches  on  the  substrate  differ 


Fig.2  The  saw-damage  created  on  Fig.3  The  surface  of  grown  layer  on 

the  substrate.  the  saw-damaged  substrate. 
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from  the  micropipe  and  heal  up  gradually  as  the  sublimation  growth  is  carried  out. 

But,  it  is  supposed  that  new  defects  may  be  created  from  saw-damage,  therefore,  bulk  SiC 
was  sliced  vertically  along  the  growth  direction  and  polished.  The  interface  between  the  grown 
layer  and  the  blade-damaged  substrate  was  clearly  observed  by  OM  in  the  transmission  mode  as 
shown  in  Fig.4.  Micropipes  penetrated  from  the  damaged  substrate  to  the  grown  layer.  However, 
new  defects  were  not  created  in  the 
grown  layer.  The  reason  why  the 
different  color  is  seen  at  the  interface 
indicates  that  the  impurity  density  by 
the  filling  of  the  source  material  is 
high  and  it  is  irrelevant  to  the  stress. 

The  growth  rate  in  the  groove  was  1.5 
times  higher  than  in  the  flat  area 
(undamaged  area)  until  the  groove  was 
filled.  The  grown  layer  was  single 
crystalline  as  determined  by  X-ray 
diffraction.  PL  image  of  the  whole 
cross  section  at  liquid  nitrogen 
temperature  (77  K)  was  homogeneous, 
which  indicated  no  polytype  inclusion  in  the  grown  layer.  When  the  polytype  of  this  area  was 
characterized  by  Raman  spectroscopy,  the  peaks  of  TO  phonon  of  6H-SiC  (768  cm1,  789  cm 1  and 
798  cm1)  were  observed  in  the  damaged  area  or  above  it  as  shown  in  Fig.5.  When  the 
photoluminescence  spectra  was  measured  at  liquid  nitrogen  temperature,  the  peak  as  shown  in  Fig.6 
was  observed,  no  change  of  polytype  was  detected  in  this  area.  It  is  supposed  that  a  shift  of  the 
grown  layer  depends  on  the  impurity  density.  Normally,  the  substrate  surface  should  be  clean  and 
smooth  enough  to  prevent  unwanted  defect  formation  and  origin  of  other  polytypes.  Our  result 
seems  to  contradict  this  statement.  We  suppose  that  the  mechanically  damaged  layer  was  quickly 
healed  at  higher  temperature  before  the  growth  commenced. 


h 


grown  layer 

interface 

substrate 

-I 


100  pa n 

Fig.4  The  interface  between  the  grown  layer 
and  the  substrate. 


Fig.5  A  comparison  between  the  substrate  Fig.6  Photoluminescence  spectra  at  liquid 

and  the  grown  layer  measured  by  nitrogen  temperature. 

Raman  scattering. 
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Conclusions 

Sublimation  growth  of  6H-SiC  crystals  was  carried  out  on  a  SiC  substrate  which  was 
intentionally  damaged  by  a  diamond  embedded  blade.  The  surface  of  the  grown  layer  was  smooth. 
Micropipes  penetrated  from  the  damaged  substrate  to  the  grown  layer.  However,  new  defects  were 
not  created  in  the  grown  layer.  The  grown  layer  was  single  crystalline.  No  change  of  polytype  was 
detected  in  the  damaged  area.  Therefore,  it  is  beneficial  that  the  polycrystalline  region  on  the 
previously  grown  surface  of  the  bulk  SiC  is  removed  by  a  grinding  tool  made  of  diamond 
embedded  disk  and  growth  is  re-commenced. 
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Abstract:  The  relationship  between  the  formation  of  thermal  decomposition  cavities  and  seed 
mounting  in  physical  vapor  transport  grown  silicon  carbide  was  investigated.  Experimental  results 
indicate  that  voids  exist  in  the  attachment  layer  between  the  single  crystal  seed  and  graphite  crucible 
lid.  These  voids  lead  to  the  formation  of  cavities  in  the  seed  and  grown  boule  by  local 
decomposition  of  the  seed,  transport  of  silicon  bearing  species  across  the  void  and  the  deposition  of 
silicon  on,  and  diffusion  into,  the  porous  graphite  lid.  The  application  of  a  diffusion  barrier  on  the 
seed  crystal  backside  is  shown  to  suppress  the  formation  of  thermal  decomposition  cavities. 

Introduction 

It  is  well  known  that  hollow  tubes  form  along  the  c-axis  of  SiC  crystals  during  physical  vapor 
transport  (PVT)  growth  [1,2].  These  defects  intersect  the  surface  of  (0001)  oriented  wafers  sliced 
from  such  boules  and  limit  the  usable  area  of  the  substrate.  It  has  been  argued  by  the  authors  that 
these  defects  can  be  divided  in  two  separate  classes,  micropipes  and  thermal  decomposition  cavities 
(TDC)  [3].  The  TDCs,  also  called  macrodefects,  have  been  observed  by  several  authors  [4-6]. 
They  have  noted  that  thermal  decomposition  cavities  originate  at  the  interface  between  the  SiC  seed 
and  the  graphite  seed  holder.  Vodakov  et  al.  [5]  proposed  that  thermal  decomposition  cavities  form 
through  a  reciystallization  process,  in  which  SiC  is  transported  across  small  gaps  or  liquid  droplets 
at  the  holder/SiC  interface.  Similarly,  Anikin  et  al.  [6]  suggested  that  they  form  by  localized 
sublimation  from  the  back  of  the  relatively  hot  seed  to  a  relatively  cool  graphite  seed  holder.  More 
recently  several  authors  have  stated  that  voids  in  the  carbonized  sucrose  attachment  layer  at  the  seed 
crystal/crucible  lid  interface  are  responsible  for  thermal  decomposition  cavities  [7,8].  Tuominen  et 
al.  [7]  have  suggested  that  backside  evaporation  can  be  diminished  by  maintaining  the  system  near 
the  equilibrium  silicon  vapor  pressure.  Chourou  et.  al.  [8]  have  stated  that  TDCs  can  be  removed  by 
using  a  mechanical  mount  instead  of  carbonized  sucrose.  They  have  also  observed  that  the  depth  of 
TDCs  can  be  decreased  by  reducing  the  growth  temperature.  This  paper  has  two  goals.  First  it 
provides  evidence  for  the  mechanism  by  which  voids  in  the  attachment  layer  create  cavities. 
Second,  it  demonstrates  that  cavity  formation  can  be  suppressed  by  controlling  the  homogeneity  of 
the  attachment  layer. 

Experimental 

On-axis  (0001)  6H-SiC  plates,  produced  by  the  Lely  method  [9],  were  used  as  seeds  for  all  of  the 
growth  experiments.  The  experiments  were  carried  out  in  a  PVT  growth  apparatus  similar  to  those 
described  in  the  literature  [2].  The  source  powder,  1-2  mm  grain  size  high  purity  Acheson  powder, 
was  produced  by  Elektroschmelzwerk  Delfzijl,  Netherlands.  Two  different  techniques  were  used 
for  seed  mounting;  attachment  with  carbonized  sucrose  and  a  mechanical  mount.  For  the  first 
method  sucrose  is  placed  on  a  graphite  crucible  lid  and  melted  at  a  temperature  of  200°C  .  The  Lely 
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seed  is  then  placed  on  top  of  the  melted  sucrose,  and  a  small  force  is  applied  to  it.  The  attachment 
layer  is  baked  to  400  °C  while  the  seed  is  still  under  load.  This  results  in  a  carbonized  attachment 
layer.  The  second  method  is  accomplished  by  pressing  the  seed  crystal  against  the  lid  with  a 
graphite  disk  and  support  sleeve. 

During  each  growth  run  the  system  is  heated  in  stages  to  about  1200  °C  at  a  pressure  below  3x1 0"4 
torr.  The  system  is  then  backfilled  with  ultra  high  purity  argon  to  a  pressure  of  650  torr.  The 
temperature  is  gradually  increased  to  the  growth  temperature  of  2300  °C,  at  a  rate  of  24°C/min.  The 
duration  of  individual  growth  experiments  ranged  from  15  minutes  to  14  hours.  The  pressure  in  the 
growth  chamber  was  maintained  at  650  torr  during  short  growth  runs  to  minimize  transport  of  the 
vapor  species.  This  resulted  in  slow  growth  rates  of  approximately  0.05  mm/hr.  For  longer  growth 
runs,  the  pressure  is  lowered  to  between  10  to  20  torr.  Here,  the  growth  rates  were  between  0.2 
mm/hr  and  6mm/hr. 


Fig.  1  Cross-sectional  image  of  a  thermal  decomposition  cavity  in  a  6H  SiC  crystal  grown  by  physical 
vapor  transport. 

Samples  for  energy  dispersive  x-ray  (EDX)  and  Auger  electron  spectroscopy  (AES)  were  cleaved 
open  in  order  to  avoid  chemical  contamination  due  to  cutting  and  polishing.  Scanning  electron 
microscopy  (SEM)  and  EDX  images  were  obtained  at  an  accelerating  voltage  of  25  kV  on  a  Philips 
XL-30  microscope.  AES  was  performed  on  a  scanning  Auger  spectrometer  at  an  accelerating 
voltage  of  3  kV.  Optical  transmission  images  of  axial  slices  from  PVT  grown  SiC  were  obtained 
by  cutting  boules  along  the  c-axis  and  polishing  with  diamond  paste. 

Results  and  Discussion 

Fig.  1  shows  a  SEM  and  EDX  image  of  a  cleaved  surface  of  a  PVT  boule  grown  at  2300  °C  and  a 
pressure  of  10  torr.  The  section  of  the  seed  was  located  approximately  4  mm  from  the 
seed/crucible  lid  interface.  A  tubular  void  running  almost  vertically  is  apparent  in  both  images. 
The  bright  areas  in  the  carbon  EDX  image  indicate  that  the  cavity  walls  have  a  higher  carbon 
concentration  than  the  SiC  matrix.  The  silicon  EDX  image  (not  shown)  was  in  agreement.  This 
result  was  additionally  supported  by  Auger  spectroscopy  on  the  same  cleaved  sample.  The  Auger 
spectrum  inside  the  cavity  revealed  only  carbon  while  the  spectrum  taken  outside  the  cavity 
indicated  the  presence  of  silicon,  carbon  and  oxygen.  One  possible  explanation  for  the  observed 
concentration  of  carbon  in  the  cavities  is  local  sublimation  of  the  SiC  matrix.  During  PVT  growth, 
SiC  sublimes  and  releases  mainly  Si,  Si2C  and  SiC2  as  vapor.  Since  the  vapor  is  silicon  rich, 
carbon  is  left  behind  [10]: 

SiC(s)  ->Si  (g)  +Si2C(g)+  SiC2  (g)+C(s)  (1) 

Due  to  the  axial  temperature  gradient  in  PVT  growth,  it  is  expected  that  material  from  the  hot  seed 
will  transport  across  voids  in  the  carbonized  attachment  layer  to  the  cooler  lid.  An  estimate  of  this 
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transport  rate  was  obtained  by  growing  on  a  seed  with  an  intentional  gap  between  the  seed  ciystal 
and  the  graphite  lid.  The  lower  limit  for  the  transport  rate  across  the  intentional  gap  was  0.5 
mm/hour  [3].  This  is  on  the  same  order  of  magnitude  as  the  typical  crystal  growth  rates  in  PVT. 

In  the  fashion  described  above,  a  Lely  seed  was  mounted  on  the  lid  with  sucrose.  It  was  then 
annealed  at  2300  °C,  1  OK/cm,  10  torr,  for  15  minutes.  Following  growth,  the  seed  was  removed 
from  the  crucible  lid,  and  the  backside  inspected.  Fig.  2(a),  an  optical  image  taken  in  reflection, 
shows  a  section  of  the  backside  of  the  seed,  and  Fig.  2(b),  the  corresponding  area  on  the  graphite 
crucible  (mirrored).  There  is  a  one  to  one  relationship  between  the  dark,  topographically  lower 
areas  on  the  seed,  and  the  bright,  topographically  higher  areas  on  the  cap.  The  crucible  lid  was 
analyzed  with  powder  x-ray  diffraction.  Indexing  the  resulting  peaks  indicated  the  presence  of 
graphite  and  SiC.  Based  on  these  observations,  it  can  be  concluded  that  the  bright  portions  on  the 
seed  backside  are  areas  where  the  attachment  layer  created  a  bond  between  the  lid  and  seed.  The 
dark  areas  on  the  seed  backside  show  signs  of  sublimation  and  correspond  to  the  voids  which 
existed  in  the  attachment  layer.  Here  the  seed  has  locally  sublimed,  vapor  has  been  transported 


Fig.  2  Optical  images  of  (a)  the  backside  of  the  seed  crystal  and  (b)  the  corresponding  area  of  the 
graphite  lid.  Dark  regions  in  both  images  are  topographically  lower  then  light  regions.  The  arrow  shows 
where  SiC  has  been  deposited  on  the  lid  directly  under  the  evaporated  region  of  the  seed,  EV. 

across  the  void  and  deposited  on  the  lid  as  polycrystalline  SiC. 

The  lid  shown  in  Fig.  2  was  fractured  along  the  growth  direction  and  analyzed  with  EDX.  The 
EDX  results  indicate  the  presence  of  silicon  in  the  graphite  lid,  up  to  200  pm  from  the  mounting 
surface.  The  intensity  of  this  silicon  signal  is  comparable  to  that  of  SiC.  If  cavities  are  to  form  at 
voids  in  the  attachment  layer  then  the  silicon  rich  vapor  has  to  be  dissipated  into  the  growth 
system.  It  is  possible  that  the  silicon  species  diffuses  through  the  porous  graphite  lid. 

The  above  observations  provide  an  insight  to  how  the  formation  of  TDCs  can  be  suppressed.  It 
suggests  that  the  key  to  the  prevention  of  TDCs  is  the  existence  of  a  continuous  diffusion  barrier  on 
the  seed  backside.  To  test  this,  a  Lely  platelet  was  cut  in  half.  One  half  had  the  backside  painted 
with  photoresist  of  approximately  15  pm  thickness  and  cured  at  120°C  for  5  min.  It  was  then 
heated  in  vacuum  (<3xl0~4  torr)  to  a  temperature  of  1200°C,  utilizing  a  temperature  ramp  rate  of 
400°C/h  [11].  The  resulting  carbon  layer  was  smooth  and  contained  no  visible  cracks  or  voids. 
Using  the  carbonized  sucrose  method,  this  seed  and  an  unprotected  seed  crystal  were  mounted  side 
by  side  on  the  same  crucible  lid.  Both  crystals  were  overgrown  simultaneously  in  the  same  PVT 
growth  experiment  (2300°C,  10  K/cm,  20  torr)  for  14  hours.  An  axial  slice  parallel  to  the  growth 
direction  was  cut  from  the  boule  revealing  both  seed  crystals. 
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An  optical  image  of  the  slice  in 
transmitted  light  is  shown  in  Fig.  3. 
The  protected  seed  is  transparent 
with  no  signs  of  backside 
decomposition.  The  seed  crystal 
that  was  not  protected  contains 
thermal  decomposition  cavities 
propagating  though  it.  It  is 
apparent  that  the  continuous 
graphite  film  on  the  backside  of  the 
protected  seed  has  suppressed  the 
local  evaporation,  while  the  TDCs 
in  the  unprotected  seed  are  seen  to 
originate  at  the  seed/lid  boundary. 
Further  work  on  optimization  of 
this  method  is  in  progress. 

Conclusions 

Experimental  observations  support 
the  proposed  mechanism  for  the 
formation  of  thermal  decomposition 
cavities  during  the  PVT  growth  of 
SiC.  Voids  in  the  sucrose 
attachment  layer  have  been  shown 
to  cause  local  evaporation  of  the  seed  crystal  backside.  Energy  dispersive  x-ray  analysis  and  Auger 
electron  spectroscopy  support  this  by  indicating  that  the  walls  of  these  cavities  are  decorated  with 
carbon.  The  vapor  released  during  sublimation  was  transported  across  the  cavities  and  along  the 
axial  temperature  gradient.  The  vapor  either  recrystallized  on  the  exposed  graphite  surface  of  the 
lid,  or  partially  diffused  into  it.  A  continuous,  void-free  carbon  protection  layer  applied  to  the 
backside  of  the  seed  crystal  helped  to  suppress  the  formation  of  thermal  decomposition  cavities  at 
the  interface  between  the  seed  crystal  and  the  graphite  lid. 
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Fig.  3  Transmission  optical  microscopy  image  of  a  cross  sectional 
slice  along  the  c-axis  of  a  dual  seed  growth.  The  seed  crystal  on 
the  left  has  been  protected  by  the  application  of  a  thin  continuous 
film  of  graphite  on  the  seed  backside. 
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Abstract.  Defect  generation  and  the  kinetics  of  the  initial  stage  of  crystallization  have  been 
studied.  The  influence  of  silicon  liquid  phase  on  the  transition  layer  structure  has  been  investigated. 
The  micropipe  stability  during  the  process  of  growth  has  been  examined.  The  conditions  of  defect 
reproduction  form  the  seed  into  the  bulk  have  been  determined. 

1.  Introduction.  The  initial  stage  of  crystallization  on  the  seed  during  PVT  bulk  SiC  growth 
occurs  during  non-equilibrium  conditions,  when  all  the  process  parameters  are  changing.  The 
transition  process  of  establishing  stationary  conditions  initiates  such  negative  processes  as  the 
replication  of  seed  micropipes,  polytype  inheritance,  polytype  transformation,  and  the  generation  of 
dislocations.  Investigation  of  defect  formation  in  the  transition  layer  between  the  seed  and  the 
growing  crystal  is  the  focus  of  this  paper. 

2.  Experiment.  Using  the  modified  Lely  technique,  bulk  crystals  were  grown  in  a  reactor 
with  flexible  temperature  control  in  the  crystallization  zone  during  the  growth  process.  Temperature 
control  was  facilitated  by  two  pyrometers  simultaneously  measuring  crucible  surface  temperature  at 
different  locations.  Temperature,  crucible  position,  gas  pressure,  flow  rate  and  gas  composition  in 
the  growth  zone  are  fully  computer  controlled.  The  growth  process  was  investigated  under  the 
following  conditions:  growth  temperature  of  2270-2770  K,  argon  pressure  of  1-760  Torr, 
temperature  difference  between  source  and  seed  from  1-100  K,  source  to  seed  distance  of  1-5  cm, 
and  boule  diameter  of  1-2  inches.  Specially  synthesized  polycrystalline  SiC  was  used  as  source 
material.  The  presence  of  silicon  droplets  within  planar  defects  have  been  studied  by  EDAX 
microprobe  and  micro-Raman  spectroscopy. 

3.  Results  and  Discussion.  The  transition  layer  thickness  and  the  density  of  defects 
primarily  depends  upon  the  kinetics  of  crystal  growth  during  the  transition  stage,  and  to  a  lesser 
extent,  the  seed  quality.  Within  the  transition  layer,  all  types  of  defects  are  inherited  from  the  seed 
and  may  transform  through  annihilation,  multiplication,  or  new  defect  generation.  The  majority  of 
defects  generated  within  the  transition  layer  (see  Fig.l  optical  micrograph  of  a  boule  slice  along  c- 
axis  taken  in  the  transmission  mode)  can  be  enumerated  as  follows:  C  and  Si  inclusions ,  carbon 
dendrites,  planar  defects ,  and  micropipes. 

The  micropipe  density  at  the  origin  of  the  transition  layer  depends  on  the  kinetic  process 
parameters  (temperature,  pressure,  etc.)  during  initial  layer  growth,  the  original  seed  micropipe 
density,  and  the  quality  of  the  seed’s  surface  preparation.  Variation  of  the  Vc/VA  ratio  (Vc  is  the 
normal  growth  velosity  component  and  VA  is  the  tangential  component)  has  the  most  significant 
effect  on  the  number  of  micropipes  propagating  from  the  seed  to  the  transition  layer.  We 
determined  that  with  Vc/Va  =  1/6,  the  quantity  of  micropipes  propagating  from  the  seed  into  the  bulk 
crystal  abruptly  decreased.  Micropipe  density  at  the  end  of  the  transition  layer  is  determined  by  the 
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Figure  1 .  Defect  generation  within  the  transition  layer. 


quantity  of  the  inclusions,  dendrites,  planar  defects,  and  may  greatly  exceed  the  micropipe  density 
in  the  seed.  We  observed  the  generation  of  a  large  number  of  micropipes  on  dendrites,  as 
micropipes  developed  from  practically  all  dendrite  branches.  It  was  noted  that  increasing  the 
concentration  of  excess  silicon  in  the  source  material  increased  the  defect  density  and  thickness  of 
the  transition  layer.  However,  decreasing  the  duration  of  the  transition  process,  the  thickness  of  the 
transition  layer  is  reduced  and  the  defect  density  within  it  increased. 

Because  the  seed  already  contains  a  certain  number  of  micropipes  and  screw  dislocations,  at 
high  temperatures  a  hollow  core  may  spontaneously  be  generated  in  the  center  of  dislocations  as 
soon  as  the  dislocations  free  enthalpy,  G,  becomes  less  than  or  equal  to  zero  [1].  Taking  into 
account  that  in  the  center  of  a  dislocation  the  material  deviates  from  Hook’s  law,  the  general 
thermodynamic  condition  under  which  the  hollow  cores  are  stable  has  been  formulated  in  Ref.  [2]. 
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where  rc  =  Oy/Aju,  Ajj  is  the  difference  in  thermodynamic  potential,  characterizing  supersaturation; 
42  is  the  volume  of  the  molecule  (C2  =  M/N a  p,  M  =  41,  p=  3.2  g/cm  for  SiC  and  Na  is  Avogadro’s 
number);  y=  10"16-G/4-ao  [3]  is  the  surface  energy  (3.929-103  erg/cm2),  (G  =  4.4-1012  dyn/cm2  is  the 
Young  modulus,  and  a$  =  (*G)1/3  =  2.8-10'8  cm)  is  the  lattice  constant  (in  the  equilibrium  position). 

To  estimate  the  bulk  strain  energy  of  the  dislocation  core  U(r)  =  dE(r)/dr/2n -r ,  the  linear 


energy  density  in  the  dislocation  core  was  approximated  by  the  function 
E{r)  -  fi‘b2  -ln(l  +  (r2/rA2))/8^[4].  Here  ju  is  the  shear  modulus,  b  is  the  Burgers  vector  (for  6H 
SiC:  fi-  1.9-1012  dyn/cm2,  bo  ~  15.2-10'8  cm,  and  b  =  n-bo  for  super-dislocation,  where  n  >  4  [5]). 
The  function  E(r),  containing  the  Hooke’s  radius  r/,=  (/u-b2/87? -Uo),  takes  into  account  the  deviation 
from  Hooke’s  law,  and  also  excludes  the  singularity  at  the  center  of  dislocation  (r  ~  0).  Here,  Uo  is 
the  specific  strain  energy  in  the  center  of  the  dislocation.  The  specific  strain  energy  cannot  be 
greater  than  the  specific  latent  heat  of  melting  Uo  ^AHm  [2]. 

Since  SiC  does  not  have  a  molten  phase,  we  suggest  that  the  core  energy  density  can  be 
estimated  based  on  the  maximum  crystal  strength,  cta/i 
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U0=crM  'A/n  (2) 

where  ov  =  G/6-rj  is  the  pressure  of  atomic  interaction  in  a  solid  lattice  (molecular  pressure)  [6], 
r]-2  is  the  Gruneisen’s  parameter,  and  A  is  the  activated  volume  of  lattice  distortion. 

The  value  of  A  can  be  estimated  by  the  maximum  atom  displacement  from  the  equilibrium 
position,  Aa,  that  the  lattice  is  able  to  withstand  without  plastic  deformation:  A  a  -  fi/lg  ~  a^/Hrj 

=  1.3 59 -10'9  cm.  Here,  the  parameters  p  and  g  are  the  elastic  force  constant  and  the  inharmonic 
constant  of  atom  oscillation.  Both  of  these  constants  are  in  the  expansion  of  the  quasi-elastic  force 
of  the  atom  interaction  in  a  solid,  A F  =  -p  •  £  +  g  •  % 2 ,  where  £  =  (a  -  aj  is  the  amplitude  of  the 
atom  displacement.  The  approximate  value  of  the  ratio  AlQ\s  1.2.  For  this  value,  the  strain  energy 
density  for  the  single  dislocation  is  Uo  =  1.9-1011  erg/cm3.  If  the  vapor  saturation  ratio  is  cco  =  1.1, 
our  estimations  show  that  as  in  Ref.  [5]  the  screw  dislocations  with  Burgers  vector  of  bo  =  15.2  A 
are  stable  and  do  not  have  visible  open  cores.  Hence  the  dislocations  with  bo=15.2  A,  initially 
present  in  the  seed,  would  propagate  into  the  bulk  crystal  as  a  dislocation  without  open  core.  On  the 
other  hand,  all  microcopies  are  found  to  lie  along  the  lines  of  super-dislocation  with  Burgers  vector 
of  n- bo,  where  n  is  greater  than  or  equal  to  4  [5].  For  b  =  9-bo  the  equilibrium  radius  of  the  hollow 
core  of  dislocation  (pipe)  is  4.5-1  O'6  cm  ( rP  =  30-bo). 

Experimental  observations  indicate  that  the  radius  of  some  pipes  could  be  larger  than  4.5-1  O'6 
cm  indicating  that  there  are  additional  factors  that  will  instigate  the  development  of  a  hollow  core 
with  a  larger  radius.  These  factors  include  the  capillary  effect  in  a  pipe,  the  temperature 
distribution,  and  the  thermal  tension  in  the  vicinity  of  the  pipe.  Estimations  show  that  at  SiC  growth 
conditions,  the  value  of  thermal  tension  is  comparatively  small  (a  <  107  dyn/cm2)  to  have  such  a 
remarkable  influence  on  the  specific  energy  in  the  area  of  dislocation.  It  is  possible  to  show  that 
with  increasing  temperature,  the  supersaturation  decreases  very  quickly  around  a  pipe.  When  the 
supersaturation  is  reduced  to  zero,  the  pipe  radius  asymptotically  approaches  the  maximum  value 
rM  =  2  •  y  -  Q  •  N A  •  Tv /W(TV  -  F5) ,  where  W  is  the  activation  energy  of  the  sublimation  process  (for 
SiC,  W  ~  135.6  kcal/mol  [7]),  Ty  is  the  temperature  of  the  source  material,  and  Ts  is  the  temperature 
of  the  pipe  surface.  For  example,  if  Tv  =  2600K  and  the  temperature  of  the  pipe  surface  is  in  the 
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range  (2590  -  2598  K),  the  radius  of  the  pipe  changes  from  0.024  to  0.12  pm. 

Using  the  distance  measured  between  steps  on  the  spirals  of  growth  (magnified  image  of  spirals 
in  vicinity  of  micropipe  is  shown  in  lower  right  comer  of  Fig.2),  the  supersaturation  in  the  vicinity 
of  the  pipe  is  three  times  smaller  than  the  supersaturation  above  the  defect-free  surface. 
Consequently,  the  temperature  in  the  pipe  must  be  several  degrees  higher  than  on  the  defect-free 
surface.  This  condition  is  especially 
possible  during  the  initial  stage  of 
crystallization  when  the  temperature 
difference  is  AT  >  100.  In  this  case  the 
total  supersaturation  is  increased  and  the 
partial  pressure  of  silicon  can  significantly 
exceed  its  saturated  pressure  in  vapor  [7]. 

As  a  result  the  liquid  phase  of  silicon  will 
condense  on  the  growth  front  affecting  the 
process  of  defect  formation.  An  analysis  of 
our  experimental  results  shows  that  under 
the  above  experimental  conditions,  there  is 
a  tendency  for  micropipe  stability  and 
micropipe  penetration  from  the  seed  to  the 
bulk.  On  the  other  hand,  when  the 
tangential  component  of  growth  is  much 


Figure  2.  Micropipes  are  the  open  core  of  screw 
dislocations. 
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higher  than  the  normal  component,  the  micropipes  lose  stability  and  are  terminated.  Also,  we  found 
that  the  micropipes  tended  to  follow  the  direction  of  growth. 

The  appearance  of  secondary  phase  inclusions  (mainly  carbon,  since  convection  may  take  place) 
occurs  when  the  Si/C  ratio  is  shifted  to  the  Si  side  at  the  initial  stage  of  transition  layer 
crystallization  (high  temperature  gradient,  etc.).  As  a  result,  liquid  phase  Si  is  condensed  on  the 
growing  surface  and  on  the  graphite  parts  of  the  crucible.  The  interaction  of  liquid  silicon  with  the 
graphite  crucible  results  in  the  erosion  of  graphite  and  the  saturation  of  liquid  phase  silicon  by  non¬ 
soluble  carbon  particles  (the  solubility  of  carbon  in  silicon  is  very  low  even  at  these  temperatures). 
Increasing  the  percentage  of  silicon  in  the  source  material  enhances  erosion  and  increases  the 
number  of  inclusions.  These  observations  suggest  that  the  transport  of  non-soluble  carbon  particles 
by  silicon  liquid  phase  to  the  growing  surface  is  probable. 

It  is  known  that  dendrites  grow  from  the  liquid  phase  due  to  the  accumulation  of  non-soluble 
impurities  on  the  growing  surface.  Formation  of  large  quantities  of  dendrites  at  this  stage  of  growth 
again  indicates  the  existence  of  a  condensed  liquid  phase. 

Formation  of  planar  defects  is  usually  observed  at  the  end  of  the  transition  layer,  when 
stationary  conditions  of  crystal  growth  are  established.  At  this  time,  the  temperature  of  growth 
reaches  the  maximum  value,  and  temperature  gradients  are  reduced.  The  rate  of  liquid  phase 
condensation  is  reduced  because  the  Si/C  ratio  decreases.  The  liquid  film  on  the  growing  surface 
becomes  depleted,  and  at  some  point,  splits  into  separate  droplets.  Anisotropy  of  the  surface  tension 
deforms  the  liquid  phase  islands  in  accordance  with  crystallographic  orientation.  Constitutional 
supercooling  disturbs  the  uniformity  of  the  growth  front  with  the  formation  of  shaped  voids  or 
encapsulated  solution  which,  during  crystal  growth,  is  dispersed  by  the  diffusion  process  [9]. 

4.  Conclusion.  Large  temperature  difference  (ATM  00  °C)  at  the  initial  stage  of 
crystallization  creates  a  high  supersaturation  in  the  vapor  phase  and  as  a  result  a  liquid  phase  forms 
at  the  growth  front.  ED  AX  and  micro-Raman  analyses  confirm  presence  of  Si  within  planar  defects 
and  in  the  bulk  crystal  close  to  the  seed  region.  Thermodynamic  analysis  shows  that  dislocations 
with  Burgers  vector  bo=15.2  A  will  propagate  into  the  bulk  crystal  without  open  core  formation. 
Open  cores  will  be  generated  from  dislocations  with  Burgers  vector  b>4  bo. 

References 

[1]  D.  Kuhlmann-Wilsdorf,  “Theory  of  melting.”  Phys.  Rev.,  V.140,  N5A,  (1965),  p.  1599-  1610 

[2]  B.Van  Der  Hoek,  J.P.  Van  Der  Eerden  and  P.Bennema,  “Thermodynamical  stability  condition  for  the 
occurrence  of  hollow  cores  caused  by  stress  of  line  and  planar  defects.”  Journal  of  Crystal  Growth,  56 
(1982),  p.  621-632. 

[3]  W.W.  Mullins  “Metal  Surface:  Structure,  Energetics  and  Kinetics”  Metals  Park,  Ohio,  (1962),  p.  17-66 

[4]  J.  Heindle,  W.Dorsch,  H.P.Strunk,  St.G.Muller,  R.  Eckshtein,  D.  Hofman,  and  A.Winnacker, 
“Dislocation  Content  of  Micropipes  in  SiC”,  Phys.  Rev.  Letters,  V.80,  N4,  (1998),  p.  740-741. 

[5]  J.  Giocondi,  G.S.  Rohrer,  M.  Skowronski,  V.  Balakrishna,  G.  Augustine,  H.M.  Hobgood,  and  R.H. 
Hopkins.  “The  Relationship  between  Micropipes  and  Screw  Dislocation  in  PVT  Growth  6H-SiC”,  MRS 
Symposium  Proceedings  V.423.  San  Francisco,  CA,  USA,  (1996),  p.539-544. 

[6]  A.I.  Burshtain,  “Molekylamaya  Fizika”  Part  2.  Novosibirsk,  (1975). 

[7f  S.K.Lilov  and  I.Y.Yanchev.  “Peculiarities  of  Silicon  Carbide  Crystal  Growth  under  the  Diffusion 
Mechanism  of  Vapor  Transfer.  Advanced  Materials  for  Optics  and  Electronics.”  V.l,  (1992),  p.  203- 
207. 

[8]  S.  K.  Lilov,  “Study  of  the  equilibrium  processes  in  the  gas  phase  during  silicon  carbide  sublimation. 
Materials  Science  and  Engineering.”,  B21  (1993),  p.  65-69. 

[9]  E.K.  Sanchez,  V.D.  Heydemann,  G.S.  Rohrer,  et.  al.  “Structural  Characterization  of  SiC  Crystals 
Grown  by  Physical  Vapor  Transport.”  Silicon  Carbide,  Ill-Nitrides  and  Related  Materials,  Sweden, 
(1997),  p.  433. 


Materials  Science  Forum  Vols.  338-342  (2000)  pp.  63-66 
©  2000  Trans  Tech  Publications,  Switzerland 


Nucleation  of  Dislocations  during  Physical  Vapor  Transport  Growth 

of  Silicon  Carbide 

E.K.  Sanchez1,  V.D.  Heydemann2,  D.W.  Snyder2,  G.S.  Rohrer1  and 

M.  Skowronski1 

1  Department  of  Materials  Science  and  Engineering,  Carnegie  Mellon  University,  5000  Forbes  Ave, 

Pittsburgh,  PA  15213,  USA 

2  ll-VI  Incorporated,  375  Saxonburg  Blvd,  Saxonburg,  PA  16056,  USA 


Keywords:  Nucleation,  Physical  Vapor  Transport,  Screw  Dislocation,  Sublimation  Growth, 
Threading  Dislocations 


Abstract:  Two  possible  nucleation  mechanisms  for  threading  edge  and  screw  dislocations  during 
the  physical  vapor  transport  growth  of  SiC  have  been  investigated.  First,  growth  over  intentionally 
deposited  carbon  inclusions  led  to  an  edge  and  screw  dislocation  density  orders  of  magnitude  higher 
than  the  surrounding  crystal.  Second,  seeds  with  mechanical  polishing  damage  have  been  shown  to 
lead  to  a  dislocation  density  nearly  three  orders  of  magnitude  higher  than  seeds  that  were  hydrogen 
etched.  A  new  linear  step  source  has  been  observed  and  correlated  with  an  increase  in  the 
dislocation  density. 

Introduction 

It  has  recently  been  shown  that  single  Burgers  vector  screw  dislocations  aligned  along  the  [0001] 
direction  limit  silicon  carbide  (SiC)  device  performance  [1].  Even  though  they  may  not  be  as 
detrimental  to  a  device  as  super  screw  dislocations  (micropipes)  [2],  their  densities  are  much  higher, 
on  the  order  of  104/cm2  [3,4].  Their  formation  mechanism  is  still  not  fully  understood.  Considering 
the  magnitude  of  the  Burgers  vector  (1.5  nm  in  6H-SiC),  it  is  unlikely  that  they  form  by  plastic 
deformation  [5].  It  is  more  probable  that  screw  dislocations  are  a  grown- in  defect.  Several  authors 
have  suggested  that  the  seed  surface  quality  can  be  a  factor  in  the  generation  of  defects  [6,7].  Super 
screw  dislocations  have  been  observed  to  start  at  second  phase  inclusions  (carbon  or  silicon)  [3,8]. 
Dudley  et  al.  [6]  have  taken  this  observation  further  and  proposed  a  mechanism  in  which  second 
phase  inclusions  act  as  the  nucleation  sites  for  screw  dislocations.  A  second  factor  is  surface 
polishing;  Powell  et  al.  [7]  have  shown  that  surface  polishing  in  chemical  vapor  deposition  of  SiC 
can  lead  to  growth  pits.  This  paper  will  focus  on  the  nucleation  of  screw  dislocations  on  second 
phase  inclusions  and  mechanically  polished  surfaces  during  physical  vapor  transport  (PVT)  growth 
of  SiC. 

Experimental 

All  experiments  used  basal  plane  (0001)  6H  SiC  Lely  platelets  as  seeds.  A  wet  oxidation  treatment 
(1 100  ±  50°  C,  for  a  half  hour  in  H20  saturated  02)  was  used  to  determine  the  surface  polarity.  Two 
sets  of  experiments  were  carried  out.  In  the  first  set,  only  seeds  with  virgin  surfaces  were  used. 
However,  the  virgin  surfaces  contained  carbon  deposits  ranging  from  10  to  500  pm  in  size.  In 
addition,  carbon  deposits  were  intentionally  produced  by  placing  small  spots  of  melted  sucrose  on 
the  seed  surface  and  annealing  at  high  temperature.  The  second  set  of  experiments  used  seeds  with 
different  surface  finishes.  All  seeds  were  first  polished  with  0.5  pm  diamond  paste.  One  was  left  as 
polished  and  used  as  a  control;  a  second  was  polished  using  30  pm  diamond  paste  to  introduce 
severe  mechanical  damage.  The  last  two  seeds  underwent  a  hydrogen  etch  for  15  minutes  under  a 
flow  of  hydrogen  and  nitrogen  at  1600  °C  [9].  In  each  run,  two  seeds  (a  hydrogen  etched  seed  and  a 
mechanically  polished  seed)  were  attached  to  the  same  lid  and  grown  on  simultaneously. 
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Seed  surfaces  were  cleaned  using  a  standard  RCA  cleaning  and  mounted  to  the  crucible  lid  using  the 
carbonized  sucrose  method  [10].  Growth  experiments  were  carried  out  in  a  physical  vapor  transport 

system  similar  to  those  described  in  literature 
[11].  The  source  material  used  was  grade  B-hp 
from  H.C.  Starck.  Prior  to  growth,  the  system 
was  evacuated  to  a  pressure  below  3x1  O'7  torr. 
It  was  then  heated  in  stages  to  about  1200  °C  at 

-4 

a  pressure  below  1x10  torr.  The  system  was 
then  backfilled  with  ultra  high  purity  argon  to  a 
pressure  of  650  torr  and  the  temperature  was 
gradually  increased  to  the  growth  temperature 
of  2300  °C,  at  a  rate  of  24°C/min.  The  seeds 
with  carbon  deposits  were  grown  on  at  650  torr 
for  time  periods  ranging  from  5  to  30  minutes. 
For  the  polished  seeds,  the  system  pressure  was 
slowly  decreased  to  10  torr  and  held  for  1  hour. 
Contact  mode  atomic  force  microscopy  (AFM) 
was  carried  out  using  standard  Si3N4  probes  and 
contact  forces  in  the  0.1  to  5  nN  range. 
Scanning  electron  microscopy  (SEM)  and  energy  dispersive  x-ray  (EDX)  images  were  obtained  on  a 
Philips  XL-30  microscope  under  an  accelerating  voltage  of  25  kV.  To  reveal  dislocation  etch  pits, 
the  crystals  were  etched  in  molten  KOH  at  500°C  for  3-8  minutes. 

Results 

The  first  set  of  experiments  was  conducted  to  test  the  effect  of  surface  deposits  on  the  nucleation  of 
dislocations.  After  growth,  AFM  was  carried  out  on  the  seeds  followed  by  etching  in  molten  KOH. 
AFM  scans  revealed  a  screw  dislocation  density  of  2xl05/cm2  in  areas  above  carbon  inclusions.  Fig. 
1  shows  an  optical  image,  after  etching,  of  the  areas  directly  above  a  carbon  deposit.  Two  types  of 
etch  pits  are  distinguishable:  the  small  round  etch  pits  labeled  with  E,  and  the  lager  faceted  pits 
labeled  with  S.  Smaller  pits  are  most  likely  due  to  threading  edge  dislocations  and  the  larger  pits  are 
most  likely  screw  dislocations  lined  along  the  [0001]  direction  [12].  The  density  of  larger  pits 
above  the  carbon  inclusions  is  8xl05/cm2;  this  agrees  well  with  screw  dislocation  density  observed 
by  AFM.  In  contrast,  the  density  of  screw  dislocations  in  the  rest  of  the  crystal  is  only  104/cm2, 
nearly  two  orders  of  magnitude  less  then  above  the  precipitate.  The  threading  edge  dislocations  had 
a  density  of  107/cm2  above  the 
precipitate  and  a  density  of  5xl05/cm2 
in  the  rest  of  the  ciystal.  This 
correlation  indicates  that  surface 
deposits  play  a  role  in  the  generation 
of  dislocations  in  SiC.  One  possible 
mechanism  to  explain  the  formation 
of  dislocations  above  a  precipitate  has 
been  suggested  by  Dudley  et  al  [6]. 

When  surface  carbon  deposits  are 
overgrown,  misorientations  are 
created  as  growth  fronts  from 
opposite  sides  of  the  inclusion  meet. 

Another  possible  mechanism  involves  FiS  2-  SEM  micrograph  of  a  carbon  precipitate  (C).  SiC  marks 

the  location  of  one  of  the  many  SiC  growth  islands. 


Fig  1.  Optical  image  of  a  KOH  etched  surface. 
Dislocations  are  revealed  on  top  of  carbon 
precipitates.  E  is  an  edge  dislocation,  S  is  a  screw 
dislocation. 
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the  nucleation  of  SiC  islands  on  a  second  phase  deposit.  Individual  islands  are  expected  to  be 
misoriented  with  respect  to  one  another  and,  when  they  coalesce,  this  misorientation  can  be 
accommodated  by  dislocations.  A  key  step  in  the  process  is  the  nucleation  of  SiC  on  carbon 
precipitates.  The  initial  stages  of  the  overgrowth  of  carbon  deposits  were  investigated  with  SEM. 


a) 

b) 

20(j.in 

20[am 

Fig  3.  AFM  images  of  a  KOH  etched  (a)  crystal  grown  on  a  hydrogen 


Fig.  2  is  an  SEM  image  of  a 
carbon  deposit  on  a  SiC 
seed  after  a  5  minute 
growth  at  2300  °C,  10 
°C/cm,  and  650  torr.  EDX 
indicates  that  the  small 
islands  (labeled  SiC)  have 
the  same  silicon  and  carbon 
concentration  as  the  rest  of 
the  crystal.  AFM  on  the 
surface  of  an  island 
revealed  that  the  surfaces 
are  atomically  flat.  These 


etched  seed,  and  (b)  a  crystal  grown  on  an  industry  polished  seed.  observations  suggest  that 


nucleation  of  SiC  islands  has  occurred  on  top  of  a  carbon  deposit. 

The  second  set  of  experiments  was  conducted  to  test  the  effect  of  surface  finish.  Following  growth, 
the  seeds  were  characterized  by  AFM  to  determine  the  screw  dislocation  density  and  were  then 
KOH  etched  to  reveal  both  screws  and  threading  edge  dislocations.  SiC  was  grown  simultaneously 


on  a  seed  polished  with  30  pm  diamond  grit  and  on  a  hydrogen  etched  seed,  mounted  side  by  side. 
The  polished  seed  had  a  screw  dislocation  density  of  106/cm2  while  the  hydrogen  etched  sample  had 
a  screw  dislocation  density  of  less  then  103/cm2.  The  results  for  the  hydrogen  etched  and  fine  grit 
polished  samples  are  shown  in  Fig.  3a  and  3b,  respectively.  In  Fig.  3a,  two  etch  pits  can  be  seen  at 
the  top  of  the  image.  The  total  etch  pit  density  on  this  crystal  was  about  104/cm2.  Fig.  3b  shows  a 
line  of  etch  pits,  along  the  left  side  of  the  image.  This  is  interpreted  as  dislocations  arranged  in  a 
greater  density  along  a  scratch  left  behind  by  polishing.  The  density 
of  total  etch  pits  on  this  crystal  is  3.5  x  107/cm2,  three  orders  of 
magnitude  higher  then  the  hydrogen  etched  sample.  This  provides 
evidence  that  polishing  leaves  behind  damage  in  the  crystal  that  leads 
to  dislocation  nucleation  during  PVT  growth.  It  further  suggests  that 
hydrogen  etching  helps  to  remove  this  damage. 

An  AFM  image  of  a  SiC  growth  surface  is  shown  in  Fig.  4.  This 
image  was  taken  after  etching  in  KOH  for  5  minutes  at  500  °C.  The 
image  reveals  a  linear  step  source,  30  pm  long,  aligned  along  the 
<1 1 2  0>  direction.  Several  screw  dislocations  (etch  pits  where  steps 
end)  and  several  threading  edge  dislocations  (isolated  etch  pits)  are 
also  revealed  in  close  proximity  to  the  linear  step  source.  These 


linear  step  sources  were  observed  on  all  surfaces  formed  by  short 
growth  treatments.  All  of  the  observed  lines  have  a  Burgers  vector 
in  the  [0001]  direction,  making  them  step  sources.  Taking  a  Burgers 
circuit  around  the  one  in  Fig.  4,  reveals  a  height  difference  of  3  nm 
or  two  6H  lattice  cells.  These  linear  step  sources  are  3  to  30  pm  in 


length  and  have  been  seen  to  rise  above  the  surface  as  linear  hills  to  Fig  4.  AFM  image  of  a  KOH 
heights  of  7  nm  or  fall  below  the  surface  as  narrow  trenches  to  etched  linear  step  source. 
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depths  of  3  nm.  Laue  x-ray  revealed  that  they  are  all  orientated  along  <1 1 2  0>  directions.  It  is 
interesting  that  there  is  a  direct  correlation  between  these  lines  and  both  threading  edge  and  screw 
dislocations.  Examining  several  of  these  sources  reveals  that  both  edge  dislocations  and  screw 
dislocations  decrease  in  density  as  you  move  radially  away  from  the  linear  step  source.  Edge 
dislocations  decrease  from  106/cm2,  within  10  pm  of  the  line  sources,  to  104/cm2  at  80  pm  from  the 
line.  Screw  dislocations  decrease  from  5xl05/cm2,  near  the  lines,  to  less  than  103/cm2  at  40  pm 
away  from  the  linear  sources.  This  suggests  that  there  is  a  mechanistic  link  between  the  formation 
of  these  linear  step  sources  and  dislocations.  Further  work  is  in  progress  to  determine  the  exact 
nature  of  this  step  source.  However,  we  speculate  that  this  could  be  a  stacking  fault  along  one  of  the 
pyramidal  planes,  similar  to  those  described  by  Heindl  et  al  [13].  Since  they  all  align  along 
<11  2  0>  directions,  it  is  most  likely  a  stacking  fault  on  either  the  {101  1}  or  {10 1 2}  pyramidal 
planes. 

Conclusions 

The  seed  surface  quality  before  growth  has  a  direct  relation  to  the  dislocation  density  in  the  PVT 
grown  material.  Second  phase  precipitates  on  the  seed  growth  surface  lead  to  the  nucleation  of  both 
screw  dislocations  and  threading  edge  dislocations.  This  formation  appears  to  tie  into  the  nucleation 
of  SiC  islands  on  top  of  second  phase  material.  There  is  also  a  direct  relationship  between  the 
surface  polish  and  dislocation  density.  Hydrogen  etching  has  been  shown  to  remove  this  damage 
and  in  turn  lower  the  dislocation  density.  When  the  surface  of  a  seed  is  cleaned  and  the  damage 
removed,  the  major  step  source  is  related  to  a  newly  discovered  defect.  Long  narrow  defects 
aligned  along  the  <1 1 2  0>  directions  act  as  step  sources  and  are  correlated  to  elevated  populations 
of  both  threading  edge  and  screw  dislocations. 
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Abstract 

The  thermoelastic  stress  distribution  in  growing  6H  SiC  crystals  was  simulated  using  a  two 
dimensional  finite  element  model.  Based  on  the  calculated  stress  distribution,  possible  plastic 
deformation  of  the  material  was  postulated.  High  resolution  x-ray  diffraction  (HRXRD)  was  used 
to  detect  the  net  deformation  and  residual  stresses  in  the  grown  crystals.  The  results  were  in 
agreement  with  the  postulated  plastic  deformation. 

Introduction 

One  of  the  outstanding  issues  in  SiC  technology  is  the  optimization  of  the  bulk  crystal  growth 
process.  Of  particular  interest  is  the  relationship  between  growth  conditions  and  the  structural 
quality  of  boules.  In  recent  years,  several  research  groups  have  employed  mathematical  modeling  to 
study  this  subject.  Advanced  models  have  been  developed  for  simulating  the  global  temperature 
distribution  and  growth  rate  by  accounting  for  major  features  of  the  physical  vapor  transport  (PVT) 
process  such  as  heat  generation  by  electromagnetic  induction,  heat  transfer  by  conduction, 
convection,  and  radiation,  mass  transport,  and  chemical  reactions  [1-4]. 

Tsvetkov  et  al.  [5]  discussed  the  effect  of  thermal  stress  developed  in  growing  or  cooling  crystals. 
They  applied  a  one  dimensional  model  in  order  to  estimate  the  resolved  shear  stress  in  the  basal 
plane  glide  systems  due  to  an  axial  temperature  gradient.  They  estimated  that  the  stress  in  a  50  mm 
diameter  crystal  can  be  in  the  range  of  0.1~100  GPa  and  concluded  that  this  mechanism  can  be  the 
main  source  of  the  basal  plane  dislocations. 

In  this  study,  we  describe  a  two  dimensional  model  of 
thermoelastic  stresses  in  growing  6H  SiC  crystals  which 
involves  both  an  axial  and  a  radial  temperature 
distribution.  The  effect  of  stress  distribution  on  the 
plastic  deformation  of  SiC  boules  and  the  possible 
mechanisms  of  the  deformation  are  considered. 

Finite  Element  Modeling 

The  distribution  of  various  stress  components  was 
modeled  using  the  ANSYS  software  package,  employing 
the  finite  element  method.  The  assumed  growth 
conditions  are  illustrated  schematically  in  Fig.  1.  The 
cylindrical  crystal  grows  downward.  Heat  is  injected 
from  the  growth  surface  of  the  crystal  (the  bottom  and 
lateral  faces  of  the  cylinder)  and  extracted  through  the 
radiation  window  at  the  top  of  the  seed.  Because  of  the 
geometry,  an  axisymmetric  model  along  the  growth 
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Fig.  1  Schematic  showing  the  growth 
condition,  the  shear  stress  direction, 
edge  dislocations  involved,  and  the 
bendinn  of  the  basal  olane. 
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direction  (the  [0001]  direction)  was  used.  With 
this  assumption,  the  3-D  cylindrical  problem  can 
be  simplified  into  a  2-D  rectangular  problem. 
Three  normal  and  one  shear  component  (am  Gee, 
tfzz,  c^)  out  of  the  six  independent  3-D  stress 
components  can  be  non-zero. 

The  growth  surface  of  the  crystal  is  allowed  to 
move  freely.  The  possible  interaction  between 
growing  crystal  and  the  crucible  side  wall  was 
neglected  for  simplicity.  Two  opposite  extreme 
boundary  conditions  were  considered  on  the  top 
face.  It  is  set  free  to  move  in  the  first  case  and 
restricted  not  to  bend  vertically  in  the  second  case. 


2200  2212  2224  2236  2248  2260  2272 


Fig.  2  A  typical  temperature  profile  in  a 
growing  crystal,  (unit:  °C) 

These  can  be  considered  as  conditions  for  two 


different  seed  mounting  methods,  simple  mechanical  and  rigid  glue  mounting.  In  an  actual  growth 
with  a  glue  mounted  seed,  the  condition  will  not  be  as  rigid  as  the  second  case  and  will  be  between 
the  two  extreme  cases. 


One  of  the  difficulties  in  the  analysis  is  that  the  necessary  material  properties  are  not  known  at 
temperatures  of  the  PVT  growth  process.  Inoue  and  Kurachi  [6]  reported  the  anisotropic  thermal 
expansion  behavior  of  6H  single  crystal  from  850  °C  to  2100  °C.  We  extrapolated  their 
experimental  data  to  the  modeling  temperature.  The  complete  set  of  room  temperature  elastic 
constants  was  reported  by  Kamitani  et  al  [7].  Their  temperature  dependence  was  studied  by  Li  and 
Bradt  [8]  and  Samant  et  al.  [9],  but  the  highest  temperatures  used  were  only  1000  °C  and  1300  °C, 
respectively.  Thus,  in  this  study,  we  applied  the  room  temperature  values  for  approximation. 


Stress  Distribution 

In  Fig.  2,  a  typical  temperature  distribution  in  a  growing  crystal  is  shown.  The  left  side  represents 
the  center  axis  (the  symmetry  axis)  and  the  right  side  is  the  crystal  periphery.  The  diameter  is  50 
mm  and  the  aspect  ratio  of  crystal  height  to  diameter  is  0.25  in  the  case.  Since  the  heat  is  extracted 
through  a  window  over  the  center  portion  of  the  top  face,  the  region  is  coldest  during  growth.  In 
this  particular  case,  the  average  axial  temperature  gradient  along  the  symmetry  axis  is  80  °C/cm  and 
the  average  radial  temperature  gradient  at  the  top  face  30  °C/cm.  The  cold  temperature  at  the  center 
of  the  top  face  is  2200  °C. 

The  resultant  thermoelastic  stress  components  due  to  temperature  distribution  of  Fig.  2  are  shown 
in  Fig.  3,  where  (A~D)  are  for  the  case  of  mechanical  mounting  and  (a~d)  glue  mounting  method. 
The  absolute  maximum  values  of  all  the  components  are  increased  greatly  when  the  displacement 
constraint  due  to  glue  mounting  is  considered.  The  distribution  of  each  component  is  also 
influenced.  This  is  especially  true  for  the  shear  component,  where  a  negative  shear  stress  becomes 
dominant. 

The  normal  stress  components  are  tensional  in  the  center  of  crystal  and  compressive  in  the  outer 
edge  as  clearly  shown  in  the  case  of  mechanical  mounting.  The  radial  and  tangential  components 
are  dominant.  This  can  be  expected  since  the  center  of  crystal  is  cooler  than  the  outer  edge  during 
growth.  The  effect  is  more  pronounced  in  the  region  close  to  the  top  face  where  the  radial 
temperature  gradient  is  larger.  For  the  glue  mounting,  the  region  where  the  compressive  radial  and 
tangential  normal  stresses  are  maximum  moves  from  the  outer  edge  to  the  center  of  the  bottom  face 
and  the  axial  normal  stress  increases  much  more  than  the  other  components.  These  changes  appear 
to  be  exaggerated  and  due  to  the  simplified  boundary  conditions  used.  In  an  actual  growth,  as 
mentioned  above,  the  glue  mounting  is  not  expected  to  be  as  firm  as  assumed  by  the  model.  The 
crystal  periphery  is  also  bounded  by  the  crucible  wall  and  can  interact  with  it. 
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Crystal  Response  and  HRXRD  Measurements 

The  negative  shear  stress  will  cause  the  basal  plane  edge  dislocations  of  the  type  shown  in  Fig.  1 
to  glide  toward  the  center  of  crystal.  The  accumulation  of  such  dislocations  will  cause  the  basal 
plane  to  bend  to  a  shape  as  indicated,  which  is  concave  to  the  growth  direction.  The  critical 
resolved  shear  stress  for  the  glide  system  was  reported  to  be  5  MPa  at  1300  °C  by  Samant  et  al.  [9]. 
The  value  is  expected  to  be  even  smaller  at  the  growth  temperature.  Thus,  the  magnitude  of 
calculated  shear  stress  appears  to  be  large  enough  to  activate  the  basal  plane  dislocation  glide. 

In  addition  to  the  shear  component,  crystal  can  deform  in  response  to  the  normal  stresses.  From 
the  distribution  of  normal  stresses  in  Fig.  3,  we  suggest  that  the  central  region  expands  plastically 
during  growth.  If  this  plastic  expansion  occurs  and  relieves  a  certain  amount  of  elastic  stress  at  the 
growth  temperature  and  if  it  isn’t  reversed  and  removed  fully  during  cooling,  the  resultant  plastic 
strain  will  be  frozen  into  the  boule  after  cooling  and  act  as  the  source  of  residual  stresses.  The  stress 
state  after  cooling  will  be  opposite  of  that  during  growth,  i.e.  the  periphery  of  crystal  is  expected  to 
be  under  tension  while  the  center  be  under  compression.  The  plastic  expansion  is  ejected  to  occur 
by  the  slip  of  threading  edge  dislocations  in  the  prism  planes.  The  slip  system  <1 1 2  0>{  1 100}  has 
been  reported  active  in  PVT  grown  hexagonal  SiC  [10] . 

HRXRD  mapping  along  diameters  of  the  boules  was  used  to  capture  the  plastic  deformation 
frozen  in  the  crystals  as  well  as  the  residual  elastic  strains.  The  crystals  were  sectioned  horizontally 
in  slabs  thick  enough  to  prevent  bending  due  to  residual  stresses.  The  total  orientation  change  of  the 
basal  plane  along  a  boule  diameter  was  typically  in  the  range  of  100-2000  arc  seconds  (Fig.  4).  The 
shape  of  bending  was  consistent  with  the  calculated  shear  stress  direction  as  shown  in  Fig.  1. 
Continuous  reduction  of  the  c-lattice  spacing  was  observed  along  the  radii  of  crystals  from  the 
center  to  the  edge,  which  is  consistent  with  the  expected  residual  normal  stress  that  is  tensional 
along  the  radial  and  tangential  direction  and  compressive  along  the  axial  direction.  The  amount  of 
strain  at  the  edge  compared  to  the  center  was  typically  (-0.006)  -  (-0.002)  %  (Fig.  5). 
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Fig.  3  Distribution  of  four  non-zero  stress  components  in  the  crystals  during  PVT  growth  for  the 
two  cases  of  mounting  practice;  (A~D)  mechanical  mounting,  (a~d)  glue  mounting  (unit:  MPa) 
(A,  a)  radial  normal  stress  On-  (B,  b)  tangential  normal  stress  Gee 

(C,  c)  axial  normal  stress  (D,  d)  shear  stress  ovz 
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Fig.  4  Orientation  difference  of  the  basal 
plane  along  a  crystal  diameter  with  respect  to 
the  center  position 
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Fig.  5  The  variation  of  strain  of  the  c-lattice 
spacing  along  a  crystal  diameter  due  to  the 
residual  stress 
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Abstract.  Using  digital  x-ray  imaging  during  silicon  carbide  (SiC)  physical  vapor  transport  process 
the  SiC  crystal  growth  as  well  as  SiC  powder  source  degradation  have  been  monitored  online. 
Using  digital  image  processing  we  have  (i)  extracted  from  the  x-ray  shots  the  shape  of  the  crystal 
growth  interface,  (ii)  determined  the  crystal  growth  rate  and  (iii)  analyzed  the  evolution  of  the  SiC 
source  material  by  determining  its  density  as  a  function  of  progressing  process  time.  The  underlying 
sublimation  and  crystallization  effects  are  discussed. 

Introduction 

The  physical  vapor  transport  (PVT)  method  is  presently  the  most  promising  growth  technique  for 
SiC  bulk  crystals  [1-5]  for  commercial  applications.  However,  up  to  now  high  process  temperatures 
(T  =  2100°C  ...  2400°C)  and  the  use  of  closed  graphite  crucibles  have  limited  the  observation  and 
control  of  SiC  crystal  growth  process.  For  a  better  understanding  of  the  PVT  SiC  growth  process  it 
would  be  advantageous  to  monitor  the  evolution  of  the  SiC  crystal  length  and  growth  interface  as 
well  as  the  evolution  of  the  SiC  source  material  online  during  growth. 

Experiments 


pyrometer 


Fig.  1.  PVT  setup  with  attached  x-ray  imaging  system, 
image  processing  by  moving  the  coil  for  a  short 


In  order  to  visualize  the  SiC  crystal  growth 
process  we  have  developed  a  digital  x-ray 
imaging  technique.  The  system  is  based  on  a 
high  resolution  and  high  speed  x-ray  detector 
based  on  image  plates  and  digital  recording  [6] 
(see  Fig.  1).  By  x-ray  exposure  an  image  of  the 
graphite  crucible  interior  (SiC  seed/crystal  and 
SiC  source  material)  is  transferred  to  the  x-ray 
detector  (Fig.  1).  The  total  image  capture  time 
including  data  processing  and  storage  is  less 
than  lmin  and  allows  an  online  monitoring  and 
control  of  the  PVT  growth  process.  The  main 
difficulty  associated  with  imaging  the  ongoing 
processes  inside  the  graphite  crucible  are  major 

image  distortions  due  to  x-ray  absorption  by  the 
inductive  heating  coil.  Applying  hardware 
time  and  distance  during  x-ray  exposure  we  were 
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Fig.  2.  Sequence  of  x-ray  images  taken  online  during  PVT  SiC  crystal  growth.  Partial  view  of  growing  SiC  crystal,  gas 
room  and  top  of  SiC  powder  source.  The  indices  Oh,  3h  and  8h  represent  the  actual  growth  time. 

able  to  extract  an  unperturbed  image  of  the  growing  SiC  crystal  and  degrading  SiC  source  material. 
Further  details  have  been  described  in  [7]. 

6H  and  4H  SiC  bulk  crystals  have  been  grown  in  the  PVT  setup  illustrated  in  Fig.  1.  Our 
standard  process  uses  (0001)  Si-  and  C-face  oriented  6H  and  4H  SiC  seed  wafers  with  a  diameter  of 
30mm  ...  40mm  and  micropipe  density  of  <200cm'2.  The  temperature  is  usually  set  to  about  2100°C 
...  2300°C  with  argon  as  carrier  gas.  The  growth  process  is  started  by  lowering  the  argon  pressure 
from  800mbar  to  about  lOmbar  ...  50mbar  and  takes  typically  60h  ...  72h. 

X-ray  imaging  -  experimental  results 

Fig.  2  shows  a  series  of  4  x-ray  images  of  the  graphite  crucible  interior  taken  online  during  PVT 
growth.  The  graphite  walls  as  well  as  the  SiC  crystal  and  the  SiC  source  material  are  clearly 
resolved  with  a  spatial  resolution  of  approximately  100pm.  The  flat  surface  of  the  SiC  seed  at  the 
beginning  of  the  growth  process  (index  Oh  in  Fig.  2)  illustrates  the  low  imaging  distortion  level  of 
our  x-ray  system. 

In  a  different  growth  run  (not  shown)  the  shape  of  the  growth  interface  (convex/concave) 
determined  by  the  x-ray  imaging  technique  has  been  compared  with  the  growth  interface 
determined  from  intentionally  introduced  doping  striations  [3]  and  showed  an  overall  matching;  the 
x-ray  method,  however,  being  superior  due  to  its  non-destructive  nature. 

The  crystal  growth  interface  (Fig.2;  Oh,  3h,  8h)  evolves  with  a  flat  area  in  the  central  part  which 
is  favorable  for  low  defect  generation  and  turns  into  convex  in  the  outer  part  of  the  original  seed 
area.  Outside  the  seed  area  a  concave  growth  interface  evolves;  in  this  part  polycrystalline  growth 
of  various  polytypes  and  orientations  is  observed.  The  flat  growth  interface  in  the  central  part  of  the 
crystal  is  a  consequence  of  an  optimized  temperature  field  in  the  graphite  crucible  interior.  Using 
numerical  modeling  we  minimized  the  radial  temperature  variation  over  the  seed  area  to  less  than 
15K.  The  computer  code  we  used  took  into  account  RF-heating  of  the  crucible  and  heat  transfer  by 
conduction,  radiation  and  convection. 


Fig.  3.  Sequence  of  x-ray  images  taken  online  during  PVT  SiC  crystal  growth.  Partial  view  of  SiC  source  core.  The 
indices  Oh  and  22h  represent  the  actual  growth  time. 
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In  Fig.  5  we  have  plotted  the  volume  of  the  growing  SiC  crystal  including  the  polycrystalline 
parts  and  its  time  derivative,  the  volume  growth  rate.  The  crystal  volume  evolves  linearly  with  time; 
the  corresponding  length  growth  rate  is  about  250|im/h. 

In  the  case  of  the  evolution  of  the  SiC  source  material  two  striking  features  are  visible  in  Fig.  2 
and  Fig.  3:  (i)  the  formation  of  a  compressed  disk-like  structure  at  the  source  top  in  the  initial  phase 

of  growth  (about  first  5h,  Fig.  2)  and  (ii) 
graphitization/consumption  of  the  SiC 
source  which  starts  next  to  the  hot 
graphite  walls  and  proceeds  into  the 
core  of  the  crucible  (22h,  Fig.  3). 

An  analysis  of  the  image  contrast  of 
Fig.  2  allowed  us  to  extract  the  density  p 
of  the  SiC  source  material  as  a  function 
of  growth  time.  The  image  contrast  of 
the  growing  SiC  crystal  served  as 
reference  (p(SiC-crystal)=3.2 1  g/cm3). 

Fig.  4  shows  the  evolution  of  the  disk¬ 
like  structure  and  core  part  of  the  SiC 
source  in  arbitrary  units.  For  a  better 
comparison  the  data  have  been 
normalized  to  the  nominal  density  of  the 
SiC  powder  at  the  beginning  of  the 
growth  process  (homogeneous  SiC  powder,  dashed  line  in  Fig.  4).  During  formation  of  the  disk-like 
structure  at  the  SiC  source  top  in  the  initial  phase  of  the  growth  process  (first  5h)  a  compression  of 
the  density  of  about  factor  two  is  observed.  Remarkable  is  that  the  density  of  the  SiC  source  core 
part  increases  only  by  10%  ...  20%  over  growth  time.  However,  the  morphology  of  the  core  part 
undergoes  striking  changes.  In  Fig.  2  and  Fig.  3  the  evolution  of  a  spotty  image  pattern  is  observed 
in  the  SiC  source  core  part  (sequence  Oh  — »  3h  — »  8h  — »  22h).  In  order  to  minimize  their  surface 
energy  large  SiC  powder  grains  grow  due  to  sublimation  and  crystallization  processes  at  the 
expense  of  smaller  ones.  At  the  same  time  hollow  channels  evolve  between  the  powder  grains.  As  a 
consequence  the  average  density  of  the  core  part  remains  almost  constant  over  PVT  process  time. 


Fig.  4.  Evolution  of  crystal  volume  and  crystal  volume  growth  rate. 


Analysis  of  PVT  growth  process 


SiC  crystal  growth  by  the  PVT  process  is  usually  carried  out  in  a  growth  regime  where  crystal 

growth  is  limited  by  (i)  kinetics 
(sublimation/crystallization  at 

source/crystal),  by  (ii)  diffusion  of  the 
SiC-containing  gas  species  or  by  (iii) 
heat  transfer  limitations  due  to 
crystallization  energy.  It  can  be  shown 
in  an  analytical  mathematical 
approach  [8]  that  a  constant  growth 
rate  with  time  as  observed  in  our  case 
(Fig.  4)  is  indicating  a  limitation  by 
kinetics  and/or  diffusion.  Heat  transfer 
limitation  due  to  crystallization  causes 
a  decreasing  growth  rate  with  process 
time.  Such  effects  were  observed  in 
our  lab  in  the  case  of  high  growth 
rates  (i.e.  >500|im/h).  Growth 


Fig.  5.  Evolution  of  density  of  SiC  source  top  (disk-like  structure) 
and  core  part. 
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experiments  carried  out  with  a  varying  carrier  gas  pressure  support  that  mass  transfer  limitation  by 
diffusion  dominated.  The  growth  rate  increased  by  a  factor  of  two  when  decreasing  the  system 
pressure  by  a  factor  of  three  and  returned  to  its  initial  value  when  setting  the  pressure  as  at  the 
beginning. 

Numerical  modeling  of  the  temperature  field  of  the  graphite  crucible  interior  exhibited  an 
average  temperature  gradient  of  about  40K/cm  in  the  core  of  the  SiC  source  and  1 1  OK/cm  in  the 
disk-like  area.  However,  the  temperature  gradient  dropped  to  only  lK/cm  at  the  top  of  the  SiC 
source  and  rose  again  to  50K/cm  in  the  vicinity  of  the  SiC  crystal  growth  interface.  The  large 
temperature  gradient  inside  the  SiC  source  (40K/cm  ...  11  OK/cm)  is  responsible  for  mass  transfer 
from  the  source  core  to  the  top.  The  strong  decrease  at  the  top  from  about  11  OK/cm  to  lK/cm 
causes  a  “jam”  of  the  vapor  transport  and  is  responsible  for  the  formation  of  the  condensed  disk-like 
structure.  However,  numerical  modeling  of  the  mass  transfer  [9]  from  source  to  seed  indicates  the 
existence  of  a  two  to  three  times  larger  SiC  gas  flow  in  the  vicinity  of  the  graphite  crucible  wall  as 
compared  to  sublimation  from  the  central  part  of  the  disk-like  structure.  Although  the  formation  of 
the  disk-like  structure  is  believed  to  have  a  stabilizing  effect  on  the  growth  process  in  terms  of 
defect  generation  -  a  well  defined  needlelike  top  area  serves  as  SiC  source  -  it  is  possible  that  the 
high  SiC  gas  flow  close  to  the  side  walls  (=graphitization  area  in  Fig.  3/22h)  carries  carbon  particles 
which  could  be  responsible  for  the  formation  of  the  well  known  carbon  inclusions  in  PVT  grown 
SiC  crystals  [10]. 

In  conclusion,  digital  x-ray  imaging  was  used  as  a  tool  to  investigate  the  ongoing  processes 
during  PVT  growth  of  SiC  single  crystals.  The  evolution  of  the  volume  SiC  crystal  growth  rate  and 
the  SiC  source  morphology  and  density  were  analyzed.  The  formation  of  a  growth  stabilizing  disk¬ 
like  structure  of  the  SiC  source  was  observed  in  the  initial  phase  of  the  process  The  SiC  source 
could  supply  a  higher  mass  transfer.  Mass  transfer  limitation  by  diffusion  between  SiC  source  and 
SiC  crystal  is  found  to  be  dominant  in  the  presented  experiments. 
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Abstract:  The  growth  rate  of  SiC  bulk  single  crystal  by  sublimation  was  measured  in  real  time  by  using  the 
transmission  X-ray  technique.  The  growth  rate  obtained  by  transmission  X-ray  intensity  corresponds  to  the 
growth  rate  measured  by  nitrogen  marker.  The  growth  rate  increases  as  the  growth  temperature  increases 
and  as  pressure  decreases.  While  taking  into  account  the  pressure  balance  between  the  surrounding 
pressure  and  vapor  pressures  of  seed  and  source,  the  growth  rate  can  be  calculated  by  mass  flux  from  source 
to  seed. 

Introduction 

Since  modified  Lely  method  has  developed  [1],  the  SiC  bulk  crystal  quality  gradually  improves  every  year. 
But  it  has  observed  many  defects  by  X-ray  topography  [2].  Therefore  the  SiC  power  device  performance 
has  not  been  enough.  Growth  rate  is  one  of  the  important  factors,  which  determine  the  grown  crystal 
quality.  From  this  point  of  view,  the  crystal  growth  rate  is  studied  related  to  the  heat  and  mass  transport 
phenomena  [3-6].  Until  now,  there  has  been  no  such  information  on  the  growth  rate  measurement  during 
the  growth  in  real  time.  In  this  study,  we  succeeded  in  the 
growth  rate  measurement  of  the  grown  crystal  during  the 
growth  by  measuring  the  intensity  of  X-ray  in  transmission 
geometry. 

Experiment 

6H-SiC  crystals  have  been  grown  by  the  modified  Lely  method. 

The  Acheson  crystal,  such  as  the  seed  crystal,  fixed  the  graphite 
crucible  lid.  The  source  material  was  abrasive  SiC  powder  with 
an  average  grain  size  of  80  jtim.  The  distance  between  the 
source  and  the  seed  crystal  was  about  15mm.  The  crystal 
growth  is  carried  out  for  2-8hours.  To  avoid  the  scattering  and 
absorption  by  source  abrasive  powder,  the  inner  cone  tube  was 
installed  in  the  crucible.  The  crucible  was  put  into  a  water- 
cooled  stainless  chamber  and  it  was  heated  by  RF  induction 


graphite 

crucible 


H — scintillation 
I — I  counter 


seed 


monochromator 


source 


ray  source 


Fig.l  Scheme  of  experimental  method 
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with  a  frequency  of  20  kHz.  The  growth  pressures  P0  were  1  to  lOOtorr  and  the  graphite  crucible  lid 
temperatures  were  2000°C  to2300°C. 

During  the  growth,  an  X-ray  beam  was  transmitted  from  the  bottom  to  the  top  of  a  cmcible  through  the 
grown  crystal  and  the  intensity  was  measured  directly  by  the  scintillation  counter,  which  was  set  on  the  top  of 
a  cmcible.  X-ray  beam  was  limited  through  the  monochromator  and  with  a  slit  width  of  1mm.  The  crystal 
growth  rate  is  calculated  by  the  following  equation 
dln(I)/dt=-  fJi  (dx/dt)  *  •  •  (l) 

where  I,  {l ,  t  and  x  are  X-ray  intensity,  linear  absorption  coefficient  ,time  and  thickness  of  the  grown  crystal 
respectively.  The  growth  rate  was  also  measured  by  N2  gas  marking  and  compared  with  the  growth  rate  by  a 
transparent  X-ray  intensity  measurement. 


Result  and  Discussion 


1.  Real  time  measurement  by  the  transmission  X-ray  technique 

l.E+06 


(a)  Time  dependence  on  X-ray  intensity 


(b)  Cross  section  photograph 


Fig.2  Ciystal  growth  at  2200°C  constant 

Fig.2  (a)  shows  the  time  dependence  of  x-ray  intensity  when  the  graphite  lid  temperature  was  constant.  As 
crystal  grows,  the  transmission  intensity  decreases  because  of  the  absorption  of  grown  crystal.  In  Fig.2  (a), 
the  X-ray  intensity  was  uniformly  decreased  for  8hours.  Fig.2  (b)  shows  the  cross  section  photograph  with 
the  N2  marker  every  2  hours.  N2  lines  were  lain  with  same  interval  in  the  crystal.  Therefore  growth  rate  was 
constant  for  8  hours  without  any  influence  of 
time  dependent  parameter . 

Fig.3  shows  a  typical  result  of  the  X-ray 
transmission  intensity  measurement  with 
varying  growth  temperature.  It  was  caught  to 
change  the  growth  rate  at  each  temperature.  As 
the  growth  temperature  increases,  the  intensity 
decreases  rapidly.  It  means  that  the  growth  rate 
increases  as  the  growth  temperature  increases. 

The  growth  rate  was  also  measured  using  N2 
marker  at  each  growth  temperature.  Fig.4 
compares  the  growth  rate  calculated  by  X-ray 

intensity  and  optical  microscope  measurement  with  N2  line  markers.  There  is  a  good  agreement  between  the 
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Fig.4  Comparison  of  X-ray  growth  rate  measurement 
with  Optical  microscope  measurement 
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temperature,  were  estimated.  And  growth  rate  was  re-calculated  with  the  mass  flux  of  each  chemical  species 
described  by  the  following  equation 

G=(M/p)(D/RT)((PF-Pc)/L)  •  •  •  (2) 

Where  M,  p,  D,  R  and  L  are  molecular  weight,  ^ 
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Fig.5  Temperature  dependence  on  growth  rate 
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the  reason  that  the  vapor  pressure  of  sublimated  species  in  the  crucible  is  greater  than  the  growth  pressure 
ltorr).  The  amount  of  sublimated  species  above  the  surrounding  will  escape  to  the  outside  of  the  cmcible. 
By  replacing  PF  and  Pcin  Eq.  (2)  by  PF-  Qp  and  Pc-  Qc  respectively,  the  recalculated  growth  rate  was  in  good 
agreement  with  the  experimental  results.  As  a  result,  the  growth  rate  has  smaller  dependence  on  the  growth 
temperature  at  ltorr  compared  with  that  of  10  and  lOOtorr.  It  is  suggested  that  the  vapor  pressure  of  the 
sublimated  species  must  be  given  consideration  in  order  to  optimize  the  surrounding  gas  pressure. 

Conclusion 

The  growth  rate  of  the  SiC  bulk  single  crystal  by  sublimation  was  measured  in  real  time  by  the  transmission 
X-ray  technique.  The  growth  rate  increases  as  growth  temperature  increase,  and  as  pressure  decreases.  In  the 
case  of  high  pressure,  the  growth  rate  can  be  calculated  with  sublimated  vapor  pressure  and  diffusion 
coefficient.  In  the  case  of  low  pressure,  pressure  balance  between  inside  and  outside  the  crucible  must  be 
considered.  Considering  the  loss,  which  is  equal  to  the  amount  of  over  pressure,  the  crystal  growth  rate  can 
be  calculated  with  vapor  pressure  at  the  seed  and  the  source  surface. 
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Abstract  The  effects  of  axial  and  radial  components  of  temperature  gradient  on  the  silicon  carbide 
(SiC)  bulk  crystal  growth  were  investigated.  It  was  shown  that  the  growth  rate  is  a  linear  function  of 
an  axial  temperature  gradient  in  the  growth  chamber.  In  addition  preliminary  information  relating 
radial  temperature  gradient  to  boule  diameter  enlargement  is  also  presented.  The  grown  crystals 
were  analyzed  by  optical  microscopy  and  X-ray  diffraction. 

Introduction 

Bulk  crystal  growth  of  SiC  via  sublimation/re-condensation  method  has  been  under  investigation 
for  more  than  20  years;  starting  with  Tairov’s  work  [1].  In  spite  of  the  abundance  of  publications 
(See  [2-7]  for  example)  some  aspects  of  the  bulk  growth  are  still  unclear  in  the  open  literature.  The 
effect  of  temperature  distribution  on  the  crystal  growth  is  one  of  such  topics.  It  should  be 
emphasized  that  sublimation  growth  of  SiC  crystal  takes  place  under  conditions  of  relatively  high 
temperatures.  The  temperature  profile  inside  the  crystal  growth  chamber  in  most  cases  is  very 
complex.  Due  to  the  complicated  nature  of  the  temperature  distribution,  the  experimental 
investigation  of  the  effect  of  the  temperature  on  the  crystal  growth  was  performed  separately  for 
two  independent  components:  (1)  a  vertical,  or  axial  gradient  and  (2)  radial  gradient.  More 
specifically,  our  aim  was  to  clarify  the  role  of  the  axial  temperature  gradient  in  the  temperature 
dependence  of  the  growth  rate,  as  well  as  its  radial  component  in  the  boule  diameter  enlargement. 
Although  the  experimental  data  were  collected  mainly  from  6H-polytype  growth  runs,  4H-SiC 
boules  were  also  grown  during  the  course  of  this  study. 

Experimental 

The  main  components  of  the  experimental  set-up  were  the  growth  chamber,  vacuum  assembly, 
power  supply,  optical  pyrometers,  and  a  computerized  control  system.  Crystal  growth  was 
accomplished  on  6H  [0001]  seeds.  The  growth  rate,  G,  is  defined  as  the  increase  in  boule  length  per 
unit  time.  Growth  rate  was  analyzed  as  an  exponential  function  of  the  inverse  growth  temperature, 
Tgrowth-  Commercial  statistical  analysis  software  was  used  for  the  analyses  of  the  data.  Results 
revealed  the  following  Arrhenius-like  dependence:  G  (T)  a  exp  (-B/Tgr0wth)  where  B  =  (7.2  ±  1.2) 
104,  K.  Figure  1  presents  a  set  of  data  confirming  this  dependence  also  found  in  many  publications 
with  some  spread  in  the  activation  energy  values.  Analysis  of  existing  data  (from  the  present  study 
as  well  as  from  literature  [1-9])  shows  that  the  value  of  B  corresponds  to  the  energy  of  SiC 
evaporation.  The  spread  in  the  values  of  the  activation  energy  is  due  to  the  fact  that  the  evaporation 
rate  of  SiC  source  powder  relates  to  source  polytype,  grain  shape  and  surface  condition, 
contamination,  and  other  uncontrolled  parameters  that  may  change  from  one  experiment  to  another. 
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Figure  1.  Growth  rate  versus  inverse  temperature,  104/T 

Our  analysis  showed  also  that  the  G  (T)  is  a  linear  function  of  AT,  that  is  the  difference  of  the 
temperature,  measured  on  top  of  the  growth  assembly,  (Ttop)  and  the  temperature  measured  on  the 
bottom  (Tbot-)'  Figure  2  illustrates  the  data  to  support  this  conclusion. 


Tbot  -  Ttop,  K 


Figure  2.  Growth  rate  versus  difference  of  temperature  AT,  K 

The  temperature  Ttop  differs  from  the  actual  seed  temperature  Tseed  by  a  value  of  Ai,  that  is,  Ttop  = 
Tseed  -  Ai.  Likewise,  the  temperature  Tbottom  is  read  at  some  distance  from  the  source  therefore  Tbot  = 
Tsource  -  A2.  Thus,  AT  =  Tbot  -  Ttop  =  Tsource  -  Tseed  +  (Ai  -  A2).  One  can  find  the  value  of  (Ai  -  A2)  by 
extrapolating  the  G  (AT)  to  zero.  If  the  temperature  of  seed  Tseed  is  equal  to  the  source  temperature 
Tsource,  the  mass  transport  is  absent  and  G  (AT)  =  0.  The  linear  approximation  of  G  (T)  (G(A  T)  -  a 
+  b  AT  with  a  =  -  0.8  ±  0.2  ,  mm/hr  and  b  =  0.004  ±  0.001,  mm/K  hr)  intersects  the  horizontal  axis 
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at  AT  =  200  K  (See  Figure  2).  Therefore,  one  may  approximate  (Ai  -  A2)  =  200  K.  Figure  2  now 
may  be  re-plotted  as  a  function  of  the  temperature  gradient,  (TS0Urce  -  Tseed)  /  d ,  where  d  is  the 
source-seed  distance.  It  is  worth  mentioning  that  the  crystal  quality  strongly  correlates  with  the 
growth  rate.  The  important  task  is  to  optimize  the  growth  conditions  (such  as  inert  gas  pressure, 
radial  gradient  etc.)  in  such  way  that  the  highest  crystalline  quality  is  achieved  at  increased  axial 
temperature  gradients. 


It  is  clear  that  the  axial  temperature  gradient  contributes  to  growth  along  the  primary  growth 
direction  (in  this  case  [0001]).  However,  it  is  much  more  complicated  to  define  the  role  of  the  radial 
temperature  gradient  in  the  crystal  growth  process.  The  appropriate  choice  of  the  radial  gradient  can 
provide  conditions  to  grow  SiC  crystal  boules  up  to  3"  in  diameter  starting  with  seeds  of  ~1  cm2. 
Figure  4  shows  a  photographic  image  of  a  2"  Sterling  wafer  expanded  from  a  Lely  crystal  and  the 
X-ray  diffraction  rocking  curve  map  measured  over  a  5x5  grid.  Expansion  was  achieved  over 
several  successive  growth  runs. 


1 

l 


Figure  4.  (a)  A  6H,  2"-  Sterling  wafer  (b)  25  point  X-ray  rocking  curve 

expanded  from  a  Lely  crystal  map  of  the  wafer  shown  in  (a) 
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Discussion 

The  experimental  data  indicate  that  the  growth  rate  is  a  linear  function  of  AT  and  exponential 
function  of  the  inverse  temperature.  As  such  the  growth  rate  can  be  described  by  a  complex  function 
of  temperature,  F  (T).  If  the  temperature,  T  and  temperature  gradient,  AT  are  independent 
components  of  the  formula  one  may  use  the  following  expression: 

G  (T)  =  F  (T)  =  A  (P,  S,  t)  AT  exp  (-U/RT),  (1) 

where  G  (T)  is  the  growth  rate,  R  is  the  gas  constant,  R=8.314  JK^mol'1,  AT  is  the  difference  of  the 
temperature  on  the  seed  and  source  and, ,  U  is  the  activation  energy,  A  (P,  S,  t)  is  a  constant  defined 
by  the  inert  gas  pressure  P,  the  effective  source  surface  area  S,  and  the  duration  of  the  growth  run  t. 
The  mass  transport  of  the  SiC  species  from  source  to  the  seed  is  controlled  by  diffusion  of  the 
species  from  hot  zone  to  cool  zone.  The  Arrhenius  exponent  appears  in  the  above  expression  due  to 
the  activation  energy  needed  for  SiC  sublimation.  Thus,  the  model  described  by  Eq.l  correlates 
sublimation  of  the  SiC  species  from  the  source  (the  exponential  part),  the  species  transport  from 
seed  along  the  temperature  gradient  (AT  component),  and  the  crystal  growth  is  governed  by  A. 

The  role  of  radial  gradient  can  be  correlated  to  the  growth  anisotropy  along  different 
crystallographic  directions  as  a  reason  for  the  crystal  boule  enlargement.  It  is  well  known  (See  for 
example  [10])  that  the  SiC  growth  rate  in  orthogonal  direction  exceeds  the  rate  along  the  [0001] 
axis.  It  means  that  the  SiC  crystal,  under  equilibrium  conditions  (i.e.  zero  temperature  gradient), 
would  have  a  tendency  to  grow  in  a  direction  perpendicular  to  the  hexagonal  axis  [0001].  In  any 
case,  the  preferable  growth  in  orthogonal  direction  (lateral  growth)  can  participate  in  the  crystal 
boule  enlargement  together  with  a  radial  gradient. 

In  summary,  the  present  analysis  demonstrates  the  influence  of  temperature  and  temperature 
gradient  on  sublimation  growth  of  SiC.  In  particular,  effect  on  the  growth  rate  and  crystal  area 
expansion.  The  results  clearly  show  the  importance  of  using  precise  temperature  profiles, 
stabilization  and  control  in  bulk  growth  of  SiC  boules. 
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Abstract:  The  effect  of  growth  pressure  on  the  impurity  incorporation  as  well  as  on  the  crystal 
quality  was  investigated  in  sublimation  growth  of  a  bulk  SiC  single  crystal.  The  growth  pressure 
was  varied  within  the  range  of  1-100  Torr  and  it  was  found  that  many  voids  or  precipitates  were 
generated  in  the  grown  crystals  and  the  Aluminum  (Al)  impurity  incorporation  increased  during  the 
the  Si-face  growth  when  the  growth  pressure  decreased.  The  pressure  effect  on  the  Al  impurity 
incorporation  with  the  change  of  step  structure  was  discussed. 

Introduction 

Silicon  carbide  (SiC)  is  a  promising  semiconductor  material  because  of  its  wide  band  gap,  large 
thermal  conductivity,  high  saturated  electron  drift  velocity  and  high  breakdown  voltage.  With  these 
properties  of  SiC  we  can  expect  the  realization  of  high  performance  devices  operating  at  high 
power,  high  temperature  and  high  frequency. 

Although  two  inchs  wafers  in  diameter  are  available,  the  quality  and  size  of  the  wafers  are  not 
satisfactory.  SiC  ingots  of  single  crystals  for  producing  SiC  wafers  have  been  grown  by 
sublimation  method  (modified  Lely  method)  [1].  To  improve  the  quality  of  SiC  ingots,  it  is 
necessary  to  understand  fundamental  processes  of  sublimation  growth.  Growth  pressure  is  one  of 
the  important  parameters,  that  can  specifically  control  growth  rate  [1].  In  this  work,  we  focused  on 
the  growth  pressure  and  examined  its  effect  on  the  impurity  incorporation  as  well  as  on  the  crystal 
quality. 

Experiments 

Bulk  SiC  single  crystal  was  grown  in  a  cylindrical  graphite  crucible  with  carbon  thermal 
insulator.  The  crucible  was  heated  in  a  water-cooled  double  quartz  tube  by  RF  induction  coil.  An 
Acheson  6H  (0001)  single  crystal  with  Si-face  was  used  as  a  seed  crystal  and  commercial  SiC 
abrasive  as  the  source  powder.  The  source  powder  was  not  treated  with  acid  cleaning  or  baking.  Al, 
Fe,  and  Ti  were  the  major  impurities  in  the  source  powder.  The  concentrations  of  Al,  Ti  were  in  the 
order  of  several  tens  ppm  and  that  of  Fe  was  around  a  thousand  ppm.  High  purity  graphite  was  used 
as  the  crucible  and  the  impurity  level  in  it  was  less  than  a  ppm.  The  temperatures  of  the  top  and 
bottom  of  the  crucible  were  measured  as  seed  and  source  temperature  by  an  optical  pyrometer 
giving  22000  and  2280°C  respectively.  The  growth  pressure  was  controlled  with  an  automatic 
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program  controller.  High  purity  Ar  gas  was 
supplied  constantly  and  the  flow  rate  was 
200  seem.  The  pressure  was  changed  within  § 

C— I 

one  growth  run  to  eliminate  the  variations  ^ 
of  the  other  conditions.  Figure  1  shows  the  8 
profile  of  the  growth  pressure,  which  was  § 
varied  within  the  range  of  l-100Torr  while 
the  temperature  of  the  top  of  the  crucible 
was  kept  constant. 

The  crystal  quality  was  characterized  by  Time  (hr) 

observing  the  cross-sectional  sample  which  Fig.  1  The  profile  of  growth  pressure 

was  sliced  parallel  to  the  growth  direction. 

Both  sides  of  the  sliced  sample  were  polished  and  observed  by  optical  microscope.  Impurity 
concentrations  in  grown  crystals  were  analyzed  by  secondary  ion  mass  spectroscopy  (SIMS)  and 
fluorescence  X-ray  spectroscopy. 


Results  and  Discussion 


Crystal  Defects 

Figure  2  shows  the  cross-sectional  transmission  optical  micrograph  of  the  grown  crystal.  Five 
white  lines  were  observed  corresponding  to  the  five  replicate  region  grown  at  lOOTorr.  The  regions 
grown  at  both  ITorr  and  lOTorr  produced  a  dark  violet  color  although  the  region  at  1  Torr  was 
darker  than  that  at  10  Torr.  In  the  region  grown  at  ITorr,  many  black  particles  of  5-20 Mm  were 
observed  and  were  shown  to  be  pits  on  the  surface  (indicated  by  white  arrows  in  figure  3(b)).  These 
pits  are  voids  or  precipitates  and  correspond  to  the  black  particles  in  figure  2  and  3(a).  Therefore, 
this  means  that  these  defects  can  be  easily  generated  at  lower  pressure.  The  white  diffused  spots 
were  also  observed  in  the  region  grown  at  ITorr  as  shown  in  figure  3(a)  when  the  configuration  of 
a  polarizer  and  an  analyzer  was  close  to  that  of  crossed  Nicol.  The  white  contrast  was  clearly 
different  from  the  black  particles  and  we  speculate  that  these  are  the  distorted  or  misoriented 
crystal  grains  of  SiC.  It  should  be  noted  that  the  generation  of  micropipes  from  these  defects  was 
not  observed.  Further  analysis  is  necessary  for  the  identification  of  these  defects. 


In  our  growth  conditions,  the 
growth  rate  increased  as  the  growth 
pressure  decreased  and  the  growth 
rate  varied  1-0.1  mm/hr  within  the 
pressure  range  of  1- lOOTorr.  It  was 
reported  that  the  pinhole  and  etch  pit 
densities  increased  with  the  increase 
of  the  growth  rate  [2].  Thus  it  is 
suggested  that  the  growth  rate  has  an 
effect  on  the  generation  of  defects 
that  were  observed  in  figure  2  and  3. 


Fig.2  Cross-sectional  transmission  optical  micrograph  of 
the  grown  crystal. 
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Fig. 3  Optical  micrograph  of  the  region  grown  at  1  Torr 

(a)  transmission  polarized  image,  (b)  magnified  reflection  image. 


Impurity  Incorporation 

Impurity  concentrations  of  grown  crystals  were  analyzed  by  fluorescence  X-ray  spectroscopy. 
The  green  crystal  grown  on  the  C-face  as  well  as  the  dark  violet  crystal  grown  on  the  Si-face  were 
analyzed  to  examine  the  difference  between  them.  It  was  found  that  the  crystal  grown  on  the  the  Si- 
face  contained  much  more  A1  than  that  on  the  C-face.  The  concentrations  of  Fe  and  Ti  were  almost 
the  same  in  both  the  Si-face  and  the  C-face  growth.  SIMS  analysis  (Fig.4)  revealed  that  the  darker 
regions  grown  on  the  Si-face  at  lower  pressure  contained  more  A1  than  the  regions  grown  at  higher 
pressure  while  the  B  concentration  was  almost  the  same.  These  results  are  consistent  with  the 
report  [3]  that  focuses  on  the  relationship  between  color  and  the  A1  impurity.  The  results  show  that 
the  A1  incorporation  is  mainly  influenced  by  the  growth  pressure. 

In  the  similar  growth  experiments  as  shown  in  figure  2,  we  found  that  some  polycrystalline 
grains  showed  the  same  pattern  of  figure  2,  but  the  color  was  green.  This  means  that  crystals  grown 


on  near  to  the  C-face  incorporates  nitrogen 
impurity  more  at  lower  pressure  growth.  It 
seems  that  the  impurity  concentration  ^ 
increases  with  the  decrease  of  the  growth 
pressure  and/or  with  the  increase  of  the  o 
growth  rate.  However  it  has  been  reported  ^ 
that  the  nitrogen  incorporation  dose  not  \§ 
depend  on  the  growth  rate  [4]  and  another 
report  stated  that  the  nitrogen  concentration  8 
in  the  ingots  diminished  when  the  growth  8 
rate  increased  [1].  These  reports  suggest  that 
the  impurity  incorporation  is  not  directly  ^ 
related  to  the  growth  rate,  otherwise  our 
result  strongly  suggest  that  the  growth 
pressure  influences  the  impurity 
incorporation. 


Growth  pressure  (Torr) 


Although  the  reason  of  variation  of  the  A1  Fig.4  Dependence  of  A1,B  concentration  on 

growth  pressure  (grown  on  Si-face) 
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impurity  incorporation  was  explained  by  the  hermeticity  of  graphite  crucible  [2],  the  mechanism  of 
the  pressure  effect  is  not  clear.  In  step-controlled  epitaxy,  off-angle  of  the  substrate  has  an  effect  on 
the  impurity  incorporation  [5].  This  would  explain  that  the  number  of  steps  with  dangling  bonds 
determines  the  impurity  incorporation.  The  polytypic  dependence  of  impurity  incorporation  in 
sublimation  growth  was  explained  by  the  growth  surface  morphology  [6].  We  suggest  that  the  step 
structure  is  changed  by  the  growth  pressure  since  it  is  possible  that  the  flux  of  gas  species  and  the 
nucleation  on  the  surface  increase  when  the  growth  pressure  decreases.  Consequently,  an  increase 
of  the  step  density  could  enhance  the  impurity  incorporation.  As  an  another  consideration,  we  tried 
to  apply  a  ’’site-competition  epitaxy”  model  reported  in  CVD  growth  [7]  to  the  sublimation  growth. 
Our  calculations  showed  that  C/Si  ratio  was  constant  within  the  total  pressure  range  of  1-100  Torr. 
It  appeared  that  the  ’’site-competition  epitaxy”  model  could  not  explain  the  pressure  effect  on  the 
impurity  incorporation  within  our  experimental  setup. 

There  may  be  an  effect  of  the  impurity  incorporation  on  the  generation  of  the  defects  at  lower 
pressure.  From  the  technological  viewpoint,  the  growth  pressure  is  a  parameter  that  not  only 
directly  determines  the  growth  rate  but  also  the  crystal  quality. 

Conclusions 

The  effect  of  growth  pressure  on  the  impurity  incorporation  as  well  as  on  the  crystal  quality  was 
investigated  in  sublimation  growth  of  a  bulk  SiC  single  crystal.  It  was  found  that  many  voids  or 
precipitates  were  generated  in  grown  crystals  and  the  A1  impurity  incorporation  increased  during 
the  Si-face  growth  when  the  growth  pressure  decreased.  It  is  suggested  that  the  A1  impurity 
incorporation  is  related  to  the  change  of  the  step  structure  caused  by  the  growth  pressure. 
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Abstract 

The  incorporation  of  nitrogen  during  single  crystal  growth  of  silicon  carbide  via  the  vapour  phase  has 
been  studied  in  the  concentration  range  of  3-1 017  cm'3  <  cN  <  3T019  cm'3.  The  nitrogen  concentration 
was  measured  by  secondary  ion  mass  spectrometry  (SIMS)  and  the  net  doping  concentration  by 
capacitance- voltage  measurements  (CV).  In  general  with  increasing  the  ratio  N2/(N2+Ar)  the 
nitrogen  concentration  in  the  crystals  also  increases  resulting  in  a  function  of  the  square  root  of 
nitrogen  partial  pressure.  Furthermore  the  influence  of  the  seed  orientation  on  the  nitrogen  level  was 
investigated. 

Introduction 

Electronic  materials  require  definite  impurity  levels  for  their  technical  use.  In  general  the 
concentration  of  foreign  elements  in  a  ciystal  has  to  be  as  low  as  possible,  whereas  dopants  are  used 
to  adjust  the  electronic  properties.  In  6H-silicon  carbide  n-type  conductivity  is  most  often  achieved 
by  introduction  of  nitrogen  replacing  carbon  atoms. 

Although  the  nitrogen  concentration  can  be  adjusted  in  chemical  vapour  deposition  by  using  site 
competition  epitaxy  quite  well  [1],  there  is  still  a  lack  of  understanding  for  the  sublimation  technique, 
which  is  mainly  due  to  the  strong  coupling  of  growth  parameters.  Therefore  the  present  work 
focuses  on  the  nitrogen  concentration  in  dependence  of  the  nitrogen  partial  pressure. 

Experimental 

Different  experiments  have  been  performed  in  order  to  study  the  incorporation  of  nitrogen  during 
single  crystal  growth  of  silicon  carbide  via  the  vapour  phase.  This  growth  technique  is  commonly 
referred  to  as  modified  Lely  method  (MLM).  The  details  of  the  equipment  used  in  this  investigation 
has  been  described  elsewhere  [2].  Main  control  parameters  are  the  growth  temperature,  2100  °C  < 
Tseed,  source  <  2400  °C,  the  applied  total  pressure,  MO2  Pa  <  p  <  5103Pa,  and  the  temperature 
difference.  This  difference  between  the  measuring  points  at  the  top  and  at  the  bottom  of  the  growth 
assembly  is  only  a  rough  estimate  of  the  actual  temperature  gradient  in  front  of  the  growing 
interface.  Usually  the  crucible  is  made  of  graphite  and  therefore  it  is  easy  to  control  the  amount  of 
nitrogen  that  is  incorporated  into  the  growing  crystal  by  adding  certain  amounts  of  nitrogen  to  the 
inert  gas  ambient. 

6H  single  crystals  of  1"  diameter  have  been  grown  on  6H-seeds  of  (0001)Si  and  (000 1)C  orientation. 
The  nitrogen  partial  pressure  was  varied  in  the  range  of  0  <  [N2/(N2+Ar)]  <  0.3.  In  order  to  minimize 
changes  of  different  growth  runs,  experiments  have  been  done  using  a  dual-seed  method,  because 
crystal  growth  at  high  temperatures  often  suffers  from  reproducibility  [3]. 
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Results  and  discussion 

In  a  first  growth  experiment  the  nitrogen  concentration  dependent  on  the  nitrogen  partial  pressure 
was  investigated.  Several  nitrogen  to  argon  ratios  have  been  used  and  these  ratios  have  been  adjusted 
repeatedly  for  the  determination  of  the  growth  time  effect.  A  6H  single  crystal  was  grown  on  both 
the  (0001  )Si  as  well  as  the  (000 1)C  face  although  on  the  C-face  polytype  inclusions  were  often 
observed. 

The  nitrogen  concentration  measured  by  SIMS  was  in  the  range  from  4T0  cm'  to  3T0  cm' .  In 
Fig.  1  data  are  presented. 


Fig.  1:  Nitrogen  concentration  and  N2/(N2+Ar)  ratio  as  a  function  of  growth  time,  solid  symbols  for 
(0001)Si  and  open  symbols  for  (000 1)C 

On  the  (000 1)C  face  more  nitrogen  is  incorporated  than  on  the  (0001)Si  face.  This  is  due  to  the  fact, 
that  nitrogen  replaces  for  the  carbon  atom.  Commonly  nitrogen  incorporation  is  believed  to  occur  at 
step  sites  of  the  growing  surface  because  step  flow  is  the  dominant  growth  mechanism  [5].  The 
surface  consists  of  several  bilayers  and  consequently  it  is  assumed,  that  the  impurity  is  preferentially 
incorporated  to  the  topmost  layer.  The  nitrogen  concentration  in  the  C-face  grown  crystal  is  twice  as 
high  that  grown  on  the  Si-face.  With  growth  time  there  is  a  slight  decrease  in  concentration,  which 
can  be  attributed  to  the  increasing  interface  temperature  and  therefore  the  change  in  the  Si/C  ratio. 
The  growth  rate  was  approximately  constant  for  the  undoped  regions  and  strongly  dependent  on  the 
supply  of  nitrogen  to  the  growth  atmosphere.  In  case  of  intentional  doping  the  growth  rate  decreases 
by  a  factor  of  2.  The  nitrogen  content  in  the  crystal  is  roughly  proportional  to  the  square  root  of  its 
partial  pressure  [4].  However  a  fit  of  the  data  in  the  high  concentration  range  shows  that  the 
exponent  is  somewhat  lower  than  0.5  suggesting  a  complex  adsorption  mechanism  for  nitrogen  on 
silicon  carbide  surfaces  during  sublimation  growth  (fig.  2). 

A  second  set  of  experiments  was  done  in  the  nitrogen  concentration  range  below  4T018  cm'3.  During 
these  growth  runs  the  nitrogen  partial  pressure  was  either  kept  constant  to  evaluate  the  axial  and 
radial  distribution  or  varied  as  in  the  previous  experiments. 
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Fig.  2:  Nitrogen  concentration  versus  nitrogen  to  argon  ratio,  6H  single  crystal  growth  on  (0001)Si 
and  (000 1)C  face,  SIMS  analysis 

The  data  measured  by  SIMS  reveal  a  change  in  concentration  with  crystal  length  and  therefore  with 
growth  time  (fig.  3).  Good  agreement  was  found  between  SIMS  and  C-V  data,  which  gave  a  similar 
decrease  in  nitrogen  concentration.  Although  a  relatively  high  correlation  of  0.92  has  been  found,  the 
C-V  always  yields  lower  values.  However  this  may  be  explained  by  the  error  limit  of  the  two 
methods  applied,  which  is  in  the  range  of  10%  for  the  absolute  values.  Compensation  effects  can  be 
excluded,  since  the  level  of  background  impurities  is  well  below  1T017  cm'3  [6]. 


Fig.  3:  Axial  distribution  of  nitrogen  along  the  c-axis  in  6H-SiC 
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radius  (mm) 

Fig.  4:  Radial  distribution  of  nitrogen  measured  across  a  (OOOl)-wafer  (SIMS) 

The  radial  nitrogen  distribution  was  measured  perpendicular  to  the  c-axis  on  several  wafers.  The 
maximum  value  of  all  wafers  is  2.1-1018  cm"3  and  the  minimum  one  1 .04  - 1018  cm"3  indicating  that  the 
variation  across  the  radius  and  with  growth  time  is  quite  low.  As  an  example  one  wafer  is  shown 
exhibiting  a  standard  deviation  of  10.8  %  (fig.  4). 

Conclusions 

C-V  measurements  are  in  good  agreement  with  SIMS  analysis  in  terms  of  nitrogen  in  the 
concentration  range  3 *  1 01 7  cm’3  <  Cn  <  5*1018  cm"3.  Highly  homogeneous  6H-SiC  wafers  can  be 
produced  by  the  sublimation  technique  with  a  standard  deviation  lower  than  16%  for  the  whole 
crystal. 
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Abstract  :  The  vaporization  behavior  of  SiC  has  been  analyzed  by  high  temperature  mass 
spectrometry  with  single  and  multiple  Knudsen  effusion  cells.  The  vaporization  of  SiC  is  kinetically 
hindered  and  can  be  described  by  evaporation  coefficients.  These  coefficients  have  been  determined 
for  the  four  major  gas  species:  Sii(g),  Si2C(g),  SiC2(g)  and  Si2(g)  in  the  temperature  range  from 
1700°C  to  2050°C.  Metallic  Ta  in  contact  with  SiC  reacts  to  TaC.  The  evaporation  coefficients  are 
slightly  higher  in  the  presence  of  Ta  and  the  vaporization  is  less  time  dependent  which  could 
explain  literature  information  on  higher  growth  rates  in  the  presence  of  Ta  in  the  PVT  process. 

Introduction 

Semiconducting  SiC  is  a  promising  material  for  high  temperature  and  power  device  applications. 
However,  the  lack  of  large  area  substrates  of  good  quality  with  low  defect  densities  are  the  major 
drawback  for  a  further  development.  The  standard  growth  procedure  to  obtain  SiC  single  crystals  is 
the  physical  vapor  transport  (PVT)  process  by  the  modified  Lely  method  [1].  Highly  pure  SiC 
powder  is  sublimated  in  a  semi-closed  graphite  crucible  under  Ar  atmosphere  and  recondensed  on  a 
seed  crystal.  The  temperature  range  of  the  sublimation  is  2400°C-2650°C  with  a  typical  gradient  of 
10°C/mm  towards  the  single  crystal  surface.  Because  of  the  high  temperature  conditions,  direct 
measurement  or  control  of  the  process  conditions  inside  the  crucible  is  difficult.  Numerical 
modeling  of  the  sublimation  is  therefore  the  only  way  to  provide  additional  information  to  the 
experimental  knowledge.  During  the  last  5  years,  significant  progress  has  been  made  in  this  field 
(see  e.g.  a  recent  review  by  Pons  et  al.  [2]).  Such  a  modeling  effort  is  primarily  motivated  by  the 
need  of  a  better  control  of  the  local  temperature  field  inside  the  crucible,  an  environment  of  strong 
thermal  radiation.  The  computed  temperature  distribution  can  help  to  quantitatively  obtain  the 
growth  history  in  relation  to  process  parameters  and  geometry.  Global  heat  transfer  phenomena  are 
mainly  studied  and  must  include  conduction,  convection,  radiation  and  induction  heating  as  well  as 
the  heats  of  crystallization  and  sublimation  at  the  crystal-vapor  and  the  source-vapor  interfaces. 
Nevertheless  the  simple  simulation  of  heat  transfer  alone  does  not  directly  allow  the  determination 
of  the  growth  rate  and  the  shape  of  the  growing  crystal.  This  can  only  be  achieved  by  combining 
mass  transfer  to  local  thermodynamic  equilibrium  or  kinetic  calculations  for  a  given  temperature 
distribution  inside  the  growth  cavity.  In  order  to  obtain  good  quantitative  agreement,  the  precision 
of  the  underlying  material  properties,  especially  the  thermal  conductivity  of  all  reactor  material  parts 
as  well  as  the  vaporization  and  condensation  behavior  of  the  SiC  source  powder  is  crucial. 

The  vaporization  of  silicon  carbide  possesses  several  peculiarities.  The  thermodynamic  data  for  Si  - 
C  solid  and  gaseous  species  have  been  critically  assessed  recently  [3].  Sii(g),  Si2C(g),  SiC2(g), 
Si2(g)  and  C3(g)  has  been  identified  as  main  gas  species  present  over  solid  SiC  at  high  temperature. 
For  temperatures  below  2700°C,  the  evaporation  of  SiC  is  not  congruent,  i.e.  the  powder  looses 
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more  Si  than  C  leading  to  an  aging  of  the  source  and  graphitization  [4,5].  A  second  point  to  mention 
is  the  fact  that  one  never  reaches  the  equilibrium  pressure  given  by  theoretical  calculations  using  the 
optimized  thermodynamic  data.  The  vaporization  is  always  retarded  due  to  kinetic  barriers.  These 
kinetic  barriers  -  or  hindered  vaporization  reactions  -  can  be  evaluated  by  introducing  evaporation 
and  condensation  coefficients  in  the  Hertz-Knudsen  flows  at  the  surface  of  the  SiC  crystal.  These 
coefficients  are  usually  determined  by  thermogravimetry  or  torsion-effusion  experiments  as 
summarized  for  SiC  in  [6]  and  thus  they  correspond  to  the  total  vaporization  rate  as  referred  to  the 
maximum  rate  at  equilibrium. 

The  purpose  of  this  study  is  the  determination  of  the  evaporation  coefficients  of  Sii(g),  Si2C(g), 
SiC2(g)  and  Si2(g)  by  high  temperature  mass  spectrometry  as  a  function  of  temperature.  The 
experimental  evidence  in  the  literature  that  the  presence  of  tantalum  could  lead  to  higher  growth 
rates  is  verified  by  the  same  technique  and  the  results  will  be  discussed. 

Experimental 

The  vaporization  behavior  of  SiC+C,  SiC+Ta+C  and  SiC+TaC+C  powder  mixtures  has  been 
studied  by  conventional  single  and  multiple  Knudsen  effusion  cells.  Most  of  the  quantitative  results 
have  been  achieved  in  the  multiple  cell  configuration,  the  single  cell  was  only  used  for  qualitative 
experiments.  The  cells  themselves  have  been  made  of  high  purity  dense  graphite  (SGL  TECHNIC 
S.A.,  purity  IG1 1)  with  an  inner  diameter/height  of  16  mm  and  an  orifice  opening  varying  from  1.5 
to  3  mm  for  a  lid  thickness  of  1  or  2  mm.  The  high  purity  SiC  powder  (NORTON  purity  HP  100F) 
has  a  standard  grain  size  of  100  [im.  The  grain  size  of  TaC  (ALFA,  99.5%)  was  in  the  order  of  325 
mesh.  For  the  cells  with  tantalum,  a  piece  of  metallic  foil  has  been  added  along  the  cell  walls.  The 
SiC  and  C  materials  used  in  this  study  are  identical  with  the  ones  used  in  the  single  crystal  growth 
by  the  physical  vapor  transport  method  [2].  The  molecular  flow  coming  from  the  cells  has  been 
analyzed  by  high  temperature  mass  spectrometry.  Details  of  the  complete  experimental  setup  as  well 
as  the  measuring  procedure  are  given  elsewhere  [7,8].  Four  graphite  cells  are  symmetrically  packed 
inside  a  tantalum  holder  and  heated  by  resistance  heating.  The  temperature  of  the  effusion  cells  has 
been  varied  stepwise  in  the  range  from  1700°C  to  2050°C.  The  temperature  measurement  has  been 
performed  by  a  monochromatic  pyrometer  through  a  long  hole  drilled  in  the  bottom  part  of  the 
tantalum  block.  Standard  corrections  are  made  for  the  window  transmission. 

Identification  of  the  gaseous  species  in  the  vapor  cell  was  made  by  analyzing  the  ionization 
efficiency  curves  and  the  isotopic  distribution  of  the  ions.  Every  load  (SiC+C,  SiC+Ta+C  and 
SiC+TaC+C)  has  been  measured  twice  in  the  given  temperature  interval  with  a  total  heating  time  of 
3h  per  run  at  high  temperature  (30  min  per  temperature  for  4  cells  and  4  analyzed  species,  total 
measuring  time  8h)  to  monitor  additionally  the  aging  behavior  of  the  powder  mixtures.  The  shape  of 
the  crystals  as  well  as  the  chemical  composition  of  the  remaining  powder  after  the  two  runs  have 
been  analyzed  by  scanning  electron  microscopy  coupled  to  EDX. 

The  calculation  of  evaporation  coefficients  for  powder  samples  is  based  on  earlier  work  by 
Whitman  [9]  and  Motzfeld  [10]: 

Peq  =  (1 -sC/Aka)  Pm  (1) 

with  s:  orifice  area,  C:  Clausing  coefficient.  A:  vaporization  cross  section,  Peq,  Pm: 
equilibrium/measured  pressure  and  k:  coefficient  equal  to  the  ratio  of  the  effective  vaporization 
area  A'  of  the  porous  solid  to  the  cross  section  A  of  the  cell.  For  powders,  k  is  normally  within  the 
range  1  <  k  <  3.29  [11].  Usually,  for  different  experiments  conducted  with  different  orifice  sizes,  Peq 
can  be  deduced  by  extrapolation  and  1/ka  is  calculated  from  the  slope  [10].  In  the  case  of  multiple 
cells,  the  a  or  ka  values  can  be  determined  directly  from  the  ionic  intensity  ratios  between  two  cells 
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with  different  orifices.  More  details  on  the  calculation  procedure  and  the  theoretical  background  are 
given  in  [5]. 

Results  and  Discussion 

The  measured  ka  values  for  Sii(g),  Si2C(g),  SiC2(g)  and  Si2(g)  for  the  mixtures  SiC+C  and 
SiC+TaC+C  are  summarized  and  compared  to  literature  values  in  table  1.  For  all  species,  the 
temperature  dependence  in  the  measured  temperature  range  are  within  the  experimental  scatter  and 
therefore  a  mean  value  has  been  calculated. 


Table  1:  Measured  values  of  the  evaporation  coefficient  ka  as  compared  to  literature  data. 


Mixture 

Gas  species 

ka  (1st  run  /  2nd  run) 

Reference 

SiC+C 

Sii(g) 

0.052/0.019 

this  work 

0.033  -  0.038 

[3] 

Si2C(g) 

0.010  -  0.050 

[3] 

SiC2(g) 

0.080/0.020 

this  work 

0.017-0.067 

[3] 

SiC+TaC+C 

Sii(g) 

0.077  /  0.070 

this  work 

Si2C(g) 

0.010/0.025 

this  work 

SiC2(g) 

0.079/0.077 

this  work 

Si2(g) 

0.010/0.040 

this  work 

For  the  SiC+C  powder  mixture,  the  determined  ka  values  are  in  good  agreement  with  the  values 
reported  by  Rocabois  et  al.  [3].  A  noticeable  difference  is  however  observed  between  the  two  runs. 
The  values  in  the  first  run  are  distinctively  higher  than  those  in  the  second  run  which  means  that  the 
pressures  are  getting  smaller  in  time  for  a  given  temperature.  The  analysis  of  the  remaining  powder 
reveals  that  the  shape  of  the  grains  did  not  change.  No  sintering  is  observed  but  the  surface  of  the 
grains  has  a  higher  carbon  content.  The  diffusion  of  Si  atoms  towards  the  grain  surface  seems 
therefore  to  be  a  supplementary  limiting  step  in  the  vaporization  process.  A  calculation  of  ka  for 
Si2(g)  was  not  possible  .  The  values  are  close  to  the  intrinsic  limit  of  the  method  (ka  <  10"4) 
leading  to  negative  calculated  values  without  any  physical  meaning.  By  plotting  the  logarithm  of  the 
ionic  intensity  as  a  function  of  1/T  a  distinct  change  of  the  slope  proportional  to  an  enthalpy  change 
is  observed  at  a  temperature  around  1950°C.  Two  explanations  are  possible:  a  phase  transformation 
of  the  SiC  powder  (a  to  p)  with  different  vaporization  behavior  or  the  faster  vaporization  of  the 
species  compared  to  their  diffusion  through  the  bulk  material.  Because  the  enthalpy  of 
transformation  from  a  to  p  is  rather  small  [12]  the  expected  change  in  slope  should  also  be  small 
which  is  not  the  case.  Therefore  the  second  explanation  is  favored.  The  calculated  enthalpies  of 
vaporization  from  the  lower  temperature  values  are  in  reasonable  agreement  with  the  literature  data 
[12]. 

In  the  case  of  the  SiC+TaC+C  mixture,  the  ka  values  are  slightly  higher.  The  most  notable 
difference  is  the  behavior  in  time.  Even  after  2  complete  runs,  the  vaporization  coefficients  for  the 
different  species  remain  constant  or  even  increase.  TaC  is  known  to  be  non-stoichiometric  with  a 
homogeneity  range  of  a  few  percent.  This  homogeneity  range  could  have  an  influence  on  the 
vaporization  behavior  at  the  SiC-TaC  interface  due  to  the  capacity  of  TaC  to  absorb  C  up  to 
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saturation.  This  stabilizes  the  vaporization  and  leads  to  higher  growth  rates  in  the  PVT  process  as 
already  observed  in  the  literature  [13].  The  behavior  in  the  SiC+Ta+C  mixture  is  similar  but  time 
retarded  due  probably  to  the  prior  formation  of  TaC  (the  Ta  foil  turned  yellow  which  is  the 
characteristic  color  for  TaC). 

Conclusion 

The  vaporization  behavior  of  SiC  has  been  studied  by  high  temperature  mass  spectrometry  from 
1700°C  to  2050°C.  The  main  species  identified  in  the  gas  phase  are  Sii(g),  Si2C(g),  SiC2(g)  and 
Si2(g).  The  vaporization  coefficients  ka  have  been  determined.  The  vaporization  is  kinetically 
hindered  and  the  theoretical  equilibrium  pressures  are  never  achieved.  The  vaporization  of  SiC  is 
not  congruent.  The  values  for  ka  decrease  with  time  due  to  the  graphitization  of  the  SiC  grains.  The 
influence  of  a  tantalum  addition  has  been  investigated.  The  evaporation  coefficients  are  slightly 
higher  and  the  vaporization  is  less  time  dependent.  These  coefficients  can  now  be  included  in 
coupled  thermodynamic/mass  transport  calculations  to  simulate  the  SiC  bulk  growth  process  by  the 
PVT  method  for  better  quantitative  agreement. 
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Abstract  In  this  paper  the  shape  evolution  of  SiC  source  and  seed  is  studied  with  simulations.  Some 
basic  geometries  and  temperature  distributions  are  investigated.  Also  the  condition  for  stable  growth 
is  discussed. 


Introduction 

The  controlling  of  the  crystal  shape  is  important  in  the  sublimation  growth  of  SiC.  The  shape 
affects  the  stress  distribution  and  defect  formation  in  the  growing  crystal.  It  may  also  influence 
the  local  growth  rate  and  thereby  cause  morphological  instability. 

In  this  paper  we  use  simulations  to  study  the  growth  morphology  from  a  macroscopic  point 
of  view.  The  growth  profile  is  assumed  to  be  defined  by  the  mass  transport  which  is  obtained 
by  solving  the  diffusion  equation  coupled  with  equilibrium  chemistry  [1].  Calculations  are  per¬ 
formed  for  some  elementary  geometries  with  predefined  temperature  distributions.  The  seed  is 
colder  than  the  source  which  generates  a  flux  from  the  source  to  the  seed.  This  flux  defines  the 
local  growth  and  sublimation  rates.  In  the  calculations  we  assume  equilibrium  with  condensed 
SiC  and  carbon  at  the  source  and  equilibrium  with  condensed  SiC  at  the  seed.  In  the  gas  phase 
only  the  three  main  species  are  considered;  SiC2,  S^C  and  Si. 


Growth  Shape 

In  an  ideal  case  the  source  and  seed  are  horizontal  and  their  temperatures  are  uniform.  This 
makes  the  problem  essentially  one-dimensional;  thus  the  crystal  grows  evenly  and  the  source 
is  uniformly  consumed.  In  practice  one-dimensional  mass  transport  may  be  be  broken  either 
by  geometry  or  by  temperature  distribution.  If  the  size  of  the  seed  is  smaller  in  radius  than 
the  cavity,  the  growth  at  the  seed  edges  is  favored,  as  shown  in  Fig.  1.  Large  fluxes  at  the 
edges  is  an  intrinsic  property  of  the  Laplace  equation.  Even  if  the  size  of  the  source  is  reduced 
correspondingly  the  edge  effect  remains,  and  is  also  seen  at  the  source. 

The  source  and  the  seed  do  not  have  to  be  horizontal.  Large  boules  have  been  grown  using 
vertical  sources.  The  smaller  the  source-to-seed  distance  the  more  the  growth  is  favored  at  the 
seed  edge  as  shown  in  Fig.  2.  Even  growth  may  be  nearly  reproduced  if  the  temperature  of  the 
source  depends  linearly  on  the  axial  coordinate  as  depicted  in  Fig.  3.  When  the  height  of  the 
source  is  reduced  growth  near  the  edges  increases. 

The  seed  and  the  source  do  not  need  to  be  planar.  Fig.  4  shows  the  mass  flux  for  cylindrical 
and  spherical  seeds.  In  all  the  cases  the  horizontal  source  is  at  constant  temperature.  The 
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Fig.l.  Mass  flux  resulting  from  a  smaller  seed  at  the  top.  On  the  left  the  source  at  the  bottom  is  large 
and  in  the  right  it  is  of  the  same  size  with  the  seed. 


Fig.  2.  Mass  flux  in  three  different  cases  with  varying  source  height  (R,  1.5 R  and  1.8 R).  In  each  case 
the  seed  at  the  top  and  the  source  on  the  right  have  uniform  temperatures. 


growth  rate  over  the  seed  surface  varies  with  position  and  therefore  the  shape  of  the  crystal 
changes  with  time.  If  the  seed  and  source  have  uniform  temperatures  only  some  specific  shapes 
will  be  maintained.  The  axial  and  spherical  symmetries  have  this  property.  The  latter  geometry 
is,  however,  not  practical  to  implement. 

Sometimes  it  may  be  even  desirable  that  the  shape  is  not  maintained.  For  example,  the 
crystal  diameter  may  be  increased  by  a  convex  growth  front  [2].  Fig.  5  presents  the  flux  arising 
from  linear  temperature  distributions  for  the  seed.  If  the  temperature  is  lower  at  the  center  the 
growth  front  will  eventually  turn  convex  and  correspondingly,  if  the  temperature  is  lower  at 
the  edge  the  growth  front  will  become  concave. 

The  calculations  show  that  the  ideal  one-dimensional  growth  may  be  broken  either  by  tem¬ 
perature  distribution  or  by  geometry.  However,  for  each  geometry  there  exists  a  temperature 
profile  that  leads  to  even  growth.  For  example,  the  edge  effect  on  a  small  seed  may  be  canceled 
by  a  carefully  tuned  temperature  distribution. 

Consider  the  case  with  a  small  seed.  If  the  temperature  difference  is  constant  the  growth 
rate  has  the  maximum  value  at  the  seed  edge  and  decays  closely  exponentially  to  the  origin. 
This  suggests  that  a  uniform  growth  rate  might  result  from  an  exponential  temperature  profile 

/  ebr/R_1\ 

Tc{r)=Ta-AT,(l+ae-^-±y  (1) 

The  dimensionless  parameters  a  m  0.4  and  b  «  3.0  were  found  with  manual  iterations.  The 
original  and  transformed  fluxes  are  shown  in  Fig.  6.  The  delicate  tuning  of  the  temperature 
profile  is  very  difficult.  This  is  a  strong  argument  for  simple,  one-dimensional  designs. 
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Fig.3.  Mass  flux  in  three  different  cases  with  varying  source  height  (2 R,  R  and  R/ 2).  In  each  case 
the  seed  at  the  top  has  a  constant  temperature  and  the  source  on  the  right  has  a  linear  temperature 
distribution. 


(a)  (b)  (c)  (d) 


Fig.4.  Mass  flux  at  the  active  surfaces  with  cylindrical  and  spherical  seeds.  In  (a)  and  (c)  the  tem¬ 
perature  over  the  seed  is  constant  and  in  (b)  and  (d)  it  depends  linearly  on  z. 
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Fig. 5.  Mass  flux  with  linear  temperature  distributions.  The  temperature  of  the  source  is  constant  and 
the  temperature  difference  is  ATq(2  +  r/R)  on  the  left  and  ATq(3  —  r/R)  on  the  right. 


Fig.6.  Mass  flux  at  analytical  temperature  distributions.  On  the  left  the  temperature  difference  is 
constant  and  on  the  right  it  is  obtained  from  ^To(l  +  a(ebr^R  —  l)/(eb  -  1)),  where  a  —  0.4  and 
b  =  3.0. 
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Growth  Stability 


The  previous  examples  show  the  mass  fluxes  resulting  from  continuous  temperature  profiles  and 
reactive  surfaces.  Fluctuations  in  temperature  or  shape  may,  however,  lead  to  growth  instability. 

Using  simple  analytical  formulas  [3]  we  may  speculate  what  happens  when  a  step  is  imposed 
on  the  crystal  surface.  In  order  to  have  stable  growth,  the  trailing  part  must  catch  up  with  the 
step.  This  happens  if  the  temperature  gradient  inside  the  seed  is  larger  than  the  one  between 
the  seed  and  source.  This  leads  to  a  condition  for  the  thermal  conductivity  of  the  seed  nc.  The 
condition  for  stable  sublimation  is  that  the  temperature  gradient  within  the  source  ks  is  smaller 
than  the  one  between  the  source  and  seed.  Combining  these  requirements  we  obtain 


nc  < 


4e 

2  —  e 


< tsbTsL  <  K 


Si 
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where  €  is  the  emissivity  and  L  the  source-to-seed  distance.  This  rough  condition  tells  that  in 
the  one-dimensional  case  stable  growth  and  stable  sublimation  are  not  simultaneously  possible 
because  always  k$  <  kc.  Usually  the  condition  for  stable  sublimation  is  much  more  difficult  to 
meet  which  may  be  seen  in  the  degradation  of  the  source  material.  We  were  able  to  reproduce  the 
instability  of  the  source  using  a  novel  level-set  method.  In  the  simulations  numerical  fluctuations 
was  the  seed  for  positive  feedback  resulting  to  holes  and  islands  being  created  in  the  source. 


Conclusions 

The  simulations  could  explain  some  experimental  observations  relating  temperature  profiles, 
size  and  location  of  seed  and  source  as  well  as  their  shapes.  There  are  however  some  simpli¬ 
fications  that  limit  the  accuracy  of  the  model.  The  walls  are  assumed  to  be  inert  which  is  an 
extreme  case.  In  reality  this  is  not  quite  true  because  the  graphite  may  act  as  a  carbon  source 
or  amorphous  SiC  may  start  to  grow  on  the  walls.  Also  the  surface  diffusion  and  the  growth 
mechanism  may  have  a  damping  effect  on  the  growth  shape.  Thus,  the  growth  shape  is  not  as 
pronounced  as  suggested  by  the  calculations. 
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Abstract 

Numerical  simulation  of  sublimation  SiC  bulk  single  crystal  growth  was  performed. 
Electromagnetic  and  temperature  fields  in  a  growth  furnace  were  analyzed  numerically.  The 
relation  between  grown  crystal  shape  and  temperature  distribution  in  a  growth  cavity  was  discussed. 
It  is  pointed  out  that  the  crystal  shape  has  a  close  relationship  with  temperature  distribution.  By 
modifying  the  crucible  design  and  temperature  distribution  in  a  growth  cavity,  it  is  possible  to 
enhance  the  enlargement  of  grown  crystal,  and  also  possible  to  keep  grown  surface  flat. 

Introduction 

In  order  to  realize  the  power  devices  with  SiC,  it  is  necessary  to  develop  a  large  and  high  quality 
SiC  bulk  crystal.  With  respect  to  the  crystal  enlargement  in  a  diameter,  Koga,  et.al.  reported  the 
degree  of  extension  in  the  a-axis  of  the  grown  crystalfl].  Madar,  et.al.  discussed  it  with  taking 
account  of  the  nucleation  steps  [2].  In  order  to  grow  high  quality  crystal,  it  was  suggested  that 
grown  surface  should  be  kept  flat[3].  It  was  also  suggested  that  temperature  distribution  in  a 
grown  crystal  affects  its  quality[4,5].  Furthermore,  sublimation  growth  is  time-dependent  and 
closed  process.  So,  it  is  important  to  understand  the  phenomena,  which  occurred  in  a  crucible. 
From  these  points  of  view,  a  lot  of  works  have  done  by  numerical  simulation[6-9].  However,  there 
are  still  problems  that  must  be  solved.  In  this  paper,  the  temperature  distribution  in  a  growth 
cavity  (space  between  crystal  and  source)  was  analyzed  numerically  and  compared  with  experiment. 
The  correlation  between  crystal  shape  and  temperature  distribution  in  a  growth  cavity  was  obtained. 
It  is  pointed  out  that  it  is  possible  to  control  the  grown  crystal  shape  by  modifying  the  temperature 
distribution  in  a  growth  cavity. 

Numerical  Simulation 

The  configuration  of  numerical  modeling  was  based  on  the  conventional  RF  induction-heating 
furnace  that  we  used  in  our  experiments.  Experimental  conditions  were  described  in  ref  [10-13]. 
With  taking  account  of  the  grown  crystal  shape  during  experiments,  electromagnetic  and  thermals 
field  were  analyzed  for  each  time  step  by  finite  element  method.  It  means  that  temperature 
distribution  in  a  growth  cavity  was  analyzed  with  taking  account  of  grown  crystal  shape  at  each 
time  step.  Temperature  at  the  top  of  graphite  crucible  was  monitored  as  correlation  parameter 
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between  simulation  and  experiment.  Since  convective  heat  and  mass  transfer  could  be  neglected 
in  our  experimental  conditions,  the  equation  for  momentum  transfer  was  not  considered. 
Numerical  procedures  were  described  in  detail  elsewhere [7]. 

Results  and  Discussions 


Heat  transfer  in  a  growth  cavity 

With  respect  to  the  heat  transfer  in  a  growth  cavity  which  is  a  gas  region  in  a  crucible,  (a)both 
radiation  and  conduction  transfer,  (b)radiation  transfer  without  conduction,  and  (c)conduction 
transfer  without  radiation,  were  considered.  Temperature  distribution  of  case  (a)  is  similar  to  that 
of  case  (b),  and  differs  from  case  (c).  It  is  confirmed  that  radiation  transfer  is  dominant  in  a 
growth  cavity.  But  conductive  transfer  still  has  a  weak  effect  on  the  temperature  distribution. 
Then  both  radiation  and  conduction  transfer  were  considered  in  the  following  discussions. 


Shape  of  Grown  Crystal 

Fig.l  shows  the  numerical  results  of  temperature  distribution  in  a  growth  cavity  with  conventional 
crucible  at  each  time  step.  During  the  experiment,  the  temperature  at  the  top  of  graphite  crucible, 
which  was  measured  by  pyrometer,  was  kept  constant.  But  the  temperature  distribution  in  a 
growth  cavity  changed  as  crystal  grew.  In  the  experiment,  single  crystal  enlarged  rapidly 


Crystal  gro\w 


Source  surface 


Fig.l  Numerical  results  of  temperature  distribution  in  a  growth  cavity 
with  conventional  crucible  at  each  time  step  ■ - 


in  diameter  at  the  initial  stage.  This 
enlargement,  however,  slacked  as  crystal  grew. 
Furthermore,  a  crystal  growth  rate  decreased  as 
crystal  grew  in  experiments.  Fig.2  shows  a 
numerical  results  of  the  vertical  temperature 
difference  (A Tv)  between  grown  surface  and 
source  surface  at  the  center  of  crucible,  and 
horizontal  temperature  difference  (  A  Th) 
between  the  rim  of  single  crystal  region  on  the 
grown  surface  and  the  crucible  at  the  same 
vertical  position,  during  the  growth.  There  is 
a  correlation  between  a  crystal  diameter  and 
the  temperature  differences  in  a  cavity.  As 
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Grown  crystal  length  [mm] 

Fig.2  Numerical  results  of  vertical  and 


horizontal  temperature  differences 
in  a  growth  cavitv 
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crystal  grew,  horizontal  temperature  difference  decreased,  and  enlargement  slacked  gradually  in 
experiments.  For  the  enlargement,  it  is  necessary  to  keep  a  large  temperature  difference  and  a 
large  temperature  gradient  parallel  to  a-axis.  Furthermore,  as  crystal  grew,  the  vertical 
temperature  difference  decreased.  This  is  the  reason  for  decreasing  the  growth  rate  in  experiment. 

Design  for  rapid  enlargement 

Bhang,  et.al.  proposed  to  use  a  taper-lid  crucible  to  achieve  a  rapid  enlargement.  They  discussed 
the  suppression  of  re-sublimation  of  grown  crystal  to  backwards  by  taper-lid.  Fig.3  shows  the 
temperature  distribution  in  a  growth  cavity  with  taper-lid  crucible,  and  Table  1  shows  the 
comparison  of  temperature  difference  between  taper-lid  and  convectional  crucibles.  From  these 
results,  it  was  shown  that  taper-lid  not  only  suppresses  re-sublimation,  but  also  makes  large 
horizontal  temperature  difference,  and  enhances  the  growth  in  diameter.  These  effects  make  rapid 
enlargement  possible. 


Source  surface 


Fig.3  Temperature  distribution  in  a 
growth  cavity  with  taper-  lid 
crucible 


Table  1  Comparison  of  temperature 
difference  for  conventional 


and  taper- lid  crucib 

e 

ATH 

ATV 

Conventional 

crucible 

30K 

50K 

Taper- lid 
crucible 

60K 

55K 

Radial  position  [mm] 


Fig.5  Temperature  distribution  on  the 
seed  surface  of  both  conventional 
and  inner-cone  crucible 


Fig.4  Temperature  distribution  of 
inner-  cone  cr  uc  ib  le 


102 


Silicon  Carbide  and  Related  Materials  - 1999 


Design  for  flat  grown  surface 

Fig.4  shows  the  temperature  distribution  with  inner-cone  crucible,  and  Fig.5  shows  the  temperature 
distribution  on  the  seed  surface  of  both  conventional  and  inner-cone  crucible.  The  temperature 
uniformity  of  inner-cone  crucible  was  much  better  than  that  of  conventional  crucible.  Then  it 
might  be  possible  to  get  flat  grown  surface  with  inner-cone  crucible.  This  effect  was  confirmed  by 
the  experiment[12,13]. 

Conclusion 

Temperature  distribution  in  a  growth  cavity  was  analyzed  numerically  and  compared  with 
experiment;  The  correlation  between  grown  crystal  shape  and  temperature  distribution  in  a  growth 
cavity  was  obtained.  It  is  concluded  that  it  is  possible  to  control  the  grown  crystal  shape  by 
modifying  the  temperature  distribution  in  a  growth  cavity. 
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Abstract.  We  investigated  the  rapid  enlargement  of  SiC  single  crystal  during  physical  vapor 
transport  growth  by  enhancing  the  lateral  growth.  The  degrees  of  enlargement  of  the  single  crystals 
grown  on  the  newly  developed  graphite  lid  were  larger  than  those  of  crystals  grown  on  the 
conventional  one.  Using  a  cone-shaped  platform,  the  polycrystals  grown  around  the  single  crystal 
could  assist  the  lateral  growth  of  single  crystal.  There  was  no  significant  difference  between  the 
central  region  and  the  enlarged  region  as  far  as  the  micropipe  density  was  considered.  The 
dependence  of  the  broadening  angle  (P)  of  the  single  crystal  on  the  taper  angle  (0)  of  the  cone- 
shaped  platform  was  also  investigated  and  an  optimum  angle  at  a  given  growth  condition  was 
found. 


Introduction 

Recent  research  on  silicon  carbide  (SiC)  single  crystal  growth  has  shown  great  improvement, 
especially,  on  the  reduction  of  micropipe  density  [1].  However,  the  size  is  insufficient  and  it  is 
difficult  to  enlarge  the  single  crystal  until  now.  Rapid  enlargement  of  the  single  crystal  is  an 
important  technology  for  the  realization  of  commercial  SiC-based  electronic  devices.  Physical 
vapor  transport  (PVT)  growth  systems  using  rf-induction  heating  have  a  radial  temperature 
gradient  as  well  as  axial  one.  This  radial  temperature  gradient  is  a  driving  force  for  enlargement  of 
single  crystal.  Attempts  to  enlarge  the  diameter  of  single  crystal  ingot  by  controlling  the  lateral 
temperature  gradient  had  been  reported  [2].  In  PVT  growth  of  SiC  single  crystals,  a  crucible  larger 
than  the  seed  crystal  is  used  in  order  to  enlarge  the  single  crystal  ingots.  Single  crystal  grows  in 
conjunction  with  polycrystals,  started  simultaneously  when  a  larger  crucible  than  the  seed  crystal 
diameter  is  used.  Therefore,  it  is  necessary  to  control  the  growth  rates  of  both  the  single  crystal  and 
the  polycrystal  for  enlargement  of  the  single  crystal.  Tairov  [3]  reported  that  an  optimum  ratio  of 
the  growth  rate  of  single  crystal  (Vs)  and  that  of  polycrystal  (Vp)  is  0.95-0.98  (V/V s).  Another 
method  is  making  a  platform,  which  is  slightly  higher  than  the  graphite  lid  surface  [4].  In  ref.  [4],  it 
was  suggested  that  the  single  crystal  could  be  enlarged  due  to  the  rotation  and  the  combination  of 
these  polycrystals  into  single  crystal. 

In  this  report,  rapid  enlargement  of  the  single  crystal  using  the  modified  graphite  lid  has  been 
investigated.  The  shape  of  the  platform  was  modified  to  a  truncated  cone,  expectingthat  the  growth 
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of  the  single  crystal  could  be  assisted  by  polycrystals.  Various  taper  angles  of  the  cone  were 
examined  in  order  to  verify  the  influence  on  the  enlargement  of  single  crystal. 


Experiment 

SiC  single  crystals  were  grown  by  the  a) 

PVT  method.  A  graphite  crucible  was  heated 
by  rf-induction.  The  temperatures  of  the  top 
and  the  bottom  side  of  graphite  crucible  were 
measured  by  an  optical  pyrometer.  The  typical 
growth  temperature  of  the  seed  was  220CPC, 
and  the  temperature  difference  (rbottom  -Ttop) 
was  varied  in  the  range  of  50-10 (fC.  The 
typical  growth  pressure  was  10  torr.  The 
temperature  of  the  crucible  and  the  pressure  of 
the  chamber  were  controlled  automatically 
during  growth.  6H-SiC  crystals  grown  by  the 
PVT  method  as  well  as  the  Acheson  method 
were  used  as  seed  crystals. 

We  have  modified  the  structure  of  the 
platform  on  the  graphite  lid  surface.  The 
graphite  lid  that  has  been  used  generally  and  a  Fig.  1  Schematic  diagrams  of  the  graphite  lids 
newly  modified  one  were  schematically  for  the  SiC  single  crystal  growth  with  (a)  a 
illustrated  in  Fig.  1  (a)  and  (b),  respectively,  conventional  platform  and  (b)  a  modified  one. 

The  newly  developed  graphite  lid  has  a  cone- 

shaped  platform  whose  tip  was  truncated  for  seed  attachment.  Its  characteristic  is  that  the  wall  of 
the  platform  has  an  inclined  angle  with  respect  to  the  surface  of  the  graphite  lid.  Various  inclined 
angles  i.e.,  taper  angles  (0)  were  examined  in  order  to  clarify  the  dependence  of  the  broadening 
angle  on  it.  The  grown  crystals  were  sliced  perpendicular  to  the  growth  direction  for  KOH  etching 
characterization  and  parallel  for  observation  of  the  enlargement  of  the  crystal.  A  polarizing  optical 
microscope  was  used  for  observation  of  defects  and  shapes  of  the  grown  crystals. 

Results  and  Discussion 


Lateral  growth  of  the  single  crystal  is 
restricted  by  polycrystals  grown  around  the 
single  crystal  when  crystals  were  grown 
using  a  graphite  lid  without  a  platform.  In  the 
case  of  the  conventional  platform,  the  height 
of  the  platform  should  be  determined 
considering  the  parameters  related  to  specific 
growth  systems  as  well  as  the  temperature 
profile  in  the  crucible.  Using  a  high  platform 
is  advantageous  because  the  single  crystal 
grown  on  a  seed  rarely  collide  with  the 
polycrystal,  which  has  been  considered  a 
cause  of  the  stress  in  the  grown  ingot  [5].  In 
the  sublimation  method,  SiC  is  re-crystallized 
in  the  region  of  relatively  low  temperature, 
while  sublimed  in  the  high  temperature 
region.  The  growth  and  the  sublimation  of 


vaporized 
at  initial  stage 


Fig.  2  Schematic  diagram  of  sublimation  process 
of  seed  at  initial  stage. 
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Fig.  3  Schematic  mechanism  of  crystal  growth  on  the  cone-shaped  platform.  The  a  is  an  angle  of 
the  single  crystal’s  boundary  with  respect  to  basal  plane  of  SiC  which  is  the  growth  plane  of  the 
present  work. 


SiC  occur  at  the  same  time  even  in  the  seed  crystal.  The  temperature  of  the  seed  is  higher  than  that 
of  the  lid.  Therefore,  the  side  edge  of  seed  is  likely  to  sublime.  The  ultimate  situation  is  illustrated 
in  Fig.  2.  The  size  of  the  seed  crystal  is  larger  than  that  of  the  platform.  The  main  difference  of  the 
region  B  from  the  region  A  is  the  existence  of  gap  between  the  seed  and  the  graphite  lid.  The 
region  B  is  easier  to  vaporize  than  to  re-crystallize.  As  a  result,  the  region  B  istotally  eliminated  at 
the  initial  growth  stage.  It  was  also  confirmed  experimentally  using  in-situ  X-ray  topography  [6]. 


Therefore,  the  difficulties  for  enlarging  the 
single  crystal  in  diameter  during  growth  still 
remained  because  the  temperature  of  the 
single  crystal  is  higher  than  that  of  the 
polycrystals.  It  implies  that  it  needs  an 
additional  parameter  besides  the  radial 
temperature  gradient  in  order  to  realize  the 
rapid  enlargement  of  the  single  crystal. 

Both  the  axial  and  the  lateral  growth  of 
the  single  crystal  occur  at  the  same  time  as 
that  of  polycrystals  [Fig.  3].  The  growth  rate 
along  the  axial  direction  is  the  growth  rate  of 
the  basal  plane  (Vc)  at  a  given  axial 
temperature  gradient  (ATa).  The  growth  rates 
of  polycrystals  are  also  depending  on  AT*, 
but  slightly  different  with  Vc  because  the 
growth  is  mixed  in  the  crystallographic 
planes.  The  growth  rates  of  polycrystals  are 
almost  the  same  all  around  the  graphite  lid. 
The  lateral  growth  rate  (V/)  of  the  single 
crystal  mainly  depends  on  the  radial 
temperature  gradient  (ATr),  and  its  maximum 
might  be  a  growth  rate  of  the  planes 
perpendicular  to  the  basal  plane,  i.  e.  (1100) 


pf 


Fig.  4  A  cross  section  of  the  crystal  grown  on 
modified  platform. 
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and/or  (1 120),  at  a  given  ATr.  The  real  lateral  growth  rate  will  have  a  value  lower  than  the  growth 
rate  of  (1100)  or  (1120)  planes,  because  the  growth  is  restricted  by  the  polycrystals.  The 
polycrystals  grown  on  a  tapered  plane  would  form  a  same  shape  as  that  of  the  initial  platform.  At 
the  initial  stage,  the  polycrystals  in  the  region  near  the  seed  crystal  edges  (marked  as  a  in  Fig.  3) 
grow  rapidly  up  to  the  seed  height  and  then  act  as  a  platform  for  the  growing  single  crystal.  While 
the  polycrystals  grown  in  the  lower  region  (marked  b  in  Fig.  3)  keep  almost  the  same  initial  cone 
shape.  Consequently,  the  enlargement  of  the  single  crystal  could  be  continued  by  the  assist  of 
polycrystals.  For  the  extreme  case  of  ATo~0,  ATp>0,  more  rapid  enlargement  of  the  single  crystal 
can  be  expected.  The  optimum  taper  angle  (0)  would  be  tan0  =  V/Vp  for  a  =  0.  More  precise 
analysis  and  control  of  the  parameters  such  as  ATa,  ATr,  and  the  flux  of  each  vapor  species  are 
needed  in  order  to  grow  ingots  with  Iowa. 

A  typical  cross  sectional  photograph  of  a  crystal  grown  on  a  graphite  lid  with  a  cone-shaped 
platform  is  shown  in  Fig.  4.  It  was  sliced  parallel  to  the  growth  direction  and  the  sliced  plane  is  a 
(1 120)  plane.  The  dark  line  lying  perpendicular  to  the  growth  direction  is  the  boundary  between  the 
first  and  second  growth  run  possibly  due  to  the  high  incorporation  of  impurities  such  as  >$,  Al,  and 
B  at  the  initial  stage  of  the  second  growth  run.  It  clearly  shows  that  the  single  crystal  grown  on 
cone-shaped  platform  enlarged  rapidly.  The  angle  P  (=90°-a)  is  considered  as  a  degree  of  single 
crystal  enlargement  or  broadening.  The  initial  broadening  angle  (pj)  was  larger  than  the  final  angle 
(Pf).  This  is  due  to  the  decrease  of  the  lateral  temperature  gradient  as  the  crystal  growth  proceeds 
[7].  In  addition,  we  could  not  find  any  distinguishable  difference  between  the  region  A  and  B 
through  the  KOH  etching.  The  effect  of  the  taper  angle  on  the  enlargement  of  ingots  was  also 
investigated.  In  our  experimental  setup,  the  maximum  broadening  angles  were  achieved  with  taper 
angles  in  the  range  of  30  to  50°  [8] . 

Conclusion 

Using  a  cone-shaped  platform,  the  growth  of  polycrystals  was  controlled  gradually,  which 
serves  as  a  platform  for  single  crystal  enlargement.  Consequently,  the  lateral  growth  of  the  single 
crystal,  which  was  driven  by  the  radial  temperature  gradient,  was  much  improved.  We  have  also 
confirmed  that  the  degree  of  enlargement  was  influenced  by  the  taper  angle.  The  enlargement  of 
SiC  single  crystals  could  be  improved  and  easily  controlled  by  a  tapered  platform. 
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Abstract.  Top-seeded  solution  growth  of  bulk  SiC  has  been  accomplished  in  an  argon  atmosphere 
at  100-120  bar  with  the  use  of  pure  silicon  melt  solvent.  Supersaturation  in  the  growth  system  was 
shown  to  be  dependent  not  only  on  temperature  gradient  but  on  the  kinetics  of  the  heterogeneous 
reaction  between  solid  carbon  and  silicon  melt  as  well.  Thick  epitaxial  layers  and  boules  20-25  mm 
in  diameter  and  up  to  20  mm  in  length  were  grown  using  different  container  arrangements.  Growth 
stability  and  material  quality  are  discussed  in  context  of  growth  conditions. 

Introduction 

Liquid-phase  epitaxy  (LPE)  of  SiC  yields  high  quality  crystalline  material,  sometimes  even  superior 
to  one  produced  by  physical  vapour  transport  (PVT)  growth  [1],  but  only  a  little  work  has  been  done 
so  far  on  the  growth  of  bulk  SiC  crystals  from  solutions.  We  report  the  first  results  on  the  adaptation 
of  top-seeded  solution  growth  (TSSG)  for  bulk  SiC  growth.  The  emphasis  of  this  work  was  the 
search  on  rapid  growth  regimes. 

Principle  of  Reaction  TSSG 

The  scheme  of  TSSG  as  applied  in  our  research  for  SiC  growth  is  shown  in  Fig.l.  Silicon  melt  is 
held  in  the  high-purity  graphite  crucible  at  temperature  1900-2400°C  under  the  overpressure  of  100- 
120  bar  of  argon,  that  is  sufficient  for  effective  suppression  of  melt  evaporation  [2].  Thick-walled 
crucible  dissolves  partially  and  graphite  reacts  with  the  Si  melt  until  the  reaction-formed  SiC  barrier 
makes  the  process  very  slow  (reaction  choking).  Once  the  surface  of  the  graphite  becomes  covered 
with  SiC,  it  can  be  considered  as  a  nutrient.  SiC  seed  is  fixed  on  a  holder  at  the  top  of  the  melt. 
Since  the  crucible  bottom  is  placed  in  a  hotter  region,  solution  saturated  in  the  hot  ‘feed  end’ 
becomes  supersaturated  in  the  cooler  ‘growth  end’  enabling  seeded  crystal  growth. 

Seed  holder 

SiC  crystal 
Si  melt 
C  crucible 

Reaction-formed 
SiC  product 


Fig.  1  Schematic  of  Reaction  TSSG 
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The  distinguishing  feature  of  the  TSSG  method  here,  is  that  the  only  suitable  crucible  material 
(carbon)  is  highly  reactive  to  the  silicon  melt  solute  and  only  due  to  the  reaction  choking  the 
integrity  of  the  crucible  unit  can  be  kept  at  an  acceptable  level.  Thus,  an  acting  supersaturation  is 
produced  not  only  by  temperature  gradients  but  it  is  also  affected  by  the  complicated  kinetics  of 
heterogeneous  reaction  between  liquid  silicon  and  solid  carbon.  The  impact  of  this  feature  on  the 
growth  process  is  rather  distinct.  Following  the  classification  of  Elwell  and  Scheel  [3],  we  would 
like  to  introduce  therefore  the  applied  method  as  Reaction  TSSG  in  order  to  stress  the  dual  origin  of 
supersaturation  in  our  system. 

Formation  and  dissolution  of  SiC  nutrient 

At  the  feed  end,  silicon  melt  saturation  with  carbon  includes  two  conceptually  independent 
processes:  heterogeneous  reaction  of  formation  of  SiC  Si  meit  +  C  soiid  =  SiC  soiid  (1) 

and  dissolution  of  SiC  solid  in  the  silicon  melt.  Let  us  first  consider  the  case  of  dissolution  of  a  large 
flat  SiC  source  (represents  an  idealised  hot  crucible  wall)  in  terms  of  boundary  layer  theory.  The 
situation  is  shown  schematically  in  Fig.  2.  As  it  is  typical  of  liquid  metals,  the  thermal  diffusivity 
K/pCp  for  liquid  silicon  is  much  higher  than  the  mass  diffusivity  D.  This  is  manifested  in  four-order 
imparity  of  Schmidt  and  Prandtl  numbers  (about  50  and  0.05  correspondingly,  see  for  details  [2]). 
The  thermal  boundary  layer  is  sufficiently  thicker  than  the  mass  boundary  layer,  leaving  an 
undersaturated  region  near  the  hot  nutrient  crystal  even  if  the  hot  surface  itself  is  in  equilibrium.  By 
this  means  dissolution  proceeds  smoothly  and  it  is  enhanced  in  direct  proportion  to  the  separation 
between  the  mass  transfer  profile  and  the  temperature  profile,  since  this  is  a  measure  of 
undersaturation.  Thus,  dissolution  of  a  bulk  SiC  nutrient  is  dependent  on  melt  dynamics  and  can  be 
readily  controlled  by  forced  melt 
convection. 

The  case  at  the  C  soiid  -  Si  meit  interface  (true 
hot  crucible  wall)  differs  from  that  of  at 
SiC 

solid  "  Si 

melt  because  of  the  complex 
nature  of  reaction  (1)  in  which  no 
continuous  product  layer  is  generally 
formed.  There  are  two  conflicting 
interpretations  for  the  mechanism  of  this 
reaction  presented  in  the  existing  literature. 

Most  of  researches  [4,5]  reported  on 
continuous  product  layer  between  carbon 
and  silicon  and  diffusion-limited  growth 
mechanism.  The  other  mechanism  is 
‘solution-reprecipitation’  as  proposed  in  [6] 
as  well  as  in  [7].  Detailed  discussion  on  this 
problem  is  out  of  the  scope  of  our  paper,  but 
it  should  be  particularly  emphasised  that  our 
observations  support  definitely  the  second 
model  in  which  the  reaction  product  splits 
from  graphite  surface  leading  to  the 
interface  limited  reaction  directly  between 
silicon  and  carbon.  We  found  an  additional  SiC  layer  composed  by  rounded  particles  about  100  nm 
in  size  in  between  unreacted  graphite  and  faceted  recrystallized  layer  Hence  in  the  first  stage  the 
reaction  product  is  a  very  fine  particulate  SiC.  Carbon  solubility  C(r)  at  small  particles  is  enhanced 
according  Gibbs-Thomson  equation: 


Fig. 2  Schematic  diagram  illustrating  the  formation 
of  supersaturated  area  in  the  reaction  zone 
near  the  crucible  hot  wall 
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C(r)  =  C°expH^f) 

where  Co  is  the  equilibrium  solubility  for  a  flat  interface,  y  is  the  interfacial  energy,  Vm  is  the  molar 
volume  of  SiC  and  r  is  the  particle  radius. 

This  brings  supersaturated  region  into  existence  and  causes  quick  growth  of  relatively  large  faceted 
crystals  in  the  adjacent  melt  layer,  see  Fig.2.  Further  development  of  the  process  depends  strongly 
on  the  melt  flow  pattern  near  the  reaction  surface.  When  it  favours  the  accumulation  of  precipitated 
particles  on  the  reaction  surface,  the  reaction  process  slows  down  because  of  lack  of  silicon  and 
finally  becomes  diffusion-controlled.  Otherwise,  when  melt  flow  carries  the  material  away  from  the 
reaction  surface,  some  remote  sinks  are  produced.  This  situations  brings  about  quick  dissolution  of 
the  graphite.  In  both  cases  dissolution  is  not  regular,  it  is  accompanied  by  fluctuations  in  carbon 
concentration  and  formation  of  loose  (parasitic)  SiC  sediment.  All  this  must  be  given  proper  weight 
in  designing  the  container  unit  for  solution  growth  of  SiC. 

Crystal  growth  experiments 

Crystal  growth  experiments  were  directed  toward  exploring  of  TSSG  method  as  one  of  the  most 
feasible  for  the  active  control  of  supersaturation.  Saturation  control  was  achieved  by  means  of 
forced  melt  convection  inside  of  the  growth  container  of  particular  shape  including  mobile  and 
stationary  parts.  The  design  objective  of  the  container  unit  was  to  arrange  three  definite  zones:  a 
main  one  of  uniform  temperature  and  carbon  concentration  around  the  seed  crystal  (1)  should  be 
located  inside  an  auxiliary  growth  zone  (2),  which  include  crucible  walls  overgrown  with  SiC.  A 
feeding  zone  (3)  with  dissolving  graphite  surfaces  was  separated  from  zone  2  with  buffering  SiC 
baffle  in  order  to  suppress  concentration  fluctuations  caused  by  irregular  dissolution  of  graphite 
nutrient.  Current  structure  of  the  furnace  system  allows  crucible  downwards  lowering  at  closely 
controllable  rates  in  the  range  of  1-100  mm/day  and  crucible  rotation  up  to  200  rpm. 

Two  main  types  of  arrangement  for  different  seed  shape  and  orientation  were  designed  and  tested: 
the  first  one  was  intended  for  a  flat  vicinal  (0001)  substrates  30-35  mm  in  diameter  and  the  second 
one  for  a  rod-like  3x3  mm2  seeds.  In  both  cases  6H  PVT  grown  material  was  used  for  seed 
preparation.  In  the  first  arrangement  smooth  single  crystalline  layers  20-60  pm  in  thickness  were 
grown  at  growth  rate  10-15  pm/h.  Micropipes  in  PVT  seed  were  completely  overgrown.  Attempts  to 
produce  layers  thicker  than  100  pm  were  mainly  unsuccessful  because  of  the  development  of 
characteristical  growth  instability.  After  coalescence  of  growth  steps,  the  surface  became  covered 
with  hexagonal  columns  and  monocrystalline  growth  was  disturbed  after  100-150  pm  of  growth. 

In  the  second  arrangement  bulk  boules  20-25  mm  in  diameter  and  up  to  20  mm  in  length  have  been 
grown  at  growth  rates  5-15  mm/day,  Fig.3.  Such  a  high  pulling  rates  were  achievable  only  for 
pulling  direction  taken  within  (0001)  plane  (mainly  seeds  oriented  along  <1100>  directions  were 
used).  The  growth  interface  was  composed  by  numerous  faces  those  build  re-entrant  edges.  It  is 
shown  experimentally  that  graphite  dissolution  rate  can  be  easily  varied  in  a  wide  range  up  to  0.5 
kg/m2h.  This  ensures  effective  carbon  transport  to  crystal  growing  at  linear  rates  of  the  same  order 
of  magnitude  as  during  PVT  growth. 

All  fast  grown  samples  had  a  number  of  flat  silicon  inclusions.  Many  of  inclusions  were  of  definite 
geometric  shapes.  Monocrystalline  growth  was  preserved  within  first  3-5  mm  from  the  seed,  the  last 
part  of  a  boule  was  always  polycrystalline.  Distribution  of  the  inclusions  was  very  nonuniform: 
peripheral  part  was  almost  free  of  inclusions,  whereas  the  central  area  was  highly  defective. 
Characterisation  of  grown  layers  and  bulk  samples  were  made  with  the  use  of  optical  microscopy 
and  X-ray  diffractometry.  Crystals  grown  at  temperatures  higher  than  1900  C  belong  to  6H  polytype 
only.  No  micropipes  were  observed  in  solution-grown  material.  Layer  quality  as  revealed  by  rocking 
curves  method  is  rather  high  (FWHM  for  the  (0006)  reflection  is  about  30  arcsec).  Crystallinity  of 
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the  inclusion-free  parts  separated  from  the  bottom  (polycrystalline)  part  of  bulk  samples  was  of  the 
same  order.  Upper  (monocrystalline)  part  had  a  mosaic  structure. 


Fig.3  As-grown  SiC  boule 


General  remarks 

High-pressure  Reaction  TSSG  is  likely  the  most  controllable  and  adaptable  method  for  solution 
growth  of  SiC  which  has  been  explored  so  far.  It  allows  to  overcome  easily  the  problem  of  low 
carbon  solubility  in  pure  silicon  melt  and  has  great  potentiality  for  process  design.  The  feasibility  of 
‘fast  solution  growth’  has  been  demonstrated,  but  crystal  quality  is  still  poor  in  comparison  with 
‘thick’  epitaxial  layers  because  of  insufficient  process  stability.  More  complete  understanding  of  the 
reaction  between  solid  carbon  and  silicon  melt  and  factors  affecting  growth  stability  such  as  melt 
convection  are  required  for  further  advancement  of  SiC  solution  growth. 
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Abstract.  A  near-thermal-equilibrium  process  has  been  used  to  grow  15R-SiC  bulk  single  crystals 
by  the  modified  Lely  method.  The  15R-SiC  growth  can  only  be  stabilized  if  stoichiometric  SiC 
source  material  is  used.  Crystals  grown  on  the  Si-face  at  temperatures  between  2150°C  and  2180°C 
are  free  of  inclusions  of  different  poly  types  and  without  micropipes.  The  incorporation  of  nitrogen 
and  boron  depends  on  the  polarity  of  the  seed  crystal  face.  Three  deep  defect  centers  (W i,  W2,  W3) 
have  been  observed  by  deep  level  transient  spectroscopy  (DLTS)  in  15R-SiC  crystals. 

Introduction 

The  15R  silicon  carbide  (SiC)  poly  type  is  gaining  considerable  attention  as  a  potential  candidate  for 
the  fabrication  of  MOS  devices  [1,2].  Several  papers  about  the  growth  of  15R-SiC  epitaxial  layers 
[1,3]  and  15R-SiC  Lely  platelets  [4]  have  been  published,  however,  no  successful  experiments  are 
reported  in  the  literature  on  the  controlled  growth  of  15R-SiC  bulk  single  crystals  by  the  modified 
Lely  method.  Under  special  growth  conditions  and  based  on  the  "near-thermal-equilibrium"  process 
described  in  [5],  the  controlled  growth  of  micropipe-free  6H-SiC  boules  has  been  achieved,  whereas 
polytype  inclusions  and  micropipes  could  not  completely  be  avoided  regarding  the  4H-  and 
15R-SiC  polytype  [6].  In  this  paper,  we  report  on  sublimation  growth  experiments,  which  result  in 
the  reproducible  growth  of  high-quality  15R-SiC  single  crystals. 

Experimental 

SiC  bulk  single  crystals  have  been  grown  by  sublimation  physical  vapor  transport  (PVT)  (or  so- 
called  modified  Lely  method).  The  growth  system  used  as  well  as  the  preparation  of  the  graphite 
parts,  the  source  material,  and  the  seed  prior  to  the  growth  run  are  described  in  [7].  All  growth 
experiments  reported  in  this  letter  have  been  conducted  according  to  the  near-thermal-equilibrium 
process  [5].  The  source  temperature,  the  seed  temperature  and  the  argon  pressure  inside  the  growth 
cell  have  been  established  to  TSOurce  =  2100°C  -2300°C,  Tseed  =  2100°C  -  2280°C  and  pArgon  - 
1  mbar  -  820  mbar,  respectively.  Si  powder  has  been  added  to  the  SiC  source  material  in  the  range 
of  0%  to  10%.  The  exact  course  of  the  growth  process  is  described  elsewhere  [5].  The  average 
thermal  gradient  inside  the  growth  cell  has  been  kept  at  5  K/cm  or  below  during  the  entire  process 
to  avoid  the  formation  of  micropipes  [5].  We  used  15R-SiC  Lely  platelets  grown  by  the  original 
Lely  method  as  seed  crystals.  In  order  to  be  able  to  investigate  the  influence  of  the  polarity  of  the 
seed  face  on  the  growing  crystal,  we  used  two  seed  crystals  exposing  opposite  faces  (Si-/C-face) 
during  each  run  ("dual-seed  method"  [7]).  The  growth  faces  have  been  prepared  with  on-axis 
orientation  relative  to  the  c-axis. 

Low  temperature  photoluminescence  (LTPL)  and  microprobe  Raman  spectroscopy  measure¬ 
ments  were  employed  to  detect  the  particular  polytypes  of  the  grown  crystal.  Electrically  active 
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defects  were  detected  by  Hall  effect  and  deep  level  transient  spectroscopy  (DLTS).  Secondary  ion 
mass  spectrometry  was  used  to  determine  the  content  of  boron  (B)  and  nitrogen  (N). 


Results  and  Discussion 


15R-SiC  growth.  Fig.  1  shows  a  transmission  light  image  of  the  cross  section  parallel  to  the  c- 
axis  of  a  crystal  resulting  from  a  growth  experiment,  which  was  performed  without  addition  of  Si 
powder  to  the  SiC  source  material  (Tseed  =  2150°C,  TS0Urce  =  2150°C  -  2180°C,  pArgon  =  5  mbar  - 
800  mbar).  The  two  15R-SiC  seed  crystals  providing  opposite  faces  (Si-face:  left  part;  C-face:  right 
part)  are  clearly  visible  at  the  bottom  of  this  picture.  Macrodefects  are  formed  in  the  gap  between 
the  two  seeds.  The  significant  result  of  this  growth  experiment  is  documented  on  the  left  part  of  the 
image.  On  the  Si-face  of  the  seed,  a  15R-SiC  single  crystal  is  grown,  which  covers  the  entire  area  of 
the  seed  and  is  fully  extended  over  the  crystal  length.  No  polytype  inclusions  can  be  identified  in 
the  bulk  of  this  crystal.  Investigations  of  wafers  cut  perpendicular  to  the  c-axis  and  treated  in 
molten  KOH  at  450°C  for  15  min.  reveal  no  etch  pits  which  can  be  attributed  to  micropipes.  These 
results  can  only  be  obtained  using  a  stoichiometric  SiC  source  material  (without  addition  of  Si). 


15R-inclusion 


two  1 5R-SiC 
seed  crystals 


Fig.L  Transmission  light  image  of  a  cross  section  parallel  to  the  c-axis  of  a  crystal  grown  by  a 
near-thermal-equilibrium  process  without  Si  powder  addition  to  the  SiC  source  material.  Arrow  S 
indicates  a  step  line  at  the  surface  of  the  crystal. 


The  crystal  grown  on  the  C-face  of  the  15R-SiC  seed  (see  Fig.  1,  right  part)  shows  polytype 
changes;  the  15R-SiC  growth  starts  directly  on  the  C-face.  Then,  a  change  to  the  6H-SiC  polytype 
locally  occurs  after  a  differing  growth  period.  Finally,  the  4H-SiC  growth  is  homogeneously 
stabilized  over  the  entire  seed  area;  this  polytype  occupies  the  largest  volume. 

We  performed  several  growth  experiments  in  the  temperature  range  between  2100°C  and 
2300°C.  Stable  15R-SiC  growth  is  only  possible,  if  the  seed  temperature  is  adjusted  in  the  range  of 
Tseed  =  2150°C  to  2180°C.  Table  1 


summarizes  all  essential  parameters  for  the 
growth  of  bulk  15R-SiC  single  crystals. 

As  can  be  observed  in  Fig.  1  towards  the 
end  of  the  crystal  (upper  part),  the  15R-SiC 
crystal  is  partially  overgrown  by  the  4H-SiC 
polytype.  This  situation  is  observed  in  all 
our  growth  experiments  using  two  seed 
crystals  with  opposite  faces.  Arrow  S  in 
Fig.  1  indicates  a  step  line  at  the  surface  of 
the  crystal.  The  facet  of  the  4H-SiC  crystal  is 
about  0.5  mm  higher  than  the  facet  of  the 


Table  1.  Essential  growth  parameters  for  the 
stable  growth  ofl5R-SiC  single  crystals 


seed  polytype 

15R-SiC 

seed  face  polarity 

Si-face 

seed  orientation 

on-axis 

Si  addition  to  the  source 

0% 

seed  temperature 

2150°C  -  2180°C 

temperature  gradient 

<  5  K/cm 

argon  pressure 

1  mbar  -  820  mbar 
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15R-SiC  crystal  meaning  that  the  growth  rate  of  15R-SiC  is  slightly  smaller  than  that  one  of  the 
4H-SiC  polytype.  The  same  overgrowth  of  15R-SiC  occurs,  if  6H-SiC  is  the  topmost  polytype  on 
the  seed  exposing  the  C-face.  This  repression  of  15R-SiC  can  be  avoided  by  using  only  one  seed 
(Si-face).  In  this  case,  the  15R-SiC  single  crystal  area  spreads  out  suppressing  the  polycrystalline 
part  surrounding  the  edges  with  progressive  crystal  height  as  known  for  the  growth  of  4H-  and 
6H-SiC  (see  e.g.  [8]).  We  succeeded  in  growing  15R-SiC  boules  of  20  mm  in  diameter  and  10  mm 
in  length.  The  achieved  maximum  growth  rate  is  equal  to  0.25  mm/h. 

Hall  effect  characterization.  15R-SiC  single  crystals  grown  on  both  the  Si-face  and  the  C-face 
were  electrically  characterized  by  Hall  effect  measurements.  The  incorporation  of  nitrogen  donors 
on  the  C-face  is  higher  by  a  factor  of  two  than  on  the  Si-face.  In  contrast,  the  incorporation  of  boron 
acceptors  is  higher  by  a  factor  of  two  on  the  Si-face  than  on  the  C-face,  which  has  additionally  been 
confirmed  by  SIMS  analysis.  All  unintentionally  doped  crystals  are  n-type.  The  total  concentration 

of  nitrogen  donors  and  of  boron 
i  ~  „  0.~T1  acceptors  (compensation)  are  in  the 

fj  W'A  SS0  I  ««  of  N(N).5..0'>» 


cnT  and  N(B)  —  1  •  10  cm 


is  0.4  j  II  yy  1  •  1018  cm"3,  respectively. 

B  I  1  yy  A3  The  maximum  of  the  electron  Hall 

<2  °'3  i  /  l  \  mobility  pH(max)  of  the  investigated 

q  02i  /  l  J  15R-SiC  samples  (>300cm2/Vs)  is 

®  J  \  /  comparable  to  the  one  of  the  4H-SiC 

i  dlj  /  \  J  polytype  and  significantly  higher  than 

|  /  \^r  t,  =  8  ms  the  one  of  the  6H-SiC  polytype 

z  °j t2  =  16ms  (ca.  200  cm2/Vs)  [6]. 

i«n5  m  SS  m  m  Too  DLTS  characterization.  Since  no 
Temperature  (K)  investigations  on  deep  defect  centers  in 

15R-SiC  are  reported  in  the  literature, 
Fig.  2.  Normalized  DLTS  signal  as  a  function  of  DLTS  measurements  have  been 

temperature  ( time  window  (ti  1 12))-  The  spectrum  is  conducted  on  as-grown  15R-SiC 

taken  on  as-grown  15R-SiC.  Three  distinguishable  crystals.  Nickel  Schottky  contacts 

peaks  are  denoted  by  W]f  W2  and  W3.  Results  of  the  (0=0.4  mm)  were  evaporated  on  the 

analysis  ofW}  and  W3  are  given  in  Table  2.  polished  surface  of  15R-SiC  samples. 

Fig.  2  shows  a  normalized  DLTS 
spectrum  for  one  time  window  (ti  =  8  ms  /  t2  =  16  ms).  Three  peaks  denoted  by  Wj,  W2  and  W3  can 
be  distinguished  in  the  DLTS  spectrum. 


200  250  300 

Temperature  (K) 


Fig.  2.  Normalized  DLTS  signal  as  a  function  of 
temperature  ( time  window  (til  t2)).  The  spectrum  is 
taken  on  as-grown  15R-SiC.  Three  distinguishable 
peaks  are  denoted  by  Wi,  W2  and  W3.  Results  of  the 
analysis  ofWi  and  W3  are  given  in  Table  2. 


A  quantitative  analy¬ 
sis  of  the  energy  po-  Table  2.  Peak  temperature  position  T,  concentration  C  and  ioni- 

sition  and  the  concen-  zation  energy  A E  of  defect  centers  Wj  and  W2  in  as-grown  15R-SiC 

tration  of  the  respective  as  identified  by  DLTS  (see  Fig.  2).  A E  is  listed  for  two  different 

defect  centers  was  dependencies  of  the  capture  cross  section  o  on  the  temperature  T. 

conducted  for  Wi  and  The  last  column  lists  known  defect  centers  in  6H-SiC  which  show 

W3;  W2,  located  on  the  similar  ionization  energies  to  Wi  and  W3,  respectively. 


shoulder  of  the  W3 
peak,  cannot  be  used 
for  an  Arrhenius  eva¬ 
luation.  The  tempera¬ 
ture  position  of  the 
peak  T,  the  ionization 
energy  AE  and  the 
concentration  C  of  de- 


T 

[K] 

c 

[lo'W3] 

AE 

[meV] 

energetically 
comparable  de¬ 
fects  in  6H-SiC 

Wi 

185 

(1.5+0.1) 

(275+15)  (a-T°) 
(305115)  (o-T2) 

E,/2  [9] 

w3 

315 

(1.2+0.1) 

(530+15)  (a-T°) 
(590115)  (o~T2) 

Z1/2  [9] 
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feet  centers  Wi  and  W3  are  summarized  in  Table  2.  AE  is  listed  for  two  different  temperature 
dependencies  of  the  capture  cross  section  a. 

At  the  present,  the  microscopic  structure  and  chemical  nature  of  centers  Wi  and  W2/3  are  not 
known.  However,  the  energy  positions  in  the  band  gap  are  comparable  to  centers  E1/2  and  Zi/2  in  the 
6H-SiC  polytype,  which  has  an  almost  equivalent  band  gap  energy  (~  3eV).  Further  investigations 
are  necessary  to  clarify  whether  Wi  and  W2,3  are  qualitatively  of  the  same  defect  type  like  the  Ei/2- 
and  Zj ^-center,  respectively. 

Summary 

We  have  demonstrated  the  growth  of  15R-SiC  single  crystals  without  micropipes  and  polytype 
inclusions.  Stable  15R-SiC  growth  requires  a  stoichiometric  SiC  source  material  and  a  15R-SiC 
seed  crystal  exposing  its  Si-face.  The  ratio  of  nitrogen  and  boron  incorporation  on  the  C-face  to  the 
one  on  the  Si-face  is  2  and  Viy  respectively.  The  maximum  value  of  the  electron  Hall  mobility 
determined  for  15R-SiC  samples  (>  300  cm2/ Vs)  is  comparable  to  the  corresponding  value  for 
4H-SiC  samples  and  significantly  higher  than  for  6H-SiC  samples  (ca.  200  cm2/Vs).  Three  defect 
centers  Wj,  W2/3  are  detected  by  DLTS  investigations. 
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Abstract  Recently  much  attention  is  being  paid  to  15R-SiC  for  application  in  MOSFET  devices. 
But  there  are  few  reports  about  15R-SiC  boule  growth.  SiC  boules  have  been  grown  by  the 
sublimation  method,  and  this  technique  has  produced  high  quality  crystals  of  6H-SiC  and  4H-SiC. 
In  this  paper,  single  crystal  growth  of  15R-SiC  using  the  sublimation  method  on  15R-SiC  and  6H- 
SiC  substrates  is  discussed.  The  polytype  of  the  grown  crystal  was  determined  by  Raman 
spectroscopy.  A  close  relationship  between  the  substrate  temperature  and  the  15R-SiC  growth  was 
observed.  To  obtain  15R-SiC  boules  without  inclusion  of  other  polytypes,  the  substrate  temperature 
must  be  kept  below  2000^.  The  use  of  a  15R-SiC  substrate  is  important  for  the  growth  of  15R-SiC 
boules.  Growth  on  the  (1120)  plane  of  15R-SiC  is  also  useful  for  15R-SiC  growth. 


introduction 

SiC  is  suitable  for  power  devices  and  MOSFETs.  Particularly,  4H-SiC  is  used  for  MOSFET 
because  of  its  isotropic  mobility.  In  6H-SiC,  the  mobility  is  anisotropic.  However,  in  4H-SiC,  the 
channel  mobility  is  too  low  because  of  a  high  density  of  surface  states  at  the  Si02  /  SiC  interface. 
Recently,  it  has  been  reported  that  15R-SiC  is  suitable  for  MOSFET  [1],  since  the  mobility  of  15R- 
SiC  is  isotropic  and  its  channel  mobility  is  larger  than  in  the  case  of  6H-SiC  or  4H-SiC.  But  it  has 
not  been  well  studied  due  to  the  lack  of  15R-SiC  substrate.  It  is  necessary  to  establish  suitable 
growth  conditions  for  15R-SiC  boules  and  to  avoid  mixed  polytype  growth.  In  the  present  paper, 
the  parameters  for  15R-SiC  growth  using  the  sublimation  method  are  discussed. 

2.Experimeitt 

Sublimation  growth  was  achieved  using  a  quartz  tube  reactor  with  a  water-cooled  jacket 
under  argon  atmosphere  at  reduced  pressure  of  200  Torr.  Substrates  used  were  (0001)  plane  (Si- 
face),  (0001)  plane  (C-face)  and  (1120)  plane  of  15R-SiC  and  6H-SiC  produced  by  the  Acheson 
method  or  the  Lely  method.  Some  substrates  were  obtained  by  cutting  boules  previously  produced 
by  the  sublimation  method.  The  source  material  was  abrasive  SiC  powder.  The  distance  between 
substrate  and  source  was  approximately  15  mm.  The  crucible  (inside  diameter  of  24  mm,  height  of 
70  mm)  was  surrounded  by  graphite  felt  to  prevent  heat  dissipation.  The  crucible  was  heated 
externally  by  RF  induction  with  a  frequency  of  300  kHz.  The  temperatures  at  the  top  (Ts)  and  the 
bottom  (Tb)  of  the  crucible  were  measured  by  an  optical  pyrometer.  Ts  and  Tb  were  approximately 
1800~2300CC  and  2300~2600CC,  respectively.  To  examine  the  polytype  along  the  growth  direction, 
several  wafers  were  produced  by  cutting  10  mm-long  SiC  boules  parallel  to  the  growth  direction. 
Raman  spectroscopy  was  used  to  confirm  the  polytype.  Photoluminescence  (PL)  images  of  whole 
wafers  were  taken. 
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3.Results  and  Discussion 

(1)  Growth  on  6H-SiC 

Growth  experiments  using  both  faces  of  6H-SiC  were  conducted  at  Ts= 1850-2160*0.  The 
growth  rate  was  0. 1-1.8  mm/h.  The  run  duration  was  approximately  1-4  hours,  and  the  boules  were 
grown  several  times  after  recharging  the  source  material.  In  this  manner,  10  mm-long  SiC  boules 
were  obtained.  The  polytype  of  each  layer  was  confirmed  by  Raman  spectroscopy.  15R-SiC 
occasionally  grew  in  a  small  region  on  6H-SiC  substrates.  The  Si-face  appeared  to  be  slightly 
favorable  for  growing  15R-SiC.  Temperatures  below  2000O  were  also  favorable. 

(2)  Growth  on  the  (0001)  plane  (C-face)  oflSR-SiC 


Growth  parameters  for  6H-SiC  boule  growth  have 
been  previously  established  in  our  laboratory  [2,  3].  Initially, 
the  same  conditions  (Ts=2 1 00-21 40' O,  Tb=2280-2320O) 
that  were  used  for  6H-SiC  growth  were  used  for  15R-SiC 
growth  experiments.  The  growth  rate  was  0.5-1. 5  mm/h.  I 
Three  polytypes  were  produced:  15R-,  6H-  and  4H-SiC.  4H-  j 
SiC  grew  less  frequently  than  the  other  two  polytypes.  These 
three  poly  types  often  grew  alternately  along  the  growth 
direction  as  shown  in  Fig.l.  However,  15R-SiC  did  not  grow 
during  some  growth  runs.  Under  these  conditions,  it  was  not 
possible  to  obtain  an  entire  boule  of  pure  15R-SiC.  The 
relationship  between  the  substrate  temperature  and  the 
polytype  of  the  grown  crystal  is  shown  in  Fig.2.  Based  on 
Knippenberg's  report  on  the  relationship  of  the  yield  of  SiC 
polytypes  and  growth  temperature  [4],  it  appeared  that  15R- 
SiC  grew  well  around  2450*0.  The  second  set  of 
experiments  was  conducted  at  Ts=2 150-22400.  Growth 
rates  of  0.3-1. 5  mm/h  were  observed.  The  result  was 


1700  1800  1900  2000  2100  2200  2300 


Substrate  Temperature  [O] 


Fig.2  Relationship  between  the  substrate  temperature  and  grown  poiytype. 
The  upper  and  lower  column  correspond  to  the  growth  on  the  C-face  and 
on  the  Si-face  of  15R-SiC  substrates,  respectively.  Each  point  represents 
the  polytypes  that  grew  at  the  corresponding  substrate  temperature. 
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contrary  to  our  expectations  and  only  6H-SiC  grew.  It  appears  that  6H-SiC  is  more  stable  than  15R- 
SiC  at  higher  temperatures.  It  is  also  possible  that  the  grown  15R-SiC  crystal  transformed  to  6H- 
SiC  at  high  temperature  as  demonstrated  by  Bootsma,  et  al.  [5]  and  Jepps,  et  al.  [6].  Therefore  the 
growth  temperature  was  reduced  to  Ts= 1840-2060*0.  The  observed  growth  rates  were  0. 1-1.7 
mm/h.  Under  these  conditions,  primarily  15R-SiC  was  obtained.  However,  if  the  growth  rate  was 
greater  than  1.0  mm/h,  the  growth  of  15R-SiC  became  unstable  and  only  6H-SiC  or  a  mixture  of 
15R-SiC  and  6H-SiC  grew.  From  the  viewpoint  of  polytype  control,  crystal  quality,  and  high 
growth  rate,  a  suitable  growth  rate  for  15R-SiC  would  be  0.4-0.5  mm/h. 

(3)  Growth  on  the  (0001)  plane  (Si-face)  of  15R-SiC 

Growth  experiments  were  conducted  under  almost  the  same  conditions  as  for  the  C-face  of 
15R-SiC.  The  growth  temperature  was  Ts= 1800-2080^,  and  the  growth  rate  was  0.2- 1.5  mm/h. 
The  relationship  between  the  substrate  temperature  and  the  polytype  of  the  grown  crystal  is  shown 
in  Fig.2.  Though  there  are  fewer  sample  points,  the  result  was  almost  the  same  as  in  the  growth 
experiments  on  the  C-face.  That  is,  at  low  temperature  below  2000 "C,  and  at  a  low  growth  rate, 
15R-SiC  grows  stably.  There  are  a  lot  of  factors  which  influence  the  polytype  of  the  grown  crystal, 
e.g.  the  growth  temperature,  the  degree  of  supersaturation,  the  polarity  of  the  growth  surface,  the 
presence  of  impurities  etc..  It  is  not  easy  to  determine  the  polytypes  based  only  on  the  growth 
temperature,  since  the  stacking  energy  of  each  bi-layer  along  c-axis  is  almost  identical  in  most 
polytypes  [7].  However,  in  our  experiments,  a  close  relationship  between  the  substrate  temperature 
and  the  15R-SiC  growth  is  observed.  At  high  growth  temperatures,  even  if  a  15R-SiC  substrate  was 
used,  the  growth  of  15R-SiC  could  not  be  stabilized.  When  Ts  was  lower  than  approximately  2000 
r,  15R-SiC  was  obtained  on  both  C-face  and  Si-face  of  15R-SiC  substrates.  Thus  it  can  be 
concluded  that  the  temperature  for  stable  growth  of  15R-SiC  is  lower  than  that  of  6H-SiC  and  4H- 
SiC.  Additionally,  the  use  of  a  15R-SiC  substrate  is  critical  for  reproducibly  obtaining  15R-SiC. 

(4)  Growth  on  the  (1120)  plane  of  15R-SiC  and  6H-SiC 

The  substrate  used  in  this  experiment  was  a  (1120)  oriented  wafer  containing  both  polytypes 
of  15R-SiC  and  6H-SiC  side  by  side.  A  two  hour  growth  was  performed  at  Ts=2150cC.  As  noted 
previously,  at  this  high  temperature,  15R-SiC  did  not  grow  on  the  (0001)  and  (0001)  plane  (c- 
plane).  But  on  the  (1120)  plane  (a-plane),  the  polytype  of  the  grown  layer  was  the  same  as  that  of 
the  substrates,  and  15R-SiC  grew  on  the  15R-SiC  substrates.  Fig.3  shows  the  cross  section  of  this 
sample  in  transmitted  light  microscopy.  As  noted  previously,  a  low  growth  temperature  was 
required  to  grow  15R-SiC  on  the  c-plane.  However,  in  the  growth  on  the  a-plane,  15R-SiC  grew  at 
higher  temperatures.  Comparing  this  result  with  Knippenberg’s  report  [4],  it  appears  that  he 


<1 12G> 


c-axis 


Grown  layer 
Ts=2150t: 

2  Hours 

(1120)  substrate 
containing  both 
I  15R-SiC  and  6H-SiC 


Fig.3  Cross  section  of  a  crystal  grown  on  the  (1 120)  plane 

in  transmitted  light  microscopy. 
The  dark  area  is  15R-SiC  and  the  bright  area  is  6H-SiC. 

The  polytype  of  grown  layer  is  determined  by  the  substrate. 
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describes  the  growth  on  the  a-plane,  since  the  Lely  method  was  used.  Knippenberg's  publication 
does  not  describe  the  results  of  growth  on  the  c-plane.  In  the  case  of  growth  on  the  a-plane,  our 
results  agree  with  Knippenberg’s  papers  which  report  15R-SiC  grows  even  at  high  temperature.  But 
in  the  case  of  the  growth  on  the  c-plane,  temperatures  below  2000*0  are  essential.  The  optimum 
growth  conditions  for  15R-SiC  is  shown  in  Table  1. 


Table  1:  Optimum  growth  conditions  for  15R-SiC 


Substrate 

Substrate  Temperature 

Growth  Rate 

(0001)  c 

1890-2060T; 

0. 1-0.5  mm/h 

15R 

(0001)  Si 

1800~2020‘C 

0.2~0.4  mm/h 

(1120) 

2070-21 50=0 

0.5~1.0mm/h 

4.Conclusions 

In  order  to  achieve  stable  growth  of  15R-SiC  on  the  c-plane,  it  was  very  important  to  keep 
the  substrate  temperature  below  2000O.  15R-SiC  was  reproducibly  obtained  on  15R-SiC  substrate 
under  these  conditions.  Sometimes  15R-SiC  grew  at  temperatures  above  2000O,  but  it  was  not 
possible  to  obtain  a  crystal  of  15R-SiC  without  any  inclusion  of  other  polytypes  at  temperatures 
higher  than  2060*0.  We  think  that  15R-SiC  is  stable  more  at  a  lower  temperature  than  6H-SiC  and 
4H-SiC.  When  15R-SiC  was  used  as  a  substrate,  it  became  easier  to  grow  15R-SiC  on  both  C-face 
and  Si-face.  There  appeared  to  be  little  difference  between  growth  on  the  C-face  and  on  the  Si-face. 
On  6H-SiC  substrates,  it  was  difficult  to  grow  15R-SiC,  even  though  the  growth  conditions  were 
the  same  as  for  15R-SiC  substrate.  Therefore,  using  a  15R-SiC  substrate  is  essential  for  growing 
large  boules  of  15R-SiC.  Growth  of  15R-SiC  on  the  a-plane  may  take  place  at  higher  temperature 
(~2100*C)  in  agreement  with  Knippenberg's  results  obtained  from  investigation  of  Lely  crystals. 
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Abstract 

Bulk  material  of  3C-SiC  was  grown  using  a  conventional  Floating  Zone  arrangement  with  aspects  of 
the  THM  process.  Feeding  and  growing  part  were  made  of  graphite  or  sintered  SiC  rods  for  the  first 
runs.  Silicon  has  been  used  as  solvent.  High  temperature  gradients  in  the  molten  zone  and  in  the 
vicinity  of  the  growth  interface  can  be  assumed  because  of  the  applied  induction  heating.  Marangoni 
and  electrodynamic  convection  give  rise  to  complete  mixing  of  the  molten  zone  consequently.  The 
influence  of  complete  mixing  on  the  transport  rate  from  feeding  rod  to  the  growing  rod  has  been 
studied.  The  observed  average  growth  rates  in  the  0.1 -0.4mm  h'1  range  were  comparable  to  the 
corresponding  values  of  vapour  growth.  Diffusion  is  not  a  limiting  factor  for  the  growth  rate  in  this 
system. 


Introduction 

There  has  been  essential  progress  in  SiC  single  ciystal  growth  from  the  vapour  phase  during  the  last 
years.  Wafers  of  4H  and  6H  polytype  are  commercially  available  up  to  2“  in  diameter.  Unfortunately, 
the  problems  of  micropipe  defects  and  of  stable  bulk  growth  of  other  polytypes  like  3C  are  not 
solved. 

The  alternative  growth  from  silicon  solutions  is  restricted  to  the  epitaxial  layer  growth  today.  The 
low  growth  rate  is  caused  by  the  low  solubility  of  carbon  in  silicon.  By  addition  of  rare  earth 
elements  and  Sc  the  solubility  was  increased  by  a  factor  1.5,  but  the  electronic  properties  could  be 
influenced  undesirable.  Crucible  material,  suitable  for  mixed  melts,  can  hardly  be  found. 

Otherwise,  solution  growth  has  advantages.  Lower  growth  temperatures  can  be  used,  the  theory  of 
convective  processes  is  well  developed  and  the  growth  of  the  3C  polytype  is  possible. 

Gillessen  and  von  Munch  [2]  used  already  the  Floating  Zone  -  method  in  combination  with  iodine 
transport  agent  in  a  closed  silica  ampoule  to  prevent  the  evaporation  loss  of  silicon  by  the  iodine 
back  transport. 


Experimental  Procedure 

To  overcome  the  problem  concerning  the  low  solubility,  the  application  of  a  very  efficiently  mixed 
melt  solution  is  suggested.  This  efficient  mixing  can  be  obtained  by  forced  convection  in  the  RF- 
heated  zone  of  a  crucible  free  Floating  Zone  -  growth  equipment.  The  convective  flow  velocities  are 
in  the  range  of  some  cms'1  [1].  It  is  assumed  that  without  kinetic  limitation  in  the  dissolving  region 
(source)  the  transport  rate  depends  only  on  the  velocity  of  the  melt  solution  in  such  a  system. 


120 


Silicon  Carbide  and  Related  Materials  - 1999 


With  the  goal  to  prove  the  assumed  high  transport  rates  in  our  experiments  a  conventional  FZ  - 
method  was  utilized  (Fig.  1). 


* 


Fig.l :  Conventional  FZ  -  method  arrangement;  growth  result:  dissolved  (bottom)  and  grown  (top) 
rod 

The  arrangement  consists  of  two  rods  (0=  10mm  or  14mm,  length=  50mm)  made  of  graphite  (SGL) 
or  sintered  silicon  carbide  (HALSIC)  without  single  crystalline  seed.  A  cylinder  of  solid  silicon  (h= 
7mm,  0=  10mm  or  14mm)  was  attached  between  the  rods  and  molten  by  means  of  a  RF-inductor 
(„pancake“  inductor,  3MHz).  After  homogenisation  for  30  min  the  system  was  pulled  up  (0.02-0.5 
mmh'1).  During  growth  the  temperatures  have  been  controlled  for  a  constant  value  in  the  1450- 
1700°C  range  with  a  pyrometer.  The  growth  ambient  was  Ar+N2(0.25vol%)  under  atmospheric 
pressure.  It  was  observed  that  nitrogen  stabilized  the  3C  polytype.  No  essential  silicon  loss  could  be 
observed  within  the  time  of  72  hours. 


Results  and  Discussion 

It  was  shown  that  the  growth  conditions  are  more  stable  using  sintered  SiC  rods.  The  reason  is  the 
lower  dependence  of  the  wetting  angle  on  the  temperature  in  comparison  to  graphite.  The  stability 
of  the  zone  geometry  is  quite  low  using  graphite  rods  up  to  a  total  run  off. 

The  occurrence  of  the  3C-SiC  polytype  has  to  be  expected  for  the  applied  temperatures.  In  fact, 
3C-SiC  could  be  found  in  the  whole  grown  volume  (Fig.  2).  The  polytype  was  proven  by 
cathodoluminescence  (CL)  on  selected  areas  in  the  vicinity  of  the  seed  and  at  the  end  of  the  boules 
(Fig.  3). 

The  grown  3C-SiC  boules  were  polycrystalline  large  grains  with  0=  7mm,  iength=  4-1 3mm  and 
0=  1 1mm,  length=  3-4mm.  The  average  growth  rates  in  the  0.1-0.4mmh-1  range  were  comparable  to 
the  rates  of  vapour  growth. 


Materials  Science  Forum  Vols.  338-342 


121 


Fig.  2:  Growth  interface  of  polycrystalline  3C-SiC  crystal,  0~  10mm,  top  view  (see  Fig.  1) 
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Fig.  3:  CL  spectrum  of  3C-SiC  measured  at  the  growth  interface  of  polycrystalline  3C-SiC  crystal 
(see  Fig.  2) 
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The  grown  boules  were  not  dense  at  the  end.  Constitutional  supercooling  could  be  the  reason  for  this 
phenomenon  because  fluctuations  of  the  RF-coupling  behaviour  between  inductor  and  molten  zone 
were  often  revealed  by  observing  the  fluctuations  of  the  luminosity.  In  this  connection  it  should  be 
taken  into  account  that  the  constitutional  supercooling  is  decreased  by  the  high  temperature 
gradients  on  the  one  side  but  otherwise  the  supersaturation  is  high  as. 

Temperature  measurements  on  the  surface  of  the  molten  zone  are  quite  difficult  because  of  the 
overheating  in  the  thin  skin  of  induction  [1,3].  So  we  tried  to  stabilise  the  RF-power  using  the 
luminosity  as  compensator  signal  for  the  power  controller  [4].  The  stability  of  the  RF-power  seems 
to  be  increased  essentially.  This  was  the  prerequisite  to  start  the  growth  on  moncrystalline  seeds. 
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Abstract 

An  overview  of  SiC  crystal  growth  mainly  for  device  application  is  given.  Bulk  growth  including  recent 
development  is  briefly  reviewed.  Epitaxial  growth  involving  both  heteroepitaxy  and  homoepitaxy  is  described. 
The  concept  of  step-controlled  epitaxy  to  obtain  high-quality  homoepitaxial  layers  is  introduced,  and  the  step 
bunching  peculiar  to  this  method  is  discussed.  Doping  characteristics  during  homoepitaxial  growth  is  described. 
New  techniques  for  production  of  SiC  epitaxial  layers  are  introduced.  Finally,  a  future  prospect  in  crystal  growth 
is  given. 

1.  Introduction 

The  potential  of  silicon  carbide  (SiC)  for  electronic  devices  has  been  recognized  for  a  long  time.  However, 
the  difficulty  to  grow  large  and  high-quality  SiC  crystals  without  polytype  mixing  has  prevented  its  applications. 
One  innovation  in  bulk  crystal  growth  with  controlled  polytypes  utilizing  seeded  sublimation  has  triggered  the 
feasibility  of  SiC  devices  [1].  Nowadays,  2-inch  wafers  of  6H-  and  4H-SiC  are  commercially  available.  In 
addition,  the  success  to  grow  high-quality  epitaxial  layers  on  off-axis  SiC {0001}  at  rather  low  temperatures 
around  1500°C,  named  "step-controlled  epitaxy"[2],  utilizing  step-flow  growth  has  increased  remarkable 
attention  to  SiC.  This  technique  gave  an  epoch-making  breakthrough  to  get  high-quality  material  enough  for 
device  applications.  Since  then,  many  prototype  devices  have  been  demonstrated,  and  some  of  them  are  now 
being  realized  as  vital  devices. 

In  this  paper,  an  overview  of  SiC  growth  is  given  using  some  of  historical  aspects.  Bulk  growth, 
heteroepitaxy  and  homoepitaxy  are  reviewed.  The  details  on  step-controlled  epitaxy  together  with  step  bunching 
are  discussed.  Control  of  doping  level  during  homoepitaxial  growth  is  explained.  Trials  for  production-oriented 
SiC  epitaxial  growth  are  introduced.  Finally,  a  future  prospect  of  SiC  crystal  growth  is  given. 

2.  Bulk  Crystal  Growth 

Bulk  single  crystal  growth  has  been  carried  out  by  seeded-sublimation  using  thermal  decomposition  and 
recrystallization  of  source  SiC  at  temperatures  above  2000°C  [1  ].  The  polytype  of  bulk  single  crystals  depends 
on  the  growth  temperature,  reactor  pressure  and  surface  polarity.  For  production  of  high-quality  bulk  single 
crystals  with  a  single  polytype,  optimization  of  conditions,  such  as  controlling  nucleation,  composition  and 
thermal  geometry,  is  strongly  needed  [3].  Usually  6H-  or  4H-SiC  bulk  crystals  are  grown  on  the  {0001 }  faces  of 
6H-  or  4H-SiC  seed  crystals.  Defects  named  'micropipes'  often  appear  along  <0001>,  which  are  a  cause  of 
concern  for  device  applications.  The  reduction  of  micropipes  has  been  strongly  required,  and  efforts  to  eliminate 
micropipes  have  been  continued  steadily.  The  number  of  micropipes  has  been  decreased,  and  now  it  becomes 
0.5cm'2  in  a  research  level.  In  spite  of  recent  efforts,  SiC  wafers  still  contain  a  high  density  of  elemental  screw 
and  edge  dislocations  with  an  order  of  1 04- 1 05cm'2. 

With  regard  to  expanding  the  diameter,  growth  of  a  bulk  crystal  exceeding  75mm  has  been  reported  [3].  The 
lowest  doping  concentration  is  in  the  10,5-1016cm'3  range  [3,4].  The  conductivity  of  n-  and  p-types  can  be 
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controlled  by  adding  impurities  to  the  source  material.  Wafers  of  low-resistivity  (10'3Qcm)  through  insulator 
(1015Ocm,  4H-SiC)  are  available  [3]. 

Bulk  crystal  growth  by  seeded  sublimation  on  other  crystal  faces  rather  than  {0001  }has  been  tried,  which 
has  realized  micropipe-free  boule  growth  [5],  However,  stacking  faults  in  the  basal  plane  prohibit  the  growth  of 
high-quality  crystals.  6H-SiC  grown  on  [1-100]  has  a  high  density  of  stacking  faults  (103-104cm'1),  whereas  6H- 
SiC  on  [11-20]  and  4H-SiC  on  [1-100]  and  [11-20]  contain  much  lower  density,  by  one  or  two  orders  of 
magnitude  [6]. 

3.  Epitaxial  Growth  of  SiC  by  Chemical  Vapor  Deposition 

3.1  Heteroepitaxial  growth  of  3C-SiC  on  Si 

Growth  of  3C-SiC  ( /3  -SiC)  has  been  extensively  studied  using  Si  substrates  with  a  large  diameter.  After  the 
success  in  reproducible  growth  utilizing  carbonization  of  Si  before  CVD  proposed  by  the  author's  group  [7], 
many  studies  have  been  done  up  to  today.  Most  of  the  works  have  been  done  at  around  1300°C  in  a  cold- wall 
atmospheric-pressure  CVD  reactor.  Although  single  crystalline  3C-SiC  is  grown  on  Si,  the  grown  layer  has  a  lot 
of  plane  defects  (stacking  faults).  Nowadays,  3C-SiC  with  150mm  in  diameter  can  be  available  by  alternating 
supply  of  source  gases  in  a  hot- wall  low-pressure  CVD  reactor  (at  around  1000°C)  after  carbonization  of  Si  [8]. 
Trials  of  the  growth  using  a  low-pressure  CVD  reactor  has  given  different  growth  mechanism  and  atomically 
flat  surface  morphology  [9]. 

Conduction  types  can  be  controlled  by  impurity  doping  during  growth.  The  undoped  carrier  concentration  is 
in  the  range  of  l-5xl016cm'3.  Electron  mobilities  over  500cm2/V s  are  obtained  for  5  fi  m-thick  epitaxial  layers 
with  a  carrier  concentration  of  3.2xl016cm"3. 

3.2  Homoepitaxial  growth  of  a  -SiC 

In  spite  of  many  efforts  for  homoepitaxial  growth  of  a  -SiC,  there  had  been  a  serious  problem  of  polytype 
mixing.  Growth  temperatures  as  high  as  1800°C  have  been  applied  to  achieve  homoepitaxy  of  6H-SiC  [10]. 
After  the  innovation  of  high-quality  epitaxial  growth  on  off-axis  6H-SiC{0001}  at  around  1500°C  utilizing 
step-flow  growth  [2],  realization  of  SiC  devices  has  been  strongly  accelerated.  Crystal  growth  is  usually  carried 
out  in  a  horizontal  quartz  reactor.  SiH4  and  C3H8  are  used  as  source  gases  and  H2  as  a  carrier  gas.  N2  is  used  for 
n-type  doping,  and  trimethylalminum  (TMA)  or  B2H6  are  for  p-type  doping.  Both  (0001)Si  and  (000- 1)C  faces 
of  6H-  and  4H-SiC  wafers  are  used,  and  an  off-  angle  of  3 .5-8°  toward  <1 1-20>  is  required  to  get  high-quality 
homoepitaxial  layers  at  rather  low  temperatures.  SiC  substrates  put  on  a  SiC-coated  graphite  susceptor  are 
heated  by  if  induction.  The  growth  temperature  is  typically  1 500-1600°C. 

4.  Step-controlled  Epitaxy  [11] 

4.1  Growth  features 

On  on-axis  6H-SiC  substrates,  the  grown  layer  shows  a  smooth  surface  with  a  mosaic  pattern  separated  by 


2  possible  sites 

COOOI  ]  uniOue  occupation-site  on  ,  ,000l,  ter„c. 


Fig.  1  Model  for  step-flow  growth  and  two-dimensional  nucleation  in  the  case  of  growth  on  6H-SiC(000 1 ). 
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groove  boundaries  on  the  (0001)Si  face,  and  a  roughened  surface  by  island  growth  on  the  (000-1)C  foce.  Both 
are  revealed  as  twinned  3C-SiC  by  RHEED  analysis.  In  contrast,  the  grown  layer  on  off-axis  substrates  shows  a 
specular  smooth  surface,  which  is  revealed  as  6H-SiC.  The  difference  of  crystal  growth  can  be  explained  as 

follows.  . .  , 

When  the  concentration  of  chemical  species  adsorbed  on  a  substrate  surface  reaches  cntrcal  supersaturation, 

nucleation  occurs  on  the  surface.  On  on-axis  {0001  }faces,  since  the  terrace  width  is  wide,  crystal  growth  occurs 
through  two-dimensional  nucleation  on  terraces.  As  tire  stacking  order  of  6H-SiC  substrate  is  ABCACB..., 

nucleation  occurs  following  either  the  orders  of  ABC...,  or  ACB . The  grown  layer  becomes  twinned  3C-SiC, 

since  the  stable  polytype  is  cubic  at  a  low  substrate  temperature  of  1500°C,  and  two  possible  stacking  orders  can 
be  available  as  shown  in  Fig.l.  On  the  contrary,  on  off-axis  {0001  {faces,  since  the  terrace  width  becomes 
narrow,  adsorbed  species  can  reach  steps  easily.  The  incorporation  of  chemical  species  is  uniquely  determined 
by  chemical  bonds  at  the  steps  as  in  Fig.l.  Thus,  homoepitaxy  can  be  achieved  even  at  low  substrate 
temperatures  through  step-flow  growth  inheriting  the  stacking  order  of  the  substrate. 

From  the  growth  rate  dependence  on  the  C/Si  ratio  in  the  source  gas,  crystal  growth  is  governed  by  the 
supply  of  Si-related  chemical  species.  The  growth  rate  between  1200  and  1600*0  gives  a  small  activation 
energy  of  2  8kcal/mole,  which  can  be  explained  by  a  stagnant  layer  model  applied  for  Si-related  species  [12]. 

On  off-axis  substrates  with  an  off-angle  toward  <1-100,  stripe-type  morphology  caused  by  step  bunching 
appears  during  long-time  growth.  And  so  the  off  direction  toward  <11-20  should  be  taken  for  high-quality 
thick  epilayers.  The  feature  of  step-controlled  epitaxy  can  be  applied  for  any  other  polytypes  such  as  4H-  and 

15R-S1C. 


4.2  Critical  condition  for  step-controlled  epitaxy 
Using  a  simple  surface  diffusion  model  based  on 
the  BCF  theory  and  experimental  results  for  various 
off-angles,  critical  conditions  for  step-flow  growth  in 
6H-SiC  was  obtained  as  shown  in  Fig.2  [13].  The 
ordinate  of  the  figure  shows  the  growth  rate  implying 
the  flux  supply.  A  higher  growth  rate  (or  higher  flux 
supply)  and  lower  off-angle  are  allowed  for  step-flow 
growth  at  higher  growth  temperatures.  At  1800°C, 
step-flow  growth  is  achieved  with  a  moderate  growth 
rate  of  6  n  m/h  using  a  very  small  off-angle  of  0.2  , 
corresponding  almost  a  growth  on  an  on-axis 
substrate.  Whereas  at  a  low  temperature  of  1200°C, 
larger  off-angles  more  than  5°  are  needed  to  realize 
homoepitaxy  of  6H-SiC  with  a  growth  rate  of  1 
pm/h. 


GROWTH  TEMPERATURE  (°C) 

Fig.2  Critical  growth  conditions  in  6H-SiC  CVD. 


4.3  Step  bunching 

By  atomic  force  microscopy  and 


cross-sectional  electron  microscopy,  step  structures  of  6H-  and  4H-SiC 


Fig.3  Histograms  of  step  height  for  (a)  6H-SiC,  (b)  4H-SiC,  and  (c)  15R-SiC  (0001)  epilayers. 


128 


Silicon  Carbide  and  Related  Materials  - 1999 


epilayers  grown  on  off-axis  substrates  have  been  studied  [14].  An  epilayer  on  a  6H-SiC  (0001)Si  face  with  an 
off-angle  of  5°  yields  apparent  step  bunching  (macro  steps)  with  a  terrace  width  of  220-280nm.  Each 
macrostep  is  composed  of  a  number  of  micro  steps.  On  a  (000- 1)C  face,  however,  the  surface  is  rather  flat  with 
micro  steps  but  no  macro  steps.  4H-SiC  epilayers  have  similar  step  structures  with  a  1 1 0- 1 60nm  terrace  width. 

A  histogram  of  step  height  obtained  from  detailed  AFM  analysis  for  various  epitaxial  layers  is  shown  in 
Fig-3  as  an  example  (The  total  number  of  examined  steps  was  40-70)  [15].  On  3.5°  off-axis  6H-SiC,  81%  of 
steps  was  composed  of  3  Si-C  bilayer  height,  and  19%  has  single  SiC  bilayer  height.  On  8°  off-axis  4H-SiC, 
steps  with  2  bilayer  height  are  the  most  dominant  (54%)  and  steps  with  single  bilayer  height  shows  the  second 
highest  (44  A).  In  the  case  of  8  off-axis  1 5R-SiC,  steps  with  2  and  3  bilayer  height  inherent  to  this  polytype  are 
the  most  dominant,  29%  and  40%,  respectively.  Step  bunching  can  be  explained  by  a  model  taking  account  of 
different  step  velocities  for  each  Si-C  bilayer  caused  by  the  surface  energy  difference.  Thus,  step  bunching  in 
SiC  epitaxial  growth  may  be  correlated  with  the  peculiar  stacking  sequence  of  each  polytype,  and  can  be  called 
"polytype-induced  macro  step  formation". 

On  a  Si  face  with  3.5°  off-angle,  the  average  terrace  widths  were  12.4nm  for  6H-SiC,  and  16.8nm  for  4H- 
SiC.  The  difference  in  the  average  terrace  widths  between  6H-  and  4H-SiC,  in  spite  of  the  same  off-angle, 
probably  originates  from  the  difference  in  surface  energies  between  polytypes.  Supersaturation  occurs  easier  on 
wider  terraces,  leading  to  3C-SiC  nucleation.  In  this  sense,  4H-SiC  showing  wider  tenaces  may  have  a 
disadvantage  of  relatively  high  nucleation  on  terraces.  Substrates  with  larger  off-angles  are  effective  in  4H-SiC 
growth  (Commercially  available  4H-SiC  substrates  have  8°  off-angle).  On  the  other  hand,  C  faces  show  much 
narrower  average  terrace  width  (4-5nm).  For  some  applications,  the  growth  on  a  C  fece  is  recommended, 
although  the  growth  window  to  get  a  specular  surface  is  tight. 


5.  Doping  control 

Unintentionally-doped  epilayers  show  n-type  conductivity  with  a  donor  concentration  of  10l4-10,5cm'3 
depending  on  the  C/Si  ratio  in  the  source  gas.  The  higher  C/Si  ratio  leads  to  the  lower  donor  concentration 
which  is  explained  by  "site-competition  epitaxy"  [16].  The  high  C-atom  coverage  on  a  growing  surface  prevents 
the  incorporation  of  N  atoms  into  SiC,  which  work  as  donors  by  substituting  at  C  sites.  On  a  Si  face,  the  donor 
concentration  can  be  remarkably  decreased  by  increasing  the  C/Si  ratio:  the  lowest  value  is  5xlO,3-lxlO,4cm'3 
as  shown  in  Fig.4.  In  contrast,  on  a  C  face,  the  donor  concentration  is  not  sensitive  to  the  C/Si  ratio. 

N-type  conductivity  can  be  controlled  by  N2  doping  duiing  CVD.  The  donor  concentration  is  increased 
proportionally  with  the  N2  flow  rate  in  the  wide  range  on  both  Si  and  C  faces.  The  incorporation  of  A1  and  B 
atoms,  which  substitute  at  Si  sites,  is  enhanced  under  C-rich  conditions  on  a  Si  face.  The  election  mobility  at 
room  temperature  vs.  the  electron  concentration  is  shown  in  Fig.5  for  epilayers  of  4H-  and  6H-SiC.  4H-SiC 
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epilayers  exhibit  two  times  higher  electron  mobility  than  6H-SiC  epilayers.  The  highest  values  of  electron 
mobility  are  851cm2/Vs  (n=6xl013cm-3)  for  4H-SiC  and  43 1  cm2/Vs  (n=2xl014crn 3)  for  6H-SiC. 

6.  New  techniques  -approach  for  production 

Horizontal  hot-wall  reactors  have  been  proposed  for  the  growth  of  high-power  device  material:  thick  layers 
of  low  doping  and  good  morphology  [17].  Growth  on  substrates  of  35mm  and  51mm  in  diameter  have  been 
tried  at  around  1600°C.  The  grown  layers  showed  n-type  and  the  intrinsic  background  doping  was  in  the  low 
10I4cm'3  range.  The  uniformity  of  thickness  and  doping  was  less  than  4%  and  7-11%,  respectively  for  epilayers 
of  around  50//  m  thickness  grown  with  a  rate  of  3-5  n  m/h.  Epitaxial  layers  thicker  than  150 /zm  have  been 
grown  in  a  hot-wall  type  reactor  [18].  A  vertical  hot-wall  reactor,  named  chimney  reactor,  has  been  applied  for 
thick  epitaxial  growth  [19].  Mirror-like  4H-SiC  epitaxial  layers  with  growth  rates  of  10-30  ii  m/h  were  obtained 

in  the  temperatures  of  1750-1900°C.  The  doping  level  was  5-7x1 015cm'3  range. 

A  unique  planetary  SiC-CVD  reactor  for  multi-wafer  epitaxial  growth  has  been  designed  for  atmospheric 
and  reduced  pressure  operation  at  temperatures  up  to  and  exceeding  1600°C  [20].  Specular  epitaxial  layers 
have  been  grown  at  growth  rates  of  3-5  ii  m/h,  and  the  thickest  layer  was  42  fi  m.  The  minimum  unintentional 
doping  was  lxlOI5cm"3  with  an  electron  mobility  of  1 000cm2/Vs.  Intrawafer  thickness  and  doping  uniformities 
of  4  and  7%  have  been  obtained  on  35mm  diameter,  and  3%  thickness  uniformity  on  50mm  diameter. 

A  vertical  cold-wall  reactor  for  a  single  wafer  has  been  used  to  grow  SiC  with  high  purity  and  crystal  quality 
[21].  The  process  temperature  was  up  to  1600°C  using  rf  heating  of  a  bell-jar-like  graphite  susceptor  with  a  flat 
pancake  coil.  The  susceptor  and  attached  sample  holder  are  usually  rotated  with  a  speed  of  800rpm  to  stabilize 
the  gas  flow.  A  background  impurity  level  below  1014cm'3  (p-type)  was  obtained  with  a  growth  rate  of  5-6  \l 
m/h.  The  thickness  uniformity  was  within  5%  across  the  35mm  diameter. 

A  new  trial  to  obtain  thick  epitaxial  layers  with  a  very  high  growth  rate  has  been  demonstrated  by  using  a 
concept  of  high-temperature  CVD  [22].  This  feature  is  particularly  important  in  the  power  device  field  for  large 
device  sizes  which  require  large  quantity  of  high-quality  substrates.  Growth  rates  of  10-500  (i  m/h  have  been 
demonstrated  at  temperatures  between  1800-2300°C.  Applying  this  technique  to  the  growth  of  SiC  boule  has 
been  started. 

7.  Future  prospect 

So  far,  concerned  with  epitaxial  growth,  off-axis  SiC {0001}  wafers  with  several  degrees  have  been 
employed  for  homoepitaxial  growth.  SiC{0001}  wafers,  however,  contain  micropipes  along  <0001>,  which 
tend  to  be  replicated  from  substrates  to  epitaxial  layers.  Since  micropipes  affect  significantly  tire  device 
performance,  they  are  thought  to  be  a  particularly  serious  threat  for  large-scale  production  of  SiC  devices.  To 
avoid  extending  of  micropipes  into  epilayers,  SiC  homoepitaxial  growth  on  (1-100)  and  (1 1-20)  is  promising, 
since  those  faces  are  parallel  to  <000 1>  and  do  not  have  a  micropipe  in  a  plane.  In  the  epitaxial  growth  on  (1 1- 
20)  and  (1-100),  the  presence  of  misfit  attributed  to  tire  doping  difference  between  the  epitaxial  layer  and  the 
substrate  has  brought  a  wide  FWHM  of  X-ray  diffraction  [23].  In  the  epitaxial  growth  on  (11-20),  the  C/Si  ratio 
dependence  of  impurity  incorporation  is  between  the  cases  on  Si-  and  C-faces  [24]. 

4H-SiC  epitaxial  growth  on  4H-SiC  substrates  with  the  (1 1-20)  faces  has  been  successfully  carried  out  [25]. 
An  extremely  smooth  surface  can  be  obtained  on  (11-20)  without  macro  steps  (step  bunching),  large  triangular 
defects  and  carrot-like  defects,  which  are  quite  often  obseived  in  epilayers  on  the  (0001)  face.  The  surface 
roughness  is  as  small  as  0.1 8nm.  A  typical  surface  defect  is  a  small  elongated  shallow  depression.  The  surface 
defect  area  defined  by  the  ratio  of  defective  area  to  the  total  area  is  as  small  as  0.010%,  whereas  it  is  0.16%  for 
epilayers  on  the  (000 1 )  face  with  an  off-angle  of  8°  . 

The  epitaxial  growth  on  (11-20)  becomes  veiy  important,  since  the  small  channel  mobility  in  the  (0001)  face 
of  4H-SiC  can  be  dramatically  improved  by  using  the  (1 1  -20)  face  [26]. 
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Summary 

An  over  view  of  SiC  crystal  growth  was  given  for  bulk  and  epitaxial  growth.  The  feature  of  step-controlled 
epitaxy  was  described  together  with  an  inherent  problem  of  step  bunching.  Trials  for  production-oriented  crystal 
growth  techniques  were  introduced. 
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Abstract.  The  epitaxial  growth  of  SiC  is  investigated  in  a  CVD  process  based  on  a  vertical  hot-wall,  or 
“chimney”,  reactor  geometry.  Carried  out  at  increased  temperatures  (1650  to  1850  °C)  and 
concentrations  of  reactants,  the  growth  process  enables  epitaxial  rates  ranging  from  10  to  50  pm/h.  The 
growth  rate  is  shown  to  be  influenced  by  two  competing  processes:  the  supply  of  growth  species  in  the 
presence  of  homogeneous  gas-phase  nucleation,  and,  the  etching  effect  of  the  hydrogen  carrier  gas.  The 
quality  of  thick  (20  to  100  Jim)  low-doped  4H-SiC  epitaxial  layers  grown  at  rates  ranging  between  10 
and  25  pm/h  are  discussed  in  terms  of  thickness  uniformity,  surface  morphology  and  purity.  The 
feasibility  of  high  voltage  Schottky  rectifiers  (VBr  from  2  to  ~3.8  kV)  on  as-grown  chimney  CVD 
epilayers  is  reported. 

In  a  second  part,  recent  developments  of  the  High  Temperature  Chemical  Vapor  Deposition  (HTCVD) 
technique  for  SiC  crystal  growth  are  described.  Using  pure  gases  (SiHj  and  C2H4)  as  source  material  and 
growth  temperatures  of  2100-2300  °C,  this  technique  enables  at  present  growth  rates  ranging  from  0.4  to 
0.8  mm/h.  6H  and  4H-SiC  crystals  of  thickness  up  to  7  mm  and  diameters  up  to  40  mm  have  been 
grown.  We  report  micropipe  densities  of  ~80  cm'2  over  areas  of  0.5  cm2  in  35  mm  diameter  4H-SiC 
wafers  sliced  from  HTCVD  grown  crystals.  Undoped  wafer  demonstrators  exhibit  semi-insulating 
behavior  with  a  bulk  resistivity  higher  than  7- 109  cm  at  room  temperature. 

1.  Introduction 

State-of-the-art  silicon  carbide  (SiC)  device  structures  are  currently  essentially  grown  by  Chemical 
Vapour  Deposition  (CVD)  techniques,  as  demonstrated  by  small-area  microwave  components  and 
power  rectifiers  exceeding  the  performances  and  capabilities  of  their  GaAs  and  Si  counter-parts.  The 
availability  of  substrates  with  increasing  diameter  and  quality  [1]  is  in  turn  triggering  higher  demands  on 
the  epitaxial  process,  namely  in  terms  of  throughput.  In  a  first  part  of  this  paper,  we  present  a  CVD 
process  enabling  growth  of  4H-SiC  epilayers  with  deposition  rates  ranging  from  10  to  50  pm/h.  Carried 
out  in  a  chimney  reactor,  a  geometry  by  principle  well  suited  for  both  increased  capacity  and  growth 
temperatures,  this  process  enables  a  material  quality  comparable  to  the  one  of  more  established  SiC 
CVD  techniques  for  growth  rates  ranging  up  to  ~25  pm/h. 

In  a  second  part  of  this  paper,  we  report  the  development  of  a  seeded  vapor  phase  growth  technique, 
generically  described  as  High  Temperature  CVD  (HTCVD)  [2,  3].  Carried  out  at  temperatures  ranging 
from  2100  to  2300  °C  and  using  gas  precursors  (silane  and  ethylene  diluted  in  a  helium  carrier  gas),  the 
HTCVD  method  is  essentially  a  CVD  technique.  However,  the  thermal  environment  and  the  growth 
rates  achievable  in  this  technique  are  to  a  large  extent  closer  to  the  conventional  physical  vapor  transport 
(PVT)  method  which  is  today  used  for  the  commercial  fabrication  of  SiC  wafers.  We  here  report  the 
main  results  of  the  HTCVD  process  and  the  related  structural  and  electrical  properties  of  4H  wafer 
demonstrators. 
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2.  Epitaxial  growth  results:  the  chimney  CVD  reactor 

The  chimney  reactor  uses  a  vertical,  symmetric,  hot-wall  geometry  where  the  process  gases  are 
introduced  at  the  bottom  of  the  reaction  cell.  The  reactants  (silane  and  ethylene),  mixed  in  a  pure 
hydrogen  carrier  gas,  are  hence  distributed  upwards  through  a  vertical  channel  formed  by  a  rectangular 
opening  in  a  SiC-coated  susceptor  [3].  The  typical  growth  temperatures  range  from  1650  to  1850  °C. 
Although  the  chimney  geometry  offers  a  fully  symmetric  structure  with  respect  to  the  gas  flow  profile, 
the  substrates  (4H,  8°  off-axis)  were  in  this  stage  mounted  only  along  one  side  of  the  vertical  channel. 

2.1  Rate  determining  steps  and  uniformity 

The  growth  process  is  here  first  described  in  a  small-scale  system  where  a  susceptor  without  tapering 
was  used.  As  shown  in  Fig.  1,  when  the  C2H4  flow  rate  is  increased  at  fixed  silane  supply,  the  growth 
rate  first  increases  sharply  for  C/Si  ratios  ranging  between  0.1  and  0.4,  then  saturates  at  a  nearly 
constant  value.  At  the  growth  temperature  used  here,  no  significant  difference  is  observed  whether 
growth  is  carried  out  on  C-  or  Si-face  substrates  (Fig.  1).  This  indicates  that  the  growth  regime  becomes 
Si-supply  limited  for  C/Si  ratios  higher  than  ~0.4,  a  result  similar  to  the  one  reported  for  one  order  of 
magnitude  lower  growth  rates  in  a  cold- wall  CVD  process  carried  out  at  1500  °C  [4].  Because  a  Si- 
supply  limited  regime  is  obtained  at  C/Si  ratios  higher  than  0.4,  the  leading  parameter  controlling  the 
growth  rate  is  expected  to  be  the  silane  feed  rate.  Under  otherwise  optimal  conditions,  increasing  the 
S1U4  flow  rate  or  partial  pressure,  while  keeping  a  constant  C/Si,  enables  indeed  a  growth  rate  variation 
between  10  and  50  pm/h  (Fig.  2). 


Fig.  1  Growth  rate  dependence  on  C/Si  ratio  at  a 
fixed  SiH4  flow  rate  of  12.2  ml/min  at  1730  °C  and 
210  mbar.  The  closed  and  open  circles  refer  to  mean 
growth  rates  with  a  carrier  flow  of  3.4  1/min,  on  Si- 
face  and  C-face  off-axis  substrates,  respectively. 


Fig.  2  Growth  rate  dependence  on  input  silane  partial 
pressure  at  fixed  C/Si  =  0.55.  The  horizontal  line  at  30 
pm/h  represents  the  upper  growth  rate  limit  within 
which,  30  to  80  pm  thick  Si-face  epilayers  with 
specular  surface  morphology  have  been  obtained  under 
otherwise  optimized  conditions. 


At  a  given  supply  of  source  gases,  the  most  important  parameter  determining  both  the  growth  rate  and 
the  surface  morphology  is  the  process  temperature.  The  reciprocal  temperature  dependence  plotted  in 
Fig.  3  reveals  that  growth  can  proceed  within  two  main  regimes:  in  the  1650  to  1775  °C  temperature 
range,  the  growth  rate  increases  with  an  apparent  activation  energy  of  -44  kcal/mol,  whereas  higher 
growth  temperatures  lead  to  a  decrease  of  the  growth  rate.  Within  this  second  regime,  the  net  growth 
rate  is  reduced  by  an  enhanced  competing  hydrogen  etching  of  the  growing  SiC  surface,  as  further 
discussed  in  [5].  Within  the  first  regime,  the  activation  energy  is  surface  polarity  independent  (Fig.  3), 
indicating  that  surface  kinetics  are  not  the  main  rate  limiting  step  in  the  present  system.  Being  one  order 
of  magnitude  higher  than  the  one  reported  in  Si  mass-transport  limited  cold- wall  CVD  [4],  this 
activation  energy  shall  relate  to  a  process  limiting  the  supply  of  Si-vapor  in  the  gas-phase.  Further, 
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experimental  results  [5]  indicate  that  the  homogeneous  nucleation  of  the  silane  precursor  into  Six 
clusters  or  droplets  at  the  entrance  of  the  susceptor  mainly  accounts  for  this  rate  limiting  step.  In 
particular,  we  experimentally  determined  the  clusters  evaporation  process  to  be  thermally  activated  with 
an  apparent  activation  energy  close  to  ~  56  kcal/mol  [5],  At  C/Si  ratios  higher  than  0.4  (Fig.  1),  the 
growth  rate  becomes  essentially  Si-species  supply  limited  (Fig.  2)  where  higher  growth  temperatures 
increase  the  release  of  Si  vapor  from  the  Six  clusters  (Fig.  3).  In  turn,  lower  temperatures  can  introduce 
retarding  effects  in  the  gas  phase  nucleation  chemistry,  which  will  affect  the  growth  rate  uniformity.  As 
shown  by  the  arrows  in  Fig.  3,  with  decreasing  temperature,  the  deposition  uniformity  is  indeed 
observed  to  gradually  shift  from  depletion  towards  an  increase  of  the  growth  rate  along  the  gas  flow 
direction.  Within  this  latter  case,  homogeneous  nucleation  thus  plays  a  similar  role  to  the  “cold-finger” 
effect  encountered  in  horizontal  cold-wall  CVD  reactors,  by  acting  as  a  reservoir  for  the  reactants, 
which  are  gradually  released  from  the  nucleated  clusters  as  they  pass  through  the  susceptor.  This 
reduces  depletion  effects  until  sufficiently  high  temperatures  (-1750  °C  in  Fig.  3),  and  growth  rates,  in 
turn  enhance  the  hydrocarbon  consumption.  Within  this  depletion  regime,  the  uniformity  is  improved 
with  decreased  growth  pressures  or  increased  carrier  flows  [5],  an  approach  which  remains  meaningful 
in  the  chimney  system  as  long  as  the  corresponding  etching  rate  does  not  noticeably  influence  the 
growth  rate.  N-type  epilayers  over  100  pm  thick  with  a  thickness  uniformity  of  5%  have  been  grown  at 
23  pm/h  in  a  small  scale  susceptor.  Although  this  uniformity  is  one  of  the  best  reached  for  thick 
epilayers  in  a  small  scale  susceptor,  it  corresponds  to  the  ones  obtained  under  optimised  conditions  for 
relatively  thinner  epilayers  (30-40  pm),  which  demonstrates  the  stability  of  the  growth  process.  Results 
in  an  upscaled  system  show  that  the  thickness  uniformity  is  noticeably  improved  (5%  or  less  over  35 
mm  wafers,  Fig.  4). 
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Fig.  3  Growth  rate  dependence  on  temperature  for  Si-face 
(closed  circles)  and  C-face  (open  circles)  off-axis  4H 
epilayers.  The  closed  circles  denote  the  mean  growth  rate 
along  a  35  mm  length  from  the  leading  edge  and  the  error 
bar  the  corresponding  standard  deviation.  The  arrows  are 
pointed  upwards  for  an  epilayer  thickness  increasing  along 
the  gas  flow  direction,  and  downwards  in  the  opposite  case. 


Fig.  4  Doping  map  of  an  intentionally  doped  32 
pm  thick  epilayer  grown  at  16  pm/h  on  a  Si-face 
35  mm  diameter  substrate.  The  doping  and  the 
thickness  uniformity  are  better  than  5  %  as 
determined  by  non  destructive  PL  and  FTIR 
measurements,  respectively. 


2.2  Material  properties:  morphology,  doping  and  device  characteristics 

Morphology  The  device  application  driven  need  of  specular  epitaxial  layers  of  thickness  exceeding  50 
pm,  requires  that  the  stability  of  the  step-flow  mode  is  kept  throughout  the  growth.  Under  the  increased 
reactant  concentrations  used  in  the  present  process,  surface  roughening  is  observed  to  depend  more  on 
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epilayer  thickness  and  growth  conditions  than  on  the  growth  rate  (R  <  30  jim/h  in  Fig.  1).  As  presented 
in  [6],  surface  roughening  effects  are  enhanced  under  too  C-rich  conditions  or  low  temperatures.  The 
best  surface  morphology  is  reached  under  growth  conditions  where  the  thickness  uniformity  is 
controlled  by  depletion  of  the  reactants  along  the  gas  flow  direction  and  a  weak  H2  etching.  Under  these 
conditions,  stable  growth  without  macroscopic  step-bunching  is  achieved,  with  step  heights  on  Si-face 
epilayers  (thickness  up  to  80  \im)  ranging  from  0.5  to  2  nm  [6].  In  the  absence  of  macroscopic  step 
bunching  or  preferential  H2  etching  at  e.g.  screw  dislocations,  epilayers  grown  at  rates  ranging  from  15 
to  25  |xm/h  are  mainly  characterized  by  growth  pits  related  to  the  initial  growth  stages.  In  upscaled 
susceptors  with  improved  thermal  and  flow  distributions,  preliminary  optimizations  enable  at  present 
surface  defect  free  areas  of  Vi  cm2. 

Purity  and  doping  The  lowest  n-type  doping  realised  at  growth  rates  up  to  25  pm/h  are  in  our 
research  reactor  of  ~  61013  cm’3  and  -  41014  cm’3  on  Si-  and  C-face  4H  layers,  respectively,  as 
determined  both  by  CV  and  PL  measurements.  In  a  welt  conditioned  system,  SIMS  measurements 
indicate  that  the  concentrations  of  impurities,  such  as  Ti,  V,  B  or  Al,  are  all  below  detection  limits  (high 
10 13  cm'3  for  e.g.  boron).  Characterization  of  Si-face  epilayers  grown  at  temperatures  up  to  -1800  °C 
(either  undoped  or  intentionally  doped  in  the  1015  cm*3  range)  by  DLTS  reveals  a  low  concentration  of 
Ti  and  the  Z\  electron  traps,  typically  between  1.6  to  7-1012  cm'3  and  0.5  to  21013  cm’3,  respectively. 
Under  intentional  n-type  doping  levels  from  the  mid  1014  to  1019  cm’3,  the  nitrogen  incorporation  in  the 
chimney  process  increases  exponentially  with  temperature,  as  long  as  the  growth  regime  is  reactant 
supply  limited.  This  result  differs  from  the  one  reported  by  other  groups  [e.g.  7]  and  is  here  related  to 
the  decrease  of  the  effective  C/Si  ratio  with  the  enhanced  evaporation  of  Six  clusters.  In  the  presence  of 
additional  site  competition  effects  influenced  by  the  depletion  of  the  hydrocarbon  precursor,  achieving 
doping  uniformity  lower  than  5%  (Fig.  4)  requires  attention  to  be  paid  to  the  uniformity  of  the  gas  flow 
pattern  and  susceptor  temperature  distribution. 

Schottkv  device  characteristics.  In  order  to  assess  the  breakdown  behavior  of  as-grown  chimney 
epilayers,  Schottky  structures  were  processed  on  a  42  pm  thick,  -5.1014  cm*3  layer  (growth  rate  20 
pm/h).  As  presented  in  [8],  the  measured  breakdown  voltages  ranged  from  2  up  to  3.85  kV,  with  an 
increasing  yield  for  smaller  diameter  devices.  The  typical  leakage  current  densities  at  1  and  2  kV  were 
as  low  as  10-6  and  10'5  A/cm2  for  diodes  with  diameter  ranging  from  0.3  to  1  mm. 

3.  SiC  crystal  growth  developments  in  High  Temperature  CVD 

3.1  Main  aspects  of  the  HTCVD  growth  process 

The  HTCVD  system  is  based  on  an  inverted  vertical  open  reactor  geometry  where  the  process  gases  are 
distributed  upwards,  through  an  axis-symmetric  heating  zone,  to  a  seed-crystal  holder  [2,3].  Achieving 
growth  rates  of  interest  for  crystal  growth  applications  requires  substantially  increased  feed  rates  of  the 
precursor  gases.  As  in  the  chimney  reactor,  in  a  first  phase,  condensation  of  the  silane  precursor  by¬ 
products  into  Six  clusters  takes  place  in  the  entrance  of  the  hot-zone.  Within  the  inert  helium  carrier  gas 
ambient,  Six  clusters  can  further  chemically  interact  with  the  C2H4  precursor  or  its  by-products,  leading 
to  a  thermally  more  stable  Six-Cy  clusters  mixture  [5].  The  axial  temperature  distribution  in  the  growth 
chamber  is  thus  established  so  that,  in  a  second  phase,  as  the  clusters  pass  through  a  heating  zone,  their 
temperature  is  raised  high  enough  to  favor  their  sublimation.  The  release  of  part  or  all  of  the  Si-  and  C- 
containing  vapor  species  into  the  gas  phase  thereby  provides  the  driving  force  for  the  crystallization  at 
the  seed  holder,  maintained  at  a  lower  temperature.  The  actual  HTCVD  process  may  thus  conveniently 
be  interpreted  as  a  Gas  Fed  Sublimation  (GFS)  process,  where  the  source  material  is  directly 
synthesized  from  pure  gases  and  subsequently  evaporated  into  active  species  transported  by  e.g.  the 
carrier  gas  to  the  SiC  seed  crystal. 

Within  a  lower  temperature  range,  the  growth  rate  is  therefore  partially  limited  by  the  evaporation  of 
Six-Cy  clusters,  with  activation  energies  of  the  order  of  95  kcal/mol  [3].  Optimizing  the  temperature 
distribution  and  minimizing  the  interaction  with  the  graphite  environment  [5]  has  enabled  to  lower  this 
activation  energy  to  -60  kcal/mol.  In  the  higher  temperature  range  (T  -2200  °C)  a  smoother  temperature 
dependence  of  the  growth  rate  is  obtained,  which  can  be  ascribed  to  a  mass-transport  controlled  regime 
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where  the  growth  rate  is  influenced  by 
the  temperature  gradient  applied  to  the 
seed  holder.  The  growth  of  up  to  7  mm 
thick  6H-SiC  crystals  on  Si-face  Lely 
seeds  with  an  average  growth  rate  of 
0.45  mm/h  has  previously  been 
reported  [3].  As  in  PVT  growth,  stable 
growth  of  the  4H  polytype  is  in  our 
process  found  to  require  C-face  seeds, 
preferably  of  the  4H  polytype.  The 
optimization  of  the  growth  process  for 
larger  area  4H  seeds  enables  at  present 
growth  rates  ranging  from  0.5  to  0.8 
mm/h.  Crystals  of  length  about  Vi  cm 
and  diameter  up  to  40  mm  have  been 
grown,  from  which  three  to  five  useful 
wafers  can  be  sliced  (Fig.  5). 


Fig.  5  38  mm  diameter  low  doped  wafers  (right)  sliced  from  a 
crystal  grown  at  0.6  mm/h  on  a  4H  n+  seed  (left). 


3.2  Structural  and  electrical  properties  of  4H  wafer  demonstrators 

Polvtvpe  stability  Owing  to  the  high  growth  rates  and  temperatures  involved  in  the  process,  the 
parameters  affecting  the  polytype  stability  are  somewhat  similar  to  the  ones  reported  in  seeded 
sublimation  growth.  In  HTCVD,  successful  growth  of  4H  crystals  requires  attention  to  be  paid  to  the 
initial  stages  of  the  growth,  to  possible  process  instabilities  related  to  the  growth  temperature  control  or 
the  precursors  supply  rate,  and  to  the  gas  phase  stoichiometry.  In  particular,  the  use  of  too  low  gas  feed 
C/Si  ratios  favors  an  unwanted  4H  to  6H  polytype  transformation  during  the  first  millimeter  of  the 
growth.  This  may  be  related  to  the  observation  that  the  deviation  from  stoichiometry  and  the  silicon 
content  in  SiC  poly  types  decreases  with  increasing  hexagonality  [9]. 

Structural  characterization  Issues  relating  to  the  defect  density  and  structural  quality  of  the  grown 
material  have  recently  been  addressed.  Micropipe  defect  mapping  of  double  side  polished  wafers  was 
performed  by  optical  microscopy  under  polarised  light  using  magnifications  of  100  to  400  and  verified 
by  selective  KOH  etching.  In  substrates  sliced  from  4H  crystals  grown  at  rates  ranging  from  0.5  to  0.6 
mm/h,  we  have  observed  mainly  three  types  of  hollow-core  defects,  which  we  do  not  relate  directly  to 
re-crystallisation  processes.  The  first  ones  are  small  diameter  (0  <1  Jim)  micropipes  lying  nearly 
parallel  to  the  c-axis  that  can  be  related  hollow-core  super-screw  dislocations  [10].  The  second  ones  are 
oblique  micropipes  [10]  with  a  diameter  of  the  order  of  1  Jim.  These  can  be  isolated  within  a  small 
region  of  the  crystal,  however  they  are  often  clustered  with  local  densities,  ranging  in  the  worst  cases 
above  1000  cm*2  as  measured  over  areas  of  1  mm2.  The  formation  mechanisms  associated  to  such 
micropipes  may  be  associated  to  the  entrapment  of  obstacles  introduced  by  system  instabilities  or  by  the 
condensation  of  Si-droplets  on  the  growing  surface.  The  third  type  of  hollow  defects  are  basal  plane 
defects  (not  related  to  secondary  evaporation)  and  occur  preferentially  under  higher  thermal  gradients 
and  Si-rich  growth  conditions.  Although  these  results  are  preliminary,  and  the  defects  mentioned  above 
occur  in  various  extent  in  our  process,  we  have  been  able  to  grow  5  mm  thick  crystals  leading  to  35  mm 
diameter  substrates  having  areas  slightly  larger  than  Vi  cm2  with  an  averaged  micropipe  density  of  80 
cm*2  (Fig.  6).  Regions  with  low  defect  density  exhibit  a  good  crystal  quality  with  X-ray  diffraction 
(0004)  rocking  curves  having  a  fwhm  of  22”,  recorded  over  an  area  of  15  mm2. 

Purity  and  electrical  properties  The  residual  doping  in  4H-SiC  is  p-type  like,  mainly  due  to  the  boron 
acceptor  with  an  atomic  concentration  typically  in  the  mid  1015  cm*3  range,  as  determined  by  SIMS 
measurements.  At  growth  rates  above  0.4  mm/h,  the  incorporation  of  nitrogen  on  C-face  seeds  can  range 
down  to  the  low  10!5  cm*3  levels.  Resistivity  measurements  using  annealed  Ni  contacts  were  performed 
on  wafers  prepared  from  undoped  crystals.  The  contact  resistance  was  estimated  by  the  Cox-Strack 
method  and  the  bulk  resistivity  was  determined  from  the  slope  of  the  I-V  characteristics  measured  in  the 
100-700  V  range.  At  room  temperature,  the  extrapolated  resistivity  is  higher  than  71 09  Q.  cm  in  the 
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Fig.  6  Micropipe  distribution  over  a  35  mm  4H  wafer  (95%  of  the  Fig.  7  Resistivity  measured  on  a  30  mm  4H 

surface)  sliced  from  the  top  of  a  4  mm  thick  crystal  grown  at  0.55  wafer  sliced  from  an  undoped  crystal  with 

mm/h.  The  averaged  density  of  micropipes  and  basal  plane  defects  vanadium  concentration  below  SIMS 
is  of  -450  cm"2  over  the  full  wafer,  with  areas  having  micropipe  detection  limit, 
density  less  than  80  cm"2,  the  largest  one  being  of  -0.5  cm2. 

regions  of  good  crystalline  quality  (Fig.  7),  which  is  comparable  to  the  values  reported  in  [10]  for  V- 
doped  SiC.  Here,  although  a  linear  fit  over  the  high  temperature  range  yields  an  activation  energy  of 
about  1.15  eV  (Fig.  7),  a  value  very  close  to  the  1.18  eV  given  in  [10],  the  high  resistivity  of  undoped 
HTCVD  wafers  may  not  be  related  to  a  vanadium  deep  level,  but  possibly  to  an  intrinsic  defect  or 
complex:  SIMS  measurements  carried  out  on  this  specific  wafer  showed  a  residual  vanadium 
concentration  lower  than  1013  cm'3. 
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Abstract 

A  study  of  morphology  control  is  conducted  on  4H  SiC  Si-  and  C-face  epilayers  grown  in  a  chimney 
CVD  reactor.  The  macroscopic  step-bunching  and  the  defect  evolution  processes  with  increasing 
epilayer  thickness  are  investigated  in  order  to  achieve  smooth  surface  morphology  for  thick  epilayers  of 
30  -  120  pm.  The  growth  temperature  and  input  precursor  concentrations  are  observed  to  have  strong 
impact  on  the  surface  morphology. 

1.  Introduction  and  background 

4H  SiC  has  shown  great  potential  for  high-power  and  high-temperature  electronics  applications.  For 
high-voltage  devices,  low-doped  thick  epilayers  are  required.  A  smooth  surface  of  the  active  layer  is 
essential  for  the  compatibility  with  device  processing  and  for  ensuring  device  performance.  Generally 
the  morphological  defects  can  be  classified  as  substrate  related  or  as  induced  during  the  epitaxial 
growth.  The  former  includes  micropipes,  dislocations  and  polishing  related  defects  on  the  substrate 
surface  and  the  latter  mainly  refers  to  pit-like  defects  and  macroscopic  step-bunching.  With  the 
continuous  progress  in  both  bulk  and  epitaxial  SiC  growth,  specular  epilayers  with  reduced  defect 
density  have  been  obtained  [1,  2,  3J.  The  further  investigation  of  common  or  special  morphological 
defects  and  surface  imperfections  emerged  in  thick  (30  -  120  pm)  and  low-doped  (low  1013  to  low  1016 
cm'3)  epilayers  is  of  interest  from  both  the  technological  (high  voltage  device  application)  and  the 
scientific  (surface  kinetics  and  growth  mechanism)  point  of  view. 

2.  Experimental 

The  epitaxial  growth  was  performed  in  a  small-scale  chimney  reactor  (vertical  hot-wall  CVD)  in  the 
temperature  range  of  1650  —  1850  °C,  with  10%  SiEL*  and  10%  C2H4  diluted  in  H2  as  precursor  gases 
and  Pd-Ag  purified  H2  as  carrier  gas,  which  is  described  in  more  detail  in  [4].  Growth  rates  of  15  -  50 
pm/h  and  background  N-doping  of  low  1013  to  low  1016  cm'3  are  obtained  in  this  system.  Good 
morphology  is  achieved  with  growth  rates  up  to  30  pm/h.  In  order  to  study  how  the  surface  roughness 
and  the  localized  defects  evolve  with  the  epilayer  thickness,  a  set  of  two  successive  growth  runs  were 
performed  at  1815  °C  and  180  mbar,  with  sample  1  grown  for  15min  and  sample2  regrown  on  sample  1 
for  lh.  The  surface  morphology  was  investigated  on  each  sample.  The  H2  and  SiFLi  flows  were  3.2  //min 
and  14.79  m//min,  respectively,  and  the  C/Si  ratio  was  0.3.  Both  Si-  and  C-face  substrates,  cut  8°  off- 
axis  towards  the  [1 1  2  0]  direction,  have  been  used  in  this  investigation. 

Normaski  Differential  Interference  Contrast  Microscopy  (NDIC)  and  Atomic  Force  Microscopy  (AFM) 
with  a  nanoscope  III  from  Digital  Instruments  were  used  to  characterize  the  surface  morphology.  The 
surface  roughness  was  estimated  by  the  averaged  macrostep  height  measured  by  an  Alpha  Step  500 
Surface  Profiler  from  Tencor  Instruments,  using  a  scan  range  of  500  pm  and  scan  rate  of  20  pm/s.  The 
epilayer  thickness  was  determined  with  Fourier  Transform  Infrared  Spectrometry  (FTIR)  or  by  the 
observation  of  contrast  difference  of  the  cleaved  cross  section  of  the  epilayers  using  either  NDIC  or 
Secondary  Electron  Microscopy  (SEM). 
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3.  Results  and  discussion 

3.1  Macroscopic  step-bunching  and  Surface  roughness 

Step-bunching  is  well  recognized  on  epilayers  grown  on  off-oriented  substrates.  In  SiC  it  is  observed 
that  4H  Si-face  epilayers  tend  to  form  microscopic  steps  of  4  Si-C  bilayer  height  while  C-face  epilayers 
are  dominated  by  steps  of  1  Si-C  bilayer  height  [5].  More  severe  step-bunching  occurs  on  thicker 
epilayers,  leading  eventually  to  macroscopic  hill-valley  morphology  (rough  surface),  as  depicted  in  Fig. 
1(a)  for  a  74  pm  epilayer  grown  at  25  pm/h.  The  inter-valley  distance  was  200  ~  400  nm  with  the 
macrostep  height  of  ~  4  nm,  as  obtained  by  AFM  section  analysis.  The  systematic  increase  in  surface 
roughness  with  increased  thickness  is  represented  by  the  plot  of  the  surface  roughness  versus  thickness 
in  Fig.  2  for  Si-face  epilayers  grown  at  two  temperatures  with  C/Si  ratio  of  0.3  -  0.4.  A  high  growth 
temperature  is  critical  to  avoid  formation  of  macroscopic  step-bunching  under  the  growth  conditions 
used  here.  At  the  low  temperature  range  (1650  -  1750  °C),  the  surface  roughness  increases  drastically 
with  increasing  thickness,  whereas  at  higher  growth  temperatures  (1750  -  1850  °C),  the  epilayer  surface 
remains  smooth  with  thickness  up  to  80  pm,  which  is  also  shown  by  the  AFM  surface  plot  in  Fig.  1(b). 
At  a  fixed  growth  temperature  and  C/Si  ratio,  the  macroscopic  step-bunching  becomes  more  pronounced 
with  increased  input  precursor  partial  pressure,  as  illustrated  in  Fig.  3.  Our  experimental  results  also 
suggest  that  an  increased  SitL*  flow  under  otherwise  identical  conditions,  i.e.  a  decreased  C/S i  ratio, 
results  in  smoother  surface. 


(a)  (b) 

Fig.  1  (a)  AFM  surface  plot  of  a  74  pm  epilayer  with  macroscopic  step-bunching,  grown  at  1710  °C;  (b)  AFM 
surface  plot  of  an  80  pm  epilayer  with  smooth  surface,  grown  at  1810  °C. 

Step-bunching  does  occur  on  very  thick  C-face  epilayers  as  well  (see  Fig.  2),  but  to  much  less  extent, 
compared  with  Si-face  epilayers  grown  under  similar  conditions.  This  result  is  consistent  with  the 
smaller  height  of  microsteps  (1  Si-C  bilayer)  on  C-face  compared  with  that  of  Si-face  epilayers  (4  Si-C 
bilayer),  as  discussed  in  [5],  where  3.5°  off-oriented  substrates  were  used. 

In  the  step-flow  controlled  epitaxy,  a  smooth  surface  is  maintained  by  the  lateral  step  advancement 
through  incorporation  of  growth  species  at  the  kink  sites.  However,  inherent  bunching  of  elementary 
steps  occurs  as  a  result  of  minimization  of  surface  free  energy  [5].  As  the  Si-face  exhibits  higher  free 
energy  than  the  C-face  [6],  step-bunching  is  expected  to  be  more  enhanced  on  the  Si-face.  Once  step- 
bunching  has  occurred,  it  continues  with  increasingly  higher  speed  during  the  growth,  as  the  lateral  step 
growth  rate  is  inversely  proportional  to  the  step  height  [5].  Step-bunching  is  strongly  affected  by  growth 
parameters.  Conditions  that  increase  surface  diffusion  length  of  the  growth  species,  such  as  higher 
substrate  temperature  or  lower  C/Si  ratio  [5],  are  expected  to  result  in  less  step-bunched  surface.  A  high 
incident  flux  of  growth  species  as  a  consequence  of  the  high  precursor  partial  pressure  leads  to 
decreased  diffusion  length,  thereby  increasing  step-bunching. 
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Fig.  2  Plot  of  the  mean  surface  roughness 
as  a  function  of  epilayer  thickness  for  both 
Si-  and  C-face  samples. 


Fig.  3  Surface  roughness  normalized  to 
epilayer  thickness  plotted  as  a  function  of 
the  partial  pressure  of  C2H4  at  constant 
C/Si  ratio. 


3.2  Morphological  defects:  formation  and  evolution 

The  morphological  defects  in  the  chimney  grown  Si-face  epilayers  are  either  related  to  preferential  H2 
etching  (etch  pits)  or  induced  by  obstacles  during  the  epitaxial  growth  (growth  pits).  The  typical  etch 
pits  are  illustrated  in  Fig.  4.  Molten  KOH  etching  revealed  that  these  defects  were  induced  by  H2 
preferential  etching  at  screw  dislocations  [4].  Noteworthy  are  the  etch  stripes  observed  at  the  down-step 
end  of  the  pits.  The  AFM  section  analysis  (Fig.  4(b))of  an  etch  pit  reveals  it  as  an  irregularly  shaped 
hole  with  a  depth  of  -  80  nm  and  an  extension  of  10  pm.  The  etch  stripes  are  revealed  as  ditches  of  ~  20 
nm  in  depth  and  200  nm  in  width.  These  etch  pits  are  typically  observed  under  the  combination  of  low 
temperatures  (1650  -  1750  °C)  and.  high  C/Si  ratios  (>  0.5).  Under  these  conditions  homogeneous  gas 
phase  nucleation  is  facilitated  [41,  giving  rise  to  less  amount  of  available  vapour  growth  species  and  the 
H2  preferential  etching  at  screw  dislocations  may  therefore  be  favoured. 


Fig.  4  Etch  pits  observed  under  conditions  of  low  temperature  and  high  C/Si  ratio.  The  epilayer  thickness  is 
46  pm.  (a)  NDIC  photograph;  (b)  AFM  section  analysis  of  an  etch  pit  and  the  associated  etch  stripes. 


The  growth  pits,  classified  as  wavy  and  half-moon  pits  in  [4],  are  more  frequently  observed  on  epilayers 
grown  at  high  temperatures  and  low  C/Si  ratio.  These  defects  were  not  associated  with  hexagonal  etch 
pits  after  molten  KOH  etching.  Fig.  5  (a)  and  (b)  display  the  defects  observed  in  the  same  area  of  the 
successively  grown  epilayers:  sample  1  and  sample2 ,  respectively.  It  is  shown  that  almost  all  the  defects 
observed  in  sample 1  are  also  present  in  sample2y  but  with  increased  size  and  have  developed  to  wavy 
pits,  as  a  consequence  of  the  enlargement  of  defects  with  the  step-flow  of  the  epitaxial  growth.  The  pit 
density  is  essentially  the  same  under  the  conditions  leading  to  the  formation  of  wavy  pits.  These  wavy 
pits  didn’t  give  negative  impact  on  the  device  characteristics  in  the  investigated  cases,  and  Schottky 
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diodes  with  breakdown  voltage  higher  than  3.5  kV  have  been  fabricated  on  our  chimney-grown  Si-face 
epilayers. 


Fig.  5  NDIC  photographs  for  the  two  epilayers  successively  grown  at  1815  °C  and  180  mbar.  (a)  samplel 
with  thickness  of  6  pm;  (b)  sample2  with  thickness  of  27  pm.  The  common  defects  on  the  both  samples  are 
marked  in  circles,  whereas  defects  observed  only  in  one  of  the  samples  are  pointed  out  with  additional 
arrows. 

One  explanation  for  the  unchanged  density  of  wavy  pits  is  that  most  of  them  are  formed  during  the 
initial  growth  of  the  low-doped  epilayer  on  the  high-doped  substrate.  On  the  other  hand,  as  the  surface 
starts  to  become  wavy  with  thickness  under  these  growth  conditions,  the  observation  of  any  additional 
small  defects  becomes  more  difficult  due  to  the  surface  waviness.  At  still  higher  temperatures,  with  the 
absence  of  H2  preferential  etching,  surface  diffusion  is  enhanced  and  the  step-flow  growth  mode  is  more 
stable,  resulting  in  halfrmoon  pits  (not  shown  here)  from  the  smooth  overgrowth  at  the  obstacles. 

4.  Conclusion 

Increased  macroscopic  step-bunching  with  increasing  thickness  is  observed  on  both  Si-  and  C-face 
epilayers,  with  more  pronounced  effect  on  the  Si-face.  Careful  adjustment  of  the  growth  conditions  has 
enabled  to  minimize  the  step-bunching  even  on  Si-face  epilayers  with  thickness  up  to  80  pm.  Increased 
growth  temperature  and  SiFL*  flow  while  maintaining  low  precursor  supersaturation  lead  to  smoother 
surface  morphology.  The  growth  conditions  dominated  by  either  a  stable  step-flow  growth  mode  or 
preferential  H2  etching  determines  the  formation  of  etch  pits  or  growth  pits.  Most  of  the  growth  pits  are 
formed  during  the  initial  growth,  possibly  from  the  substrate-epilayer  interface.  The  etch  pits  are  related 
to  preferential  hydrogen  etching  at  screw  dislocations. 
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Abstract:  We  propose  new  methods  of  SiC  growth  and  doping;  “Vertical  hot-wall  type  CVD” 
for  higher  growth  rate  and  lower  background  impurity,  and  “Pulse  doping”  for  well-controlled 
doped  layer.  The  CVD  reactor  was  equipped  with  a  graphite  crucible  in  which  the  substrate 
was  set  surface-down.  High  growth  rate  of  15  li  m/hr  was  obtained  at  1700  C .  The 
background  impurity  concentration  of  the  undoped  epitaxial  layer  was  less  than  1014  cm'3.  A 
pulse  valve,  which  could  open  and  close  within  very  short  period  less  than  10  ft  s,  was  used  to 
supply  the  dopant  gases.  Carrier  concentrations  of  the  doped  layers  were  precisely  controlled, 
and  abrupt  doping  profiles  were  achieved  by  “Pulse  doping”. 

1.  Introduction 

The  epitaxial  growth  of  SiC  is  fundamental  and  principal  for  the  SiC  device  processes. 
High  performance  SiC  power  devices  require  thick  active  layers  with  low  background 
impurity.[l,2]  Therefore,  it  is  desirable  that  high  quality  SiC  epitaxial  layers  are  achieved 
with  high  growth  rate.  Moreover,  it  is  necessary  to  precisely  control  the  carrier  concentrations 
and  the  profiles  of  the  doped  layers.  In  this  study,  we  investigated  the  technologies  of  SiC 
growth  and  doping  based  on  new  concepts;  “Vertical  hot- wall  type  CVD”  for  higher  growth 
rate  and  lower  background  impurity,  and  “Pulse  doping”  for  well-controlled  doped  layer. 

2.  Experimental 

2.1.  Vertical  Hot- Wall  Type  CVD 

Figure  1  shows  a  schematic  drawing  of  the  “Vertical  hot-wall  type  CVD”  reactor  used  in 
this  study.  The  reactor  was  equipped  with  a  crucible  made  of  graphite  in  the  quartz  chamber. 
Out  side  of  the  crucible  was  surrounded  by  the  heat  insulators  made  of  carbon  felt.  The 
substrate  was  set  surface-down  in  the  crucible  heated  by  a  radio  frequency  induced  current. 
The  source  gases  (SiH4  and  C3H8)  and  carrier  gas  (H2)  flowed  in  from  the  bottom  of  the 
crucible  and  out  from  the  top  in  consideration  of  the  buoyancy  of  the  gas  flow  in  the  high 
temperature  region  above  1600°C.  These  geometric  features  improved  the  uniformity  of  the 
gas  flow  on  surface  of  the  substrate.  Moreover,  the  gases  passed  through  the  heated  crucible 
before  reaching  the  substrate,  so  that  the  gases  on  the  substrate  were  efficiently  cracked  into 
the  elements.  Additionally,  the  hot-wall  system  inhibited  the  impurity  contamination  from  the 
wall  of  the  chamber. 
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2.2.  Pulse  Doping 

In  conventional  doping  process,  the 
dopant  gases  are  introduced  into  the 
reactor  during  the  epitaxial  growth,  and 
the  dopant  gas  flow  is  controlled  by 
mass  flow  controller. [2,3]  However,  it 
is  hard  to  precisely  control  a  small 
dopant  gas  flow,  especially  less  than 
10'1  seem,  to  form  the  lower  doped 
layer  by  the  conventional  doping 
method.  Furthermore,  the  instability  of 
the  dopant  gas  flow  makes  it  difficult 
to  form  an  abrupt  doping  profile. 

A  new  doping  method,  “Pulse 
doping”,  was  developed  using  a  pulse 
valve  (solenoid  valve)  consists  of 

actuator  assembly,  nozzle,  and  plunger  Fig>  L  Schematic  drawing  of  the  “Vertical  hot- 
for  sealing  against  the  nozzle.  The  wall  type  CVD”  reactor 
valve  is  actuated  by  passing  a  current 
pulse  through  a  solenoid,  exerts  a 

magnetic  force  on  a  ferromagnetic  core  material.  The  valve  can  open  and  close  within  very 
short  period  less  than  10  U  s.  The  period  of  the  valve  open  (on  period)  and  the  period  of  the 
valve  close  (off  period)  are  separately  controlled.  The  N2  gas  as  n-type  dopant  was  injected 
into  the  reactor  through  the  pulse  valve.  The  primary  pressure  of  the  regulated  N2  gas  was 
fixed  at  1  kgf/cm2.  The  supply  of  small  dopant  gas  injected  into  the  reactor  is  controlled  by 
varying  on  period. 

3.  Results  and  Discussion 
3.1.  Epitaxial  Growth 

Commercially  available  6H-  and  4H-SiC(0001)  off-axis  wafers  were  used  for  the 
substrates.  Prior  to  introduction  into  the  reactor,  the  substrates  were  wet-oxidized  at  1100°C 
for  3  hours,  then  the  400 A  oxide  was  removed  by  the  buffered  hydrofluoric  acid  solution. 
The  treated  substrate  was  set  in  the  crucible,  and  the  reactor  was  evacuated  below  10'6  Torr. 
The  H2  earner  gas  (2  slm)  flow  was  introduced,  and  then  the  temperature  was  raised  to  the 
growth  temperature.  The  growth  temperature  of  the  substrate  measured  by  an  optical 
pyrometer  was  typically  1 600*0 .  The  pressure  in  the  reactor  was  kept  at  700  Torr  during  the 
growth.  The  epitaxial  growth  was  initiated  by  introducing  SiH4  and  C3H8  with  H2  carrier  gases 
into  the  reactor.  The  typical  flow  rates  of  SiH4  and  C3H8  were  both  3  seem  with  the  C/Si  ratio 
of  3. 

It  was  confirmed  that  the  growth  of  SiC  epitaxial  layer  by  the  “Vertical  hot-wall  type 
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CVD”  was  proceeded  by  “step-controlled  epitaxy”  in  the  substrate  temperature  range  between 
1400  and  1700°C.  The  epitaxial  layer  had  mirror-like  surface  with  step-bunching  ('■"■' 100  nm 
width  and  ~10  nm  height  observed  by  AFM)  [4]  without  any  particles  and  voids.  The 
impurity  of  the  undoped  layer  was  evaluated  by  C-V  measurement.  From  this  result,  the 
impurity  concentration  was  estimated  to  be  less  than  1014cm'3. 

Figure  2  shows  a  temperature  dependence  of  growth  rates  on  6H-SiC(0001)  Si  face.  The 
growth  rate  of  SiC  increased  with  increasing  temperature.  As  shown  in  Fig.2,  it  was 
confirmed  that  the  highest  growth  rate  of  15  U  m/hr  was  obtained  at  1700°C.  The  influence  of 
SiH4  supply  on  the  growth  rate  was  also  investigated.  At  a  constant  C3H8  flow  rate  (3  seem), 
the  growth  rate  rose  almost  linearly  with  increasing  SiH4  flow  rate.  For  example,  the  growth 
rate  of  10  U  m/hr  at  SiH4  flow  rate  of  9  seem  was  obtained  even  at  1600°C. 

3.2.  Pulse  Doping 

The  doped  layers  formed  by  “Pulse  doping”  are  described  in  this  section.  The  conditions 
of  the  epitaxial  growth  were  same  as  the  typical  conditions  described  in  §  3.1.  The  n-type 
doped  layers  (thickness  of  about  llim)  were  formed  on  the  undoped  epitaxial  layers.  Figure  3 
shows  carrier  concentration  of  the  n-type  doped  layers  of  6H-SiC  as  a  function  of  the  on 
period.  The  off  period  was  fixed  at  4ms,  and  the  on  period  was  varied  around  100  u  s.  Almost 
250  pulses  per  second  of  dopant  gas  were  supplied  to  the  substrate  surface.  It  was  found  that 
the  carrier  concentration  increased  with  increasing  the  on  period.  This  result  suggests  that 
wide  range  control  of  n-type  doping  (from  1015  to  1018  cm‘3)  is  achieved  by  this  new  doping 
method. 

The  doping  profile  (high  doped  layer  of  1019cm'3)  formed  by  “Pulse  doping”  was  analyzed 
by  SIMS.  Rapid  increase  of  dopant  density  up  to  1019cm'3  from  1016cm‘3  was  observed  within 
200  A  (transition  layer).  Moreover,  the  dopant-density  profile  in  the  doped  layer  was 
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Fig.  2.  Temperature  dependence  of 
growth  rates  on  6H-SiC(0001)  Si  faces 


Fig.  3.  Carrier  concentration  as  a  function 
of  on  period  with  off  period  4  ms. 
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completely  constant.  The  transition 
layer  formed  by  the  conventional  doping 
method  was  about  500  A  .  Abrupt 
doping  profile  with  thin  transition  layer, 
which  is  required  to  form  a  high 
performance  FET,  was  achieved  by 
“Pulse  doping”. 

The  mobilities  and  carrier 
concentrations  of  the  doped  layer  of  6H- 
and  4H-SiC  were  investigated.  The 
mobilities  and  carrier  concentrations  of 


1E+14  1E+15  1E+16  1E+17  1E+18  1E+19  1E+20 


the  doped  layer  were  measured  by  Hall 
effect  measurement  at  room  temperature. 

Figure  4  shows  Hall  mobility  vs.  carrier 
concentration  of  the  n-type  doped  layers 
of  6H-  and  4H-SiC.  The  typical 
mobilities  of  6H-  and  4H-SiC  are  300 

cm2/Vs  on  n=l.llX  1015  cm'3  and  711  cm2/Vs  on  n=1.60X  1016  cm"3,  respectively.  These 
obtained  mobilities  were  almost  equal  to  those  reported  previously.  [5] 


Carrier  Concentration  (cm  3) 

Fig.  4.  Hall  mobility  vs.  carrier  concentration 
of  6H-  and  4H-SiC 


4.  Conclusion 

We  proposed  new  technologies  of  SiC  growth  and  doping;  “Vertical  hot-wall  type  CVD” 
for  higher  growth  rate  and  lower  impurity,  and  “Pulse  doping”  for  well-controlled  doped  layer. 
High  quality  films  were  achieved  with  high  growth  rate  of  15  f±  m/hr,  and  the  background 
impurity  of  the  undoped  layer  was  less  than  1014  cm'3.  Carrier  concentrations  of  the  doped 
layers  were  precisely  controlled,  and  abrupt  doping  profiles  were  achieved  by  “Pulse  doping”. 
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Abstract 

Thick  4H-SiC  epitaxial  layers  have  been  grown  in  a  vertical  LPCVD  reactor  with  a  radiantly- 
heated  susceptor.  High  growth  rates  exceeding  10  pm/hr  are  achieved  in  the  reactor  with  mirror-like 
morphology.  Structural  properties  of  4H-SiC  epitaxial  layers  have  been  characterized  by  high- 
resolution  XRD.  Rocking  curve  maps  taken  before  and  after  epitaxial  growth  show  that  epitaxial 
growth  in  the  reactor  improves  greatly  crystal  bending  and  achieves  narrow  FWHMs  of  rocking 
curves  for  epitaxial  layers.  The  electrical  performance  of  epitaxial  layers  has  been  demonstrated 
on  high-voltage  Schottky  diodes. 

Introduction 

To  develop  high-voltage  SiC  devices  with  large  handling  current  for  power  electric  transmission 
and  distribution  systems,  it  is  necessary  to  obtain  a  thick  epitaxial  layer  with  high  purity  and  high 
crystallographic  perfection.  Growth  of  high-quality  SiC  epitaxial  layers  is  realized  through  step- 
controlled  epitaxy  in  cold- wall  and  hot- wall  CVD  reactors  [1-5],  and  advanced  growth  techniques 
to  achieve  higher  growth  rates  (10-100  pm/hr)  with  low  background  doping  have  been  reported  [6, 
7].  At  present,  however,  several  kinds  of  crystallographic  imperfection  including  crystal  bending 
and  domain  structure  exist  in  SiC  wafers.  Further  improvement  in  crystallographic  perfection  of 
epitaxial  layers  is  an  important  technical  subject.  In  an  earlier  report  [8],  it  was  found  that  crystal 
bending  and  mosaicity  of  epitaxial  layers  are  inherited  from  the  substrates  while  crystal  bending  is 
strongly  affected  by  substrate's  backside  preparations.  In  this  paper,  we  report  on  the  results  of 
growing  thick  4H-SiC  epitaxial  layers  using  a  vertical  low-pressure  (LP)  CVD  reactor  and  on  the 
improvements  in  crystal  bending  associated  with  the  epitaxial  growth  process. 

Epitaxial  growth  and  characterization  methods 

4H-SiC  epitaxial  layers  were  grown  in  a  vertical  reactor  consisting  of  a  water-cooled  quartz 
tube,  a  cylindrical  graphite  hot-wall  and  a  wedge-shaped  graphite  susceptor  as  shown  in  Fig.  1. 
Epitaxial  growth  was  performed  using  the  H2+SiH4+C3H8  system  with  upward  gas  stream. 
Commercial  4H-SiC(0001)  8°  off  wafers  were  purchased.  The  reactor  can  process  2x2-inch  wafers, 
though  we  used  quarter  sections  of  1.38-inch  wafers  or  sections  (approximately  17x17  mm2)  of 
2.00-inch  wafers  as  substrates  in  this  experiment.  The  substrates  are  mounted  on  each  sloped 
susceptor  face.  The  susceptor  is  placed  inside  the  hot-wall.  The  greater  part  of  the  susceptor 
surface  was  in-situ  coated  by  SiC  by  a  preliminary  growth  run.  In  this  reactor  configuration, 
induction  current  flows  only  in  the  hot-wall,  and  the  substrate  and  the  susceptor  are  heated  by 
radiation  from  the  hot- wall.  Therefore,  the  temperature  of  the  susceptor  is  cooler  than  that  of  the 
hot-wall,  and  the  susceptor  surface  is  further  coated  by  SiC  during  the  growth  run. 

Nomarski  differential  interference  contrast  optical  microscopy,  SEM,  AFM,  C-V  measurement, 
and  XRD  were  used  to  characterize  the  epitaxial  layers.  Evaporated  Au-  or  Ni-Schottky  contacts 
were  employed  for  C-V  measurements.  XRD  measurements  were  made  using  the  Philips  X’Pert-MRD 
system  equipped  with  a  4-crystal  monochromator.  X-ray  0) -rocking  curves  for  (0004)  reflection 
were  obtained  where  the  x-ray  incident  plane  was  kept  parallel  to  the  [1T00]  and  the  [1120] 
directions,  respectively.  The  curvatures  of  crystal  bending  along  the  [1T00]  and  [1120]  directions 
were  determined  respectively  by  correlation  between  the  peak-shifts  of  the  rocking  curve  and  the 
measured  positions  parallel  to  the  x-ray  incident  plane.  The  presence  of  3C-SiC  inclusions  in 
epitaxial  layers  was  checked  by  x-ray  26/05  scanning  using  an  analyzer  crystal. 
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Fig.  1.  Schematic  drawing  of  the  Fig.  2.  Interference  contrast  optical  micrograph  of 

vertical  LPCVD  reactor.  a  63  pm-thick  epitaxial  layer  grown  at  10.4  jum/hr. 


Results  and  discussions 

Epitaxial  growth  was  performed  under  reduced  pressures  between  25  to  75  Torr  at  1500-1600 
°C.  The  temperature  was  measured  for  the  susceptor  top  by  a  pyrometer  as  shown  in  Fig.  1 .  We 
apply  high  SiH4  flow  rates  up  to  30  seem  under  a  hydrogen  flow  rate  of  10  slm.  Growth  rates  of  up 
to  1 1  pm/hr  were  obtained  without  any  evidence  of  3C-SiC  inclusions  on  x-ray  26 loo  scanning. 
In  preliminary  growth  runs,  background  doping  was  p-type  with  net  carrier  density  ranging  from 
mid  1014  to  mid  1015  cm'3.  Unintentional  p-type  dopants  might  have  originated  from  graphite  parts 
used  in  the  reactor.  Reduction  of  the  p-type  background  doping  was  achieved  through  testing 
graphite  parts  purchased  from  different  suppliers,  choosing  the  lower  C/Si  ratio  of  source  gases 
and  increasing  the  total  pressure.  Although  combinations  of  a  high  C/Si  ratio  and  a  low  total 
pressure  still  yield  p-type  layers,  background  doping  becomes  n-type  for  low  C/Si  ratios  and  total 
pressures  above  50  Torr.  The  n-type  background  doping  is  changed  from  mid  1014  to  high  10 15 
cm'3  for  C/Si  ratios  from  0.7  to  0.4. 

Morphology  of  the  epitaxial  layers  was  also  influenced  by  the  C/Si  ratio,  and  a  high  C/Si  ratio 
(around  1.0)  resulted  in  large  steps  as  high  as  10-20  nm.  Decreasing  the  C/Si  ratio  could  inhibit  the 
large  steps.  Figure  2  shows  an  interference  contrast  optical  micrograph  of  a  63  pm-thick  layer. 
The  layer  was  grown  at  10.4  pm/hr.  The  input  C/Si  ratio  was  0.7,  and  the  net  carrier  density  was 
determined  as  4xl014  cm*3  (n-type)  by  C-V  measurement.  The  optical  micrograph  shows  a  mirror-like 
morphology  without  Si-droplets,  although  AFM  measurement  revealed  long-range  shallow  wave 
structures  (typically  3-8  pm  in  period  and  1-4  nm  high). 

Rocking  curve  maps  were  taken  before  and  after  epitaxial  growth  to  evaluate  crystal  bending. 
The  rocking  curves  of  as-received  wafers  exhibited  large  peak-shifts  for  the  measured  positions 
parallel  to  the  x-ray  incident  plane  due  to  crystal  bending  corresponding  to  curvature  radius  of 
3-20  m  [Fig.  3(a)].  On  the  other  hand,  rocking  curve  maps  along  the  [1T00]  direction  and  the 
[1120]  direction  measured  after  epitaxial  growth  exhibited  small  peak-shifts  and  high  intensities 
[Fig.  3(b)  and  3(c)].  The  remarkable  reduction  of  the  peak-shifts  means  that  crystal  bending  can  be 
improved  by  epitaxial  growth  in  our  reactor.  Although  resulting  curvatures  showed  large  wafer-to- 
wafer  variations,  an  improvement  in  crystal  bending  was  always  confirmed  after  epitaxial  growth, 
and  usually  curvature  radius  of  crystal  bending  along  the  [1T00]  was  better  than  that  along  the 
[1120].  Rocking  curves  taken  from  the  backside  of  the  substrate  also  showed  small  peak-shifts, 
indicating  that  crystal  bending  of  the  substrate  was  released  during  epitaxial  growth.  Improving  on 
crystal  bending  will  allow  growth  of  epitaxial  layers  under  a  reduced  stress  in  the  basal  plane.  In 
our  best  case,  the  curvature  radius  of  crystal  bending  along  the  [1T00]  direction  was  621  m  and 
that  along  the  [1120]  direction  was  304  m  for  a  25  pm-thick  layer.  Note  that  the  sample  was 
mounted  on  the  susceptor  using  a  built-in  sample  holder  (slide-mount).  We  do  not  use  any  glue  or 
clips  to  hold  substrates.  In  this  experiment,  the  slide-mount  sample  holder  was  touching  on 
periphery  of  the  sample  along  the  gas  stream  during  epitaxial  growth.  The  crystal  bending  after 
epitaxial  growth  should  be  influenced  by  the  design  of  sample  holder. 
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Fig.  3.  X-ray  diffraction  rocking  curve  maps 
of  a  4H-SiC  sample  (a)  along  the  [  1  TOO] 
direction  before  epitaxial  growth,  (b)  along  the 
[1100]  direction  (perpendicular  to  the  gas 
stream)  after  epitaxial  growth,  and  (c)  along 
the  [1 120]  direction  (parallel  to  the  gas  stream) 
after  epitaxial  growth  for  (0004)  reflection.  The 
thickness  of  the  epitaxial  layer  was  25  pm. 


Crystal  bending  is  also  strongly  affected  by  substrate's  backside  preparations  as  previously 
reported  [8].  In  conventional  reactors,  inductive  heating  is  applied  to  a  susceptor,  and  samples  are 
placed  on  the  susceptor.  Therefore,  the  temperature  of  the  samples  becomes  cooler  than  that  of  the 
susceptor.  This  temperature  gradient  leads  to  unnecessary  SiC  depositions  on  the  substrate's  backside 
when  a  SiC-coated  susceptor  is  used.  On  the  other  hand,  in  our  reactor,  the  temperature  of  the 
substrate  is  slightly  higher  than  that  of  the  susceptor  surface  behind  the  substrate  because  the 
substrate  and  the  susceptor  are  heated  by  radiation  from  the  hot-wall.  This  inverse  temperature 
gradient  can  be  confirmed  by  the  phenomenon  that  the  substrate's  backside  is  sublimated  during 
heating  and  the  sublimated  SiC  deposits  on  the  susceptor  surface  behind  the  substrate.  Consequently, 
a  smooth  backside  surface  of  the  substrate  can  be  obtained  even  after  a  long  growth  run.  We 
suppose  that  the  heat  distribution  around  the  substrate,  as  well  as  sample  holding  design  in  the 
reactor,  are  factors  behind  the  improvement  in  crystal  bending.  Furthermore,  the  wafers  showing 
rocking  curves  with  heavily  split  peaks  yielded  smaller  improvements  on  curvatures.  This  indicates 
that  the  crystal  bending  of  epitaxial  layers  is  also  dependent  on  the  crystallographic  structure  of 
purchased  wafers.  It  is  known  that  commercial  SiC  wafers  contain  a  high  density  of  edge  dislocations 
and  low  angle  boundaries  (edge  dislocation  walls)  with  burgers  vector  in  <1 120>  directions  [9, 
10].  The  rocking  curve  with  split  peaks  suggests  that  the  wafer  contained  subgrains  separated  by 
low  angle  boundaries.  Further  correlation  is  needed  to  estimate  the  impact  of  subgrain  structures  in 
the  substrates  on  the  magnitude  of  crystal  bending  after  epitaxial  growth  in  the  reactor. 

The  improvement  in  crystal  bending  resulted  in  a  sharpening  of  each  rocking  curve.  Figure  4 
shows  high-resolution  rocking  curves  recorded  using  a  Ge(440)  4-crystal  monochromator  (Aco 
=5")  and  Ge(220)  triple  bounce  analyzer  (A2  6  =12").  The  25  pm-thick  layer  exhibited  extremely 
narrow  rocking  curves.  At  the  best  point,  the  FWHMs  for  a  beam  size  of  1x2.5  mm2  were  5.2"  and 
8.5"  for  scanning  where  the  x-ray  incident  plane  was  kept  parallel  to  the  [1T00]  direction  and  the 
[1 120]  direction,  respectively.  For  a  beam  size  of  2x5  mm,  the  rocking  curves  became  wider  and 
the  FWHMs  were  7.7"  and  10.0"  where  the  incident  plane  was  parallel  to  the  [1  TOO]  direction  and 
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cm  (rel.  seconds) 


Fig.  4.  High-resolution  x-ray  rocking  curves  of 
a  25  pm-thick  4H-SiC  epitaxial  layer  for  (0004) 
reflection.  The  x-ray  incident  plane  is  parallel  to 
(a)  the  [1T00]  and  (b)  the  [1120]  directions. 


Voltage  (V) 


Fig.  5.  I-V  characteristics  of  a  Ni/4H-SiC 
Schottky  diode  (0.5  mm  (£> )  using  a  43  pm- 
thick  n'  epitaxial  layer. 


the  [1120]  direction,  respectively.  Owing  to  that  fine  co  -rocking  curves  are  sensitive  to  crystal 
bending,  the  FWHMs  for  each  scan  are  influenced  by  magnitude  of  crystal  bending  of  the  sample. 
For  example,  a  crystal  bending  with  a  curvature  radius  of  100  m  spreads  x-ray  about  ±3.5"  in 
angle  for  (0004)  reflection  where  the  incident  x-ray  beam  width  is  1  mm.  The  sharpening  of  each 
rocking  curve  associated  with  epitaxial  growth  can  be  explained  by  the  changes  in  cystal  bending. 
The  difference  in  FWHMs  for  each  scan  direction  corresponds  to  the  result  that  crystal  bending 
along  the  [1T00]  direction  was  better  than  that  along  the  [1120]  direction  as  shown  in  Fig.  3. 

The  0.5  mm </>  Ni/4H-SiC  Schottky  diode  with  n-type  substrate  (8xl018  cm'3)  and  n'  layer  (45 
pm-thick,  3x10 15  cm'3)  showed  a  blocking  voltage  of  1600  V  as  shown  in  Fig.  5,  even  no  edge 
terminations  were  processed.  The  layer  was  grown  at  7.5  pm/hr.  The  leakage  current  at  1000  V 
was  less  than  5x1  O'"  A/cm2.  The  forward  voltage  drop  at  100  A/cm2  was  3.3  V,  and  the  corresponding 
specific  on-resistance  was  18  mOcm2.  We  have  also  obtained  an  over  2000  V  Ni-Schottky  diode 
using  a  73  pm-thick  p'  layer.  The  electrical  performances  of  the  preliminary  diodes  encourage 
growth  of  thick  epitaxial  layers  with  a  high  growth  rate  in  the  reactor  for  high-voltage  SiC  devices. 

Conclusions 

We  have  demonstrated  growth  of  thick  4H-SiC  epitaxial  layers  in  a  vertical  hot-wall  LPCVD 
reactor  with  an  inner  susceptor  configuration.  Thick  epitaxial  layers  with  low  background  doping 
and  mirror-like  morphology  have  been  obtained  under  high  growth  rates  exceeding  10  pm/hr.  We 
found  that  crystal  bending  can  be  improved  greatly  by  the  epitaxial  growth  process  in  the  reactor, 
and  narrow  FWHMs  of  rocking  curves  for  epitaxial  layers  are  obtained. 
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Abstract.  A  three  dimensional  computational  model  for  chemical  vapor  deposition 
(CVD)  of  silicon  carbide  (SiC)  in  a  hot  wall  reactor  is  developed,  where  the  susceptor  is 
tapered  with  a  rectangular  cross-section.  The  present  work  focuses  on  the  advection-diffusion- 
reaction  process  in  the  susceptor.  The  precursors  are  propane  and  silane,  and  the  carrier  gas  is 
hydrogen  with  mass  fraction  higher  than  98%.  Computed  growth  rates  under  different  system 
pressures  and  precursor  concentrations  are  compared  with  the  experimental  data  measured 
on  samples  grown  in  the  Linkoping  CVD  reactor.  The  gas  composition  distribution  and  the 
growth  rate  profile  are  shown.  Dependence  of  the  growth  rate  on  precursor  concentrations  is 
investigated. 

1  Introduction 

Silicon  carbide  (SiC)  is  a  promising  material  in  micro- electronics  and  also  in  a  variety  of 
other  applications  due  to  its  excellent  properties  as  large  bandgap,  high  thermal  conductivity, 
and  high  temperature  and  corrosion  resistances  [1].  One  of  the  promising  techniques  to  grow 
epitaxial  SiC  is  to  use  a  hot  wall  CV D  reactor  heated  by  an  RF  coil  reducing  needed  heating 
power  [2] . 

In  this  work,  a  three-dimensional  computational  model  for  epitaxial  growth  of  SiC  in  a 
tapered  susceptor  with  rectangular  cross-section  is  developed.  It  is  an  extension  of  our  previous 
two-dimensional  axisymmetric  model  [3],  This  work  focuses  on  the  advection-diffusion-reaction 
problem,  while  the  flow  and  heat  transfer  are  solved  from  the  model  developed  by  Lofgren  et  al. 
[4].  The  Linkoping  Chemical  Vapor  Deposition  (CVD)  reactor  [2]  is  studied,  where  the  carrier 
gas  is  hydrogen  (#2),  and  the  precursors  are  silane  (SiH4)  and  propane  (C8H8). 

2  Model  Formulation 

The  mass  transport  equation  takes  into  account  the  ordinary  diffusion,  thermal  diffusion,  and 
production/destruction  of  gas  species  due  to  chemical  reactions.  A  body-fitted  coordinate  sys¬ 
tem  is  introduced  for  the  tapered  geometry  of  the  susceptor.  Influence  of  the  axial  diffusion  on 
the  predicted  results  is  verified  by  including  it  as  source  term  in  the  equation.  The  reaction 
mechanisms  for  gas  phase  and  surface  deposition  are  taken  from  [5,  6].  The  commercial  Fortran 
package  Chemkin  [7]  and  Surface  Chemkin  [8]  are  used  in  incorporating  chemical  kinetics  into 
the  model.  Detailed  description  of  the  model  and  the  formulas  are  given  in  [9]. 

3  Results 

Most  of  the  results  shown  here  are  for  the  reference  case  [9]. 


150 


Silicon  Carbide  and  Related  Materials  - 1999 


3.1  Gas  composition 

Fig.  1  shows  the  mole  fraction  distributions  just  above  the  susceptor  floor  for  the  species: 
C2H2 ,  C2Ha ,  Si  and  SiH2,  which  are  the  most  significant  to  the  growth  [3].  The  concentration 
of  C2Ha  decreases  quickly  after  its  peak  value  near  the  susceptor  entrance,  partly  due  to  the 
depletion  by  the  deposition  of  SiC  on  the  floor,  and  also  due  to  the  consumption  by  the  gas 
decomposition  to  produce  C2H2.  The  silicon  contributors  have  higher  mole  fractions  than  that 
of  carbon  contributors,  indicating  that  the  deposition  is  most  likely  carbon  limited. 


Fig.  1.  Mole  fraction  contours  of  C2H4 ,  C2H2 ,  SiH2 ,  and  Si  just  above  the  susceptor  floor. 


Fig.  2.  Mole  fraction  contours  of  C2HA  and  C2H2  in  vertical  planes  at  different  x  locations. 

In  fig.  2,  mole  fraction  contours  on  vertical  planes  are  shown  for  the  carbon  species.  The  mole 
fraction  profiles  at  different  spanwise  locations  are  similar.  Near  the  entrance  of  the  susceptor 
where  the  species  begin  to  form,  the  mole  fractions  close  to  the  top  and  bottom  walls  are 
higher  than  that  in  the  center  region,  the  deposition  is  chemical  reaction  controlled.  In  the 
downstream  region  of  the  susceptor,  the  concentration  boundary  layers  are  formed,  mainly  due 
to  the  depletion  of  the  gas  species  at  the  deposition  walls,  indicating  that  the  deposition  is 
diffusion  mass  transport  limited. 
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3.2  Growth  rate 


Fig.  3.  Growth  rate  contour  on  susceptor  floor. 

Contour  of  the  growth  rate  on  the  susceptor  floor  is  shown  in  fig.  3  .  The  first  peak  of  the 
growth  rate  is  at  about  12%  of  the  susceptor  length,  where  C2H4  has  the  highest  mole  fraction; 
and  the  second  one  is  at  about  37%  of  the  susceptor  length,  where  C2H2  has  the  highest  mole 
fraction,  see  fig.  1,  demonstrating  that  C2H4  and  C2H2  are  the  largest  carbon  contributors  to 
the  SiC  growth. 

Fig.  4  shows  the  calculated  growth  rates  from  different  models  (stated  in  the  plot)  compared 
to  the  experimental  data.  The  predicted  growth  rate  is  slightly  higher  by  using  the  Ho’s  model 
[6].  In  comparison  with  the  two-dimensional  axisymmetric  model  [3],  the  three-dimensional 
model  predicts  higher  growth  rate  peak  and  stronger  depletion  effect.  The  difference  of  the 
susceptor  configurations:  circle  cross-section  in  the  two-dimensional  model  and  the  rectangular 
cross-section  in  the  three-dimensional  model,  is  thought  to  be  the  reason  why  the  growth  rate 
profiles  are  different  [9].  Comparing  to  the  measured  data,  the  model  predicts  the  right  level  of 
the  growth  rate. 


Fig.  4.  Comparison  between  experimental  and  predicted  growth  rates. 


Dependence  of  SiC  deposition  on  precursor  concentrations  is  shown  in  fig.  5.  A  common 
feature  is  found  from  the  two  plots  in  the  figure,  that  as  long  as  the  input  C/Si  below  1.7, 
the  deposition  rates  are  independent  of  the  input  silane  concentration,  or  follow  the  trend  of 
propane,  representing  a  carbon  limited  deposition;  after  input  C/Si  exceeds  the  value  of  1.7, 
the  situation  becomes  opposite,  especially  in  the  downstream  region  of  the  susceptor.  These 
findings  were  also  partly  reported  from  other  model  study  [5]  and  the  experiments  [10,  11,  12]. 


4  Summary 

The  Linkoping  CVD  reactor  [2]  for  the  epitaxial  growth  of  SiC  is  studied,  where  the  carrier 
gas  is  hydrogen  and  precursors  are  propane  and  silane.  The  predicted  growth  rates  along  the 
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Fig.  5.  Dependence  of  growth  rate  on  input  C/Si  ratio.  For  calculations  in  (a),  the  inlet  volume  flux 
of  C3H8  was  kept  constant  at  2  ml /min,  while  the  volume  flux  of  SiH4  was  changed.  For  calculations 
in  (b),  the  inlet  volume  flux  of  SiH4  was  kept  constant  at  6  ml /min,  while  the  volume  flux  of  C3H8 
was  changed.  (1873  FT,  SOOmbar). 

middle  line  of  the  susceptor  floor  are  fairly  close  to  the  measured  data. 

For  a  case  with  input  C  / Si  —  1,  a  concentration  boundary  layer  for  C2H2  is  demonstrated 
which  indicates  that  the  deposition  process  is  carbon  mass  transport  limited.  A  critical  value  of 
1.7  for  input  C/Si  is  found  for  the  studied  system,  below  the  value  the  deposition  is  carbon  lim¬ 
ited,  otherwise  the  process  may  be  silicon  controlled,  at  least  for  the  growth  in  the  downstream 
region  of  the  susceptor. 
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Abstract.  A  three  dimensional  computational  model  for  temperature  and  flow  predictions  in 
hot  wall  chemical  vapor  deposition  (CVD)  reactors,  heated  by  induction,  is  presented.  It  in¬ 
cludes  heating  by  a  Radio  Frequency  (RF)  coil,  flow  and  heat  transfer.  Thermal  radiation  is 
modeled  by  a  modified  Monte  Carlo  method.  Model  predictions  are  compared  to  full  scale  exper¬ 
iments  at  Linkoping  CVD  reactor  for  epitaxial  growth  of  silicon  carbide  (SiC).  Both  streamwise 
and  spanwise  temperature  gradients  are  well  predicted,  with  the  temperature  maximum  loca¬ 
tion  shifted  slightly  upstream  compared  to  the  measured.  Additionally,  the  model  succeeds 
in  predicting  a  recirculation  zone  just  downstream  of  the  susceptor.  It  is  demonstrated  how 
thermal  gradients  can  be  greatly  reduced  by  simple  geometrical  changes. 

1  Introduction 

Silicon  carbide  (SiC)  is  a  very  promising  semiconductor  for  high-power  and  high-temperature 
applications,  due  to  large  bandgap,  high  thermal  conductivity  and  other  desirable  character¬ 
istics,  see  [lj.  The  most  successful  method  for  SiC  active  layer  fabrication  is  Chemical  Vapor 
Deposition  (CVD).  Several  CVD  techniques  compete,  where  the  hot- wall  technique,  using  a 
hollow  reactor  that  decreases  needed  heating  power,  is  very  promising.  Good  wafer  morphol¬ 
ogy,  few  defects  and  high  growth  rates  require  very  low  temperature  gradients  as  well  as  smooth 
laminar  flow  conditions.  With  computational  models,  incorporating  CVD  reactor  physics,  this 
can  be  achieved. 

A  three  dimensional  computational  model  for  temperature  and  flow  predictions  in  hot  wall 
CVD  reactors,  heated  by  induction,  is  presented.  It  includes  heating  by  a  Radio  Frequency  (RF) 
coil,  flow  and  heat  transfer,  with  thermal  radiation  modeled  by  a  modified  Monte  Carlo  method. 
The  model  has  been  applied  to  epitaxial  growth  of  silicon  carbide  (SiC)  in  the  Linkoping  hot 
wall  CVD  reactor. 

2  Experiments 

The  hot  wall  CVD  reactor  in  Linkoping,  described  in  [2],  runs  at  300  mbar  with  hydrogen  as 
carrier  gas  and  propane  and  silane  as  precursors  [3,  4].  The  temperature  is  measured  with  a 
pyrometer  focused  on  the  susceptor  surface,  calibrated  by  melting  silicon  pieces.  By  stepwise 
increase  of  the  process  temperature  and  controlling  when  spatially  distributed  silicon  pieces 
are  melting,  an  experimental  temperature  gradient  map  is  constructed.  Recirculation  zones 
downstream  the  susceptor  are  detected  by  soot  deposition  on  the  quartz  tube. 
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3  Numerical  Simulation 

The  numerical  model,  originally  in  two  dimensions  [3],  solves  the  induced  heat  in  conducting 
solids  by  applying  the  Maxwell  equations  and  Ohm’s  law.  Since  the  precursors  are  well  diluted 
in  the  carrier  gas,  the  dilute  mixture  approach  [5,  6]  is  used,  solving  the  Navier-Stokes  and 
the  energy  equations.  Internal  thermal  radiation  is  solved  by  a  modified  Monte  Carlo  method, 
where  the  gas  mixture  is  assumed  transparent. 

3.1  Comparison  to  experiments 

A  temperature  comparison  on  the  susceptor  floor  between  experiments  and  predictions,  for 
300  mbar ,  is  presented  in  fig.  1.  Solid  lines  ( — )  show  the  predicted  temperature  at  the  symmetry 
line  and  dashed  lines  (-  -)  denote  the  predicted  temperature  close  to  the  susceptor  side-wall. 
Centerline  measurements  are  squares  (□)  and  measurements  close  to  the  side  walls,  diamonds 
(O).  The  simulation  seems  to  predict  the  correct  streamwise  temperature  slopes,  but  fails 
somewhat  in  predicting  the  temperature  maximum  location,  possibly  caused  by  a  somewhat 
upstream-shifted  coil  position  in  the  simulation  geometry  compared  to  the  experimental  setup. 
However,  by  incorporating  the  uncertainty  in  the  experimental  values,  the  prediction  still  works 
well.  Spanwise,  the  temperature  decreases  about  1%  from  the  centerline  to  the  position  close 
to  the  wall  for  simulation  compared  to  somewhat  less  than  1%  for  experiments. 


Fig.  1.  Comparison  between  predicted  and  experimental  temperature  distributions  on  the  susceptor 
floor  at  300  mbar.  Solid  lines  ( — )  show  the  predicted  temperature  at  the  symmetry  line  and  dashed 
lines  (-  -)  denote  the  predicted  temperature  close  to  the  susceptor  side- wall.  Centerline  measurements 
are  squares  (□)  and  measurements  close  to  the  side  walls,  diamonds  (O). 

As  the  hot  susceptor  gases  meet  the  downstream  cold  gases  within  an  enlarged  flow  area, 
strong  buoyancy  effects  force  the  hot  flow  to  rise  against  the  quartz  tube  ceiling,  creating  a 
recirculation  zone.  The  phenomena  is  shown  by  streamlines  from  the  numerical  simulation  in 
fig.  2A,  appearing  experimentally  as  a  soot  pattern  forming  on  the  quartz  tube  after  a  while, 
see  fig.  2B. 

3.2  Temperature  field 

The  model  predicts  the  temperature  field  in  the  whole  reactor,  including  all  solids.  In  fig.  3 A 
the  field  at  the  symmetry  plane  is  presented,  showing  that  in  the  susceptor  the  flow  contains 
a  cold  ’finger’.  In  the  susceptor  graphite,  the  temperature  exceeds  the  process  temperature. 
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A)  B) 

Fig.  2.  A  recirculation  zone  just  downstream  of  the  susceptor  shown  by  A)  streamlines  from  a  numer¬ 
ical  simulation  B)  a  soot  pattern  forming  on  the  quartz  tube  during  the  experiments. 


Downstream  of  the  susceptor,  the  buoyancy  effect  is  visible  through  the  asymmetric  temperature 
field  with  hot  gases  striving  upwards.  Fig.  3B  shows  the  large  temperature  gradients  in  the 
insulation.  The  left  part  of  the  figure,  at  30%  of  the  susceptor  length,  shows  the  cold  gas  in  the 
center  of  the  susceptor,  not  appearing  at  60%,  shown  in  the  right  part  of  the  figure. 


Fig.  3.  Temperature  field  as  percentage  of  the  process  temperature  for  A)  the  symmetry  plane  and 
B)  two  axial  planes,  to  the  left  at  30%  of  the  susceptor  length  and  to  the  right  at  60%. 


3.3  Process  Improvement 

One  of  the  keys  to  success  in  CVD  technology  is  small  or  no  temperature  gradients  at  all  in  the 
growth  area.  There  are  many  possibilities  for  reducing  thermal  gradients,  e.g.  by  optimizing 
the  coil  configuration,  redesigning  the  susceptor  or  changing  its  material  thickness.  Here  it  is 
demonstrated  that  by  these  simple  geometrical  changes,  temperature  gradients  can  be  greatly 
reduced,  see  fig.  4.  For  this  optimized  case,  temperatures  vary  less  than  ±1%  over  more  than 
half  of  the  susceptor  length,  compared  to  the  variation  between  about  92  and  100%  of  the 
process  temperature  for  the  standard  case  over  the  same  length,  see  fig.  1.  In  the  same  way, 
the  model  can  be  used  reducing  spanwise  temperature  gradients  and  improving  flow  conditions. 
Incorporating  the  chemistry  model  by  Ji  et  al.  [7],  growth  rate  and  growth  conditions  can  be 
predicted. 

4  Conclusions 

It  is  clearly  demonstrated  that  three  dimensional  thermal  and  flow  modeling  can  successfully  be 
used  in  the  development  of  greatly  improved  hot-wall  CVD  reactors.  By  simple  changes  in  the 
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Fig.  4.  Predicted  temperature  distribution  along  the  centerline  on  the  susceptor  floor  for  optimized 
reactor  configuration. 

reactor  configuration,  such  as  coil  configuration  and  susceptor  design,  temperature  gradients  in 
the  susceptor  can  be  greatly  reduced.  Recirculation  zones  can  be  detected  by  simulation,  and 
removed  by  smoother  flow  conditions.  By  incorporating  a  chemistry  model,  growth  rate  and 
growth  conditions  can  be  predicted,  see  Ji  et  al.  [7]. 
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Abstract.  The  rapid  development  of  high  quality  silicon  carbide  (SiC)  epitaxy  and  substrates 
has  resulted  in  the  SiC  technology  developing  into  a  production  process.  Epitaxial  growth 
over  large  areas,  require  increased  temperature  uniformity,  which  is  better  achieved  with 
resistive  heating  relative  to  RF  heating.  In  this  work,  we  report  on  our  progress  in  the 
development  of  resistive  heating  for  a  vertical  Chemical  Vapor  Deposition  (CVD)  reactor.  We 
have  developed  a  usable  resistive  heating  system  for  growing  a-SiC,  which  requires 
temperatures  in  excess  of  1 500°C.  We  have  designed  a  He  purge  system  to  purge  the  vicinity 
of  the  filament  with  He  during  growth,  and  have  been  able  to  achieve  filament  lifetimes  of  30 
hours  at  1500°C.  Using  this  system,  we  have  grown  “state  of  the  art”  a-  SiC  at  1580°C  and 
higher  (1680°C),  with  backgrounds  between  6xl0,4cm'3  to  5xl015crn3  at  1580°C,  p-type.  We 
have  also  grown  n-type  device  layers  using  nitrogen. 

INTRODUCTION 

Silicon  carbide  (SiC)  has  long  been  known  to  have  excellent  physical  and  electronic 
properties,  which  should  allow  production  of  electronic  devices  that  can  operate  at 
significantly  higher  temperatures  and  power  levels  than  devices  produced  from  Si  and 
GaAs[l].  These  important  properties  include  high  breakdown  fields  (>5  times  that  of  Si), 
wide  bandgap  energy  (>2  times  that  of  Si),  higher  carrier  saturation  velocity  (>2  times  that  of 
Si)  and  high  thermal  conductivity  (>3  times  that  of  Si)  [2].  The  success  of  SiC  for  high 
temperature  and  high  power  electronic  applications  is  dependent  upon  the  ability  to 
reproducibly  attain  quality  SiC  epitaxial  layers.  This  includes  the  ability  to  produce  in-situ, 
both  n-type  and  p-type  epitaxial  layers  with  doping  profiles  ranging  from  extremely  low 
doped  epitaxial  layers  for  high  voltage  devices  to  degenerately  doped  layers  for  minimizing 
parasitic  resistances[3].  In  the  epitaxial  growth  of  SiC,  high  temperatures  in  excess  of  1500°C 
are  required.  High  voltage  bipolar  devices  require  thick,  low  doped  epitaxial  layers  with  long 
carrier  lifetimes,  which  are  most  conveniently  grown  by  Chemical  Vapor  Deposition  (CVD) 
[4].  In  this  paper,  we  discuss  the  development  of  resistive  heating  for  the  growth  of  a-SiC 
using  a  vertical  CVD  reactor  equipped  with  a  rotating  disk.  The  advantage  of  resistive 
heating  over  RF  heating  is  the  uniformity  of  heating  over  large  areas  which  is  important  for 
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growing  high  quality,  uniform  epitaxial  layers  for  SiC  devices  as  well  as  lower  cost,  footprint 
and  maintenance. 

RESISTIVE  HEATING  DEVELOPMENT 

The  reactor  used  for  this  study  is  an  EMCORE  Corporation  vertical  CVD  system, 
which  is  equipped  with  a  high  speed  rotating  disk.  It  consists  of  a  double  walled,  water- 
cooled  vertical  chamber,  made  out  of  stainless  steel.  The  sample  sits  on  a  graphite  susceptor, 
which  is  placed  on  a  graphite  cup.  The  sample  is  heated  with  a  resistive  graphite  filament, 
which  is  located  inside  the  graphite  cup.  The  reactant  gases  used  during  growth  of  SiC 
include  Silane  (SifU)  and  Propane  (CsHg),  with  Hydrogen  as  a  carrier  gas. 

Hydrogen  is  also  used  as  the  shroud  with  a  flow  rate  of  28slm,  which  is  required  for 
flow  stability  in  the  reactor  during  growth,  at  a  rotation  speed  of  750  rpm.  The  presence  of 
large  volumes  of  Hydrogen  results  in  etching  of  the  hot  graphite  filament,  thus  presenting  a 
lifetime  reduction  problem.  Studies  indicate  that  filament  failure  is  likely  to  occur  after  5% 
reduction  in  the  filament  cross  sectional  area.  In  order  to  increase  the  filament  lifetime, 
hydrogen  must  be  eliminated  or  the  partial  pressure  of  hydrogen  in  the  vicinity  of  the  filament 
must  be  reduced.  Also,  a  reduction  in  the  temperature  difference  between  the  filament  and  the 
substrate  will  enhance  the  filament  lifetime.  If  hydrogen  is  eliminated,  filament  failure  will 
be  determined  by  carbon  evaporation,  and  it  is  predicted  for  our  geometry  that,  filament 
lifetimes  of  over  1000  Hours  at  a  filament  temperature  of 2000°C  can  be  achieved. 

The  interior  of  the  cup  is  purged  with  Helium  during  growth,  which  reduces  the  partial 
pressure  of  Hydrogen  in  the  cup.  By  this  method,  we  have  been  able  to  achieve  filament 
lifetimes  of  30  hours  at  1500°C. 

GROWTH  EXPERIMENTS 

For  the  growth  of  a-  SiC,  the  substrates  of  choice  are  (0001)  a-  SiC  substrates  with 
the  polished  growth  surface  tilted  at  angles  between  3°  and  8°  from  the  basal  plane.  This  tilt 
angle  ensures  that  “step-flow”  homoepitaxial  growth  occurs  and  that  good  morphology  is 
obtained  [5].  We  have  optimized  the  growth  parameters  including  growth  temperature, 
chamber  pressure,  reactant  gas  flows,  growth  rates,  carrier  gas  flows,  dopant  gas  flows  and 
rotation  speed.  In  our  system  a  shroud  flow  of  21-30  slm  is  required  to  stabilize  the  reactor, 
typical  growth  parameters  can  be  found  in  our  previous  paper  [6].  Pure  nitrogen  is  used  as  the 
n-type  dopant  source,  we  flow  nitrogen  between  15 seem  to  60sccm  to  achieve  doping 
between  5xl015cm'3  and  5xl017cm'3. 

RESULTS  AND  DISCUSSIONS 

Fig.  1  shows  a  plot  of  the  filament  temperature  as  a  function  of  the  filament  lifetime. 
This  indicates  a  decrease  in  lifetime  as  temperature  increases  implying  an  increase  in  the 
hydrogen  etching  of  the  filament.  In  the  characterization  of  our  epitaxial  layers,  the  most 
important  electrical  method  we  use  is  Capacitance-Voltage  (CV)  measurements,  which  gives 
us  information  about  background  doping  levels,  doping  profiles,  doping  uniformity  across  the 
wafer,  breakdown  voltages  and  epitaxial  thickness.  Surface  morphology  is  analyzed  with  an 
Optical  Microscope  and  Atomic  Force  Microscope.  Fig.  2  shows  the  background  doping 
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profile  for  a  a-SiC  (6H)  sample,  while  fig.  3  shows  a  plot  of  the  doping  variation  across  the 
sample  (1.5cm  square)  showing  a  bowing  profile  as  expected. 


Growth  Temperature  fC)  Depth(pm) 

Fig.  1:  A  plot  showing  filament  Fig.  2:  Background  doping  profile  for  a 

temperature  as  a  function  of  filament  6H  sample. 

lifetime. 

This  profile  shows  very  low  background  between  6xl014cm'3  and  5xl015cm3  at  1580°C,  p- 
type  without  the  use  of  SiC  coated  parts.  We  have  calibrated  our  reactor  for  growing  n-type 
device  layers.  N-type  calibration  was  done  by  flowing  nitrogen  with  the  reactant  gases.  CV 
and  Secondary  Ion  Mass  Spectroscopy  (SIMS)  measurements  were  then  used  to  characterize 
the  epitaxial  layers  for  doping  concentrations  as  shown  in  fig.  4.  Experiments  are  underway 
to  folly  calibrate  the  reactor  for  p-type  doping. 


Fig.  3:  Doping  variation  across  wafer.  Fig.  4:  Calibration  plot  showing 

CV  results  and  SIMS  results.  The 
straight  line  is  a  fit  to  the  CV  data  for 
doping  device  layers. 
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CV  measurements  were  done  with  A1  Schottky  diodes  by  electron  beam  evaporation  of  A1 
dots  onto  the  epi  surface,  no  edge  termination  was  used. 

CONCLUSION 

We  have  developed  a  usable  resistively  heated  vertical  CVD  reactor  for  the  growth  of 
SiC.  Filament  lifetimes  of  up  to  30  hours  have  been  achieved  at  1500°C.  These  lifetimes  are 
due  to  the  fact  that  we  have  not  been  able  to  totally  eliminate  hydrogen  in  the  vicinity  of  the 
filament.  We  have  grown  “state  of  the  art”  a-  SiC  epi  layers  with  this  reactor,  with  a  growth 
rate  of  5  pm/hr.  We  have  achieved  very  low  background  doping  (p-type  ~  6x10 14  cm-3  at 
1580°C)  without  the  use  of  SiC  coated  parts.  The  high  temperature  capability  of  resistive 
heating  has  enabled  us  to  perform  growth  experiments  at  elevated  temperatures  (1680°C). 
We  have  successfully  grown  high  quality  n-type  device  layers. 
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Abstract 

Epitaxial  layers  of  4H-SiC  of  up  to  120  micron  thickness  have  been  grown  by  vapor  phase  epitaxy 
using  a  tantalum  carbide-coated  susceptor  surrounded  by  graphite  foam.  Background  doping  levels 
due  to  N  and  A1  impurities  were  in  the  low  1015  cm'3  range.  The  electrical  and  optical  properties  of 
these  layers  are  comparable  to  those  grown  using  conventional  vapor  phase  epitaxy. 

Introduction 

Silicon  carbide  (SiC)  is  a  crucial  material  for  the  future  of  the  power  electronics  industry.  This  is 
primarily  because  of  its  high  thermal  conductivity,  saturated  electron  velocity,  and  breakdown  field 
relative  to  silicon  (Si).  These  superior  properties  allow  us  not  only  to  extend  the  voltage  range  of  a 
certain  type  of  device  but  also  give  us  considerable  speed  advantages  for  the  same  type  of  device  in 
SiC  when  compared  to  Si.  Thick  epitaxial  layers  with  the  proper  doping  and  thickness  for  SiC 
devices  are  not  commercially  available  for  breakdown  voltages  >  5  kV .  These  devices  are  needed 
for  high  power  motor  drives  as  well  as  for  power  transmission  for  electrical  utilities.  Initial  results 
from  our  effort  to  develop  these  thick  epitaxial  4H-SiC  layers  are  described  herein. 

Experimental 

Heavily  doped  n-type  4H-SiC  substrates  cut  8°  off  (0001)  towards  <1120>  were  used  as  starting 
material.  The  experimental  apparatus  used  for  thick  SiC  epitaxial  layers  is  drawn  schematically  in 
Figure  1.  SiC  wafers  were  placed  on  a  tantalum  carbide  (TaC)  -coated  graphite  susceptor  that  was 
inductively  heated.  TaC  coated  reactor  components  have  been  used  with  some  success  in 
conventional  vapor  phase  epitaxy  (VPE)  [1].  Graphite  foam  and  graphite  felt  were  used  to  enclose 
the  susceptor  to  help  maintain  a  uniform  temperature.  Epitaxial  layers  were  grown  using  SiH4,  C3H8, 
and  H2  at  700  torr  at  1650  +/-  50°C.  Layers  were  grown  for  short  periods  of  time  (<  1  hr)  to 
measure  growth  rate  and  effects  of  dopant  flow  and  gas-phase  stoichiometry  on  growth  rate  and 
doping.  On  these  layers,  doping  and  thickness  were  obtained  using  1  MHz  capacitance-voltage 
(CV)  measurements  using  a  mercury  probe.  Thickness  of  cleaved  SiC  wafer  pieces  for  thicker  layers 
was  measured  by  scanning  electron  microscopy  (SEM)  in  cross-section.  Low  temperature 
photoluminescence  (PL)  was  performed  at  6  K  using  a  He-Cd  laser  as  excitation  source  [2]. 
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TaC-coated  susceptor 


Results  and  Discussion 

Initial  work  focused  on  minimizing  background  doping  density  in  order  to  achieve  doping  levels  of 
1015  cm3  or  below.  Figure  2  shows  the  residual  doping  density  as  a  function  of  propane  flow  for 
runs  performed  using  this  configuration.  The  doping  densities  were  measured  by  CV  measurements 
on  films  about  3  microns  thick.  Relatively  thin  films  were  used  to  help  obtain  rapid  feedback  of 
characterization  data.  The  transition  from  n-type  to  p-type  background  doping  occurred  for  low  1015 
cm'3  doping  and  a  Si/C  gas  source  input  ratio  of  3.3.  This  ratio  is  much  higher  than  that  seen  by 
either  conventional  VPE  (0.17-1.0)  or  hot-wall  CVD  (typically  0.25).  We  believe  that  the  graphite 
foam  was  etched  by  the  H2  flow  and  transported  free  carbon  in  the  form  of  hydrocarbons  to  the 
diffusion  boundary  layer  above  the  substrate.  This  is  consistent  with  observations  of  doping 
behavior  using  uncoated  graphite  susceptors  [3]. 

1 

Figure  2:  Background  doping  level 
of  epitaxial  layers  grown  with 
graphite  foam  surrounding  TaC- 
coated  susceptor  as  a  function  of 
Si/C  input  gas  source  ratio.  All 
layers  grown  with  Si/C  less  than 
3.1  were  p-type,  while  all  layers 
grown  with  Si/C  greater  than  3.1 
were  n-type. 
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In  order  to  demonstrate  the  feasibility  of  this  technique,  a  120  micron-thick  epitaxial  layer  of  4H- 
SiC  was  grown  using  the  configuration  shown  in  Figure  1 .  This  layer  was  grown  at  a  growth  rate  of 
3.7  microns/hour  using  silane  and  propane  at  700  torr  in  22  slm  hydrogen  carrier  gas  at 
approximately  1600°C.  This  layer  was  intentionally  doped  n-type  using  0.10  seem  N2  during 
growth.  The  doping  density  from  CV  measurements  was  9  x  1015  cm'3.  This  epitaxial  layer  is  shown 
in  cross  section  in  Figure  3.  The  substrate  appears  darker  in  the  figure  due  to  its  higher  doping  level 
(i.e.,  there  are  more  electrons  to  be  emitted  as  secondary  electrons  in  the  more  heavily  doped  layer). 
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Figure  3:  Cross-sectional  scanning  electron 
micrograph  of  120  pm  thick  4H-SiC  epitaxial 
layer.  Secondary  electron  contrast  occurs 
because  of  doping  difference  between 
epitaxial  layer  and  substrate. 


Figure  4  shows  the  surface  morphology  of  this  120  micron-thick  epitaxial  layer  after  growth. 
Surface  scratches  are  present  but  at  a  very  low  density.  In  general,  most  of  the  wafer  has  this 
morphology,  but  near  the  edges  and  near  micropipes,  triangular  defects  extend  in  the  down-step 
[1120]  direction  [4].  These  defects,  known  as  tetrahedral  pits  or  triangular  defects,  are  due  to 
formation  of  3C-SiC  on  the  wafer  surface  [5].  An  example  of  this  defect  is  shown  in  Figure  5. 

Figure  4:  Surface  morphology  of  central 
region  of  120  pm  thick  4H-SiC  epitaxial 
layer.  Surface  scratches  are  evident  but  not 
present  at  a  high  density.  Dark  splotches  near 
center  of  micrograph  are  artifact  of  camera 
and  not  part  of  the  epitaxial  layer. 


This  defect  can  be  used  to  estimate  the  thickness  of  the  epitaxial  layer.  At  the  end  of  growth,  the 
length  of  the  defect  and  the  off-angle  of  the  substrate  can  be  used  to  estimate  the  thickness  of  the 
epitaxial  layer.  This  of  course  assumes  that  the  defect  formed  at  the  beginning  of  growth.  From 
these  defects,  we  obtain  a  thickness  of  about  120  microns,  which  correlates  with  the  cross-sectional 
SEM  analysis  (shown  in  Figure  3). 

Figure  6  shows  the  photo  luminescence  spectrum  from  near  the  4H-SiC  band  edge  for  this  120 
micron  thick  layer.  While  the  nitrogen  related  peaks  P0  and  Q0  constitute  the  dominant  features  in 
the  spectrum  in  Figure  6  (indicating  the  sample  is  almost  assuredly  n-type)  there  is  evidence  of  an 
A1  related  feature  between  P0  and  Q0  indicating  a  low  level  of  p-type  compensation  in  the  film.  This 
would  be  expected  given  a  transition  from  n-  to  p-type  in  background  doping  in  the  low  1015  cm'3 
range. 
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Figure  6:  Near  band-edge  photo  luminescence 
spectrum  of  120-micron  thick  epitaxial  4H- 
SiC  layer.  The  presence  of  intrinsic  peaks  and 
the  relatively  low  luminescence  intensity  from 
A1  bound  excitons  (energy  is  approximately 
3.245  eV,  or  between  P0  and  Q0  in  the  Figure) 
indicates  the  high  purity  of  this  epitaxial 
layer. 


3.10  3.14  3.18  3.22  3.26  3.30 

Energy  (eV) 

Summary 

In  this  work,  we  have  demonstrated  120  micron-thick  4H-SiC  epitaxy  intentionally  doped  to  levels 
below  1  x  1016  cm'3.  The  electrical  and  optical  properties  of  these  layers  were  comparable  with 
much  thinner  layers  grown  by  conventional  SiC  epitaxy.  Further  work  will  focus  on  reducing 
impurities  in  graphite  foam  to  achieve  reproducible  doping  levels  in  the  range  usable  for  high- 
voltage  diodes  (>5  kV). 

This  work  was  sponsored  by  Air  Force  contract  F33615-98-C-5424  (Tom  Kensky,  contract 
monitor). 
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Abstract 

Sublimation  epitaxy  for  fabrication  of  thick  4H-SiC  layers  has  been  studied  with  respect  to  surface 
morphology,  structural  quality,  and  purity.  The  surface  morphology  of  thick  (50-100  pm) 
epilayers  is  smooth,  even  though  the  growth  rate  was  100  pm/h.  These  surfaces  are  obtained  within 
a  parameter  window  for  morphological  stability.  The  structural  perfection  is  confirmed  by  high- 
resolution  X-Ray  diffraction  measurements  and  the  epilayer  quality  is  improved  compared  with  the 
substrate.  The  limitation  in  purity  is  dependent  mainly  on  the  purity  of  the  SiC  source  material. 
The  growth  system  purity,  mainly  graphite  and  Ta  parts  of  the  growth  crucible,  is  also  of  major 
importance.  Results  from  intentional  doping  for  high-resistive,  semi-insulating  and  p-type  material 
are  presented. 


Introduction 

Advancement  in  epitaxy  by  chemical  vapor  deposition  (CVD)  [1,2]  demonstrate  the  potential  of 
SiC  for  electronics.  Some  device  applications  require  thick  layers.  Epitaxy  is  demanding  since 
substrate  defects  (e.g.  micropipes,  domains,  etc)  together  with  imperfections  created  during  growth 
disturb  the  growth  stability.  In  an  unstable  growth  process,  the  epilayer  quality  will  degrade  with 
increasing  layer  thickness.  A  smooth  surface  morphology,  which  together  with  structural  perfection 
and  high-purity  material,  is  a  requirement  for  device-quality  epilayers,  becomes  a  crucial  factor  for 
thick  layers.  Thick  CVD  grown  epilayers  have  been  demonstrated  [3].  However,  these  layers 
require  long  deposition  time  due  to  low  growth  rate  of  the  technique  (<5  pm/h).  Sublimation 
epitaxy  is  a  suitable  technique  for  high  growth  rates.  To  date,  however,  high-quality  4H-SiC  layers 
with  low  residual  doping  grown  by  this  method  have  not  been  reported. 

We  will  demonstrate  4H-SiC  epilayers  grown  with  high  growth  rates  (100  pm/h)  showing  structural 
improvement  as  compared  with  the  substrate  quality.  The  results  are  obtained  when  growth 
parameters  for  the  sublimation  epitaxy  technique  are  selected  within  a  window  for  morphological 
stability  and  at  these  conditions  the  surfaces  have  no  visible  defects  besides  micropipes  inherited 
from  the  substrate.  We  will  show  that  by  controlling  the  growth  environment  purity,  a  reduction  in 
impurity  incorporation  is  achieved. 


Experimental 

Epitaxial  growth  by  sublimation  has  been  studied 
for  a  long  time,  e.g  see  [4,5].  The  method  is 
technologically  simple,  low  cost,  environmentally 
friendly  and  can  easily  be  up-scaled.  We  have 
grown  4H-SiC  layers  with  a  growth  rate  of  1 00 
pm/h  on  4H-SiC  wafers  (diameter  35  mm)  off- 
oriented  8°  in  [1120]  direction.  Our  growth 


Source 


Fig.  1.  Schematic  view  of  the  principle  for 
growth  by  sublimation  epitaxy. 
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configuration  consists  of  a  polycrystalline  SiC  source  and  a  SiC  substrate  separated  with  a  spacer 
[6],  Fig.  1.  By  applying  a  temperature  gradient  with  higher  temperature  at  the  source,  Si  and  C- 
containing  species  are  sublimed  from  the  source  and  deposited  on  the  cooler  SiC  substrate.  Source 
to  substrate  distance  is  short  (1-3  mm).  To  avoid  graphitization,  Ta  (99.8%  purity)  was  placed  at 
the  crucible  bottom  [6].  The  epilayer  surface  morphology  was  characterized  with  optical 
microscopy  using  Nomarski  differential  interference  contrast  (NDIC).  The  structural  quality  was 
assessed  from  high-resolution  X-Ray  diffraction  measurements.  Low-temperature 
photoluminescence  (PL)  measurements  were  performed  as  well.  Vanadium,  boron  and  aluminium 
impurity  concentrations  were  obtained  from  SIMS  measurements. 

Results  and  discussion 

Since  good  surface  morphology  is  crucial  for  device  fabrication,  much  attention  was  given  to  this 
issue.  SiC  epitaxy  on  off-axis  surfaces  usually  proceeds  via  step-flow  growth  [2]  and  typical 
morphological  features  like  shallow  pits,  scratches,  elongated  grooves,  and  triangular  shaped  defects 
may  appear  [7].  The  latter  two  are  especially  important  to  avoid  since  they  affect  device 
performance  [8].  Disregarding  micropipes  and  screw  dislocations  (determined  by  KOH  etching) 
inherited  from  the  substrate,  we  obtained  featureless  epilayer  surfaces  by  selecting  conditions  for 
stable  growth  within  a  parameter  window  for  morphological  stability.  Although  the  growth 
proceeds  via  step-flow  growth,  macrosteps  have  not  been  resolved  using  NDIC  microscopy.  The 
parameter  window  is  given  by  initial  growth  rate  ramp-up,  growth  rate,  temperature  gradient, 
source  to  substrate  distance,  and  substrate  surface  orientation.  These  parameters  are  discussed  as 
follows  and  essential  details  for  our  results  are  shown  in  Table  1 . 

At  the  initial  stages  of  growth,  morphological  disturbances  may  appear.  In  the  beginning  of  our 
process,  to  avoid  defect  formation,  the  growth  rate  was  increased  slowly  by  5-15  |im/h  per  minute 
until  the  rate  of  100  pm/h  was  reached.  During  growth  rate  ramp-up,  the  substrate  surface  may 
improve  since  both  sublimation  and  nucleation  occur  [4].  By  this,  polishing  damages  are  reduced.  A 
too  slow  growth  rate  ramp-up  lead  to  formation  of  morphological  disturbances.  There  is  an  upper 
limit  of  the  growth  rate  below  which  growth  disturbances  are  not  likely  to  occur  [6].  We  have  found 
that  a  growth  rate  up  to  100  pm/h  is  suitable  for  reproducible  results  for  avoiding  the  features.  The 
supersaturation  is  important  for  preferred  growth  mechanism  and  polytype  stability.  Competing 
growth  mechanisms  to  step-flow  growth  may  give  rise  to  defects.  Important  factors  for  the 
supersaturation  in  sublimation  epitaxy  are  growth  temperature  and  temperature  gradient.  Our 
temperature  gradient  is  <10°C/cm  as  measured  on  top  and  bottom  of  the  crucible.  Smaller 
temperature  gradients  are  beneficial  for  the  structural  quality  [9]  and  for  supression  of 
graphitization  [10].  Our  results  were  obtained  with  an  upper  temperature  of  1775°C.  High-quality 
epitaxial  layers  were  only  achieved  on  8°  off-oriented  surfaces.  In  case  of  3.5°  off-orientation, 
inclusions  of  other  polytypes  could  appear.  Another  important  factor  for  growth  stability  is  source 
to  substrate  separation.  The  morphology  roughened  at  a  separation  larger  than  4  mm  due  to  larger 
influence  from  the  graphite  wall  on  growth  species  transported  from  source  to  substrate.  Instead  of 
a  direct  flux  mass  transfer  from  source  to  the  growing  epilayer,  species  are  reacting  with  the 
graphite  causing  unstable  growth  behaviour.  The  morphology  of  thick  layers  grown  under 
optimized  conditions  is  remarkably  good 

considering  layer  thickness  (50-100  pm)  TABLE  1.  Parameters  used  for  sublimation  epitaxy  of 
and  growth  rate  (100  pm/h).  The 
thickness  variations  over  32  mm  are  less 
than  5%  expressed  as  a/mean. 

The  smooth  surfaces  are  accompanied 
by  a  high  structural  quality.  In  fact,  we 
observed  direct  proof  that  the  epilayer 
structural  quality  improved  compared 
with  the  substrates  as  evident  from  co¬ 
rocking  curve  measurements,  Fig.  2.  The 
substrate  rocking  curve  shape  is  broad 
and  superposition  of  several  peaks 
indicate  many  misoriented  domains 
whereas  the  epilayer  rocking  curve  shape 
is  more  symmetric  and  much  more 


SiC. 


Growth  parameter 

Range  of  used  values 

Substrate  off-orientation 

8°  in  [1120] 

Substrate  temperature 

1775°C 

Temperature  gradient 

<10°C/cm 

Argon  pressure 

<1  mbar 

Source  to  substrate 
separation 

1  mm 

Growth  rate  ramp-up 

5-15  (pm/h)/min 

Growth  rate 

100  pm/h 

Growth  duration 

30-60  min 
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narrow.  This  shows  that  different  orientations  of 
domains  in  the  substrate  have  merged  into  one  with 
one  major  orientation.  Other  domains  giving  rise  to 
broadening  of  the  substrate  rocking  curve  have  been 
supressed.  By  growth  of  sufficiently  thick  (50-100 
pm)  epilayers,  substrate  domain  structure  mis- 
orientation  is  diminished  and  an  overall 
improvement  occurs.  In  20-co  measurements,  the 
epilayer  20-0)  diffraction  curve  was  more  narrow 
compared  with  the  substrate.  Thus  strain  from  the 
substrate  is  reduced  in  the  epilayer  which  would  be 
explained  by  improved  domain  structure  and 
crystallinity. 

Structural  improvement  might  be  a  consequence  of 
step-flow  growth  mechanism.  Since  substrate 
surfaces  are  off-oriented,  nucleation  takes  place  at 
the  wafer  edge  opposite  to  the  step-flow  direction. 
As  epilayer  thickness  increases,  domains  at  the  edge 
from  where  steps  start,  partly  or  completely 
overtake  domains  in  down-step  direction  by 
increased  domain  sizes. 

A  series  of  seven  samples  was  grown  to  study 
conditions  for  improved  purity.  The  effect  of 
graphite  and  Ta  was  investigated.  A1  and  B 
concentrations  in  purified  and  unpurified  graphite 
parts,  source  material,  and  grown  epilayers  were 
measured  using  SIMS,  Table  2.  Sample  1  was 
grown  using  un-purified  graphite  and  shows  a 
higher  A1  level  than  samples  2-4  which  were  grown 
using  purified  graphite  (other  conditions  similar). 
For  the  latter  samples  the  A1  concentration 
decreases  for  each  run  whereas  the  B  concentration 
stays  constant.  We  observed,  also  when  using 
source  material  with  higher  B  concentration,  that 
the  B  incorporation  is  almost  unity  from  source  to 
grown  material.  Thus  the  B  concentration  in 
epilayers  is  very  sensitive  to  the  B  concentration 
in  the  source.  As  seen  in  Table  2,  higher  A1 
concentrations  than  given  by  source  and  graphite 
can  be  detected  in  the  epilayers.  This  is  most 
probably  due  to  the  Ta  foil  in  which  A1  was 
detected.  Using  more  pure  Ta  or  Ta  converted  to 
TaC  will  very  likely  reduce  this  contribution. 
Sample  5  was  grown  without  Ta  in  a  high-purity 
graphite  crucible.  The  A1  concentration  drastically 
decreased  compared  with  samples  1-4.  For 
samples  6  and  7  (high  purity  graphite  crucible  was 
used),  the  Ta  surface  was  slightly  converted  prior 
to  growth.  The  A1  concentration  in  these  samples 
are  also  drastically  reduced.  With  improving  purity 
control  (samples  1  to  7)  the  A1  level  has  been 
reduced  about  two  orders  of  magnitude. 


Ago  [arcsec] 


Fig.  2.  co-rocking  curve  measurements  from  a 
substrate  and  the  epilayer  grown  on  the  same 
substrate;  layer  thickness  100  jim.  The 
FWHM  values  are  60”  and  20”  for  the 
substrate  and  epilayer,  respectively. 

TABLE  2.  SIMS  results  for  A1  and  B 
concentrations  using  same  source  for  all 
epilayers,  an  unpurified  graphite  crucible  for 
sample  1,  and  a  purified  graphite  crucible  for 
samples  2-7.  Layer  thicknesses  50  pm; 
b=background  level  (5x10 14  cm-3  for  B  and 
Al)  in  the  SIMS  system. 


B 

Al 

Sample  1  (Ta) 

3xl015 

lxlO17 

Sample  2  (Ta) 

3xl015 

6xl015 

Sample  3  (Ta) 

3xl015 

2xl016 

Sample  4  (Ta) 

3xl015 

3xl016 

Sample  5  (no  Ta) 

3xl015 

4xl015 

Sample  6  (TaC) 

3xl015 

2xl015 

Sample  7  (TaC) 

3xl015 

1.5xl015 

Source 

3x1 0IS 

<lxl015 

Unpurified  graphite 

2xl015 

1-lOxlO15 

Purified  graphite 

4xl015 

ClxlO15 

Ta 

b 

yes 

The  layers  grown  at  optimized  conditions  are  n-type  with  carrier  concentration  ND-NA~l-2xlO  5 
cm'3  as  obtained  by  C-V  measurements.  A  low  residual  impurity  level  is  supported  by  appearance 
of  phonon  replicas  of  free  excitons  in  low-temperature  PL  measurements,  Fig.  3. 
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The  fact  that  free  exciton  related  luminescence  is 
observed  at  low  temperatures  together  with  high 
PL  intensity,  indicates  high-quality  material. 
When  impurity  concentration  or  number  of 
crystal  imperfections  become  too  large,  free 
excitons  will  form  bound  excitons  or  recombine 
non-radiatively.  With  improving  epilayer  quality, 
the  probability  for  free  excitons  to  recombine 
radiatively  will  increase. 

Results  from  our  studies  on  intentional  doping  for 
high-resistive/semi-insulating  thick  layers  show 
that  the  resistivity  influenced  by  compensation  of 
N  with  B  is  6x1 04  £2cm  (p-type)  at  room 
temperature  where  the  B  concentration  is  -3x10 16 
cm"3.  Additional  vanadium  doping  for  semi- 
insulating  behaviour  shows  that  the  V 
concentration  is  between  2-3x1 016  cm'3.  The 
material  is  not  yet  semi-insulating,  probably  due 
to  impurities  in  the  V  source.  The  doping  has  not 
been  observed  to  degrade  the  surface  morphology 
or  structural  quality.  Preliminary  results  from 
intentional  doping  with  A1  show  that  at  2x10 19 
cm'3  the  shallow  level  is  predominately  occupied. 
The  samples  are  free  of  stress  associated  with 
high  doping. 


Summary 


Fig.  3.  Low- temperature  (2K)  PL  from 
samples  1  and  7  showing  decreasing  A1  signal 
and  increasing  luminescence  intensity  with 
improved  growth  conditions  #l-»#7  as  well  as 
phonon  replica  from  the  free  exciton.  The 
PL  intensities  have  been  shifted  for 
distinction  between  the  luminescence  from 
the  samples.  No  donor-acceptor  pair 
luminescence  is  observed  (insert). 


Thick  (50-100  jxm)  4H-SiC  layers  have  been  grown  by  sublimation  epitaxy  with  a  growth  rate  of 
100  pm/h.  Surfaces  are  specular  and  featureless  regarding  typical  defects  in  SiC  epitaxy.  The 
structural  quality  is  high  and  has  even  considerably  improved  as  compared  with  the  substrate.  This 
shows  that,  at  proper  growth  conditions,  step-flow  growth  mechanism  is  stable  which  is  important 
for  growth  of  thick  high-quality  epilayers.  Control  of  purity  in  graphite  parts,  source  material  and 
Ta  (TaC)  parts  are  necessary  for  growth  of  high-purity  SiC  using  sublimation  epitaxy.  The  net 
carrier  concentration  is  <2x10 15  cm  .  Intentional  doping  studies  show  that  high-resistive  material  is 
reproducibly  achieved  using  N  and  B. 
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ABSTRACT 

Deposition  temperature  dependence  of  deposition  rate  is  studied  quantitatively  in  4H-SiC  CVD 
under  hydrogen  atmosphere  in  the  temperatures  range  from  1470  to  1720  °C.  When  process 
temperature  is  higher  than  1620  °C,  etching  rate  is  comparative  to  the  growth  rate  and  reduction  of 
deposition  rate  occurs.  At  1720  °C,  etching  rate  was  so  large  as  33  pm/hr  and  large  amount  of 
source  gas  supply  was  required  to  attain  deposition.  The  reduction  of  deposition  rate  is  simply 
deduced  from  etching  rate  observed  in  hydrogen  atmosphere.  The  maximum  deposition  rate  for 
samples  with  mirror  surface  increases  with  deposition  temperature.  High  growth  rate  of  about 
30  pm/hr  is  obtained  when  deposition  temperature  is  1720  °C.  However,  etching  rate  is  suggested 
to  be  larger  than  the  maximum  epitaxial  growth  rate  when  deposition  temperature  is  higher  than 
1800  °C  due  to  the  large  temperature  dependence  of  etching  rate. 

INTRODUCTION 

For  the  realization  of  high  power  devices  of  SiC,  a  few  tens  of  microns  thick  epitaxial-layer  is 
required.  Conventionally,  4H-SiC  is  deposited  in  the  temperature  range  between  1400  to  1600  °C 
and  growth  rate  is  around  5  pm/hr  [1].  To  attain  higher  growth  rate  and  to  improve  the  quality  of 
SiC  epitaxial  layers,  higher  growth  temperatures  are  considered  to  be  preferable.  To  obtain  quite 
high  growth  rate  of  a  few  hundreds  pm/hr,  deposition  of  SiC  at  over  2000  °C  is  reported  [2].  CVD 
in  that  temperature  range  is,  however,  considered  to  suffer  from  controllability  and  reproducibility 
of  epitaxial  layer  properties  such  as  thickness.  Due  to  the  high  temperature,  gas  phase  reaction  is 
inevitable.  Degradation  of  carbon  susceptor  is  unavoidable.  In  addition  etching  rate  of  SiC  is 
quite  large  in  hydrogen  atmosphere  in  that  temperatures  range  causing  difficulty  for  preparation  of 
the  surface  condition  of  the  substrate  before  the  deposition  [3]. 

In  this  work,  we  tried  to  attain  larger  growth  rate  of  4H-SiC  by  adopting  slightly  higher  growth 
temperature  than  conventional  CVD.  We  investigated  the  maximum  growth  rate  in  this 
temperature  range.  The  effect  of  etching  on  growth  rate  is  investigated  quantitatively. 

EXPERIMENTAL 

A  quasi-hot  wall  type  reactor  is  developed  to  attain  higher  temperature  in  CVD.  The  reactor  is 
equipped  with  a  RF -heated  carbon  cover  put  several  mm  above  a  RF-heated  susceptor  to  heat  wafer 
from  both  sides.  The  system  has  two  pyrometers.  One  is  set  at  the  top  of  the  reactor  to  observe 
the  temperature  of  the  susceptor  from  surface  side.  The  other  one  is  set  at  the  bottom  of  the 
reactor  to  reveal  the  backside  temperature  of  the  susceptor  The  growth  temperature  is  determined 
by  the  top  pyrometer  just  at  the  beginning  of  the  deposition.  Backside  pyrometer  is  used  to  ensure 
the  temperature  observed  from  surface  side. 

The  (0001)  Si-face  4H-SiC  wafers  are  used  for  this  study.  They  are  miscut  by  8  degree  toward 
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<1120.  Deposition  temperature  was  varied  from  1470  to  1740  °C.  The  process  pressure  was 
varied  from  2  to  760  Torr.  The  standard  pressure  was  20  Torr  as  the  surface  morphology  of  the 
wafers  was  excellent  after  thermal  etching  at  this  pressure  in  preliminary  experiment.  Carrier  gas 
was  H2  and  source  gases  were  SiH4  and  C3H8.  C/Si  supply  ratio  was  3  for  standard  conditions. 
Deposition  layer  was  grown  for  30  min.  _  For  etching  process,  wafer  was  kept  at  process 
temperature  for  30  to  50  min  in  H2  ambient. 

Deposition  rate  and  etching  rate  were  determined  by  the  weight  difference  of  wafers  measured 
before  and  after  the  process.  Surface  morphology  of  the  epitaxial  layers  was  observed  by 
Nomarski  differential  interference  contrast  microscope. 

RESULTS  AND  DISCUSSIONS 

Source  gas  flow  rate  dependence  of  deposition  rate  is  shown  in  fig.  1.  Deposition  temperature  is 
1470,  1620  and  1720  °C.  Open  marks  represent  mirror  surface  samples  and  closed  marks 
represent  rough  surface  samples.  No  flow  of  SiH4  corresponds  to  the  etching  as  there  supplied  no 
source  gases.  When  process  temperature  is  1470  °C,  etching  rate  is  1  pm/hr.  When  0.4  seem  of 
SiH4  and  C3H8  are  supplied,  deposition  rate  of  SiC  reaches  5  pm/hr.  Deposition  rate  of  SiC 
increases  with  SiH4  flow  rate  until  it  reaches  1.2  seem,  then  it  decreases.  When  SiH4  flow  rate  is 
smaller  than  0.8  seem,  surface  of  sample  is  mirror.  The  utmost  deposition  rate  for  the  sample 
with  mirror  surface  is  about  8  pm/hr.  When  process  temperature  is  1620  °C,  etching  rate  is 
10  pm/hr.  At  this  temperature,  deposition  rate  of  SiC  is  as  small  as  0.4  pm/hr  for  0.4  seem  SiH4 
supply  due  to  the  reduction  of  deposition  presumably  caused  by  the  etching.  Deposition  rate  of 
SiC  increases  with  the  increase  of  SiH4  flow  rate  and  reaches  about  20  pm/hr  when  SiH4  flow  rate  is 
2  seem.  For  high  process  temperature  of  1720  °C,  the  etching  rate  is  as  large  as  33  pm/hr. 
When  SiH4  flow  rate  is  smaller  than  1.6  seem,  deposition  does  not  occur.  The  flow  rate  of 
1.6  seem  is  a  large  enough  value  to  attain  high  deposition  rate  of  nearly  20  pm/hr  when  deposition 
temperature  is  1620  °C.  Only  when  quite  large  flow  rate  of  SiH4  is  adopted,  deposition  occurs. 
The  largest  deposition  rate  for  samples  with  mirror  surface  is,  however,  larger  than  30  pm/hr  owing 
to  the  high  deposition  temperature. 

Temperature  dependence  of  competition  between  deposition  and  etching  is  shown  in  fig.  2. 
Closed  marks  represent  the  temperature  dependence  of  etching  rate.  Open  marks  represent  the 
temperature  dependence  of  deposition  rate  at  constant  SiH4  flow  rate  of  1.6  seem.  At  the  higher 
etching  temperature,  the  etching  rate  is  larger.  When  etching  temperature  is  larger  than  1600  °C, 
the  increase  of  etching  rate  is  drastic.  Growth  rate  decreases  with  increasing  deposition 
temperature.  Above  1600  °C,  decrease  of  deposition  rate  with  temperature  is  clear.  When 
deposition  temperature  is  higher  than  1680  °C,  etching  overcomes  deposition  and  deposition  does 


SiH4  FLOW  RATE  (seem) 

Fig.  1  Deposition  rate  dependence  on  SiH4 
flow  rate 
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SUBSTRATE  TEMPERATURE  (°C) 


Fig.  2  Competition  of  deposition  and  etching  at 
various  deposition  temperatures 
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not  occur.  For  temperatures  higher  than  1680  °C,  similar  to  the  etching  case,  the  higher  deposition 
temperature,  the  larger  the  etching  rate.  Increase  of  etching  rate  and  decrease  of  deposition  rate 
show  similar  temperature  dependence  suggesting  that  decrease  of  deposition  is  mainly  originated 
from  the  increase  of  etching. 

These  results  indicate  that  higher  temperature  is  preferable  for  higher  growth  rate  but  they  also 
indicate  that  effect  of  etching  is  quite  serious  at  higher  deposition  temperature. 


If  there  is  no  etching,  deposition  rate 
is  expected  to  be  proportional  to  the 
SiH4  flow  rate.  In  fig.  3,  the  etching 
rate  is  added  to  measured  deposition  rate 
depicted  in  fig.  1.  If  we  assume  that 
the  etching  is  a  simple  additional  effect 
to  the  deposition,  “deposition  rate  + 
etching  rate”  is  considered  to  be 
“genuine”  deposition  rates,  which 
should  be  observed  if  there  is  no  etching. 

Open  marks  represent  samples  with 
mirror  surface  and  closed  mark  represent 
samples  with  rough  surface. 

“Deposition  rate  +  etching  rate” 
increases  proportionally  with  SiH4  flow 
rate  irrespective  of  deposition 
temperature.  When  SiH4  flow  rate 
nearly  reaches  the  maximum  value  for 
mirror  surface  samples,  the  deposition 
rate  tends  to  level  off  from  the 


0;1  234567 

SiH*  FLOW  RATE  (seem) 


Fig.  3  “Deposition  rate  +  etching  rate”  dependence  on 
SiH4  flow  rate.  Line  indicates  the  proportional  relation 
“Deposition  rate  +  Etching  rate”  and  between  SiH4  flow 
rate. 


proportional  line  between  deposition 
line  and  SiH4  flow.  From  this  simple 
result,  the  origin  of  the  decrease  of 
deposition  rate  with  rise  of  temperature 
can  be  attributed  to  the  increase  of 
etching  rate  as  far  as  when  mirror 
surface  samples  are  obtained.  These 
relations  also  suggest  that  no  synergetic 
effect  occurred  between  etching  and 
deposition  though  they  are  competitive 
in  this  temperature  range. 

In  fig.  4,  pressure  dependence  of 
deposition  rate  is  shown.  When  the 
pressure  is  higher  than  100  To  it,  there  is 
almost  no  etching  and  deposition  rates 
are  almost  proportional  to  SiH4  flow  rate. 


SiH4  FLOW  RATE  (scan) 


Fig.  4  Pressure  dependence  of  deposition  rate 


Below  20  Torr,  no  deposition  occurs 

when  SiH4  flow  rate  is  lower  than  a  certain  threshold  value.  Deposition  rate  is  however  almost 
proportional  to  SiH4  flow  rate  when  it  is  higher  than  the  threshold  values.  These  results  indicate 
that  the  etching  affects  the  deposition  more  when  deposition  pressure  is  low,  suggesting  the 
importance  of  the  desorption  mechanism  of  some  species  from  SiC  surface. 

The  temperature  dependence  of  the  maximum  deposition  rate  for  mirror  surface  samples  is 


shown  in  fig.  5,  By  using  higher  deposition  temperature,  mirror  surface  samples  are  obtained  at 
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DEPOSITION  or  ETCHING  TEMPERATURE" 
(104/K) 


□  :  mirror  surface  samples 

g  :  rough-  surface  samples 

A  :  etching  rate 

^  :6H  maximum  deposition  rate 

(6°  off:  after  Kimoto  et.  al.) 


Fig.  5  Comparison  of  temperature  dependence  between  deposition  and  etching 


larger  deposition  rate.  The  largest  deposition  rate  with  mirror  surface  is  as  high  as  about  30  pm/hr. 
The  maximum  deposition  rate  for  step  flow  mode  epitaxy  reported  by  Kimoto  et.  al  [4]  is 
also  plotted  in  the  figure  for  comparison.  When  deposition  temperature  is  higher  than  1300  °C, 
the  maximum  deposition  rate  decreases  exponentially  with  temperature.  This  result  suggests  that 
the  dominant  factor  that  determines  the  temperature  dependence  of  deposition  is  the  same  in  this 
temperatures  range.  Temperature  dependence  of  etching  rate  is  also  plotted  in  fig.  5.  The 

dependence  of  etching  is  larger  than  that  of  maximum  deposition  rate.  The  etching  rate  is  suggested 
to  be  larger  than  the  maximum  deposition  rate  when  deposition  temperature  is  higher  than  1800  °C. 
The  mechanism  of  deposition  might  be  different  when  temperature  is  higher  than  1800  °C. 


SUMMARY 

Competition  between  growth  and  etching  was  studied  quantitatively  in  4H-SiC  CVD  under 
hydrogen  atmosphere  in  the  temperature  range  between  1470  and  1720  °C.  At  higher  temperature, 
etching  rate  increases  and  deposition  rate  decreases  corresponding  to  the  increase  of  etching  rate. 
Etching  rate  is  comparative  to  the  growth  rate  when  growth  temperature  is  higher  than  1620  °C. 
Large  source  gas  supply  is  required  to  attain  deposition  at  1720  °C.  With  the  increase  of  the 
deposition  temperature,  however,  maximum  growth  rate  for  mirror  surface  sample  increases.  The 
largest  growth  rate,  of  about  30  jam/hr,  was  obtained  at  1720  °C. 

The  hypothetical  deposition  rate  obtained  by  adding  observed  deposition  rate  and  etching  rate  is 
proportional  to  the  SiH4  flow  rate  irrespective  of  the  deposition  temperature,  suggesting  that 
deposition  and  etching  can  be  dealt  with  separately  without  considering  the  synergetic  effect  though 
they  are  competitive  in  this  temperature  range.  When  deposition  temperature  is  higher  than 
1800  °C,  etching  rate  is  suggested  to  be  larger  than  the  maximum  epitaxial  growth  rate  and  the 
mechanism  of  deposition  might  differ  from  that  in  the  temperature  range  of  this  work. 
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Abstract 

Current  results  are  presented  for  SiC  epitaxial  growths  employing  a  7x2”  SiC-VPE  reactor. 
For  growths  on  2-inch  SiC  diameter  substrates,  the  dopant  concentration  and  layer  thickness 
uniformity  is  typically  ±5%  (standard  deviation/mean).  For  the  seven  wafers  within  a  run,  the 
interwafer  uniformity  has  been  improved  to  approximately  ±7%  for  dopant  concentration  and  ±3% 
for  layer  thickness.  Data  will  be  presented  which  exhibit  interrun  (run-to-run)  variation,  for  both 
thickness  and  doping,  within  ±10%  of  the  desired  values.  Also,  preliminary  results  of  investigations 
into  higher  growth  rates  (5.0  to  9.5  pm/hr)  and  thick  epitaxial  layers  are  presented. 

Introduction 

High-frequency,  high-power  static  induction  transistors  (SITs)  and  metal  semiconductor  field 
effect  transistors  (MESFETs)  have  been  demonstrated  with  performance  exceeding  that  available 
from  both  silicon  and  gallium  arsenide  transistors  [1,2,3].  For  the  production  of  these  SiC  based 
devices,  a  multi-wafer  SiC  VPE  reactor  has  been  developed  in  collaboration  with  Aixtron,  AG  [4]. 
The  reactor,  based  on  the  design  of  Frijlink  and  coworkers  [5],  features  full  planetary  motion  and,  as 
currently  configured,  is  capable  of  simultaneous,  high  quality  epitaxy  on  seven,  two-inch  diameter 
substrates.  Aluminum  and  boron  impurity  levels  of 
less  than  mid  1014  atoms/cm3  have  been  measured  by 
SIMS.  At  silicon- to-carbon  (Si/C)  ratios  normally 
employed,  background  n-type  doping  levels  are  less 
than  lxlO15  cm"3,  and  room  temperature  mobilities  as 
high  as  1000  cm2/Vs  are  routinely  obtained  [6]. 

Previously,  to  achieve  satisfactory  uniformity 
and  to  reduce  run-to-run  variability  for  pre- 
production  layers,  it  was  necessary  to  modify  many 
of  the  original  reactor  components  [6].  Currently,  the 
start  of  production  has  significantly  increased  the 
number  of  wafers  required  with  the  specifications 
that  all  epitaxial  layers  must  be  within  ±10%  of 
target  values  for  both  dopant  concentration  and 
thickness.  Additional  reactor  modifications  which 
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Fig.  1:  Stylized  cross  section  of  VPE 
reactor.  A)  Gas  Injector,  B)  Ceiling,  C) 
Gas  Collector,  D)  Susceptor,  E)  Wafer 
Holder,  F)  Rotation  Axis 


174 


Silicon  Carbide  and  Related  Materials  - 1999 


have  allowed  these  production  specifications  to  be  realized  will  be  summarized.  Also,  in  an  attempt 
to  better  utilize  the  production  reactor  and  to  further  expand  its  processing  envelope,  preliminary 
investigations  into  higher  growth  rates,  5.0  to  9.5  pm/hr,  and  thick  epitaxial  layers  were  conducted. 

Experiment 

The  VPE  reactor  used  to  grow  the  SiC  epitaxial  layers  discussed  within  has  been  described  in 
detail  elsewhere  [3,6,7].  A  cross  sectional  view  of  the  reactor  is  shown  in  Fig.  1. 

Detailed  conditions  for  SiC  epitaxial  layer  growth  in  this  reactor  have  been  previously 
reported  [6].  The  production  growths  reported  in  this  study  were  performed  at  reduced  pressure, 
susceptor  temperatures  of  ~1600°C,  growth  rates  of  ~3  pm/hr,  and  Si/C  around  0.88.  The  mass  of 
each  wafer  was  measured  with  an  analytical  balance,  both  before  and  after  growth,  to  determine 
average  epitaxial  layer  thickness,  growth  rate,  and  wafer-to-wafer  uniformity.  All  epitaxial  layers 
were  characterized  by  capacitance  versus  voltage  (CV)  measurements  [8].  CV  measurements  were 
performed  at  regular  intervals  along  one  radius  of  each  wafer.  Rotating  wafers  have  been  found  to 
be  highly  axially  symmetric  making  the  measurement  of  one  radius  sufficient. 

Also,  a  preliminary  study  into  growth  rates  as  high  as  9.5  pm/hr  and  epitaxial  layers  thicker 
than  25pm  was  performed.  The  layers  for  this  investigation  were  grown  under  similar  conditions  to 
those  above.  Higher  growth  rates  were  accomplished  by  increasing  the  precursor  flows  (silane  and 
propane)  while  keeping  all  other  process  parameters  constant.  Thick  epitaxial  layers  were  then 
grown  at  the  higher  growth  rate  conditions  and  characterized  using  CV  measurements,  low 
temperature  photoluminescence  (PL),  and  FTIR  thickness  mapping  [9]. 

Results 

Three  levels  of  epitaxial  uniformity  were  examined;  intrawafer  uniformity,  interwafer  (or 
intrarun)  uniformity,  and  interrun  (run-to-run)  uniformity. 

Previous  reductions  of  susceptor  and  component  induced  inhomogeniety  [6,7]  have  reduced 
the  intrawafer  dopant  concentration  and  thickness  uniformities  (standard  deviation  divided  by  the 
mean)  for  2-inch  diameter  wafers  to  4.7%  and  5.2%  respectively.  However,  the  interwafer  (wafer- 
to-wafer  within  a  run)  uniformity  had  only  been  reduced  to  10%  at  best.  With  typical  interwafer 
standard  deviations  ranging  from  1 1  to  18%,  at  least  one-third  of  the  wafers  were  falling  outside  the 
±10%  specifications  for  production  epitaxial  layers. 

By  replacing  the  original  graphite 
foam  gas  collector  (C  in  Fig.  1)  with  a 
molybdenum  one  with  smaller 
perforations,  the  interwafer  thickness 
uniformity  improved  to  approximately 
3%.  This  is  thought  to  be  due  to 
increased  flow  symmetry  resulting  from 
an  increased  pressure  drop  across  the 
interface  between  the  growth  region  and 
the  gas  collector.  The  time  evolution  of 
interwafer  uniformity  is  presented  in  Fig. 

2.  The  molybdenum  gas  collector  was 
installed  at  point  A  on  that  chart.  It  is 
evident  that  the  improvement  in  thickness 
uniformity  was  not  matched  by  a 
corresponding  improvement  in  dopant 


Fig.  2:  Interwafer  uniformity  for  22  runs.  A 
new  gas  collector  was  installed  at  A.  Susceptor 
hardware  was  rearranged  at  B  to  improve  the 
temperature  balance. 
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concentration  uniformity.  The  dopant 
concentration  of  the  individual  wafers  still 
exhibited  a  systematic  distribution,  i.e.  the 
highest  doped  position  was  opposite  the 
lowest  doped  position.  The  highest  doped 
position  correlated  with  the  hottest  side  of 
the  susceptor.  By  rearranging  the 
susceptor  hardware  to  improve  the 
temperature  balance  (point  B  in  Fig.  2), 
the  dopant  concentration  uniformity  was 
reduced  to  7%.  Most  of  the  remaining 


non-uniformity  is  randomly  distributed  o.o  0.2  0.4  0.6  0.8  l.o 

and  arises  from  small  differences  in  local  Depth  (^m) 

temperature  due  to  variations  in;  Fig.  3.  a*  overiay  0f  the  CV  dopant  profile 

emissivity  of  components  thermal  contact  measured  al  the  radius  of  each  of  seven 

between  wafer  and  satellite  satellite  wafersinarun 
levitation,  etc.  An  overlay  of  the  dopant 

profiles  at  five  positions  along  the  radius  of  each  of  seven  wafers  in  a  single  run  is  presented  in  Fig. 
3.  For  the  run  represented  by  that  figure,  both  the  thickness  and  dopant  concentration  uniformity  at 
2xl017  cm"3  are  approximately  5%.  At  lxlO16  cm'3  the  dopant  concentration  uniformity  is  7%. 

Having  demonstrated  good  uniformity  on  a  2-inch  diameter  wafer  and  for  each  wafer  in  a  run, 
the  remaining  obstacle  to  high  yield  production  epitaxy  is  intemm  variation.  The  improvements 
effected  to  decrease  the  interwafer  variation  also  permitted  better  control  of  run-to-run  variation.  In 
fact,  after  point  B  (Fig.  2),  corresponding  to  improved  gas  collector  geometry  and  susceptor 
temperature  uniformity,  the  average  absolute  deviation  from  target  values  were  2.8%  for  dopant  and 
3.6%  for  thickness. 


Once  the  ±10%  uniformity  production  specifications  were  achieved,  higher  growth  rates 
were  investigated  to  make  the  reactor  more  efficient  and  provide  the  ability  to  grow  thick  epitaxial 
layers  in  a  multi-wafer  production  reactor.  As  a  preliminary  attempt  to  increase  the  growth  rate, 
only  the  precursor  flows,  which  were 


adjusted  for  a  Si/C  ratio  of  approximately 
0.95,  were  increased  while  all  other 
process  parameters  were  held  constant. 
The  growth  rate  was  found  to  increase 
linearly  with  increasing  precursor  flow 
through  the  entire  range  of  the  existing 
silane  mass  flow  controllers.  Fig.  4 
illustrates  the  affect  that  input  silane  flow 
has  on  growth  rate.  The  linearity  of  the 
growth  rate  as  a  function  of  silane 
concentration  indicates  that  even  at  these 
high  silane  flow  rates,  the  reaction  is  still 
silicon  diffusion  limited.  This  is  made 


possible  by  high  ceiling  temperatures  Silane  Flow  (seem) 

which  avoid  silicon  supersaturation  [8].  Fig.  4:  The  linear  dependence  of  growth  rate  on 


The  maximum  growth  rate 


input  silane  flow 
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achieved  was  9.5  pm/hr.  All  layers  grown  at  the 
higher  rates  were  specular  and  had  an  overall 
thickness  uniformity  of  3 . 1  %. 

Next,  attempts  were  made  to  grow  thick 
epitaxial  layers  using  the  higher  growth  rates.  Fig.  5 
shows  the  FTIR  thickness  contour  map  for  a  57  pm 
layer  with  3.9%  thickness  uniformity  grown  at  9.5 
pm/hr.  This  wafer  was  intentionally  doped  with 
nitrogen  to  a  concentration  of  5xl014  cm'3,  but  at  that 
low  concentration  the  dopant  uniformity  was  only 
18.5%.  Fig.  5  also  shows  that  the  thick  layer  exhibits 
the  typical  radial  thickness  distribution  due  to  wafer 
holder  rotation.  PL  and  lifetime  measurements  were 
made  on  this  sample.  The  PL  spectrum  was  typical 
of  SiC,  however,  the  measured  lifetime  of  57  ns  was 
very  low.  Growth  conditions  were  not  optimized  to 
maximize  lifetime. 

Conclusions 

Sufficient  uniformity  has  been  demonstrated  for  SiC  epitaxy  on  seven  at-a-time  two-inch 
diameter  wafers  for  high  yield  in  production.  Intrawafer  uniformity  of  approximately  5%  can  be 
routinely  achieved  on  two-inch  diameter  wafers.  The  most  significant  improvement  has  been  the 
reduction  of  interwafer  uniformity  to  3%  for  thickness  and  7%  for  dopant  concentration.  The 
combination  of  good  intrawafer  and  interwafer  uniformity  has  been  coupled  with  better  control  of 
run-to-run  variation  such  that  a  very  high  percentage  of  epitaxial  layers  meet  stringent  production 
specifications.  Also,  results  show  that  greater  then  50  pm  thick  layers  can  be  grown  at  growth  rates 
as  high  as  9.5  pm/hr  with  thickness  uniformity  of  4%. 
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Abstract  Homoepitaxial  growth  of  SiC  thin  films  by  chemical  vapor  deposition  using  the  single 
source  1,3-disilabutane  has  been  carried  out  at  the  low  temperatures  of  900-1100  °C  in  an  ultrahigh 
vacuum  chamber  equipped  with  reflection  high  energy  electron  diffraction.  The  structure  and 
morphology  of  the  films  have  been  found  to  be  strongly  affected  by  the  growth  temperature.  The 
films  grown  on  on-axis  6H-SiC(0001)  substrates  at  temperatures  between  900  and  1100  °C  had 
only  the  3C-SiC(lll)  structure,  but  those  grown  on  vicinal  (3.5°  off-oriented)  6H-SiC(0001) 
substrates  produced  the  3C-SiC  structure  at  temperatures  below  1000  °C  and  the  6H-SiC  structure 
at  temperatures  between  1000  and  1100  °C,  while  on  vicinal  (8°  off-oriented)  4H-SiC(0001)  the 
films  had  the  4H-SiC  structure  even  at  900  °C. 

Introduction 

Silicon  carbide  (SiC)  has  been  studied  for  high  power  and  high  temperature  electronic  device 
applications  due  to  its  high  thermal  conductivity,  wide  band  gap  and  many  superior  physical  and 
electronic  properties.  There  have  been  many  studies  of  homoepitaxial  growth  of  SiC  for  the  past  ten 
years  or  so  since  it  results  in  higher  quality  films  than  heteroepitaxial  growth.  Most  heteroepitaxial 
growth  of  SiC  has  been  carried  out  by  conventional  chemical  vapor  deposition  (CVD)  using  two 
source  chemicals  (e.g.,  SiH4  or  Si2H6  for  silicon  and  C2H4  or  C3H8  for  carbon)  in  the  temperature 
range  1400-1800  °C  [1,2].  SiC  crystallizes  in  many  polytypes,  and  generally,  3C-SiC  is  known  as 
the  low  temperature  polytype  owing  to  its  higher  probability  of  appearance  at  low  temperatures. 
Because  many  defects  are  created  during  the  film  growth  of  the  3C-SiC,  many  people  have 
concentrated  on  homoepitaxial  growth  of  6H-  and  4H-SiC  and  have  made  efforts  to  decrease  the 
growth  temperature  using  various  methods  and  techniques.  It  has  been  reported  that  6H-  and  4H- 
SiC  can  be  grown  homoepitaxially  on  off-oriented  substrates  at  temperatures  of  1400-1500  °C  by 
the  step  flow  mechanism  [3,4].  It  is  important,  however,  to  further  decrease  the  growth  temperature 
(because  growth  at  high  temperatures  is  usually  accompanied  by  more  impurity  incorporation  and 
interdiffusion  of  dopants  across  the  interfaces  in  the  case  of  multilayer  films)  and  to  reduce  the 
number  of  steps  in  the  CVD  process  for  device  applications.  There  have  been  a  few  studies  of 
heteroepitaxial  growth  using  single  sources  but  we  could  hardly  find  any  studies  of  homoepitaxial 
growth  using  them.  1,3-disilabutane,  which  is  nontoxic,  fairly  volatile,  and  inert  in  air,  was 
successfully  employed  in  growing  heteroepitaxial  films  of  3C-SiC  on  Si  substrates  at  the  relatively 
low  temperatures  of  900-1000  °C  [5,6].  We  consider  it  to  be  a  proper  candidate  among  many  single 
sources  for  SiC  homoepitaxy. 

Experimental 

Homoepitaxial  growth  of  SiC  thin  films  has  been  carried  out  in  an  ultrahigh  vacuum  (UHV) 
chamber  equipped  with  a  quadrupole  mass  analyzer  (QMA)  for  measurement  of  residual  gases  in 
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the  chamber  and  a  reflection  high  energy  electron  diffraction  (RHEED)  for  in  situ  analysis  of  the 
surface  structures  of  the  films.  The  base  pressure  of  the  system  was  below  3  x  10'9  Torr.  On-axis 
and  vicinal  6H-  and  4H-SiC  wafers  oriented  3.5°  and  8°,  respectively,  toward  the  <  1120  > 
direction  were  obtained  from  Cree  Research,  Inc.  These  wafers  were  cut  to  the  size  5x7  mm2.  The 
substrates  were  chemically  etched  in  a  10  %  HF  solution  for  10  min  to  remove  the  oxide  layer, 
rinsed  in  deionized  water,  and  immediately  loaded  into  the  growth  system.  To  obtain  clean  surfaces, 
these  substrates  were  held  at  400-500  °C  for  4-6  h  and  heated  at  1100  °C  for  1-3  min  under  UHV 
conditions  just  before  introducing  the  precursor. 

Results  and  Discussion 

The  effect  of  temperature  on  the  film  growth  on  on-axis  6H-SiC(0001)  substrates  was 
investigated  at  temperatures  between  900  and  1100  °C  and  pressure  of  1  x  10'6  Torr.  Fig.l  shows 
the  RHEED  patterns  and  the  scanning  electron  microscopy  (SEM)  images  of  the  films  grown  at 
900,  1000  and  1100  °C,  respectively,  for  2  h.  The  RHEED  patterns  of  the  films  grown  at  low 
temperatures  show  diamond-hatched  shapes  consisting  of  extra  spots  indicative  of  poor  crystallinity, 
which  probably  arises  from  twin  and  double  positioning  boundary  (DPB)  defects.  These  incoherent 
twin  boundaries  occur  when  3C-SiC(lll)  is  grown  on  Si(lll)  or  on-axis  6H-SiC(0001)  because 
two  different  orientations  rotated  60°  from  each  other  are  present  [7-9].  As  the  growth  temperature 
was  increased,  the  extra  spots  of  the  RHEED  patterns  changed  into  streaks  indicating  fewer  of  these 


Fig.  1.  RHEED  patterns  and  SEM  images  of  3C-SiC  films  grown  on  on-axis  SiC(0001)  substrates 
at  various  temperatures:  (a)  900,  (b)  1000,  and  (c)  1100  °C. 

defects  and  an  improvement  of  the  surface  morphology.  The  SEM  images  also  show  that  surface 
smoothness  and  uniformity  improved  with  the  growth  temperature.  These  results  are  similar  to 
previous  ones  carried  out  by  molecular  beam  epitaxy  (MBE)  at  temperatures  between  1000  and 
1500  °C  [2]. 

It  has  generally  been  known  that  the  density  and  orientation  of  the  surface  steps  determine  the 
resultant  SiC  polytype  [3,4].  When  few  steps  are  present,  most  of  the  adsorbed  species  can  not 
reach  the  step  sites,  and  they  start  three-dimensional  nucleation  on  terraces  irrespective  of  the 
substrate  polytype  and  commonly  form  the  3C  polytype.  On  the  other  hand,  it  is  possible  to  induce 
nucleation  of  the  adsorbed  species  exclusively  at  the  step  sites  by  using  substrates  with  the  step-to- 
step  distance  smaller  than  the  diffusion  length  for  a  given  source  flux  and  temperature.  Thus,  these 
steps  serve  as  a  template  for  SiC  growth,  and  the  stacking  sequence  of  the  6H  (or  4H)  ploytype  is 
preserved  by  means  of  a  special  type  of  two-dimensional  growth  mode  referred  to  as  the  step  flow 
mechanism.  Fig.  2  shows  the  RHEED  pattern,  SEM  image,  high  resolution  transmission  electron 
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microscopy  (HRTEM)  image,  and  transmission  electron  diffraction  (TED)  pattern  taken  from  the 

film  that  was  grown  for  2  h  on  a  vicinal  4H-SiC(0001)  cut  off  8°  toward  <  11 20  >  at  900  °C  and  1 

x  10'6  Torr.  The  RHEED  pattern  similar  to  that  of  a  clean  substrate  prior  to  growth  strongly 
indicates  that  the  film  has  grown  epitaxially.  This  assertion  was  confirmed  by  the  cross-sectional 
HRTEM  which  also  shows  a  stacking  fault  around  the  interface.  The  step  flow  growth  competes 
with  the  three-dimensional  nucleation  which  results  in  the  cubic  structure  according  to  the  source 
flux  and/or  growth  rate.  The  former  is  more  prevalent  than  the  latter  when  the  source  flux  is 
decreased  because  the  probability  of  three-dimensional  nucleation  is  decreased.  Although  the 
average  terrace  width  at  the  surface  of  the  film  is  increased  to  30  nm  by  step  bunching,  it  is  thought 
that  the  film  has  been  homoepitaxially  grown  even  at  900  °C  by  step  flow  mechanism  owing  to  the 
growth  rate  as  low  as  6-10  nm/h  or  by  the  characteristics  of  the  single  source,  1,3-disilabutane. 
With  increasing  the  growth  rate,  the  films  formed  show  rougher  morphology  and  increase  in  the 
number  of  stacking  faults.  Meanwhile  the  film  grown  on  vicinal  (3.5°  off-oriented)  6H-SiC 
exhibited  the  cubic  structure  at  900  °C  and  the  hexagonal  structure  in  the  temperature  range  1000- 
1100  °C.  It  is  inferred  that  this  result  arises  from  the  higher  step  density  of  the  8°  off-oriented 
substrate  compared  with  that  of  the  3.5°  off-oriented  6H-SiC  substrate.  The  addition  of  the  carrier 
gas,  H2,  to  1,3-disilabutane  increased  the  growth  rate  up  to  50-100  nm/h.  It  is  believed  that 
hydrogen  reacts  with  carbon  impurities  from  residual  gases  which  play  the  role  of  three- 
dimensional  nucleation  sites,  removes  them  and  keeps  the  surfaces  clean.  Thus  it  suppresses  the 
probability  of  three-dimensional  nucleation  and  enhances  the  step  flow  growth.  It  has  resulted  in 
the  increase  of  the  growth  rate.  In  the  case  of  3.5°  off-oriented  6H-SiC,  hydrogen  addition  caused 
surface  reconstruction  to  the  (3x3)  structure  and  did  not  make  the  island  growth  take  place  in  spite 
of  increase  in  the  growth  rate.  The  RHEED  pattern  and  SEM  image  of  the  films  are  not  illustrated 
here.  It  has  been  known  that  surface  mobility  of  adatoms  is  enhanced  on  the  surface  of  the  (3x3) 
structure  that  has  a  smaller  number  of  dangling  bonds  for  bonding  to  the  adatoms  [10,11].  Thus,  the 
step  flow  growth  may  easily  be  carried  out. 

In  summary,  we  have  shown  that  homoepitaxy  of  4H-  and  6H-SiC  can  be  accomplished  at  much 
lower  temperatures  than  previously  possible  by  employing  the  single  precursor  1,3-disilabutane. 


Fig.  2.  (a)  RHEED  pattern,  (b)  SEM  image,  and  (c)  typical  cross-sectional  TEM  image  of  the  film 
grown  on  8°  off-oriented  4H-SiC(0001)  at  900  °C.  The  inset  of  (c)  shows  a  selected  area  electron 
diffraction  pattern  indicative  of  the  4H-SiC  structure. 
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Abstract  Devices  fabricated  from  silicon  carbide  (SiC)  have  the  potential  to  fulfill  many  of  the 
required  properties  of  next  generation  high  performance  electronics.  Presently,  commercial  SiC 
substrates  are  available  in  the  6H  and  4H  polytypes  but  will  contain  defects  such  as  micropipes  and 
high  etch  pit  densities.  Homoepitaxial  growth  on  these  substrates  can  result  in  improved  material 
quality.  Unfortunately,  present  growth  processes  may  result  in  epilayers  containing  mixed  phase 
polytypes  and  high  background  dopant  levels.  An  innovative  silicon  carbide  growth  process  based 
on  pulsed  seeded  supersonic  molecular  beam  deposition  enables  homoepitaxial  SiC  films  to  be 
deposited  at  lower  growth  temperatures  which  improves  quality  and  potentially  reduces  the  cost  of 
production  devices.  Development  and  performance  of  a  multiple  beam  reactor  capable  of 
depositing  doped,  epitaxial  SiC  films  up  to  2”  diameter  is  described.  Deposition  rates,  film  quality 
and  doping  levels  are  discussed. 

Introduction  Development  of  alternative  semiconductor  materials  for  electronic  devices  is  of 
interest  because  silicon  and  gallium  arsenide  cannot  currently  meet  some  of  the  power,  frequency, 
temperature  and  speed  requirements  of  the  next  generation  of  electronic  devices.  Silicon  carbide 
(SiC)  has  many  of  the  required  properties  such  as  wide  bandgap,  high  breakdown  field  and  physical 
strength  that  make  it  attractive  for  many  of  these  applications  [1,2].  There  are  now  commercially 
available  SiC  substrates  in  the  6H  and  4H  polytypes.  As  substrate  quality  continues  to  improve, 
more  efforts  will  be  made  to  fabricate  devices  from  this  material. 

Supersonic  Molecular  Beams  Supersonic  molecular  beams  were  originally  suggested  as  a 
replacement  for  effusive  gas  sources  where  the  supersonic  jet  of  gas  travels  through  a  nozzle  in  the 
intended  beam  direction  of  the  effusion  source.  Using  supersonic  gases  removes  the  effusion 
constraint  (Knudsen  number  >1)  on  the  mean  free  path  of  the  molecular  beam.  The  advantages  of 
this  approach  are  beam  intensities  on  the  order  of  1000  times  those  available  form  effusive  sources, 
extremely  long  mean  free  path,  and  narrow  energy  spread  in  the  beam  as  a  result  of  cooling  of  the 
gas  by  isentropic  expansion  [3-7].  This  concept  is  illustrated  in  Fig.  1. 

The  technology  for  “nozzle”  beam  sources  depends  on  the  ratio  of  pressures  before  and  after  the 
expansion,  and  the  mean  free  path  of  the  molecules  in  the  source  (before  the  expansion).  The  gas  in 
the  source  chamber  is  undergoing  hydrodynamic  flow,  i.e.  a  dense,  continuum  flow  such  as  for  a 
liquid.  When  the  gas  flow  passes  through  the  nozzles,  the  gas  expands,  and  the  forward  velocity  of 
the  gas  is  increased  due  to  a  local  reduction  in  the  enthalpy  of  the  gas  (i.e.  conversion  into 
translational  kinetic  energy  in  the  beam  direction).  The  dense  flow  in  the  nozzle  allows  energy 
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transfer  through  collisions.  As  the  gas  expands  into  the  low  pressure  region  the  gas  evolves  to 
molecular  flow.  Here  the  number  of  collisions  available  for  energy  transfer  is  greatly  reduced  and 
the  physical  parameters  of  the  beam  are  ’’frozen”.  The  beam  parameters  are  usually  expressed  in 
terms  of  the  Mach  number,  and  the  terminal  Mach  number  reached  by  the  beam  in  the  low  density, 
molecular  flow  regime.  An  illustration  of  a  supersonic  beam  is  given  in  Fig.  2. 


Relative  Velocity  (v/Vp(T(j)) 

Fig.  1 .  Beam  energy  narrowing  for  three  Mach 
numbers.  Velocity  is  normalized  to  vp(T0),  the 
peak  velocity  at  M=0.  Adapted  from  Ref.  7. 


Background  Pressure  P|j 


Fig.  2.  Illustration  of  a  supersonic  beam  flow. 
The  supersonic  beam  is  in  the  “zone  of  silence.” 
Adapted  from  Ref.  5. 


The  continuum  flow  of  the  high  density  beam  in  the  nozzle  allows  a  special  method  for  achieving 
beam  energies  beyond  those  available  from  thermal  velocities.  In  a  mixture  of  two  gases,  if  there 
are  enough  collisions  in  the  expansion  process  to  maintain  energy  and  momentum  equilibrium 
between  the  two  gases,  the  mixture  will  have  a  uniform  temperature  and  velocity  after  expansion.  If 
a  small  amount  of  heavy  gas  is  mixed  (seeded)  with  a  light  gas,  the  heavy  species  will  attain  the 
velocity  of  the  light  gas,  but  have  a  kinetic  energy  increase  by  the  mass  ratio  of  the  two  species.  For 
hydrogen  and  helium,  the  terminal  velocities  are  -2.96x1 05  cm/sec  and  1.77xl05  cm/sec 
respectively.  Molecules  of  interest  for  silicon  carbide  epitaxy  seeded  in  these  beams  would  obtain 
the  kinetic  energies  given  in  Table  1.  As  can  be  seen  in  Table  1,  chemically  significant  energy  can 
be  imparted  to  seed  molecules  in  a  supersonic  expansion.  This  can  allow  deposition  at  lower 
substrate  temperatures  than  in  traditional  reactors  where  reactant  activation  is  only  via  interaction 
with  the  hot  substrate. 


Table  1  Kinetic  energy  of  seed  gases  in  supersonic  beams  of  hydrogen  and  helium. 


Carrier  Gas 

Silane  (eV) 

Propane  (eV) 

Ethane  (eV) 

Trimethyl 
aluminum  (eV) 

Nitrogen  (eV) 

1.45 

2.00 

1.36 

3.27 

1.27 

Helium 

0.52 

0.71 

0.49 

1.17 

0.46 

Argon 

0.052 

0.071 

0.048 

0.12 

0.045 

A  diagram  of  the  apparatus  used  for  these  experiments  is  shown  in  Fig.  3  [8].  A  third  pulsed  valve  is 
used  to  add  dopants.  To  ensure  that  the  pressure  in  the  growth  chamber  remains  below  0. 1  Torr 
during  deposition,  the  chamber  is  pumped  by  a  450  1/s  turbomolecular  pump  which  is  backed  by  a 
30  CFM  roughing  pump.  The  chamber  has  a  base  pressure  of  <lxl0‘8  Torr.  The  supersonic  beams 
were  created  using  General  Valve  series  9  pulsed  valves  having  a  0.5  mm  aperture.  The  substrate 
temperature  was  kept  at  1230°C  during  growth  using  a  PBN/PG  heater  and  measured  by  a  W/Re 
thermocouple  in  contact  with  the  sample  surface.  The  system  can  maintain  a  pressure  well  below 
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0. 1  Torr  necessary  for  the  supersonic  beam  to  strike  the  sample  using  a  2Hz  pulse  rate  with  the 
pulsed  valves  opened  for  ~3  milliseconds  per  pulse. 


Fig.  3.  Seeded  supersonic  deposition  system 
showing  two  of  the  pulsed  valves. 


Fig.  4.  Epitaxial  film  grown  on  6H  SiC  with  H2 
carrier  gas.  The  bar  indicates  1  pm. 


Epitaxial  SiC  Deposition  SiC  films  were  deposited  on  both  Si  <100>  and  the  6H  surface  of  SiC  at 
1230°C.  All  growth  on  silicon  resulted  in  three  dimensional  domain  growth.  Growth  on  SiC  using 
hydrogen  as  the  seed  gas  resulted  in  high  quality  epitaxial  growth,  while  growth  on  SiC  using 
helium  as  the  carrier  gas  yielded  poor  three-dimensional  growth.  A  micrograph  of  an  epitaxial  SiC 
film  grown  on  SiC  is  shown  in  Fig.  4.  Changes  in  the  source  gas  pressure  did  not  significantly 
change  the  crystal  quality  but  did  slightly  increase  the  growth  rate  due  to  more  reactive  growth 
gases  striking  the  crystal  per  unit  time.  It  is  important  to  note  that  using  this  technique,  high  quality 
homoepitaxial  films  of  SiC  (as  determined  by  scanning  electron  microscopy  and  X-ray  diffraction 
measurements)  are  obtained  at  a  substrate  temperature  of  1230°C,  substantially  lower  than  the 
standard  growth  temperatures  reported  in  the  literature.  Macroscopic  growth  rate  is  1  pm/hr.  These 
results  demonstrate  that  the  kinetic  energy  given  to  the  growth  gases  in  the  supersonic  beams 
enables  high  quality  crystal  growth  at  lower  growth  temperatures. 


Doping  Molecular  nitrogen  is  used  as  the  n-type  dopant  and  trimethylaluminum  (aluminum)  as  the 
p-type  dopant.  SiC  films  were  grown  using  beams  of  0.5%  silane  and  0.5%  propane  in  hydrogen 
and  doped  using  supersonic  beams  of  nitrogen  (0.05%)  and  trimethylaluminum  (TMA,  0.74%) 
seeded  in  various  carrier  gases.  The  nitrogen  is  seeded  in  the  hydrogen  carrier  gas  by  pre-mixing 
the  gases  in  a  pressurized  cylinder  then  introducing  the  gas  mixture  through  the  pulsed  valve.  The 
TMA  is  seeded  by  passing  the  carrier  gas  over  the  TMA,  which  is  kept  at  a  constant  temperature 
(with  a  constant  vapor  pressure)  in  a  bath.  Table  I  shows  the  energy  of  the  dopant  beams  using 
hydrogen,  helium  and  argon  carrier  gases. 

Secondary  Ion  Mass  Spectrometry  (SIMS)  results  for  aluminum  doped  samples  grown  at  three 
different  beam  energies  are  shown  in  Fig.  5.  This  SIMS  data  show  the  dependence  of  the  doping 
level  on  the  energy  of  the  dopant.  Using  the  same  percentage  of  trimethylaluminum,  we  find  a 
doping  level  of  ~lxl0,7/cc  using  a  hydrogen  carrier  gas,  a  doping  level  of  ~lxl016/cc  using  a  helium 
carrier  gas  and  a  doping  level  of  5xl015/cc  using  an  argon  carrier  gas.  Notice  the  logarithmic 
dependence  of  the  dopant  concentration  as  a  function  of  energy.  This  behavior  is  typical  of  a  rate- 
controlled  process  where  the  rate  is  essentially  governed  by  an  activation  barrier. 
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For  n-type  doping  using  molecular  nitrogen,  no  dependence  of  the  dopant  level  on  the  dopant 
energy  is  observed.  This  may  be  due  to  the  relatively  low  kinetic  energy  of  the  nitrogen  molecules 
combined  with  a  high  reaction  activation  barrier.  The  activation  barrier  could  be  either  a  surface 
reaction  or  the  high  dissociation  energy  of  molecular  nitrogen  (9.9eV). 


Fig.  5.  Dependence  of  doping 
concentration  in  SiC  vs  the  dopant 
precursor  kinetic  energy  for 
trimethylaluminum  as  the  p-type 
dopant  precursor. 


0.0  0.5  1.0  1.5  2.0  2.5  3.0  3.5 

Dopant  Energy  (eV) 

Summary  High  quality  SiC  homoepitaxial  films  are  deposited  at  substrate  temperatures  of  1230°C 
using  a  seeded  supersonic  beam  deposition  system.  Further,  it  is  possible  to  vary  the  dopant 
concentration  in  SiC  during  growth  by  changing  the  kinetic  energy  of  the  arriving  dopant 
molecules.  This  was  done  without  changing  the  growth  species  flow  rate,  growth  temperature,  or 
dopant  flow  rate.  It  should  therefore  be  possible  to  construct  a  seeded  supersonic  SiC  growth  system 
that  uses  seeded  supersonic  beams  to  dope  the  crystal  at  different  concentrations  without  changing 
other  growth  parameters.  Deposition  at  lower  temperature  should  reduce  defects  and  improve  film 
quality. 
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Abstract  H2  etching  and  epitaxial  growth  were  performed  on  4H-SiC  (0001)  substrates  offcut 
8°  towards  either  <11 00  >  or  <1120>.  As-received  surfaces  possessed  no  discemable  step 
structure.  H2  etched  surfaces  possessed  step  edges  parallel  to  the  offcut  direction  and  step 
heights  of  typically  1-2  Si-C  bilayers,  although  larger  step  heights  were  observed  on  both 
orientations  using  variable  etch  conditions.  Epilayers  were  smooth  regardless  of  the  pre-growth 
H2  etch  used,  provided  there  was  minimal  substrate  polishing  damage.  No  large-scale  step 
bunching  or  rough  growth  was  observed  on  epilayers  grown  on  either  orientation  for  thicknesses 
up  to  15  pm.  AFM  revealed  epilayer  step  heights  of  typically  1  and  2  Si-C  bilayers,  the  largest 
step  heights  remaining  within  5-6  bilayers  for  the  thickest  layers  on  both  orientations. 

Introduction 

Substrate  crystalline  orientation  plays  a  critical  role  in  determining  the  quality  of  epitaxial  SiC 
grown  by  chemical  vapor  phase  epitaxy.  It  was  found  that  an  offcut  of  several  degrees  from  the 
(0001)  plane  promoted  high  quality  homoepitaxial  growth  via  lateral  (step  flow)  growth  from  the 
surface  steps  created  by  the  offcut  [1].  Increasing  the  offcut  angle  from  4°  to  8°  reduced  the 
density  of  triangular  3C-SiC  inclusions  in  4H-SiC  epilayers  [2].  Most  of  the  work  in  SiC  epitaxy 
has  focused  on  SiC  substrates  offcut  towards  the  <  1 120  >  crystalline  direction.  Recent  work 
found  that  4H-SiC  epilayers  with  smooth  morphologies  and  controlled  doping  could  be  grown  on 
substrates  offcut  8°  ->  <  1  TOO  >  [3].  In  this  paper  we  report  the  results  of  investigations  of  the 
surface  morphology  and  step  structure  progressing  from  H2  etching  through  increasing  epilayer 
thicknesses  for  epilayers  grown  on  4H-SiC  substrates  offcut  8°  from  (0001)  towards  both  the 
<  1 1 20  >  and  the  <  1 1  00  >  crystalline  directions. 

Experimental 

SiC  etching  and  epilayer  growth  were  performed  on  4H-SiC  substrates  offcut  8°  ±  1°  from 
(0001)  towards  either  <  1 1 00  >  or  <  1 1 20  > .  H2  etching  and  growth  occurred  in  a  quartz  water- 
cooled  low-pressure  vapor  phase  epitaxial  growth  system.  Growth  was  performed  using  dilute 
SiH4  and  CH4  with  an  H2  carrier  gas.  The  H2  flow  rate  used  for  etching  was  identical  to  that  used 
for  growth.  Growth  and  etching  were  performed  at  100  Torr  at  temperatures  of  1475  -  1500  °C. 
Film  morphology  was  characterized  using  Nomarski  diffraction  interference  optical  microscopy, 
and  film  thickness  was  measured  in  cross  section  using  a  scanning  electron  microscope.  A 
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Digital  Instruments  Nanoscope  atomic  force  microscope  (AFM)  was  used  in  tapping  mode  to 
examine  fine  surface  features  and  to  measure  root  mean  square  (rms)  roughness. 

Results  and  Discussion 

AFM  analysis  of  as-received  substrate  surfaces  revealed  randomly-oriented  polishing 
scratches,  with  no  observable  step  structure  on  either  substrate  orientation.  After  15  minutes  of 
H2  etching  at  1500  °C,  shallow  scratches  were  removed  and  surface  steps  were  observed  on  both 
orientations  (Figure  1).  The  appearance  of  steps  with  H2  etching  is  consistent  with  other  work 
[4].  The  step  edge  direction  was  parallel  to  the  offcut  direction  on  both  orientations.  The  step 
structure  on  the  <  1 120  >  -  offcut  surface  after  H2  etching  was  somewhat  less  regular  compared 
to  the  more  parallel  step  structure  observed  on  the  <  1 1  00  >  -offcut  surface.  The  etched  surfaces 
were  smooth,  and  the  AFM  data  revealed  step  heights  of  typically  1  and  2  Si-C  bilayers  for  both 
substrate  orientations. 


Figure  1.  AFM  analysis 
of  4H-SiC  substrates 
offcut  8° — ^  <ll00> 

(a)  As  received 

(b)  After  H2  etching. 
Images  show  lxl  pm2 
areas  and  2  nm/div 
height  scales. 

Different  step  structures  were  observed  using  variable  H2  etch  conditions.  In  general,  higher 
etch  temperatures  and  longer  etch  times  produced  smaller  step  heights  and  lower  rms  values  on 
both  offcut  direction  surfaces.  On  both  surfaces,  the  longer  and  hotter  etches  more  readily 
revealed  subsurface  polishing  and  other  substrate  damage,  producing  rougher  epilayer 
morphologies  on  more  highly  damaged  substrates.  If  the  substrate  had  minimal  polishing 
damage,  the  epilayers  exhibited  small  step  heights  even  when  the  H2  pre-growth  etch  produced 
large  steps.  For  example,  a  H2  etch  produced  large  steps  and  an  rms  roughness  of  0.87  nm  on  a 
<1 1 00  >-  offcut  substrate.  A  1 .5  pm  thick  film  grown  using  a  different  sample  from  the  same 
substrate  and  the  identical  pre-growth  etch  possessed  the  typical  smaller  steps  and  an  rms  of  0.14 
nm.  The  same  trend  was  observed  on  the  <  1 1 20  >  -offcut  surface,  where  the  H2  etched  surface 
possessed  an  rms  of  0.44  nm,  while  the  1.5  pm  thick  epilayer  grown  using  those  etch  conditions 
had  an  rms  of  0.16  nm. 

Smooth  epitaxial  surface  morphologies  were  obtained  using  identical  growth  conditions  for 
epilayers  grown  on  both  substrate  offcut  orientations  for  thicknesses  up  to  15  pm,  the  thickest 
layer  attempted.  A  low  density  of  3C-SiC  triangular  inclusions  was  observed  mainly  on  the 
wafer  periphery  for  epilayers  grown  on  both  orientations.  No  degradation  in  epilayer  surface 
morphology,  rough  three  dimensional  growth,  or  large-scale  step  bunching  was  observed  using 
Nomarski  microscopy  and  variable  area  AFM  on  both  orientations,  unlike  previous  work  using 
6H-SiC  substrates  offcut  <  4°  — »<  1 100  >[5,6].  AFM  revealed  smooth  surfaces  and  a  step 
formation  for  epilayers  grown  on  both  substrate  orientations.  The  step  edge  direction  for  films 
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grown  on  both  substrate  orientations  was  parallel  to  the  offcut  direction,  consistent  with  step 
flow  growth  theory  [1].  As  observed  on  H2-etched  surfaces,  films  grown  on  substrates  offcut 
towards  <  1 1  00  >  displayed  more  distinct,  parallel,  and  regular  steps  compared  to  the  steps  on 
films  grown  on  <  1 1 20  >  -offcut  substrates  (Figure  2).  The  parallel  steps  observed  on  <  1 1 00  > 
offcuts  and  the  irregular  (zig-zag)  steps  observed  on  <11 20  >  offcuts  are  consistent  with 
proposed  6H-SiC  surface  models  [6],  although  we  observe  no  macroscopic  step  bunching  on 
either  orientation.  Epilayers  in  this  work  typically  possessed  rms  values  less  than  1  nm  for  400 
pm2  scan  areas  for  films  grown  on  both  substrate  orientations. 


Figure  2.  AFM  analysis  of 
5  pm  4H-SiC  epilayers 
grown  on  substrates  offcut 
8°  — > 

(a)  <  1 1 00  > ,  rms  0.14  nm 

(b)  <1120>,rms  0.13  nm. 
Images  show  500  x  500  nm2 
areas  and  2  nm/div  height 
scales. 

The  raw  AFM  data  was  used  to  generate  comparative  histograms  of  step  heights  for  the 
various  films.  Figure  3  shows  a  histogram  of  the  step  heights  for  a  5  pm  thick  epilayer  grown  on 
a  substrate  offcut  8°— >  <  1 1  00  > .  Taking  probe  tip  effects  into  account,  a  correlation  between 
the  measured  step  height  and  the  number  of  Si-C  bilayers  in  the  step  was  determined  (Figure  3 
inset).  Uncounted  single  bilayer  steps,  bypassed  due  to  the  1  nm  lateral  probe  tip  displacement, 
were  determined  from  Laue  measurement  of  the  offcut  angle.  The  most  common  step  height  for 
both  3  and  5  pm  thick  films,  each  set  of  films  grown  during  the  same  growth  run,  was  0.5  nm  (1- 
2  Si-C  bilayers)  for  both  substrate  orientations.  Steps  of  four  Si-C  bilayers  were  also  observed, 
but  with  less  frequency  than  observed  for  epilayers  grown  on  4H-SiC  (0001)  offcut  3.5°-> 
<11 20  >  [7].  Step  bunching  is  attributed  [7]  to  the  minimization  of  the  surface  free  energy 
during  growth,  although  minimal  surface  defects  and  proper  gas  flow  ratios  may  help  reduce  step 
bunching  [8]. 


123456789  10 


AFM  Measured  Step  Height  (A) 


Figure  3.  Distribution  of  measured 
(AFM)  step  heights  from  a  5  pm 
thick  epilayer  grown  on  a  4H-SiC 
substrate  offcut  8°->  <  1 1 00  > . 

Inset:  Distribution  of  step  heights 
obtained  by  converting  the  raw  AFM 
data  into  number  of  Si-C  bilayers  at 
a  step.  The  hatched  bar  corresponds 
to  calculated  uncounted  single 
bilayers  (see  text). 
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Thicker  films  tended  to  display  additional  low-scale  superstructure,  but  low  rms  values  were 
retained  on  both  orientations.  The  AFM  scan  and  accompanying  step  height  distribution  of  a  15 
p,m  thick  film  grown  on  a  substrate  offcut  8  °->  <  1  TOO  >  is  shown  in  Figure  4.  There  is  a 
slightly  wider  distribution  of  step  heights  compared  to  thinner  films.  The  most  common  step 
heights  are  1  and  2  Si-C  bilayers,  and  the  largest  step  heights  remain  within  5  and  6  bilayers. 
The  15  fim  thick  film  grown  on  the  <1120  > -offcut  substrate  possessed  step  heights  up  to  4 
bilayers.  Both  films  were  smooth,  possessing  average  (3  random  measurements)  rms  values  on 
400  pm2  areas  of  0.77  and  0.68  nm  for  the  <  1  TOO  >  and  <  1 120  >  offcuts,  respectively. 


(b) 
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Figure  4.  15  pm  thick 

4H-SiC  epilayer  grown 
on  a  substrate  offcut 
8°-><lT00>.(a)  AFM 
analysis,  500x500  nm2 
area,  2.0  nm/div  height 
scale  (b)  Step  height 
distribution  calculated 
from  AFM  data  and 
measured  offcut  angle. 


Summary 

The  surface  structure  of  H2-etched  surfaces  and  epilayers  grown  on  4H-SiC  (0001)  substrates 
offcut  8  °  towards  <1120  >  and  <11 00  >  was  investigated.  As-received  substrate  surfaces 
possessed  no  discemable  step  structure.  H2  etching  of  both  surfaces  resulted  in  surface  step 
edges  parallel  to  the  offcut  direction,  with  the  smoothest  etched  surfaces  possessing  step  heights 
of  1  and  2  Si-C  bilayers.  Epilayers  on  both  orientations  remained  smooth  for  thicknesses  up  to 
15  pm  with  more  regular  and  parallel  steps  on  the  <ll00  >-  offcut  surface.  Large  scale  step 
bunching  was  not  observed  on  either  orientation,  and  step  heights  remained  <  6  Si-C  bilayers  on 
the  thickest  films. 
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Abstract  Homoepitaxial  growth  on  micropipe-free  4H-SiC(1120)  substrates  has  been 
systematically  investigated.  In  contrast  to  step-bunched  surface  on  conventional  off-axis  (0001) 
epilayers,  the  (1 1  2  0)  epilayers  exhibit  very  smooth  morphology  with  a  surface  roughness  of  0. 1 8 
nm.  An  X-ray  diffraction  analysis  revealed  that  lattice-mismatch  strain  between  n'-epilayers  and  n+- 
substrates  can  be  reduced  by  introducing  n-type  buffer  layers.  The  lowest  donor  concentration  of 
unintentionally  doped  epilayers  is  lxlO14  cm-3.  Three  electron  traps  located  at  £c-0.27,  0.32,  and 
0.66  eV  have  been  detected  with  a  total  trap  concentration  as  low  as  3. 8x10 12  cm'3. 

1.  Introduction 

Nowadays,  4H-  and  6H-SiC(0001)  wafers  with  several  degree  off-angles  have  exclusively  been 
employed  for  SiC  homoepitaxy  as  well  as  device  fabrication.  Drawbacks  of  this  face  include 
micropipe  penetration  from  substrates  and  probable  3C-SiC  inclusions  in  epilayers,  both  of  which 
severely  degrade  device  performance.  Growth  on  SiC(l  1  20)  faces,  perpendicular  to  the  c-axis,  has 
advantages  such  as  the  absence  of  micropipes  and  perfect  polytype  replication  [1].  However,  only  a 
few  investigations  on  4H-SiC  [2]  or  6H-SiC  [2-4]  homoepitaxy  on  (1120)  have  been  reported, 
where  the  quality  of  epilayers  is  somewhat  poor  compared  to  the  standard  (0001)  epilayers.  In  this 
paper,  the  authors  present  successful  4H-SiC  homoepitaxy  on  (1120),  utilizing  buffer  layers  to 
minimize  lattice-mismatch  strain  caused  by  the  doping  difference  between  epilayers  and  substrates. 
Doping  control,  deep  level  analysis,  fabrication  of  Schottky  diodes  are  systematically  investigated. 

2.  Experiments 

Epitaxial  growth  was  performed  by  atmospheric-pressure  CVD  in  a  cold-wall  horizontal  reactor 
[5].  Source  gases  were  SiH4  and  C3H8  with  a  Pd-cell  purified  H2  carrier  gas.  The  n-type  4H- 
SiC(ll  20)  substrates  with  a  doping  concentration  in  the  1018  cm'3  range  were  prepared  from 
[000  1  ]  grown  ingots  at  Nippon  Steel  Corp.  The  4H-SiC(l  1  00)  and  8°  off-axis  (0001)  substrates 
were  placed  side  by  side  on  an  SiC-coated  susceptor  for  comparison.  Typical  growth  temperature 
and  growth  rate  were  1500°C  and  2,5  pm/h,  respectively. 

Epilayers  were  characterized  by  Nomarski  microscope,  AFM  (Atomic  Force  Microscopy),  X- 
ray  diffraction,  photoluminescence  (PL),  C-V ,  and  ICTS  (Isothermal  Capacitance  Transient 
Spectroscopy)  measurements  on  Ni/4H-SiC  Schottky  structure. 

3.  Results  and  discussion 

Under  a  typical  growth  condition  at  1 500°C,  the  growth  rate  on  (1 1  2  0)  (2.5  pm/h)  was  nearly 
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Fig.l  Nomarski  photographs  and  AFM  height  profiles  for  (1120),  (llOO),  and  off-axis  (0001)  4H-SiC 
epi  layers. 


identical  to  that  on  off-axis  (0001).  The  temperature  dependence  of  growth  rate  is  small,  and  the 
Arrhenius  plot  of  growth  rate  yielded  the  same  activation  energy  of  3  kcal/mol  as  that  obtained  on 
off-axis  (0001),  indicating  that  growth  is  diffusion-controlled  on  both  faces.  Figure  1  shows 
Nomarski  photographs  and  height  profiles  obtained  by  an  AFM  analysis  for  7.5  pm-thick  4H-SiC 
epilayers  grown  on  various  faces.  Epilayers  on  (112  0)  substrates  exhibited  excellent  surface 
morphology  without  any  triangular-  or  “carrof ’-shaped  defects.  Growth  on  (llOO),  however, 
resulted  in  a  high  density  of  “elongated  surface  defects”,  probably  due  to  stacking  fault  formation 
during  CVD.  From  molten  KOH  etching  experiments,  the  stacking  fault  density  was  estimated  to  be 
102  cm  1  for  (1120)  and  103 — 1 04  cm’1  for  (1  1  00)  epilayers.  In  contrast  to  epilayers  on  off-axis 
(0001)  where  step-flow  growth  does  occur,  no  step  bunching  and  wavy  surface  structures  were 
observed  on  (1 1  2  0),  leading  to  a  very  small  surface  roughness  of  0.18  nm.  The  surface  defect  area, 
defined  as  the  ratio  of  defective  area  to  the  total  area,  was  much  smaller  for  the  (11  2  0)  epilayers 
(0.010  %)  than  that  for  the  (0001)  epilayers  (0,16  %). 

Figure  2  depicts  the  X-ray  rocking  curve  ( co  scan),  sensitive  to  lattice  tilt  and  crystal  bending,  at 
the  (112  0)  peak  (2(9=60.05°)  obtained  from  9  pm-thick  undoped  4H-SiC(112  0)  epilayers  and  a 
substrate.  The  epilayer  directly  grown  on  a  substrate  exhibited  considerable  broadening  of  the 
diffraction  peak  with  splitting  (FWHM=ri61  arcsec),  which  has  never  been  observed  for  off-axis 
(0001)  grown  epilayers.  Similar  degradation  of  epilayer  quality  has  been  pointed  out  in  4H- 
SiC(ll  20)  and  (1  1 00)  growth  by  hot- wall  CVD  [2].  This  peak  broadening  may  originate  from  a 
lattice-mismatch  caused  by  the  doping  difference  between  an  n’-type  epilayer  and  an  n+-type 
substrate  [2].  By  introducing  a  1.2  pm-thick  n-type  buffer  layer,  the  FWHM  of  rocking  curve  could 
be  improved  to  45  arcsec,  being  even  smaller  than  a  substrate  (49  arcsec). 

The  C/Si  ratio  dependence  of  donor  concentration  for  unintentionally  doped  epilayers  on 
various  substrates  is  represented  in  Fig.3.  The  doping  concentration  on  (112  0)  is  sensitive  to  the 
C/Si  ratio,  and  is  located  in  between  that  on  (0001)  Si  and  (000 1)  C  faces.  Similar  tendencies  were 
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Fig.2  X-ray  rocking  curves  for  a  4H-SiC(l  120) 
substrate  and  epilayers  with  or  without  a  buffer 
layer. 
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Fig.3  C/Si  ratio  dependence  of  background 
doping  concentration  for  epilayers  on  various 
substrates. 


observed  in  intentional  N  and  A1  doping  [6].  The  lowest  net  donor  concentration  determined  by  C-V 
measurements  on  (11  20)  epilayers  is  l.lxlO14  cm  3.  In  spite  of  the  C-rich  CVD  condition  (C/Si=5) 
to  produce  this  high-purity  material,  surface  morphology  was  still  excellent,  suggesting  a  wide 
growth  window  on  the  (1 1  2  0)  face. 

In  low-temperature  PL  measurements,  well-resolved  peaks  due  to  the  neutral  nitrogen  donor 
bound  excitons  and  free  excitons  were  observed.  The  free  exciton  peaks  survived  even  at  290  K, 
indicating  high-purity  of  the  epilayers.  Hall  effect  measurements  revealed  electron  mobilities  of 
680-750  cm2/Vs  at  room  temperature  for  epilayers  with  a  carrier  concentration  of  1016  cm*3. 

Wide  range  scans  of  both  temperature  (120-420  K)  and  transient  time  (10'6-104  s)  in  ICTS 
measurements  on  high-purity  epilayers  (JVd=lxl014  cm*3)  enabled  very  high-resolution  detection  in 
the  energy  range  from  Ec— 0.1  eV  down  to  about  EQ— 1.4  eV  (close  to  midgap).  The  authors 
detected  three  kinds  of  electron  traps  located  at  Ec-0.21,  £c-0.32,  and  Ec- 0.66  eV  (assuming 
temperature-independent  capture  cross  section),  trap  parameters  of  which  are  shown  in  Table  1 .  The 
deepest  trap  can  be  regarded  as  the  “ Z l  center”,  and  the  two  shallower  traps  may  be  the  same  as 
“ID3”  and  “ID4”  centers  reported  for  ion-implanted  4H-SiC  epilayers  [7].  Thus,  the  origins  of  three 
kinds  of  traps  may  be  intrinsic  defect  complexes  including  vacancies  [7].  It  should  be  noted, 
however,  that  the  total  trap  concentration  is  as  low  as  3.8x10 12  cm*3  (with  the  X  effect  correction) 
and  is  favorably  compared  to  that  observed  from  4H-SiC(0001)  epilayers  [5]. 

The  Ti  and  Ni  barrier  heights  on  4H-SiC(ll  20)  were  determined  to  be  1.21  eV  and  1.73  eV, 
respectively,  by  I-V,  C-V,  and  internal  photoemission  (IPE)  measurements.  These  barrier  heights  are 
situated  in  between  the  values  on  Si  and  C  faces  for  each  metal.  Finally,  Ni/4H-SiC  Schottky  barrier 


Table  1  Trap  parameters  of  defect  centers  observed  in  as-grown  4H-SiC(l  1^0)  epilayers. 


Center 

Activation  Energy 

Capture  Cross  Section 

Concentration 

id3 

id4 

Z, 

0.27  eV 

0.32  eV 

0.66  eV 

4x1  O'16  cm2 

1x1  O'15  cm2 

4x1  O’15  cm2 

3.1x10”  cm"3 
6.4x10”  cm'3 

2.8x1 012  cm'3 
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diodes  with  field  plate  termination  were  fabricated 
on  both  (1120)  and  (0001)  epilayers.  The  donor 
concentration  of  8—10  pm-thick  drift  layers  was 
3~5xl  015  cm'3,  and  the  diode  size  was  300  pm  in 
diameter.  Although  the  authors  have  not  yet 
observed  significant  differences  in  ideality  factor 
(1.02-1.05),  on-resistance  (4-6  mQcm2),  and 
breakdown  voltage  (800-1000  V)  between 
(112  0)  and  (0001)  Schottky  diodes,  the  leakage 
current  of  (1120)  diodes  is  lower  as  shown  in 
Fig.4.  The  average  leakage  current  at  -100  V  was 
2x1  O’7  A/cm2  for  (112  0)  and  lxl  O'6  A/cm2  for 
(0001)  diodes.  This  difference  might  be  ascribed 
to  superior  surface  flatness  and/or  much  lower 
screw  dislocation  density  of  (1 1  2  0)  epilayers. 

4.  Conclusions 

4H-SiC  has  been  homoepitaxially  grown  on  micropipe-free  4H-SiC(ll  2  0)  substrates  by  CVD. 
The  (1120)  epilayers  showed  very  smooth  morphology  with  a  surface  roughness  of  0.18  nm  and  a 
surface  defect  area  of  0.010%.  Effects  of  n-type  buffer  layers  have  been  presented  to  minimize 
lattice-mismatch  strain  between  n'-epilayers  and  n+-substrates.  The  lowest  donor  concentration  of 
unintentionally  doped  epilayers  is  lxl014cm'3.  ICTS  measurements  revealed  three  electron  traps 
located  at  £c-0.27,  0.32,  and  0.66eV  with  a  total  trap  concentration  as  low  as  3.8xl012cm'3.  The 
Ni/4H-SiC(ll  2  0)  Schottky  barrier  diodes  exhibited  lower  leakage  current  density  than  the  (0001) 
diodes.  The  present  study  together  with  attractive  MOS  interface  properties  [8]  has  demonstrated 

that  micropipe-ffee  4H-SiC(ll  2  0)  epilayers  with  proper  buffer  layers  are  a  promising  alternative 
for  high-power  SiC  device  applications. 

Acknowledgments 

The  authors  would  like  to  thank  Nippon  Steel  Corporation  for  supplying  4H-SiC  (1120)  and  (1 1 00) 
wafers.  This  work  was  partially  supported  by  a  Grant-in-Aid  for  Specially  Promoted  Research,  No.09 102009, 
from  the  Ministry  of  Education,  Science,  Sports  and  Culture,  Japan,  and  Toyota  High-Tech  Research  Grant 
Program. 

References 

[1]  J.Takahashi  and  N.Ohtani,  phys.  stat.  sol.  (b)  202(1997),  p.163. 

[2]  C.Hallin,  A.Ellison,  I.G.Ivanov,  A.Henry,  N.T.Son,  and  E.Janzen,  Mat.  Sci.  Forum  264-268(1998),  p.I23. 

[3]  J.A.Powell  and  H.A.Will,  J.  Appl.  Phys.  44(1973),  p.5177. 

[4]  A.A.Burk,  Jr.,  D.L.Barrett,  H.M.Hobgood,  R.R.Siergiej,  T.T.Braggins,  R.C.Clarke,  G.W.Eldridge, 
C.D. Brandt,  D.J. Larkin,  J.A.Powell,  and  W.J.Choyke,  Silicon  Carbide  and  Related  Materials  (IOP, 
Bristol,  1994),  p.29. 

[5]  H.Matsunami  and  T.Kimoto,  Mat.  Sci.  &  Eng.  R20(1997),  p.  125. 

[6]  T.Yamamoto,  T.Kimoto,  and  H.Matsunami,  Mat.  Sci.  Forum  264-268(1998),  p.l  11. 

[7]  T.Dalibor,  G.Pensl,  H.Matsunami,  T.Kimoto,  W.J.Choyke,  A.Schoner,  and  N.Nordell,  phys.  stat  so!  (a) 
162(1997),  p.199. 

[8]  H.Yano,  T.Hirao,  T.Kimoto,  H.Matsunami,  K.Asano,  and  Y.Sugawara,  presented  in  this  conference ,  p.  1105 


Current  Density  at  -100V  (A/cm2) 
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(1120)  and  8°  off-axis  (0001)  epilayers. 
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Abstract:  Growth  of  homoepitaxial  layers  has  been  performed  by  chemical  vapor  deposition  on 
6H  SiC  spheres  ground  from  modified  Lely  crystals.  We  used  such  a  sphere  as  substrate  which 
provides  naturally  all  crystallographic  orientations  in  order  to  obtain  an  overview  over  the 
homoepitaxial  growth  in  different  directions.  From  scanning  electron  micrographs  we  could 
determine  6  pronounced  crystallographic  bands  running  from  the  (0001)  Si  pole  to  the  (0001)  C 
pole  along  <ll0x>  directions.  Around  the  (0001)  Si  and  (0001)  C  poles  smooth  growth  planes  have 
developed.  The  bands  show  a  stair-like_character  consisting  of  treads  and  risers  with  surface 
normals  parallel  to  the  <ll00>-  and  <1120>-directions,  respectively.  Between  the  bands  a  rough 
topology  consisting  of  terraces  is  observed.  Concerning  the  growth  rates  of  the  different  directions 
we  find  the  <1 120  as  the  fastest,  followed  by  <ll00>.  The  (000+1)  planes  grow  slowest. 

Introduction 

Up  to  now  all  SiC-electronic  devices  were  realized  using  homoepitaxial  layers  grown  on  SiC 
substrates,  because  the  crystallographic  and  electrical  properties  of  the  substrates  materials  are  not 
satisfying.  Therefore  the  understanding  of  the  epitaxial  growth  process  e.g.  on  substrates  with 
various  orientations  is  important  for  the  use  of  SiC  for  electronic  devices.  To  maintain  polytype 
purity  of  the  homoepitaxial  layers  on  SiC,  substrates  with  orientations  slightly  off  <000±1>  are 
generally  utilized.  A  few  other  miscut  directions  (e.g.  <1100,  <1120>)  have  been  tested  also  [1,2]. 
It  is,  however,  desirable  in  view  of  the  tendency  to  produce  SiC  devices  on  mesa-structured 
substrates  of  various  shapes  (and  thus  local  substrate  orientations)  to  obtain  an  overview  on  the 
epitaxial  growth  in  a  large  range  of  orientations.  Up  to  now  all  investigations  used  substrates  with 
certain  miscuts,  surface  orientations  or  structured  substrates  providing  a  small  number  of  different 
surface  directions.  In  this  contribution,  we  investigate  by  means  of  microscopical  techniques  the 
homoepitaxial  growth  by  chemical  vapor  deposition  (CVD)  on  a  6H  SiC  sphere  that  naturally 
provides  all  crystallographic  orientations  at  a  time. 

Experimental 

We  have  used  for  our  experiments  6H  SiC  spheres  with  a  diameter  between  3.5mm  and  5mm  which 
were  ground  from  modified  Lely  single  crystals.  In  order  to  mark  crystallographic  orientations  and 
terminations  of  the  poles  we  oxidized  the  spheres  (wet  oxidation,  12h,  1373K).  The  resulting  oxide 
layers  have  different  thickness  as  dependent  on  the  local  orientation,  which  therefore  can  easily  be 
discriminated  by  the  respective  interference  colors  [3].  The  oxide  shows  a  sixfold  symmetry  in 
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thickness  that  allows  distinction  of  the  <1 120> 
directions  as  well  as  the  (0001)  Si-  and  (OOOT) 
C-face. 

Taking  this  information  on  orientations  we  cut 
the  spheres  in  two  symmetrically  equivalent 
hemispheres.  Two  experiments  are  conducted 
(c.f.  Fig.  1):  (1)  one  sphere  is  cut  along  the  c- 
axis,  (2)  one  sphere  is  cut  perpendicular  to  the 
c-axis  in  the  equator  plane.  The  hemispheres 
can  easily  be  positioned  inside  the  CVD 
reactor  (good  heat  coupling  to  the  susceptor) 
for  subsequent  epitaxy  (the  oxide  is  removed 
before  the  CVD  process,  of  course).  Layer 
growth  is  conducted  at  1550°C  for  4h  with 
C3H8  and  SiFL*  as  precursor  gases  and  H2  as 
carrier  gas.  These  growth  conditions  have  lead 
to  homoepitaxial  layers  on  flat  (000±1) 
substrates  (growth  rate  -  2pm/h)  with  good 
crystallographic  and  electrical  quality  (detailed 
in  [4]). 


experiment  (2) 
cut  perpendicular 
to  the  c-axis 


(0001)  Si  pole  region 
10*-15#  off-axis 


band  along 
<110x>  after 
CVD  growth 


(OOOT)  C  pole  region 
10®-15°  off-axis 


Fig.  1:  Scheme  of  the  sphere  with  the  cutting  planes  of 
the  two  experiments  and  with  the  pole  regions  and 
pronounced  crystallographic  bands  along  <ll00>  after 
the  CVD  growth. 


For  electron  and  optical  microscope  investigations  we  prepared  slices  (thickness  100pm)  from 
the  hemispheres  for  a  cross  sectional  view  on  the  epilayer-substrate-interface.  The  high  resolution 
transmission  electron  microscope  (HRTEM)  specimens  were  prepared  from  these  slices  by 
conventional  mechanical  grinding  and  dimpling  followed  by  ion  milling  with  Ar+  at  liquid  nitrogen 
temperatures  to  electron  transparency.  Electron  microscopy  has  been  performed  using  a  Philips 
CM300UT  microscope  operated  at  300keV. 


Results  and  Discussion 


The  SEM  micrograph  in  Fig.  2  shows  a  hemisphere  cut  along  the  c-axis  after  growth  for  4  hours 
As  for  the  oxide,  the  epilayer  topology  varies  with  orientation.  We  again  obtain  a  sixfold  symmetr 

tha  *1.^4.  - _ 1a_  xl _  J 

pronounced  crystallographic 
bands  (marked  with  the  solid 
lines  on  the  hemisphere  in 
Fig.  2).  Comparing  the  oxidized 
sphere  with  the  sphere  with  an 
epitaxial  layer  we  can  determine 
the  orientation  of  the  bands, 
which  run  from  the  (0001)  Si 
pole  to  the  (OOOT)  C  pole  along 
<110x>  directions.  A  zoom  in 
on  one  of  the  <lT0x>  -bands  is 
shown  in  Fig.  3a.  The  band 
consists  of  steps  with  an 
increasing  step  spacing  towards 
the  (000±l)-poles  (c.f.  Fig.  1, 

Fig.  3a).  Using  the  picture  of  a  Fig.  2:  6H  SiC  hemisphere  after  growth  for  4h,  three  pronounce 
stair  we  observe  risers  and  bands  along  the  <11 0x>  directions  from  the  (0001)  Si  pole  to  th 
treads.  The  treads  have  a  surface  (0001)  C  pole  can  be  distinguished.  Scanning  electron  micrograph. 
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Fig.  3a:  <lT0x>  band  in  higher  magnification  Fig.  3b:  Edge  of  one  band  (close  to  <11 00>  pole) 
showing  the  stairlike  character  of  the  bands.  The  showing  the  lateral  overgrowth  of  the  terraces  in 
length  of  the  treads  decreases  towards  the  <1100  <1 120>  directions.  Scanning  electron  micrograph. 


pole.  Scanning  electron  micrograph. 

normal  parallel  to  the  c-axis  ((0001)  Si  or  (OOOl)  C  orientation,  depending  on  the  hemisphere),  the 
risers  show  a  surface  normal  parallel  <ll00>  directions  (a-axis)  and  the  rims  of  the  bands  are 
oriented  towards  <1120>.  Towards  the  poles  the  treads  increase  in  size  and  transform  into  a  large 
smooth  region  around  the  poles  (Fig.  4).  Between  these  bands  we  observe  a  rough  topology 
consisting  of  terraces,  all  with  (000±l)-top  facets,  respectively,  and  lateral  extension  parallel  to  the 
<1 120>-directions.  We  interpret  the  shape  and  orientation  of  the  terraces  and  steps  as  step  bunching 
growth.  This  growth  mode  is  known  for  flat  <000±1>  6H  SiC  substrates  to  occur  during  off-axis 
epilayer  growth  [5],  The  macroscopic  risers  on  the  hemispheres  are  oriented  towards  [1100].  The 
risers  height  increases  towards  the  (llOO)  poles.  We  observe  between  the  steps  on  the  band  lateral 
overgrowing  the  terraces  next  to  the  band.  A  comparison  of  two  spheres  with  different  growth  times 
under  otherwise  identically  growth  conditions  shows  that  the  band  width  increases  laterally  with 
longer  growth  times.  The  shape  of  the  steps  is  triangular  with  the  basis  of  the  triangles  oriented 
towards  the  (000±1),  respectively  (c.f.  Fig.  3b) 

Taking  all  this  information  into  account  we  can  infer  a  hierarchy  in  growth  velocities:  <1120  > 
<lTOO>  >  [000±1].  Obviously,  the  (0001)  Si  and  (OOOl)  C  directions  are  the  directions  with  the 
slowest  growth  velocities,  the  <ll00>  directions  grow  faster,  as  obvious  from  the  step  formation. 


(0001) 


Si  pole 


%  0  *3  l'J  hi 
X  1  0  O  Z  4  m  m 


20nm 


1 


Fig.  4:  Transformation  of  a  band  oriented  towards  Fig.  5:  HRTEM  cross  section  micrograph. 
<ll0x>  (marked  by  the  solid  lines)  into  the  smooth  region  Deviations  from  the  prominent  6H  stacking 
on  the  (0001)  Si  pole.  Scanning  electron  micrograph.  sequence  (marked  by  arrows)  in  the  epilayer  near 

the  <1100>pole. 
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The  <1 120>  directions  have  the  highest  growth  velocity.  This  hierarchy  in  growth  velocities  results 
in  the  broad  and  stepped  appearance  of  the  bands  (due  to  lateral  overgrowth  of  terraces  in  <1 120> 
directions).  Besides  these  three  preferred  hierarchical  epitaxial  orientations  no  other  crystallographic 
orientations  are  particularly  fast  in  growth. 

HRTEM  investigations  (c.f.  Fig.  5)  of  the  epilayer  near  the  pole  reveal  a  highly  increased  number 
of  deviations  from  the  prominent  6H  stacking  sequence  as  compared  to  epilayers  grown  on  flat 
(000±1)  substrates.  These  stacking  faults  have  an  average  spacing  of  20-50nm.  The  terraces  in  this 
region,  however,  have  an  average  spacing  of  2-5  pm.  We  interpret  the  stacking  faults  as  nuclei  of 
terraces  forming  in  the  early  stages  of  epitaxial  growth  on  the  sphere. 

Concluding  discussion 

We  have  conducted  two  experiments  of  CVD  homoepitaxy  on  hemispheres  of  6H  SiC.  This  enables 
us  to  investigate  the  CVD  growth  on  all  crystallographic  orientations.  We  observe  (i)  smooth 
surfaces  around  the  (000±1)  pole  regions  until  an  off-axis  angle  of  10°-15°  away  from  the  pole,  and 
(ii)  6  pronounced  bands  running  from  the  (0001)  Si  pole  to  the  (OOOl)  C  pole  along  <ll0x> 
directions  consisting  of  steps  perpendicular  to  the  <ll0x>  and  <0001>  directions.  Homoepitaxy  on 
orientations  far  away  from  the  (000±1)  directions  seems  to  be  more  difficult  even  on  the  bands 
along  the  <110x>  directions  as  may  be  concluded  from  the  high  density  of  growth-induced 
deviations  from  the  prominent  6H  stacking  sequence.  These  form  between  coalescing  terraces  and 
reduce  the  crystallographic  and  electrical  quality  of  the  epilayer.  From  the  rough  topology  (terraces) 
between  the  bands  and  the  poles  we  deduce  that,  for  epilayer  growth,  no  further  favored 
crystallographic  orientation  is  available  in  addition  to  the  (000±1)  and  <lT00>  directions. 

Taking  all  information  from  these  experiments  comprising  the  growth  anisotropy  in  all 
crystallographic  orientation  we  infer  a  hierarchy  in  growth  velocities.  Growth  in  <1 120>  direction  is 
the  fastest,  followed  by  <1 100>.  The  (000±1)  planes  grow  slowest. 
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Abstract  :In  this  study,  homoepitaxial  growth  was  carried  out  by  atmospheric  pressure 
CVD  using  a  Si2Cl6+C3Hs  gas  system  .  Hemispherical  substrates  of  6H-SiC  were  used  for  a 
better  understanding  of  the  stable  growth  on  the  substrate  having  a  miscut  angle.  The 
substrates  have  a  miscut  angle  of  0°  to  15°  toward  <  h  k  i  1  >  directions.  Sixfold  patterns 
were  observed  on  the  Si-face  and  the  C-face  after  the  epitaxial  growth.  However,  the  pattern 
direction  had  different  orientations.  On  the  Si-face  the  rough  surface  extended  along  the 
<1100>  direction  ,  while  on  the  C-face  the  rough  surface  extended  along  the  <1120> 
direction  .  Extremely  smooth  surface  morphology  is  observed  when  the  substrate  is  tilted 
toward  <1100>  direction  on  the  C-face.  The  growth  mechanism  is  discussed. 

Introduction 

In  homoepitaxial  growth  of  SiC,  step-controlled  epitaxial  method  is  widely  known,  where 
the  wafers  that  are  tilted  several  degrees  from  the  (0001)  faces  to  <1 120>  are  used.[l]  This 
method  is  a  key  technology  to  realize  a  SiC  device  and  so  the  surface  morphology  should  be 
studied  in  detail.  To  obtain  much  more  information  about  morphological  stability  on  the 
tilted  substrate,  a  hemispherical  substrate  was  used.  The  surface  morphology  depended 
strongly  on  the  polarity  of  the  substrate  ,  off-angle  of  the  substrate  and  temperature  as 
already  reported.  [2-5]  In  this  report,  surface  stability  of  the  epilayer  on  a  hemispherical 
substrate  is  discussed. 

Experiments 

The  hemisphere  was  made  of  commercial  SiC  off-axis  substrates  (3.5°,  8 “toward  <1120>) 
and  Lely  substrates  (on-axis)  by  using  a  dimpl  grinder  for  the  preparation  of  TEM  samples. 
The  surface  of  the  spherically  polished  substrate  was  not  smooth  as  of  a  commercial  wafer. 
However,  it  was  sufficient  smooth  to  observe  morphological  stability  of  the  epilayers.  The 
diameter  of  the  hemisphere  was  15  mm  with  an  off-axis  angle  from  the  (0001)  and  (0001) 
basal  planes  of  0°-15°.  By  using  those  substrates,  the  morphological  stability  of  the  epilayer 
in  various  direction  <hkil>  could  be  investigated.  In  this  study  homoepitaxial  growth  was 
carried  out  by  atmospheric  pressure  CVD.  The  substrates  were  placed  on  a  SiC-coated 
graphite  susceptor  and  inductively  heated  by  a  RF  generator  at  a  frequency  of  300  kHz.  The 
SiC  epilayers  were  grown  using  Si2Cl6  (hexachlorodisilanetHCDS)  and  C3H8  (  5%  in  H2 ). 
The  growth  rate  on  conventional  flat  substrates  was  1.5  fim/h.  The  growth  conditions  were  as 
follows  :  flow  rate  of  HCDS— 0.3sccm  ,  flow  rate  of  C3H8— 0.2-2.0  seem  ,  flow  rate  of  H2— 
3.0  slm  as  carrier  gas,  growth  temperature— 1400-1600  °C,  growth  time— 60-660  min.  The 
growth  profiles  consisted  of  two  steps:  an  etching  step  with  H2  at  1500  °C  for  10  min.  and  a 
CVD  step  for  the  epitaxial  growth.  The  surface  morphologies  of  the  epilayer  were  observed 
by  a  Nomarski  microscope  and  Scanning  Electron  Microscope(SEM).  The  polytype  of  the 
epilayers  was  characterized  by  photoluminescence  and  Raman  spectroscopy. 
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Results  and  Discussion 

In  this  system,  the  activation  energy  of  SiC  growth  was  about  7.90  kcal/mol  in  the 
temperature  range  from  1400  to  1550  °C.  The  growth  rate  was  limited  by  the  flow  rate  of 
Si2Cl6  similar  to  the  SiH4+C3H8  system  [4].  The  surface  morphology  depended  on  growth 
temperature,  the  C/Si  ratio  of  the  reaction  gases  and  the  off-axis  of  the  substrate.  To 
investigate  the  morphological  stability  of  the  epilayer,  the  C/Si  ratio  was  chosen  using  3.5 
degree  off-axis  substrate(Si-face).  Smooth  surface  of  epilayer  was  obtained  by  the  C/Si  ratio 
of  10  on  the  flat  substrate. 


Figure  1(a)  shows  the  surface  morphology  of  the  epilayer  on  the  Si-face  observed  by  optical 
microscopy.  The  central  part  of  the  hemisphere  was  rough  and  3D  nucleation  was  observed. 
The  rough  area  seems  to  be  hexagonal  shape  and  is  located  off-center  in  this  figure,  because 
the  hemisphere  was  made  on  a  3.5°  off-axis  substrate.  The  dark  regions  start  from  an  edge  of 
the  hexagonal  shaped  area  and  extends  along  <1100>  direction.  These  dark  regions  were 
rather  smooth  and  consisted  of  "step  flow  growth" [4].  Beside  the  dark  areas,  the  surface 
shows  "  kink  growth".  However,  it  is  gradually  inclined,  and  so  the  reflected  light  in  the 
microscope  was  small.  Figure  1  (b)  shows  the  morphology  of  the  epilayer  on  C-face.  Dark 
and  rough  regions  extend  along  <1120>.  Dark  regions  make  rather  wide  bands.  The  mid 
white  regions  between  those  bands  are  along  the  <1 100>  direction  and  show  smooth  surface. 


Fig.l  Optical  microscopy  image  a)  epilayer  on  the  Si-face.  The  sixfold  dark  region 

extends  along  the  <1100>  direction  and  is  rough  and  the  white  region  in  the 
central  part  is  rough  .  b)  epilayer  on  the  C-face.  Sixfold  dark  pattern  extends  along 
<1 120>  and  the  white  region  along  <1 100>  is  smooth.  Stripes  in  the  circle  are  the 
image  of  the  filament  in  the  optical  microscope. 


Figure  2  shows  the  PL  image  of  the  epilayer  on  Si-face  and  C-face  taken  at  liquid  nitrogen 
temperature  under  the  fluorescent  optical  microscope.  It  is  easy  to  identify  the  polytype  by 
observing  the  color  distribution  of  Jhe  epilayer.  The  dark  area  was  along  <1T00>  directions 
and  the  white  area  was  along  <1 120>  directions  for  the  epilayer  growth  on  Si-face  as  shown 
in  Fig.2(a).  The  dark  area  was  3C-SiC  and  the  white  area  was  6H-SiC  as  confirmed  by  PL 
measurement.  The  sixfold  white  zone  is  observed  along  <1120>  after  the  epilayer  growth  on 
the  C-face  as  shown  in  Fig.2(b).  This  zone  is  rough  and  3C-SiC  hillocks  were  observed. 
However,  the  dark  area  was  very  smooth  from  almost  the  top  to  periphery  of  the  circle.  It  is 
interesting  to  compare  the  morphology  between  the  epilayers  on  different  polarity  substrates. 
Rough  surface  extended  along  <110O>  for  the  Si-face.  However,  it  extended  along  <1120> 
for  the  C-face. 

Surfaces  of  interest  were  enlarged  for  Si-face  and  C-face  as  shown  in  Fig.3.  The  epilayer 
along  the  <1100>  directions  showed  "step  flow  growth"  and  a  stepped  pattern  is  observed 
easily  as  shown  in  Fig.3(a).  However,  the  rest  of  the  area  showed  "  kink  growth".  These 
patterns  have  already  been  reported[4].  However,  the  smooth  surface  on  the  C-face  along 
<1100>  directions  as  shown  in  Fig.3(b)  needs  to  be  emphasized  .  The  top  of  the  hemisphere 


Materials  Science  Forum  Vols.  338-342 


199 


was  extremely  rough.  However,  once  this  area  was  inclined  towards  the  <1 100>  direction,  an 
extremely  smooth  surface  appeared.  Kimoto  et.  al.  explained  a  mechanism  of  the  step 
bunching  along  <1TOO>  by  considering  different  dangling  bonds  at  the  step [4].  He  also 
confirmed  steps  on  C~face  consisted  one  bilayer.  In  our  case,  the  smooth  surface  of  the 
epilayer  on  the  C-face  was  observed  along  <1100>  directions.  This  can  be  related  with  the 
dangling  bonds  at  the  steps  toward  the  <1 100>  directions,  because  of  the  dangling  bonds  at 


Fig.2  PL  image  taken  at  liquid  nitrogen  temperature,  a)  epilayer  on  the  Si-face.  Sixfold  dark 
regions  extends  along  the  <1 100>  directions  and  are  rough.  The  white  regions  were 
smooth,  b)  epilayer  on  the  C-face.  Sixfold  white  pattern  extends  to  <11 20>  and 
dark  regions  along  the  <1 10Q>  are  smooth. 


Fig.3  Optical  microscopy  image  a)  epilayer  on  the  Si-face.  Step  flow  growth  is  observed 
along  <1T00>  as  shown  by  the  arrow,  and  kink  growth  observed  along  <1 120>.  The 
upper  part  in  the  figure  is  near  the  on- axis  region  and  rough,  b)  epilayer  on  the  C-face. 
Two  sides  along  <1 120>  are  extremely  rough  and  the  area  between  those  two  is  smooth, 
and  the  direction  is  <ll00>  as  shown  by  the  arrow. 

the  edge,  which  consists  of  one  bilayers.  The  steps  are  Si  terminated  as  shown  in  Fig.4(a)[4j. 
Our  CVD  parameters  were  adjusted  to  the  Si-face.  So  Si  terminated  steps  may  be  favorable 
for  a  smooth  surface.  However,  in  case  of  the  C-face  tilted  towards  the  <1120>  direction, 
the  terrace  is  terminated  by  C  atoms  and  the  step  edge  is  terminated  by  one  Si  atom  and  one 
C  atomas  shown  in  Fig.4(b)[6].  The  rough  surface  along  the  <1120>  on  the  C-face  may  be 
related  to  those  number  of  dangling  bonds  and  the  anisotropy  of  the  lateral  growth  rate[4,5]. 
This  difference  will  be  explained  by  the  difference  of  bonding  energy.  It  is  well  known  that 
the  window  of  CVD  parameters  is  narrow  for  smooth  epilayer  growth  on  the  C-face. 
However,  we  could  obtain  a  mirror-like  surface  on  the  C-face  tilted  long  <1100>  direction 
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without  special  adjustment  of  the  CVD  parameters.  In  our  system  a  mirror-like  surface  was 
obtained  for  more  than  3  hour  growth,  that  gives  a  thickness  of  about  4.5  fim.  To  obtain  a  flat 
and  mirror-like  surface  of  the  epilayer  on  the  C-face  tilted  to  <1TOO>  direction  is  favorable. 


O  Si  atom 
®  C  atom 


Fig.  4  Bonding  configuration  of  6H-SiC  along  <110Q>  and  <1120>  directions, 
a)  step  consists  of  Si  atoms,  b)  step  consists  of  C  atoms  and  Si  atoms. 


PL  spectra  were  also  measured  to  confirm  the  polytype  of  epilayers  using  He-Cd  laser  as 
excitation  light  source  at  1 1  K.  The  epilayer  on  the  on-axis  region  of  the  Si-face  showed  3C- 
SiC  as  the  dominant  polytype.  However,  it  showed  6H-SiC  as  the  dominant  one  along 
<112Q>  when  the  off-axis  angle  was  increased.  Ti  related  peaks  appeared  at  the 
wavelength  of  433  nm  and  445  nm.  [3]  In  case  of  C-face,  PL  spectra  of  epilayer  on  on-axis 
showed  overlapped  spectra  of  3C-SiC  and  6H-SiC.  However,  the  spectra  showed  6H-SiC 
as  the  dominant  one  (  main  peak  at  around  AHO  nm)  along  <1100>  as  off-axis  was 
increased.  Polytype  of  the  epilayer  along  the  <1I00>  and  <1120>  was  also  characterized  by 
Raman  spectroscopy  and  the  results  confirm  the  PL  measurement. 


Conclusion 

Moij>hoIogical  stability  of  the  epilayer  on  6H-SiC  was  studied  using  hemispherical  substrate. 
A  sixfold  symmetrical  pattern  was  observed  on  both  Si-face  and  C-face.  However,  rough 
surface  directions  were  different  on  both  faces.  Mirror-like  surfaces  were  obtained  on  the 
epilayer  on  the  Si-face  with  an  off-angle  along  <1 120>  directions.  However,  the  direction  of 
mirror-like  surface  for  the_  C-face  was  along  <1T00>.  Flat  and  mirror-like  surfaces  are 
expected  once  we  use  (0001)  C-face  tilted  more  than  2°  off  towards  <1I00>.  This  orientation 
of  the  substrate  may  be  useful  for  device  application. 
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Abstract  Growth  of  SiC  was  carried  out  on  6H-SiC  {0114}  substrates  using  gas  source 
molecular  beam  epitaxy  (GSMBE).  The  reflection  high-energy  electron  diffraction  (RHEED) 
pattern  showed  a  mixture  of  6H-SiC  {0114}  and  3C-SiC  (001)  patterns,  when  grown  at  850  °C. 
Structural  analysis  using  cross-sectional  transmission  electron  microscopy  (XTEM)  revealed 
that  randomly-oriented  silicon  islands  of  high  density  exist  near  the  surface,  and  that  the  very 
surface  of  the  islands  is  3C-SiC,  which  should  be  aligned  to  the  substrate  crystal  orientation, 
since  a  3C-SiC  (001)  pattern  was  observed  in  RHEED. 

1.  Introduction 

Among  all  SiC  polytypes,  cubic  SiC  (3C-SiC)  is  the  only  one  isotropic  polytype  and  is  con¬ 
sidered  to  have  the  highest  electron  mobility.  Due  to  the  lack  of  3C-SiC  wafering  technology, 
heteroepitaxial  growth  of  3C-SiC  has  been  carried  out  mainly  on  silicon  (Si)  substrates.  How¬ 
ever,  the  large  differences  of  lattice  constant  and  thermal  expansion  coefficient  have  resulted 
in  single  crystals  with  high-density  defects,  which  has  been  a  large  obstacle  to  characterization 
and  device  application  of  3C-SiC  on  Si. 

To  overcome  this  lattice  mismatch  problem,  growth  of  3C-SiC  on  a-SiC  has  been  carried 
out  using  6H-  or  15R-SiC  {0001}  substrates,  with  which  3C-SiC  {111}  is  lattice-matched. 
Our  group  had  found  that  3C-SiC  (001)  is  lattice-matched  with  6H-SiC  {0114}  [1],  which 
corresponds  to  54.7  ^inclined  from  {0001},  and  reported  an  observation  of  3C-SiC  (001)  spot 
patterns  using  reflection  high-energy  electron  diffraction  (RHEED)  during  gas  source  molec¬ 
ular  beam  epitaxy  (GSMBE)  on  6H-SiC  (0114)  [2],  However,  structural  analysis  of  the  grown 
layers  has  not  been  carried  out.  In  this  paper,  the  authors  discuss  further  trial  on  growth  and 
the  structural  analysis  using  cross-sectional  transmission  electron  microscopy  (XTEM). 

2.  Experimental 

Growth  was  carried  out  in  the  same  GSMBE  apparatus  as  used  in  the  previous  work  [2]. 
Source  gases  were  SUHg  and  C2H2,  and  were  alternately  supplied.  The  same  growth  condi¬ 
tion  as  the  previous  work  (Si2H6:  0.20 seem,  C2H2:  0.06 seem,  growth  temperature:  850 °C, 
substrate:  6H-SiC  (0ll4))  somehow  resulted  in  a  very  dark  Si  ring  pattern.  Under  a  more 
C-rich  condition  (Si2H6:  O.OGsccm,  C2H2:  0.06 seem),  the  RHEED  pattern  showed  a  mixture 
of  6H-SiC  {0114}  and  3C-SiC  (001)  as  illustrated  in  Fig.  1  after  1-hour  growth  for  both  (0114) 
and  (0114)  substrates.  The  RHEED  pattern  did  not  change  after  longer  growth.  For  (0114), 
the  diffraction  from  3C-SiC  (001)  was  more  dominant,  while  the  pattern  from  6H-SiC  (0114) 
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Fig.  1  RHEED  pattern  at  850  °C 


Fig.  2  RHEED  pattern  at  960  °C 


still  remained.  Moreover,  a  higher  growth  temperature  (960  °C)  resulted  in  a  streaky  6H- 
SiC  (01l4)  pattern  as  shown  in  Fig.  2,  implying  homoepitaxial  growth  of  6H-SiC  at  a  lower 
temperature,  by  more  than  100  °C,  than  reported  for  chemical  vapor  deposition  [3]. 

3.  Results  and  Discussion 

XTEM  observation  was  done  for  a  sample  in  the  previous  work  with  a  dominant  3C-SiC 
(001)  RHEED  pattern.  Figure  3  shows  lattice  images  near  the  interface  between  the  substrate 
and  grown  layer.  Black  and  white  stripes  corresponding  to  the  stacking  order  of  6H-SiC  were 
observed  in  the  substrate.  In  the  grown  layer  some  regions  showed  these  stripes,  while  the 


Fig.  3  XTEM  lattice  image  near  the  interface 
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Fig.  4  XTEM  image  near  the  surface 


other  did  not.  Detailed  electron  diffraction  confirmed  that  the  both  regions  with  and  without 
stripes  were  6H-SiC.  Indeed,  specimen  tilting  during  XTEM  observation  changed  the  regions 
with  stripes  to  those  without  stripes,  and  vice  versa.  Therefore,  the  grown  layer  should  be  6H- 
SiC.  The  cause  of  the  dark  area  in  Fig.  3  is  not  clear  yet,  but  probably  strain  near  the  interface. 

Near  the  surface,  a  high  density  of  large  islands  was  observed  as  shown  in  Fig.  4.  Figure  5 
shows  the  electron  diffraction  from  an  island:  a  pattern  of  Si  {110}  overlapping  a  pattern  of 
SiC.  More  detailed  electron  diffraction  confirmed  that  these  islands  were  randomly-oriented  Si 


Fig.  5  Electron  diffraction  from  an  island  near  the  surface 
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whose  very  surface  was  SiC,  probably  due  to  carbonization  of  Si.  Thus,  the  RHEED  pattern 
of  3C-SiC  in  the  previous  work  should  be  from  SiC  on  the  surface  of  these  Si  islands;  as  they 
blocked  off  the  electron  beam,  the  pattern  of  6H-SiC  was  not  observed.  Also,  existence  of 
3C-SiC  on  the  surface  of  the  Si  islands  should  have  prevented  the  appearance  of  the  Si  ring 
pattern  [4]. 

In  our  new  trial,  similar  islands  were  observed,  though  much  smaller  and  of  much  lower 
density,  probably  due  to  lower  S^Hg  gas  flow  rate  and  to  shorter  growth  time.  Since  these 
islands  did  not  disappear  after  dipping  into  a  solution  of  hydrofluoric  and  nitric  acid,  their 
surface  should  be  coated  with  SiC.  The  mixture  of  3C-  and  6H-SiC  patterns  may  come  from 
the  same  mechanism:  the  pattern  of  6H-SiC  from  the  substrates,  with  the  pattern  of  3C-SiC 
from  the  surface  of  Si  islands,  whose  density  in  this  case  was  not  so  high  as  to  block  off  the 
electron  beam  completely.  However,  it  should  be  noted  that  those  patterns  of  3C-SiC  were 
spotty  and  not  ring-like,  indicating  that  the  surface  3C-SiC  layers  should  be  aligned  to  the 
substrate  crystal  orientation.  RHEED  observation  indicated  that  3C-SiC  (110)  were  parallel 
to  6H-SiC  (1120)  or  (0118).  Although  the  reason  of  this  orientation  relation  is  not  clear  yet, 
this  phenomenon  may  be  useful  for  the  growth  of  single  crystalline  3C-SiC:  deposition  of  Si 
ultrathin  film  on  the  whole  6H-SiC  {0114}  substrate,  followed  by  complete  carbonization,  may 
produce  single  crystalline  3C-SiC. 

4.  Conclusion 

Growth  of  SiC  was  carried  out  on  6H-SiC  {0114}  substrates  using  GSMBE.  The  RHEED 
pattern  showed  a  mixture  of  6H-SiC  {0114}  and  3C-SiC  (001)  patterns  when  grown  at  850  °C, 
while  a  streaky  6H-SiC  {0114}  pattern  when  grown  at  960  °C.  Structural  analysis  using  XTEM 
revealed  that  randomly-oriented  silicon  islands  of  high  density  exist  near  the  surface,  and  that 
the  very  surface  of  the  islands  is  3C-SiC,  which  should  be  aligned  to  the  substrate  crystal 
orientation,  since  a  3C-SiC  (001)  pattern  was  observed  in  RHEED.  Although  the  reason  of 
the  orientation  relation  between  3C-SiC  coating  layers  and  6H-SiC  substrates  is  not  clear  yet, 
this  phenomenon  may  be  useful  for  the  growth  of  single  crystalline  3C-SiC. 
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Abstract:  Epitaxial  growth  experiments  to  realize  SiC  heteropolytypic  structures  have  been  per¬ 
formed  in  two  different  ways  by  solid-source  molecular  beam  epitaxy  depending  on  substrate  orien¬ 
tation.  In  the  first  way,  on  on-axis  substrates,  4H/3C/4H-SiC(0001)  structures  have  been  grown  by 
first  nucleating  a  few  monolayers  thick  3C-SiC  layer  at  lower  temperatures  (T  <  1500  K).  In  a  sec¬ 
ond  step,  4H-SiC  has  been  grown  on  top  of  the  3C-SiC  layer  under  carbon-rich  conditions  and  low 
supersaturations  at  higher  T  (1600  K).  3C-SiC  layers  grown  on  well-prepared  surfaces  at  low^uper- 
saturations  were  found  to  be  free  of  double-position  boundaries  in  a  large  scale  (some  mm  ).  The 
3C-SiC  layers  grow  pseudomorphic  with  respect  to  the  substrate  for  both  6H-  and  4H-SiC. 
Furthermore,  a  second  way  is  opened  to  grow  multi-heterostructures  consisting  of  4H/3C-  or  6H/3C 
-stacking  sequences  by  first  nucleating  3C-SiC  selectively  on  the  terraces  of  well-prepared  off-axis 
a-SiC(OOOl)  substrates  at  low  T  (<  1300  K).  Next,  the  SiC  layers  were  grown  further  in  a  step-flow 
growth  mode  at  high  T  and  conditions  corresponding  to  a  low  supersaturation  (Si-rich).  In  this  way 
also  smaller  (lD-wires)  structures  were  obtained  on  the  terraces  of  the  hexagonal  material  in  the 
initial  stage  of  growth.  The  number  of  these  wires  was  found  to  be  strongly  dependent  on  the 
substrate  temperature  and  the  off-angle.  As  revealed  by  electron  channeling,  Raman  and  photolu¬ 
minescence  spectroscopy,  many  wire-like  regions  consisting  of  3C-SiC  were  found  within  the  hexa¬ 
gonal  SiC  layer  material  after  the  subsequent  layer  growth  on  the  C-face  of  a-SiC(OOOl),  indicating 
a  simultaneous  step-flow  growth  of  the  cubic  and  hexagonal  material. 

1.  Introduction 

The  growth  of  SiC-heteropolytypic  structures  is  a  challenge  for  future  new  applications  of  the  semi¬ 
conductor  material  SiC,  such  as  resonant  tunneling  or  other  heterojunction  devices.  Moreover,  its 
offers  the  potential  of  increasing  flexibility  in  the  design  of  electronic  structures  in  SiC-based  elec¬ 
tronics.  However,  no  suitable  heterostructures  has  been  obtained  so  far  because  of  the  high  defect 
level  resulting  from  the  heteropolytypical  growth  and,  moreover,  because  the  growth  of  such  struc¬ 
tures  demands  definite  nucleation  and  growth  conditions  for  each  of  the  polytypes  forming  the 
structure.  We  report  about  different  growth  studies  of  SiC  on  a-SiC(OOOl)  suitable  to  realize  poly¬ 
typic  hetero-  or  nanostructures.  The  growth  experiments  have  been  performed  by  means  of  solid- 
source  molecular  beam  epitaxy  at  temperatures  ranging  from  900  to  1300  °C.  Different  experiments 
have  been  performed  by  varying  the  substrate  temperature,  supersaturation,  the  Si/C  ratio  and  the 
substrate  off-angle.  The  experimental  conditions  have  been  described  in  detail  elsewhere  [1].  The 
obtained  structures  have  been  investigated  by  transmission  electron  microscopy  (TEM),  electron 
channeling  (EC)  patterns,  Raman  and  photoluminescence  (PL)  spectroscopy. 

2.  Results 

2.L  Surface  preparation 

To  obtain  an  accurate  epitaxial  growth  and,  moreover,  to  get  sharp  heteropolytypic  interfaces  it  is 
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necessary  to  use  well  prepared  and  ordered  surfaces.  Therefore,  after  plasma-etching  and  wet 
chemical  treatment  [2],  the  substrates  have  been  prepared  in  situ  by  sublimation  etching  at  high 
temperature  (1600  K)  in  a  Si-flux.  Whereas  no  ordered  step  structure  has  been  found  after  ex  situ 
preparation,  a  well-developed  step  structure  has  been  obtained  after  this  treatment,  with  steps  typi¬ 
cally  of  2-6  monolayers  (ML)  in  height  in  case  of  6H-SiC  and  of  1-4  ML  in  case  of  4H-SiC. 
Afterwards  a  SiC-buffer  layer  has  been  grown  at  the  same  temperature  and  conditions  suitable  to 
realize  a  step-flow  growth  mode  also  on  nominal  on-axis  substrates  [3].  The  final  step  morphology 
mostly  consists  of  steps  one  unit  cell  in  height. 

2.2.  Growth  on  on-axis  substrates 

The  most  serious  problem  in  the  growth  of  SiC-heterostructures  is  the  occurrence  of  incoherent  twin 
(double-position)  boundaries  (DPB)  when  3C-SiC  is  involved.  Recently,  we  have  already  [4]  dem¬ 
onstrated  that  the  growth  of  3C-SiC  was  found  to  be  significantly  improved  by  an  alternating  supply 
of  Si  and  C  at  medium  temperatures  (T)  (1425  K)  on  on-axis  a-SiC(OOOl).  The  size  of  DPB  do¬ 
mains  was  found  to  be  increased  to  some  hundreds  pm  in  diameter.  This  already  demonstrated  the 
importance  of  adatom  mobility  and  supersaturation  (S)  conditions  for  the  growth  of  single  domain 
films.  A  further  improvement  of  the  3C-SiC  layer  quality  on  a-SiC  has  been  achieved  by  a  further 
decrease  of  S  and  the  improvement  of  surface  quality.  In  this  way  single  domain  3C-SiC  was  ob¬ 
tained  on  a-SiC(OOOl)  in  dimensions  on  the  order  of  a  mm  also  for  layers  only  on  the  order  of  nm 
thick  as  demonstrated  in  Fig.l.  The  3C-SiC  in  the  other  domain  was  found  to  be  only  associated 
with  surface  imperfections  (scratches).  This  indicates  a  coherent  nucleation  of  3C-SiC  in  one  orien¬ 
tation  at  low  S  and  on  well-ordered  surfaces.  Furthermore,  as  already  demonstrated  recently  for  the 
growth  of  3C-SiC  on  6H-SiC(0001)  [5],  the  3C-layers  grow  also  pseudomorphic  on  4H-SiC.  That 
means,  there  is  no  difference  in  the  in-plane  lattice  constant  between  the  cubic  layer  and  the  hexa¬ 
gonal  substrate  material,  whereas  the  difference  in  the  lattice  constant  in  the  growth  direction  was 
Ac/c  =  -  1.3x10'  in  case  of  3C/4H-SiC(0001)  as  shown  in  Fig.2. 


00  (b)  (c) 

Fig.l:  EC  contrast  micrograph  (400x400  pm)  of  3C-SiC  layers  grown  by  MBE  on  on-axis  4H-SiC(0001)  at  a 
growth  rate  of  30  nm/h  at  1525  K  (a)  and  1475  K  (c)  (lighter  parts  represent  the  other  cubic  domain);  (b) 
corresponding  EC  pattern  of  the  single-domain  layer. 

Growing  SiC  at  1600  K  under  C-rich  conditions  results  in  the  homogeneous  formation  of  4H-SiC  a- 
cross  a  region  of  on  the  order  of  a  pm  on  top  of  the  3C-SiC  layer  (Fig.3).  The  preferential  formation 
of  4H-SiC  at  low  S  and  C-rich  conditions  has  been  already  suggested  from  estimations  within  the 
framework  of  nucleation  theory  [6].  The  C-rich  conditions  can  easily  be  checked  by  the  occurrence 
of  the  C-rich  V3xV3  superstructure  formed  in  the  initial  stage  of  graphitization  process  [7].  Further 
changes  of  the  polytypic  structure  in  one  growth  cycle  have  also  been  tried.  However,  in  this  way  no 
more  than  two  changes,  such  as  3C/4H/3C/4H/3C/4H-SiC(0001),  have  been  achieved  so  far. 
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Fig.2:  (a)  0-20  scan  of  a  3C-SiC  layer  on  4H-SiC(0001);  (b)  X-ray  reciprocal  space  mapping  of  a  3C-SiC 
layer  grown  on  on-axis  4H-SiC(0001)  by  MBE  at  T  =  1500  K  and  a  rate  of  30  nm/h. 


Fig. 3:  Cross  sectional  transmission  electron  micrograph  of  a  4H/3C/4H-SiC-(0001)  heterostructure  grown  at 
1500  K  (3C-SiC)  and  1600  K  (4H-SiC)  by  MBE  . 

2.3.  Growth  on  off-axis  substrates 

On  off-axis  substrates,  a  lower  temperature  of  1300  K  was  used  to  form  a  3C-SiC  growth.  A  careful 
growth  by  nucleation  of  3C-islands  on  the  terraces  and  a  subsequent  further  growth  of  some  mono- 
layers  at  higher  temperatures  (1550  K)  resulted  in  the  formation  of  wire-like  regions  of  3C-SiC  on 
the  terraces  of  a-SiC(OOOl)  as  demonstrated  in  Fig.4.  Depending  on  the  off-angle  either  nucleation 
takes  place  on  each  of  the  terraces  ( low  off-angle)  (Fig  4c)  or  only  on  some  larger  ones  (>1°)  at  the 
present  growth  conditions.  During  further  growth  at  high  temperatures  (1600  K)  and  Si-rich  condi¬ 
tions,  wire-like  regions  were  found  within  the  hexagonal  layer  material  (4a, b).  These  wires  consist 
of  3C-SiC  as  revealed  by  EC,  Raman  and  PL  spectroscopy.  The  3C-SiC  formed  by  nucleation  at  de¬ 
fects  (scratches)  and  grown  on  the  terraces  are  clearly  distinguished  by  its  intensity  and  shape,  as 
demonstrated  in  Fig.  4b.  This  indicates  a  simultaneous  growth  of  both  hexagonal  and  cubic  parts 
and  demonstrates  that  a  SiC  heteropolytypic  structure  has  been  realized  via  step-flow  growth  mode. 
The  photoluminescence  spectrum  (Fig.5)  taken  from  such  a  structure  at  4.2  K  and  an  excitation 
wavelength  of  325  nm  shows  in  comparison  to  the  4H-SiC  substrate  one  additional  strong  peak  at 
427.2  nm,  and  two  small  peaks  at  643.5  nm  and  646.2  nm,  resp..  The  peak  at  427.2  nm  corresponds 
well  to  the  Li  peak  found  for  other  4H-SiC  materials  under  certain  conditions  [8],  whereas  the  two 
small  peaks  may  be  associated  with  the  3C-SiC  parts  of  the  polytypic  structure  [9]. 

3.  Summary 

SiC-heterostructures  consisting  of  a  hexagonal  and  cubic  polytype  have  been  grown  by  two  different 
methods.  On  well-oriented  substrates,  at  first  3C-SiC  is  nucleated  at  lower  temperatures  and  than 
further  grown  in  a  second  step  at  low  supersaturation.  Layers  nearly  free  of  double-position 
boundaries  has  been  obtained  in  this  way.  On  the  3C-SiC  layer,  4H-SiC  was  nucleated  and  grown  at 
C-rich  conditions.  On  off-axis  substrates,  3C-SiC  has  been  nucleated  at  even  lower  temperatures  (or 
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higher  supersaturations).  At  certain  conditions  (off-axis  angle)  a  selective  nucleation  occurs.  In  a 
second  step,  the  layers  were  grown  further  by  a  step-flow  of  both  the  hexagonal  and  cubic  materials. 
As  a  result  of  the  growth  process  a  multi-heterostructure  has  been  formed  consisting  of  many  cubic 
and  hexagonal  lamellae.  3C-SiC  wire-like  low-dimensional  structures  were  formed  on  the  terraces 
in  the  initial  stage  of  step-flow. 


Fig.4:  EC  contrast  micrograph  (40x40  pm)  of  (a)  1.6  pm  thick  SiC  film  grown  on  3.5°  off-axis  4H- 
SiC(OOOl)  C-face  at  1600  K;  (b)  1.6  pm  thick  SiC  film  grown  on  3.5°  off-axis  4H-SiC  C-face  at  1550  K  and 
(c)  3C-SiC  nucleation  on  0.9°  off-axis  6H-SiC(0001)  at  1500  K  (light  parts  correspond  to  3C-SiC) 
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Fig.5:  Photoluminescence  spectra  of  a 
4H-SiC(0001)  substrate  and  of  a  1.6 
pm  thick  SiC  layer  grown  by  MBE  on 
the  C-face  of  a  3.5°  off-axis  4H- 
SiC(0001)  substrate  obtained  with  an 
excitation  wavelength  of  325  nm  at 
4.2  K. 
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Abstract:  The  growth  of  certain  SiC  polytypes  by  molecular  beam  epitaxy  (MBE)  under  near  equi¬ 
librium  conditions,  such  as  low  rates  and  high  temperatures,  was  analyzed  within  the  framework  of 
classical  nucleation  theory.  It  has  been  demonstrated  that  the  formation  of  certain  polytypes  in  the 
nucleation  stage  is  due  to  an  interplay  between  their  differences  in  the  surface  and  formation  energy 
as  well  as  the  growth  conditions.  Based  on  these  considerations,  it  was  obtained  that  the  formation 
of  a  polytype  in  the  nucleation  stage  is  established  by  a  set  of  growth  parameters:  substrate  tempera¬ 
ture,  Si/C-ratio  and  C-flux.  The  obtained  results  agree  very  well  with  experimental  findings  based 
on  sublimation  bulk-growth  experiments  as  well  as  with  results  obtained  recently  by  MBE. 

1. Introduction 

The  growth  of  heteropolytypic  structures  makes  it  possible  to  build  devices  from  heterostructures 
consisting  of  one  semiconducting  material  only  by  different  stacking  of  atomic  SiC  layers  in  [0001] 
direction.  In  this  context,  thin  epitaxial  SiC-films  on  SiC(OOOl)  substrates  with  definite  layer  struc¬ 
ture  are  of  interest.  The  growth  of  such  heteropolytypic  structures,  however,  is  a  big  challenge  be¬ 
cause  it  demands  definite  nucleation  conditions  for  each  of  the  polytypes  forming  the  structure. 
However,  despite  the  fact  that  many  effects  will  be  discussed  regarding  their  influence  on  the  poly¬ 
type  formation  and  stabilization,  a  conclusive  theory  is  still  missing.  Therefore,  it  is  not  so  clear  in 
the  moment  what  are  really  the  mechanisms  responsible  for  the  polytype  formation  and,  moreover, 
why  under  special  growth  conditions  only  one  certain  polytype  occurs  and  others  not.  Therefore,  it 
is  of  interest  generally  to  estimate  conditions  stabilizing  the  growth  of  a  certain  SiC  polytype.  These 
conditions  should  be  applicable  in  principle  for  both  bulk  growth  and  epitaxial  layer  growth  me¬ 
thods  of  SiC,  because  both  are  based  on  a  vapor  phase  deposition  process  and  the  mechanisms  of 
the  growth  process  in  both  methods  are  comparable. 

Therefore,  it  was  the  purpose  of  this  work  to  analyze  the  epitaxial  growth  conditions  of  SiC  quan¬ 
titatively  from  the  point  of  view  of  nucleation  within  the  classical  nucleation  theory.  The  use  of  the 
classical  nucleation  theory  to  characterize  the  MBE  growth  process  is  justified  especially  because  of 
the  large  critical  nucleus  size  occurring  under  the  selected  near  equilibrium  growth  conditions  (low 
rates,  high  substrate  temperatures).  For  the  presented  analysis  were  considered  especially  the  Si/C- 
ratio,  the  supersaturation,  the  heat  of  SiC  formation  and  surface  energy.  Moreover,  it  is  known  from 
literature  that  among  the  SiC  polytypes  there  are  small  differences  in  the  formation  energy  as  well  as 
in  the  surface  free  energy.  It  will  be  demonstrated  that  the  preferential  occurrence  of  certain  SiC 
polytypes  in  the  nucleation  stage  can  be  explained  already  taking  the  influence  of  these  small  differ¬ 
ences  on  the  nucleation  energy  into  account. 

2.  Results 

The  thermodynamical  considerations  of  SiC  polytype  growth  were  performed  within  the  framework 
of  classical  nucleation  theory.  The  free  energy  AG*  of  formation  of  a  stable  nucleus  on  a  (111)  or 
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(0001)  surface  can  be  expressed  in  case  of  two-dimensional  (2D)  homogeneous  nucleation  by  [IT 
A G2*  =  b4  a2 /Aii  (1)j 

where  a  -  surface  energy,  b  -  first  neighbor  distance  corresponding  to  the  in-plane  lattice  constant 
and  A}i  =  kTln(p/p0 )  -  difference  in  the  chemical  potential  between  the  solid  and  the  gas  phase.  In 
case  of  heteropolytypic  2D-nucleation  the  following  equation  is  valid  [  1  ] : 

AG 2*  =  b4  cf i  /[Aju  -  b2( V3/2)( a,  +  a,-  as)J  (2), 

where  cjs  ,  a  and  ci  are  the  free  energy  of  the  substrate  surface,  of  the  layer/substrate  interface  and 
of  the  layer  surface,  respectively.  The  ratio  p/p0  corresponds  to  the  supersaturation  (5)  ratio,  where  p 
and  po  are  the  vapor  pressures  above  the  substrate  (corresponding  to  the  supply)  and  the  equilibrium 
vapor  pressure,  respectively. 

S  at  the  surface  is  determined  by  the  equilibrium  partial  pressures  of  SiC2  and  Si2C: 
s  =  Pc  /  C Psac+2p  siC2  )  (3), 

in  accordance  to  the  following  dissociation  reactions  at  the  SiC  surface: 

(1)  SiC(s)  — >Si(v)  +  C(s)  KP1  =  pSj 

(2)  2SiC(s)  >  SiC2  (v)  +  Si(v)  KP2  =  p$iC2  psi 

(3)  SiC(s)  +  Si(v)  >  Si2C(v)  KP3  =  psi2c  /  Psi  , 

where  v  and  s  refers  to  the  vapor  and  solid  phase,  respectively.  The  partial  pressures  of  the  carbon 
bearing  species  are  a  strong  function  of  temperature  but  also  of  the  given  Si  vapor  pressure  (that 
corresponds  to  the  Si  supply)  above  the  surface  in  accordance  with  the  reactions  given  above. 
Therefore,  the  supersaturation  ratio  can  not  be  controlled  independently  concerning  Si  and  C. 

The  equilibrium  constants  KPj  of  the  reactions  can  be  calculated  by  means  of  the  isobaric- 
isothermal  potential  AGRt  (i)  of  the  reaction: 

-RTlnKp  =  AGRT  (4), 

where  R  is  the  universal  gas  constant.  The  chemical  potential  AGRT  is  given  by  the  known  thermo¬ 
dynamical  relation: 

AGrt=  nZEAH°fj298.i5  +  29jTcpdT  -  T[s°298  -  298f ACp/T)dT] 

-  nIAAH0fj298.15  +  298FcpdT  -  T[s°298  -  298FAcp/T)dT]  (5), 

where  n  -  number  of  moles  of  the  component,  AH°f)29g  15  -  formation  enthalpy  of  the  component  at 
298  K  (standard),  Cp  -  specific  heat,  T  -  temperature  in  K  and  s298  -  entropy  at  298  K  (standard)  of 
the  component.  E  and  A  stand  for  the  reaction  products  and  starting  components,  respectively. 

The  partial  pressures  of  Si2C  and  SiC2  can  be  calculated,  for  example,  using  the  relations 
presented  by  Tsvetkov  et  al.  [2]  for  the  6H-SiC  polytype: 

/>si2c  =  2.85  x  102  exp  (-1.79  x  10  4/  T)  x  pSi  =  K?3pSi 
Psid  =  9.41  X  1028  exp  (-14.35  x  10  4/  T)  /  pSi  =  KP2  / pSi 

However,  as  already  suggested  by  Tairov  and  Tsvetkov  [3],  these  partial  pressures  are  not  equal  for 
the  different  SiC  polytypes.  They  have  already  found  that  the  vapor  phase  above  3C-SiC,  for  exam¬ 
ple,  is  enriched  with  silicon  more  than  that  above  4H-SiC,  and  attributed  this  effect  to  the  different 
heat  of  formation  of  3C-  and  4H-SiC. 


To  quantify  the  differences  in  the  vapor  pressures  between  the  polytypes,  we  have  to  consider 
that  the  chemical  potential  of  reaction  is  mainly  determined  by  the  heat  of  formation  of  the  partici¬ 
pating  components,  that  means  also  by  the  heat  of  SiC  formation.  Therefore,  a  different  heat  of  SiC 
formation  results  also  in  a  different  equilibrium  constant,  and,  therefore,  in  different  partial  pres¬ 
sures  of  Si2C  and  SiC2  at  constant  temperature.  In  accordance  to  the  heat  of  formation  of  6H-  and 
3C-SiC,  respectively,  presented  in  Tab.l  and  to  the  reactions  (2)  and  (3)  given  above,  in  case  of  3C- 
SiC,  the  partial  pressures  of  Si2C  and  Si2C  calculated  for  6H-SiC  have  been  corrected  by  a  factor  of 
exp[(AH  fj298.i5  (3C-SiC)  -  AH°fj29g.i5  (6H-SiC)  =  1.3  kJ/mol)/RT]  and  a  factor  of  exp[(2*1.3 
kJ/mol)/RT],  respectively.  It  should  be  noted  that  the  difference  in  the  formation  energy  between  the 
polytypes  is  comparable  to  those  obtained  for  the  difference  in  the  free  lattice  energy  [4].  Therefore, 
an  increase  in  temperature  should  result  in  an  increase  of  the  difference  [4].  The  same  procedure  has 
been  applied  to  4H-SiC  using  the  corresponding  value  in  Table  1.  As  a  result  of  the  corrections,  the 
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equilibrium  partial  pressures  of  the  carbon  bearing  species  are  larger  in  case  of  3C-SiC,  while  the 
corresponding  ones  in  case  of  4H-SiC  are  lower  in  comparison  to  6H-SiC. 


Tab.l:  Some  thermodynamic  properties  of  the  most  common  SiC  polytypes 


SiC-Polytype 

in-plane  lattice  constant  (nm) 

Heat  of  formation  (kJ/mol) 

3C 

0.3083  [5] 

1.742  [6] 

-64  [3] 

6H 

0.3082  [5] 

1.767  [7] 

-65.3  [3] 

4H 

0.3078  [5] 

1.8  [7] 

-66.6  [3] 

The  calculated  data  of  supersaturation  (S)  at  1600  K  and  a  carbon  supply  corresponding  to  a  va¬ 
por  pressure  of  4*  10'5  Pa  are  given  in  Fig.  1  for  3C-,  6H-  and  4H-SiC  as  fimction  of  the  Si  supply. 
Generally,  a  strong  change  in  S  is  seen  from  these  curves  by  varying  the  Si  flux.  At  a  certain  Si  flux 
(corresponding  to  more  C-rich  condition)  a  maximum  in  S  occurs.  Moreover,  the  higher  equilibrium 
vapor  pressures  of  S^C  and  SiC2  lead  to  the  lowest  S  above  the  3C-SiC  surface  during  the  growth. 


From  the  data  of  S  calculated  for  the  three  polytypes  and  the  surface  energies  given  in  Tab.l,  the 
energy  necessary  to  form  a  2D-critical  nucleus  on  the  most  common  SiC  substrates  has  been  esti¬ 
mated  using  Eqn.l  and  Eqn.2.  Despite  the  uncertainty  in  the  absolute  values,  the  differences  in  the 
surface  energy  were  obtained  by  calculations  [6]  and  confirmed  experimentally  also  at  higher  tem¬ 
peratures  [7].  In  Fig.2,  the  results  are  plotted  as  function  of  the  Si  vapor  pressure  for  the  nucleation 
on  the  Si-face  of  4H-SiC(0001)  at  T  =  1600  K  and  a  C-flux  corresponding  to  10'5  Pa.  From  these 
plots  it  is  clearly  seen  that  under  C-rich  conditions  the  formation  of  4H-SiC  is  favored,  whereas 
with  an  increase  in  the  Si-supply  3C-SiC  becomes  more  stable  in  the  nucleation  stage.  This  demon¬ 
strates  that  despite  the  higher  surface  energy,  the  nucleation  energy  of  4H  is  lower  than  that  of  3  C  at 
certain  growth  conditions,  such  as  low  S  and  more  C-rich  gas  phase.  Moreover,  it  is  interesting  to 
note  that  within  a  small  region  of  Si  supply  the  6H-SiC  polytype  also  should  exist  preferentially  in 
the  nucleation  stage,  what  we  have  never  obtained  experimentally  so  far. 

Increasing  S  by  an  increase  of  the  C-supply,  the  3C-SiC  polytype  is  clearly  the  dominant  poly¬ 
type  within  a  large  range  of  Si  supply  (Fig.3),  whereas  at  C-rich  conditions  no  SiC  polytype  is 
clearly  preferred.  This  should  result  in  a  frequently  change  of  the  stacking  sequences.  The  preferen¬ 
tial  occurrence  of  3C-SiC  at  larger  supersaturations  and  Si-excess  agrees  very  well  with  many  epi¬ 
taxial  growth  experiments,  like  CVD  and  MBE  [8],  performed  at  T  <  2000  K.  The  situation  does 
not  change  considering  the  nucleation  on  6H-SiC  or  3C-SiC.  However,  at  this  point  it  should  be 
also  emphasized  that  at  extreme  conditions,  those  corresponds  to  very  low  supersaturations  and  a 
very  high  Si-supply  (however,  still  below  Si  clustering),  the  calculations  indicate  that  under  these 
conditions  6H-SiC  should  be  again  preferred  in  the  nucleation  stage,  as  demonstrated  in  Fig.4.  Such 
conditions  are  comparable  for  example  to  an  heteroepitaxial  growth  on  silicon. 


212 


Silicon  Carbide  and  Related  Materials  - 1999 


10  15  20  25  30  35 


Fig.3:  Free  energy  of  nucleation  on  4H-SiC(0001)  at  Fig.4:  Free  energy  of  nucleation  on  6H-SiC(0001)  at 
1600  K  and  a  C-supply  of  pc  =  10'4.  1600  K  and  a  C-supply  of  pc  =  5*10“6  Pa. 


The  underlying  conditions  for  the  presented  estimations  compare  to  conditions  (low  T,  lower  rates) 
applicable  to  the  solid-source  MBE  growth.  Therefore,  to  demonstrate  the  applicability  of  the  model 
presented,  conditions  comparable  to  sublimation  growth  experiments  have  also  been  considered.  At 
growth  conditions  of  T  =  2400  K  and  pc  =  50  Pa,  the  preferential  nucleation  of  4H  on  4H-SiC(0001) 
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Fig.5:  Free  energy  of  nucleation  on  4H-SiC(0001) 
at  2400  K  and  a  C-supply  of  pc  =  50  Pa 


also  corresponds  to  C-rich  conditions,  whereas  Si- 
rich  conditions  result  in  the  preferential  for-mation 
of  6H-SiC  (Fig.5).  An  increase  in  C-supply  (or  S ) 
results  in  the  preferential  formation  of  3C-SiC 
within  a  large  range  of  Si  supply,  whereas  no 
polytype  is  preferred  at  C-rich  conditions.  The 
same  result  was  obtained  in  principle  for  the  nu¬ 
cleation  on  6H-  and  3C-SiC,  too.  To  explain  the 
preferential  occurrence  of  the  4H-SiC  polytype  on 
the  C-face  within  the  nucleation  model,  the  strong 
relaxation  of  the  C-face  has  to  be  considered.  It  is 
clearly  evident  from  the  present  estimations  that 
such  an  effect  results  in  a  strong  preference  of  4H- 
SiC  on  the  C-face  of  any  kind  of  SiC  polytype. 


3.  Conclusions 


In  summary,  it  has  been  demonstrated  that  the  growth  of  different  polytypes  can  be  explained  within 
the  framework  of  modified  nucleation  theory.  In  such  a  way,  it  is  possible  also  to  estimate  quantita¬ 
tively  the  growth  conditions  stabilizing  the  formation  of  a  certain  polytype,  which  become  more  ac¬ 
curate  if  more  precise  thermodynamic  data  of  the  different  polytypes  are  available. 


The  author  wishes  to  thank  Profs.  H.  Duncken,  F.  Bechstedt,  and  W  Richter  for  helpful  and  fruitful  discus¬ 
sions,  and  the  University  of  Jena  for  partly  supporting  this  work. 


References 


1 

"2 

5 
A 
"5 

6 
y 
:8! 


I.  Markov,  R.  Kaischew,  Thin  Solid  Films,  32  (1976),  p.  163. 

V.F.  Tsvetkov  et  al.,  Inst.  Phys.  Conf.  Ser.,  142  (1996),  p.  17. 

Yu.M.  Tairov  and  V.F.  Tsvetkov,  Prog.  Cryst.  Growth  Character.,  7  (1983),  p.  111. 

A.Zywitz  et  al.,  Phys.  Rev.  B,  54  (1996),  p.  1791 . 

A.  Bauer  et  al.,  Phys.  Rev.  B,  57  (1998),  p.  2647. 

J.  Furthmuller,  private  communication. 

R.  Yakimova  et  al.,  Mater.  Sci.  Forum,  264-268  (1998),  p.  159. 

A.  Fissel  et  al.,  Adv.  Solid  State  Physics,  38  (1999),  p.  87.;  J.  Electron.  Mater.,  28  (1999),  p.  204. 


Tel.:  +49-3641-947444,  Fax.:  +49-3641-947442,  e-mail:  p5anfi@rz.uni-iena.de 


Materials  Science  Forum  Vols.  338-342  (2000)  pp.  213-216 
©  2000  Trans  Tech  Publications,  Switzerland 


Mechanisms  of  SiC(lll)  Step  Flow  Growth 

Phillip  J.  Stout 

CFD  Research  Corporation,  Cummings  Research  Park,  215  Wynn  Drive, 
Huntsville,  AL  35805,  USA 


Keywords:  Computational  Modeling,  Hexagonal  Stacking,  Monte  Carlo,  Polytype,  Step  Bunching, 
Surface  Kinetics 


ABSTRACT:  Aspects  of  step  flow  growth  for  various  SiC(lll)  polytypes  are  described  using  a  dangling  bond 
formulation  of  a  surface  kinetics  model.  Differences  in  the  dangling  bond  dispersion  at  the  step  riser  "growth" 
sites  are  used  to  predict  the  variability  in  the  step  flow  growth  rates  with  flow  direction.  Step  flow  growth  on 
a  (111)  plane  in  <1120>  directions  is  faster  than  growth  in  <1100>  directions.  There  is  also  step  flow  growth 
rate  variability  among  the  <1100>  directions  as  a  consequence  of  the  characteristic  triangular  and  hexagonal 
morphologies  seen  when  growing  SiC(lll).  Step  bunching  is  shown  to  be  due  in  part  to  the  growth  rate 
variability  of  <1100>  directions  and  the  hexagonal  stacking  content  in  the  a-SiC  polytype. 

L  INTRODUCTION 

SiC  has  been  recognized  as  a  good  candidate  for  devices  required  to  operate  in  harsh  environments  such  as 
high  temperature  and  high  radiation.  [1]  The  adoption  of  SiC  in  these  devices  is  hindered,  in  part,  by  the 
difficulty  in  single  crystal  growth  of  device  quality  SiC  with  high  reliability  and  large  area.  Other  problems 
encountered  during  step  flow  growth  of  SiC  are  defect  formation,  step  bunching,  and  polytype  uniformity. 

This  paper  focuses  on  mechanisms  or  microscopic  processes  which  affect  SiC(lll)  step  flow  growth.  First, 
an  overview  of  a  Monte  Carlo  (MC)  model  is  given.  Then,  the  MC  model  is  used  to  describe  the  microscopic 
processes  which  affect  characteristics  of  SiC  step  flow  growth  such  as  triangular  and  hexagonal  morphologies, 
anisotropy  of  step  flow  growth  direction,  increase  in  growth  rate  with  off-axis  angle,  and  step  bunching. 


Figure  1  MC  model  predicted  morphology  after  growth  on  a  4  BL  high  circular  mesa  structure  on  SiC(l  11). 


II.  MONTE  CARLO  MODEL:  DANGLING  BOND  FORMULATION 

A  dangling  bond  formulation  of  a  Monte  Carlo  (MC)  model  of  crystal  growth  [2]  is  used  to  describe 
mechanisms  which  affect  the  step  flow  growth  of  poly  types  of  SiC(lll).  The  model  predicts  macroscopic 
morphological  features  of  SiC  growth  based  only  on  fundemental  microscopic  processes  occurring  on  the 
surface  and  in  the  bulk  of  the  film.  The  three-dimensional  MC  model  retains  the  entire  lattice  structure,  tracks 
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the  bond  dispersion  across  the  crystal  lattice,  and  the  surface  reactions  and  adatom  movement  are  a  function 
of  the  bond  dispersion  across  the  surface.  Indirectly,  surface  sites  at  step  risers  are  high  probability  growth 
sites  when  compared  to  surface  sites  at  step  terraces.  Surface  sites  at  step  risers  have  more  than  one  bond 
available  for  growth  whereas  surface  sites  on  the  terrace  have  only  one. 

The  crystal  lattice  can  be  zincblende,  wurzite,  or  a  mixture  of  face  centered  cubic  (fee)  and  hexagonal  close 
packed  (hep)  stacking  of  close-packed  planes.  Allowing  combinations  of  cubic  and  hexagonal  stacking 
enables  the  crystal  lattice  in  the  MC  model  to  represent  poly  types  found  in  SiC. 

The  factors  which  effect  bond  dispersion  and  site  occupancy  in  the  model  are  growth  plane  orientation, 
polytype  of  crystal  lattice,  and  surface  roughness.  An  adatom  will  have  a  larger  diffusion  length  on  a  flat  (111) 
plane  where  it  will  have  one  nearest  neighbor  and  a  lower  reactivity  versus  a  flat  (100)  plane  where  the 
adatom  will  have  two  nearest  neighbors  and  a  higher  reactivity  with  the  surface.  Polytypes  differ  from  each 
other  in  their  stacking  sequence.  Cubic  and  hexagonal  stacking  of  adjacent  bilayers  (BLs)  leads  to  different 
atom  positions  and  different  bond  dispersion  at  the  steps  between  the  BL  especially  at  step  riser  sites.  Finally, 
surface  roughness  affects  near  atom  occupancy  and  bond  availability  which  can  impact  adatom  surface 
movement.  A  rougher  surface  will  have  more  surface  sites  for  an  adatom  to  hop  to  than  a  smooth  surface. 
However,  a  rougher  surface  will  have  more  surface  sites  with  greater  than  one  available  bond  which  may 
reduce  the  diffusion  length  of  the  adatom. 


Figure  2  (a)  Relative  growth  rate  versus  off-axis  angle.  Growth  is  faster  for  step  flow  growth  in  <1120> 


directions  than  <1100>  directions,  (b)  Number  of  atoms  deposited  on  a  surface  tilted  8°  from  the 
[0001]  axis  in  a  <1100>  direction  versus  time  for  different  SiC  polytypes. 


Figure  3  Step  bunching  resulting  from  step  flow  in  <1100>  directions  for  different  polytypes. 


III.  TRIANGULAR  AND  HEXAGONAL  MORPHOLOGIES 

Results  of  the  MC  model  for  3C,  6H,  and  2H-SiC(lll)  growth  on  a  circular  mesa  four  BLs  high  on  a  60x60x30 
lattice  mesh  are  shown  in  Fig.  1.  The  growth  precursors  are  CH4  and  SiH4,  and  the  ratio  of  CH4  to  SiH4  flux  to 
the  surface  is  one.  Only  Si-C  bonds  are  allowed  in  the  lattice.  The  simulation  ended  after  2999  atoms 
integrated  into  the  crystal  lattice.  The  results  reflect  experimental  observations  [3]  .  The  model  predicts  the 
triangular  morphology  typical  of  p-SiC  (3C)  and  the  hexagonal  morphology  indicative  of  a-SiC  (2H,6H). 
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Triangular  islands  are  a  result  of  faceting  at  (111)  planes.  The  hexagonal  morphology  seen  in  a-SiC  is  a 
consequence  of  the  hexagonal  stacking  content  in  the  bilayer  stacking  sequence. 

For  a  zincblende  or  wurzite  lattice  when  a  BL  grows  on  the  (111)  plane  in  a  surface  kinetic  dominated 
growth  process  the  BL  forms  a  triangle.  At  the  edges  of  the  triangle  each  atom  at  the  step  riser  has  only  a 
single  available  bond  assuming  a  perfect  crystal  lattice  (i.e.,  no  surface  reconstruction).  The  triangular 
morphology  results  for  both  hexagonal  and  cubic  stacking  of  BLs. 

The  orientation  of  the  atomic  hexagonal  rings  formed  by  the  atoms  on  the  (111)  plane  can  be  reversed 
(rotated  180°)  depending  on  the  type  of  stacking  between  BLs.  Two  adjacent  BLs  with  cubic  stacking  preserve 
the  orientation  of  the  atomic  hexagonal  ring.  Two  adjacent  BLs  with  hexagonal  stacking  reverse  the 
orientation  of  the  atomic  hexagonal  ring.  Reversing  the  atomic  hexagonal  ring  also  reverses  the  orientation  of 
a  triangular  island  forming  on  the  surface.  The  consequence  of  having  triangular  islands  of  BLs  of  reversing 
orientations  growing  on  each  other  is  the  formation  of  hexagonal  morphologies.  The  hexagon  forms  since  a 
triangular  island  growing  on  and  rotated  180°  with  respect  to  a  triangular  island  under  it  will  have  its  comers 
"clipped"  off.  That  is,  if  the  direction  of  growth  of  a  step  is  perpendicular  to  one  of  the  sides  of  a  triangular 
structure  formed  under  it,  the  growing  step  will  slow  at  the  step  forming  the  triangle  edge. 


Figure  4  Atomic  configuration  of  a  step  bunch  on  6H-SiC{0001}  with  a  C  face. 

IV.  GROWTH  OFF-AXIS  FROM  VICINAL  PLANE 

Much  of  the  SiC  growth  is  done  off-axis  to  preserve  the  stacking  order  of  the  BLs  thereby  preserving  the 
polytype  of  the  wafer.  For  example,  growth  on  a  6H-SiC(lll)  wafer  off-axis  1  to  3  degrees  results  in  6H-SiC 
film  growth  [4,5],  but  growth  on-axis  yields  film  of  mixed  polytype  with  twinned  3C-SiC  the  typical  result  [3]. 

The  MC  model  was  used  to  explore  step-flow  growth  behavior  on  an  off-axis  {0001}  vicinal  plane.  Growth 
was  started  initially  on  a  staircase  structure  (Fig.  3)  with  a  lattice  mesh  of  330x30x30  sites.  Due  to  periodic 
boundary  conditions  for  adatom  movement  a  stair  case  descends  from  either  side  of  a  center  point.  Results  of 
the  model  for  relative  growth  rate  versus  off-axis  angle  for  two  directions  and  four  different  polytypes  are 
shown  in  Fig.  2(a).  The  model  predicts  (i)  an  increase  in  the  growth  rate  with  increasing  off-axis  angle,  (ii) 
polytypes  of  SiC(lll)  off-axis  in  <1120>  directions  achieves  faster  growth  rates  than  <1100>  directions,  and 
(iii)  growth  rate  for  a  surface  off-axis  in  a  <1120>  direction  is  insensitive  to  polytype  but  the  growth  rate  is 
sensitive  to  polytype  for  a  surface  off-axis  in  a  <1100>  direction. 

Model  predictions  (i)  and  (ii)  agree  with  experiment.  As  observed  experimentally  [3],  increasing  the  tilt  off- 
axis  toward  [1120]  from  a  {0001}  vicinal  plane  increases  the  growth  rate  if  the  growth  mechanism  is  dominated 
by  atom  incorporation  at  step  riser  kink  sites.  In  the  MC  model,  increasing  the  tilt  angle  increases  the  ratio  of 
step  riser  sites  to  terrace  sites.  Growth  is  more  rapid  on  a  step  at  a  riser  site  than  a  terrace  site.  The  increased 
ratio  of  high  growth  sites  to  low  growth  sites  increases  the  growth  rate. 

Experimentally  Kimoto,  et.  al.  have  shown  that  lateral  growth  rate  (growth  across  a  terrace  from  a  step)  on 
6H-SiC  is  about  three  orders  of  magnitude  higher  than  the  vertical  growth  rate  at  temperatures  higher  than 
1400°C,  although  the  lateral  growth  rate  decreases  at  low  temperatures.  Also,  the  lateral  growth  rate  is 
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observed  to  be  anisotropic  on  6H-SiC  with  the  fastest  growth  direction  on  a  {0001}  surface  in  the  [1120] 
direction  and  the  slowest  in  the  [1100]  direction.  In  the  MC  model  the  characteristic  triangular  growth 
morphology  is  the  main  reason  for  the  varying  growth  rates  with  off-axis  direction  seen  in  Fig.  2(a).  Steps  at  a 
characteristic  triangular  edge  have  only  one  bond  available  for  growth  per  atom  at  the  step  and  as  a 
consequence  do  not  grow  as  rapidly  as  steps  oriented  in  other  directions.  Any  step-flow  growth  in  a  <ll00> 
equivalent  direction  is  either  toward  a  "triangle  point"  or  a  "triangle  edge".  In  contrast  any  step-flow  growth 
in  a  <1120>  characteristic  direction  will  form  steps  that  are  not  at  a  triangle  edge. 

Step  bunching  explains  why  the  MC  model  predicts  slower  step  flow  growth  in  the  <lT00>  directions  for  oc- 
SiC  (2H,4H,6H)  than  3C-SiC.  For  step  flow  growth  in  <1100>  directions  there  are  "fast"  flowing  steps  which 
flow  toward  a  characteristic  triangle  point,  and  "slow"  flowing  steps  which  flow  toward  a  characteristic 
triangle  edge.  If  a  fast  flowing  step  encounters  a  slow  flowing  step  under  it  the  growth  rate  will  be  limited  by 
the  growth  of  the  slower  flowing  step.  For  3C-SiC  the  orientation  of  the  triangle  never  reverses  so  all  the  steps 
flowing  in  one  direction  are  slowed  while  all  the  steps  flowing  in  the  opposite  direction  continue  to  flow.  For 
a-SiC  however  the  orientation  of  the  characteristic  triangle  reverses  periodically  in  the  stacking  order.  As  a 
result  a  "fast"  flowing  step  will  encounter  a  step  under  it  which  has  a  slower  growth  rate. 

Fig.  2(b)  is  a  plot  of  the  number  of  atoms  deposited  on  a  surface  off-axis  8°  from  a  {0001}  vicinal  plane  in  a 
<1100>  direction  versus  time  for  different  polytypes.  The  growth  rate  transition  seen  in  Fig.  2(b)  (2H,  4H,  6H) 
are  due  to  two  growth  regimes  The  first  growth  rate  is  due  to  all  steps  on  the  surface  flowing,  but  primarily 
the  fast  flowing  steps.  The  second  slower  growth  rate  is  due  to  step  bunching  as  fast  flowing  steps  bunch  up 
at  slow  moving  steps  and  growth  is  limited  by  growth  of  slow  moving  steps. 

The  step  bunching  seen  in  Fig.  3  is  due  to  hexagonal  BL  stacking  content  causing  the  triangular  morphology 
characteristic  of  2D  growth  to  change  orientation.  The  bunching  is  periodic  with  the  repeated  pattern 
polytype  dependent.  For  2H-SiC  or  (ll)-SiC  in  Zhdanow  notation  (in  Zhdanow  notation  the  two  numbers  in 
the  parenthesis  indicate  the  BL  period  of  the  two  characteristic  triangle  orientations)  the  alternating  fast-slow 
step  flow  pattern  results  in  all  steps  bunched  two  BLs  high.  For  6H-SiC  (or  (33)-SiC)  the  fast-fast-fast-slow- 
slow-slow  step  flow  pattern  results  in  the  three  fast  flowing  steps  bunching  up  at  the  first  slow  step  and  the 
other  two  slow  steps  isolated  from  the  4  BL  high  step  bunch.  3C-SiC  shows  no  step  bunching  due  to 
hexagonal  stacking  since  all  of  its  BL  stacking  is  cubic.  A  closer  look  at  a  step  bunch  for  6FI-SiC  is  shown  in 
Fig.  4.  The  chemical  makeup  along  the  step  bunch  is  not  the  same  for  each  BL  step.  The  variation  in  the 
chemical  makeup  of  the  bunch  will  have  consequences  on  the  chemical  reactivity  of  Si  and  C  atoms  at  the  step 
riser. 

V.  CONCLUDING  REMARKS 

A  dangling  bond  formulation  of  a  MC  model  was  applied  to  the  growth  of  3C,  2H,  4H,  and  6H-SiC(lll).  The 
model  predicts  the  (111)  plane  faceting  seen  in  (3-SiC  (3C)  and  the  hexagonal  structures  seen  when  growing  on 
a-SiC  (2H,4H,6FI).  The  sensitivity  of  the  reaction  probability  to  the  number  of  available  bonds  at  a  particular 
lattice  site  allows  the  model  to  predict  the  triangular  and  hexagonal  morphologies.  The  model  predicts  faster 
step  flow  growth  rates  for  <1120>  directions  compared  to  <lTOO>  directions  and  the  variability  of  the  step 
flow  growth  rate  between  <1100>  directions.  The  model  illustrates  a  possible  step  bunching  mechanism.  The 
hexagonal  stacking  content  found  in  a-SiC  reverses  the  flow  direction  of  "fast"  and  "slow"  moving  steps  in 
<1100>  directions  causing  faster  flowing  steps  to  bunch  up  at  slower  moving  steps. 
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abstract 

SiC  epi-layer  was  grown  by  CST(Close  space  technique).  The  feature  of  CST  is  that  crystal 
growth  is  carried  out  in  quasi-equilibrium.  Epi-layers  were  characterized  by  X-Ray  diffraction, 
Raman  spectroscopy  and  KOH  etching.  The  crystal  quality  of  the  epi-layers  was  very  high.  After 
KOH  etching,  it  was  determined  that  micropipes  in  the  epi-layer  were  caused  by  the  substrate.  The 
epi-layers  were  characterized  by  Raman  spectroscopy.  Though  p-type  source  material  was  used  to 
grow  the  epi-layers,  the  epi-layer  was  n-type. 

Introduction 

SiC  is  suitable  for  high  power  devices  because  of  its  wide-bandgap  and  high  thermal 
conductivity.  To  make  a  SiC  device  having  high  breakdown  voltage,  thick  epitaxial  layers  are 
needed.  In  conventional  CVD  method  ( in  which  silane  and  propane  are  normally  used),  epitaxial 
growth  rate  is  about  3  p  m/h.  From  an  industrial  point  of  view,  rapidly  grown  thick  epi-layers  are 
required.  Sublimation  epitaxy(CST)  has  been  demonstrated  to  grow  thick  epi-layers  at  higher 
growth  rate  [1-3].  Quality  of  the  epi-layer  was  influenced  significandy  by  pressure  during  growth 
and  polarity  of  the  substrate.  In  this  report,  we  focus  on  the  formation  mechanism  of  defects  in  the 
epi-layer. 

Experiment 

3C-SiC  polycrystalline  plates  of  semiconductor  grade  (MUHSIC:Admap  Ltd.)  were  used  as 
SiC  source  material  while  4H-SiC(0001)  substrates  of  commercially  obtained  wafers  inclined  8° 
off  towards  <1120>  were  used  as  substrates.  Size  of  the  substrate  was  5mm  x  5mm.  In  order  to 
have  an  accurate  spacer  height  between  source  and  substrate,  a  graphite  spacer  with  a  square 
opening  size  of  4  mm  x  4  mm  was  used.  The  source  and  substrate  were  set  in  a  graphite  crucible. 
TTie  crucible  was  thermally  shielded  by  graphite  foam.  A  vertical  quartz  tube  cooled  by  an  air-fan 
was  used  as  the  reaction  tube.  The  experiments  were  carried  out  in  Ar  atmosphere.  The  crucible  in 
the  reaction  tube  was  heated  by  an  rf  generator  at  a  frequency  of  about  45kHz.  Typical  growth 
conditions  were  as  follows:  growth  temperature  of  source  material  (Tg)  1900-2  lOOt: .temperature 
gradient  (grad  T)  3.7‘C/mm,  growth  pressure  (P)  0.3-100Torr,  distance  (AX)  between  source  and 
substrate  1.5  mm.  The  surface  morphology  of  the  epi-layer  was  observed  by  optical  microscopy 
(OM)  in  the  Nomarsky  mode.  Crystallinity  and  purity  of  the  epi-layer  were  characterized  by  X-ray 
diffraction  and  Raman  spectroscopy. 

Result 

Attention  was  paid  to  the  temperature  gradient  to  obtain  a  high  growth  rate.  In  order  to  get  a 
high  temperature  gradient,  that  is  to  say,  to  prevent  an  eddy  current  around  the  crucible  wall,  slits 
were  made  in  the  upper  part  of  crucible.  A  temperature  gradient  of  about  8‘C/mm  and  a  high  growth 
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rate  were  obtained  when  this  type  of  crucible  was  used.  But  the  surface  morphology  of  epi-layers 
grown  in  the  crucible  with  slits  was  rougher  than  that  grown  in  the  crucible  with  no  slits.  This  was 
probably  caused  by  high  growth  rate  and  high  temperature  gradient.  In  the  range  of  the  growth 
pressure  in  this  experiment,  epitaxial  growth  is  earned  out  in  the  diffusion  transfer  limited  stage.  If 
the  growth  pressure  is  above  about  ITorr,  epitaxial  growth  is  carried  out  in  the  diffusion  transfer 
limited  stage.  If  the  pressure  is  in  below  ITorr,  epitaxial  growth  is  carried  out  in  the  surface 
reaction  limited  stage[4].  The  substrate  temperate  used  in  the  crucible  with  slits  was  the  same  as 
that  used  in  the  case  of  the  crucible  without  slits.  But  the  source  temperature  was  different  in  each 
case.  As  the  temperature  is  higher,  the  pressure  of  molecules  is  higher  and  supersaturation  is  higher, 
too.  Therefore  the  reaction  space  is  in  a  stage  of  non-equilibrium  and  the  crystal  quality  of  the  epi- 
layer  decrease.  Since  CST  crystal  growth  is  supposed  to  be  carried  out  in  quasi-eqilibrium,  the  use 
of  non-equilibrium  affects  the  surface  morphology.  Therefore,  other  ways  need  to  be  developed  to 
get  high  growth  rate  and  high  crystal  quality. 

Fig.l  shows  the  dependence  on  FWHM  of  X-ray  diffraction  of  the  growth  pressure.  FWHM 
of  Si  (1 1 1)  face  is  0.041  degrees  in  our  X-ray  diffraction  apparatus.  And  this  width  is  the  minimum 
width  capable  of  analysis  by  our  X-ray  diffraction  apparatus.  The  number  on  the  figure  between  the 
substrate  FWHM  and  the  epi-layer  FWHM  is  the  difference  between  the  two  numbers.  As  the 
growth  pressure  is  lower,  the  difference  is  larger.  When  the  growth  pressure  is  10  and  3.0xl0^Torr, 
the  difference  is  0.012  degrees  and  this  is  the  largest.  Therefore  it  may  be  concluded  that  as  growth 
pressure  is  reduced,  the  crystal  quality  of  the  epi-layer  is  better.  Besides,  it  is  observed  that  the 
FWHM  of  the  epi-layer  depends  on  that  of  the  substrate.  Therefore  to  get  a  high  quality  epi-layer,  a 
high  quality  substrate  is  needed.  At  a  growth  pressure  of  lOTorr,  the  FWHM  of  epi-layer  is  0.042 
degrees  which  is  almost  the  same  of  that  of  Si.  So  the  crystal  quality  of  this  epi-layer  is  very  high. 
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Fig.  1  FWHM  of  X-Ray  diffraction  dependence 
on  growth  pressure 

Fig.2  is  the  picture  of  the  surface  morphology  of  the  boundary  between  the  epi-layer  and  the 
substrate.  This  picture  was  taken  after  KOH  etching.  The  etching  time  was  four  minutes  and  the 
temperature  of  KOH  was  50OC.  It  can  be  observed  that  there  are  two  types  of  etch  pits.  Large  etch 
pits  are  caused  by  micropipes  and  small  ones  are  caused  by  the  crystal  dislocations.  A  number  of 
etch  pits  continue  from  the  substrate  to  the  epi-layer  in  one  line.  These  etch  pit  lines  are  caused  by 
small  angle  grain  boundaries  in  the  substrate.  If  there  is  a  small  angle  boundary  in  a  crystal,  there 
are  many  crystal  dislocation  and  these  are  continuous.  So  when  the  sample  which  has  the  small 
angle  boundary  is  etched,  many  etch  pits  appear  continuously  like  one  line.  Because  the  etch  pit 
line  continues  from  the  substrate  to  the  epi-layer,  we  believe  that  the  etch  pit  line  on  the  epi-layer 
are  caused  by  small  angle  grain  boundaries  in  the  substrate.  Therefore  a  high  quality  substrate 
which  has  no  crystal  dislocations  is  needed  to  obtain  a  high  quality  epi-layers. 
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Fig.3  is  the  Raman  spectra  of  the  epi-layer  grown  using  p-type  source.  Usually, 
polycrystalline  3C-SiC  plates  was  used  to  grow  the  n-type  epi-layer.  To  grow  the  p-type  epi-layer,  a 
p-type  single  crystal  6H-SiC  wafer  was  used.  This  wafer  was  divided  into  6x6mm  size  and  was 
used  as  source  material.  The  growth  temperature  and  the  pressure  was  the  same  of  the  n-type 
growth.  The  growth  temperature  of  source  material  was  about  20001:  and  pressure  was  0.3-50  Torr. 
Fig. 3 (a)  shows  TA  Raman  spectra  of  the  epi-layer  grown  by  the  p-type  source  material  and  the  p- 
type  4H-SiC.  The  doping  level  of  this  p-type  wafer  source  was  l.lxKT/cm3.  The  feature  of  the  p- 
type  Raman  spectrum  in  TA  mode  is  that  the  base  line  lifts  a  bit  in  comparison  with  that  of  n- 
type.[5][6].  In  LO  mode  the  spectrum  becomes  like  a  delta  function  and  if  the  carrier  concentration 
varies,  the  spectrum  hardly  shifts  right  or  left.  The  only  variation  in  the  LO  spectrum  is  the  value  of 
the  FWHM  in  changing  with  carrier  concentration [5]  [6].  In  Fig.  3,  the  Raman  spectrum  of  the  p- 
type  wafer  is  shown  as  a  reference  for  a  p-type  spectrum.  In  comparing  the  spectrum  of  the  p-type 
wafer  and  that  of  epi-layer  grown  by  p-type  source  material,  it  can  be  observed  that  the  epi-layer 
does  not  become  p-type.  Carrier  concentration  of  this  samples  was  3.3xl017cm3  and  2.4xl017/cm3 
on  Raman  measurement.  Assuming  that  these  samples  were  n-type,  we  made  Schottky  diodes  on 
these  samples.  From  CV  measurement  of  these,  the  donor  density  was  4.7x1 0I8/cm3  and 
2.3xl018/cm3 .  Therefore  the  acceptor  density  must  be  4xl018/cm3  and  2xl017cm3  and  to  make  a  p- 
type  epi-layer,  the  donor  concentration(that  is  nitrogen)  must  be  reduced. 


Fig.2  Surface  morphology  of  the  epi-layer  after  KOH  etching 


Raman  shift  [/cm] 

Fig.3  Raman  spectra  of  the  epi-layer  using  p-type  source  material 
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(a)  Perpendicular  to  (b)  Tilting  angle  of  30°  from  normal 

theeP1'layer  to  the  epi-laver 


Fig.4  SEM  image  of  micropipe  defect 


To  study  the  defect  distribution  between  the  substrate  and  epi-layer,  we  observed  micropipe 
defects  that  appeared  on  epi-layer  after  etching  with  molten  KOH.  The  micropipe  defects  were 
observed  by  SEM  and  two  SEM  image  are  shown  in  Fig.4.  Fig.4(a)  is  an  image  which  was  taken 
perpendicular  to  the  epi-layer  and  Fig.4(b)  is  an  image  which  was  taken  at  a  tilting  angle  of  30° 
from  normal  to  the  epi-layer.  Concentric  hexagonal  shapes  are  observed  in  this  micropipe.  Several 
steps  are  also  seem  in  this  micropipe.  By  simple  calculation,  the  height  of  this  micropipe  defect  was 
46.2  ^m.  The  thickness  of  this  epi-layer  was  14.7  ^m,  so  it  can  be  seem  that  the  micropipe  defect 
originated  from  the  substrate. 


Conclusions 

SiC  epi-layer  grown  by  CST  was  characterized  by  XRD,  Raman  spectroscopy,  KOH 
etching,  and  SEM.  To  make  a  high  quality  (defect  free)  epi-layer,  micropipe  free,  low  defect 
density  substrates  are  needed.  And  if  the  quality  of  the  substrate  is  good,  high  quality  epi-layers  like 
Si  are  obtained. 
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Ministry  of  Education,  Science  and  Culture,  Japan  and  FED,  NEDO  Japan,  and  Ion  Engineering 
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Abstract.  The  objective  of  the  present  work  was  to  prepare  3C  -SiC  epilayers  on  base 
of  6H-SiC  substrate  and  to  study  epilayer’s  parameters.  Heteroepitaxy  was  carried  out 
using  sublimation  epitaxy  (SE)  in  an  open  system.  The  presence  of  3C-SiC  layer  in  the 
prepared  structures  was  confirmed  by  X-ray  diffraction.  Parameters  of  Schottky  diodes 
prepared  on  base  of  this  epilayers  were  investigated  by  capacitance-voltage 
characteristics  and  DLTS.  Also  it  was  investigated  influence  of  proton  irradiation  and 
annealing  on  epilayers  Nd-Na  value  and  deep  centres  concentration. 

Introduction.  Owing  to  its  high  carrier  mobility,  cubic  silicon  carbide  (3C-SiC)  is 
object  of  particular  commercial  interest.  At  the  same  time,  3C  substrates  are 
practically  not  produced  at  all.  Therefore,  epitaxial  3C-SiC  layers  are  commonly 
grown  by  heteroepitaxy  on  silicon  substrates  [1,2]. 

Growth  condition.  In  the  present  work  an  epitaxial  3C-SiC  layer  was  grown  by 
sublimation  heteroepitaxy  in  an  open  growth  system.  The  growth  was  conducted  on 
the  (0001)Si  face  of  a  6H-SiC  substrate  produced  by  the  Lely  method.  No  impurities 
were  introduced  purposefully  in  the  process  of  growth.  The  growth  conditions  leading 
to  6H  -  3C  transformation  of  polytype  in  sublimation  epitaxy  were  studied  in  [3,4]. 

Experimental.  X-ray  topography  demonstrated  that  the  structural  perfection  of  the 
layer  is  determined  by  the  twin  structure.  Figure  1  presents  a  topograph  of  the  4-5 pm 
thick  3C-SiC  layer  studied.  Twins  of  two  types  with  a  rotation  of  180°  appear  in  the 
topography  as  regions  with  black  and  white  contrast.  As  can  be  seen  from  fig.l, 
epitaxial  layer  contains  twins  with  high  area  of  about  5mm2. 

Schottky  diodes  300  pm  in  diameter  were  fabricated  on  the  layer  by  magnetron 
sputtering  of  nickel.  A  study  of  their  capacitance-voltage  characteristics  demonstrated 
a  uniform  doping  of  the  layer  to  a  depth  of  1  pm.  The  net  donor  concentration  in  the 
layer  under  study  was  Nd-Na=2-1016  cm'3. 
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The  parameters  of  deep  centres  were 
determined  by  capacitance  (C-DLTS) 
and  current  (i-DLTS)  spectroscopes. 
DLTS  spectra  were  studied  in 
temperature  range  85-350  K.  Applied 
reverse  voltage  during  measurement 
was  6  V.  For  recharging  of  the  traps, 
applied  voltage  was  periodically 
decreased  down  to  zero.  Duration  of 
the  recharging  pulses  was  5  ms.  A 
study  of  DLTS  spectra  revealed  a 
single  deep  centre  in  the  upper  half  of 
the  forbidden  gap  with  ionisation 
energy  Ec-0.62  eV.  The  concentration 
of  this  centre  was  Nt=9.8  1014  cm'3. 

Irradiation.  Also  it  were  investigated 
parameters  of  deep  levels  arisen  in 
3C-SiC  layers  after  proton  irradiation. 
Irradiation  was  made  at  cyclotron 
MGC-20.  Proton  energy  was  8MeV, 
irradiation  doze  1*1014  cm'2.  On  Fig.2 
it  is  shown  C-U  characteristics  before 
and  after  irradiation  and  after 


Fig.l .  X-ray  topograph  of  the  3C-SiC  epilayer 
(Bragg’s  reflection  (31 1)3C,  CuKa  -  radiation). 
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Fig.2.  C-U  characteristics  of  the  Schottky  diodes  fabricated 
on  the  investigated  layer 


annealing  at  650  K.  After 
irradiation  we  did  not  see  any 
new  deep  centres  above 
presented  in  epilayer  before 
irradiation.  Nd-Na  value  and 
concentration  of  deep  centre 
are  presented  in  the  Table. 

As  shown  in  table,  irradiation 
and  annealing  leads  to 
increasing  of  the  Nd-Na  value, 
and  this  increasing  was  on  one 
order  of  magnitude  more  than 
increasing  of  concentration  of 
detected  deep  level.  This, 
possible,  shows  that  the 
irradiation  (above  increasing 
of  detected  deep  centre 
concentration)  leads  to  arising 
new  deep  centres  of  donor  and 
acceptor  nature,  which  we  can 
not  detect  by  our  DLTS 
measurements.  These  centres 


can  be  in  upper  half  of  forbidden  gap,  if  they  recharge  not  in  temperature  range 
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85-350  K,  or  in  lower  half  of  forbidden  gap.  In  this  case  difference  in  concentrations 
of  irradiation  induced  donor  and  acceptor  centres  determined  increasing  of  Nd-Na 
value.  Increasing  of  Nd-Na  value  after  annealing  can  take  place,  if  new  acceptor 
centres  annealed  out  and  concentration  of  donor-like  centres  did  not  strongly  change. 

Table. Concentration  of  impurities  in  investigated  3C-SiC  epilayers. 


Sample 

Nd-Na,  cm'3 

Deep  centre 
concentration,  cm'3 

as  grown 

to 

o. 

9.8-1014 

irradiated 

2.8- 1016 

© 

irradiated  and  annealed  at 
650  K 

7.141016 

5-1015 

Discussion.  An  Arrhenius  temperature  dependence  is  shown  in  Fig.  3  for  the  centre 
discovered  in  this  work.  The  same  figure  presents  Arrhenius  dependencies  for  the 
centres  T3  [1]  and  SCE2  [2],  previously  found  in  layers  grown  by  gas-phase  epitaxy 
on  silicon  substrates.  It 
can  be  seen  that  all  the 
three  curves  have 
close  parameters  and 
are  presumably  related 
to  a  single  centre. 

Possibly,  this  centre  is 
a  carbon  vacancy, 
since  one  of  the 
factors  governing  the 
transformation  of  the 
polytype  is  elevated 
pressure  of  silicon 
vapour  in  the  growth 
cell  [5].  Moreover,  the 
ionisation  energy  of 
the  discovered  centre 
is  the  closest  to  the 
ionisation  energy  of 
the  carbon  vacancy 
calculated 

theoretically  in  [6]. 

Also  previously  it  was 
found  that  the  Si/C  ratio  is  not  the  same  in  different  polytypes  -  it  increases  with 
increasing  degree  of  hexagonality,  being  equal  to  1.046,  1.022,  and  1.001  for  3C,  6H, 
and  4H,  respectively  [7].  Data  on  diffusion  and  solubility  of  impurities  in  different 
SiC  polytypes  [5]  also  indicate  that  concentrations  of  Vc  vacancies  in  these  polytypes 
are  different  and  its  maximum  concentration  is  in  3C  SiC.  Theoretical  analysis  of  this 
experimental  data  is  given  in  [8],  Our  data  on  proton  irradiation  also  confirm  that  this 
centre  may  be  intrinsic  defect. 


Fig. 3.  Arrhenius  plots  for  the  trap  observed  in  this  work 
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Summary.  The  experiments  we  carried  out  indicate  that  by  sublimation  epitaxy  it  is 
possible  to  obtain  a  low-doped  n-type  3C-SiC  layer  on  6H-SiC  substrate.  Schottky 
diodes  prepared  on  base  of  this  epilayers  has  enough  good  electrical  characteristics. 
DLTS  measurements  indicate  one  deep  centre,  concentration  of  which  increased  after 
proton  irradiation.  It  is  possible  to  connect  this  level  with  intrinsic  defect,  i.e.  carbon 
vacancy.  So,  it  seems  reasonable  to  suggest  that  after  optimisation  of  the  technological 
conditions  used,  it  would  be  possible  to  produce,  because  of  high  electron  mobility  in 
3C-SiC,  small  size  microwave  devices  (e.g.  MESFET)  on  base  of  such  epilayers. 
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Abstract 

In  this  paper,  we  describe  a  novel  technique,  which  shows  a  high  potential  for  defect  densities  and  stress 
reduction  in  SiC  and  GaN,  both  epitaxial  and  bulk.  This  technique  is  based  on  nanometer  scale  epitaxial 
lateral  overgrowth  (NELOG)  method,  which  employs  porous  substrate  materials.  This  technique  does 
not  require  any  mask  and  may  be  easily  scaled  for  large  area  substrates. 

SiC  layers  were  grown  on  porous  SiC  by  sublimation  sandwich  method.  Porous  SiC  substrates 
were  formed  by  surface  anodization  of  SiC  commercial  wafers. 

GaN  layers  were  overgrown  by  hydride  vapour  phase  epitaxy  on  porous  GaN.  Porous  GaN  was 
formed  by  anodization  of  single  crystal  GaN  layers  grown  previously  on  SiC  substrates. 

Epitaxial  layers  grown  on  porous  buffer  layers  were  investigated  in  terms  of  crystal  structure, 
residual  stress,  and  optical  properties. 

Introduction 

Defect  density  and  stress  reduction  in  bulk  and  epitaxial  materials  is  the  main  issue  of  SiC  and  GaN 
technology.  Recently,  significant  dislocation  density  reduction  has  been  achieved  in  GaN  materials 
using  epitaxial  lateral  overgrowth  (ELOG)  approach  [1,2].  Improvement  of  device  performance  by 
ELOG  has  been  demonstrated  for  lasers  and  transistors.  However,  the  ELOG  method  allows  one  to 
reduce  defect  density  in  local  areas  only.  The  method  requires  precise  mask  aliment  and  use  of 
advanced  lithography  techniques.  Mask  material  may  serve  as  a  source  of  GaN  contamination  during 
the  epitaxial  overgrowth.  In  this  paper,  we  describe  a  novel  epitaxial  overgrowth  technique,  which  does 
not  require  any  mask.  The  idea  of  the  method  is  to  overgrow  pores  formed  on  the  surface  and  in  the 
balk  of  an  initial  substrate.  Usually,  porous,  formed  in  semiconductor  materials,  have  size  ranging  from 
10  to  50  ran.  The  proposed  technique  deals  with  lateral  overgrowth  of  these  pores,  so  we  call  this 
technique  “nanometer  scale  epitaxial  lateral  overgrowth”  or  NELOG  method.  The  method  can  be  easily 
scaled  for  large  area  substrates.  We  demonstrate  the  method  for  both  SiC  and  GaN. 

Experimental  procedure  and  results 

SiC  epitaxial  layers  were  grown  on  porous  SiC  by  sublimation  sandwich  method  [3].  Porous  SiC 
substrates  were  formed  by  surface  anodization  of  6H-SiC  commercial  wafers.  The  anodization  was 
done  on  polished  (0001)Si  face  6H-SiC  substrate.  The  anodization  procedure  was  similar  to  the 
process,  which  has  been  recently  developed  for  porous  GaN  [4].  Thicknesses  of  porous  SiC  layers 
ranged  from  1  to  10  microns.  Pore  size  was  in  nanometer  scale.  Interface  between  porous  SiC  and 
non-porous  SiC  was  abrupt.  Typical  surface  morphology  of  porous  SiC  measured  by  atomic  force 
microscope  (AFM)  is  shown  in  Fig.  la. 
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Figure  1.  Scanning  AFM  image  of  porous  surface  (a)  and  scanning  electron  microscopy  (SEM)  image  (b)  of 
cleaved  surface  of  1 2  pm  thick  SiC  layer  ( 1 )  grown  on  porous  SiC  layer  (2). 

Sublimation  epitaxial  growth  of  silicon  carbide  on  porous  SiC  was  done  at  2000°C.  Growth 
procedure  was  described  in  details  elsewhere  [5].  Growth  rate  was  10-20  pm/hr.  Thickness  of  the 
epitaxial  layers  was  about  1 1-13  microns  (Fig.  lb). 

The  surface  of  overgrown  material  was  uniform  and  flat  without  any  traces  of  porous  structure 
(Fig.  2).  The  PL  measurements  showed  that  the  grown  material  is  of  the  same  polytype  as  the  initial 
6H-SiC  substrate.  The  position  of  exiton  related  peak  was  characteristic  for  6H-SiC.  Intensity  of  broad 
PL  band  at  550  nm  was  much  lower  than  that  for  SiC  layers  grown  on  usual  SiC  substrate  indicating  a 
reduction  of  deep  level  concentration  in  SiC  grown  on  porous  substrate.  X-ray  measurements  detected 
an  improvement  of  crystal  structure  of  SiC  layer  grown  on  porous  material.  The  full  width  at  a  half 
maximum  of  x-ray  rocking  curve  for  (00012)  reflection  for  o-20-scan  ranged  from  10  to  15  arc  sec 
and  from  8  to  12  arc  sec  for  SiC  layers  grown  on  standard  and  porous  substrates,  respectively.  X-ray 
topography  indicated  that  size  of  defect-related  stressed  areas  in  SiC  layer  grown  on  porous  SiC  is 
smaller  than  that  for  initial  substrate.  Density  of  defects  in  SiC  layer  grown  on  porous  buffer  was 
estimated  to  be  a  few  times  less  than  that  for  SiC  layer  grown  on  the  same  substrate  without  porous 
buffer  layer.  X-ray  topography  showed  that  in  some  areas  of  the  sample,  the  dislocation  density  was 
reduced  from  the  104  cm-4  to  low  103  cm'2  range.  The  reduction  of  defect-related  stress  leads  to  the 
narrowing  of  the  x-ray  diffraction  rocking  curves. 

GaN  layers  were  overgrown  by  hydride  vapour  phase  epitaxy  (HVPE)  on  porous  GaN.  Porous 
GaN  material  was  formed  by  anodization  of  single  crystal  GaN  layers,  grown  previously  on  SiC 
substrate.  The  HVPE  method  and  properties  of  GaN  grown  on  SiC  by  HVPE  are  described  elsewhere 
[6].  Pore  size  was  in  nanometer  scale  range.  Figure  3  clearly  shows  that  GaN  layer  overgrows  the 
pores  formed  in  GaN  substrate  material.  Thickness  of  overgrown  GaN  layers  ranged  from  2  to 
70  microns  (Fig.  4). 
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Figure  2.  AFM  surface  image  (a)  and 
RHEED  image  (b)  for  SiC  layer 
grown  on  porous  SiC. 


Figure  3.  SEM  image  of  GaN  layer  overgrown  on  porous  GaN:  1  -  GaN  layer,  2  -  porous  GaN 

substrate  material. 


It  was  shown  that  GaN  layers  overgrown  on  porous  GaN  have  good  surface  morphology  and  high 
crystalline  quality  (Fig.  4).  X-ray  and  Raman  measurements  indicated  that  the  stress  in  the  layers  grown 
on  porous  GaN  was  reduced  down  to  0. 1-0.2  GPa,  while  the  stress  in  the  layers  grown  directly  on 
6H-SiC  substrates  remains  at  its  usual  level  of  about  1  GPa.  Results  of  stress-reduction  measurements 
in  single  crystal  GaN  layers  grown  on  porous  GaN  are  discussed  elsewhere  [7],  We  propose  porous 
GaN  to  be  used  as  buffer  layer  for  stress-reduced  GaN  device  structures  and  bulk  material. 
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Figure  4.  SEM  image  (left)  of  cleaved  surface  of  11  pm  thick  GaN  layer  (1)  grown  on  porous  GaN  layer  (2) 
formed  on  SiC  substrate  (3).  RHEED  (right)  for  GaN  layer  grown  on  porous  GaN. 

Conclusions 

SiC  and  GaN  epitaxial  layers  were  grown  on  porous  SiC  and  GaN,  respectively.  Material  quality  was 
unproved  by  using  porous  substrates.  Much  more  research  is  necessary  to  optimize  parameters  of 
porous  materials  and  overgrown  layers. 
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Abstract  We  investigated  properties  of  undoped  4H-SiC  epitaxial  layers  grown  on  4H-SiC 
substrates  by  liquid  phase  epitaxy  (LPE).  Vertical  dipping  version  of  LPE  method  was  employed. 
Growth  was  carried  out  from  Si-based  melt  contained  in  graphite  crucible  in  the  temperature  range 
from  1550  to  1700°C.  Growth  rate  and  layer  thickness  ranged  from  0.1  to  1  micron  per  hour  and 
1  to  9  microns,  respectively.  Crystal  quality  of  grown  material  was  evaluated  by  x-ray  diffraction 
and  photoluminescence  (PL).  Background  doping  concentration  and  minority  carrier  diffusion 
lengths  were  measured. 

Introduction  Liquid  phase  epitaxy  was  the  first  method  to  demonstrate  a  number  of  SiC  devices 
on  earlier  stages  of  silicon  carbide  development  [1]  including  high  temperature  field  effect  and 
bipolar  transistors,  thyristors,  blue  and  violet  light  emitting  diodes.  Recently  it  has  been  shown  that 
defect  density  in  SiC  layers  grown  by  LPE  can  be  significantly  reduced  in  comparison  with  that  in 
the  substrate  materials  [2,3,4].  SiC  pn  structures  with  stable  operation  at  high  breakdown  current 
were  demonstrated  [5].  Due  to  low  defect  density  and  relatively  large  minority  carrier  diffusion 
length,  LPE  grown  SiC  layers  were  proposed  to  be  used  as  base  regions  for  large  area  high-power 
SiC  devices  [6].  Most  of  these  results  were  obtained  on  6H-SiC  LPE  grown  structures.  In  this 
paper,  we  report  on  properties  of  undoped  4H-SiC  epitaxial  layers  grown  by  LPE. 

Experiment  and  results  4H-SiC  epitaxial  layers  were  grown  on  4H-SiC  (0001)  8  degrees  off-axis 
commercial  substrates.  Epitaxial  deposition  was  done  on  the  (0001)Si  face  of  the  substrate.  Both 
n-type  and  p-type  substrates  were  used.  Growth  processes  were  performed  on  production-type 
reactor  NIKA-S.  Vertical  dipping  version  of  LPE  process  in  temperature  gradient  field  was 
employed  [7].  Inductively  heated  growth  zone  was  modified  to  accept  2-inch  diameter  SiC  wafers. 
Growth  zone  parts  including  crucible  were  machined  from  extra  high-purity  graphite.  Si-based  melt 
was  used  as  a  solvent  [8].  Samples  were  rotated  during  the  growth.  Growth  temperature  ranged 
from  1550  to  1700°C. 

Thickness  of  grown  layers  was  measured  using  both  (1)  scanning  electron  microscopy  and 
(2)  luminescent  optical  microscopy  at  77  and  300  K.  Growth  rate  depending  on  substrate 
temperature  varied  from  0.1  to  1  micron  per  hour.  Thicknesses  of  the  grown  layers  ranged  from 
1  to  9  microns. 

Surface  of  the  grown  material  was  investigated  by  optical  and  electron  microscopy,  reflectance 
high-energy  electron  diffraction  (RHEED),  and  atomic  force  microscopy.  Surface  morphology 
exhibits  a  high  degree  of  step  bunching,  which  is  typical  for  epitaxial  layers  grown  by  LPE  on 
off-oriented  substrates  [9]. 

Crystal  structure  of  grown  layers  was  investigated  by  x-ray  diffraction.  The  layers  were  found 
to  be  4H-SiC.  The  frill  width  at  a  half  maximum  of  co-20-scan  x-ray  rocking  curve  for  (0004) 
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reflection  ranged  from  10  to  20  arc  sec.  Photoluminescence  measurements  confirmed  that  grown 
layers  have  4H  polytype  structure  (Fig.  1). 


Figure  1.  Photoluminescence  spectrum  measured  at  80  K  for  undoped  4H-SiC  layer  grown  on 
p-type  4H-SiC  substrate.  Layer  thickness  is  8  microns.  Concentration  Nd-Na  is  lxl 017  cm'3. 

Concentration  of  uncompensated  electrically  active  donors,  Nd-Na,  in  these  epitaxial  layers  was 
estimated  using  capacitance- voltage  characteristics  of  Schottky  barriers  formed  by  vacuum  thermal 
evaporation  of  high  purity  Ni.  It  was  found  that  the  N<r-Na  concentration  depends  on  ambient  gas  in 
reaction  chamber  (Fig.  2).  High  donor  concentration  measured  for  SiC  layers  grown  in  He  probably 
was  due  to  low  purity  of  He  gas. 


Distance  (pm) 

Figure  2.  Concentration  Nd-Na  measured  for  4H-SiC  layers  grown  in  He  ambient  gas  (1),  in  Ar  ambient  gas 
(2)  and  in  vacuum  of  SxlO*4  Pa  (3). 
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The  minimum  concentration  Nd-Na  of  2x1 016  cm'3  was  measured  for  4H-SiC  epitaxial  layer  grown 
in  a  vacuum.  Growth  in  a  vacuum  is  unstable  due  to  rapid  melt  evaporation  and  LPE  growth  of  SiC 
layers  must  be  developed  for  ambient  pressure  more  than  100  Torr.  We  believe  that  background 
doping  concentration  may  be  reduced  by  coating  of  graphite  parts  by  high  purity  silicon  carbide  and 
use  of  gases  with  higher  purity. 

Minority  carrier  diffusion  length,  Lp,  in  grown  4H-SiC  layer  was  measured  using  electron  beam 
induced  current  (EBIC)  technique.  The  measurements  were  performed  on  Schottky  barriers  formed 
on  layer  surfaces  and  pn  junctions  formed  between  n-layer  and  p-type  substrates.  It  was  found  that 
Lp  value  ranged  from  0.6  micron  for  the  layer  with  Nd-Na  concentration  of  lxlO17  cm'3  to 
1.2  micron  for  the  layer  with  N<r-Na  concentration  of  5xl016  cm'3.  We  may  expect  that  Ld  value 
will  increase  further  for  LPE  grown  4H-SiC  layers  with  lower  background  doping  concentration 
leading  to  epitaxial  materials  suitable  for  high-power  switching  devices. 


Nd-  Na  (cm’3) 

Figure  3.  Minority  carrier  diffusion  length  measured  by  EBIC  technique  for  4H-SiC  layers  with  different 
Nd-Na  concentrations. 

Pn  junctions  formed  between  n-layer  and  p-substrate  were  investigated  using  300  pm  diameter 
mesa-structures  formed  by  reactive  ion  etching.  Current-voltage  (I-V)  characteristics  of  these  pn 
junctions  were  measured  in  a  temperature  range  from  300  to  600  K.  Exponential  dependence  of 
forward  current  on  applied  voltage  with  non- ideality  factor,  q,  of  2.0  (Fig.  4a)  measured  in  the 
whole  temperature  range  indicates  that  current  flow  mechanism  may  be  described  by  Shockley  - 
Noyce  —  Sah’s  theory.  The  reverse  I-V  characteristics  showed  an  abrupt  breakdown  at  voltages 
around  300  V.  The  breakdown  field  was  estimated  to  be  3x1 06  V/cm. 

Electroluminescence  spectra  of  substrate-layer  pn  junction  (Fig.  4b)  contain  an  edge  peak 
related  to  exiton  recombination  and  peak  related  to  carrier  recombination  on  donor-acceptor  pairs. 
At  300  K,  the  exiton  peak  situated  at  391  nm  (3.17  eV).  Shockley  -  Noyce  -  Sah  current  flow 
mechanism  and  intense  exciton  luminescence  from  undoped  4H-SiC  layers  indicated  a  high  quality 
of  grown  material  and  relatively  low  defect  density  at  the  substrate-layer  interface. 
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Figure  4.  Current-voltage  characteristics  (a)  and  electroluminescence  (b)  for  4H-SiC  pn  junction  formed 
between  n-type  LPE  layer  and  p-type  substrate.  Concentration  Nd-Na  in  4H-SiC  layer  is  lxl 017  cm*3.  Layer 
thickness  is  8.7  pm.  Concentration  Na-Nd  in  4H-SiC  substrate  is  5x1 017  cm*3. 


Conclusions  Undoped  4H-SiC  layers  were  grown  on  off-axis  4H-SiC  substrates  by  dipping  LPE 
technique.  Si-based  melt  contained  in  graphite  crucible  was  used  as  a  solvent  for  SiC.  Growth  rate 
depending  on  growth  temperature  ranged  from  0.1  to  1  pm/hr.  Thickness  of  the  layers  was 
controlled  from  2  to  9  microns.  The  minimum  Nd-Na  concentration  of  2x1 016  cm"3  was  obtained  for 
SiC  grown  in  vacuum.  For  Ar  gas  ambient,  the  minimum  Nd-Na  concentration  in  SiC  layers  was 
about  9x10 16  cm'3.  Minority  carrier  (hole)  diffusion  length  measured  at  room  temperature  using 
EBIC  method  ranged  from  0.6  to  1.2  micron  for  layers  with  Nd-Na  concentration  lxlO17  cm"3  and 
5x1 016  cm"3,  respectively.  Future  research  will  be  focused  on  background  concentration  reduction 
and  surface  improvement. 
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Abstract.  Epitaxial  growth  of  6H-SiC  was  carried  out  on  6H-SiC  Acheson  seed  crystals  in  the 
silicon  melt  using  closed  carbon  crucible.  The  growth  was  carried  out  in  the  temperature  range 
1500-1700  °C.  The  geometry  was  specific  one,  such  that  epitaxial  layer  growth  occurred 
simultaneously  on  both  faces  of  seed  crystal  under  similar  growth  conditions.  We  have  measured 
the  growth  rate  and  studied  the  surface  morphology  of  these  grown  layers.  The  temperature  gradient 
within  the  melt  seems  to  play  a  dominant  role  in  the  growth  mechanism  in  liquid  phase  and  also 
results  in  a  better  surface  morphology  of  the  grown  layers. 

Introduction 

Silicon  carbide  is  technologically  an  important  material  for  the  realization  of  high  performance 
electronic  devices,  which  can  be  operated,  in  extremely  harsh  conditions,  such  as  high  frequency, 
high  temperatures  and  high  power  [1-2].  Research  on  materials  preparation  for  the  above  realization 
has  been  carried  out  from  different  angles  over  the  past  few  years.  Although  wafers  of  SiC  with 
diameter  of  more  than  50  mm  prepared  by  usual  physical  vapor  transport  method  are  commercially 
available,  but  the  active  region  required  to  fabricate  electronic  devices  on  these  wafers  is  restricted 
by  different  defects  present  in  these  wafers.  The  defects  of  serious  concern  are  micropipes  and 
dislocations.  The  density  of  these  defects  has  been  on  gradual  decrease  over  the  past  few  years  of 
active  research,  but  to  fabricate  the  electronic  devices  commercially  are  still  in  vain. 

SiC  growth  is  carried  out  by  different  methods  but  preparation  of  the  semiconductor  materials  in 
the  past  for  device  fabrication  had  proved  the  liquid  phase  growth  as  an  appealing  one  because  the 
growth  in  this  process  is  carried  out  close  to  equilibrium  conditions  [3].  Thus,  it  is  a  viable  growth 
method  for  production  of  high  quality  material.  Therefore,  growth  of  SiC  from  liquid  phase  might 
be  utilized  both  for  epitaxial  and  bulk  crystal  growth. 

SiC  research  in  our  laboratory  started  with  large  diameter  single  crystal  growth  by  sublimation 
method.  But  the  intrinsic  deficiencies  in  this  method  such  as  reduced  controllability  of  chemical 
vapor  content,  degradation  of  source  material,  high  heat  release  during  crystallization  and  the  defect 
formation,  especially  voids,  micropipes  and  macrodefects  are  considered  closely  related  to  the 
vapor  phase  growth.  Therefore,  research  on  alternative  SiC  growth  techniques  /  variants  were 
performed.  Growth  of  SiC  from  liquid  phase  using  silicon  based  melts,  as  solvent  for  carbon  was 
one  of  them.  Liquid  phase  crystallization  offers  principle  advantages,  e.g.  better  control  of  the 
concentration  field  along  the  solid  -  liquid  interface  either  by  forced  /  natural  convection.  It  was  also 
considered  as  a  possible  tool  to  close  the  defects  such  as  micropipes  existing  in  the  commercial  SiC 
wafers  as  well  as  the  one  grown  in  our  own  laboratory.  In  the  first  phase,  epitaxial  layers  were 
grown  on  the  Acheson  seed  crystals  to  test  the  experimental  facility  to  be  used  for  LPE  purpose. 
Until  now  different  experimental  setups  have  been  used  for  the  growth  of  SiC  epitaxy  in  liquid 
phase  and  all  of  these  were  limited  to  the  growth  on  any  one  face  of  the  seed  crystal.  In  our  setup 
the  geometrical  configuration  of  the  seed  within  the  vertical  crucible  was  such  that  growth  occurred 
simultaneously  on  both  faces  of  the  same  seed  under  the  same  growth  conditions. 
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In  this  article  we  report  on  the  liquid  phase  epitaxy  of  6H-SiC  Acheson  seed  crystals  at  different 
temperatures  in  a  closed  vessel.  The  difference  of  the  growth  rate  and  surface  morphology  is 
discussed  in  the  light  of  temperature  gradient  occurring  within  the  melt  during  LPE  growth  and  is 
compared  with  the  results  of  earlier  studies. 

Experimental 

Epitaxial  growth  of  SiC  layers  on  6H-SiC  Acheson  seed  crystals  in  Si  melt  has  been  investigated 
in  a  specific  geometry  to  evaluate  the  growth  rate  and  surface  morphology  with  the  process 
conditions,  such  as  growth  temperature,  temperature  gradient  or  substrate  properties.  Graphite 
crucibles  with  24-mm  inner  diameter  and  with  variable  length  were  used  in  the  experiments.  The 
seed  crystals  below  average  quality  but  polished  on  both  Si  and  C  faces  up  to  1  pm  diamond  slurry 
were  set  from  the  bottom  of  the  crucible  both  in  vertical  and  horizontal  geometry  with  the  help  of  a 
carbon  lid.  The  crystals  were  set  in  such  a  way  that  growth  occurred  simultaneously  on  both  the 
faces  under  similar  growth  conditions.  The  crucible  was  filled  with  pure  powder  of  silicon  and  was 
closed  with  a  carbon  lid.  The  heating  was  performed  with  a  200  kHz  -  rf  generator.  Growth 
temperature  was  measured  on  lower  and  top  end  of  the  crucible  with  pyrometers.  Experiments  were 
performed  in  the  temperature  range  1500  -1700  °C  for  1  hour  in  Ar  at  atmospheric  pressure.  Growth 
takes  place  due  to  the  mass  transport  from  the  crucible  acting  as  C-source  to  the  seed  in  the 
established  temperature  gradient.  The  process  was  finished  by  a  slow  cool  down  step  to  avoid 
cracking  of  SiC  crystals  in  the  re-solidification  process  of  the  melt.  The  substrates  with  the  grown 
layers  were  separated  from  the  solidified  structure  by  etching  in  a  mixture  of  HNO3  and  HF.  The 
growth  rate  was  measured  by  measuring  the  thickness  of  these  layers  by  a  mechanical  micrometer 
gauge  and  an  optical  microscope  on  a  perpendicular  cut. 

Results  &  Discussion 

The  growth  mechanism  and  surface  morphology  in  liquid  phase  are  greatly  influenced  by  a 
number  of  parameters  such  as,  seed  crystal  configuration,  polarity,  off  and  on  axis  orientations  and 
the  temperature  gradient.  We  tried  to  fix  some  of  these  parameters  except  for  the  seed  crystal 
position,  which  were  set  vertical  and  horizontal  from  the  bottom  of  the  crucible  in  order  to  know  the 
effect  of  temperature  gradient.  Growth  was  carried  out  for  the  same  temperature  and  duration  for 
the  two  geometries.  The  grown  epitaxial  layers  are  of  6H  polytype  transparent  greenish,  and  free  of 
inclusions.  We  have  measured  the  growth  rate  of  these  layers  grown  simultaneously  on  the  two 
faces  of  the  same  seed.  The  temperature  dependence  of  the  growth  rates  on  Si  and  C  -  faces  for  the 
seed  set  horizontal  and  vertical  from  the  bottom  of  the  crucible  is  shown  in  Figs.l  (a)  and  (b) 
respectively.  We  have  observed  variations  in  the  growth  rate  for  vertical  and  horizontal  geometries. 
Further  the  growth  rate  on  C-  face  is  higher  than  Si  -  face  for  both  cases.  The  growth  rate  agrees 
well  to  the  earlier  literature  data  [4].  From  Arrhenius  plot  of  the  temperature  dependencies  of 
growth  rates,  the  apparent  activation  energies  calculated  for  growth  processes  are  55.54  and  23.80 
kcal/mole  for  Si  and  C-faces  of  the  seed  set  horizontally.  The  activation  energies  have  higher  values 
of  113.75  and  62.74  kcal/mole  for  Si  and  C-faces  of  the  seed  set  vertically.  These  values  are  higher 
than  the  one  typically  reported  for  liquid  diffusion  [5]  and  is  an  indication  of  the  complex  structures 
of  species  within  the  solvent. 

The  apparent  difference  in  the  growth  rate  on  Si  and  C  -faces  can  be  attributed  to  the  low  surface 
energy  of  the  C-  face,  as  nucleation  densities  on  the  two  faces  are  different.  Since  nucleation 
preferably  takes  place  on  the  surface  with  low  surface  free  energy.  The  nucleation  rate  is  higher  on 
C-face  compared  to  Si  one.  This  has  been  observed  earlier  in  CVD  growth  where  for  6H-SiC  the 
growth  rate  is  higher  on  C  -  face  compared  to  the  Si  face  [6].  The  difference  in  growth  rate  between 
the  vertical  and  horizontal  geometry  can  be  attributed  to  temperature  gradient.  The  temperature 
gradient  has  a  value  of  3-10  °C  /cm  on  crystal  surface  in  the  vertical  geometry  compared  to  the 
horizontal  one  where  it  is  almost  nil  on  seed  crystal  surfaces  for  the  same  growth  temperature.  The 
temperature  gradient  increases  the  rate  of  flow  of  solution  past  the  crystal  surface,  which  is  parallel 
to  the  flow  direction  in  vertical  geometry.  It  also  evens  out  the  distribution  of  solute  over  the  crystal 
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Fig.  1 :  Temperature  dependence  of  the  growth  rate:  (a)  seed  set  horizontal  (b)  set  vertical  from  the 
bottom  of  the  crucible 


surfaces  resulting  in  a  uniform  and  stable  growth  in  the  vertical  geometry. 

For  surface  morphology  studied  by  polarizing  optical  microscope,  various  features  have  been 
observed  with  respect  to  growth  temperature  and  seed  crystal  geometry.  Surface  appearance  in 
liquid  phase  epitaxy  depends  on  substrate  orientation,  solvent  composition  and  thickness.  The  layers 
grown  on  the  basal  planes  are  generally  irregular  composed  of  many  growth  steps  due  to 
spontaneous  nucleation  and  inhomogeneous  growth  at  the  initial  stage.  The  layers  grown  on  off 
oriented  substrates  are  relatively  smooth  and  show  regular  wavy  pattern.  The  wave  density  depends 
on  the  solvent  composition  indicating  that  the  ratio  of  the  normal  and  tangential  growth  is  different 
at  different  growth  conditions  [7]. 

In  our  case  spiral  growth  is  dominant  on  Si-face  and  step  formation  on  C-face  of  all  the  seed 
crystals.  These  spiral  and  steps,  which  are  smaller  at  low  growth  temperature  converts  to  larger  and 
macro  steps  as  the  growth  temperature  increases.  Further  the  step  sizes  on  C-face  and  Si-face 
morphology  are  quite  different  for  the  two  geometries  at  the  same  growth  temperature.  We  correlate 
these  observations  to  the  different  growth  mechanism  occurring  during  the  epitaxial  growth  [3], 
Spiral  mechanism  is  favored  when  supersaturation  is  below  certain  transitional  supersaturation 
because  nucleation  above  this  point  is  two-dimensional  and  further  higher  supersaturation  on  the 
seed  crystals  faces  results  in  unstable  growth.  At  low  growth  temperature  we  have  found  some 
circular  depression  close  to  spiral,  which  we  think  are  caused  by  Si  melt  droplets.  Figure  2(a)  shows 
Si  and  C-faces  for  seed  set  horizontal  from  the  bottom  of  crucible  at  the  growth  temperature  of  1700 
°C.  We  have  observed  domain  like  features  on  Si  face.  These  domains  are  smooth  and  are  separated 
from  one  another.  Under  this  type  of  growth  regime,  the  opportunity  for  the  defect  formation  is  high 
as  step  moves  across  one  another,  island  thus  formed  contact  one  another  at  a  slightly  different 
angles  and  localized  thermodynamic  and  kinetic  variations  are  easy  to  be  formed.  Fig  2(b)  shows 
optical  micrographs  for  the  Si  and  C  -  faces  of  seed  crystal  set  vertical  from  the  bottom  of  crucible 
at  the  same  growth  temperature.  One  can  see  the  wavy  pattern  on  the  Si-face  and  anisotropic  step 
formation  on  the  C-face.  The  C-faces  morphology  is  almost  the  same  for  two  geometries,  except  it 
is  rough  and  the  steps  are  smaller  and  more  perturbed  on  C  -  face  of  the  substrate  set  horizontal.  As 
mentioned  above  the  temperature  gradient  plays  a  dominant  role  for  the  growth  mechanism  and 
surface  morphology.  The  gradient  helps  the  melt  flow  across  crystal  surfaces  to  spread  uniformly 
and  isotropically  in  vertical  geometry.  Further  the  geometry  itself  provides  a  low  wetting  angle 
(solvent  /crystal  contact)  a  prerequisites  for  homogeneously  grown  materials.  In  horizontal 
geometry  the  solvent  does  not  float  out  but  remains  as  drop  with  an  angle  of  contact  between  liquid 
and  crystal  resulting  in  a  different  growth  mechanism  as  can  be  seen  by  comparing  the  optical 
micrographs  for  the  two  geometries.  No  significant  change  was  observed  for  placing  seed  crystal  at 
the  bottom  of  crucible  or  higher  in  the  melt  in  horizontal  geometry.  Further,  no  appreciable  change 
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Fig.  2:  Optical  micrographs  for  the  Si  and  C-  faces  of  the  same  seed  after  LPE  at  1700  °C  (a)  seed 
set  horizontal  (b)seed  set  vertical  from  the  bottom  of  the  crucible 

in  results  was  observed  for  the  seed  crystal  polarity  in  the  up  down  directions  at  the  same  position. 
In  practice,  the  environmental  conditions  for  growth  in  our  system  are  such  that  convection  is 
present  in  the  solvent  and  the  motion  generally  varies  in  both  magnitude  and  geometry  with  time 
during  the  growth  cycle.  Finally,  as  growth  occurs  simultaneously  on  the  two  faces  of  the  same  seed 
crystal  under  similar  growth  condition  and  a  growth  rate  as  high  as  20~30pm  /h  have  been  achieved 
by  this  method.  In  this  regard  we  consider  that  rapid  recovery  of  defects  such  as  micropipes  and 
cracks  within  the  seed  can  also  be  done  by  this  method.  The  work  for  defect  recovery  studies  by  this 
method  is  in  progress  and  will  be  presented  later. 
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Abstract 

In  this  study  we  demonstrate  the  feasibility  of  micropipe  reduction  in  SiC  commercial  wafers  by 
using  liquid  phase  epitaxial  (LPE)  growth.  We  have  studied  the  stability  of  the  micropipe  healing 
by  performing  hot  KOH  etching  and  growing  thick  (40-50  pm)  layer  with  sublimation  epitaxy  at 
temperature  higher  than  that  used  for  the  LPE  growth.  Experimental  evidences  have  been  collected 
by  means  of  different  techniques  and  a  phenomenological  model  for  micropipe  healing  is  proposed. 


Introduction 

Wide  energy  bandgap,  high  thermal  conductivity,  high  saturated  electron  drift  velocities,  and  high 
breakdown  electric  field  make  silicon  carbide  (SiC)  a  candidate  of  choice  for  high-temperature,  high¬ 
speed,  high  frequency,  and  high-power  applications.  SiC  is  also  hard,  chemically  stable,  and 
resistant  to  radiation  damage.  It  has  been  found  superior  to  both  Si  and  GaAs  for  the  development 
of  novel  electronic  structures,  including  hybrid  GaN/SiC  devices.  Due  to  the  phase  equilibrium  in 
the  Si-C  system,  SiC  can  not  be  grown  from  a  stoichiometric  melt  because  it  sublimes  before 
melting.  This  naturally  limits  the  application  of  melt  growth  techniques  and  thus  the  growth  rate. 
Typical  growth  rates  for  the  bulk  growth  of  SiC  are  in  the  range  of  0.5  to  2.0  mm/hour  [1].  The 
technique  commonly  exploited  is  seeded  sublimation  growth  based  on  the  method  proposed  by 
Tairov  and  Tsvetkov  [2].  One  critical  issue  in  SiC  bulk  crystal  growth  is  the  generation  of 
microchannels,  termed  micropipes,  penetrating  virtually  the  whole  boule.  Since  1 995,  a  significant 
progress  has  been  made  in  the  sublimation  growth  technology,  resulting  in  better  understanding  of 
micropipe  formation  mechanisms  and  demonstrating  reduction  of  micropipe  density  down  to  a  few 
pipes  per  square  centimeter  [3].  However,  these  are  just  selected  wafers  showing  the  feasibility  of 
solving  the  micropipe  problem  but  not  proving  it  in  marketing  of  SiC  wafers  today.  For^high 
voltage,  high  power  vertical  devices  the  needed  active  area  may  be  on  the  order  of  several  cm  and 
that  restricts  the  usable  area  of  the  wafer  if  it  contains  micropipes,  while  for  other  type  of  devices 
this  problem  may  be  not  so  detrimental  but  still  undesirable.  It  is  of  interest  to  look  for  alternatives 
of  micropipe  reduction  even  as  a  temporary  solution  until  the  fundamental  problems  in  the  boule 
growth  of  SiC  are  solved.  In  1995  we  [4]  first  demonstrated  that  micropipes  existing  in  the 
substrates  can  be  healed  during  subsequent  liquid  phase  epitaxial  growth.  Recently,  TDI,  Inc. 
(USA)  has  developed  a  method  for  filling  micropipes  in  commercial  wafers  by  using  liquid  phase 
epitaxy  (LPE)  [5].  However,  there  are  many  questions  to  be  answered  regarding  micropipe  filling 
process,  e.g.  what  is  the  mechanism  of  micropipe  healing,  what  is  the  role  of  the  liquid  phase,  are 
micropipes  closed  or  filled,  is  the  healing  stable  or  metastable,  etc. 

In  this  study,  we  show  evidence  that  micropipe  healing  during  LPE  is  a  thermodynamically  stable 
and  irreversible  process  independently  of  the  subsequent  thermal  treatment.  An  attempt  is  made  to 
elucidate  the  phenomenon  from  a  fundamental  point  of  view  and  to  motivate  the  practical  interest 
in  the  results. 
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We  have  employed  several  growth  and  characterization  techniques:  liquid  phase  epitaxy  [5,6], 
sublimation  sandwich  epitaxy  [7],  KOH  etching,  optical  microscopy,  scanning  electron  microscopy 
(SEM)  and  cathodoluminescence  (CL)  imaging. 

Results  and  discussion 

From  earlier  investigations  micropipe  closing  has  been  demonstrated  for  epitaxial  layers  grown  on 
6H-SiC  on-axis  substrates.  In  Fig.  1  two  micropipes  emerging  from  the  substrate  are  not  observed 
on  the  surface  of  the  epilayer  grown  by  LPE  [4].  Instead  a  spiral  has  appeared.  This  effect  was  also 
observed  for  6H-SiC  off-axis  substrates.  The  layer  thicknesses  range  from  50  to  100  pm. 

We  studied  commercial  4H-SiC  wafers,  Si-face,  8°  off,  on  which  the  micropipes  were  mapped  prior 
to  LPE.  Fig.  2  shows  an  optical  micrograph  illustrating  (a)  the  surface  appearance  after  LPE  [5] 
filling  of  a  micropipe  present  in  a  4H-SiC  substrate;  (b)  the  pipe  is  also  seen  as  filled  on  the  back 
side  of  the  substrate  by  focusing  below  the  surface. 


Fig.  1.  Optical  micrographs  taken  from  a  6H-SiC  LPE  layer  with  filled  micropipes:  (a)  in  reflected 
light  and  focused  on  the  surface  and  (b)  transmission  light  focused  below  the  layer  surface. 


Fig.  2.  An  optical  micrograph  of  a  filled  micropipe:  (a)  top  view  of  a  4H-SiC  LPE  layer;  the 
micropipe  is  terminated  by  a  spiral  growth  and  (b)  the  same  micropipe  viewed  from  the  backside  of 
the  substrate. 


After  the  LPE  growth  of  about  0.1  pm  -  5  pm  thick  layers,  most  micropipes  were  not  optically 
detectable  but  spirals  or  some  cellular  patterns  were  seen.  The  latter  appeared  on  micropipes  with 
rather  large  diameter  (>5  pm).  These  patterns  were  better  resolved  with  SEM  in  secondary  electron 
(SE)  and  CL  modes,  suggesting  that  several  blocks  have  grown  together  inside  the  channel  (Fig.  3). 
The  white  contrast  in  the  SE  image  (Fig.  3a)  indicates  a  presence  of  grown  material  while  the  darker 
contrast  in  the  CL  image  (Fig.  3b)  can  suggest  a  structure  different  from  the  surrounding  SiC 
material.  Micropipes  at  the  periphery  of  die  wafer  remain  open  more  frequently.  This  may  be 
related  to  stress  concentrated  at  that  area  and  thus  not  optimal  LPE  growth. 
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Fig.  3.  SE  (a)  and  CL  (b)  images  from  a  filled  micropipe;  acceleration  voltage  15kV. 


LPE  is  a  technique  which  provides  growth  conditions  close  to  thermodynamic  equilibrium  and  the 
driving  force  needed  to  achieve  growth  is  small.  The  latter  means  that  the  epitaxial  layers  grow  at 
low  supersaturation.  In  sublimation  growth  of  SiC  the  supersaturation  is  much  higher  and 
temperature  fluctuations  may  easily  result  in  a  local  deviation  from  optimal  growth  conditions  and 
micropipe  formation.  This  is  not  expected  in  the  LPE  growth.  The  growth  on  off-oriented  substrate 
is  given  by  step  flow  mechanism  which  is  not  supposed  to  yield  micropipes  under  optimal  growth 
conditions  but  generally  can  not  terminate  micropipes  propagating  from  the  substrate.  This  is 
clearly  demonstrated  in  the  CVD  and  sublimation  epitaxial  growth.  From  our  experimental 
observations  it  follows  that  during  LPE  favorable  conditions  exist  for  growth  inside  micropipes 
which  are  commonly  believed  to  be  hollow  dislocation  cores  [8],  The  strain  field  around  a 
dislocation  with  large  Burgers  vector  contains  a  high  energy  that  can  be  minimized  by  removing  the 
crystalline  material  around  the  dislocation  line  and  creating  a  new  surface  in  the  form  of  a  hollow 
tube.  Simulation  [9]  predicts  that  a  thermodynamically  stable  hollow  core  may  be  closed  if  a  large 
enough  supersaturation  is  applied.  As  pointed  out  earlier  our  experimental  conditions  do  not 
provide  high  supersaturation  and  thus  the  mechanism  of  micropipe  filling  must  have  another 
explanation.  We  base  our  model  on  the  following  findings:  (i)  the  interfacial  energy  between  the 
crystal  (micropipe  wall)  and  the  liquid  feeding  phase  is  low  [6,10],  so  that  growth  can  occur  even  if 
the  driving  force  for  crystallization  is  low;  (ii)  micropipes  contain  screw  dislocations  and  the  wall 
surface  is  probably  stepped  [6].  Finally  we  observe  growth  hillocks  and  spirals  at  the  locations  of 
former  micropipes.  Thus  it  appears  to  be  energetically  easy  to  start  growth  inside  a  micropipe 
during  LPE  and  this  results  in  a  stable  micropipe  healing.  During  growth  the  substrate  is  placed  on 
top  of  the  liquid  solvent  across  which  a  temperature  gradient  is  applied.  Due  to  capillary  effect  the 
solvent  penetrates  into  micropipe  channels  and 
depending  on  the  surface  tension  stops  up  to  a  12 
certain  level.  The  solution  in  contact  with  the 
crystal  becomes  supersaturated  and  the  growth 
starts  at  the  most  favorable  nucleation  sites,  e.g. 
steps  provided  by  dislocations. 

o 

The  stability  of  the  micropipe  healing  was  tested  u 
by  growing  a  layer  by  sublimation  epitaxy  at  -g  , 
about  1800°C  on  top  of  the  LPE  layer.  Inspection  | 
under  reflected  light,  transmitted  light  and  crossed  Z 
polarizer  modes  did  not  show  any  indications  of  4 
micropipes  propagating  from  the  substrate.  This 
was  confirmed  by  KOH  etching.  It  was  observed  2 
that  at  the  location  of  former  micropipes 
dislocation  etch  pits  appeared,  and  we  did  not  ~ 
observe  traces  of  Si  in  closed  micropipes. 

Furthermore,  on  cross-sectional  samples  it  was 
observed  that  micropipes  terminate  close  to  the  Depth  of  micropipe  from  surface  [jim] 
substrate/LPE  layer  interface.  Fig.  4  shows  the 

number  of  terminated  micropipes  below  the  pjg  4  Number  of  terminated  micropipes 
surface  of  a  polished  sublimation  epitaxy  layer  below  the  sublimation  epitaxy  layer. 


<13  14-15  16-17  >18 
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grown  on  a  5  jam  thick  LPE  layer.  At  this 
thickness  the  LPE  layer  surfaces  are  rough  which 
affected  the  morphology  of  the  subsequently 
grown  sublimation  epitaxy  layer.  The  sublimation 
epitaxy  layer  was  polished  down  to  about  20  pm 
to  make  microscopy  investigation  possible.  The 
data  in  Fig.  4  were  collected  by  using  transmission 
light  microscopy  and  focussing  at  the  terminated 
micropipe  below  the  surface.  The  scattering  of  the 
data  is  within  the  measurement  accuracy. 

Another  interesting  observation  in  this  study  is 
that  the  surface  morphology  of  30-50  pm  thick 
layers  grown  by  sublimation  epitaxy  is  featureless 
under  optical  microscopy  examination,  when 
being  grown  on  the  as-grown  initial  surface  of  a 
0.1  pm  thick  LPE  layer.  The  structural  quality  as 
assessed  by  high  resolution  X-ray  diffraction 
(HRXRD)  is  considerably  better  in  the 
sublimation  epi-layer.  Fig.  5  shows  the  co-rocking 
curves  taken  from  substrate  with  a  LPE  layer 
(broad  peak)  and  after  a  sublimation  epitaxy  layer 
has  been  grown  on  top  (narrow  peak).  This 
finding  suggests  a  perspective  for  growing  device 
structures  directly  on  LPE  grown  materials  free  of : 


Aco  [arcsec] 


Fig.  5.  Representative  co-scans  showing 
improvement  of  structural  quality  after 
sublimation  epitaxy  on  a  LPE  layer  grown 
on  a  commercial  4H-SiC  wafer. 


Summary 

Liquid  phase  epitaxy  is  a  capable  technique  to  considerably  (>50%  including  peripheral  region) 
reduce  micropipes  in  commercial  SiC  wafers.  The  yield  might  depend  on  the  layer  thickness  which 
on  its  turn  determines  the  surface  morphology.  The  process  is  stable  and  irreversible  under 
subsequent  thermal  treatment.  No  polytype  dependence  is  observed.  A  model  to  explain  the 
phenomenon  is  proposed. 
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Abstract 

A  hot  wall  internal  furnace  reactor  has  been  designed  and  built  to  meet  the  requirements 
of  CVD  or  LPE  growth  of  SiC  on  2  inches  diameter.  The  substrates  can  be  heated  up  to  1800°C, 
the  temperature  rise  rate  is  75°C/sec  between  20  and  1400°C,  the  operating  pressure  is  between  10 
and  a  fewlO5  Pascal,  and  the  power  consumption  is  4  kW  at  5  103  Pascal  at  a  hydrogen  flow  rate  of 
8  slm'1.  All  the  parameters  of  the  3C  SiC/Si  growth  have  not  yet  been  optimized  but  uniform 
thickness  layers  with  very  good  surface  morphology  and  200arcsec  FWHM  rocking  curves  have 
been  obtained  at  a  growth  rate  of  10  pmh’1.  First  results  in  LPE  Si  solvent  in  this  reactor  are 
encouraging. 

Introduction 

SiC  physical  properties  make  this  material  very  interesting  for  high  power,  high  frequency  and  high 
temperature  devices.  The  problems  concerning  SiC  for  its  use  in  mass  production  come  from  its 
price  and  from  its  crystalline  defects.  The  use  of  a  low  price  substrate  like  Si  can  be  a  good 
approach  if  the  crystalline  quality  of  the  SiC  layer  can  be  improved  up  to  the  level  which  is  required 
for  a  specific  application.  The  quality  of  standard  SiC/Si  layers  is  sufficient  for  many  sensors.  For 
electronic  applications  the  density  of  defects  must  be  much  lower  and  the  quality  of  the  material  has 
to  be  improved  for  instance  by  epitaxial  lateral  overgrowth  (ELO).  A  new  LPE  approach  is  also 
proposed  in  this  paper.  This  paper  relates  an  attempt  to  grow  high  quality  thick  SiC  layers  starting 
from  Si  substrates  and  with  a  very  simple  and  cheap  CVD  reactor. 

The  Hot  Wail  CVD  Reactor 

The  use  of  Si  as  well  as  other  quasi  transparent  substrates  poses  the  problem  of  heating  at  low 
pressure  since  no  or  little  thermal  radiation  is  absorbed  by  the  substrate  and  no  gas  conduction  can 
transfer  the  heat  from  the  hot  substrate  holder  to  the  substrate.  Direct  Joule  heating  of  Si  substrates 
is  possible  but  only  doped  samples.  A  good  solution  for  heating  transparent  materials  under  a 
vacuum  is  to  put  them  in  a  hot  wall  reactor,  this  geometry  which  has  been  adopted  here,  insures  a 
radiation  equilibrium  between  the  sample  and  the  wall  and  hence  an  efficient  heating.  The  low 
pressure  inside  the  wall  allows  a  laminar  flow,  a  high  gas  velocity  for  sharp  doping  transitions,  high 
purity  and  no  thermal  convection.  The  walls  are  heated  by  resistors  which  allow  the  use  of  radiation 
shields  to  minimize  the  heat  losses. 

The  wall  is  a  horizontal  rectangular  graphite  tube  for  2  inches  wafers.  The  wall  is  tightly  connected 
to  the  precursors  and  carrier  gases  entrance  while  a  neutral  gas  flows  between  the  wall  and  the 
water  cooled  stainless  steel  reactor  tube.  All  the  parts  inside  the  reactor  are  made  out  of  pure 
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refractory  and  inert  materials  which  have  very  low  vapor  pressure  at  the  working  temperatures.  The 
maximum  temperature  can  be  in  excess  of  2000°C  but  in  practice,  above  1800°C  the  lifetime 
expectancy  of  the  resistors  decreases  rapidly.  At  1500°C  the  power  consumption  is  4kW  at  5  103 
Pascal  and  under  a  hydrogen  flow  rate  of  8  slm’1  ,  the  temperature  rise  rate  is  75°C/sec  between 
20°C  and  1400°C,  the  operating  pressure  is  between  103  and  a  few  1CP  Pascal. 

For  a  good  thickness  uniformity,  the  substrate  holder  rotates  at  a  speed  of  2  rotations  per  second  . 
This  is  sufficient  even  during  the  carbonization  step  which  is  very  rapid  because  the  temperature 
rise  rate  is  75°C/s. 

3C  SiC  CVD  Growth 

The  SiC/Si  growth  conditions  in  this  reactor  are  very  similar  to  those  in  other  reactors  and  follow 
the  same  two  steps  procedure  :  carbonization  at  medium  temperature  and  growth  at  high 
temperature.  The  carbonization  step  consists  of  a  high  temperature  rise  rate  from  600  to  1200°C  in  8 
sec  under  a  high  propane  partial  pressure  ni.  The  growth  conditions  are  1400°C,  5  103  Pascal  and 
Si/Ol.  Very  shiny  layers  are  obtained  at  growth  rates  of  10  pmfr1  and  a  thickness  of  20  pm.  The 
surface  has  the  shape  of  a  diffraction  lattice  due  to  equal  width  steps  ~  2  pm  wide  and  perpendicular 
to  the  of  direction  of  the  4°  off  of  the  ( 1 00)  substrate  [2]  (Fig.  1 ).  Hence  the  layer  is  shiny  at  the  0 
order  i.e.  at  normal  incident  and  it  decomposes  the  light  at  other  orientations.  On  2  mm  thick 
substrates  cracks  appear  on  the  layers  at  thicknesses  above  8  pm.  The  cracks  are  almost  exclusively 
oriented  perpendicularly  to  the  steps  which  suggests  that  the  role  of  the  disorientation  is  not  only  to 
prevent  antiphase  domains  but  also  to  favorize  the  relaxation  of  the  layer’s  stress  in  this  direction. 

On  usual  300  pm  thick  substrates  no  cracks  appear  on  the  layers  because  the  substrates  can  bend. 
The  thickness  non  uniformity  of  the  layers  is  about  5%  but  it  can  probably  be  lowered  by  following 
theoretical  simulations  results131.  The  best  crystalline  quality  has  been  measured  by  DCXRD 
rocking  curve  with  a  FWHM  of  200  arcsec. 

This  value  as  all  the  other  parameters,  of  the  growth  have  not  yet  been  optimized  and  the  growth 
conditions  will  probably  be  improved,  in  the  near  future  thanks  to  the  constant  progress  in  the 
prototype  of  the  reactor. 


Fig.l:  Optical  microscope  view  of  a  16  pm  thick  3C  SiC  layer  grown  by  CVD  on  a  2mm  thick  Si(100)  4°  off 
substrate.  Th  e  mean  width  of  the  steps  is  2  pm.  The  area  of  the  view  on  the  layer  is  160x70  pm2.  Cracks  do 
not  appear  on  this  view,  they  are  perpendicular  to  the  steps  and  their  mean  distance  is  2  mm. 
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The  quality  of  these  3C  SiC  layers  is  probably  sufficient  for  many  applications  like  sensors  for 
which  the  electronic  properties  of  the  layer  do  not  play  an  essential  role  .  For  electronic  applications 
the  density  of  defects  in  3C  SiC  must  be  lowered  by  2  to  3  orders  of  magnitude.  Several  ways  have 
been  followed  to  tend  toward  this  goal  but  so  far,  none  of  these  techniques  has  led  to  a  significant 
breakthrough  for  the  production  of  high  quality  mono  crystal  line  and  large  area  wafers  of  this 
material.  Attempts  to  grow  thick  3C  SiC  layers  from  SiC/Si  layers  by  LPE  in  the  present  reactor 
have  shown  interesting  growth  features  which  could  pave  the  way  to  the  production  of  high  quality 
thick  3C  SiC  layers. 

3C  SiC/  Si  and  LPE 

The  quality  of  LPE  grown  materials  is  generally  very  good  mainly  because  this  method  is  close  to 
the  thermodynamic  equilibrium.  In  the  case  of  SiC  the  solvent  can  be  Si  though  it  evaporates 
rapidly.  It  is  at  once  the  solvent  and  the  source  of  Si.  The  source  of  C  is  generally  the  graphite 
crucible  itself  The  other  approach  which  has  been  followed  here  uses  the  SiC  layer  as  a  crucible, 
the  melt  Si  substrate  as  the  solvent  and  the  propane  as  the  C  precursor.  The  top  and  the  bottom  of 
the  hot  wall  can  be  heated  at  different  temperatures  to  create  a  thermal  gradient  through  the  liquid 
Si.  The  figure  2  shows  the  optical  micro  graph  of  the  surface  of  a  LPE  layer  grown  with  the  SiC 
layer  (seed  )  cooler  than  the  Si  bath  on  top  of  it,  the  thickness  of  the  layer  is  10  pm  on  top  of  the  2 
pm  original  CVD  layer.  The  scale  is  the  same  as  in  fig.  1  so  that  the  steps  are  6  to  7  times  broader. 
By  transparency  cubic  structures  are  seen  on  the  other  side  of  the  layer  on  the  right  side  of  the 
figure.  This  is  more  visible  on  Fig. 3  which  is  taken  at  the  same  place  but  focused  through  the  layer 
on  its  back  side  and  still  better  on  the  direct  view  of  Fig. 4.  These  cubic  crystals  grow  on  the  surface 
which  is  hotter  than  the  liquid  Si.  The  LPE  growth  on  both  side  of  the  initial  SiC  layer  has  been 
made  possible  because  liquid  Si  was  present  on  both  side  of  this  layer. 


Fig.2  Optical  microscope  view  of  a  12  pm  thick  3C  SiC  layer  grown  by  LPE  on  a  2  pm  thick  SiC  (100)  4° 
off  CVD  layer.  The  mean  width  of  the  steps  is  =T2p~m.  The  area  on  the  layer  is  160x60  pm2. 

In  the  case  where  liquid  Si  is  present  only  on  the  low  temperature  side  of  the  SiC  layer,  very  regular 
C  ubic  SiC  crystals  are  grown  and  the  quality  of  these  cubes  is  very  good  (106  dislocations.cm"2)  as 
it  has  been  observed  by  TEM  and  also  by  AFM  as  in  Fig. 5.  By  inverting  the  sign  of  the  gradient  it  is 
possible  to  enlarge  their  top  and  make  them  coalesce  as  it  is  seen  in  Fig.4.As  in  the  case  of  ELO  the 
enlarged  part  of  the  cubes  contains  very  few  dislocations.  Ilence  the  process  could  lead  to  high 
quality  thick  SiC  layers  without  the  technological  steps  needed  in  ELO. 
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Fig. 3:  Optical  microscope  view  of  the  same  3C  SiC  layer  as  in  fig.2,  but  focused  on  its  back  side  through  the 
layer.  The  square  features  are  better  seen  on  fig.4.  The  scale  is  the  same  as  in  fig.2. 


Fig.4:  Optical  microscope  top  view  of  a  LPE  3C  SiC  Fig. 5:  AFM  view  of  one  of  the  LPE  grown  3C  SiC 

layer.  The  area  of  the  view  on  the  layer  is  80x80pm2  crystals  shown  in  fig.4.  The  lines  correspond  to  the 

steps  due  to  the  4°  off  of  the  layer.  The  spots  are 
Si  droplets.  The  scale  is  in  micrometers. 

Conclusion 

A  new  reactor  has  been  built  in  view  to  grow  SiC  either  by  classical  CVD  or  by  a  modified  LPE 
technique.  The  LPE  approach  on  CVD  SiC  could  lead  to  the  production  of  high  quality  3C  SiC 
crystals  of  large  dimensions  without  the  technological  step  necessary  in  the  ELO  technique. 
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Abstract  Lateral  Epitaxial  Overgrowth  (LEO)  experiments  on  3C-SiC  were  conducted  on  patterned 
substrates.  Due  to  the  high  CVD  growth  temperatures  required  for  high-quality  single-crystal  3C- 
SiC,  dielectric  mask  materials  with  higher  thermal  stability  than  Si02  were  used.  Experiments  were 
performed  with  amorphous  Si3N4  deposited  via  PECVD  and  AIN,  deposited  both  by  PLD  and 
MOCVD.  These  masks  were  deposited  and  patterned  on  (100)  Si  substrates  containing  a  4  pm  3C- 
SiC  epitaxial  layer  grown  using  a  standard  3C-SiC  growth  process.  Single  crystal  3C-SiC  was 
regrown  in  the  mask  window  regions.  However,  polycrystalline  3C-SiC  nucleated  on  the  mask 
stripes  for  the  growth  conditions  studied.  Pendeo  epitaxy  (PE)  was  performed  on  the  same  material 
where  the  3C-SiC  epilayer  was  etched  to  form  3C-SiC  stripes  on  a  (100)  Si  substrate.  It  appears  that 
Pendeo  epitaxy  was  achieved  with  lateral  and  vertical  growth  on  the  3C-SiC  columns  having  been 
observed. 

Introduction 

Cubic  silicon  carbide  (i.e.,  3C-SiC)  has  been  grown  epitaxially  on  both  (100)  and  (1 1 1)  Si 
substrates  for  many  years[l,2]  While  this  work  has  resulted  in  single  crystal  3C-SiC  on  Si 
substrates,  the  high  degree  of  lattice  mismatch  (>20%)  has  resulted  in  films  with  a  high  level  of 
defects,  mostly  twinning  defects  for  3C-SiC  grown  on  (100)  Si.  Lateral  Epitaxial  Overgrowth  in  the 
GaN  wide  bandgap  system  has  been  successful  where  growth  temperatures  of  approximately  1000 
°C  permit  the  use  of  Si02  as  a  dielectric  mask  to  achieve  selective  growth  of  GaN  on  6H-SiC 
substrates  [3]  as  well  as  on  sapphire  substrates  [4].  3C-SiC  on  Si  LEO  was  performed  by  one  group 
whereby  carbonization  of  the  Si  substrate  was  performed  directly  through  a  Si02  mask  at  growth 
temperatures  of  950  and  1000  °C  [5]  This  initial  3C-SiC  LEO  work  utilized  HCL  to  suppress 
nucleation  of  3C-SiC  on  the  Si02  mask.  Unfortunately,  the  low  growth  temperatures  used  resulted 
in  poor  3C-SiC  crystal  quality  as  pointed  out  in  the  literature.  A  3C-SiC  LEO  process,  whereby 
higher  temperature  masks  would  permit  sufficient  growth  temperatures  to  be  used  to  achieve  high- 
quality  3C-SiC  crystal  growth,  is  the  next  logical  step  towards  achieving  high-quality  good  single 
crystalline  3C-SiC  films  on  low-cost,  large-area  Si  substrates.  This  paper  discusses  our  initial 
research  towards  this  objective. 

Patterned  3C-SiC  on  Si  Substrates  for  LEO 

Both  ShN4  and  AIN  are  high  quality  electronics  grade  dielectric  films  with  melting  points  in  excess 
of  3C-SiC  CVD  growth  temperatures  (~1350°C).  Using  PECVD  (in  the  case  of  Si3N4),  and  PLD 
and  MOCVD  (in  the  case  of  AIN)  high-quality  films  were  deposited  on  3C-SiC  on  (100)  Si 
substrates.  The  3C-SiC  on  Si  seed  layer  was  grown  using  a  standard  3C-SiC  CVD  growth  process 
that  has  been  described  in  detail  elsewhere  [6].  The  salient  features  of  the  3C-SiC  growth  are  a  SiC- 
coated  graphite  susceptor  temperature  of  1310°C  in  a  H2  carrier  gas  flow  of  3  slm  with  silane  and 
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propane  (each  3%  in  UHP  H2)  precursor  gas  flows  of  10  seem  each.  A  film  of  an  approximate 
thickness  of  4  pm  was  grown  during  a  2  hour  CVD  experiment.  Characterization  of  the  seed  layer 
process  has  been  adequately  described  elsewhere  and  indicates  that  a  single  crystal  film  with 
numerous  twinning  defects  results  (this  will  be  shown  later  in  this  paper  in  the  characterization 
section).  Directly  on  the  3C-SiC  seed  layer  the  dielectric  films  were  deposited  with  a  thickness  of 
between  1000  and  1500  A.  These  films  were  then  patterned  into  4  sets  of  stripe/window  widths  of 
5/5,  6/4,  7/3  and  8/2  pm,  respectively.  The  films  were  patterned  using  standard  photolithographic 
processes  and  an  ion  milling  tool.  To  ensure  that  the  seed  layer  was  completely  free  of  any 
dielectric  mask  material,  the  ion  mill  was  permitted  to  mill  a  very  shallow  portion  of  the  3C-SiC 
seed  layer.  Prior  to  loading  of  the  substrates  into  the  CVD  reactor  a  standard  solvent  clean  in  an 
ultrasonic  cleaner  was  performed  to  prepare  the  seed  crystal  in  the  window  region  for  CVD  growth. 

LEO  Experiments 

LEO  experiments  were  performed  at  various  times  (5, 10,  30,  16  and  120  minutes)  on  substrates 
patterned  with  both  Si3N4  and  AIN  dielectric  films  in  an  effort  to  measure  the  vertical  and  lateral 
growth  rates.  The  LEO  experiments  were  conducted  under  the  following  conditions:  1285°C  growth 
temperature,  3  slm  H2  carrier  flow,  and  7  seem  flow  of  both  silane  and  propane  precursors.  No 
carbonization  step  was  necessary  since  a  high-quality  3C-SiC  seed  layer  was  already  grown.  In 
order  to  assess  the  affect  of  3C-SiC  growth  on  the  seed  layer,  control  samples  were  placed  in  the 
reactor  adjacent  to  the  patterned  substrates.  These  control  substrates  were  also  4  um  films  of  3C-SiC 
on  Si  but  did  not  contain  a  patterned  substrate.  Two-theta  XRD  scans  comparing  the  seed  layer  with 
a  control  sample  after  LEO  growth  were  made.  It  was  noted  that  high-quality  3C-SiC  resulted 
during  these  experiments. 

Figure  1  shows  a  cleaved  sample  after  LEO  growth  on  both  Si3N4  and  AIN  patterned  substrates. 
Initial  experiments  indicated  that  not  only  did  3C-SiC  regrowth  occur  in  the  window  regions,  as  is 
clearly  evident  in  this  figure,  but  that  lateral  growth  might  have  occurred.  Unfortunately,  TEM 
studies  which  will  be  described  next  proved  that  lateral  growth  was  not  achieved  but  rather  the 
direct  nucleation  on  the  stripe  areas  was  responsible  for  observations  made  during  SEM  studies. 


Figure  1  SEM  characterization  data  from  (a)  60  min  3C-SiC  LEO  growth  on  Si3N4 
patterned  substrate  and  (b)  10  min  3C-SiC  LEO  growth  on  AIN  patterned  substrate.  Note 
3C-SiC  regrowth  has  occurred  in  the  window  regions  but  also  on  the  mask  itself. 


TEM  Characterization  of  LEO-3C-SiC/Si  with  SijN4  and  AIN  masks 

TEM  studies  were  performed  on  four  samples  :  i)  3C-SiC/Si  (001)  with  a  mask  (30  min 
growth);  ii)  3C-SiC/Si  with  a  S^N4  mask  (10  min  growth);  iii)  3C-SiC/Si  with  an  AIN  mask  (30 
min  growth)  and  iv)  3C-SiC/Si  with  an  AIN  mask  (10  min  growth).  TEM  observations  revealed 
that  in  all  four  samples  the  regions  over  the  masks,  as  well  as  over  the  windows,  are  continuously 
covered  with  the  3C-SiC  film  after  30  min  of  growth  (see  Fig.  2),  and  after  ten  minutes  of  growth, 
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as  well  (not  shown).  From  the  regrown  3C-SiC  material,  particularly  after  only  10  minutes  of 
regrowth,  the  existence  of  lateral  fronts  over  the  mask  regions  which  are  not  coalesced  was 
expected.  Instead,  the  Si3N4  ,  as  well  as  AIN  mask,  were  covered  with  3C-SiC.  Thus,  there  is  a 
vertical  growth  within  the  windows  regions,  as  well  as  over  the  masked  regions,  indicating  no 
selectivity  during  growth.  The  surface  of  the  3C-SiC  over  the  mask  is  very  rough,  compared  to  that 
for  the  regrown  3C-SiC  from  the  windows  regions  after  10  min.  of  growth.  TEM  reveals  a 
morphology  which  is  typical  for  the  3D  island  growth,  and  after  ten  minutes  of  growth  the  3C-SiC 
islands  over  the  mask  have  achieved  coalescence  to  a  film  thickness  of  ~0.2pm.  TEM  micrographs 
and  SAD  patterns  from  3C-SiC  within  the  window  regions  (area  A)  and  from  3C-SiC  regions  over 
the  mask  (area  B)  after  30  minutes  regrowth  are  shown  in  Fig.  2.  SAD  patterns  clearly  reveal  the 
difference  in  crystallographic  quality  in  the  above  two  regions.  Region  A,  over  the  window,  shows 
single  crystal  3C-SiC  which  is  epitaxially  oriented  with  respect  to  the  Si  substrate  surface,  where 
(001)3C-SiC  //  (001)Si.  Despite  epitaxial  growth  and  single-crystal  SAD,  these  volumes  of 
regrown  3C-SiC  exhibit  high  density  of  defects,  with  predominant  defects  being  twins  and  stacking 
faults,  typical  for  zinc-blende  material.  Part  of  these  micro-twin  boundaries  continue  from  the  3C- 
SiC  seed  layer,  but  part  of  them  originate  at  the  3C-SiC  homoepitaxial  interface  (see  Fig.  2). 

Volume  B,  above  the  mask,  reveal  misorientation  in  the  [1-10]  SAD  pattern,  originated  from 
neighboring  3C-SiC  grains  of  different  orientation,  resulting  in  a  polycrystalline  diffraction  pattern. 


Figure  2  Cross-section  TEM  micrograph  of  30  min  Sy^  LEO  experiment.  3C-SiC  has 
nucleated  in  window  and  on  mask  region.  Selected  area  electron  diffraction  also  shown 
indicating  single  crystal  material  in  the  window  regions  and  polycrystalline  on  the  mask. 

The  fact  that  the  thickness  of  the  regrown  3C-SiC  from  the  windows  regions  is  two-to-four  time 
larger,  reveals  that  the  vertical  growth  rate  from  these  regions  is  up  to  four  times  higher,  as 
compared  to  that  over  the  mask,  due  to  the  higher  sticking  coefficient  of  the  Si  and  C  species  to  the 
3C-SiC  (001)  surface  compared  to  that  to  the  amorphous  SLN4  surface.  Similar  results  are  obtained 
from  TEM  of  3C-SiC  material  regrown  over  AIN  mask  after  10  and  30  minutes  of  growth.  Overall, 
analysis  of  the  TEM  data  leads  to  a  conclusion  that  lateral  growth  is  not  achieved  and  the  selective 
growth  process  needs  optimization.  This  means  that  the  growth  process  of  the  LEO-3C-SiC  material 
needs  fiirther  optimization  as  it  seems  that  the  growth  rate  is  too  fast  so  that  there  is  not  enough  time 
for  the  incoming  species  to  attach  to  the  appropriate  crystallographic  sites  with  the  corresponding 
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potential  minima.  The  growth  process  could  be  slowed  down  via  different  approaches  :  possibly 
either  via  reduction  of  the  flow  rates,  or  temperature  reduction,  or  a  slight  change  in  the  geometry 
could  also  be  helpful.  The  selectivity  could  also  be  improved  by  appropriate  surface  treatment 
before  3C-SiC  regrowth,  such  as  the  use  of  HCL  to  suppress  nucleation  on  the  dielectric  mask  [3]. 

Pendeo  epitaxy  (PE)  of  3C-SiC 

Pendeo  epitaxy  (PE)  of  3C-SiC  was  conducted  on  the  same  3C-SiC  on  Si  substrate  as  used  for  the 
LEO  results  reported  earlier.  Using  the  same  geometry  as  for  LEO,  the  3C-SiC  layer  was  etched  in 
an  RIE  system  to  form  3C-SiC  stripes  and  Si  window  regions.  For  3  slm  H2  carrier  flow  wiskers 
indicative  of  3D  island  growth  resulted  indicating  a  super  saturated  growth  condition.  The 
experiment  was  repeated  with  4.5  slm  H2  carrier  flow  and  a  uniform  film  resulted  (see  Fig.  3). 
Significant  H2  etching  of  the  exposed  Si  material  in  the  window  regions  occurred,  indicating  that 
direct  nucleation  on  the  Si  surface  did  not,  at  least  initially,  occur.  3C-SiC  bridges  across  the 
exposed  Si  regions  are  evident,  indicating  that  lateral  growth  may  have  been  achieved.  TEM 
experiments  are  planned  to  ascertain  whether  or  not  Pendeo  epitaxy  was  in  fact  achieved. 


Figure  5  SEM  image  of  Pendeo  epitaxy  (PE)  sample  (a)  after  5  min  PE  regrowth  with  3 


slm  H2  carrier  flow  and  (b)  after  30  min  PE  regrowth  with  4.5  slm  H2  carrier  flow. 

Summary 

A  preliminary  investigation  of  LEO  of  3C-SiC  on  (100)  Si  was  performed  whereby  several 
dielectric  masks  were  studied  in  an  attempt  to  achieve  lateral  overgrowth.  The  high  temperatures 
and  the  highly  reactive  SiC  CVD  environment  resulted  in  poor  mask  stability  leading  to  a  lack  of 
growth  selectivity.  Research  is  continuing  whereby  HCL  will  be  used  to  suppress  nucleation  on  the 
dielectric  mask.  Pendeo  epitaxy  of  3C-SiC  was  conducted  on  Si  substrates  for  the  first  time  with 
very  promising  results:  indication  is  that  Pendeo  epi  was  achieved.  TEM  characterization  is 
underway  to  confirm  this  observation. 
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Abstract:  To  improve  the  quality  of  heteroepitaxially  grown  3C-SiC  on  Si,  a  selective  epitaxial 
growth  approach  has  been  developed.  An  oxide  mask  was  used  and  almost  perfect  selectivity  was 
obtained  at  high  temperatures  (~1350°C).  However,  the  oxide  mask  began  to  peel  off  at 
temperatures  above  ~1250°C,  resulting  in  damaged  masks.  In  order  to  lower  the  temperature  for 
epitaxial  growth,  trimethylaluminium  (TMA)  was  used  and  epitaxial  films  successfully  grown  at 
1250°C.  Using  this  approach,  selective  epitaxial  growth  and  lateral  overgrowth  was  demonstrated  at 
1250°C.  The  use  of  hydrogen  chloride  as  an  in-situ  etchant  was  critical  to  this  process. 

Introduction 

The  rapid  development  of  6H-  and  4H-SiC  substrates  has  resulted  in  the  progress  of  device 
development  in  these  materials.  However,  the  absence  of  high  quality  3C-SiC  bulk  substrates  has 
practically  pushed  3C-SiC  off  the  development  map.  While  homoepitaxial  growth  of  3C-SiC  has 
not  developed,  heteroepitaxial  growth  of  3C-SiC  on  Si  [1]  and  other  substrates  [2]  has  indicated  the 
promise  of  high  mobility  devices,  etc.  [3].  Nevertheless,  the  high  density  of  interfacial  defects 
(misfit  dislocations,  voids)  as  well  as  other  defects  (threading  dislocations)  result  in  the  growth  of 
lower  quality  material.  Various  approaches  are  being  tried  to  overcome  this  problem.  One  of  the 
most  promising  is  the  use  of  selective  epitaxial  growth  on  patterned  substrates  followed  by  epitaxial 
lateral  overgrowth.  The  successful  demonstration  of  this  technique  recently  in  GaN  growth  [4]  has 
spurred  interest  in  this  technique.  However,  there  are  only  a  handful  of  reports  on  the  application  of 
selective  epitaxy  to  the  growth  of  3C-SiC. 

The  earliest  work  in  selective  epitaxy  was  done  by  Joyce  and  Baldrey  in  growing  Si  [5].  Continuous 
advances  resulted  in  a  better  understanding  of  the  technique  in  the  m id-80' s.  The  main  factors 
affecting  selective  epitaxy  were  temperature  of  growth,  choice  of  mask  material,  orientation  of 
windows,  mask  to  window  ratio,  influence  of  an  etchant  (e.g.  HC1),  quality  of  the  mask  material, 
etc.  [6].  Edgar  et  al  [7]  report  that  a  limiting  factor  is  the  oxide  as  well  as  the  duration  of  growth. 
For  long  growth  times,  it  was  difficult  to  suppress  the  unwanted  nucleation  on  the  oxide.  Nishino  et 
al  [8]  also  reported  that  the  use  of  HC1  aided  the  process  of  selective  epitaxy. 

Experimental  procedures 

Patterned  silicon  (001)  substrates  were  used.  A  SiC>2  layer  (-0.7  pm)  was  used  as  the  mask  and 
conventional  lithographic  techniques  used  to  create  a  patterned  surface.  The  features  ranged  in  size 
from  a  few  microns  to  100  microns.  The  windows  are  of  different  shapes  mostly  oriented  along  the 
[110]  directions.  The  substrates  were  cleaned  by  blowing  with  dry  nitrogen.  No  additional  ex-situ 
cleaning  was  performed,  as  it  appeared  to  increase  nucleation  on  the  mask  surface,  thereby  reducing 
the  selectivity. 
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A  horizontal  atmospheric  pressure  chemical  vapor  deposition  reactor  was  used.  Source  gases  were 
hexachlorodisilane  (HCDS)  and  propane.  Hydrogen  (3  slm)  was  used  as  the  carrier  gas.  Hydrogen 
chloride  gas  was  used  as  an  etchant  to  suppress  the  unwanted  nucleation  on  the  mask  as  well  as  for 
in-site  cleaning  of  the  substrate.  The  HCDS  bubbler  was  maintained  at  a  temperature  of  10°C.  At 
this  temperature,  HCDS  has  a  vapor  pressure  of  1.3  torr.  Hydrogen  (henceforth  referred  to  as 
bubbling  hydrogen)  was  bubbled  through  the  HCDS  to  transport  it  to  the  reactor.  Changing  the 
propane  flow  through  the  reactor  varied  the  ratio  of  C/Si,  while  the  Si  concentration  was  kept 
constant.  The  substrates  were  placed  on  a  silicon  carbide  coated  graphite  susceptor  and  the  reactor 
was  heated  by  RF  induction.  For  each  run,  an  unpattemed  Si(001)  substrate  was  placed  alongside 
the  patterned  substrate  to  compare  the  effects  of  patterned  growth  with  regular  growth. 

Parameters  that  were  studied  include  the  size  of  the  window,  C/Si  ratio,  temperature  of  growth,  HCl 
content,  influence  of  ex-situ  cleaning  of  the  substrate  as  well  as  in-situ  cleaning  using  hydrogen. 
The  surface  morphology  of  the  grown  films  was  analyzed  using  optical  microscopy  and  scanning 
electron  microscopy  (SEM).  Micro-Raman  spectroscopy  was  also  used  to  analyze  various  features. 
Surface  morphology  was  analyzed  using  Atomic  Force  Microscopy.  Films  grown  on  unpattemed 
substrates  were  studied  using  Reflection  High  Energy  Electron  Diffraction  (RHEED)  to  determine 
whether  they  were  single  crystalline.  Due  to  the  small  size  of  the  window  areas,  x-ray  diffraction 
could  not  be  used  to  determine  if  the  film  growing  in  the  window  regions  was  single  crystalline  or 
not.  Transmission  electron  microscopy  (TEM)  was  done  to  further  analyze  the  selectively  grown 
SiC  films. 

Results  and  Discussion 


Fig.l :  Selective  epitaxial  growth  at  1250°C 

Selective  growth  was  demonstrated  in  films  grown  at  1350°C  and  below  (Fig.l).  The  selectivity 
improved  at  lower  temperatures  (~1250°C).  Initially,  the  films  grow  vertically  and  once  they  reach 
the  top  of  the  window,  they  expand  laterally.  When  thinner  films  are  examined  by  cross-sectional 
scanning  electron  microscopy  (SEM),  it  is  seen  that  initially,  the  SiC  is  growing  within  the  window. 
Limited  nucleation  occurs  on  the  mask.  This  issue  is  dealt  with  further  in  a  later  section.  The  ratio 
of  the  window  to  mask  is  critical  in  determining  whether  the  films  growing  laterally  meet  each  other 
and  form  a  continuous  film  or  not  as  well  as  in  controlling  the  polycrystalline  nucleation  on  the 
mask.  Some  deposition  occurs  on  the  oxide  surface  in  the  form  of  large,  spherical  (3-5  pm 
diameter)  polycrystals.  Using  micro-Raman  spectroscopy,  they  were  identified  as  3C-SiC  deposits. 
In  masked  areas  that  were  smaller  than  about  -15  pm,  poly  crystalline  SiC  deposits  were  rarely 
observed.  Their  density  depended  on  i)  temperature  of  growth,  ii)  size  of  the  mask  area,  iii)  cleaning 
techniques  employed,  and  iv)  HCl  concentration. 
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Micro-Raman  spectroscopy  indicates  that  SiC  grows  in  the  window  area  and  then  spreads  out 
laterally  over  the  mask.  No  SiC  signal  was  detected  from  areas  on  the  mask  that  did  not  have  any 
SiC  overgrowth.  The  SiC  signals  from  within  the  window  regions  are  strong  and  the  TO  and  LO 
phonon  peaks  were  detected.  But  the  signal  from  the  region  that  is  laterally  overgrown  is  rather 
weak,  as  the  film  is  thin  in  that  region.  Further  work  will  be  done  on  thicker  films. 

The  addition  of  hydrogen  chloride  to  the  reaction  improves  the  selectivity.  Fewer  SiC  particles  are 
formed  on  the  oxide  mask,  though  they  are  larger  in  size.  Additionally,  there  is  a  decrease  in  the 
growth  rate.  As  the  HC1  concentration  increases  from  0  seem  to  10  seem,  the  growth  rate  decreases 
from  about  2.3  pm/hour  to  1.3  pm/hour.  The  addition  of  HC1  also  influences  the  facetting  of  the 
laterally  growing  interface. 

Transmission  Electron  Microscopy  (TEM)  demonstrated  that  under  optimum  conditions  single¬ 
crystalline  SiC  was  growing  selectively  in  the  window  region  (Fig.  2).  However,  the  SiC  had  a 
columnar  structure.  Some  evidence  for  the  bending  of  the  defects  as  well  as  a  reduction  in  defect 
density  is  visible  in  Fig.2.  Lateral  overgrowth  was  observed  though  the  overgrowth  was  incomplete 
and  coalescence  had  not  yet  occurred. 


Fig.2.  High  magnification  DF  image  of  SiC  in  the  window  region  with  the  beginning  of  lateral 
overgrowth. 

One  of  the  main  problems  was  the  integrity  of  the  oxide  masking  layer.  Initially,  the  lateral 
overgrowth  process  was  hampered  by  the  peeling  off  of  the  oxide.  SiC  was  growing  under  the 
peeled  off  oxide  but  there  was  no  real  overgrowth.  Heating  experiments  revealed  that  the  oxide 
would  maintain  its  integrity  up  to  temperatures  of  about  1250°C.  Above  that,  the  oxide  was  unstable 
for  long  term  growth.  At  1350°C,  the  oxide  began  to  peel  off  within  5-10  minutes  (Fig.  3). 

Attempts  were  made  to  lower  the  growth  temperature  to  1250°C.  But  the  deposit  was 
polycrystalline  (Fig.  4a).  However,  the  addition  of  0.05  seem  of  trimethylaluminium  (TMA)  during 
the  growth  step  resulted  in  single  crystalline  SiC  at  1250°C  (Fig.  4b).  This  is  a  promising  approach 
to  obtain  selective  epitaxial  growth  at  lower  temperatures  while  retaining  the  oxide  mask  integrity. 
Another  approach  would  be  to  use  a  different  mask  that  is  stable  up  to  1350°C  and  has  a  closer 
thermal  expansion  coefficient  to  the  silicon  substrate.  The  use  of  a  nitride  mask  is  a  possibility. 
Another  option  would  be  to  use  other  sources  for  lower  temperature  growth. 
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Intact  oxide 


Fig.  3  Oxide  peeling  off  when  heated  in  argon  to  1350°C  for  10  minutes 


Fig.  4  RHEED  pattern  of  a)  growth  at  1250°C  without  TMA.  b)  Growth  at  1250°C  with  TMA 

Conclusions 

Epitaxial  growth  was  performed  on  a  selectively  masked  Si(001)  substrate.  Perfect  selectivity  and 
lateral  overgrowth  were  demonstrated  at  1350°C.  TEM  analysis  demonstrates  the  high  defect 
density  at  the  interface  of  the  SiC  growing  directly  in  the  window  area.  However,  there  is  some 
evidence  of  defects  bending  over  as  the  film  begins  to  grown  laterally  over  the  oxide  mask. 
Additionally,  the  oxide  mask  peeled  off  at  temperatures  above  1250°C  and  so  the  epitaxial  growth 
temperature  was  reduced  by  the  addition  of  TMA.  The  use  of  a  lower  temperature  growth  system 
and/or  a  more  suitable  mask  (e.g.  nitride)  will  be  needed  to  get  high  quality,  large  area  selectively 
grown  epitaxial  films. 
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ABSTRACT.  Heteroepitaxial  layers  of  3C-SiC  on  Si(001)  without  antiphase  domains  (APDs), 
which  can  hardly  be  obtained  by  atmospheric  pressure  chemical  vapor  deposition  (APCVD),  can  be 
obtained  by  low-pressure  chemical  vapor  deposition  method  (LPCVD)  despite  using  on-axis 
Si(001)  substrate.  LPCVD  is  different  from  APCVD  in  the  growth  mode,  i.e.,  three  dimensional 
(3D)  island  growth  in  APCVD  and  step-flow  growth  in  LPCVD.  This  difference  is  attributed  to 
the  difference  of  the  main  Si  species  to  carry  Si  atoms  onto  the  grown  surface.  Based  on  these 
results,  we  propose  a  new  APD  annihilation  model  taking  account  of  the  difference  in  the  main  Si 
species  and  the  confirmation  of  this  model  is  demonstrated  by  the  cellar  automata  (CA)  simulation. 


1.  INTRODUCTION 

3C-SiC  heteroepitaxial  growth  on  Si  substrates  is  very  attractive  because  of  the  possibility  of 
obtaining  large  area  SiC  crystals  at  low  cost.  Recently,  we  have  developed  the  3C-SiC  growth 
method  by  low-pressure  chemical  vapor  deposition  (LPCVD)  using  a  silane-propane-hydrogen 
reaction  gas  system  and  succeeded  in  obtaining  atomically  flat  surfaces  without  protrusions  and 
antiphase  domains  (APDs)  [1,  2],  which  can  hardly  be  obtained  by  atmospheric  pressure  chemical 
vapor  deposition  (APCVD).  In  the  case  of  LPCVD,  the  flow  rates  of  SiH4,  C3H8  and  H2  carrier 
gases  were  0.8  seem,  1.33  seem  and  8  slm.  The  atomic  ratio  of  Si/C  was  0.2  and  the  growth  rate 
was  0.31  nra/s.  The  growth  temperature  was  1420  K  and  the  pressure  was  kept  at  10  Torr. 
Details  of  the  carbonization  and  the  growth  by  LPCVD  have  been  described  elsewhere  [1].  For 
APCVD,  the  flow  rates  of  SiH4,  C3H8  and  H2  carrier  gases  were  3.0  seem,  2.23  seem  and  8  slm, 
respectively,  and  the  growth  temperature  was  1520  K.  The  Si/C  ratio  was  0.45  and  the  growth  rate 
was  0.81  nm/s. 

With  regard  to  obtaining  atomically  flat  surfaces  by  LPCVD,  the  growth  mechanism  has  been 
discussed  in  terms  of  the  difference  of  the  growth  mode,  three  dimensional  (3D)  island  growth  in 
APCVD  and  step-flow  growth  in  LPCVD.  This  difference  in  the  growth  mode  is  attributed  to  the 
difference  of  the  main  Si  species  to  carry  Si  atoms  onto  the  grown  surface,  i.e.,  SiH2  radicals  for 
APCVD  and  SiH4  for  LPCVD  [3,  4].  However,  the  reason  why  APD-free  crystals  can  be  obtained 
by  LPCVD  method  and  not  by  APCVD  method  have  not  been  clarified  yet.  In  this  report,  we 
study  the  APD  annihilation  mechanism  of  3C-SiC  on  Si(001)  by  computer  simulation  and  show  the 
difference  of  the  APD  annihilation  process  between  LPCVD  and  APCVD  cases. 
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2.  THEORETICAL  MODEL  and  COMPUTER 

There  are  Si-Si  bonds  or  C-C  bonds  at 
antiphase  boundaries  (APBs)  of  SiC  crystals.  If 
a  C-C  bond  occur  preferentially  compared  with  a 
Si-Si  bond  or  the  contrary  case  occurs  at  APB, 
the  APB  may  propagate  along  <11 1>  direction 
and  annihilate  at  the  cross  point  of  two  APBs,  as 
shown  in  Fig  1 .  This  has  been  really  observed  by 
transmission  electron  microscope  (TEM)  [5]. 
By  this  model,  however,  the  difference  between 
APCVD  case  and  LPCVD  case  can  not  be 
explained,  i.e.,  APDs  do  not  annihilate  if  not 
using  misoriented  Si  substrates  in  APCVD  case, 
while  in  LPCVD  case,  APDs  disappear  despite 
using  on-axis  Si(001)  substrates  when  3C-SiC 
epilayers  are  grown  over  5  p,m  thick  [2].  The 
difference  in  the  crystal  structures  of  grown 
epilayers  between  LPCVD  and  APCVD  can  be 
mainly  caused  by  the  difference  of  the  growth 
mode  i.e.,  the  difference  of  the  main  Si  species 
to  carry  Si  atoms  onto  the  grown  surface. 
Therefore,  we  propose  the  model  taking  account 
of  the  difference  of  the  main  Si  species.  There 
are  three  sites  where  atoms  can  adsorb  as 
illustrated  in  Fig.  2.  In  the  model,  we  assumed 
the  sticking  coefficient  of  the  in-plane  site  (IS) 
equal  to  1  and  set  that  of  the  edge-site  (ES)  and 
the  terrace  site  (TS)  to  a  (0<a<l).  We  can 
express  the  difference  of  main  Si  species  by 
changing  a,  i.e.,  more  reactive  SiH2  radical 
corresponds  to  large  a  and  less  reactive  SiH4 
corresponds  to  small  a.  We  also  assume  that  C- 
C  bonds  occur  preferentially  at  APB. 

Based  on  these  assumptions,  the  direction 
of  APBs  propagation  results  in  following.  If  the 
species  adsorb  at  IS  or  TS,  APBs  propagate  along 
<11 1>  direction.  On  the  other  hand,  if  the 
species  adsorb  at  ES  earlier  than  they  adsorb  at 
IS,  APBs  propagate  along  <11 0>  direction  as 
shown  in  Fig.  3. 

In  order  to  make  the  validity  of  this  model 
clear,  we  used  the  cellar  automata  (CA)  method, 
which  is  a  computer  simulation  that  tries  to 
emulate  the  way  the  laws  of  nature  are  supposed 
to  work  in  nature.  The  CA  method  is  more 
suitable  than  other  simulation  methods,  e.g., 


SIMULATION 


Fig.  1 .  A  model  for  the  annihilation  of  APD 
at  the  cross  point  of  two  APBs. 
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Fig.  2.  Schematic  drawing  of  the  lattice 
sites  where  Si  atoms  can  adsorb. 
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Fig.3.  Schematic  diagram  of  APB 
propagation  when  a  Si  atom  adsorb  at  ES. 
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molecular  dynamics  and  Monte  Carlo  for  a  large 
system  which  contains  more  than  10000  atoms 
inside[6].  The  computational  cell  in  our 
calculation  includes  10000  atoms  in  a  layer  on  a 
two-dimensional  100X100  lattice  points.  We 
applied  periodic  boundary  conditions  to  the  four  w 
{110}  boundary  planes.  S 

3.  RESULTS  and  DISCUSSION 

Figure  4  shows  the  calculated  results  for  the 
change  of  root-mean-square  roughness  (RMS) 
with  the  number  of  growth  layers.  The  figure 
shows  that  larger  a  values  result  in  the  slower 
smoothing  speed  of  surfaces.  This  is  in  good 
agreement  with  our  experimental  results,  i.e.,  the 
surfaces  of  APCVD  epilayers  are  rough  while 
those  of  LPCVD  epilayers  are  smooth  [3]. 
Figure  5(a)  shows  the  snapshot  of  the  surface 
structure  for  a=0.01  after  growth  of  62  layers. 
Surface  steps  are  parallel  to  <110>  direction. 

This  means  that  the  growth  mode  is  the  step- 
flow  in  this  case.  The  surface  structure  of  the 
snapshot  shown  in  Fig.  5(b),  which  is  at  <x=0.5 
and  after  growth  of  169  layers,  reveals  many  3D 
islands.  These  results  indicate  that  the  growth 
mode  changes  from  step-flow  growth  to  3D 
island  growth  with  increasing  a  value  owing  to 
the  increase  of  an  adsorption  probability  at  TS. 

The  number  of  layers  required  for 
annihilation  of  APDs  is  shown  in  Fig.  6.  The 
number  required  increases  with  increasing 
a  value  because  an  adsorption  probability  at  ES 
becomes  large  with  a.  The  required  number  of 
layers  for  ce=0.9  is  about  1800  layers,  which 
corresponds  to  3C-SiC  epilayers  of  250  nm  thick. 
However,  this  result  does  not  coincide  with  the 
fact  that  APD  free  epilayer  could  not  be  obtained 
in  APCVD  case,  though  a=0.9  is  larger  than  the 
sticking  coefficient  of  SiH2  radical  reported  [7], 
which  is  main  species  in  APCVD  case. 
Regarding  the  disagreement,  two  reasons  can  be 
pointed  out.  One  is  the  problem  of  used  100X 
100  lattice  size  for  simulation.  Since  APB  is 
considered  to  propagate  along  <11 1>  direction 
when  an  APD  annihilates,  the  minimum  number 
of  layers  corresponding  to  about  half  size  of  an 
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Fig  .4.  The  change  of  RMS  of  the  surface 
roughness  with  the  number  of  growth 
layers. 


[HO]  ◄ - 

Height^ 


Fig.5.  Snapshots  of  the  surface  structure: 

(a)  a=0.01  and  after  growth  of  62  layers; 

(b)  a=0.5  and  after  growth  of  169  layers. 
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APD  length  is  required  to  annihilate  the 
antiphase  domain.  Therefore,  initial  size  of  an 
APD  is  important,  though  the  size  is  limited  by  a 
computer  resource.  The  lattice  size  we  used 
was  not  large  enough  to  emulate  the  real  growth 
of  epilayers.  The  other  is  the  influence  of  twins. 

Bahng  et  al  have  pointed  out  the  possibility  that 
the  annihilation  of  APDs  is  interrupted  at  twin 
boundaries  [8].  The  existence  of  twin  is  not 
considered  in  our  model.  Although  our  model 
is  short  of  quantitative  precision,  the  result 
obtained  from  the  simulation  based  on  our  model 
is  in  good  agreement  with  the  tendency  of  our 
experiments,  i.e.,  annihilation  of  APDs  occurs  at 
thinner  thickness  in  LPCVD  case  compared  with 
APCVD  case.  Our  proposed  model  is  consider 
to  be  qualitatively  appropriate. 

4.  CONCLUSION 

We  have  proposed  the  APD  annihilation  model  of  3C-SiC  hetero-epilayer  on  Si(100)  substrate. 
Generally,  Si-Si  bonds  occur  preferentially  compared  with  C-C  bonds  or  the  contrary  case  occurs  at 
APB,  and  APB  propagates  along  <1 1 1>  direction.  If  the  Si  species  adsorb  at  ES  earlier  than  they 
adsorb  at  IS,  APBs  propagate  along  <110>  direction.  The  effect  on  the  difference  of  main  spices 
is  taken  in  our  model  by  changing  the  sticking  coefficient  (a)  of  each  adsorbed  site.  It  was  found 
that  surface  becomes  rough  with  increasing  a  value  at  TS  and  the  number  of  layers  required  to 
annihilate  APDs  increases  with  increasing  a  value  at  ES.  These  results  qualitatively  coincided 
with  experimental  results,  which  confirm  the  validity  of  our  model  proposed. 
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Abstract:  3C-SiC  films  have  been  grown  on  carbonized  Si(100)  using  HMDS  at  1350°C. 
The  surfaces  of  SiC  films  were  very  rough  and  a  number  of  ridges  were  observed.  The  ridges  were 
distributed  over  the  surface  probably  along  [110]  and  [110]  directions.  The  surface  of  the 
carbonization  layer  at  1350°C  for  3min  was  characterized  by  AFM.  The  AFM  result  revealed  many 
voids  or  grooves  existing  in  carbonized  layer,  we  think  the  reason  of  ridge  growth  results  from  the 
existence  of  grooves,  because  the  CVD  growth  is  controlled  by  diffusion  process  at  the  high 
temperature  of  1350°C,  a  high  supersaturation  of  source  gas  occurred  at  knees  of  inhomogeneity  of 
grooves.  The  growth  rate  at  knees  of  grooves  was  very  high  so  that  many  ridges  appeared  on  the 
surface  of  SiC  films.  By  adding  appropriate  amount  HCI  gas  to  CVD  process,  ridges  can  be 
removed  due  to  a  high  HCI  supersaturation  at  knees  of  grooves  and  the  surface  of  SiC  films  became 
flatter  compared  with  the  growth  using  HMDS  alone. 

Introduction 

SiC  possesses  large  energy  gap,  high  electron  mobility,  high  breakdown  field,  high 
saturation  drift  velocity,  temperature  stability  and  chemical  inertness.  These  excellent  physical 
properties  make  3C-SiC  a  promising  material  for  high-temperature  microsensors  and 
microactuators.  Due  to  large  lattice  mismatch(about  20%)  and  thermal  expansion  coefficients 
mismatch(8%)  between  3C-SiC  and  Si,  defects  such  as  misfit  dislocations,  anti-phase  boundaries 
(APBs)  and  anti-phase  domains  (APDs)  exist  in  the  3C-SiC  films.  For  SiC  heteroepitaxy,  APCVD 
method  has  been  widely  used.  However,  it  is  known  that  problems  exist  in  the  APCVD  epilayers, 
such  as  nonuniform  thickness  and  rough  surface  of  epilayers,  to  result  in  poor  electrical  properties 
of  the  SiC  films. 

We  had  reported  the  growth  of  single  crystalline  3C-SiC  films  on  Si(100)  using 
Si2(CH3)6+H2  gases  by  APCVD[l-2].  In  this  work,  we  place  emphasis  on  the  improvement  on  the 
surface  morphology  by  adding  HCI  to  the  growth  process. 

Experiments 

3C-SiC  films  were  grown  on  on-axis  Si(100)  substrates  in  an  air-cooled  quartz  tube(ID: 
50mm)  with  horizontal  geometry  and  heated  by  rf  induction.  The  source  gas  was  Si2(CH3)6 
(HMDS)  and  the  carrier  gas  was  H2  with  a  flow  rate  of  2.5  slm.  HMDS  flow  rate  was  controlled  by 
bubbling  H2  through  the  liquid  HMDS.  The  deposition  procedure  consisted  of  three  processes, 
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which  were  in-situ  etching  by  HC1,  carbonization  process  and  single  crystal  growth  at  1350°C.  The 
deposition  times  were  5min  and  1  hour.  After  finishing  the  carbonization,  the  propane  was  shut  off 
and  the  deposition  process  was  initiated  by  introducing  HMDS  at  a  flow  rate  of  0.5sccm  and  adding 
HC1  simultaneously.  The  films  were  characterized  by  XRD  and  the  only  presented  SiC  (200)  peak. 
The  growth  rates  monitored  by  intensity  variation  of  reflected  He-Ne  laser  did  not  change 
significantly  by  addition  HC1  to  the  CVD  process.  Epilayers  with  and  without  HC1  addition  were 
compared.  The  resulting  film  surfaces  were  all  mirror-like.  The  morphology  and  microstructure  of 
SiC  films  were  characterized  by  Nomarski  optical  microscopy,  X-ray  diffraction  (XRD)  and  atomic 
force  microscopy  (AFM). 

Results  and  discussion 

The  microstructures  of  the  film  surfaces  for  1  hour  growth  characterized  by  AFM  are  shown 
in  Fig.l.  As  shown  in  Fig.  la,  with  no  HC1  addition,  the  surface  was  very  rough  and  a 
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Fig.l  The  microstructures  of  the  SiC  surface  morphologies  on  Si(100) 
a),  without  adding  HC1;  b).  with  adding  lsccm  HC1 
c).  with  adding  2sccmHCt;  d).  with  adding  4.2sccm  HC1 


number  of  ridges  were  observed.  The  size  of  ridges  are  about  1.3/im  in  length  and  0.2//m  in  width 
and  0.04/mi  in  height.  The  ridges  were  distributed  over  the  surface  probably  along  [110]  and  [TlO] 
directions.  The  morphologies  of  the  epilayer  grown  on  (100)  substrate  for  1  hour  growth  by  adding 
HC1  are  shown  in  Fig.lb-d.  Growth  using  HMDS(0.5sccm)+  HC1  (lsccm)  at  1350°C  produced  the 
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profile  of  the  film  surface  shown  in  Fig.  lb.  The  density  of  ridges  diminished  and  the  boundaries  of 
domain-like  boundary  could  be  observed.  They  may  be  APDs.  When  HC1  gas  was  increased  to  2 
seem,  the  film  surface  became  flatter  than  with  lsccm  HC1  as  shown  in  Fig.  lc.  The  boundaries 
could  be  observed  as  in  the  case  of  addition  of  lsccm  HC1.  As  shown  in  Fig.  Id,  when  HC1  was 
increased  further  up  to  4.2sccm,  the  film  surface  became  rough  and  pits  appeared  on  the  surface. 

Based  on  these  facts,  we  believe  that  the  appearance  of  ridges  probably  results  from  the 
{111}  faceted  pits,  which  are  one  of  the  major  defects  in  the  carbonization  process[3].  The  surface 
of  the  carbonized  layer  at  1350°C  for  3min  by  AFM  is  shown  in  Fig.2,  where  many  voids  exist. 
The  control  of  the  void  formation  will  be  investigated  farther.  Rough  square  and  rectangular  pits 
exist  in  the  carbonized  layer  with  hills  and  valleys.  In  general,  carbonization  is  normally  performed 
in  a  hydrocarbon  atmosphere,  a  very  thin  epitaxial  SiC  layer  is  formed  by  the  consumption  of  Si 
atoms  in  the  substrate  and  a  lot  of  hollow  pits  with  {111}  planes  present  in  the  carbonized  substrate. 
In  most  cases  a  continuous  SiC  film  covers  the  voids  but  a  careful  investigation  by  AFM  revealed 
that  some  voids  emerge  at  the  surface  of  carbonized  layer,  particularly  in  the  valley  part  of  the 
carbonized  layer  as  shown  in  Fig.  2.  The  carbonized  layer  consists  of  peaks  and  grooves  as  revealed 
by  the  section  analysis  of  AFM.  When  the  SiC  CVD  growth  occurs  on  such  a  carbonized  layer, 
since  the  CVD  growth  is  controlled  by  diffusion  process  at  the  high  temperature  of  1350°C,  the 
knee  of  the  inhomogeneity  on  the  {11 1}  faceted  pits  is  highly  supersaturated,  while  supersaturation 
was  low  in  the  groove  of  the  pit.  As  a  result,  pronounced  ridges  occurred  at  the  boundaries  of  the  pit 
walls,  similar  to  those  in  the  growth  of  Si  epitaxial  layers  on  the  Si  substrate[4].  These  ridges  are 
oriented  in  <1 10>  directions,  identical  to  the  pit  edges. 


valley 


(a)  top  view  AFM  image  (b)  cross-  section  analysis 


Fig.2.  The  top  view  AFM  image  with  cross-section  analysis 
of  the  carbonization  layer  on  Si(100)  for  3min  at  1350°C 

Fig.3  shows  the  surfaces  of  SiC  films  of  AFM  images  with  Osccm  and  with  2sccm  HC1 
addition  for  5min  growth.  As  shown  in  Fig.3a,  a  number  of  small  ridges  appear  on  the  surface  along 
[110]  and  [1 10]  directions.  However,  when  2sccm  HC1  was  added,  the  density  of  the  ridges 
decreased  and  the  size  of  the  ridges  became  smaller,  since  the  ridge  growth  can  be  suppressed  by 
the  high  supersaturation  of  HC1  at  the  knee  of  inhomogeneity,  the  ridges  on  the  SiC  surface  can  be 
diminished,  and  so  the  surface  of  SiC  films  becomes  flatter. 
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nm 


(a)  (b) 

Fig.3.  The  top  view  AFM  images  of  SiC  films  on  Si(100)  after  5min  growth  at  1350°C 
(a)  with  no  HC1  addition,  (b)  with  2sccm  HC1  addition 

Above  results  indicate  that  the  growth  using  HMDS+HC1  at  1350°C  occurs  by  competing 
processes  of  etching  and  growth.  The  growth  rate  at  the  knee  of  inhomogeneity  is  high  but  the 
ridges  are  etched  faster  due  to  the  higher  HC1  supersaturation  as  compared  with  the  base  of  groove. 
At  the  base  of  groove,  the  growth  rate  is  low  but  the  etching  rate  is  also  very  low.  Eventually,  the 
etching  is  faster  so  that  a  lot  of  etch  pit  occur  on  the  surface  and  the  film  surface  becomes  rough. 
The  ridges  on  the  films  disappear  by  adding  the  proper  amount  of  HC1  and  the  film  surface 
becomes  flatter,  but  the  APBs  and  APDs  still  exist  in  the  films.  The  sizes  of  APDs  seem  to  be  wider 
compared  with  the  growth  using  HMDS  alone.  With  increasing  growth  time,  the  APDs  become 
more  larger  and  the  resulting  surface  of  SiC  films  can  be  improved  after  adding  the  proper  amount 
of  HC1. 

Conclusion 


Based  on  AFM  analysis,  the  ridge  growth  on  the  SiC  surface  maybe  result  from  the  rough 
carbonization  layer  with  peaks  and  voids  or  grooves.  In  a  diffusion  controlled  case,  the  knee  of 
inhomogeneity  has  a  supersaturation  of  source  gas  so  that  the  ridges  can  be  created  in  the  surface  of 
SiC  films.  By  the  addition  of  proper  HC1,  SiC  films  grow  on  the  carbonized  layer  at  1350oC,  and 
inhomogeneity.  It  is  valid  to  add  appropriate  of  HC1  to  the  CVD  process  for  improvement  of  3C- 
SiC  surface  morphology  on  Si(100)  at  high  temperature. 
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Abstract:  To  reproducibly  obtain  the  single-crystalline  3C-SiC  film  on  (100)Si,  a  carbonization 
process  has  been  carefully  investigated.  Prior  to  carbonization,  Si  surfaces  are  covered  with  carbon 
sources  by  holding  the  temperature  of  the  Si  substrate  at  the  range  of  hydrogen  desorption  temperature 
so  that  covering  Si  surface  with  amorphous  carbon  films  prevents  the  Si  atoms  from  blowing  out 
from  surface  defects  on  Si  and  the  reproducible  carbonized  layers  were  obtained.  Si  surfaces  are 
covered  with  amorphous  carbon  films  at  600<C  which  are  crystallized  by  out-diffusion  of  Si  atoms  at 
the  carbonization  temperature,  with  increasing  the  carbonization  time.  At  substrate  temperatures  below 
1000  °C  the  substrate  bias  is  an  effective  tool  for  supplying  carbon  sources. 

1.  Introduction 

Heteroepitaxial  growth  of  3C-SiC  on  Si  substrate  has  been  a  promising  method  for  obtaining  large 
area  3C-SiC.  Due  to  the  large  mismatch  in  lattice  constant  and  thermal  expansion  coefficient  between 
3C-SiC  and  Si,  considerable  efforts  were  devoted  to  improving  the  film  quality.  Recently  many 
workers  have  pointed  out  an  importance  of  carbonization,  preparations  for  Si  surfaces  prior  to 
growing  and  an  initial  growth  step[l-3].  A  single-crystalline  3C-SiCfiIm  on  (100)Si  was  grown  at 
relatively  low  substrate  temperature  by  AC-plasma  assisted  CVD  [4].  However,  the  films  sometimes 
included  a  twin  crystal  and  a  polycrystal.  In  this  work,  to  reproducibly  obtain  the  single-crystalline 
3C-SiC  film  on  (100)Si,  we  have  paid  careful  attention  to  the  carbonization  process. 

2.  Experimental  Procedures 

Carbonization  on  Si  was  carried  out  at  the  substrate  temperature  between  700°C  and  1100°C  by  using 
C3H8  gas.  (100)Si  wafer  (  20x20mm2 )  was  degreased  in  acetone  and  dipped  in  12%-HF  solution 
and  was  immediately  set  on  graphite  susceptor  in  AC  plasma-assisted  CVD  system  [5].  After 
evacuating  the  system  up  to  2x10*  Torr  by  a  turbo  molecular  pump,  H2  was  introduced  up  to  60  Torr 
and  a  hydrogen  plasma  was  excited  at  a  room  temperature.  C3H8  diluted  to  5%  in  H2  at  flow  rate  of  5 
seem  were  passed  through  the  hydrogen  plasma  and  supplied  to  the  Si  substrate  prior  to  heating-up 
the  Si  substrate.  The  heating-up  of  the  Si  substrate  was  examined  in  two  different  ways  as  shown  in 
Figure  1.  Type  I  is  the  way  of  heating  the  Si  substrate  up  to  the  carbonization  temperature  at  a  heating 
rate  of  10-20°C/sec.  Type  II  is  the  way  of  keeping  the  Si  substrate  at  600°C  (L-type:L)  or  750°C 
(H-type:H)  for  5  or  10  min,  before  heating  up  to  carbonization  temperature.  The  microstructures  of 
the  films  were  examined  by  a  reflection  electron  diffraction  (RED)  and  the  thickness  of  the  films  was 
measured  by  an  ellipsometer.  Ellipsometric  measurements  in  this  work  were  carried  out  under  the 
conditions  as  follows.  The  wavelength  of  the  incident  beam  was  6328  A  and  the  incident  angle  was 
45  degree.  In  this  condition,  the  ellipsometric  measurement  data  (A,  \P)  for  optical  stable  thermal 
oxide  film  (900A)  was  measured  during  2  hours  and  standard  deviations  of  A  and  ^  were  0.02 
degree  and  0.01  degree.  The  beam  spot  size  was  about  1  mm  in  diameter.  100  points  in  the  area  of  10 
mm  x  10  mm  of  the  sample  were  measured.  Simple  one  layer  model  was  applied  to  the  analysis  in  this 
work.  An  optical  constant  (n,  k)  of  the  Si  substrate  for  the  ellipsometric  analysis  was  used  by 
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and  750°C  in  the  substrate  temperature  held  prior  to  heating  up  to  carbonization  temperature. 


measuring  A  and  W  of  the  Si  substrate  after  cleaning.  An  average  A  and  ^  were  179.21  degree  and 
35.13  degree  respectively.  From  these  values,  the  optical  constant  (n,k)  of  the  Si  substrate  was 
decided  as  n=4. 1 19  and  k=0. 154.  The  standard  deviation  of  A  and  *F  in  the  100  points  of  the  Si 
substrate  were  0.088  degree  and  0.053  degree  respectively.  The  Si  substrate  after  HF  treatment  was 
stable  in  the  air  for  1  hour  because  the  standard  deviation  of  A  and  W  for  the  Si  substrate  were  0.02 
degree  and  0.02  degree  for  1  hour  after  HF  treatment . 

3.  Result  and  Discussion 


Figure  2  shows  changes  in  measured  A  and  'F  values  and  the  results  of  RED  patterns  of  the  films 
deposited  by  Type  I  and  Type  II  respectively.  Theoretical  lines  in  these  figures  were  calculated  by 
using  simple  one  layer  model  on  Si.  Typical  RED  patterns  of  the  films  deposited  in  this  work  are 
shown  in  Figure  3.  For  samples  deposited  below  950  °C  by  Type  I,  ones  which  showed  streaks 
originated  from  a  (100)Si  surface  in  the  RED  pattern  had  the  A  values  of  greater  than  that  of  the  Si 
substrate  and  others  which  showed  a  halo  in  the  RED  pattern  had  the  A  values  of  less  than  that  of  the 
Si  substrate.  The  changes  in  the  W  values  are  supposed  to  show  a  roughness  of  Si  surface  because  of 
including  3D  spots  in  the  Si  streaky  pattern.  No  films  on  Si  are  deposited  below  950  except  the 
films  deposited  above  ten  min  with  plasma.  For  samples  deposited  at  1000  °C  by  Type  I,  the  RED 
patterns  showed  a  halo,  a  halo  with  diffused  spots  originated  from  single  domain  3C-SiC,  diffused 
spots  or  diffused  spots  with  satellite  spots  originated  from  a  twin  phase.  Consequently,  the  A  and  W 
values  extremely  change.  For  samples  deposited  at  1100  °C  by  Type  I,  the  RED  patterns  showed 
diffused  spots  originated  from  single  domain  3C-SiC  or  diffused  spots  with  satellite  spots  originated 
from  the  twin  phase  as  shown  in  Figure  3  (e)  and  the  A  and  *F  values  approach  the  theoretical  line  for 
3C-SiC  single-crystal  (n=2.65,  k=0).  From  these  results,  it  is  supposed  that  C3H8  starts  to  be 
thermally  decomposed  from  950*C  and  Si  atoms  blow  out  abruptly  from  surface  defects  on  Si  at  1000° 
C.  The  blowing  out  of  Si  atoms  from  surface  defects  on  Si  at  greater  than  1  lOO'C  must  be  superior  to 
the  thermal  decomposition  of  QHg  so  that  the  films  deposited  on  Si  often  include  twin  crystals.  It  is 
suggested  that  even  if  carbon  is  supplied  enough,  the  blowing  out  of  Si  atoms  from  surface  defects  on 
Si  takes  place  at  temperatures  of  greater  than  1000°C  and  reproducible  carbonized  layers  are  not 
obtained  by  using  type  I. 

It  has  been  well  known  that  the  Si  surfaces  dipped  in  HF  solution  are  terminated  by  hydrogen  and 
the  Si  surfaces  are  stable.  An  desorption  of  hydrogen  from  Si  surfaces  deposited  by  an  epitaxial 
growth  using  SiH4  is  observed  at  the  range  of  the  temperature  from  425  "C  to  675^  [6].  Therefore, to 
prevent  Si  atoms  from  blowing  out  from  surface  defects  on  Si,  the  Si  surface  prior  to  the 
carbonization  are  expected  to  be  covered  with  carbon  sources  from  the  plasma  by  using  Type  II.  600<C 
(L)  and750°C  (H)  in  the  substrate  temperature  were  examined  to  cover  Si  surfaces  with  amorphous 
carbon  films.  To  decompose  C3H8  at  low  substrate  temperature  of  600^  and750cC,  the  carbonization 
process  by  Type  II  was  carried  out  by  using  the  plasma.  For  samples  deposited  at  1000  XI  by  Type 
II,  the  RED  patterns  showed  a  halo,  characteristic  for  an  amorphous  film  deposited  on  Si.  The  A  and 
'F  values  were  almost  in  the  region  of  less  than  those  of  Si  substrate  where  extinction  coefficient  (k)  is 
zero,  except  sample  deposited  by  I^type  with  substrate  bias  (LB)  whose  A  and  W  values  lay  on 
theoretical  line  of  a-C  film  (n=2.95,  k=0.42)[7].  As  compared  with  the  results  of  Type  I,  these 
results  suggest  that  amorphous  carbon  films  cover  the  Si  surfaces  and  prevent  Si  atoms  from  blowing 
out  from  surface  defects  on  Si.  For  samples  deposited  at  1050  °C  by  Type  II,  the  RED  patterns 
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Figure  2.  Changes  in  measured  A  and  W  values  and  the  results  of  RED  patterns  of  the 
films  deposited  by  Type  I  and  Type  II  .  Theoretical  lines  indicate  (a)  n=2.65,  k=0  for 
3C-SiC,  (b)  n=3.6,  k=0,  (c)  n=4.1,  k=l,  (d)  n=3.6,  k=l,  (e)  n=2.86,  k=1.73  for 
graphite,  (f)  n=2.95,  k=0.42  for  a-C  respectively  and  one  dot  indicates  2A. 

O  :  Si-streak,  halo,  Q:  halo  and  3C-SiC  diffused  spot,  Q :  3C-SiC  diffused  spot, 
| :  3C-SiC  diffused  spot  with  3C-SiC  satellite  spot. 

P  and  NP  indicate  with  and  without  plasma  and  continuous  numbers  indicate  carbonization 
time.  H  and  L  indicate  H-type  and  L-type  respectively.  B  and  NB  indicate  with  and  without 
substrate  bias.  Continuous  number  in  the  bracket  indicate  carbonization  temperature.  A 
carbonization  time  is  10  min  in  Type  II. 


(a)  (b)  (c)  (d)  (e) 

Figure  3.  Typical  RED  patterns  of  the  films  in  this  work,  (a),  (b),  (c),  (d)  and  (e)  indicate 
Si-streak,  halo,  3C-SiC  diffused  spot  with  faint  Si-streak,  3C-SiC  diffused  spot  and 
3C-SiC  spot  with  satellite  spot  respectively. 

showed  diffused  spots  originated  from  single  domain  3C-SiC  with  faint  streaks  originated  from  the 
Si  surfaces  and  the  A  and  W  values  lay  on  theoretical  line  of  3C-SiC  single  crystal  (n=2.65,  k=0), 
except  that  the  RED  pattern  of  the  films  deposited  under  L-type  without  substrate  bias  showed  a  halo. 
Consequently,  the  3C-SiC  films  deposited  at  1050  *C  consist  of  islands[3].  For  samples  deposited  at 
1 100  'C  by  Type  II,  the  RED  patterns  showed  diffused  spots  originated  from  single  domain  3C-SiC. 
Therefore,  single-crystalline  3C-SiC  film  without  twin  crystalline  phase  is  grown  even  at  1  lOO'C  by 
using  Type  II.  From  these  results,  L-type  and  substrate  bias  seem  to  be  more  effective  action  for 
covering  the  Si  surface  with  carbon  than  H-type. 

The  A  and  W  values  in  Figure  2  are  the  average  of  100  points  in  the  area  of  10  mm  x  10  mm.  Then, 
assuming  that  a  value  (D)  divided  the  product  of  the  standard  deviation  of  A  and  'P  for  the  sample  by 
that  for  the  Si  substrate  indicates  surface  roughness  of  the  sample,  changes  in  the  D  values  as  a 
function  of  the  substrate  temperature  are  shown  in  Figure  4.  The  D  values  of  the  films  deposited  by 
Type  II  much  lower  than  those  by  Type  II.  Therefore,  It  is  confirmed  that  Type  II  is  reproducible 
carbonization  process. 

Changes  in  the  A  and  'P  values  of  the  films  deposited  under  the  L-type  as  a  function  of  the 
carbonization  time  are  shown  in  Figure  5.  The  A  and  W  values  of  the  films  deposited  at  950  °C  were 
in  amorphous  carbon  region  where  the  A  values  are  less  than  those  of  the  Si  substrate  and  the  W 
values  are  greater  than  those  of  the  Si  substrate.  The  A  and  W  value  decrease  with  increasing  the 
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Figure  4.  Changes  in  the  D  values  as  Figure  5.  Changes  in  the  A  and  W  values 

a  function  of  the  substrate  temperature.  of  the  films  deposited  under  the  L-type  as  a 

function  of  the  carbonization  time,  the 
number  in  figure  indicate  carbonization  time. 

deposition  time.  For  higher  deposition  time  (30  min  for  LNB  and  40  min  for  LB),  the  A  value  become 
saturated  and  the  W  value  increases.  The  A  and  W  values  of  the  films  deposited  at  1000  °C  decrease 
with  increasing  the  deposition  time  and  approach  crystal  region.  For  higher  annealing  times  (30  min) 
the  films  become  3C-SiC  single-crystal.  The  films  deposited  at  1050°C  were  3C-SiC  single  crystal 
and  the  thickness  increases  with  increasing  deposition  time.  These  results  suggest  that  the  Si  surfaces 
are  covered  with  amorphous  films  at  600T:  (L-type)  and  the  amorphous  carbon  films  are  crystallized 
by  out-diffusion  of  Si  atoms  at  the  carbonization  temperature  with  increasing  the  carbonization  time. 
At  substrate  temperatures  below  1000  the  substrate  bias  seems  to  be  an  effective  tool  for  supplying 
carbon  sources. 

4.  Conclusion 

To  reproducibly  obtain  the  single  ciystalline  3C-SiC  film  on  (100)Si,  the  carbonization  process  has 
been  carefully  investigated.  It  is  suggested  that  even  if  carbon  is  supplied  enough,  the  blowing  out  of 
Si  atoms  from  surface  defects  on  Si  takes  place  at  temperatures  of  greater  than  1000  °C  and 
reproducible  carbonized  layers  are  not  obtained  by  using  type  I.  It  is  suggested  that  Si  surfaces  are 
covered  with  carbon  sources  prior  to  the  carbonization  by  holding  the  temperature  of  the  Si  substrate 
at  the  range  of  hydrogen  desorption  temperature  so  that  the  reproducible  carbonized  layer  is  obtained 
by  using  type  II.  To  supply  carbon  sources  to  Si  surfaces,  the  plasma  and  the  substrate  bias  have  an 
effect  on  decomposition  of  C3H8  at  low  substrate  temperature.  From  the  result  that  the  3C-SiC  films 
consist  of  islands,  the  optimum  conditions  for  a  high  density  of  the  nucleus  generation  have  to  be  find 
out  to  reproducibly  obtain  good  carbonization  layer  for  heteroepitaxial  growth  of  3C-SiC 
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Abstract.  We  have  investigated  growths  of  3C-SiC/Si  multilayer  hetero structures  on  Si(100)  by 
supersonic  free  jet  CVD.  CH3SiH3  and  SEHg  gas  jets  were  used  for  3C-SiC  and  Si  layer  growth, 
respectively.  The  crystal  quality  of  Si  layers  on  3C-SiC/Si(100)  was  found  to  strongly  depend  on 
the  3C-SiC  surface  roughness.  Polycrystalline  Si  was  grown  on  rough  3C-SiC  layers  with  a 
thickness  of  9  nm,  while  epitaxial  Si  was  grown  by  using  ultrathin  (-3  nm)  3C-SiC  layers  with 
smooth  surfaces.  Epitaxial  3C-SiC/Si/3C-SiC/Si(100)  heterostructures  were  successfully  obtained 
on  ultrathin  3C-SiC/Si(100). 


Introduction 

Silicon  carbide  (SiC)  is  one  of  promising  semiconductor  materials  due  to  the  large  band  gap 
(2.2-3. 3  eV).  Among  many  polytypes  of  SiC,  cubic  SiC  (3C-SiC)  has  a  wide  gap  (2.2  eV)  and  is 
the  only  polytype  which  can  be  epitaxially  grown  on  Si(100)  substrates  in  spite  of  the  large  lattice 
mismatch  (20%).  Since  3C-SiC/Si(100)  has  a  much  larger  conduction  band  offset  (-0.6  eV)  than 
that  of  Sii-xGex  [1,  2],  it  may  become  an  important  material  system  for  application  of  double-barrier 
resonant  tunneling  diodes  (DBRTDs)  to  Si  microelectronic  devices  [3].  In  spite  of  many  studies  of 
heteroepitaxial  growth  of  3C-SiC  on  Si  substrates,  relatively  little  work  has  been  done  for  growth  of 
Si  on  3C-SiC  films  [4,  5]. 

Recently,  we  have  developed  a  new  CVD  method  using  pulsed  supersonic  free  jets  for 
ultrathin  film  growth  by  adjusting  the  pulse  width  and  numbers  [6,7],  In  this  study,  we  have 
investigated  epitaxial  growth  of  Si/3C-SiC/Si(100)  and  3C-SiC/Si/3C-SiC/Si(100)  heterostructures 
by  supersonic  free  jet  CVD  of  CEBSiEh  and  S^Hg. 

Experimental 

The  growth  chamber  was  equipped  with  turbomolecular  and  mechanical  pumps  and  had  a  base 
pressure  of  ~10‘8  Torr.  The  details  are  described  elsewhere  [6,7].  Si(100)  wafers  were  cleaned  by 
the  conventional  RCA  method.  The  substrates  were  introduced  into  the  chamber  immediately  after 
being  dipped  in  aqueous  5%  HF  solution.  Electronic  grade  CFBSiKb  and  He-diluted  4%  S^Hg  were 
used  for  3C-SiC  and  Si  growth,  respectively.  These  gases  were  introduced  into  the  chamber  using  a 
General  Valve  with  a  nozzle  diameter  of  0.8  mm.  The  source  pressure  of  the  valve  was  760  Torr  at 
room  temperature.  The  pulse  frequency  was  set  at  10  Hz.  The  pulse  widths  were  130  ps  for 
CH3SiH3  and  140  ps  for  Si3H8.  The  distance  between  the  substrate  and  valve  is  approximately  20 
cm.  At  first,  the  Si  substrate  was  heated  at  900  °C  and  3C-SiC  layer  was  formed  by  irradiating 
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CH3SiH3  jets.  The  thickness  and  surface  roughness  of  the  3C-SiC  films  were  proportional  to  the 
CH3SiH3  pulse  number  up  to  18000  at  the  substrate  temperature  of  900  °C  [7].  Subsequently,  the 
substrate  temperature  was  decreased  to  700  °C  and  Si  layer  was  grown  by  irradiating  Si3H8  jets  onto 
the  3C-SiC  layer.  In  case  of  3C-SiC/Si/3C-SiC  layer  growth,  the  substrate  was  heated  again  at 
900  °C  and  CH3SiH3  jets  were  supplied  after  growing  Si/3C-SiC/Si(100)  structure.  The  obtained 
samples  were  mainly  characterized  by  cross-sectional  transmission  electron  microscopy  (XTEM). 

Results  and  discussions 

Figure  1  shows  the  XTEM  bright-field  image  and  diffraction  pattern  of  the  sample  grown  by  3000 
pulse  irradiation  of  CH3SiH3  and  Si3H8  jets.  The  diffraction  pattern  indicates  that  3C-SiC  film  is 
epitaxially  grown  on  Si(100),  while  polycrystalline  Si  is  grown  on  3C-SiC.  From  the  bright-field 
image,  the  thicknesses  of  3C-SiC  and  surface  Si  are  9  and  30  nm,  respectively.  The  surface  Si  layer 
forms  polycrystalline  islands  and  includes  planar  defects.  This  can  be  attributed  to  the  fact  that  the 
interface  between  the  3C-SiC  and  Si  layers  are  rough  with  a  root-mean-square  (RMS)  roughness  of 
0.9  nm  measured  by  the  AFM  images  of  5  x  5  pm2  scan  [7].  There  exists  a  { 1 1 1 }  faceted  pit  with  a 
size  of  80  nm  near  the  interface  in  the  Si  substrate. 

When  the  CH3SiH3  pulse  number  was  reduced  to  900  and  the  Si3H8  pulse  number  was 
increased  to  4500,  it  was  found  that  single-crystal  Si  was  epitaxially  grown  on  3C-SiC/Si(100). 
Figure  2  shows  the  XTEM  dark-field  image  and  diffraction  pattern  of  the  sample.  The  diffraction 
spots  indicate  that  the  surface  Si  layer  is  epitaxially  grown  on  3C-SiC  and  includes  {111}  twins. 
The  thicknesses  of  the  3C-SiC  and  Si  layers  are  3  and  60  nm,  respectively.  Although  there  exists 
{111}  planar  defects  in  the  surface  Si  layer,  the  crystal  quality  is  much  improved.  This 
improvement  can  be  attributed  to  the  reduction  of  the  3C-SiC  surface  roughness  since  RMS 
roughness  of  the  3C-SiC  layer  decreased  to  0.4  nm  at  CH3SiH3  pulse  number  of  900  [7]. 

We  grew  the  3C-SiC/Si/3C-SiC/Si(l 00)  structures  using  ultrathin  (<3  nm)  3C-SiC  for  the 
bottom  layer  and  the  dependence  of  the  morphology  of  the  top  3C-SiC  on  the  middle  Si  layers  was 
examined.  The  middle  Si  layer  was  predominantly  composed  of  islands  when  it  was  grown  by 
Si3H8  jets  of  1800  pulses,  and  thus  no  further  SiC  growth  was  attempted.  The  top  3C-SiC  layer  was 
inhomogeneously  grown  on  the  middle  Si  layer  at  the  Si3H8  pulse  number  of  3000,  whereas 
continuous  3C-SiC  layer  was  formed  at  6000  pulses  of  Si3H8  jets.  Figure  3  shows  XTEM 
bright-field  image  and  diffraction  pattern  of  the  samples  grown  by  6000  pulses  of  CH3SiH3  jets 
irradiation  after  600  pulses  of  CH3SiH3  jets  and  6000  pulses  of  Si3H8  jets.  The  bright-field  image 
shows  that  the  trilayer  is  clearly  formed  on  the  Si(100).  The  thicknesses  of  the  bottom  3C-SiC, 
middle  Si  and  top  3C-SiC  layers  are  3,  80  and  12  nm,  respectively.  Although  the  diffraction  pattern 
shows  that  each  layer  is  epitaxially  grown  on  Si(100),  the  top  3C-SiC  layer  is  rough  due  to  the 
roughness  of  the  middle  Si  layers. 

Although  the  SiC/Si  multilayer  can  epitaxially  grow  on  Si(100)  using  ultrathin  3C-SiC,  the 
middle  Si  layer  is  too  thick  to  apply  it  in  DBRTDs.  The  high-resolution  TEM  observations  of 
Si/3C-SiC/Si(100)  indicates  that  there  exist  transition  regions  with  a  thickness  of  ~1  nm  at  the  both 
interface  between  3C-SiC  and  Si  in  addition  to  misfit  dislocations  in  3C-SiC  layer  [8].  It  is 
necessary  to  utilize  pseudomorphic  growth  of  very  thin  (~1  nm)  3C-SiC  films  in  order  to  fabricate 
epitaxial  3C-SiC/Si  multilayer  formations. 
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Fig.  1  XTEM  bright-field  image  and  diffraction  pattern  obtained  from  the  sample  grown  by 
3000  pulses  of  CFI3SiH3  and  Si3Hg. 


Fig.  2  XTEM  dark-field  image  and  diffraction  pattern  of  the  sample  grown  by  900  and  4500 
pulses  of  CH3SiH3  and  Si3H8,  respectively. 
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Fig.  3  XTEM  bright-field  image  and  diffraction  patterns  of  the  sample  grown  by 
600/6000/6000  pulse  irradiations  of  CH3SiH3/Si3H8  /CH3SiH3  gas  jets. 


Conclusion 

We  have  investigated  the  growth  of  3C-SiC/Si  multilayer  heterostructures  by  supersonic  free  jets  of 
CH3SiH3  and  Si3H8.  The  crystal  quality  of  Si  layers  on  3C-SiC  was  affected  by  the  3C-SiC  surface 
roughness.  Polycrystalline  Si  was  grown  on  rough  3C-SiC  films  with  a  thickness  of  ~9  nm. 
Epitaxial  Si/3C-SiC/Si(  1 00)  and  3C-SiC/Si/3C-SiC(100)  heterostructures  were  achieved  using 
ultrathin  (~3  nm)  3C-SiC  films.  It  is  essential  to  grow  very  thin  (~1  nm)  3C-SiC  films  in  order  to 
fabricate  DBRTDs  using  3C-SiC/Si  multilayers. 
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Abstract  We  have  conducted  a  systematic  series  of  3C-SiC/Si(100)  gas-source  MBE  experiments 
using  monomethylsilane  (MMS:  H3Si-CH3),  and  have  obtained  growth-temperature  and  MMS- 
pressure  dependences  of  the  grown  film.  As  a  result,  an  optimum  growth  temperature  was  found  to 
exist  for  each  pressure,  which  decreased  with  decreasing  pressure.  The  low  temperature  degradation 
of  the  film  is  related  to  residual  surface  hydrogen  termination  as  suggested  from  H2-temperature- 
programmed-desorption  observations  from  MMS-adsorbed  Si(100)  surfaces.  The  high  temperature 
degradation  is  understood  by  the  onset  of  Si  outdiffusion  from  the  substrate  into  the  film.  A  bal¬ 
ance  between  these  two  competing  processes  accounts  for  the  presence  of  the  optimum  growth  tem¬ 
perature  and  its  pressure  dependence  as  well. 

1.  Introduction 

Heteroepitaxy  of  SiC  on  Si  has  been  a  hot  issue  in  SiC  epitaxy  since  it  forms  a  solution  to 
overcome  the  problem  of  micropipes  in  present  SiC  wafers.  SiC/Si  heteroepitaxy  at  high  tempera¬ 
tures,  however,  suffers  from  the  formation  of  voids  in  the  Si  substrate  at  the  SiC/Si  interface  as  well 
as  dislocations  in  the  grown  SiC  films  [1].  Lowering  the  SiC  growth  temperature,  therefore,  is  of 
crucial  importance  in  fabricating  devices  using  SiC/Si  heterostructures.  In  the  conventional  methods, 
however,  growth  below  1000°C  resulted  in  unwanted  incorporation  of  Si  microcrystals  in  the  film, 
which  has  determined  the  lower  limit  of  the  growth  temperature.  This  has  been  understood  by  insuf¬ 
ficient  decomposition  of  C-source  molecules  at  low  temperatures,  which  causes  insufficient  forma¬ 
tion  of  Si-C  bonds  in  the  film.  In  this  respect,  monomethylsilane  (H3Si-CH3:MMS)  has  attracted 
much  attention  in  that  the  molecule  already  contains  a  Si-C  bond  in  itself  and  has  the  same  stoichi¬ 
ometry  as  of  SiC  crystal.  Recent  low  pressure  CVD  experiments  using  MMS  have  successfully 
grown  3C-SiC  films  on  Si(100)  at  900-1000°C  [2,3].  With  an  aim  of  elucidating  its  growth  kinetics 
in  more  detail,  we  have  conducted  in  this  study  a  systematic  series  of  3C-SiC/Si(100)  gas-source 
MBE  growth  experiments  using  MMS,  and  have  obtained  the  growth-temperature  (7)  and  the 
MMS-pressure  (P)  dependences  of  the  grown  film  quality.  Based  on  the  results,  the  role  of  surface 
hydrogen  in  the  growth  kinetics  will  also  be  discussed. 

2.  Experimental 

Experiments  were  made  in  an  aluminum-alloy  ultrahigh  vacuum  chamber,  whose  base  pres¬ 
sure  is  ~5.0xl0*10  Torr.  Samples  were  boron-doped  Si(100)  (p=  8.5-1 1.5  Q-cm)  wafers,  which  were 
cut  to  5x35  mm2.  The  sample  preparation  is  identical  to  the  one  used  in  our  previous  study  [3]. 
Monomethylsilane  (99.999  %)  was  used  as  the  source  gas.  The  film  quality  was  evaluated  with 
atomic  force  microscopy  (AFM),  Fourier  transform  infrared  spectroscopy  (FTIR),  x-ray  diffraction 
(XRD),  Auger  electron  spectroscopy  (AES),  and  scanning  electron  microscopy  (SEM).  To  obtain 
information  on  the  surface  hydrogen  atoms,  a  temperature  programmed  desorption  measurement 
(TPD)  was  carried  out  on  a  MMS/Si(100)  surface. 

3.  Results  and  discussion 

Figure  1  shows  the  temperature  dependence  of  the  root-mean-square  (RMS)  roughness  of  the 
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grown  film,  averaged  from  100x100  nm2  AFM  scans.  It  indicates  a  presence  of  a  minimum  for  each 
MMS  pressure  P.  As  P  is  reduced  from  2.0x1  O'4  to  5.0  or  to  2.5xl0'5  Torr,  the  optimum  temperature 
^opt  lowers  from  1100  to  900°C.  Simultaneously,  the  minimum  value  of  the  RMS  also  decreases, 
indicating  the  improvement  of  the  surface  morphology  as  a  result  of  reduced  P.  Equivalently,  the 
pressure  dependence  of  the  RMS  for  each  temperature  has  a  minimum,  and  the  optimum  pressure 
Popt  lowers  as  T  decreases.  This  result  indicates  that  there  exists  a  set  of  optimum  T  and  P  ( ropt,  Popt) 
values  for  the  surface  morphology  and  that  Topt  is  an  increasing  function  of  Popt. 

FUR  measurements  were  conducted  to  evaluate  the  crystallinity  of  the  grown  films.  The 
insert  in  Fig.  1(b)  shows  the  FTIR  spectrum  obtained  from  a  SiC  film  grown  at  7=900°C  and 
P=5.0xl0‘5  Torr.  The  spectrum  presents  a  sharp  transverse-optical  (TO)  phonon  absorption  peak  at 
795  cm'1,  whose  position  and  the  symmetrical  lineshape  indicates  the  presence  of  a  high  quality  SiC 
crystal.  In  Fig.l  (b),  the  full  width  at  half  maximum  (FWHM)  of  this  TO  line  is  plotted  as  a  function 
of  growth  temperature.  The  dotted  line  in  the  figure  indicates  the  boundary  between  the  single-  and 
the  poly-crystalline  growth  of  the  film  as  determined  by  XRD.  The  FWHM  behaves  quite  similarly 
as  the  RMS  in  Fig.  1(a).  The  FWHM  presents  a  minimum  for  each  pressure  and  the  optimum  tem¬ 
perature  lowers  with  decreasing  P .  Concurrently,  the  minimum  FWHM  value  decreases,  indicating 
an  improvement  of  the  grown  film  crystallinity  with  decreasing  P.  The  chemical  composition  of  the 
grown  film,  as  obtained  from  AES,  was  also  closest  to  the  stoichiometry  at  the  optimum  condition 
[4].  Otherwise,  it  deviated  to  Si-rich  compositions  both  at  high  and  low  temperatures. 

To  understand  the  growth  kinetics  that  yields  the  optimum  growth  conditions,  we  investigated 
the  desorption  species  from  a  MMS-adsorbed  Si  (100)  surface  by  using  scan-mass  TPD.  For  a  mass 
range  of  m/e= 2-50,  the  only  TPD  spectrum  that  showed  a  peak  (300<7<1000°C)  was  for  m/e= 2, 
which  corresponds  to  H2  molecule  desorption.  No  other  desorptions  were  observed,  species  such  as 
CHx  (m/e=12-16),  SiHx  (m/e= 28-32),  or  SiHxCHy  (m/e= 40-46).  I.e.,  none  of  the  surface  Si  and  C 
adatoms  generated  by  the  MMS  adsorption  desorb  from  the  surface  during  growth,  but  they  are  all 
incorporated  into  the  growing  SiC  film.  Figure  2  shows  the  H2-TPD  spectrum.  It  consists  of  the  $ 
peak,  the  hydrogen  desorption  from  Si  monohydrides  (SiH),  and  a  new  high-temperature  peak  at 
around  870°C,  which  we  named  8  peak.  The  8  peak  is  understood  to  arise  from  the  hydrogen 
desorption  from  surface  CHx  (x^3)  groups  [5],  based  on  a  comparison  with  the  H2-TPD  from  a 
hydrogenated  diamond  surface,  whose  CH2  desorption  presents  a  peak  at  almost  identical  tempera¬ 
tures  (852-897°C)  [6-8]. 

The  appearance  of  the  8  peak  at  870°C  can  be  related  to  the  degradation  of  the  SiC  film 
grown  at  7<900°C.  The  lower  curves  in  Figs.  1(a)  and  1(b)  are  the  reproduction  of  the  £peak  shown 
in  Fig.2.  The  rapid  increase  of  the  RMS(Fig.l(a))  and  FWHM(Fig.l(b))  for  7<900°C  coincides  with 
the  peak  temperature  of  the  8  peak,  which  suggests  surface  hydrogen  termination  as  the  main 
cause  for  the  low-temperature  degradation  of  the  SiC  film.  The  hydrogen  termination  may  impede 
the  MMS  adsorption  and  its  subsequent  dissociation  on  the  surface,  and  may  thereby  disturb  the 
complete  formation  of  3C-SiC  crystals.  Based  on  this  scheme,  the  observed  degradation  at  higher  P 
(2.0x1  O'4  Torr)  for  a  fixed  T  (i.e.  900°C)  is  explained  by  an  increased  hydrogen  coverage  during 
high-pressure  growth.  The  presence  of  the  surface  CHx  phase  can  partly  be  attributed  to  a  surface 
segregation  of  the  CHx  species  during  growth,  which  is  evidenced  from  our  AES  depth  profile 
measurements  [4].  This  CHx  surface  segregation  in  turn  accounts  for  the  Si-rich  chemical  composi¬ 
tion  in  the  bulk  of  the  film  grown  at  low  temperatures. 

Hie  degradation  at  high  temperatures,  on  the  other  hand,  is  understood  by  the  occurrence  of 
Si  outdiffiision  into  the  film.  Figure  3  presents  the  SEM  image  from  the  SiC  surface  grown  at 
r=1200°C  and  P=2.0xl0'4  Torr.  The  observed  dark  spots  beneath  the  surface  features  are  identi¬ 
fied  as  voids  in  the  Si  substrate  at  the  SiC/Si  interface  [1,9,10].  These  voids  are  formed  by  Si  outdif- 
fiision  from  the  Si  substrate  into  the  SiC  film  during  growth.  When  the  growth  temperature  was 
reduced  to  7=1 000 °C  under  the  same  P,  no  voids  were  observed.  The  degradation  and  the  Si-rich 
composition  of  the  SiC  film  grown  at  high  temperatures,  are  therefore  best  understood  in  terms  of 
the  enhanced  Si  outdiffiision  into  the  film. 
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The  degradation  by  reducing  the  MMS  pressure  can  also  be  explained  by  Si  outdiffusion. 
Figure  4  shows  the  SEM  images  from  surfaces  grown  at  (a)  2.5xl0*5  Torr  and  (b)  5.0x1  O'5  Torr  at 
7M000°C.  The  square  spots  observed  in  Fig.4(a),  which  corresponds  to  the  Si  voids  at  the  SiC/Si 
interface,  are  not  observed  in  Fig.4(b).  This  indicates  that  the  degradation  of  the  film  at  reduced 
MMS  pressures  is  caused  by  Si  outdiffusion  into  the  film,  which  has  been  accelerated  by  the  de¬ 
creased  deposition  rate  as  a  result  of  the  7  reduction. 

Having  found  that  the  grown  film  degradation  can  be  caused  by  both,  surface  hydrogen  ter¬ 
mination  and  Si  outdiffusion,  we  now  understand  the  presence  of  the  optimum  growth  condition  as 
to  be  caused  by  a  balance  between  the  two  processes  (Fig.5).  These  two  are  competing  with  each 
other;  increasing  T  reduces  the  H  termination  while  it  enhances  the  Si  outdiffusion,  and  increasing  P 
enhances  the  H  termination  while  it  reduces  the  Si  outdiffusion.  The  degradation  at  high- 7,  low-7 
regime,  therefore,  is  dominated  by  the  Si  outdiffusion  mechanism  while  the  one  at  low-7,  high-7 
regime  is  dominated  by  the  H  termination  mechanism.  The  boundary  between  the  two  regimes  de¬ 
fines  the  optimum  growth  condition  (7opt,  7opt),  along  which  7^  is  an  increasing  function  of  7opt. 


Temperature  (°C)  Temperature  (°C) 

Fig.l  Growth-temperature  dependence  of  (a)AFM  root-mean-square  roughness  of  the  film  surfaces  and 
(b)full  width  at  half  maximum  of  the  SiC  TO  phonon  line,  for  7=2.0x10^  Torr  (•),  5.0x1  O'5  Torr(A),  and 
2.5xl0‘5  Torr(H).  The  insert  in  (b)  is  an  FTIR  spectrum  from  a  SiC  film  at  7=900°C,  7=5.0xl0*5  Torr. 


Fig.2  H2-TPD  spectrum  from  MMS/Si(100)  surface 
adsorbed  at  room  temperature. 


Fig.3  SEM  image  from  a  film  surface 
grown  at  7M200°C,  7=2.0xl0'4  Torr. 
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Fig-4  SEM  images  from  film  surfaces  grown  at  7M000°C  for  (a)P=2.5xl0'5  Torr  and  (b)5.0xl0‘5  Torr . 


P 

A 


1^ —  optimum  line 

^  T 

Growth  temperature 

Fig.  5  Growth-temperature  and  MMS  pressure 
dependence  of  the  SiC  film  quality 


4.  Conclusion 

We  conducted  a  systematic  series  of 
3C-SiC/Si(100)  gas-source  MBE  experi¬ 
ments  using  MMS,  and  clarified  that  there 
exists  an  optimum  growth  temperature  for 
the  film  quality  for  each  given  MMS  pres¬ 
sure.  From  a  comparison  between  the  H2- 
TPD  spectrum  from  the  MMS-adsorbed 
Si(100)  surface  and  the  temperature  depen¬ 
dence  of  the  film  quality,  it  was  found  that 
the  degradation  of  the  film  quality  at  low  7  is 
due  to  the  surface  hydrogen  termination.  On 
the  other  hand,  the  degradation  at  high  T  or 
low  P  was  understood  by  SEM  observations 
to  be  caused  by  Si  outdiffusion  into  the  film. 
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ABSTRACT:  Nitrogen-doped  3C-SiC  films  grown  by  chemical  vapor  deposition  on  Si  (111) 
substrates  using  trimethylsilane  (SiC3H9)  have  been  investigated.  The  structure  of  the  SiC  films  is 
studied  by  X-Ray  diffraction,  reflection-mode  FTIR.  The  surface  and  interface  of  the  grown  films 
were  examined  by  SEM.  The  effects  of  N2  flow  rate  on  the  electrical  properties  of  the  3C-SiC  films 
were  investigated  by  Hall  effect  measurement  over  a  range  of  temperatures.  The  highest  electron 
mobility  measured  at  300  K  is  104  cmYVs  with  a  corresponding  carrier  concentration  of  2xl017 
cm'3.  The  electron  carrier  concentration  in  trimethylsilane  grown  SiC  films  can  be  readily  controlled 
by  the  flow  rate  of  N2. 

1.  INTRODUCTION 

SiC  is  a  promising  material  for  microelectronic  devices  and  MEMS  to  be  used  in  extreme 
conditions  such  as  high  power,  high  temperature,  high  frequency,  high  radiation  and  highly 
corrosive  environments.  Current  price  and  wafer  size  of  commercially  available  SiC  substrates  limit 
the  number  of  applications  being  pursued  by  industry.  Heteroepitaxy  of  SiC  on  Si  is  an  attractive 
alternative  to  obtain  large  area  SiC  pseudo-substrates  at  low  cost.  We  have  been  pursuing  the  use 
of  the  novel  organosilane  precursor  trimethylsilane  (3MS-SiC3H9)  as  a  low  cost  approach  to 
develop  large  area  3C-SiC  pseudo-substrates  [1-2].  This  gas  is  commercially  available  and 
relatively  safe  to  handle.  Films  grown  by  CVD  from  3MS  [2]  show  that  crystalline  SiC  can  be 
obtained  on  Si(l  1 1)  at  growth  temperatures  as  low  as  1 100°C.  Our  previous  results  show  that  the 
chemical  and  structural  properties  of  SiC  films  grown  using  3MS  are  similar  to  those  grown  at 
higher  temperatures  using  the  SiH4/C3H8/H2  gas  system.  In  this  work  we  studied  the  effect  of  in- 
situ  N2  doping  on  the  structural  and  electrical  transport  properties  of  the  SiC  films  using  XRD, 
FTIR  and  Hall  effect  measurements. 

2.  EXPERIMENTAL 

Nitrogen-doped  SiC  films  were  grown  on  3  inch  p-type  Si(l  1 1)  substrates  with  a  resistivity  of  150- 
300  H-cm.  The  3MS  purity  is  99%  (with  ~1%  toluene).  A  thin  buffer  layer  was  first  formed  using 
propane  at  1300°C  and  atmospheric  pressure.  The  propane  flow  rate  was  10  seem  for  the 
carbonization  process.  In  the  subsequent  SiC  growth,  40  seem  3MS  was  utilized.  H2  was  used  as 
the  carrier  gas,  while  N2  was  used  as  the  dopant  source.  The  H2  flow  rate  was  2  slm  during 
carbonization  and  1  slm  during  growth.  N2  flow  rates  from  0.1  to  20  seem  were  used  during  both 
carbonization  and  growth.  The  growth  temperature  and  working  pressure  were  1200°C  and  4  Torr 
during  all  3MS  growth,  respectively.  The  crystallinity  of  the  SiC  films  was  characterized  by  XRD. 
The  SiC  film  surfaces  and  interfaces  were  checked  by  SEM.  The  incorporation  of  N  in  SiC  was 
investigated  by  reflection-mode  FTIR.  Electrical  properties  of  grown  SiC  films  were  investigated 
using  Hall  effect  measurements  with  a  magnetic  field  up  to  1.2  T  and  a  temperature  range  from  77 
to  720  K.  Electrical  contacts  were  made  by  depositing  Ni  on  the  four  comers  of  the  sample  and 
annealing  at  900°C  for  10  min.  The  quality  of  the  electrical  contacts  was  evaluated  by  checking  the 
linearity  of  their  I-V  relation.  The  magnetic  field  was  set  at  1  T  for  all  Hall  effect  measurements. 


Absorbance  (a.u.)  XRD  Intensity  (counts) 
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3.  RESULTS  AND  DISCUSSIONS 

The  XRD  spectrum  of  a  3C-SiC  film  grown  using  10  seem  N2  at  1200°C  for  3  min  is  shown  in 
Fig.  1.  A  Si  (1 1 1)  peak  at  28.4°  and  a  SiC  (1 1 1)  peak  at  35.6°  are  observed.  No  other  SiC  crystal 
orientations  were  detected.  The  FWHM  of  SiC  (1 1 1)  peak  is  0.233°,  which  is  1.75  times  that  of  the 
Si  (111)  peak.  The  FWHM  values  of  N-doped  SiC  films  are  similar  to  those  of  films  without  N2 
doping.  This  indicates  that  N2  doping  does  not  significantly  affect  the  SiC  crystal  structure  by  the 
incorporation  of  N  atoms.  The  insert  in  Fig.  1  shows  an  SEM  cross-sectional  image  of  the  N- 
doped  SiC/Si.  Voids  in  the  Si  substrate  are  clearly  observable.  The  growth  rate  for  this  sample  was 
0.6  jim/min.  In  general,  the  SiC  growth  rate  is  in  the  range  of  0.3-0.6  pm/min  at  40  seem  3MS  and 
1200°C,  which  is  much  higher  than  those  typically  obtained  from  the  SiH4/C3H8/H2  gas  system. 
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Fig.  2  Reflection-mode 
FTIR:  (a)  SiC  grown  on 
Si3N4/Si  (100)  at  1200°C 
and  40  seem  SCB;  (b)  SiC 
grown  on  Si  (111)  at 
1200°C,  40  seem  3MS  and 
0.1  seem  N2  doping;  (c) 
S  i  3N4/S  i  (100)  substrate 
for  SiC  growth. 
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Reflection-mode  FTIR  was  used  to  study  the  chemical  structure  of  N-doped  SiC.  In  Fig.  2a 
and  2b,  the  peaks  at  -785  cm'1  are  due  to  the  Si-C  stretching  vibration.  The  peak  at  -1159  cm'1  in 
Fig.  2c  should  be  assigned  to  Si-N  bond  vibration  in  Si3N4  layer,  as  is  the  peak  at  -1128  cm'1  in 
Fig.  2a.  The  peaks  at  980-990  cm'1  in  Fig.  2a  and  2b  can  be  reasonably  assigned  to  Si-N  bonds 


Fig.  1  XRD  and  SEM 
of  N-doped  SiC/Si(lll) 
grown  from  3MS  at 
1200°C. 
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formed  by  N  atoms  occupying  C  vacancy  sites  in  the  SiC  lattice.  This  possibility  is  much  more 
likely  than  that  of  N  atoms  occupying  Si  sites  and  forming  N-C  bonds,  due  to  the  large  difference 
of  N  and  Si  atomic  radii.  In  addition,  the  C-N  bond  vibration  peaks  (in  tertiary  amine)  are  reported 
to  be  at  —1350  and  -2800  cm'1.  [3]  Furthermore,  we  have  observed  a  monotonic  increase  in  the  980 
cm'1  peak  intensity  with  increasing  N2  flow  rate  during  growth.  This  indicates  that  an  increasing 
number  of  N  atoms  were  incorporated  in  the  C  vacancies  of  the  SiC  lattice,  generating  an  increasing 
number  of  electrons  as  shown  in  the  following  Hall  effect  measurements. 

The  electron  mobility  and  carrier  concentration  of  SiC  films  grown  with  3MS  are  shown  in 
Fig.  3  as  a  function  of  N2  flow  rate.  Line  (a)  shows  that  by  varying  the  N2  flow  rate  from  0.1  to  20 
seem,  the  net  electron  carrier  concentration  changed  from  just  above  lxlO17  cm'3  to  nearly  lxlO20 
cm'3.  The  N2  doping  efficiency  during  SiC  growth  with  3MS  is  similar  to  that  obtained  with 
SiH4/C3H8  in  the  same  C:Si  ratio  of  3  on  Si  [4]  and  on  6H  SiC  [5].  Curve  (b)  shows  the  effect  of 
the  N2  flow  rate  on  the  mobility.  Increasing  the  doping  level  decreases  the  mobility  from  104 
cmW'S  for  an  electron  carrier  concentration  of  2xl017  cm*3  to  2  cm2/V-s  when  the  electron  density 
is  7x1 019  cm'3. 


N2  Flow  Rate  (cm3) 


Fig.  3.  Electron  mobility 
and  carrier  concentration 
as  a  function  of  N2  flow 
rate  for  3MS  grown  SiC. 


Fig.  4.  Temperature 
dependence  of  electron 
mobility  and  carrier 
concentration  of  3C-SiC 
films  grown  from  3MS 
with  in- situ  N2  doping. 
Dashed  line  shows 
p  oc  T'2  6  curve  fit. 
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Fig.  4  shows  the  temperature  dependence  of  electron  mobility  and  carrier  concentration  in  a 
SiC  film  grown  with  0.1  seem  N2  at  1200°C.  The  Hall  electron  mobility  increases  monotonically 
with  decreasing  temperature  over  the  range  measured.  At  139  K,  the  electron  mobility  of  the  SiC 
film  is  538.2  cm2/V-s  and  it  decreases  to  76.6  cmVV-s  at  342  K.  The  corresponding  carrier 
concentrations  are  3.63xl016  and  4.15xl017  cm'3,  respectively.  The  mobility  decreases  with  a  T'n 
dependence,  with  n  =  2.6.  This  temperature  dependence  is  probably  due  to  lattice  scattering.  Similar 
results  have  been  suggested  by  Suzuki  et  al.  [4]  for  SiH4/C3H8-grown  SiC  films,  where  they 
measured  a  value  of  n  =  2  -  2.2. 

Fig.  5  shows  the  relationship  between  electron  mobility  and  carrier  concentration  at  room 
temperature  for  SiC  films  grown  from  3MS  with  in-situ  N2  doping.  The  trend  of  increasing 
electron  mobility  with  decreasing  carrier  concentration  is  reproduced  for  the  3MS  grown  SiC  films. 
The  trend  is  comparable  to  that  obtained  by  Matsunami’s  group  [6]  and  by  Powell  et  al.  [7]  on  3C- 
SiC  films  grown  with  the  SiH4/C3H8/H2  gas  system.  So  far,  the  best  result  measured  at  300  K  from 
3MS  grown  SiC  films  is  a  mobility  of  104  cm2/V-s  with  a  carrier  concentration  of  2xl017  cm'3.  By 
reducing  the  electron  carrier  concentration,  significantly  higher  electron  mobility  should  be 
obtained. 

■ina 


Fig.  5.  Electron  mobility 
versus  carrier  density 
measured  at  300  K  from 
SiC  films  grown  with 
3MS  on  Si(lll). 
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4.  SUMMARY 

We  have  grown  and  characterized  N-doped  SiC  films  grown  on  Si  (111)  substrates.  The  3MS 
grown  SiC  films  can  be  readily  doped  over  a  wide  range  with  N2.  FTIR  study  indicates  that  N 
atoms  occupy  the  C  vacancies  in  the  SiC  lattice.  A  mobility  of  104  cm2/V-s  has  been  obtained  at 
300  K  from  a  3MS  grown  SiC  film.  3MS  is  an  appealing  precursor  for  3C-SiC  growth  given  its 
ability  to  provide  a  safe  and  simple  growth  process  compare  with  conventional  silane  precursors. 
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ABSTRACT 

Due  to  the  lack  of  isomorphism  and  the  large  lattice  and  thermal  expansion  coefficient 
mismatch,  SiC  films  grown  on  Si  are  usually  low  quality  and  grow  three  dimensionally.  To 
stabilize  the  growth  front  we  grew  several  SiC  films  on  Si  (1 1 1)  substrates  with  GeH4  flow  rates 
ranging  from  0-50  seem  in  a  MOCVD  reactor  at  1000°C.  SiC  films  grown  with  GeFL*  flow  rates 
at  or  below  15  seem  consist  of  amorphous  and/or  small  polycrystalline  grains.  Samples  grown 
with  GeH4  flow  rates  at  or  exceeding  20  seem  consist  of  crystalline  3C  grains,  and  have  a  single 
crystalline  initial  layer  followed  by  a  heavily  twinned  crystalline  layer.  The  initial  layer  consists  of 
up  to  80  nm  of  high  quality  single  crystal  3C  SiC,  which  could  possibly  be  used  as  a  buffer  layer 
for  either  cubic  nitride  growth  or  for  further  SiC  growth  without  Ge. 

INTRODUCTION 

The  expense  and  small  available  size  of  SiC  substrates  motivates  the  investigation  of 
alternative  substrates  or  the  use  of  buffer  layers  for  cubic  nitride  and  SiC  film  growth.  We  attempted  to 
optimize  MOCVD  growth  of  3C  SiC/Si  (111).  The  temperatures  usually  required  to  grow  crystalline 
SiC  on  any  substrate  approach  the  melting  point  of  Si  (1687  K),  so  lower  than  optimum  temperatures 
must  be  used.  Surfactants  have  improved  the  quality  of  other  large  lattice  mismatched  systems.  Since 
Ge  is  a  large  atom  with  a  lower  surface  energy  than  either  Si  or  SiC,  we  expected  it  to  effectively 
segregate  to  the  surface  as  a  surfactant,  and  help  compensate  for  the  deleterious  effects  caused  by  our 
very  low  growth  temperature  of  1000°  C.  In  this  work,  we  find  that  an  initial  nucleation  layer  of  high 
quality  crystalline  3C  SiC  results  for  SiC  grown  with  GeFL  flow  rates  of  20  seem  -  50  seem. 

EXPERIMENT 

Several  SiC  films  with  GeH4  flow  rates  ranging  from  0-50  seem  were  grown  at  1000°  C  on 
(1 1 1)  Si  substrates  in  a  commercial  vertical  rotating  disk  CVD  reactor  for  two  minutes.  The  C3H8  and 
SiELj  flow  rates  were  50  seem  and  30  seem,  respectively.  The  substrates  were  carbonized  at  700  Torr  in 
a  C3H8  environment  as  described  by  Nishino  and  Li  [1-2].  Characterization  techniques  included  X-ray 
diffraction,  transmission  electron  microscopy  (TEM),  and  atomic  force  microscopy  (AFM).  The  TEM 
samples  were  prepared  using  tripod  polishing  and  ion  milling,  and  were  observed  in  a  JEOL  4000  FX 
operated  at  300  kV. 

RESULTS 

TEM  images  of  samples  grown  with  GeFL  flow  rates  at  and  below  15  seem  show  that  the  films 
consist  of  an  amorphous  matrix  with  small  crystallites  having  a  preferred  orientation  with  respect  to 
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the  substrate.  The  crystallite  size  within  the  amorphous  matrix  increases  and  the  preferred  orientation 
improves  with  increasing  GeHL*  flow  rate. 

Samples  grown  with  GeH4  flow  rates  at  or  exceeding  20  seem  have  an  initial  layer  of  up  to  80 
nm  of  reasonably  high  quality  3C  SiC.  The  thickest  layers  of  high  quality  3C  SiC  are  obtained  for 


fcTii 


Fig.  la.  High  resolution  image  of  SiC/Si  interface  ... 

from  a  sample  grown  with  20  seem  GeH4.  Fl§' lc'  HlSh  refolut,on  ,maSe  of 

twinned  3C  SiC  region. 

•  # 

#  films  grown  with  GeFU  flow  rates  between  20  -  30  seem. 

The  single  crystalline  nature  of  the  initial  layer  is 
confirmed  by  the  high  resolution  TEM  image  of  the 
SiC/Si  interface  (Fig.  la),  and  the  diffraction  pattern 
taken  using  a  selected  area  aperture  centered  over  the 
SiC/Si  interface  (Fig.  lb). 

For  all  films  grown  with  a  GeH4  flow  rate  of  at 
least  20  seem,  the  initial  layer  abruptly  terminates  and  is 
followed  by  a  thicker  layer  of  heavily  twinned  crystalline 
3C  SiC  with  the  morphology  shown  in  Fig.  lc.  The 
fringes  look  deceptively  similar  to  those  typically  seen  for 
6H  SiC  samples.  Figure  2  shows  diffraction  patterns  from 
samples  grown  with  GeHL*  flow  rates  from  20  seem  to  50 
seem  GeFLt,  and  include  contributions  from  the  Si  substrate,  the  initial  single  crystalline  3C  region,  and 

the  twinned  3C  region.  The  (111),  (111),  and  (200)  spots  are  labeled  as  sets  where  the  outer  spot 
corresponds  to  the  SiC  film  and  the  inner  spot  to  the  Si  substrate.  These  patterns  (Fig.  2)  show  the 
same  set  of  spots  as  Fig  lb  plus  several  additional  spots.  Some  of  these  spots  arise  from  twinning,  for 

example,  spot  A  (Fig.  2)  is  the  twin  of  the  (l  1 1)  spot,  and  spot  C  is  the  twin  of  the  (200)  spot  about 
the  [111]  direction.  Additional  spots  arise  from  multiple  diffraction  from  twins  along  the  beam 
direction.  For  example,  spot  B  is  due  to  diffraction  from  the  (111)  spot  and  its  corresponding  twin 
across  the  (1 1 1)  plane,  and  has  indices  of  (2/3  2/3  2/3)  in  terms  of  the  reciprocal  lattice  of  the  matrix 

[3]. 


Fig  lb.  (l  1  o)  diffraction  pattern  of 
region  seen  in  Fig.  la. 


Fig.  2.  Diffraction  patterns  from  samples  grown  with  GeH*  flow  rates  of  (a)  20  seem,  (b)  30  seem,  (c)  40 
seem,  and  (d)  50  seem. 
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Misidentifying  twinned  3C  regions  (Fig  lc),  for  6H  SiC  is  an  easy  and  common  mistake  [4]. 
The  lattice  fringes  have  the  zig-zag  appearance  of  6H  SiC  and  several  of  the  additional  spots  in  the 
diffraction  patterns  shown  in  Fig.  2  could  correspond  to  6H  spots.  For  example,  multiple  diffraction 
spot  B  could  correspond  to  6H  SiC,  since  the  interplanar  lattice  spacing  for  (0004)  6H  SiC  and  (2/3  2/3 
2/3)  3C  SiC  are  the  same.  Similarly,  multiple  diffraction  spot  E,  having  indices  (1/3  1/3  1/3),  is  at  the 
position  of  the  (0002)  spot  for  6H  SiC.  Careful  analysis  of  the  diffraction  patterns  (Fig.  2)  reveal  that 
the  top  layer  (Fig.  lb),  is  indeed  3C  SiC.  The  greatest  evidence  is  that  the  “6H  spots”  disappear  when 
we  tilt  along  the  (111)  axis,  indicating  that  they  rely  on  the  existence  of  other  spots,  which  do  not  lie 
along  the  (111)  axis. 

The  diffraction  patterns  in  Fig.  2  show  that  twinning  occurs  across  the  entire  {111}  family  of 
planes.  For  example,  spot  D  corresponds  to  the  twin  of  the  (ill)  spot  across  the  ( 1 1 1)  twin  plane. 
This  spot  and  several  others  become  more  distinct  with  increasing  GeH*  flow  rate.  The  diffraction 
patterns  (Fig.  2)  show  that  higher  GeFU  flow  rates  leads  to  more  twins  along  the  {111}  family  of 
planes  in  addition  to  the  (111)  surface.  Multiple  diffraction  increases  with  the  number  of  twinned 
regions,  which  even  further  increases  the  number  of  visible  spots. 

Dark  field  images  were  obtained  for  (111)  and  (Til)  two-beam  conditions  for  each  sample. 
Images  from  the  samples  grown  with  GeH4  flow  rates  of  20  and  40  seem  are  shown  in  Fig.  3(a)-3(d). 

Fig  3(a-b)  (lll)DF 
images  with  two 
beam  condition  of 
samples  grown  with 
GeFLt  flow  rates  of 
(a)  20  seem  and  (b) 

40  seem  Ge. 

(  1 11)  DF  images 
with  two  beam 
condition  of  samples 
grown  with  GeH4 
flow  rates  of  (c)  20 
seem  and  (d)  40 
seem  Ge. 


The  grain  sizes  in  the  twinned  regions  increase  with  increasing  GeH4  flow  rate,  which  is  confirmed  by 
AFM  and  x-ray  diffraction,  as  discussed  below.  Almost  the  entire  film  is  visible  in  the  (1 1 1)  two  beam 
images  for  samples  grown  with  20  and  30  seem  Ge,  therefore  most  of  the  regions  in  these  two  films 
have  the  (111)  growth  spot  in  common  and  most  of  the  twins  are  across  the  (111)  twin  plane.  The 
invisibility  of  some  regions  in  the  (1 1 1)  two  beam  condition  confirms  that  twinning  across  the  (1 1 1) 
plane  is  present  for  all  samples  and  increases  with  increasing  GeH4  flow  rate.  Larger  invisible  regions 
exist  in  the  (111)  two-beam  image  of  the  film  grown  with  40  seem  Ge  than  in  the  film  grown  with  20 
seem  Ge.  These  invisible  regions  do  not  have  the  (111)  growth  spots  in  common,  and  therefore  result 
from  twinning  across  other  {111}  planes.  We  find  that  twinning  over  the  entire  {111}  family, 
including  the  (111)  plane,  increases  with  increasing  GeFL*  flow  rate. 

Phi  and  0-20  scans  were  taken  for  samples  grown  with  a  GeFLt  flow  rate  of  at  least  20  seem. 
Twinning  along  the  {111}  family  of  planes  does  not  introduce  twin  spots  or  change  the  film’s 
properties  along  the  growth  direction,  so  the  scans  do  not  change  appearance  with  changing  GeILt  flow 


280 


Silicon  Carbide  and  Related  Materials  - 1999 


rates.  The  0-20  scans  show  that  the  samples  are  well  oriented  along  the  <11 1>  growth  direction.  The 
phi-scans  show  two  sets  of  three  peaks  corresponding  to  the  (022)  reflections,  each  set  having  peaks 
every  120°  and  being  rotated  60°  with  respect  to  the  other  set.  Therefore,  we  see  a  total  of  six  peaks, 
which  is  expected  for  material  twinned  across  the  (111)  plane.  AFM  images  (Fig.  4)  show  that  the 
surface  roughness  initially  decreases  with  increasing  GeELt  flow  rates  up  to  20  seem,  and  then 
increases  with  the  GeFL  flow  rate  for  samples  grown  with  flow  rates  of  and  above  20  seem.  Samples 
grown  with  GefL  flow  rates  of  0,  10  and  15  seem  contain  larger  amorphous  regions,  which  would  tend 
to  be  smoother  than  the  crystalline  regions. 


Fig  4.  AFM  images  of  samples  grown  with 
GeH*  flow  rates  of  (a)  0  seem,  (b)  20  seem, 
(c)  30  seem,  (d)  40  seem,  (e)  50  seem.  The 
film  thicknesses  are  700  nm,  660nm,  640 
nm,  400  nm,  and  320  nm,  respectively.  The 
RMS  values  are  143  nm,  50  nm,  177  nm, 
257  nm,  and  302  nm,  respectively. 


CONCLUSION 

We  find  that  adding  Ge  in  the  form  of  GeHU  to  the  reactant  gases  in  a  MOCVD  reactor  allows 
crystalline  growth  of  3C  SiC  on  (111)  Si  substrates  for  a  low  growth  temperature  of  1000°  C.  We 
repeatedly  obtain  an  initial  layer  of  up  to  approximately  80  nm  of  single  crystalline  3C  SiC  for  samples 
grown  with  GeFL  flow  rates  between  20  seem  and  50  seem.  The  remainder  of  the  film  consists  of  a 
thick  region  of  heavily  twinned  3C  SiC.  The  initial  layer  may  be  suitable  as  a  buffer  layer  for  further 
SiC  or  nitride  film  growth.  We  plan  to  optimize  this  growth  process  and  obtain  the  thickest  possible 
single  crystalline  3C  SiC  layer,  which  may  be  used  as  a  cheaper  and  larger  wafer  alternative  to  the 
currently  available  3C  SiC  substrates. 
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Abstract  3C-SiC  was  grown  by  carbonization  on  (1 1  l)Si  by  solid  source  molecular  beam  epitaxy  at 
750°C.  The  use  of  additional  Ge  deposition  before  or  during  carbonization  leads  to  a  lowering  of  the 
SiC  growth  rate  in  a  different  way  at  the  beginning  of  the  growth  process,  which  was  obtained  by  real 
time  spectroscopic  ellipsometry  and  real  time  RHEED.  Ge  is  mainly  incorporated  at  the  SiC/Si 
interface  and  causes  an  increase  of  the  SiC  grain  diameter  independent  on  the  incorporation  method. 

Introduction 

For  an  effective  and  optimal  process  adjustment  monitoring  techniques  are  necessary  which 
can  be  applied  for  a  wide  variety  of  deposition  methods.  This  is  especially  important  in  the  case  of 
heteroepitaxial  growth  where  a  great  variety  of  different  factors  have  to  be  controlled.  Different 
methods  are  valid  to  study  these  ongoing  processes  which  should  be  monitored  in  situ  in  real  time.  In 
situ  monitoring  techniques  are  important  for  reproducibility  and  feedback  of  growth  processes.  For  this 
reason  we  used  in  situ  reflection  high  energy  electron  diffraction  (RHEED)  and  in  situ  spectroscopic 
ellipsometry  (SE)  to  study  the  SiC  growth  on  Si  with  and  without  additional  Ge  deposition  at  UHV 
conditions  to  determine  the  influence  of  Ge  on  the  early  stages  of  SiC  nucleation  and  growth. 

RHEED  and  SE  are  very  fast  and  sensitive  methods  to  films  less  than  one  monolayer  in  thick¬ 
ness.  Therefore  they  are  established  to  monitor  processes  of  growing  films.  RHEED  gives  information 
about  the  crystal  structure  and  the  morphology  at  the  sample  surface.  Applying  SE  to  growing  SiC 
films  on  Si,  we  obtain  information  about  the  nucleation  and  the  growth  of  surface  roughness,  film 
thickness  and  SiC/Si  interface  width  [1,  2].  On  the  other  hand  SE  can  be  easily  applied  to  deposition 
processes  independent  on  the  pressure. 

The  present  work  shows  our  first  results  on  the  effect  of  Ge  atoms  on  the  SiC  growth  on 
(1 1  l)Si.  RHEED  and  SE  data  of  the  grown  SiC  layers  with  and  without  Ge  are  compared.  Changes  of 
the  nucleation  and  of  the  growth  behaviour  are  observed  in  the  presence  of  Ge.  We  obtained  dif¬ 
ferences  in  the  time  dependence  of  the  SE  data  which  are  related  to  a  lowering  of  the  SiC  growth  rate. 
In  principle  the  surface  roughness  decreases  and  the  grain  diameter  increases  if  Ge  is  incorporated  into 
the  heterointerface. 

Experimental 

In  our  experiments  the  carbonization  process  was  performed  with  and  without  additional  Ge 
during  the  carbonization  with  evaporated  C  in  a  solid  source  molecular  beam  epitaxy  (SSMBE)  growth 
of  SiC  at  750°C  substrate  temperature.  We  used  (7x7)  (1 1  l)Si  substrate  surfaces,  which  were  applied 
to  two  different  methods  of  Ge  deposition  before  and  during  carbonization  of  Si.  Three  samples  were 
prepared  with  the  following  process  steps:  a)  carbonization  without  Ge  (sample  MCI 03);  b)  carbo¬ 
nization  with  Ge,  sample  MCI 04:  3ML  Ge  on  Si  (ML  with  respect  to  the  Si  surface),  200s  annealing 
at  750°C  before  carbonization;  sample  MCI 05:  3ML  Ge  during  carbonization.  The  Ge  deposition  time 
(225s)  was  calibrated  by  RHEED  oscillations.  The  calibration  of  the  C  flux  (2xl013cm‘2s'1)  was  ob- 
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tained  using  the  deposition  time  of  the  maximum  intensity  of  the  C  induced  (\/3xv/3)R30o  surface 
reconstruction,  which  corresponds  to  approximately  1ML  C  deposition  on  (1 1  l)Si  [3].  The  process 
was  monitored  by  in  situ  RHEED  and  by  in  situ  SE  in  real  time.  The  rotating  analyser  ellipsometer  has 
a  wavelength  range  between  250  ...  850  nm.  The  angle  of  incidence  was  set  to  72.6°.  Spectra  of  T  and 
A  as  a  function  of  wavelength  were  successively  measured  in  parallel  mode  using  a  photodiode  array 
(spectral  resolution:  0.6  lnm).  The  time  interval  of  one  measured  spectra  was  about  10s  to  get  a 
satisfactory  signal  to  noise  ratio.  The  final  sample  surfaces  were  investigated  ex  situ  by  atomic  force 
microscopy  (AFM)  and  X-ray  photoelectron  spectroscopy  (XPS).  The  AFM  images  were  obtained  in 
contact  mode  with  a  lxl  pm2  scan  area.  XPS  spectra  of  the  Si2p,  C  Is,  Ols,  Ge2p  and  Ge3d  core  levels 
were  taken  using  Mg  and  AlKa  X-ray  sources. 


Results  and  Discussion 

A  Si-Ge  intermixing  was  observed  after  deposition  of  Ge  onto  (1 1  l)Si  by  real  time  SE.  The 
ellipsometric  ¥  and  A  spectra  of  Ge  deposition  before  carbonization  (sample  MCI 04)  could  be  well 
interpreted  using  a  three  layer  optical  model  (0.5nm  mixture:  20%Ge  /  80%voids,  0.6nm  Si065Ge035, 
0.3nm  Si0  85Ge0 15)  on  (1 1  l)Si  substrate.  The  optical  parameters  of  the  Ge/voids  mixture  were  calcula¬ 
ted  using  effective  medium  approximation  (EMA).  The  observed  intermixing  of  Si  and  Ge  is  in 
agreement  with  Ikeda  e.a.  [5]  and  Jeong  e.a.  [6].  Wedler  e.a.  [4]  found  intrinsic  stress  during  Ge 
growth  on  Si  at  the  first  few  monolayers.  This  effect  causes  an  energy  shift  of  the  E0'  transition  at  3.32 
eV  of  the  dielectric  function  of  the  Si  substrate  [7].  A  similar  effect  on  the  dielectric  function  was 
obtained  by  Si-Ge  intermixing  [8].  In  our  case  the  best  fit  was  obtained  with  the  model  taking  into 
account  only  the  intermixing  of  Ge  and  Si. 


Fig.  1  Real  time  SE  of  the  carbonization  process 
without  Ge  (MCI 03)  and  with  Ge  before 
(MCI 04)  and  during  (MCI 05)  carbonization,  ST 
and  6A  as  function  of  process  time 


Fig.  2  Effective  SiC  film  thickness  as  function  of 
process  time,  fitted  from  SE  data  (Fig.l)  using  the 
introduced  two  optical  models  (see  text) 


Fig.l  shows  the  ellipsometric  signals  SA(t)=A(t)-A(t=0)  (left  axis)  and  ^(t^Y^-Y^O) 
(right  axis)  of  samples  MCI  03- 105  as  a  function  of  process  time  t.  The  wavelength  of  Y  and  A  is  set 
to  400nm  to  get  maximum  sensitivity  on  the  growth  process.  A  different  time  dependence  of  the  SE 
data  is  observed  and  demonstrates  the  influence  of  Ge  atoms  on  the  early  stages  of  the  SiC  film 
growth.  Furthermore,  the  differences  between  the  SE  data  of  MCI 04  and  MCI 05  suggest  different 
effects  of  the  two  applied  methods  of  Ge  incorporation  on  the  growth  kinetics. 

An  interpretation  of  the  received  SE  data  was  obtained  by  fitting  the  data  using  an  optical 
model.  To  obtain  consistent  results  within  one  experiment  different  optical  models  for  the  growth 
process  with  and  without  Ge  have  to  be  used.  This  reflects  the  change  in  the  growth  process.  The 
models  were:  a)  two  layer  model  (SiC/void  mixture,  c-Si/void  mixture)  on  (11  l)Si  without  Ge;  b) 
three  layer  model  (SiC/Ge/void  mixture,  SixGe,.x,  c-Si/void  mixture)  on  (1 1  l)Si  with  Ge.  Model  a)  is 
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similar  to  that  which  was  successfully  applied  in  [1,  2]  to  fit  the  in  situ  ellipsometric  spectra  of  SiC 
films  grown  on  Si.  Fig.2  shows  the  fit  results  of  the  effective  SiC  film  thickness  (product  of  the  layer 
thickness  and  the  SiC  fraction  of  the  upper  layer  of  both  introduced  models)  as  a  function  of  process 
time.  This  is  reflected  by  the  time  dependence  of  6 A  (Fig.l),  which  is  very  sensitive  to  the  increase  of 
the  effective  SiC  film  thickness. 

Carbonization  without  Ge  (MCI  03):  The  behaviour  of  the  effective  SiC  film  thickness  of  this 
process  has  a  typical  time  dependence,  which  we  observed  at  other  C  fluxes  [1,  2].  At  the  beginning  of 
the  process  the  SiC  growth  is  limited  by  the  C-Si  reaction  at  the  Si  surface.  Nucleation  and  growth  of 
crystallites  takes  place.  This  is  evident  by  the  observed  strong  increase  of  the  effective  film  thickness 
with  the  highest  growth  rate  (Fig.2,  until  100s).  Above  100s,  the  growth  is  limited  process  by  Si 
outdiffusion  from  the  substrate,  which  corresponds  with  the  observed  lowering  of  effective  film 
thickness  increase  and  growth  rate. 

Ge  deposition  before  carbonization  (MCI  04):  At  the  beginning  (until  about  100s)  the  process 
has  approximately  the  same  growth  rate  compared  to  the  process  without  Ge.  An  explanation  is  given 
by  the  observed  Si-Ge  intermixing,  exhibiting  a  partly  uncovered  Si  surface.  We  calculated  a  -20%  Ge 
coverage  on  Si  using  the  ratio  of  the  effective  film  thickness  maximum  in  the  reaction  limited  time 
interval  (at  about  100s)  between  the  samples  MCI 03  and  MCI 04,  when  we  assume  0%  Ge  coverage 
on  MCI 03.  Above  100s,  the  effective  film  thickness  increase  is  lower  compared  to  MC  103.  This 
could  be  caused  by  the  observed  SiGe  formation  near  the  SiC/Si  interface  and  the  small  Ge  coverage 
on  the  Si  surface,  which  reduce  the  Si  outdiffusion  and  therefore  lower  the  growth  rate. 

Ge  deposition  during  carbonization  (MCI 05):  Ge  deposition  on  the  Si  surface  during  the 
carbonization  limits  the  C-Si  reaction  and  reduces  the  effective  film  thickness  increase  and  the  growth 
rate  even  at  the  beginning  of  the  process.  Si-Ge  intermixing  during  SiC  growth  was  observed  by  real 
time  SE  and  reduces  the  Si  outdiffusion.  We  can  not  exclude  Ge  incorporation  into  SiC  crystallites 
during  carbonization  with  additional  Ge  deposition,  which  could  influence  the  growth  rate.  After  shut 
off  the  Ge  deposition  (225s)  the  effective  film  thickness  increases  comparably  to  the  process  without 
Ge  (MCI 03),  which  suggests  an  equal  growth  rate. 

Referring  to  the  different  time  behaviour  of 
the  effective  film  thickness,  Ge  incorporation  be¬ 
fore  or  during  carbonization  has  to  be  disting¬ 
uished.  However,  the  time  behaviour  of  both  pro¬ 
cesses  with  Ge  seems  to  be  adjusted  above  600s. 

Fig. 3  shows  the  decreasing  RHEED  in¬ 
tensity  of  the  (ll)Si  streak  and  the  increasing 
RHEED  intensity  of  the  (1 1  l)SiC  spot  of  samples 
MCI  03- 105  as  a  function  of  process  time.  The  lar¬ 
gest  intensity  increase  of  the  (1 1  l)SiC  spot  is  seen 
at  the  process  without  Ge.  The  intensity  increase  is 
smaller  when  Ge  is  deposited  before  carbonization. 
Ge  deposition  during  carbonization  strongly  re¬ 
duces  this  intensity  increase.  These  observations 
correlate  with  the  results  observed  by  real  time  SE. 

Ex  situ  AFM  investigations  on  the  final 
sample  surfaces  (Fig.  4a-c)  show  a  nonclosed  sur¬ 
face  on  each  sample,  which  supports  the  used  op¬ 
tical  models  to  fit  the  SE  data.  The  observed  increase  of  the  grain  diameter  is  in  agreement  with  [9]. 
The  surface  morphology  of  MCI  04  and  MCI  05  is  very  similar. 

Ex  situ  XPS  investigations  on  the  final  sample  surfaces  of  MCI  04  and  MCI  05  are  affected  by 
the  topography.  The  spectra  of  the  Ge2p  and  the  Ge3d  core  levels  show  an  equal  intensity  of  Ge-Ge 


Fig.  3  Real  time  RHEED  of  the  carbonization 
process  with  and  without  Ge  (see  Fig.l),  inten¬ 
sity  of  the  (ll)Si  streak  and  (lll)SiC  spot  as 
function  of  process  time 
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Fig.4  AFM  images  (lxl  jam2)  of  the  final  surfaces  of  the  samples:  a)  MCI  03,  b)  MCI  04,  c)  MCI  05 

bonds  on  both  samples,  which  indicates  a  similar  Ge  incorporation  at  the  SiC/Si  interface.  However, 
a  higher  intensity  of  Ge-0  bonds  on  MCI 04  was  observed.  The  Ge-0  bonds  are  located  at  the  sample 
surface.  For  our  opinion  the  Si  surface  between  the  SiC  crystallites  is  covered  by  small  Ge  clusters. 
But  this  was  not  seen  by  RHEED.  Furthermore,  the  Si2p  core  level  shows  a  higher  intensity  of  Si-C 
bonds  on  MCI 04.  From  this  follows  a  larger  SiC  coverage  on  MCI 04,  which  supports  the  SE  fit 
results  of  the  effective  film  thickness  (Fig.2). 

Conclusion 

In  the  case  of  additional  Ge  deposition,  carbonization  of  (111  )Si  leads  to  a  lowering  of  the 
increase  of  effective  SiC  film  thickness  within  the  investigated  interval  of  process  time  (until  600s). 
This  is  connected  with  a  lowering  of  the  growth  rate.  Reasons  are  reductions  of  the  C-Si  reaction 
probability  and  of  the  Si  outdiffusion  from  the  substrate  in  the  presence  of  additional  Ge  at  the  surface. 
Referring  to  a  different  increase  of  the  effective  film  thickness,  the  applied  methods  of  Ge  deposition 
before  or  during  carbonization  has  to  be  distinguished.  The  difference  between  both  methods  is  the 
partly  uncovered  Si  surface  before  carbonization  due  to  the  observed  Si-Ge  intermixing  at  the  Si 
subsurface.  This  increases  the  C-Si  reaction  probability  at  the  beginning  of  the  process.  Furthermore, 
the  Ge  incorporation  into  the  Si  subsurface  leads' to  the  observed  increase  of  the  SiC  grain  diameter. 
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Abstract  The  influence  of  the  process  conditions  (heating  rate,  propane  concentration  and  substrate 
temperature)  on  the  initial  growth  of  SiC  on  silicon  was  investigated  by  transmission  electron  micros¬ 
copy,  atomic  force  microscopy  and  reflection  high  energy  electron  diffraction.  The  results  obtained  are 
summarized  in  a  model. 

Introduction 

The  carbonization  of  Si  substrates  prior  to  the  growth  as  a  separate  process  or  during  the  heating 
cycle  is  a  common  method  in  the  formation  of  heteroepitaxial  SiC  layers  on  Si.  In  conjunction  with  the 
heteroepitaxy  of  Ill-nitrides  or  diamond  revitalized  the  interest  in  this  technique  to  create  a  pseudosub¬ 
strate.  Since  the  first  work  was  published  in  1959  [1]  the  conversion  of  Si  into  SiC  with  a  C  containing 
precursor  has  been  studied  intensively  by  several  groups.  However,  up  to  now  this  process  is  not  fully 
understood  and  different  growth  and  morphological  models  of  the  conversion  process  can  be  found  [2- 
7],  The  aim  of  this  work  is  to  give  a  contribution  for  a  better  understanding  of  the  structural  and 
morphological  evolution  during  the  conversion  of  Si  into  SiC  under  chemical  vapour  deposition 
conditions.  For  this  reason  we  studied  the  nucleation  and  growth  behaviour  in  dependence  on  the 
heating  rate,  the  C3H8  concentration  and  substrate  temperature  in  a  rapid  thermal  processing  reactor. 

Experimental 

The  conversion  process  was  carried  out  in  a  home  made  rapid  thermal  chemical  vapour  deposi¬ 
tion  (RTCVD)  reactor  described  in  [8],  The  RTCVD  system  allows  an  accurate  adjustment  of  the  hea¬ 
ting  rate  (±3  K  s'1),  the  holding  temperature  (±0.5  K)  and  the  process  time  (±0.2  s)  [9],  The  carboniza¬ 
tion  of  (1 1  l)Si  was  carried  out  by  using  C3H8  diluted  in  1000  seem  H2.  The  C3H8  concentration  was 
adjusted  between  0.01%  and  0.3%,  the  holding  temperature  between  1100°C  and  1330°C,  heating 
ramps  between  20  and  200  K  s'1  and  holding  times  in  the  range  from  0  to  120  s.  0  s  and  negative 
holding  times  in  Fig.  1  represent  an  interruption  of  the  heating-up  cycle  at  a  lower  temperature  and  an 
immediate  cooling  down.  Depending  on  the  heating  rate  the  effective  process  time  is  1  ...  3  s  [10],  A 
detailed  description  of  the  process  steps  of  the  conversion  including  ex  situ  and  in  situ  cleaning  of  the 
samples  can  be  found  in  [10]. 

The  thickness  measurements,  the  structural  and  morphological  investigations  of  the  samples 
were  carried  out  by  using  ellipsometry,  atomic  force  microscopy  (AFM),  reflection  high  energy 
electron  diffraction  (RHEED)  and  cross-sectional  transmission  electron  microscopy  (XTEM),  respec¬ 
tively. 

Results  and  Discussion 

In  dependence  on  the  growth  conditions  we  found  three  different  growth  kinetics  (Fig.l).  Every 
type  is  correlated  with  a  distinct  morphological  evolution.  With  the  C3H8  concentration,  which  has  the 
most  important  influence,  they  can  be  classified  as  (a)  quasi-two  dimensional  growth,  (b)  Stranski- 
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Krastanov  like  growth  and  (c)  three  dimensional  growth. 
70 .  Case  A  : 


— ■ —  0. 1 5  %  C  jH  s  (a) 
— □ — 0.025  %  (b) 

— ® —  0.015  %  C  H  (c) 


70  ,  T  _ _ _ _  _ _  Case  A:  quasi-two  dimensional  growth 

:  (1H)Si  °b  For  c3H8  concentrations  above  0.1%  a  thin 

|  50  k  s  '  initial  SiC  layer  is  formed  already  during  the 

|  iooo  seem  h2  y  ■  heating-up  phase  (Fig.  1,  curve  (a)).  The  existence 

|  40  :  z/  :  °f a  SiC  layer  with  a  finite  thickness  for  a  holding 

y  30  :  o.i5%  cxhk(z)  -  ^me  <  0  s  was  confirmed  by  RHEED  investiga- 

£  20  i  &/*''  — 0.025  %c,hh  (b)  ■  tions.  Large  diffuse  and  elongated  spots  correspon- 

1 10  :  JF  —  ®—  0.015  (c)  ding  to  SiC  without  any  Si  related  diffraction  spots 

«  n  ;  _ _ _ ■ - * - -a  were  found.  In  addition,  the  recorded  AFM  patterns 

-io  o  10  20  30  40  so  60  70  were  smooth  and  featureless  with  a  roughness  close 

Holding  time  (s)  to  the  values  obtained  for  the  virgin  (1 1  l)Si  wafer. 

Fig.l  Growth  kinetics  at  1280°C,50  K  s’1  at  Althou8h  apparently  closed,  the  thin  initial  layer 
C3H8  concentrations  of  (a)  0.15%,  (b)  0.025%  does  not  act  as  a  complete  diffusion  barrier.  This 
and  (c)  0. 15%  in  1000  seem  H2.  results  in  secondary  nucleation  with  a  density  pro- 

portional  to  the  hydrocarbon  flux.  The  homogene¬ 
ous  initial  layer  allows  an  epitaxial  lateral  growth  and  the  high  secondary  nucleation  density  rapidly 
seals  off  the  diffusion  paths  for  Si  entirely.  The  resulting  layer  was  single  domain  [11]  with  a  satura¬ 
tion  thickness  of  3...  5  nm.  These  layers  showed  no  morphological  defects  at  all.  The  final  state  of  such 
a  layer  as  observed  by  RHEED,  AFM  and  XTEM  is  represented  in  Fig.2. 
a  be 


20  30  40 

Holding  time  (s) 


Fig.l  Growth  kinetics  at  1280°C,50  K  s'1  at 
C3H8  concentrations  of  (a)  0.15%,  (b)  0.025% 
and  (c)  0.15%  in  1000  seem  H2. 


iSHBSP®? 


Fig.2  RHEED  (a),  AFM  (1  xlpm2)  (b)  and  XTEM  (c)  pattern  obtained  from  a  (1 1 1)  Si  sample  conver¬ 
ted  at  1280°C/0.15%  C3H8  at  50  K  s'1  and  10  s  holding  time. 

Case  B:  Stranski-Krastanov  like  growth  and  saturation 

At  intermediate  C3H8  concentrations  (0.02  ...  0.1%,  Fig.l,  curve  (b))  a  similar  thin  initial  layer 
was  detected  by  RHEED,  AFM,  XTEM  and  ellipsometric  investigations.  Fig.3  represents  a  XTEM 

micrograph  of  a  sample  after  0  s  conversion  process  at 
1280°C/60s/  0.025%  C3H8/50  K  s'1  was  interrupted  du¬ 
ring  the  heating-up  phase  at  1 190°C.  The  thin  and  closed 
initial  layer  on  the  top  of  the  Si  substrate  is  evident  as  a 
small  dark  band.  This  is  surprising,  because  since  the 
critical  temperature  of  SiC  formation  using  C3Hg  in  a  H2 
environment  was  found  to  be  between  1050  ...  1100°C 
[10].  Consequently,  if  the  hydrocarbon  concentration  is 
high  enough  the  Si  surface  will  be  immediately  covered 
with  SiC  by  quasi-two  dimensional  growth. 

As  in  case  A  the  initial  layer  allows  Si  diffusion  to 
the  surface  leading  to  secondary  nucleation.  However, 
Fig.3  XTEM  micrograph  of  a  sample  with  the  lower  hydrocarbon  concentration  causes  a  decreased 
a  process  interruption  at  1 190°C/0.025%  secondary  nucleation  density.  Consequently,  and  in  con- 
at  50  K  s'1  and  0  s  holding  time.  trast  to  case  A,  not  all  diffusion  paths  are  sealed  off  by 
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these  secondary  nuclei.  This  stimulates  the  local  Si  transport  inducing  the  formation  of  voids  in  the 
substrate  adjacent  to  the  layer.  The  fast  growth  around  the  voids  leads  to  an  enhanced  defect  for¬ 
mation.  Also  in  this  case  the  diffusion  paths  will  be  sealed  and  the  saturation  sets  in,  however,  after 
longer  processing  times  and  at  higher  layer  thickness.  These  converted  layers  have  shown  rotational 
twins.  RHEED,  AFM  and  XTEM  pattern  of  the  final  state  are  shown  in  Fig.4. 


Fig.4  RHEED  (a),  AFM  (lxl  pm2)  (b)  and  XTEM  (c)  pattern  obtained  from  a  (lll)Si  sample  con¬ 
verted  at  1280°C/0.025%  C3H8  at  50  K  s'1  and  10  s  holding  time. 


Case  C:  Three  dimensional  growth 

At  C3H8  concentrations  below  0.02%  we  could  not  observe  the  formation  of  an  initial  layer,  the 
SiC  growth  sets  in  with  a  three  dimensional  nucleation.  This  region  is  characterized  by  the  growth  of 
separated  high  islands  (Fig.  5)  and  results  in  very  rough  surfaces  and  interfaces.  This  lead  to  a  smaller 
effective  thickness  of  the  grown  layer  compared  to  the  0.025%  case.  The  morphology  of  the  grown 
islands  can  be  explained  by  the  transport  of  Si  atoms  from  the  surrounding  uncovered  substrate  surface 
to  the  regions  were  the  initial  nucleation  occurs.  As  a  consequence  the  uncovered  surface  between  the 
islands  is  sinking  with  respect  to  the  virgin  surface.  At  the  island  periphery,  steps,  kinks  and  non¬ 
parallel  areas  are  formed  preventing  a  parallel  epitaxy  of  SiC  during  the  lateral  growth  (Fig. 6).  As  a 
result  the  original  single-crystalline  early  SiC  crystal  is  found  on  a  pedestal  while  the  lateral  growing 
part  shows  misorientations  and  polycrystalline  portions.  The  trenches  between  the  islands  allow  an 
unlimited  Si  transport  to  the  surface  even  at  longer  processing  times.  This  behaviour  is  similar  to  the 
nucleation  behaviour  observed  during  the  conversion  of  Si  into  SiC  by  using  a  solid  carbon  source 
under  ultra  high  vacuum  conditions  [12].  As  a  consequence  of  this  growth  behaviour  within  our  ex¬ 
perimental  conditions  no  saturation  of  the  growth  kineticscoukU^ietectecKFi^^uiw^c)^^^^ 

200  nm 


Fig.5  AFM  of  the  sample  colonized  at  1280°C/  Fig.6  RHEED  pattern  obtained  from  the  sample 

0.015%/75  K  s"1  and  1  s  holdig  time  (5x5  pm2).  carbonized  at  1280°C/0.015%/75  K  s  Vl  s. 


The  critical  C3H8  concentration  leading  to  the  different  growth  modes  depends  on  the  heating-up 
velocity  as  shown  in  detail  in  [12].  The  different  growth  mechanisms  are  summarized  in  Fig.7. 
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Fig.7  Phenomenological  growth  model  for  the  conversion 
process  of  Si  into  SiC  under  atmospheric  pressure  CVD 
conditions  versus  process  conditions. 


Conclusion 

In  dependence  on  the  growth  con¬ 
ditions  (C3H8  concentration  and  heating 
rates)  three  different  growth  modes  were 
determined:  (1)  quasi-two  dimensional 
growth  with  early  saturation,  (2) 
Stranski-Krastanov  like  growth  with  sa¬ 
turation  and  (3)  three  dimensional 
growth  without  saturation.  These  growth 
modes  affect  the  structure  and  mor¬ 
phology  of  the  grown  SiC  layer  as  well 
as  the  surface  and  interface  roughness. 
For  the  formation  of  a  pseudosubstrate 
only  process  conditions  leading  to  quasi- 
two  dimensional  growth  are  suitable. 

For  C3Hg  concentrations  above 
0.02%  the  formation  of  an  initial  layer 
was  found,  which  was  not  oserved  in 
previuos  study  on  (100)Si  [6].  This  ini¬ 
tial  layer  acts  like  a  template  for  the  fur¬ 
ther  layer  growth  and  seems  to  be  the 
precondition  for  the  formation  of  a  SiC 
layer  with  improved  crystallinity. 
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Abstract  3C-SiC  was  grown  on  (lll)Si  by  solid  source  molecular  beam  epitaxy.  The  use  of  Ge 
during  the  carbonization  leads  to  an  improvement  of  the  crystal  quality  of  the  grown  layers.  Electron 
spectroscopy  revealed  that  Ge  is  incorporated  mainly  into  the  heterointerface.  The  observed  effects 
are  discussed  in  relation  to  different  theories. 

Introduction 

The  lack  of  commercially  available  bulk  crystals  of  3C-SiC  has  retained  over  years  the 
interest  in  thin  film  heteroepitaxy  on  Si  substrates.  Furthermore  this  heteroepitaxial  system  is  a 
suitable  alternative  for  heterojunction  devices  and  new  generations  of  sensors  and  the  growth  of  III- 
nitrides.  The  most  successful  method  is  the  chemical  vapour  deposition  by  a  two  step  technique 
where  first  an  initial  layer  is  grown  by  carbonization  [1].  In  this  technique  the  role  of  the  initial  layer 
is  to  act  as  a  pseudosubstrate  for  the  subsequent  epitaxial  growth  and  as  a  diffusion  barrier  against 
silicon  transport  into  the  growing  film.  Actually  these  layers  are  not  able  to  compensate  the  large 
lattice  mismatch  and  the  differences  in  the  thermal  expansion  coefficient.  The  residual  stress  can  not 
be  fully  relaxed  by  misfit  dislocations.  This  results  in  a  bending  of  the  Si  wafer  making  further 
processing  difficult.  This  and  the  high  defect  density  in  the  grown  films  are  the  main  drawbacks  for 
this  technology.  To  improve  the  quality  of  the  SiC/Si  heterosystem  different  approaches  are  possible. 
The  first  is  a  reduction  of  the  processing  temperature  by  using  high  reactive  species  and/or  atomic 
layer  epitaxial  techniques  [2-7],  a  second  is  the  use  of  silicon  on  insulator  substrates  [8],  A  further 
possible  method  is  the  SMART-CUT  process  or  related  technologies  [9,10].  An  alternative  approach 
to  improve  the  quality  of  the  heteroepitaxial  system  is  the  incorporation  of  group  IV  atoms  into  the 
growth  process  [11-14].  The  role  of  these  elements  during  the  growth  of  SiC  on  Si  is  currently  under 
discussion.  The  aim  of  the  work  is  to  demonstrate  that  the  use  of  Ge  during  the  carbonization  of  Si  by 
solid  source  molecular  beam  epitaxy  (SSMBE)  improves  the  crystallinity  of  the  grown  SiC  layer  on 
(lll)Si.  It  will  be  shown  that  Ge  is  mainly  incorporated  near  the  heterointerface  and  changes  the 
nucleation  behaviour. 

Experimental 

The  SiC  layers  were  deposited  on  3"  on-axis  (lll)Si  substrates  applying  SSMBE.  For  the 
growth  of  the  SiC  layers  on  Si,  we  used  an  UMS  500  Balzers  MBE  system  equipped  with  electron 
beam  evaporators  for  Si,  C  and  Ge.  The  wafers  were  cleaned  without  any  wet  chemical  step.  Prior  to 
the  deposition  process  the  Si  wafers  were  cleaned  in  a  low  energy  H2  plasma.  After  transferring  the 
wafer  into  the  reaction  chamber  an  annealing  step  at  780°C  for  1  h  was  employed.  Subsequently  the 
wafer  was  cooled  down  to  325°C  and  held  at  this  temperature  for  1  h.  The  deposition  procedure  was 
similar  to  the  method  reported  in  [7]  and  consists  of  the  following  process  steps:  (1)  0  .  .  .  2  Monolayer 
(ML:  with  respect  to  the  Si  surface)  Ge  deposition  on  the  (7x7)  reconstructed  Si  surface  at  325°C  by 
electron  beam  evaporation,  (2)  6  ML  C  deposition  on  the  Si  substrate,  (3)  heating  up  the  Si  wafer  to 
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660°C  for  3  minutes,  (4)  gradual  increase  of  the  substrate  temperature  in  periods  of  2  minutes  by 
50°C  up  to  1000°C  or  1050°C,  (5)  the  SiC  deposition  started  at  950°C  with  a  growth  rate  of  1 
nm/min.  The  final  epitaxial  temperature  was  1000°C  and  1050°C.  The  SiC  layers  were  grown  at  Si 
rich  conditions  and  continuously  operating  Si  and  C  sources.  The  growth  process  was  controlled  by 
using  the  (3x3)-Si  (1 1  l)SiC  surface  reconstruction. 

The  growth  process  was  monitored  by  in  situ  reflection  high  energy  electron  diffraction 
(RHEED)  and  in  situ  spectroscopic  ellipsometry  in  real  time.  The  films  were  investigated  ex  situ  by 
atomic  force  microscopy  (AFM),  X-ray  diffraction  (XRD),  X-ray  photoelectron  spectroscopy  (XPS) 
and  Auger  electron  spectroscopy  depth  profiling  applying  target  factor  analysis  (AES-TFA). 


Results  and  Discussion 

After  the  deposition  of  Ge  onto  the  (11  l)Si  surface  we  observed  the  following  surface  recons¬ 
tructions  at  325°C:  (1)  up  to  1  ML  Ge  the  (7x7)-Ge  surface  reconstruction,  (2)  between  1  ML  and  2 
ML  Ge  a  mixture  of  (7x7)-Ge  and  (5x5)-Ge  surface  reconstructions  (3)  above  2  ML  Ge  the  (5x5)-Ge 
surface  reconstruction  was  observed.  These  observations  are  in  agreement  with  the  phase  diagram 
reported  in  [15].  During  the  deposition  of  C  on  the  Ge  modified  Si  surface  the  diffraction  pattern 
changes  from  the  streaky  one  into  a  diffuse  diffraction  pattern  with  only  a  very  week  evidence  of  a 
(lxl)  surface  reconstruction.  To  relax  the  formed  compound  system  it  was  annealed  at  the  deposition 
temperature  for  several  minutes.  The  following  step  wise  heating-up  phase  had  the  goal  to  transform 
the  near  surface  layers  of  the  Si  substrate  into  Si  and  to  stimulate  the  Ge  incorporation.  In  dependence 
on  the  deposited  amount  of  Ge  we  observed  a  decrease  of  the  temperature  where  the  3D  SiC  spots 
could  be  detected  with  RHEED  from  900°C  (0  ML  GE)  to  750°C  (2ML  Ge).  The  formed  carbonized 
layer  shows  only  a  week  evidence  of  rotational.  They  vanished  during  growth  after  a  thickness  of  10 
and  50  nm  and  a  single  domain  SiC  layer  appeared.  Within  this  thickness  range  the  3D-spotty  dif¬ 
fraction  pattern  changed  into  a  2D-streaky  one  with  (3x3)-Si  reconstruction  streaks.  This  is  indicative 
for  flat  terraces  and  2D  growth.  In  Fig.  1  the  RHEED  pattern  of  three  samples,  having  different 
amounts  of  predeposited  Ge,  are  shown.  No  significant  differences  can  be  observed.  They  all  show 
2D  diffraction  with  a  strong  (3x3)-Si  reconstruction  with  a  week  evidence  of  transmission  features, 
a  b  c 


Fig-1  RHEED  pattern  recorded  after  the  growth  of  130  nm  thick  SiC  layers  grown  at  1000°C:  (a)  0 
ML  Ge,  (b)  0.5  ML  Ge,  (3)  2  ML  Ge.  Azimuth  [011]. 


To  get  a  deeper  insight  into  the  influence  of  the  Ge  coverages  on  the  SiC  nucleation  in  situ 
spectroscopic  ellipsometry  was  used  to  obtain  information  on  the  interface  [16],  ex  situ  AFM  inves¬ 
tigations  were  used  to  characterize  the  surface  morphology  and  XRD  in  the  0-20-scan  to  characterize 
the  overall  crystallinity  with  the  full  width  of  the  half  maximum  (FWHM)  of  the  (1 1 1)  3C-SiC  peak. 
The  results  are  summarized  in  Table  1.  The  interface  width  given  in  Table  1  was  determined  after  the 
growth  of  100  nm  SiC  during  the  deposition.  It  was  chosen  to  have  an  information  about  the  near 
starting  conditions.  These  results  indicate  on  a  positive  effect  of  Ge  introduction  into  the  carboniza¬ 
tion  process  of  Si.  An  increase  of  the  grain  size  and  improvement  of  the  flatness  is  evident  if  Ge  is 
used.  This  can  be  explained  by  the  reduction  of  the  accumulated  strain  energy  and  an  improved  lattice 
match  as  can  be  predicted  by  the  S-correlated  theory  of  interface  optimization  developed  in  [17], 
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Table  1  Variation  of  the  surface,  interface  and  crystallographic  characteristics  as  a  function  of 
_  Ge  coverages  for  300  nm  thick  SiC  layers  grown  at  1050°C _ _ 


Sample 

Ge  coverage, 
ML 

Terrace  width/grain 
diameter,  nm 

Surface  rough¬ 
ness  rms,  nm 

Interface 
width,  nm 

FWHM,  ° 

El  7/1 9 

0 

133 

1.8 

1.2 

E24 

0.25 

145 

1.7 

0.5 

0.236 

E25 

0.5 

192 

1.5 

LI 

0.232 

E20/23 

1 

169 

2.2 

6.1 

0.226 

E23a 

2 

105 

6.0 

8.2 

0.228 

To  get  a  deeper  insight  in  the  structure  formed  during  the  conversion  process  we  carried  out 
ex  situ  XPS  and  AES-TFA  investigations.  For  this  reason  the  conversion  process  was  interrupted:  (1) 
after  the  deposition  of  2  ML  Ge,  (2)  after  the  deposition  of  6  ML  C,  and  (3)  after  the  step  wise 
annealing  procedure  and  compared  to  the  case  without  Ge  deposition.  The  XPS  spectra  obtained  are 
shown  in  Fig.  2  and  3. 


Kinetic  Energy  (eV)  Kinetic  Energy  (eV) 


Fig.2  XPS  spectra  of  the  Cls  and  the  Si2p  peak  Fig.3  XPS  spectra  of  the  low  energy  Ge2p1/2  and 
measured  from  the  sample  as  build  in.  high  energy  Ge3d  peak  measured  from  the  sam¬ 

ple  as  build  in. 


As  can  be  seen  on  Fig.2  the  XPS  spectra  of  the  deposited  C  is  different  from  the  XPS  spectra  of  the  C 
contamination  (Fig.2,  Cls).  Furthermore  the  C  forms  SiC  like  bonds  with  Si  even  at  this  low 
temperatures.  The  amount  of  the  SiC  bonds  is  0.9  ...  1  ML  and  0.3  ML  for  the  case  without  and  with 
Ge  respectively.  Therefore  the  deposited  Ge  lowers  the  probability  of  the  SiC  formation  at  the  in¬ 
terface  and  consequently  may  be  another  reason  for  decreased  nucleation  density,  i.e.  for  increase  of 
the  grain  size.  After  the  step  wise  annealing  the  deposited  C  is  completely  transformed  into  SiC 
(Fig.2,  Cls  and  Si2p).  Furthermore  no  Ge  could  be  detected  at  the  surface.  This  is  evident  from  the 
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Fig.4  AES  depth  profile  of  the  Si,  SiC,  SiGe  and  Si02 
bonds  determined  by  AES-TFA. 


vanishing  low  energy  Ge2p1/2  peak  having 
an  information  depth  of  around  2  nm.  In 
contrast  the  high  energy  Ge3d  peak  (in¬ 
formation  depth  8  nm)  can  be  observed 
after  the  carbonization.  This  indicates  on 
a  segregation  of  Ge  at  the  SiC-Si  inter¬ 
face.  This  conclusion  was  confirmed  by 
the  carried  out  AES-TFA  analysis  (Fig.4). 
The  Ge  depth  profile  is  located  on  both 
sides  of  the  SiC-Si  heterointerface.  For 
the  determination  of  the  Ge  distribution 
the  Si-LVV  peak  of  a  Si082Ge018  solid 
solution  was  used  as  the  reference 
spectra.  The  Ge  concentration  in  the 
maximum  of  the  depth  profile  was 
determined  to  be  around  2.5  ...  3%. 


Conclusion 

The  use  of  group  IV  elements  during  the  conversion  of  Si  into  SiC  lead  to  an  improved  hetero¬ 
epitaxy  under  SSMBE  conditions  even  if  the  Ge  coverage  is  below  1  ML.  The  observed  effects  can 
be  explained  by  the  common  nucleation  theory  and  within  the  framework  of  the  S-correlated  theory 
of  interface  optimization  and  its  continuity  conditions. 
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Abstract:  An  ultrahigh  vacuum  compatible  source  of  methyl  radicals  has  been  developed  and  used 
to  investigate  the  initial  stages  of  SiC  growth  on  Si(100)  2x1  surfaces.  This  source  produces  a  pure, 
high  flux  of  methyl  radicals  ideally  suited  for  film  growth  and  surface  kinetics  studies.  For 
comparable  growth  conditions,  our  studies  reveal  that  radicals  exhibit  a  propensity  to  maintain  SiC 
stoichiometry,  while  molecular  species  (ethylene)  tend  to  rapidly  produce  carbon-rich  films.  Films 
grown  using  radicals  and  molecular  species  also  differ  in  micro  structure.  Methyl  radicals  produce 
films  which  have  extremely  smooth  surfaces,  while  those  films  grown  using  molecular  species 
exhibit  hillocks  or  small  grains. 

Introduction 

Regardless  of  the  deposition  technology  used,  two  factors  complicate  the  growth  of  SiC. 
These  are  the  large  lattice  mismatch  between  the  substrate  and  thin  film  and  the  need  to  reduce  the 
chemical  activity  of  Si  during  initial  layer  growth.  Both  factors  have  generally  been  dealt  with  by 
the  formation  of  a  carbonized  interface.  Powell  and  coworkersfl]  were  among  the  first  to  use  this 
approach  in  atmospheric  pressure  chemical  vapor  deposition  (APCVD).  They  demonstrated 
significant  improvements  in  SiC  quality  using  a  buffer  layer  formed  by  reacting  a  dilute  mixture  of 
C3H8  in  H2  with  the  Si  substrate  as  the  substrate  temperature  was  rapidly  increased  to  1400  °C.  This 
approach,  in  various  forms,  is  still  widely  practiced  in  APCVD,  and  similar  methods  are  frequently 
used  in  gas  source  molecular  beam  epitaxy  (GSMBE).[2-4] 

Recently,  Matsunami  and  coworkers[4]  reported  promising  results  which  improve  the 
potential  for  growing  large  diameter,  single  crystal  3C-SiC  films  on  Si(100)  substrates  by  GSMBE. 
They  demonstrated  significant  improvements  in  epilayer  quality  using  methyl  (CH3)  radicals 
(produced  by  pyrolysis  of  C3H8)  to  carbonize  the  Si  substrate  at  low  temperature  (900  K-1000  K). 
Research  in  our  laboratory  has  focused  on  development  of  an  ultrahigh  vacuum  (UHV)  compatible 
source  of  CH3  radicals  and  the  use  of  this  source  in  GSMBE  studies  to  characterize  the  initial  stages 
of  SiC  growth  on  Si(100)  surfaces.  Our  results  corroborate  the  observations  of  Matsunami  and 
coworkers  and  further  define  the  conditions  under  which  initial  layer  growth  using  a  high  purity 
radical  source  may  provide  an  optimum  substrate-film  interface  for  subsequent  SiC  growth. 

Experimental  Approach 

The  experimental  studies  were  conducted  in  the  UHV  system  shown  in  Figure  1.  The 
analysis  chamber  is  equipped  with  a  hemispherical  electron  energy  analyzer  and  x-ray  source  for  x- 
ray  photoelectron  spectroscopy  (XPS)  as  well  as  scanning  Auger  microprobe  optics  for  Auger 
electron  spectroscopy  (AES).  These  in-situ  techniques  provide  information  on  thin  film  surface 
composition,  while  ex-situ  atomic  force  microprobe  (AFM)  analyses  provide  information  on  thin 
film  microstructure.  A  quadrupole  mass  spectrometer  in  the  growth  chamber  allows 
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characterization  of  the  gas  species 
sources  and,  in  certain  cases,  species 
desorbed  from  the  substrate  during 
growth.  The  base  pressure  in  the 
growth  chamber  is  10‘9  Torr. 

As  shown  in  Figure  1,  the 
system  may  be  fitted  with  a  variety 
of  growth  species  sources.  In  the 
present  studies,  we  are  concerned 
with  the  CH3  radical  source  which  is 
illustrated  more  clearly  in  Figure  2. 

This  UHV  compatible  source  was 
designed  and  constructed  to  produce 
a  pure,  high  flux  of  CH3  radicals  for 
thin  film  growth  and  surface  kinetics 
measurements.  In  operation,  a 
microwave  discharge  is  established  in  a  dilute,  low  pressure  mixture  of  CH4  and  Ar  which  is 
pumped  through  the  source  using  an  Alcatel  27  cfm  roughing  pump.  The  discharge  products  are 
“sampled”  in  the  UHV  chamber  using  a  molecular  beam  skimmer  having  a  400  jam  aperture.  The 
pressure  in  the  source  was  measured  at  the  outlet  to  the  roughing  pump  by  a  capacitance 
manometer.  Under  growth  conditions  the  substrate  is  located  approximately  one  cm  from  the 
aperture.  For  source  characterization  studies  the  substrate  is  raised  above  the  level  of  the  source  so 
the  beam  can  be  sampled  directly  by  the  mass  spectrometer.  The  characteristics  of  the  radical 
source  are  discussed  in  the  next  section. 

The  substrates  (~1.5cm  x  1cm)  were  prepared 
from  n-type  electronic  grade  Si(100)  substrates  with 
a  resistivity  of  5  ohm-cm.  These  were  cleaned  in- 
situ  by  2  keV  Ar+  ion  bombardment,  and  annealed 
for  15  minutes  at  1100  K  to  produce  the  2x1  surface 
reconstruction  as  verified  independently  by  low 
energy  electron  diffraction  (LEED).  For  the 
comparative  studies,  the  Si(100)  2x1  surface  was 
then  heated  to  a  growth  temperature  of  1000  K  and 
exposed  to  a  flux  of  either  CH3  radicals  or  C2H4 
molecules.  The  CH3  radicals  were  produced  using 
the  source  shown  in  Figure  2,  while  the  flux  of  C2H4 
was  produced  using  an  effusive  beam  or  simply 
back-filling  the  chamber  to  a  pressure  in  the  range  of 
1x10  Torr.  [5]  The  process  could  be  stopped  at  any  time  to  obtain  in-situ  AES  analysis  of  the 
evolving  film.  Quantitative  determinations  of  the  sp2-C,  sp3-C,  and  SiC-C  contribution  to  the  C- 
KLL  Auger  line  shape  were  obtained  by  factor  analysis  using  methods  described  elsewhere.[5] 

Results  and  Discussion 

Figure  3  shows  a  set  of  representative  mass  spectra  which  demonstrate  the  production  of 
CH3  radicals.  The  upper  spectrum  shows  the  signal  due  to  the  CH4  present  for  a  flow  of  22.7  seem 
Ar,  0.3  seem  Xe,  and  2sccm  CH4  at  a  total  pressure  of  0.2  Torr.  The  energy  of  the  ionizing 
electrons,  12.5  eV,  is  chosen  to  minimize  the  production  CH3  in  the  mass  spec  ionizer  by  cracking 
of  CHU.  When  the  microwave  discharge  is  turned  on,  we  observe  the  disappearance  (or  in  some 
cases,  simply  the  reduction)  of  the  CH4  peak  and  the  appearance  of  the  CH3  and  C2HX  peaks. 


Chi,  Radical  Source 
Shutter  Control 


SAM  Optics 


X-ray  Source 
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Figure  1 .  GSMBE  system  used  for  studies  of  SiC  and  diamond  growth. 
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Taking  into  account  species  dependent 
ionization  cross  sections  and  mass  spec 
transmission  efficiencies,  the  relative 
concentrations  of  the  CH3  and  C2HX  species 
produced  for  the  indicated  operating  conditions 
are  approximately  98%  CH3  and  2%  C2HX.  The 
corresponding  yield  is  ~  23.6%  CH3  and  ~1.2% 
C2Hx,  while  the  CH3  flux  is  on  the  order  of 
3x1 014  cm'2  sec'1.  This  is  equivalent  to  an 
effective  beam  pressure  of  6x1  O'7  Torr.  With 
the  exception  of  very  low  levels  of  C3HX 
species,  the  remainder  of  the  carbon  appears  to 
be  deposited  in  the  microwave  discharge  region, 
and  no  other  hydrocarbons  emerge  from  the 
source. 


m/e 

Figure  3.  Mass  spectra  showing  die  production  of  CH3 
radicals  in  a  microwave-discharge  of  CH4  in  Ar. 


The  performance  characteristics  of  this  CH3  radical  source  can  be  compared  with  that  used 
by  Matsunami  and  co workers.  [4]  In  their  studies,  CH3  radicals  were  produced  by  pyrolyzing  C3H8 
in  a  high  temperature  cracker  operating  at  1473  K.  They  quote  a  CH3  density  of  3.3xl09  cm 3  which 
corresponds  to  an  effective  beam  pressure  of  lxl O'7  Torr.  The  CH3  flux  or  effective  beam  pressure 
in  our  source  is  a  factor  of  approximately  six  times  greater  than  that  obtained  by  Matsunami  and 
coworkers.  Another  major  difference  is  the  level  of  contaminant  species.  They  quote  a  CH3  yield 
of  1.6%.  Given  the  design  of  their  source,  virtually  all  of  the  input  gas  must  emerge  as  pyrolysis 
products.  Thus,  the  low  CH3  yield  suggests  that  their  contaminant  levels  may  be  as  much  as  two 
orders  of  magnitude  higher  than  ours. 

The  initial  stage  of  SiC  growth  on  the  Si(100)  2x1  surface  was  investigated  under 
comparable  conditions  for  CH3  radicals  and  C2H4.  For  a  typical  film  grown  using  CH3  radicals, 
Figure  4  shows  the  evolution  of  the  carbon  species  distribution,  as  determined  by  in-situ  AES,  with 
CH3  fluence.  Figure  5  shows  a  corresponding  plot  for  growth  using  C2H4.  Here,  an  ML  is  defined 
as  lxlO15  cm-2  sec"1.  It  is  evident  that  CH3  radicals  tend  to  produce  a  more  stoichiometric  SiC  film 
during  the  initial  stages  of  growth,  while  C2H4  produces  a  mixture  of  SiC  and  sp3  bound  carbon. 
Although  the  latter  bodes  well  for  diamond  nucleation,  it  indicates  that  CH3  radicals  may  be  the  best 
species  for  depositing  the  initial  SiC  layers. 


Figure  4.  Carbon  species  distribution  for  growth 
using  CH3  radical  precursors. 


Figure  5.  Carbon  species  distribution  for  growth 
using  molecular  precursors. 
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Representative  AFM  images  for  these  films  are  shown  in  Figures  6  and  7.  Surfaces  of  films 
grown  with  CH3  radicals  are  much  smoother  than  those  of  films  grown  with  molecular  species.  For 
films  grown  using  C2H4,  hillock  diameters  of  ~0.2  pm  and  an  rms  roughness  of  ~7  nm  are  typical. 
Films  grown  using  CH3  radicals,  however,  have  much  smaller  hillocks  and  the  rms  roughness  is  less 
than  1  nm.  In  these  films,  the  primary  defect  appears  to  be  shallow  pit-like  features.  Although  not 
yet  confirmed,  the  small  hillocks  on  films  grown  using  CH3  radicals  may  be  associated  with  the 
appearance  of  the  sp3-carbon  species.  AFM  measurements  indicate  that  these  films  are  much 
smoother  if  the  growth  sequence  is  stopped  before  sp3-carbon  species  appear. 


Conclusions 

The  results  presented  here  are  consistent  with  those  of  Matsunami  and  coworkers.  [4]  They 
observed  significant  improvements  in  film  quality  when  using  CH3  radicals  rather  than  molecular 
species  (C2H2  in  their  case)  to  carbonize  the  Si  substrate.  The  remarkably  high  quality  of  their  films 
may  have  been  limited  only  by  the  high  levels  of  molecular  contaminants  in  their  pyrolysis  source. 
The  results  presented  here  suggest  that  their  observed  improvements  may  be  due  to  a  growth 
window  characterized  by  very  smooth,  stoichiometric  SiC  layers.  This  window  exists  during  initial 
layer  growth  just  prior  to  the  onset  of  an  sp3-carbon  phase.  The  formation  of  both  SiC  and  sp3- 
carbon  by  molecular  growth  species  has  been  previously  described  mechanistically  using  a 
surfactant  mediated  epitaxy  model. [6]  The  use  of  CH3  radicals  may  lead  to  a  suppression  of  the 
surfactant  species  (Si)  and  delay  the  onset  of  the  sp3-carbon  phase.  A  major  thrust  of  our  present 
work  is  to  establish  the  details  of  this  mechanism  and  to  determine  the  extent  to  which 
improvements  in  the  initial  layers  formed  using  CH3  radicals  can  lead  to  improvements  in  SiC  film 
quality.  The  growth  “window”  as  well  as  subsequent  SiC  growth  using  organosilicon  compounds 
are  presently  being  investigated. 
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Abstract  We  have  developed  a  new  method  for  fabrication  of  single-crystal  SiC-on-insulator 
using  SIMOX  (Separation  by  IMplanted  OXygen)  substrates.  Carbonization  of  surface  Si  of 
SIMOX  wafers  induced  cavities  between  the  SiC  and  Si  layers  which  resulted  in  low-quality 
SiC-on-insulator.  On  the  other  hand,  crystalline  SiC  layers  were  formed  on  SIMOX  substrates 
without  cavities  at  SiC/Si  interfaces  by  using  CVD  of  SiC  on  as-implanted  SIMOX  substrates  at 
900  °C  followed  by  N2  annealing  at  1350  °C. 

Introduction 

Silicon-on-insulator  (SOI)  is  a  useful  structure  to  enhance  existing  Si-CMOS  technology. 
Separation  by  IMplanted  OXygen  (SIMOX)  is  one  of  the  major  methods  to  provide  the  SOI 
structure.  It  is  interesting  to  form  single-crystal  SiC  on  SIMOX  substrates,  since  it  may  give  rise 
to  a  SiC-on-insulator  structure  which  provides  promising  substrates  for  SiC-CMOS. 
Heteroepitaxial  CVD  growth  of  3C-SiC  on  SIMOX  substrates  has  been  investigated  by  other 
researchers.  Camassel  et  al.  [1]  and  Reichert  et  al  [2]  reported  that  large  cavities  were  formed 
in  the  surface  Si  layer  and  these  cavities  extended  into  the  buried  oxide  (BOX)  layer.  The  optimal 
condition  to  form  the  SiC-on-insulator  structure  from  SIMOX  substrates  has  not  yet  been 
established.  In  this  work,  carbonization  and  CVD  were  carried  out  to  both  as-implanted  and 
annealed  SIMOX  substrates,  and  the  structures  were  examined  based  on  cross-sectional 
transmission  electron  microscopy  (XTEM). 

Experimental 

SIMOX  wafers  were  prepared  by  180  keV  0+  implantation  onto  Si  (100)  substrates  with  a  dose  of 
4x1 017  cm'2  at  550  °C.  The  implanted  samples  were  annealed  at  1350  6C  for  1  hr  in  Ar  +  0.5  %  02 
which  resulted  in  formation  of  a  continuous  BOX  layer  with  a  thickness  of  100  nm.  Before  the 
carbonization,  the  surface  Si  layer  with  a  thickness  of  about  350  nm  was  chemically  etched  using 
KOH  solution  to  obtain  thinner  surface  Si  layers.  Carbonization  was  performed  using  10  seem  of 
H2-diluted  10  %  C3H8  with  additional  1000  seem  of  H2  for  further  dilution  at  1300  °C  and  a  total 
pressure  of  1x10s  Pa.  CVD  of  SiC  was  performed  using  pulsed  supersonic  free  jets  of  CH3SiH3  at 
a  total  pressure  of  ~10'3  Pa  at  a  growth  temperature  of  900  °C  [3]  on  as-implanted  and  annealed 
SIMOX  wafers. 
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Results  and  Discussion 
Carbonization  of  SIMOX  substrates 

Figure  1  shows  XTEM  images  of  the  samples  with  various  thicknesses  of  the  surface  Si  layer 
carbonized  at  1300  °C  for  3  min.  At  a  thickness  of  140  nm,  it  can  be  seen  that  islands  are  formed 
on  the  surface  with  a  thickness  of  about  50  nm  and  a  width  of  about  400  nm  in  Fig.  1(a).  The 
selected-area  diffraction  (SAD)  pattern  reveals  that  the  island  is  SiC  epitaxially  grown  on  the  Si 
surface.  A  large  trapezoidal  cavity  is  also  seen  below  the  SiC  island.  Reichert  et  al.  also  observed 
similar  trapezoidal  cavities  in  the  surface  Si  layer  of  SIMOX  wafer,  and  speculated  that  the  inverse 
pyramidal  cavities  below  SiC  film  extend  to  Si/Si02  interface  and  the  shape  of  cavity  is  inverted 
[2].  At  a  thickness  of  60  nm,  both  the  SiC  islands  and  the  cavities  become  wider,  as  shown  in  Fig. 
1(b),  indicating  that  the  width  of  the  SiC  island  is  nearly  the  same  as  that  of  the  cavities  below 
them.  It  is  supposed  that  the  cavities  become  wider  since  Si  atoms  are  consumed  extensively  as  the 
Si  layer  becomes  thin.  At  a  thickness  of  40  nm,  SiC  islands  grow  much  wider  and  result  in  a 
continuous  thin  film,  as  shown  in  Fig.  1(c).  However,  the  each  cavity  is  connected  and  becomes  a 
cave,  which  results  in  the  weak  adhesion  of  the  SiC  film.  It  can  be  also  seen  a  disorder  at  the  lower 
Si02/Si  interface,  suggesting  that  Si  atoms  below  the  Si02  layer  are  consumed  to  form  the  SiC 
film  in  this  sample.  It  is  confirmed  from  these  results  that  the  carbonization  of  SIMOX  substrates 
does  not  result  in  SiC-on-insulator  structure  with  good  crystalline  quality. 
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CVD  of  SiC  on  SIMOX  substrates 

Figures  2(a)  and  (b)  show  XTEM  images  of  60  nm-thick  SiC  films  formed  on  the  as-implanted 
and  annealed  SIMOX  wafers  at  900  °C  for  2  hrs,  respectively.  The  SAD  patterns  reveal  that  all 
these  films  are  epitaxially  grown  3C-SiC.  However,  there  is  a  difference  in  the  morphology  of 
their  SiC/Si  interface.  There  are  cavities  at  the  interface  on  the  annealed  SIMOX  substrates,  as 
shown  in  Fig.  2(b).  These  cavities  are  much  smaller  than  those  formed  by  the  carbonization  (see 
Fig.  1),  since  Si  is  included  in  the  source  gas  and  growth  temperature  is  lower  at  the  CVD  growth. 
On  the  other  hand,  no  appreciable  cavities  can  be  observed  at  the  interface  on  the  as-implanted 
wafer  in  Fig.  2(b).  This  may  be  due  to  ion-beam  induced  extended  defects  and  strains  in  the 
surface  region  [4,5],  These  defects  and  strains  affect  the  diffusion  processes  of  substrate  Si  atoms, 
which  results  in  the  cavity  free  interface. 


Fig.  2  Cross-sectional  TEM  bright-field  images  of  SiC  films  formed  by  CVD  on  (a)  as-implanted  and 
(b)  annealed  SIMOX  substrates.  Inset  shows  the  selected-area  diffraction  patterns  from  the  images. 


To  obtain  the  buried  Si02  layer  in  the  sample  shown  in  Fig.  2(a),  the  sample  was  annealed  at 
1350  °C  for  1  hr.  Figures  3  (a)  and  (b)  show  XTEM  images  of  the  samples  annealed  in  N2  and 
Ar+~5%  02  ambient,  respectively.  It  can  be  seen  that  buried  Si02  layer  is  formed  in  both 
annealed  samples.  It  is  generally  believed  that  02  gas  is  necessary  in  the  ambient  to  form  the 
continuous  Si02  layer  during  the  annealing.  However,  the  continuous  Si02  layer  is  obtained 
without  02  gas  in  the  ambient,  suggesting  that  SiC  film  on  the  surface  prevents  the  out-diffusion 
of  the  implanted  O  in  the  substrate.  In  Fig.  3(a),  appreciable  difference  cannot  be  observed  both 
in  the  SiC  film  and  the  SiC/Si  interface  before  and  after  annealing  in  N2  ambient.  However,  the 
thickness  of  SiC  film  is  reduced  to  about  10  nm,  and  a  film  with  bright  contrast  exists  on  SiC 
film  after  annealing  in  Ar+~5%  02  ambient,  as  shown  in  Fig.  3(b).  This  bright  film  is  supposed  to 
be  a  oxide.  In  addition,  cavities  with{100}  oriented  facets  exist  below  the  SiC  film,  suggesting 
that  Si  element  is  provided  from  surface  Si  layer  for  the  oxidation  at  the  surface.  It  is  confirmed 
from  these  results  that  SiC  films  can  be  formed  on  SIMOX  substrates  without  cavities  at  the 
interface  by  using  CVD  of  SiC  on  as-implanted  wafers  followed  by  annealing  in  N2  ambient. 
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Fig.  3  Cross-sectional  TEM  bright-field  images  of  SiC  films  on  as-implanted  SIMOX  substrates  after  annealing 
at  1350  °C  for  1  hr  in  (a)  N2  and  (b)  Ar+~5%  02  ambient.  Inset  of  Fig.  3(b)  is  the  magnified  image  around  the 
SiC/Si  interface. 


Conclusion 

SiC-on-insulator  substrates  have  been  fabricated  by  using  SIMOX  wafers.  Carbonization  of 
SIMOX  wafers  resulted  in  only  low-quality  SiC-on-insulator  structures,  since  the  surface  region 
was  composed  of  SiC  islands  and  cavities.  SiC  films  could  be  formed  on  SIMOX  substrates 
without  cavities  at  SiC/Si  interface  by  using  CVD  on  the  as-implanted  SIMOX  wafers  after  N2 
annealing  at  1350  °C. 
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Abstract : 

We  have  investigated  the  effect  of  reducing  the  SOL  (Silicon  OverLayer)  thickness  on  the  final 
structure  of  standard  SOI  (Silicon  On  Insulators)  wafers.  We  show  that  the  SOL  morphology 
degrades  when  the  SOL  thickness  decreases.  This  affects  the  growth  of  the  3C-SiC  layers  deposited 
on  top. 

Introduction : 

Silicon  On  Insulator  (SOI)  is  a  well-known  material  system  to  develop  low  power,  low  voltage 
and  high  speed  electronic  circuits  [1,  2].  It  has  also  promising  applications  as  compliant  substrate 
for  3C-SiC  deposition  [3].  Of  course,  in  that  particular  case,  the  ideal  situation  would  be  to  convert 
completely  the  thin  Silicon  OverLayer  (or  SOL)  into  cubic  SiC  during  the  carbonization  step  [4,  5]. 
In  this  way  one  would  get  directly  a  so-called  SiCOI  structure,  with  an  active  SiC  layer  directly 
grown  on  top  of  a  thin  Si02  insulating  film  [6].  This  necessitates  to  grow  on  ultra-thin  SOL 
thickness  (~  10  nm  or  less).  Since  these  peculiar  SOI  structures  are  not  directly  available  on  the 
market,  one  must  use  a  thinning  process  to  modify  the  standard  wafers. 

In  this  work,  we  report  on  using  a  Sacrificial  Oxidation  (SO)  or  an  Ion  Beam  Etching  (IBE) 
process  to  thin  the  SOL  of  various  SOI  wafers.  We  have  used  SIMOX  and  Unibond®  and,  in  both 
cases,  started  from  ~  200  nm  (nominal)  SOL  thickness.  Then  we  thinned  progressively  down  to 
~  5  nm.  In  the  first  part,  we  show  evidence  of  the  dynamic  response  of  the  SOI  structures  to  the 
thinning  process  and  show  that  it  comes  mainly  from  internal  strain  relaxation.  In  the  second  part, 
we  report  on  the  morphology  of  the  as-deposited  SiC  layers  as  a  function  of  the  SOL  thickness. 

Effect  of  thinning  the  SOL  on  the  final  SOI  morphology 

Because  of  the  difference  in  thermal  expansion  coefficients  between  silicon  and  silicon  dioxide 
any  direct  bonding  of  two  oxidized  wafers,  or  any  oxygen-ion  implantation  followed  by  a  high 
temperature  annealing  step,  must  introduce  a  finite  amount  of  stress  at  the  various  Si/Si02 
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interfaces.  This  is  a  well-understood  matter  and  the  study  of  thermal  strain  [1,  7]  as  well  as  other 
process-induced  (crystalline)  defects  (like  for  instance  Oxygen  Induced  Stacking  Faults  [8]  in 
nominal  SOI  materials)  is  well  documented.  However,  to  the  best  of  our  knowledge,  no  similar 
work  as  been  done  on  the  effect  of  thinning  the  SOL  and  not  much  is  known  on  the  resulting  SOI 
morphology. 

We  started  from  standard  4”  SOI  wafers  and,  in  both  cases  of  SIMOX  and  Unibond®  materials, 
used  a  thermal  sacrificial  oxidation  process  at  1050°C  to  thin  the  topmost  Si  overlayer.  To 
determine  the  remaining  SOL  thickness,  FTIR  (Fourier  Transform  Infrared  Reflectivity) 
measurements  were  done  [9].  Apart  from  the  change  in  SOL  thickness  (deduced  from  the  change  in 
interference  pattern),  the  FTIR  measurements  provide  evidence  of  a  change  in  internal  strain  of  the 
thin  dielectric  films.  This  is  shown  in  Fig.l-a.  Notice  the  drastic  narrowing  of  the  Si02-related 
signal  at  about  1050  cm-1.  Starting  from  a  rather  broad  feature  (-500  cm’1)  for  the  as-delivered 
material,  the  strong  Si-0  bond  signature  [10]  narrows  rapidly  as  the  SOL  thickness  decreases.  This 
is  true  from  the  very  beginning,  when  thinning  from  200  to  100  nm,  and  does  not  depend  on  the 
type  of  material  investigated. 

To  check  that  this  was  not  due  to  any  parasitic  effect  of  the  high  temperature  SO  steps,  we 
repeated  the  thinning  process  using  oxygen-assisted  IBE.  Similar  results  were  found,  which  is  clear 
demonstration  that  we  are  dealing  with  real  intrinsic  properties.  In  other  words  the  experimental 
improvement  found  in  oxide  properties  relies  only  on  an  internal  stress  relaxation  mechanism, 
where  the  stress  originates  from  the  difference  in  thermal  expansion  coefficients  between  Si  and 
Si02  (-80%  at  room  temperature).  There  is  no  artifact  associated  with  the  high  temperature  SO 
steps.  To  the  best  of  our  knowledge  this  provides  the  first,  clear,  evidence  that  all  SOI  materials  are 
plastic  systems,  soft  enough  to  relax  when  the  SOL  thickness  decreases. 
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Figure  1:  SOL  thinning  effects  observed  on  :  (a)  infrared  reflectivity  spectra  collected  at  room 
temperature;  (i-b)  the  width  of  the  -  521  cm'1  Raman  mode  collected  on  top  of  the  SOI  wafer 
(transverse  <X(Y,-)X>  configuration);  (ii-b)  the  AFM  roughness  (RMS  value)  measured  on  the 
SOL  surface  (see  text). 

Since,  because  of  internal  stress  relaxation,  the  BOX  properties  improve  when  thinning  the  SOL 
in  turn  the  SOL  morphology  must  degrade.  This  is  indeed  what  is  found.  First,  using  micro-Raman 
spectroscopy  and  a  transverse  configuration,  we  collected  Raman  spectra  on  the  topmost  part  of  the 
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SOI  wafer.  They  evidenced  an  increased  inhomogeneous  shift  and  broadening  when  reducing  the 
SOL  thickness.  Next,  using  Atomic  Force  Microscopy  (AFM),  we  investigated  the  surface 
roughness.  Again  we  found  degradation  when  the  SOL  thickness  decreases.  Both  series  of  results 
are  shown  in  Fig.l-b.  They  show  that  decreasing  the  SOL  thickness  from  203,  to  95,  42,  11  and 
finally  5  nm  degrades  the  SOL  morphology,  and  specially  below  50  nm.  The  main  difference  from  a 
thinning  process  to  the  next  one  is  only  the  final  roughness.  With  this  respect,  results  obtained  using 
SO  appeared  better  than  the  one  obtained  using  IBE  [11]. 

To  conclude  this  part,  we  have  evidenced  that  the  topmost  part  of  any  SOI  wafer  accommodates 
a  complex  admixture  of  stress,  spatial  inhomogeneity  and  local  stress  distribution  [12].  This 
admixture  extends  a  few  pm  inside  the  wafer  and  varies  drastically  when  thinning  the  SOL.  In  this 
case,  starting  from  a  balanced  strain  system  where  both  the  SOL,  BOX  and  topmost  part  of  the  SOI 
wafer  are  under  equilibrium,  the  infrared  spectra  show  that  the  strain  localized  in  the  BOX  relaxes 
when  the  SOL  thickness  decreases.  At  the  same  time,  the  SOL  morphology  degrades. 

Effect  of  thinning  the  SOL  on  the  deposited  SiC  films 

We  have  investigated  the  consequences  of  this  phenomenon  on  the  deposition  of  SiC  layers.  To 
minimize  the  negative  effects  of  the  temperature  growth  on  the  SOI  material  [3]  monomethylsilane 
(MeSi3)  was  used  as  single  precursor  gas,  with  optimized  carbonization  and  deposition 
conditions  [12,  13].  The  growth  temperature  was  reduced  to  1200°C  and  the  thickness  of  the 
deposited  layers  was  kept  below  ~2.5  pm.  Finally,  because  in  Fig.l-b  two  different  regimes 
manifest,  only  SOI  material  with  SOL  thickness  larger  than  50  nm  was  used.  After  deposition,  we 
analyzed  the  samples  using  TEM,  DDX  rocking  curves  and  Raman  spectroscopy.  We  have  found 
the  following: 

Despite  the  (relatively)  low  deposition  temperature,  cavities  still  develop  in  the  SOL  during  the 
SiC  deposition.  As  usual  [13],  they  start  from  the  SiC/Si  interface,  penetrate  the  SOL  and  touch  the 
BOX.  This  results  in  a  partial  decomposition  of  the  BOX,  with  silicon  redistribution.  The  total 
volume  of  the  cavities  increases  when  the  SOL  thickness  decreases.  This  is  shown  in  Table  1.  If  the 
SOL  thickness  reduces  too  much,  the  SiC  layer  usually  delaminates. 


■ 

■  I 

Surface  covered  by 
cavities  (%) 

Mean  size  of  cavities 
(nm) 

200 

2.3 

4 

400 

100 

2.4 

20 

1400 

50 

2.5 

40 

2125 

Table  1 :  Evolution  of  cavities  versus  SOL  thickness. 


This  reduced  stability  of  the  SOL  does  not  help  in  improving  the  SiC  layer  properties.  This  is 
shown  in  Fig.2.  We  plot  the  change  in  Full  Width  at  Half-Maximum  (FWHM)  of  (a)  co-scan  rocking 
curves  collected  on  the  <200>  reflection  of  SiC  and  (b)  Transverse  Optical  (TO)  Raman  mode. 
Taking  into  account  the  2.5  pm  SiC  thickness,  and  the  low  deposition  temperature,  the  SiC  layer 
deposited  on  the  nominal  SOL  (~  200  nm  thickness)  exhibits  reasonable  values.  This  is  no  longer 
true  when  decreasing  the  SOL  thickness.  In  both  cases,  we  notice  that  the  width  of  experimental 
spectra  increases.  Similar  results  have  been  already  found  using  SIMOX  substrates  [15]  but, 
because  of  implantation  related  defects,  the  analysis  was  not  straightforward.  In  this  work  only  the 
SOL  varies  and,  clearly,  decreasing  the  SOL  renders  the  SiC/Si/Si02  system  unstable  versus  SiC 
deposition. 
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Figure  2  :  FWHM  experimental 
values  of  (a):  the  DDX  rocking 
curves  and  (b)  the  micro-Raman 
spectra  collected  at  the  SiC/Si 
interface  in  the  transverse 
configuration,  in  the  case  of  3C- 
SiC  deposited  on  Unibond®  with 
SOL  thickness  200,  100  and  50 
nm. 


Conclusion 


Starting  from  nominal  values  (dS0L  ~  200  nm  and  dBOx=  400  nm)  and  thinning  the  SOL  down  to 
5  nm,  we  have  found  a  drastic  effect  of  strain  relaxation  within  the  BOX.  At  the  same  time,  the 
remaining  SOL  morphology  degrades.  This  is  independent  of  the  thinning  process  used  and  of  the 
type  of  SOI  material  investigated.  This  comes  only  from  a  close  balance  between  internal  strain, 
with  internal  dynamic  equilibrium,  which  does  exist  in  the  starting  material.  In  turn,  the  SiC  layer 
becomes  more  and  more  defective  when  the  SOL  thickness  decreases. 
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Abstract  A  lower  temperature  process  for  3C-SiC  (100)  growth  was  investigated  for  use  on 
compliant  silicon  substrates,  including  “universally  compliant,”  SOI,  and  substrates  patterned  with 
nanostructures.  The  3C-SiC  (100)  films  improved  as  the  film  thickness  increased  due  to  the 
annihilation  of  defects  in  the  [1 1 1]  directions.  This  improvement  due  to  thickness  was  greater  than 
the  effects  due  to  the  novel  substrates. 

Introduction 

Growth  of  3C-SiC  films  on  silicon  was  demonstrated  by  Powell  et  al  [1]  in  1987.  However, 
because  of  a  20%  mismatch  in  the  lattice  constants  of  silicon  and  3C-SiC,  the  resulting  3C-SiC  films 
were  not  of  device  grade  quality.  The  major  defects  of  3C-SiC  (100)  films  are  twin  boundaries  (TBs) 
and  antiphase  boundaries  (APBs)  in  the  [1 1 1]  direction.  Novel  substrates  such  as  Silicon  on  Insulator 
(SOI),  twist-bonded  Universal  Compliant  (UC)  substrates  and  nano-stuctures  [2,7]  have  been 
considered  for  improving  the  quality  of  the  3C-SiC  (100)  films. 

It  is  well  known  that  very  thin  films  should,  in  theory,  be  able  to  act  as  “compliant 
substrates”  to  seed  heteroepitaxial  deposition  of  materials  with  some  lattice  mismatch  [2].  A  UC 
substrate  is  made  by  bonding  a  thin  layer  of  Si  (100)  at  a  45°  angle  to  a  support  substrate  of  Si  u00). 
The  weak  bonding  created  by  an  array  of  screw  dislocations  between  the  thin  layer  of  Si  and  the 
support  substrate  is  anticipated  to  allow  the  thin  layer  to  act  as  a  compliant  “free  standing”  film.  A 
SOI  substrate  is  made  using  the  SIMOX  process  (implanted  oxygen  forms  an  Si02  layer  under  about 
a  100  nm  Si  film).  The  Si  (100)  film  was  mechanically  polished  and  oxidized/wet  etched  until  the 
film  was  reduced  to  a  thickness  of  about  15  nm.  The  low  viscosity  of  the  Si02  at  the  3C-SiC 
deposition  temperatures  is  anticipated  to  provide  isolation  between  the  thin  Si  compliant  film  and  the 
underlying  silicon  substrate.  This  allows  weaker  coupling  between  substrate  and  the  overlying  film 
possibly  reducing  stress  at  the  Si/SiC  interface  [8].  A  nano-structure  substrate  is  made  by  etching  50 
nm  diameter  post  80  nm  center  to  center  that  are  250  nm  tall  on  a  Si(100)  wafer.  3C-SiC  should 
nucleate  on  each  post  and  any  defects  form  will  glide  to  the  edge  of  the  post  leaving  a  defect  free 
region  of  3C-SiC.  Then  these  separate  regions  of  3C-SiC  will  grow  together,  however  these  regions 
may  be  separated  by  TBs  of  ATBs  [7]. 

Typical  temperatures  used  for  single-crystal  3C-SiC  growth  are  between  1310°  C  and 
1360°  C,  which  may  be  too  high  for  the  SOI  and  UC  substrates  to  withstand.  A  lower  temperature 
process  to  grow  single-crystal  3C-SiC  films  is  therefore  required.  Cimalla  et  al  [4]  demonstrated  that 
the  level  of  twinning  depended  on  the  Si/C  ratio  particularly  at  growth  temperatures  below  1300°  C. 
This  paper  reports  the  temperature  range  which  good  quality  3C-SiC  (100)  films  were  grown  on  Si 
(100).  This  process  was  used  to  grow  on  twist-bonded  (UC)  ,(SOI),  and  nano-stucture  substrates. 
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Experimental 

An  APCVD  three  step  process  of  H2  etch  at  1000°  C,  carbonization  at  890°  C  and  growth  at 
a  temperature  of  1335°  C  has  already  been  established  [3],  The  temperature  is  measured  by  an  optical 
pyrometer  at  the  back  end  of  a  SiC  coated  graphite  susceptor.  For  this  work,  the  etch  process  and 
carbonization  process  remain  the  same  and  only  the  growth  conditions  have  been  modified.  The 
growth  temperature  was  lowered  in  25°  C  increments.  The  growth  temperature  was  first  lowered 
without  changing  the  precursor  flow  rates.  Then  the  surface  of  the  3C-SiC  films  were  characterized 
using  an  optical  microscope.  The  surface  morphology  was  then  optimized  by  adjusting  the  precursor 
flow  rates.  First  the  SiH4  flow  rate  was  adjusted  to  eliminate  super  saturation  of  silicon  while 
monitoring  the  growth  rate.  Then  the  C3H8  flow  rate  was  varied  to  achieve  the  smoothest  surface 
morphology.  Films  were  grown  at  temperatures  from  1335°  C  to  1235°  C. 

3C  SiC  films  were  grown  on  UC  ,SOI  and  nano-structure  substrates.  A  3C-SiC  film  of 
approximately  3.5  pm  was  grown  on  a  UC  substrate  at  1335°C.  A  3C-SiC  film  approximately  0.5  pm 
thick  was  grown  on  a  SOI  substrate  at  1310°C.  A  film  3C-SiC  of  approximately  1.2pm  was  grown  on 
a  nano-structure  substrate  at  1310°C. 

Results 


For  temperatures  between  1335°and  1260°  the  process  parameters  were  optimized  as  shown 
in  Table  1.  At  1235°  C  the  equipment  did  not  allow  a  silane  flow  rate  low  enough  to  eliminate  super 
saturation,  also  TEM  and  selected  area  electron  diffraction  showed  a  poor  crystal  quality.  The  grain 
size  of  a  film  grown  at  1335°  C  shown  in  Figure  1(a)  is  similar  to  the  film  grown  at  1285°  C  shown  in 
Figure  1(b)  both  are  2  pm  thick,  however  the  film  in  Figure  1(c)  which  is  13pm  thick  has  a  larger 
grain  size.  The  TEM  image  of  the  baseline  in  Figure  2(a)  shows  a  high  density  of  defects  at  the 
Si/SiC  interface.  The  TEM  image  of  the  film  grown  on  the  UC  substrate  in  Figure  2(b)  at  the  surface 
the  grain  size  similar.  The  grain  size  of  the  film  grown  on  the  UC  substrate  shown  in  Figure  3(a)  is 
comparable  to  the  control  Figure  3(b).  The  grain  size  of  the  film  grown  on  the  SOI  substrate  shown  in 
Figure  3(c)  is  comparable  to  the  control  Figure  3(d).  The  grain  size  of  the  film  grown  on  the  nano¬ 
structure  substrate  Figure  3(e)  is  comparable  to  the  control  Figure  3(f). 


Table  1  Optimized  Growth  Conditions 


Temperature  (°C) 

SiH4  (seem) 

C3H8  (seem) 

Growth  rate  (pm/hr.) 

1335 

7 

8.5 

1.0 

1310 

7 

7 

1.0 

1285 

7 

7 

1.0 

1260 

7 

7 

1.0 

1235 

4 

4.5 

0.25 

Figure  1  Optical  micrographs  of  the  surface  of  3C-SiC  films  grown  on  Si  at  different  temperatures 
and  thickness  (a)  1335°  C  (2pm),  (b)  1285°  C  (2pm  ),(c)  1335°  C  (13pm).  Scale  bar  25pm. 
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Figure  2  Cross-section  TEM  of  the  3C-SiC  .(a)film  grown  on  Si  and 
(b)  film  grown  on  UC  substrate.  Scale  bar  lpm. 


Figure  3.SEM  micrographs  of  3C-SiC  films  grown  on  novel  substrates 
(a)UC  (b)control(c)SIMOX(d)control(e)nano-structure(f)control.  Scale  bar  3pm. 


Discussion 

We  have  found  that  once  the  proper  process  parameters  have  been  optimized  the  grain  size 
depends  only  on  the  film  thickness.  Many  TBs  and  APBs  are  generated  at  the  Si  and  3C-SiC 
interface.  It  has  been  shown  that  these  boundaries  travel  in  the  [111]  directions.  When  these 
boundaries  cross  they  are  annihilated  as  shown  in  Figure  4  [5].  The  process  of  annihilation  creates 
larger  and  large  low  defect  domains  as  the  film  grows  thicker.  This  is  evident  in  the  TEM  images  of 
Figure  2.  This  is  also  demonstrated  by  the  thicker  film  in  Figure  1(c).  If  the  growth  conditions  are  not 
optimal  these  boundaries  will  nucleate  away  from  the  interface  as  the  film  grows  [6]. 

The  novel  substrates  may  have  a  small  improvement  at  the  Si/SiC  interface  however,  the 
surface  of  the  films  is  not  improved.  This  is  because  the  annihilation  of  TBs  and  APBs  improves  the 
film  as  it  grew  thicker  more  than  the  improvement  contributed  by  the  novel  substrates. 
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Figure  4.  Schematic  drawing 
showing  the  elimination  of 
twin  boundaries.  Adapted 
from  ref  [5]. 


[001] 


°  C  atom 
•  Si  atom 


A  process  with  a  growth  temperature  as  low  as  1260°  C  was  established.  It  was  observed 
that  as  the  3C-SiC  film  grows  thicker  the  quality  improves.  Several  novel  substrates  were  grown  on, 
however  the  improvement  due  to  the  novel  substrates  did  not  surpass  the  improvement  due  to  thicker 
growth. 
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Abstract.  In  this  work  we  present  for  the  first  time,  to  our  knowledge,  the  CVD  epitaxial  growth  of 
P-SiC  using  an  ion  beam  synthesized  (IBS)  P-SiC  layer  as  seed,  which  has  been  formed  by  multiple 
implantation  into  Si  wafers  at  500°C.  The  ion  beam  synthesized  continuous  layer  is  constituted  by 
p-SiC  nanocrystals  that  are  well  oriented  relative  to  the  silicon  substrate.  Comparison  of  the 
epitaxial  growth  on  these  samples  with  that  on  silicon  test  samples,  both  on  and  off-axis,  is 
performed.  The  results  show  that  the  epitaxial  growth  can  be  achieved  on  the  IBS  samples  without 
the  need  of  the  carbonization  step  and  that  the  structural  quality  of  the  CVD  layer  is  comparable  to 
that  obtained  on  a  carbonized  silicon  sample.  Improvement  of  the  quality  of  the  deposited  layer  is 
proposed. 

Introduction 

The  availability  of  large  area  high  quality  SiC  substrates  is  an  important  topic  for  the  development 
of  SiC  based  technologies.  Single  crystal  6H-SiC  wafers  are  nowadays  commercially  available  in 
sizes  up  to  2"  and  attempts  from  Cree  Research  are  ongoing  to  produce  4”  6H-SiC  bulk  wafers. 
However  their  crystalline  quality  is  relatively  poor  and  price  is  still  too  high.  At  the  same  time  SiC 
epitaxy  on  large  area  Si  wafers  is  also  a  route  used  by  different  laboratories  [1-3]  and  this  type  of 
substrates  are  commercially  available  nowadays,  although  their  crystalline  quality  is  not  yet  as  good 
as  required. 

Ion  beam  synthesis  (IBS)  is  a  highly  versatile  technique,  which  is  commercially  used  for  the 
production  of  SIMOX  substrates  [4]  and  which  has  been  used  for  the  synthesis  of  SiC  in  crystalline, 
polycrystalline  and  amorphous  layers  [5].  Such  layers  have  been  already  employed  for  the 
fabrication  of  micromechanical  test  structures  using  a  process  directly  derived  from  standard  silicon 
bulk  micromachining  [6]  and  for  the  formation  of  SiCOI  structures  [7].  However  the  thickness 
which  can  be  achieved  using  this  method  is  rather  limited  to  about  a  few  hundred  nanometers. 

To  circumvent  this  limitation  in  this  work  we  present  for  the  first  time,  to  our  knowledge,  the  CVD 
epitaxial  growth  of  p-SiC  using  an  IBS  p-SiC  layer  as  a  seed.  The  resulting  layer  is  compared  with 
the  CVD  growth  directly  performed  on  Si  wafers,  either  including  or  excluding  a  carbonization  step. 
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Experimental 

The  ion  beam  synthesized  samples  have  been  prepared  by  multiple  carbon  ion  implantation  into  Si 
(001)  substrates  at  a  temperature  of  500°C.  This  temperature  is  high  enough  in  order  to  directly 
form  p-SiC  nanocrystals  in  the  silicon  substrates,  which  are  well  oriented  to  the  silicon  lattice 
according  to  the  relation 


([001]si||[001]p_SiC,(110)si||(110)p_SiC 


depth  (A) 

Fig.  1:  Carbon  profile  obtained  from  TRIM  simulations. 


without  amorphizing  the  substrate.  4 
implantations  have  been  employed  in 
order  to  obtain  an  almost  flat  carbon 
profile,  as  is  shown  in  Fig.  1,  followed 
by  an  annealing  at  1150°C  for  6  hours 
in  order  to  improve  the  crystalline 
quality.  The  main  process  and 
properties  of  this  material  have  been 
published  extensively  elsewhere  [8]. 
Next  the  upper  Si  layer  has  been 
removed  using  TMAH  (tetra-methyl 
ammonium  hydroxide),  the  SiC  layer 
acting  as  etch-stop  for  this  process. 
These  samples  will  be  called  hereafter 
IBS  samples. 

The  CVD  growth  has  been  performed 
in  a  horizontal  reactor  [9],  using  silane 
and  propane  as  growth  precursors,  and 
hydrogen  as  the  carrier  gas.  Two 
different  growth  runs  have  been 


Top  Si  layer 

$ 

■  “S-SiC^ 

$ 

— i 

— i 

Si  substrate 


performed,  each  run  on 
one  IBS  sample  and  on 
two  Si  (001)  non- 
implanted  reference 
substrate,  one  on-axis 
and  the  other  2.5°  off- 
axis.  The  first  run 
included  a  carbonization 
step  in  a  propane/ 


Fig.  2:  Schematical  representation  of  the  technological  process  used  for  hydrogen  gas  flow 

the  CVD  growth  on  the  IBS  sample.  (hereafter  referred  to  as 

carbonized  samples), 

while  the  second  did  not  include  this  step.  The  CVD  growth  itself  has  been  performed  at  1350°C  for 
30  minutes,  at  a  growth  rate  of  about  3  jim/h.  The  structure  obtained  on  the  IBS  sample  after  CVD 
growth  is  schematically  represented  in  Fig.  2. 

Characterization  of  the  obtained  samples  has  been  performed  by  cross-section  Transmission 
Electron  Microscopy  (XTEM),  X-Ray  Diffraction  (XRD),  and  Fourier  Transform  InfraRed  (FTIR) 
spectroscopy. 


Results  and  discussion 

The  first  result  is  obtained  from  optical  inspection  of  the  surface  of  the  samples,  which  allows  to 
divide  them  into  2  different  groups.  All  3  carbonized  samples  and  the  IBS  that  was  not  carbonized 
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- ^  exhibit  a  brilliant  and  smooth  surface, 

\  indicating  an  epitaxial  growth,  while 

/X  \  the  other  2  Si  test  samples  which  were 

/  X\  not  carbonized  present  a  dull  surface. 

/  x  "  \  \  This  initial  result,  thus,  already  shows 

/  /  \  \  that  the  IBS  sample  does  not  need  to 

/  /  - \  \  \  be  carbonized  in  order  to  be  used  for 

I  j  /  \  \  the  epitaxial  growth  of  SiC.  On  the 

j  j  >  \  \  \  following  we  will  center  the  discussion 

_ !_0_ _ _ £ _ j _ _  .  Q;j _ |Ph.=o  only  on  the  4  samples  on  which  the 

\  \  I  I  j  CVD  layer  grows  epitaxially. 

\  \  \  /  j  j  These  results  are  confirmed  by  XRD 

\  \  ^  j  j  and  XTEM  measurements,  which 

\  \  y  /  point  out  the  high  quality  and 

\  /y  /  monocrystallinity  of  the  CVD  SiC 

\  q  /  layer.  Some  differences  are  obtained 

\  '  "  when  analyzing  the  XRD  rocking 

curves  for  the  4  samples.  The  smallest 

"  _ values  are  obtained  for  the  Si  off-axis 

Fig.  3:  (lll)fisic  pole  figure  of  the  IBS  sample  not  sample  and  the  largest  are  for  the  IBS 

carbonized.  The  contour  lines  show  the  diffraction  carbonized  one.  This  result  indicates 

intensity  divided  into  8  segments.  that  for  the  IBS  sample,  the 

carbonization  not  only  does  not 
improve  the  quality  of  the  CVD  layer,  but  it  even  gives  rise  to  worst  layers.  On  the  other  hand,  the 
IBS  sample  carbonized  shows  slightly  worse  values  than  the  best  sample,  probably  because  the 
measurements  have  been  performed  including  the  IBS  SiC  layer,  which  presents  worst  values  prior 
to  CVD  deposition.  Fig.  3  shows  the  (lll)p.Sic  P°le  figure  measured  for  the  IBS  not  carbonized 
sample.  It  is  clear  that  the  poles  are  located  at  tilt  angles  of  54.7°,  which  are  the  values  expected. 
XTEM  measurements  on  all  these  samples  show  that  after  CVD  deposition  a  continuous  layer  is 
formed,  with  a  high  density  of  stacking 
faults.  For  the  carbonized  Si  samples,  the  —  * 

interface  between  the  SiC  and  the  Si 
substrate  is  very  abrupt,  which  is  not  the 
case  for  the  IBS  samples,  as  shown  in  Fig.  ; 

4.  For  the  latter,  the  IBS-SiC  layer  is  clearly 
visible  and  a  brighter  area  exists  between 
this  layer  and  the  CVD  layer.  We  believe 
that  this  interfacial  layer  is  due  to  the 


CVD-: 


etching  in  TMAH,  which  has  been 
performed  prior  to  CVD.  An  etching  step  for 


longer  times  or  a  RIE  process  might  be 
necessary  to  eliminate  this  layer  and  an 
increase  in  the  quality  of  the  IBS-CVD  SiC  , 
interface  is  expected.  Furthermore,  different ' 
deposition  conditions  might  be  required  for 
the  IBS  samples,  as  the  conditions  employed 
in  this  work  are  the  standard  for 
heteroepitaxy  on  silicon  wafers. 


FTIR  measurements  performed  in  reflection  Fig  4:  XTEM  images  of  the  IBS  not  carbonized 
mode  also  confirm  the  good  quality  of  the  ( left)  and  0fthe  Si  0ff.axis  carbonized  sample 

IBS  samples,  as  shown  in  Fig.  5.  In  this  (right)  after  CVD  growth. 
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figure  the  results  for  both  the  IBS  not 
carbonized  and  for  the  Si  off-axis 
carbonized  samples  are  presented,  together 
with  a  simulation,  for  which  the  parameters 
of  bulk  SiC  are  used.  The  curves  have  been 
shifted  vertically  for  clearer  understanding. 
Beside  reflectivity  differences,  which 
depend  on  the  surface  of  the  sample  and  on 
the  measuring  conditions,  the  curve 
corresponding  to  the  IBS  sample  shows  a 
shape  which  is  closest  to  that  of  the  ideal 
SiC  sample.  This  result,  again,  confirms  the 
good  quality  of  the  CVD  growth  on  the  IBS 
sample  and  even  seems  to  indicate  that  this 
sample  is  better  than  the  reference  Si  off- 
axis  sample. 


Fig.  5:  FTIR  spectra  obtained  for  two  different  Conclusions 
samples,  compared  to  a  simulated  spectrum.  In  this  work  we  have  presented,  for  the  first 

time  to  our  knowledge,  the  SiC  epitaxial 
CVD  growth  on  ion  beam  synthesized  p-SiC.  The  results  obtained  show  that  this  process  is  feasible 
without  the  need  of  a  carbonization  step  and  that  the  structural  quality  of  the  deposited  SiC  is 
comparable  to  that  deposited  on  carbonized  Si  wafers.  Optimization  in  the  conditions  employed  for 
removal  of  the  top  silicon  layer  and  a  CVD  growth  process  specially  designed  for  this  material 
might  lead  to  improved  SiC  layers. 
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Abstract:  Single  crystalline  3C-SiC  layers  were  grown  on  a  porous  Si  seed  using  a  single  gas 
source,  trimethylsilane.  The  method  is  environmentally  friendly,  utilizes  a  non-toxic  gas,  and  is 
economical.  The  porous  Si  layers  were  made  by  anodizing  p-type  Si(100)  wafers  in  a  mixture  of 
hydrofluoric  acid  and  ethanol.  The  SiC  was  grown  in  a  high  vacuum  system  that  was  converted 
into  a  low-pressure  CVD  reactor  and  was  fitted  with  a  resistive  heating  stage  capable  of  heating 
the  samples  up  to  1250  °C.  The  formation  of  stoichiometric  SiC  was  confirmed  by  secondary  ion 
mass-spectrometry  (SIMS)  while  the  crystal  structure  was  examined  by  transmission  electron 
microscopy  (TEM)  and  X-ray  diffraction.  Fourier  transform  infrared  spectroscopy  (FTIR) 
showed  a  strong  peak  at  800  cm’1  which  corresponds  to  the  Si-C  vibrational  mode.  Atomic  force 
microscopy  (AFM)  showed  the  formation  of  rough  surfaces  for  thin  SiC  layers  and  large  flat 
terraces  for  thick  SiC  layers.  TEM  selected  area  diffraction  indicates  the  formation  of  fully 
relaxed  single  crystalline  3C-SiC(100)  on  Si(100)  wafers.  However,  large  area  X-ray  diffraction 
suggests  the  presence  of  other  crystal  orientations  within  the  dominating  SiC(100)  layer. 
Heterojunction  Si/SiC  diodes  were  fabricated,  which  displayed  a  soft  breakdown  voltage  as  high 
as  375V.  Growth  of  single  crystalline  AIN  on  Si  and  SiC  was  also  demonstrated. 


1.  Introduction 

Impetus  for  development  of  SiC  materials  and  devices  has  been  provided  primarily  by  the 
multitude  of  extreme  electronic,  thermal,  optical,  and  mechanical  properties  of  the  various 
polytypes  of  SiC.  These  properties  make  SiC  the  material  of  choice  for  a  wide  range  of  novel 
high-temperature,  high-power,  high-frequency,  and  radiation-hard  devices.  While  hexagonal  SiC 
materials  have  been  developing  at  an  accelerating  rate  due  to  the  establishment  of  a  substrate 
fabrication  method,  the  development  of  the  cubic  phase  3C-SiC  (also  referred  to  as  p-SiC)  has 
been  slower  due  to  the  lack  of  suitable  substrates. 

Most  of  the  efforts  to  grow  3C-SiC  has  been  centered  on  integrating  3C-SiC  on  Si 
substrates  [1]  mainly  due  to  the  vast  advantages  associated  with  utilizing  the  well  established  Si 
device  processing  technology.  Moreover,  3C-SiC  is  an  excellent  substrate  for  AIN  (lattice 
mismatch  ~  0.6%)  and  consequently  for  other  group-IH  nitrides,  which  may  permit 
optoelectronic  integration  on  Si. 

In  this  work,  a  new  approach  has  been  utilized  to  grow  3C-SiC  on  porous  Si.  Epitaxial 
growth  of  AIN  on  Si(lll)  as  well  as  on  SiC(100)  was  also  demonstrated.  For  growth  of  SiC, 
porous  Si  was  used  as  a  compliant  elastic  seed  in  order  to  accommodate  the  strain  in  the  porous 
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structure  rather  than  in  the  overlayer  while  at  the  same  time  providing  a  single  crystalline 
template  for  the  growth.  The  resulting  3C-SiC  layer  then  used  as  a  substrate  for  growth  of  AIN. 
For  AIN  growth  on  Si(lll),  a  thin  (0.3  ML)  layer  of  A1  is  deposited  first  at  700  °C  followed  by 
AIN  growth  using  A1  thermal  evaporation  and  atomic  nitrogen  RF  source. 

II.  Experimental  procedure 

For  growth  of  SiC,  a  high-vacuum  system  pumped  by  a  combination  of  turbo/mechanical 
pumps  was  used  for  these  experiments.  The  chamber  has  a  base  pressure  of  <  10'7  mbar  and  is 
fitted  with  gas  delivery  and  handling  system  capable  of  controllable  mass  flow  rate  between  ~0.1 
and  100  seem.  The  samples  were  cut  from  p-type  Si  wafers  into  rectangles  of  2.5xl.5  cm2  and 
was  heated  resistively  up  to  1250  °C  by  passing  a  current  through  the  sample.  Prior  to  deposition, 
the  samples  were  anodized  in  a  mixture  of  hydrofluoric  acid  and  ethanol  in  a  Teflon  anodization 
cell  to  form  the  porous  layer.  The  samples  were  then  introduced  into  the  vacuum  chamber  and 
upon  achieving  a  pressure  below  lxl0‘7  mbar,  were  heated  to  1000  °C  for  5  minutes  to  desorb  the 
residual  oxide  layer  on  the  surface.  The  temperature  was  then  set  to  the  desired  growth 
temperature  and  trimethylsilane  was  introduced  to  the  chamber  for  the  duration  of  growth.  The 
purity  of  the  gas  was  99.7%  and  was  limited  by  the  supplier.  The  samples  then  were  examined  by 
FTIR  to  determine  the  presence  of  SiC  and  by  SIMS  to  confirm  stoichiometry.  For  the 
heterojunction  diode  fabrication,  Ni  pads  with  a  diameter  of  either  1  mm  or  0.2  mm  were  used 
for  ohmic  contact  to  the  SiC  layer  and  A1  was  used  to  ohmicly  contact  the  Si  side  (back  of  the 
wafer). 

For  growth  of  AIN  on  Si  and  SiC,  an  RF  source  was  used  to  generate  atomic  N  flux 
together  with  an  effusion  cell  to  supply  the  A1  vapor.  The  experiments  were  carried  in  a  VG80 
MBE  system.  3”  Si  wafers  were  used  for  growth  on  Si  while  rectangular  SiC/Si  samples, 
described  above,  were  used  for  growth  on  3C-SiC. 

III.  Experimental  results  and  discussion 

IILA.  Growth  of  3C-SiC: 

Figure  1  shows  a  TEM  diffraction  pattern  from  3C- 
SiC  layer  grown  on  porous  Si  substrate  at  1050  °C.  The 
diffraction  pattern  indicates  a  fully  relaxed  single 
crystalline  3C-SiC(100)  layer  on  Si.  However,  large-area 
X-ray  diffraction  indicated  the  presence  of  a  minute 
amount  of  other  phases  in  most  of  the  samples.  The 
presence  of  other  phases  is  most  likely  related  to  the  purity 
(99.7%)  of  the  gas  used  in  these  experiments.  In  the  present 
study,  we  were  limited  by  the  available  gas  purity  from  the 
supplier. 


Figure  1.  Selected  area  diffraction  from  single  crystalline 
3C-SiC  grown  on  porous  Si  substrate.  The  diffraction  pattern 
represents  fully  relaxed  Si(100)  and  SiC(100). 

Initial  TEM  investigation  of  planar  view  samples  indicated  the  absence  of  misfit  dislocations. 
This  is  mainly  due  to  the  gradual  change  in  C  concentration  throughout  the  porous  layer  and  the 
absence  of  continuous  interface  between  Si  and  SiC.  Porous  Si  contains  20%  to  80%  of 
interconnected  pores  in  otherwise  single-crystalline  Si  skeleton.  Depending  on  anodization 
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parameters  used  (anodization  current,  HF  content  in  the  solution,  time,  exposure  to  light)  the 
dimensions  of  the  Si  skeleton  can  be  tuned  between  a  few  nanometers  to  a  few  microns.  Even 
when  misfit  dislocations  are  generated,  they  may  become  terminated  at  the  pores,  which 
minimizes  their  effect  on  the  overlayer.  AFM  measurements  indicated  the  formation  of  rough 
surfaces  mainly  due  to  the  surface  roughness  of  the  porous  layer.  SIMS  measurement  confirmed 
the  stoichiometry  of  the  SiC  layers  and  indicated  a  low  level  of  oxygen,  fluorine,  and  hydrogen  in 
the  layers. 

III.B.  Fabrication  of  heterojunction  diodes 

Heterojunction  diodes  were  fabricated  using  0.2  mm  and  1  mm  Ni  contacts  to  the  SiC 
layer  and  A1  to  the  Si  substrates.  Annealing 
of  the  structure  up  to  450  °C  did  not  change 
the  I-V  characteristics  significantly.  A 
breakdown  voltage  as  high  as  375  V  was 
obtained  with  a  rather  high  leakage  current. 

The  leakage  current  is  most  likely  related  to 
conduction  along  the  pores’  surfaces  since 
the  interface  is  not  continuous.  A  typical  I-V 
curve  is  shown  in  Fig.  2.  Using  the  forward 
I-V  curve,  an  ideality  factor  of  1.25  was 
obtained.  The  breakdown  voltage  of  the 
current  device  is  more  than  twice  the  values 
reported  in  the  literature  [2-5] 

Figure  2.  A  typical  I-V  curve  for  3C-SiC/Si  heterojunction 
diodes  fabricated  with  1  mm  Ni  pads. 
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IILC.  Deposition  of  AIN  on  Si(lll) 

Deposition  on  Si(l  11)  was  carried  out  in  a  VG80  MBE  chamber  fitted  with  an  A1  source  and 
a  RF  atomic  source.  Deposition  was  conducted  by  first  changing  the  surface  reconstruction  from 


Si(l  11)7x7  to  Si(lll)V3W3 
followed  by  simultaneous  exposure  to 
atomic  N  and  A1  evaporated  from  an 
effusion  cell.  Figure  3  shows  X-ray 
diffraction  from  a  sample  grown  at 
650  °C.  The  hexagonal  A1N(200)  peak 
is  sharp  indicating  good  crystal 
quality.  No  other  phases  could  be 
identified  from  the  X-ray 
measurement.  The  layers  have  a 
specular  and  smooth  surface  as  judged 
from  optical  microscopy.  We  believe 
that  the  passivating,  Al- 
induced  V3xV3  reconstruction  plays 
a  major  role  in  providing  a  template 
for  epitaxial  growth  of  AIN. 


Hexagonal  AIN(100)on  Si(111) 
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Figure  3.  X-ray  diffraction  results  from  AIN  grown  on 
Si(lll). 
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HI.  D.  AIN  on  3C-SiC  overlayers 

Single  crystalline  hexagonal  AIN(IOO)  layers  were  also  obtained  on  3C-SiC(100)  layers 
grown  by  the  method  described  above. 

Figure  4  shows  X-ray  diffraction 
demonstrating  single  crystalline 
hexagonal  Al(100)  on  3C-SiC(100).  A 
small  signal  that  can  be  attributed  to 
Al(102)  can  be  also  seen  within  the 
background  at  20  =  50°.  The 
formation  of  Al(102)  is  most  likely 
due  to  the  large  surface  roughness  of 
the  3C-SiC  layer,  which  may  promote 
nucleation  of  other  phases  at  the 
macroterraces  on  the  surface.  No 
interfacial  A1  layer  was  deposited  at 
the  interface.  Similar  results  were 
reported  using  CVD  from  ammonia 
and  trimethylaluminum  [6]  at  much 
higher  growth  temperatures. 

Figure  4.  X-ray  diffraction  from  AlN(100)/SiC(100)/Si(100) 
structure.  Single  crystalline  hexagonal  AIN(IOO)  is  formed  on  cubic 
3C-SiC(100)  grown  on  porous  Si(100)  substrate 
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Abstract  :  Single  crystal  3C-SiC  (111)  films  were  grown  on  SiNx/Si  (111)  structures  fabricated  by  both 
ammonia  nitridation  of  the  Si  surface  with  SiNx  and  RF-magnetron  sputtered  SiNx  deposition.  The  nitrided 
Si  substrates  accommodated  the  growth  of  better  quality  SiC  films  with  a  flat  and  smooth  film/substrate 
interface  than  a  pure  Si  substrate.  The  crystallinity  of  SiC  layers  improved  as  the  nitridation  time  increased. 
It  seemed  that  the  growth  of  better  quality  of  SiC  films  was  ascribed  to  the  prevention  of  Si  out-diffusion 
from  the  substrate  by  the  coverage  of  Si  with  the  thermally  stable  silicon  nitride  film  and  to  the  decrease  of 
Si  surface  roughness.  Crystalline  3C-SiC  films  was  also  grown  on  3000  A  thick  SiNx/Si  structure. 

1.  Introduction 

Among  the  more  than  200  polytypes  of  Silicon  Carbide  (SiC),  cubic  SiC  ({3  -SiC)  has  higher  electron 
mobility,  and  can  be  grown  on  Si  substrates  to  provide  large  area  substrates.  But  the  growth  of  cubic  SiC 
using  a  conventional  chemical  vapor  deposition  (CVD)  system  requires  high  temperatures  (above  1300°C), 
which  leads  to  the  formation  of  various  microstructural  defects  in  the  SiC  films  because  of  large  mismatch  in 
lattice  constants  (%20%)  and  thermal  expansion  coefficients  (^8%)  between  SiC  and  Si  [1]. 

A  two-step  growth  process  is  mostly  accepted  as  a  successful  method  to  grow  high  quality  of  SiC  films 
on  Si.  In  the  two-step  growth  process,  an  initial  SiC  buffer  layer  is  grown  by  a  carbonization  of  Si  surface  at 
low  temperature,  followed  by  very  fast  heating  up  to  1300-1350  °C,  and  then  a  Si  source  is  added  for 
subsequent  SiC  growth.  In  spite  of  the  successful  growth  of  these  SiC  films,  the  crystal  quality  of  p  -SiC  is 
not  comparable  to  a  -SiC  grown  by  the  sublimation  method,  which  is  dominantly  employed  in  the 
fabrication  of  SiC  devices  [2]. 

In  this  work,  we  have  grown  SiC  films  on  Si  substrates  whose  surfaces  were  modified  with  SiNx  by  NH3 
nitridation,  or  SiNx  deposition,  and  the  crystal  quality  and  interfacial  properties  of  the  SiC  films  examined. 
The  use  of  a  SiNx/Si  substrate  is  preferred  for  the  application  of  SiC  in  electronics  since  the  SiC  epitaxial 
film  is  isolated  from  the  Si  substrate. 

2.  Experiment 

Tetramethylsilane  (TMS),  which  decomposes  easily  at  temperatures  as  low  as  800  °C,  was  employed  to 
deposit  SiC  films  on  Si  substrates.  A  p-type  Si  (111)  wafer  with  a  resistivity  of  20  cm  was  used  as  the 
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substrate.  SiC  films  were  grown  in  a  RF-induction  heated  CVD  reactor  system  as  described  in  our  previous 
report  [3].  The  reactor  was  a  quartz  tube  with  the  internal  diameter  of  39  mm  and  a  length  of  300  mm, 
respectively.  The  base  pressure  in  the  reactor  was  maintained  at  10'4  Torr  using  a  rotary  vacuum  pump.  The 
temperature  of  the  Si  substrate  was  monitored  and  controlled  with  a  pyrometer  calibrated  with  a  Pt/Ru 
thermocouple. 

Nitridation  of  the  Si  surface  was  carried  out  in  a  rapid  thermal  chemical  vapor  deposition  (RTCVD) 
reactor.  Chemically  treated  Si  wafers  were  nitrided  at  1050  °C  in  a  mixed  gas  of  1000  seem  NH3  and  500 
seem  H2  for  various  reaction  times  from  3  to  60  min.  SiNx  was  also  deposited  on  the  Si  surface  with  the 
thickness  of  3000  A  in  an  RF-magnetron  sputtering  system  using  a  silicon  nitride  target. 

The  surface-modified  Si  substrate  was  moved  to  a  graphite  substrate  holder  with  a  tilt  angle  of  4.5° 
toward  the  gas  flow  in  an  RF-induction  heated  CVD  reactor  to  grow  the  SiC  film.  SiC  films  were  then  grown 
on  the  SiNx/Si  structure  at  1250 *C  with  TMS  and  H2  flow  rates  of  0.5  and  1500  seem,  respectively. 

The  thickness  and  surface  morphology  of  the  SiC  epilayers  were  examined  with  a  cross  sectional 
transmission  electron  microscope  (XTEM)  and  an  atomic  force  microscope  (AFM).  Raman  spectra  and 
transmission  electron  diffraction  (TED)  were  used  to  investigate  the  crystal  quality  of  the  SiC  films. 

3.  Results  and  discussion 

Cross  sectional  transmission  electron  microscopy  (XTEM)  and  transmission  electron  diffraction  (TED) 
were  used  to  investigate  the  SiC/Si  interfaces  and  the  crystallinity  of  the  SiC  films,  respectively.  Figure  1 
shows  XTEM  photographs  and  TED  patterns  of  SiC  film  grown  on  Si  substrates.  The  growth  was  carried  out 
for  30  min  at  a  substrate  temperature  of  1250°C  and  a  gas  pressure  of  10.1  Torr.  XTEM  photographs  show 
that  voids  were  formed  in  the  silicon  side  of  the  SiC/Si  interfaces  from  the  SiC  films  grown  on  pure  Si 
substrate,  while  the  nitrided  Si  substrate  accommodates  the  growth  of  SiC  films  with  a  flat  and  smooth 
film/substrate  interface  without  the  formation  of  voids.  The  formation  of  voids  in  the  silicon  side  of  the 
SiC/Si  interface  was  attributed  to  the  out-diffusion  of  Si  atoms  from  the  Si  substrate  during  the  growth 
process,  as  discussed  in  literature[4]. 


(a)  (b) 

Figure  1.  Cross-section  TEM  micrographs  and  TED  patterns  of  3C-SiC  films  grown  at  1250  °C 
and  10.1  Torr  for  30  min  nitridation  times  of  (a)  0  and  (b)  60  min,  respectively. 
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TED  patterns  in  Fig.l  show  that  SiC  diffraction  patterns  are  well  aligned  with  Si  diffraction  patterns, 
indicating  the  epitaxial  growth  of  crystalline  3C-SiC(lll)  films  on  the  Si  substrate.  The  crystallinity  of  SiC 
layers  improves  as  the  nitridation  time  increases.  Raman  measurements  for  3C-SiC  films  grown  at  the  same 
conditions  of  Fig.  1  also  confirmed  the  improvement  of  SiC  crystal  quality  when  Si  surface  were  nitrided 
with  NHV  From  the  Raman  spectra  of  Fig.  2,  transverse  optical  (TO)  and  longitudinal  optical  (LO)  phonons 
for  3C-SiC(l  11)  were  observed  at  795  and  971.5  cm'1,  respectively,  indicating  that  the  films  have  the 
preferred  orientation  of  [1 1 1].  When  a  SiC  film  was  grown  for  360  min  on  a  60  min  nitrided  Si  substrate,  the 
thickness  of  the  film  reaches  almost  7  urn  and  a  flat  and  smooth  SiC/Si  interface  also  appears  without  the 
formation  of  voids  as  shown  in  Fig.  3. 

In  order  to  investigate  the  variation  of  the  crystallinity  of  SiC  epilayers  as  a  function  of  nitridation  time, 
the  surface  average  roughness  of  the  substrate  was  measured  using  an  AFM  as  shown  in  Fig.  4.  The  rough 
substrate  surfaces  produced  the  growth  of  poor-quality  SiC  epilayers,  while  better-quality  SiC  epilayers  were 
grown  on  the  relatively  smooth  substrate  surfaces.  This  indicates  that  the  crystal  quality  of  SiC  was  strongly 
influenced  by  the  surface  morphology  of  the  Si  substrate.  The  thickness  of  the  3C-SiC  films  decreased  with 
the  nitridation  time,  indicating  that  the  thermally  stable  silicon  nitride  layer  prevents  the  out-diffusion  of  Si 
atoms  from  the  substrate. 
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Figure  2.  Raman  spectra  of  3C-SiC  films  on  Figure  3.  SEM  photographs  of  cross-sectional 

Si  nitrided  for  (a)  0  and  (b)  60  min,  respectively.  SiC/Si  grown  after  60  min  nitridation 


SiC  films  grown  on  nitrided  Si  substrates  appear  to  be  n-type  with  the  carrier  concentration  of  1.5*  1017 
cm'3  with  an  electron  mobility  of  358  cnr/V’  s,  which  are  much  better  than  those  for  SiC  films  grown  on 
pure  Si  substrates[5].  We  observed  that  the  electrical  properties  were  greatly  improved  in  the  void-free  SiC 
films  [6]. 

SiNx  films  were  deposited  on  Si  with  the  thickness  of  3000  A  by  an  RF-magnetron  sputtering  and  P  - 
SiC  was  grown  on  these  SiNx/Si  structures.  Figure  5  shows  an  XTEM  micrograph  together  with  a  TED 
pattern.  In  this  case  SiC  was  grown  for  360  min  at  1250°C  and  10.1  Torr  with  the  TMS  and  H2  flow  rates  of 
1.0  and  1000  seem,  respectively.  TED  pattern  shows  the  growth  of  crystalline  3C-SiC  films  with  (111) 
orientation.  XTEM  shows  that  the  films  mainly  consists  of  columnar  grains  and  the  growth  rate  is  very  slow 
(27  nm/hr)  compared  to  the  growth  on  nitrided  Si  surface. 
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Figure  5.  The  thickness  of  SiC  epilayer  grown  on  Si  Figure  6.  Cross-section  TEM  micrographs  and 
substrate  and  average  surface  roughness  of  Si  substrates  TED  patterns  of  3C-SiC/3000  A  -SiNx/Si 
as  a  function  of  the  nitridation  time 


4.  Conclusions 

Crystalline  3C-SiC(lll)  films  with  a  flat  and  smooth  surface  interface  without  voids  were  grown  on 
nitrided  Si  substrates.  An  increase  in  the  nitridation  time  reduces  the  thickness  of  the  SiC  film  as  well  as  the 
size  and  density  of  the  voids  at  the  SiC/Si  interface.  It  was  concluded  that  the  surface  of  the  Si  substrate 
covered  with  the  thermally  stable  silicon  nitride  film  formed  by  NH3  nitridation,  prevents  the  out-diffusion 
of  Si  atoms  from  the  Si  substrate,  resulting  in  the  growth  of  better  quality  SiC  films  without  the  formation  of 
voids.  Crystalline  3C-SiC  films  was  also  grown  on  3000  A  thick  SiNx/Si  structure. 
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Abstract.  The  diffusion  coefficient  for  silicon  in  thin  SiC  was  estimated  analyzing  the  layer  growth 
kinetics  during  the  carbonization  with  different  growth  techniques.  The  silicon  diffusion  was  de¬ 
scribed  by  the  classical  parabolic  law  as  well  as  by  models,  taking  the  peculiarities  of  the  carboni¬ 
zation  process  into  account.  Generally,  low  diffusion  coefficients  correspond  to  layer  with  good 
morphological  and  structural  properties.  The  best  results  were  obtained  by  CVD,  followed  by 
GSMBE  and  finally  by  the  techniques  using  elemental  carbon  as  source  for  the  carbonization. 


Introduction 

The  cubic  polytype  of  SiC  currently  receives  a  renewed  interest  due  to  the  highest  electron  mobility, 
the  isotropy  of  the  properties  and  the  possibility  to  grow  it  heteroepitaxially  on  silicon.  Conceivable 
applications  include  sensors  using  the  feasibility  of  silicon  for  micromachining  as  well  as  the  direct 
utilization  of  the  heterojunction  in  hetero-pn-diodes  or  heterobipolar  transistors.  Furthermore,  in  the 
case  of  sensoric  applications  the  deposition  on  SOI  (silicon  on  insulator)  becomes  more  and  more 
attractive.  With  those  substrates  the  leak  currents  through  the  silicon  at  temperatures  above  150°C 
and  the  defect  formation  due  the  mismatch  in  the  thermal  expansion  coefficients  can  be  reduced. 
However,  a  serious  problem  limiting  the  application  of  SOI  substrates  is  the  formation  of  large 
cavities  in  the  silicon  layer  up  to  the  buried  oxide  layer  due  to  silicon-oxide  reactions  and  diffusion 
processes  through  the  growing  layer.  In  all  the  mentioned  cases  a  stable  interface  is  an  inevitable 
precondition  for  the  application  of  the  system  SiC  on  Si.  In  addition  thin  SiC  layers  on  (lll)Si 
layers  are  promising  pseudo  substrates  for  the  heteroepitaxy  of  group  III  nitrides  where  the  presence 
of  silicon  on  the  growing  surface  can  strongly  disturb  the  growth.  For  all  that  reasons  the  diffusion 
processes  through  the  growing  layers  have  to  be  minimized.  Seeing  that  the  diffusion  coefficient  of 
silicon  in  single  crystalline  SiC  is  negligible  small  the  possibility  for  silicon  diffusion  through  the 
growing  SiC  layer  is  directly  correlated  to  structural  or  morphological  imperfections. 

In  this  work  we  want  to  describe  the  estimation  of  the  diffusion  coefficient  for  silicon  in  SiC  at 
growth  temperatures  from  the  layer  growth  kinetics  during  the  carbonization  by  different  growth 
techniques:  Chemical  Vapor  Deposition  (CVD),  Solid  State  Molecular  Beam  Epitaxy  (SMBE),  Gas 
Source  Molecular  Beam  Epitaxy  (GSMBE),  Laser  Ablation  and  Evaporation  of  Fullerenes.  The  ob¬ 
tained  data  are  compared  to  the  structural  and  morphological  quality  of  the  grown  layers. 

Description  of  the  layer  growth  kinetics 

Generally  the  carbonization  process  represents  the  initial  stage  of  the  heteroepitaxial  growth  of  SiC 
on  Si,  i.e.  the  reaction  between  carbon  containing  molecules  from  the  gaseous  phase  and  the  silicon 
substrate.  This  reaction  regularly  occur  on  the  growing  surface  and  therefore  Si  has  to  diffuses  out 
to  the  surface  leaving  morphological  defects  behind  [1].  The  growth  rate  can  be  determined  by  the 
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reaction  rate  to  SiC,  the  carbon  supply  of  carbon  containing  molecules  to  the  growing  surface  or  by 
the  silicon  diffusion  through  the  growing  layer.  If  the  reaction  rate  or  the  carbon  flux  is  the  limiting 
factor  the  thickness  is  increasing  linearly  at  progressing  time  and  an  estimation  of  the  diffusion 
coefficient  is  hardly  possible.  However,  if  the  availability  of  Si  on  the  surface  is  the  limiting  factor 
for  the  growth,  the  growth  rate  will  be  decreasing.  Due  to  the  extremely  small  diffusion  coefficient 
in  single  crystalline  SiC  silicon  can  diffuse  either  very  locally  (for  example  at  the  boundaries 
between  large  crystallites)  or  rather  homogeneous  in  the  case  of  highly  defective  layers.  In  the  first 
case  geometrical  effects  of  the  growth  play  a  role  resulting  in  complicated  growth  models  while  in 
the  second  case  the  classic  model  of  parabolic  diffusion  controlled  growth  can  be  applied. 

(I)  Parabolic  growth  kinetics  Assuming  an  infinitive 
source  of  silicon  atoms  at  the  interface  and  a  negligible 
concentration  of  free  atoms  at  the  surface  the  layer 
thickness  dSi  can  be  estimated  by: 

(1) 

with  N0 :  Si  interface  concentration,  a 3 :  a  quarter  of  the 
SiC  unit  cell  volume  and  t0 :  the  time  of  the  initial  linear 
growth  which  is  not  diffusion  limited.  The  diffusion  co¬ 
efficient  DSl  is  the  only  parameter  to  fit  the  experimen¬ 
tal  data.  An  example  for  the  growth  of  polycrystalline 
SiC  in  methane  -  hydrogen  mixture  is  shown  in  fig.  1 . 

This  behavior  was  mainly  found  for  the  growth  of 
“thicker”  layers  (up  to  some  micrometer)  under  CVD 
conditions.  However,  only  a  few  kinetics  for  the  carbonization  in  high  vacuum  or  ultra  high  vacuum 
(UHV)  can  be  fitted  by  this  law  [2-6]. 


Fig.l  Parabolic  growth  law  [1] 


(II)  Saturation  in  growth  In  this  case  the  growth  stops  after  reaching  a  distinct  layer  thickness,  the 
saturation  thickness  dsat .  There  are  two  possible  reasons  for  this  behavior:  (i)  a  closed  SiC  layer 
seals  off  the  surface  and  prevents  any  silicon  diffusion  to  the  surface  [7]  or  (ii)  an  equilibrium  bet¬ 
ween  silicon  diffusion  and  sublimation  (or  etching  in  hydrogen)  averts  the  further  growth.  For  the 
latter  case  the  constant  thickness  and  the  constant  silicon  flux  FSi  reduce  Fick’s  1st  law  to  a  linear 
dependence: 


F„.  =  Dvs  — 


(2) 


This  behavior  was  mainly  found  for  the  carbonization  under  CVD  conditions  introducing  the 
hydrocarbons  at  room  temperature  and  heating  up  the  substrates  with  a  moderate  rate  or  by  GSMBE 
at  high  hydrocarbon  pressure  and  very  low  heating-up  rate  [6,8].  In  both  cases  the  resulting  layers 
had  a  thickness  of  only  a  few  nanometer  and  the  best  structural  and  morphological  properties.  In 
contrary,  in  SSMBE  the  high  reaction  probability  of  elemental  carbon  suppresses  the  sublimation  of 
silicon  from  the  growing  surface. 

Most  problematic  is  the  distinction  between  the  two  cases  sealing  off  and  silicon  sublimation. 
Consequently,  if  no  additional  data  is  available  the  estimated  diffusion  coefficient  represents  only 
the  upper  limit.  A  variant  of  the  procedure  is  the  heating  in  vacuum  and  the  observation  of  the 
growth  of  the  etch  pits  below  the  thin  SiC  layer  [9]. 


(Ill)  Homogeneous  diffusion  and  sublimation  Another  way  to  analyze  the  saturation  behavior  is 
the  combination  of  the  homogeneous  diffusion  of  silicon  through  the  growing  layer  and  the 
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sublimation  from  the  surface,  i.e.  models  (I)  and  (II). 
The  result  is  an  indirect  time-thickness  dependence: 


t  = 


A 


FSi 


Da 


Nn 


-d 


In 


z>,3 


+  d 


(3) 


with  nSi :  density  of  silicon  in  SiC.  The  limiting  case 
in  the  growth,  the  saturation,  results  in  a  thickness 
which  is  identical  to  the  condition  in  eq.  (2).  This 
type  of  growth  kinetics  was  mainly  observed  under 
CVD  conditions  [10,1 1].  It  should  be  noted  here,  that 
the  present  authors  derived  a  description  for  this  type 
of  growth  kinetics  taking  geometrical  effects  into 
account.  In  that  model  the  diffusion  is  assumed  to 

occur  preferred  at  grain  boundaries  which  explained  the  dependence  of  the  saturation  thickness  on 
the  nucleation  density  [11].  Therefore  the  diffusion  coefficient  estimated  by  eq.  (3)  represents 
actually  only  an  average  value  for  the  layer  (Fig. 2). 


Fig.2  Model  for  diffusion  and 
sublimation,  data  from  [2] 


(IV)  Rimai  model  for  Laser  ablation  The  Rimai  model  was  developed  for  the  carbonization  by  la¬ 
ser  ablation  of  a  C  target  [12]  (Fig. 3).  As  mentioned  above  the  outdiffusion  of  silicon  leaves  voids 
at  the  SiC-silicon  interface  behind.  The  Rimai  model  assumes  a  homogeneous  diffusion  of  silicon 
through  the  layer  but  a  decreasing  SiC-silicon  contact 
area  due  to  the  void  growth.  Therefor  the  amount  of 
available  silicon  is  decreasing  during  the  layer  growth. 

As  a  result  again  an  indirect  time-thickness  dependence 
characterize  the  growth  kinetics: 

1  (x  1  Vo-fe)-4  (4> 


t  = 


o  v 


b  +  ab2 


ab 


with  Uq  :  initial  growth  rate,  a:  diffusion  length  and  b: 
interface  factor  describing  the  influence  of  the  void 
growth.  According  to  the  derivation  in  [12]  DSi  is  given 

by: 

N 

a  (5) 

"Si 


DSI  = — u0a 


Fig.3  Rimai  model  [12] 


This  model  allows  no  saturation.  Instead  the  growth 
stops  when  the  contact  area  between  SiC  and  silicon  is 

becoming  zero,  i.e.  the  layer  peels  off.  This  model  could  be  applied  only  in  the  case  of  carboni¬ 
zation  using  elemental  carbon,  i.e.  the  laser  ablation  and  the  SSMBE. 


Conclusion 

A  summary  of  the  estimated  diffusion  coefficients  is  given  in  fig.4.  All  these  values  are  several 
orders  of  magnitude  higher  than  for  single  crystalline  bulk  SiC.  Best  results  were  obtained  by  CVD. 
The  difference  between  the  thin  single  crystalline  layers,  where  the  growth  saturates  after  a  few 
nanometer  [16],  and  the  thicker,  rough,  twinned  or  polycrystalline  SiC  layers  is  connected  to  a 
change  in  DSi  by  more  than  two  orders  of  magnitude.  A  similar  behavior  was  found  for  the  best 
layer  grown  by  GSMBE  [3,5],  The  highest  diffusion  coefficients  appears  using  elemental  carbon  in 
SSMBE,  laser  ablation  or  fullerene  evaporation,  where  in  most  of  the  cases  only  a  linear  growth  was 
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observed.  In  conclusion,  assuming  the  diffusion  coefficient  as  a  criterion  for  the  quality  of  the 
grown  layers,  as  more  hydrogen  is  contributing  in  the  growth  as  better  the  structure  and  quality  of 
the  SiC  layer  grown  by  carbonization. 


Fig.4  Diffusion  coefficient  for  silicon  at  growth  temperatures  for  different  carbonization  methods 
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Abstract.  In  this  study,  hydrogenated  amorphous  silicon  carbon  (a-Sii_xCx:  H)  thin  films  were 
synthesized  on  Si  substrates  by  plasma  enhanced  chemical  vapor  deposition  (PECVD)  technique. 
The  source  gases  used  were  C2H4,  SiH4,  and  H2  (for  dilution).  The  compositional  parameter  x  is 
found  to  be  closely  relevant  to  practical  vibrational  and  optical  properties  of  this  material.  XPS  and 
FTIR  spectra  strongly  support  the  existence  of  C-Si  covalent  bonds  in  the  grown  thin  films.  Raman 
spectra  do  not  show  a  strong  Si-C  Raman  peak.  The  Photoluminescence  result  is  quite  different 
from  the  previous  reports. 

1.  Introduction 

Hydrogenated  amorphous  silicon  carbon  (a-SiUxCx:  H)  alloys  have  attracted  much  attention  in 
recent  years  for  optoelectronic  and  electronic  applications  of  solar  cells  [1],  light  emitting  diodes 
[2],  microelectronic  dielectric  layers  [3],  color  sensors  [4]  and  flat-screen  full-color  displays  etc 
[5,6].  a-Si,_xCx:  H  films  were  usually  prepared  by  the  glow  discharge  or  plasma  enhanced  chemical 
vapor  deposition  (PECVD),  or  the  rf  sputtering  techniques.  The  compositions  of  the  silicon  and 
carbon  in  the  films  were  found  to  be  strongly  dependent  on  the  preparation  condition  [7].  In  this 
work,  we  report  the  growth  and  characterization  of  a-Si^C^  H  thin  films  on  Si  substrates  by 
PECVD  technique.  Hydrogen  diluted  mixtures  of  silane  and  ethylene  served  as  the  reaction 
sources.  Variable  flow  rates  and  other  growth  conditions  were  applied.  A  variety  of  techniques, 
including  X-ray  photoelectron  spectroscopy  (XPS),  Fourier  transform  infrared  (FTIR)  spectroscopy, 
Raman  scattering  (RS)  and  Photoluminescence  (PL)  were  used  to  characterize  the  grown  materials. 

2.  Experimental 

The  a-Si^Q:  H  films  were  grown  in  a  capacitively  coupled  rf  PECVD  system  PlasmaQuest 
PQM-9157-A  series  III,  with  a  gaseous  mixture  of  silane  (SiH4),  ethylene  (C2H4)  and  hydrogen  (H2) 
as  the  source  gases.  The  substrate,  Si  (100)  was  placed  on  the  sample  stage,  which  was  maintained 
at  220  °C.  The  working  pressure  was  200  mTorr.  Deposition  was  performed  using  a  rf  plasma 
power  of  50  W  for  one  hour,  which  resulted  in  the  film  thickness  of  several  hundred  nanometers. 
The  composition  of  the  film  was  controlled  by  varying  the  flow  ratio  of  C2H4  to  SiH4. 

The  XPS  analysis  was  carried  out  in  a  VG  Escalab  MKII  system  using  120  W  Mg  Ka  x-ray 
source.  The  FTIR  measurements  were  made  in  transmission  mode  by  using  Perkin-Elmer  2000  with 
a  resolution  of  4  cm'1.  The  Raman  scattering  and  PL  spectra  were  obtained  under  excitation  with  an 
Ar-ion  laser  (k  =  514.5  nm)  at  room  temperature. 


3.  Results  and  discussion 
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3.1  XPS 

The  XPS  scans  (Fig.  1)  show  the  Si  2p,  C  Is 
and  O  Is  peaks  at  photoelectron  take-off  angle  of 
75  for  all  the  samples.  The  O  Is  spectra  (not 
shown  here)  are  composed  mainly  of  a  single  peak 
with  a  binding  energy  which  corresponds  to  Si02 
(532.4  eV).  At  photoelectron  take-off  angle  of  20° 
the  intensity  ratio  of  O  Is  over  Si  2p  is  higher  than 
that  of  75 ,  indicating  that  oxygen  is  mainly 

present  on  the  surface.  The  compositions  of  the  a-  282  284  286 

Sij.xCx:  H  films  were  obtained  by  peak-fitting  of 
the  C  Is  and  Si  2p  peaks.  Essentially  the  same 
peak  components  are  present  at  all  samples  but 
with  different  relative  intensities.  The  C  Is 
spectra  exhibited  three  main  peaks  assigned  to  Si- 
C  (283.3  eV),  C-C/C-H  (284.6  eV)  and  C-O-H 
(286.0  eV).  The  Si  2p  spectra  could  be  fitted  with  Fig-  1  Typical  XPS  spectra  of  a-Si,. 

four  peaks  due  to  Si-Si/Si-H  (99.5  eV),  Si-C  xCx:  H  film  prepared  by  PECVD.  a) 

(100.4  eV),  O-Si-C  (101.7  eV)  and  Si-0  (103.0  Wide  scan,  b)  C  Is  energy  range,  c)  Si 

eV).  Wide  range  of  the  carbon  content  x  (0.40-  2p  energy  range. 

0.90,  including  adventitious  C)  was  obtained  from 

the  samples  with  varying  flow  rate  ratio  between  silane  and  ethylene.  It  should  be  pointed  out  that 
due  to  the  ex-situ  nature  of  the  study,  the  adventitious  carbon  component  would  also  contribute  to 
C-C/C-H  peak. 

3.2  FTIR 

FTIR  transmission  spectra  (Fig.  2)  reveal  the 
prominent  Si-C  stretching  mode  at  -780  cm'1,  Si- 
H  wagging  or  rocking  mode  at  -660  cm'1,  C-Hn 
wagging  mode  in  Si-CH3  at  -1000  cm'1,  Si-Hn  ^ 

stretching  mode  at  -2100  cm'1,  and  C-Hn  1 

stretching  mode  at  -2900  cm'1.  Three  modes  at  3 
-1250  cm'1,  -1340  cm*1  and  -1400  cm'1  are  due  to  | 
the  Si-CH3  bending  vibration.  The  bands  of  Si-H  f 
stretching  between  2000  and  2300  cm'1  decrease  5 
greatly  with  increasing  x.  Fig.  2  also  shows  that  H 
the  Si-C  absorption  of  the  samples  with  x  =  0.40 
and  0.50  is  significantly  stronger  than  that  of  the 
samples  with  higher  x  values.  This  is  in  good 
agreement  with  the  XPS  results  that  the  samples 
of  x  =  0.40  and  0.50  actually  have  higher 
concentration  of  the  SiC  species.  Therefore,  the 
two  samples  are  the  expected  a-Si^C*:  H  samples. 

For  the  higher  C2H4  concentrations,  the  lower  pig.  2  Infrared  spectra  of  a-Si,  XCX:  H 

availability  of  silicon  justifies  the  decrease  of  the  samples  prepared  under  PECVD. 

Si-C  band  but,  as  the  other  detectable  carbon 

incorporation  forms  remain  essentially  constant,  the  extra  carbon  atoms  must  be  incorporated 
through  C-C  bonds,  which  are  not  detectable  with  FTIR  spectrometry.  The  interference  fringes  in 
the  region  between  3000  and  6000  cm'1  can  be  used  to  estimate  the  film  thicknesses,  which  are 
about  0.4-1. 0  microns. 
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3.3  Raman  spectroscopy 

Combined  room  temperature  (RT)  Raman  and 
Photoluminescence  (PL)  measurements  were 
performed  under  514.5  nm  excitation  for  these 
samples.  Figs.  3  and  4  show  crystalline  Si  Raman 
mode  and  the  second  order  Raman  band  (silicon 
substrate)  at  521  and  970  cm'1  respectively. 

Amorphous  Si-Si  Raman  modes  at  480  cm'1  (first 
order  scattering),  and  Si-Hn  Raman  modes  at 
2000-2100  cm'1  [8]  are  also  observed.  It  is  worth 
to  point  out  that  the  later  band  is  observed  only  in 
the  sample  of  x  =  0.40  and  0.50,  indicating  the 
presence  of  amorphous  silicon.  Nevertheless  the 
band  which  was  expected  to  observe  in  the  region 
of  600-1000  cm'1  [9]  and  associated  with  Si-C 
bonds  is  very  weak  due  to  low  Raman  efficiencies 
of  the  Si-C  band.  Note  that  the  Raman  band  for 
C-C  bonds  in  the  region  of  1300-1600  cm'1  [10]  is 
not  detected  in  our  spectra,  indicating  the  low  C-C 
bond  concentration  in  the  sample  of  x  =  0.40  and  0.50.  But  for  x  >  0.50,  the  Raman  band  for  C-C 
bonds  is  not  evident  either.  One  reason  for  this  could  be  the  very  intense  fluorescence,  the  other 
could  be  that  the  Raman  cross-section  of  C-C  bonds  depends  strongly  on  hybridization,  and  is  much 
larger  for  sp2  sites  than  that  for  sp3  sites.  Therefore  a  peak  corresponding  to  sp3  sites  could  easily  be 
lost  in  the  background.  Theoretical  work  [1 1]  on  the  electronic  and  atomic  structure  of  a-C  and  a-C: 
H  has  shown  that  a-C:  H  films  will  tend  to  form  clusters  of  sp2  sites,  such  as  graphite  clusters 
containing  four  or  more  rings  in  order  to  relieve  the  overall  strain  in  the  film.  In  other  words,  the 
properties  of  a-C  and  a-C:  H  will  depend  on  the  degree  of  medium-range  order,  rather  than  just  on 
the  short-range  order  as  is  generally  believed  to  be  the  case  for  amorphous  semiconductors. 
Robertson  [12]  has  also  shown  that  this  clustering  of  sp2  sites  in  a-C:  H  is  found  on  a-Si,.xCx:  H.  As 
carbon-carbon  bonds  are  present  in  these  films  then  it  is  likely  that  some  sp2  clusters  will  be  present. 
Unfortunately  the  Raman  spectra  were  not  sensitive  enough  to  this  form  of  bonding. 


Fig.  3  Room  temperature  (RT)  Raman 
spectra  of  a-Sij.xCx:  H  samples  under 
excitation  of  514.5  nm  laser. 


3.4  Photoluminescence 

Broad  RT  PL  features  are  detected  spreading 
between  1.4  and  2.4  eV  in  Fig.  4.  The  shape  and 
energy  positions  of  the  PL  band  vary,  depending 
on  the  sample  compositions  and  growth 
conditions.  No  peak  is  observed  in  the  range  of 
1.2- 1.4  eV,  which  is  in  contrast  to  an  early  report 
[13],  but  is  in  agreement  with  the  recent  results 
reported  by  Sussmann  et  al  [14]  and  Ghosh  et  al 
[15].  For  the  samples  of  x  =  0.40  and  0.50  the  RT 
PL  bands  are  strong,  with  two  maxima  at  1.63  eV 
and  1.81  eV.  For  x  =  0.75,  0.80  and  0.90,  the  1.63 
eV  band  disappears,  but  the  1.81  eV  band  shifts  to 
the  maximum  value  1.99  eV  (x  =  0.80),  then 
decreases  to  1.94  eV  (x  =  0.90).  This  band  was 
previously  assigned  to  the  radiative  tunneling 
between  tail  states.  The  blue  shift  of  the 
luminescence  peak  centered  at  1.81  eV  and 
maximum  at  x  =  0.80,  indicate  that  the  optical 


Fig.  4  Room  temperature  PL  spectra  of 
PECVD  a-Sij_xCx:  H  films  under  the 
excitation  of  514.5  nm.  Note  that  the 
intensity  of  x  =  0.90  was  timed  by  1/2. 
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band  gap  increases  with  carbon  content.  But  the  increase  of  optical  band  gap  is  accompanied  by  an 
increase  in  film  disorder,  which  makes  the  band  tails  become  wide.  For  x  =  0.90,  the 
photoluminescence  spectrum  can  be  regarded  as  the  PL  spectrum  of  a-C:  H.  Engemann  et  al  [13] 
studied  the  PL  spectra  of  silane-ethylene  mixtures  in  the  whole  composition  range  at  77  K.  Their  PL 
spectra  consist  of  two  bands  for  0  <  x  <  0.57.  Band  1  at  1.35  eV  dominates  the  spectra  in  the  Si-rich 
region,  whereas  band  2  is  similar  to  the  1.81  eV  band  in  our  results.  The  room  temperature  PL  band 
at  1.63  eV  has  not  been  reported.  It  may  be  due  to  an  inter-band  transition  related  to  a  mid-gap 
level.  However,  no  definitive  model  of  the  structure  of  the  optical  center  has  yet  been  proposed.  A 
detail  work  is  needed  to  understand  the  origin  and  the  emission  mechanism  of  the  new  PL  band,  and 
the  nature  of  1.34  eV  emission,  which  is  still  in  debate,  either  due  to  a-SiC  or  due  to  a-Si  clusters 
and  inhomogeneities. 

4.  Summary 

A  wide  range  of  a-Si,.xCx:  H  films  have  been  produced  using  the  PECVD  technique  with  SiH4, 
C2H4  and  H2  as  the  precursor  gases.  The  chemical  and  structural  nature  of  these  films  has  been 
characterized  using  XPS,  FTIR,  Raman  spectroscopy  and  Photo  luminescence.  The  source  gases 
system  play  an  important  role  regarding  the  film  composition  and  the  film  structure  as  well  as 
properties.  The  RT  Raman  spectra  indicate  the  low  concentration  of  C  cluster  in  the  C-rich  a-Sij.xCx: 
H  films.  The  RT  Photoluminescence  shows  a  different  result  from  the  previous  reports.  A  new  room 
temperature  PL  band  centered  at  1.63  eV  was  observed  in  the  grown  a-Si,.xCx:  H  films. 
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Abstract  The  growth  of  amorphous  hydrogenated  silicon  carbide  thin  films  with  short-range  order 
structure  similar  to  crystalline  silicon  carbide  is  reported.  The  films  were  grown  by  plasma 
enhanced  chemical  vapor  deposition  at  “silane  starving  plasma”  regime.  The  radio  frequency  (rf) 
power  and  the  hydrogen  dilution  of  the  gaseous  mixture  were  controlled  in  order  to  improve  the 
chemical  and  structural  order  in  the  solid  phase.  The  composition  was  determined  by  Rutherford 
back  scattering  and  forward  recoil  spectrometry.  The  chemical  bonds  were  analyzed  by  Fourier 
transform  infrared  spectrometry.  The  structural  properties  were  investigated  by  X-ray  absorption 
near  edge  structure  and  extended  X-ray  absorption  fine  structure  spectroscopies  at  the  Si  K  edge. 
The  results  showed  that  the  material  with  the  desirable  properties  is  obtained  at  higher  rf  power, 
provided  the  “silane  starving  plasma”  regime  is  maintained,  at  higher  hydrogen  dilution  and,  with  a 
carbon  content,  x,  close  to  0.5. 

Introduction 

The  deposition  of  amorphous  hydrogenated  silicon  carbide  (tf-Sii.xCx:H)  thin  films  by 
plasma  enhanced  chemical  vapor  deposition  (PECVD)  has  been  extensively  explored  due  to  the 
ability  of  this  technique  to  control  the  carbon  content  in  the  solid  phase  and,  therefore,  the  optical 
gap  (Eg).  The  increase  in  the  optical  gap,  following  the  increase  in  the  carbon  concentration,  is 
desirable  for  many  device  strategies  [1-3].  The  advantageous  electrical,  optical  and  chemical 
properties  of  these  films  are  achieved  at  the  so-called  "silane  starving  plasma"  [4]  regime.  The 
experimental  parameters  that  have  to  be  controlled,  at  this  particular  deposition  condition,  are 
already  established  [5,6]. 

The  experimental  strategy  in  the  present  work  was  to  explore  not  only  the  ratio  between  the 
silane  and  methane  flows,  but  also  other  deposition  parameters,  as  the  rf  power  and  hydrogen 
dilution.  The  aim  of  the  work  was  to  improve  the  chemical  and  structural  order  in  hydrogenated 
silicon  carbide  films  deposited  by  PECVD,  since  H2  dilution  is  extensively  used  for  obtaining 
microcrystalline  hydrogenated  silicon  (//e-Si:H)  by  PECVD  [7,8]. 

Experiment 

The  a-Sii_xCx:H  films  were  deposited  by  PECVD,  from  appropriated  gaseous  mixtures  of 
silane,  methane  and  hydrogen,  in  a  capacitively  coupled  reactor.  The  substrate  temperature  was  kept 
at  300/350  °C.  The  if  power  density  and  the  hydrogen  flow  were  varied.  All  the  samples  were 
grown  with  the  same  methane  and  silane  flows,  3.6  and  32.4  standard  cubic  centimeters  per  minute 
(seem)  respectively,  but  with  different  rf  power  or  F^flow,  from  5  to  200  W  and  100  to  300  seem, 
respectively.  The  silane  and  methane  flows  were  chosen  taking  into  account  previous  results  [9-11]. 
Tables  1,  2  and  3  present  the  deposition  conditions  used  to  deposit  the  analyzed  films. 
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The  atomic  concentrations  of  Si,  C  and  O  (contamination)  were  determined  in  films 
deposited  on  ultra  dense  amorphous  carbon  [12]  slides,  by  Rutherford  back  scattering  (RBS). 
Forward  recoil  spectrometry  (FRS)  [13]  was  used  for  H  analysis  of  some  samples.  The  analyses 
were  done  at  the  IBM-Almaden  Research  Center,  San  Jose,  California,  and  at  the  LAMFI/IFUSP, 
Sao  Paulo,  Brazil. 


Table  1  -  Power  variation  series  (H2  flow  of  100  seem). 


Sample 

HHESMM 

Mm 

■m 

1 

36902h5w 

5 

3.0 

762 

2 

36902h20w 

20 

2.0 

2697 

3 

36902h30w 

30 

3.0 

4382 

4 

36902h50w 

50 

3.0 

5350 

5 

36902hl00w 

100 

- 

6595 

6 

36902h200w 

200 

- 

9552 

Table  2  -  Hydrogen  flow  variation  series  with  low  rf  power  (rf 

power  of  5  W). 

Sample 

■MSI 

HBHH 

EE 

36902h5w 

100 

3.0 

762 

mm 

36904h5w 

200 

10 

2200 

EH 

36906h5w 

300 

10 

1300 

Table  3  -  Hydrogen  flow  variation  series  with  high  rf  power  (rf  power  of  200  W). 


jj  Sample 

H2  flow 
(seem) 

MMSIMi 

Thickness 

(A) 

36902h200w 

100 

- 

9552 

mm 

36904h200w 

200 

3.9 

8000 

[I  8 

36906h200w 

300 

3.9 

7200 

The  chemical  bonding  was  analyzed  by  Fourier  transform  infrared  spectrometry  (FTIR), 
using  polycrystalline  or  monocrystalline  (100)  silicon  substrate.  The  infrared  spectra  were 
normalized  by  the  film’s  thickness.  The  FTIR  peaks  were  analyzed  assuming  a  gaussian  profile  of 
the  experimental  data.  The  extended  X-ray  absorption  fine  structure  (EXAFS)  and  the  X-ray 
absorption  near  edge  structure  (XANES)  measurements  were  performed  in  films  deposited  on  ultra 
dense  amorphous  carbon  [12]  slides  at  the  Si  K  absorption  edge  (1839  eV),  using  the  line  SA32  of 
the  SUPERACO  ring  at  the  LURE  synchrotron  radiation  facility,  Orsay,  France.  Polycrystalline 
silicon  carbide,  crystalline  silicon  and  crystalline  silicon  oxide  were  used  as  reference  compounds. 
The  software  EXAFS  pour  le  Mac  [14]  was  used  for  data  treatment  and  simulations.  The  EXAFS 
simulations  were  performed  using  the  Fourier  transform  filter  of  the  first  coordination  shell, 
supposing  a  mixing  of  Si-O,  Si-C  and  Si-Si  bonds. 

Results  and  Discussion 

The  RBS/FRS  data  for  both  series  are  listed  in  Table  4.  From  these  results  one  can  notice 
that  the  composition  of  samples  1  and  2  are  very  similar.  The  carbon  content,  jc,  is  defined  as  the 
ratio  between  the  number  of  C  atoms  and  the  total  number  of  C  plus  Si  atoms. 

The  oxygen  content  increases  with  the  decrease  of  the  deposition  rate,  for  lower  rf  power  or 
higher  H2  flow,  indicating  that  the  oxygen  atoms  are  incorporated  during  the  growth  process  either 
by  degassing  from  the  walls  or  due  to  small  leakage  in  the  vacuum  system.  The  H/C  ratio  in  the 
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films  (0.7  up  to  1.2)  decreases  with  the  increase  of  the  rf  power  and  H2  dilution.  The  Si-C  peak 
position,  from  FTIR  data,  depends  on  both  rf  power  and  H2  dilution,  increasing  from  767  to  790  cm’ 
1  with  the  increase  of  the  rf  power,  approaching  the  value  of  800  cm"1,  reported  for  recrystallized  a- 
SiC  [3]. 


Table  4 

-  Atomic  Content  obtained  from  RBS  anc 

FRS  data. 

Sample 

Power 

(W) 

H2  flow 
(seem) 

H 

(at.  %) 

C 

Si 

O 

1 

5 

100 

0.33 

0.39 

0.51 

0.10 

2 

20 

100 

0.33 

0.39 

0.54 

0.07 

3 

30 

100 

0.27 

0.49 

0.47 

0.04 

4 

50 

100 

0.26 

0.51 

0.45 

0.04 

5 

100 

100 

- 

0.56 

0.41 

0.03 

6 

200 

100 

- 

0.62 

0.36 

0.02 

7 

200 

200 

- 

0.57 

0.40 

0.03 

8 

200 

300 

- 

0.55 

0.42 

0.03 

9 

5 

200 

0.20 

0.35 

0.55 

0.10 

r~^~ 

5 

300 

0.20 

0.35 

0.52 

0.13 

The  Si-C  peak  position  as  a  function  of  the  H2  dilution  shows  an  increase  from  767  to  785 
cm"1,  for  a  rf  power  of  5  W,  but  is  invariant  for  a  rf  power  of  200  W.  For  a  constant  rf  power  of  5 
W,  varying  the  H2  dilution,  the  carbon  content  is  almost  constant,  but  both  Si-C  peak  position  and 
area  increase  with  the  increase  of  the  hydrogen  dilution  flow,  which  is  associated  to  a  better  short 
range  order  structure  of  the  material.  For  a  constant  rf  power  of  200  W,  the  carbon  content 
decreases  with  the  increase  of  the  Ffe  dilution  flow.  It  happens  together  with  the  increase  of  the 
FTIR  Si-C  peak  area,  confirming  the  decrease  of  the  carbon  content,  that  leads  to  a  more 
stoichiometric  material.  The  ratio  of  Si  atoms  bonded  to  one  atom  of  hydrogen  did  not  change  (10% 
to  20%).  It  indicates  that  the  Si  atoms  have  a  partial  coordination  number  with  Si,  C  and  O  of  about 
3.8  or  3.9.  The  calculations  were  done  with  the  Si-H  stretching  peak  around  2090  cm"1,  supposing  a 
a-SiC:H  matrix  [9]. 

The  XANES  spectra  show  shift  and  sharpening  towards  the  value  of  the  /?-SiC  edge  with  the 
increase  in  the  rf  power.  The  Fourier  transform  of  the  EXAFS  spectra  demonstrate  that  the  higher  rf 
power  the  larger  the  peak  associated  to  the  Si-C  coordination.  The  data  also  reveal  that  the  sample 
deposited  at  the  highest  H2  dilution  presents  a  medium  range  order  structure,  with  distances  greater 
than  3  A,  related  to  the  second  coordination  shell.  Tables  5  and  6  report  the  EXAFS  results,  where 
N  is  the  coordination  number  (+  10%),  a  is  the  Debye- Waller  (±  15%)  and  R  is  the  atomic  distance 
(±  2%). 


Table  5  -  EXAFS  simulation  data  for  the  rf  power  series. 


| 

1 

I  2 

3 

4 

5  1 

6 

Si-C 

2.2 

2.4 

3.4 

3.8 

3.8 

3.7 

Nsi-c 

0.07 

0.07 

0.07 

0.07 

0.05 

0.05 

ersi-c  (A) 

1.91 

1.91 

1.89 

1.90 

1.88 

1.88 

Rsi-c(A) 

Si-Si 

1.2 

1.2 

0.4 

0.2 

- 

- 

Nsi-Si 

0.03 

0.03 

0.00 

0.00 

- 

- 

tfSi-Si  (A) 

2.35 

2.35 

2.36 

2.37 

- 

- 

Rsi-si  (A) 

Si-0 

0.5 

0.5 

- 

- 

- 

- 

Nsi-o 

0.00 

0.00 

- 

- 

- 

- 

CTSi-0  (A) 

1.64 

1.64 

- 

- 

- 

- 

Rsi-o  (A) 

Nsi-si+Nsi-c 

3.4 

3.6 

3.8 

4.0 

3.8 

- 

Njotal 

4.1 

3.8 

4.0 

3.8 

BB 

- 
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Table  6  -  EXAFS  simulation  data  for  the  H2  dilution  series. 


ti r 

9 

mssm 

6 

r^“T 

8 

Si-C 

2.2 

2.5 

2.4 

3.7 

3.8 

3.7 

Nsic 

0.07 

0.07 

- 

0.05 

0.04 

0.03 

asi-c  (A) 

1.91 

1.91 

- 

1.88 

1.88 

1.88 

Rsi-c(A) 

Si-Si 

1.2 

1.2 

1.0 

- 

- 

- 

Nsi-Si 

0.03 

0.04 

- 

- 

- 

- 

CFSi-Si  (A) 

2.35 

2.35 

- 

- 

- 

- 

Rsi-si  (A) 

Si-0 

0.5 

0.5 

0.5 

- 

- 

- 

Nsi-o 

0.00 

0.00 

- 

- 

- 

- 

CTSi-0  (A) 

1.64 

1.63 

- 

- 

- 

- 

Rsi-o  (A) 

Nsi-si+Nsi-c 

rczii 

3.7 

3.4 

3.7 

3.8 

3.7 

- 

Niotal 

|  3.9 

4.2 

3.9 

3.7 

3.8 

3.7 

- 

(a)  Extrapolated  from  atomic  concentration  due  to  noise  in  EXAFS  data. 


Conclusions 

The  increase  of  the  rf  power  of  the  PECVD  deposition  method,  but  keeping  its  value  low 
enough  to  remain  under  “starving  plasma”  conditions,  contributes  to  the  growth  of  silicon  carbide 
films  with  improved  chemical  and  structural  properties.  It  was  observed  a  systematic  behavior  of 
the  first  coordination  shell  with  the  increase  of  the  rf  power.  Combining  both,  the  rf  power  and  H2 
dilution  effects  on  the  film’s  properties,  the  results  confirmed  the  growth  of  films  chemically  and 
structurally  more  ordered,  similar  to  the  crystalline  phase. 
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Abstract:  We  report  surface  compositions  of  the  4H-SiC(000 1 )  C-face  and  4H-SiC  (0001)  Si-face 
over  the  temperature  range  300  to  1400  K,  studied  by  Auger  electron  spectroscopy  (AES),  energy 
loss  spectroscopy  (ELS)  and  quadrupole  mass  spectroscopy  (QMS).  Below  800  K,  no  significant 
changes  in  surface  composition  are  observed.  Between  800  K  and  1200  K,  silicon  preferentially 
volatilizes,  leaving  a  slightly  graphitized  surface.  Above  1200  K,  preferential  volatility  of  silicon 
results  in  a  heavily  graphitized  surface.  The  thickness  of  the  graphitized  layer  is  greatest  on  the  4H- 
SiC(0001)  C-face  surface  (~  8  A  @  1400  K).  Results  are  compared  with  earlier  work  involving  the 
polar  faces  of  6H-SiC. 

Introduction:  Hexagonal  SiC  is  a  polar  semiconductor  whose  ideal  (0001)  and  (000 1 )  surfaces  are 
terminated  with  a  layer  of  Si  and  C  atoms  respectively.  Comprehensive  studies  of  the  two  polar 
faces  of  6H-SiC  have  shown  differences  in  etch  rate  [1,2],  oxidation  [3,4],  gross  reactivity  [5],  and 
graphitization  [6]  at  high  temperature.  Unfortunately,  there  have  been  few  such  studies  for  4H-SiC, 
the  current  SiC  polytype  of  choice  for  device  applications.  In  this  paper  we  report  compositional 
changes  in  the  4H-SiC(000 1 )  C-face  and  4H-SiC  (0001)  Si-face  surfaces  over  the  temperature 
range  300  to  1400  K  and  compare  the  results  with  earlier  work  involving  the  polar  faces  of  6H-SiC. 
Our  work  examines  the  kinetics  of  carbon  enrichment  for  the  two  polar  surfaces  of  4H-SiC  and 
extends  earlier  work  on  6H-SiC  to  corresponding  4H-SiC  surfaces. 

Experimental:  The  on-axis  Epitronics  n-type  4H-SiC  crystals  used  in  this  work  were  0.012”  thick 
with  orientations  of  (0001)  ±  5°  and  (0001)  ±  5°  for  the  Si-  and  C-face  surfaces  respectively.  To 
independently  check  the  surface  polarity,  we  oxidized  the  polar  faces  at  1373  K  (500  seem  of  02 
passed  through  a  bubbler).  Golz  et  al.  [7]  has  shown  that  the  4H-SiC(0001)  Si-face  oxidizes  slower 
than  the  C-face.  Rutherford  backscattering  spectroscopy  (RBS)  verified  that  there  was  a  thicker 
oxide  layer  on  the  C-face  surface.  Surface  temperatures  were  measured  by  an  ice-junction 
referenced  W-5%Re  vs  W-26%Re  thermocouple  clip  attached  to  the  crystal.  For  temperatures 
above  970  K,  the  thermocouple  measurement  was  compared  to  a  single  wavelength  (0.65  pm) 
optical  pyrometer  and  showed  excellent  agreement  [8]. 
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Preparing  an  atomically  clean  SiC  surface  is  not  a  trivial  task.  In  our  cleaning  procedure,  the  crystals 
were  first  ultrasonically  cleaned  in  electronics  grade  1,1,1-trichloroethane  followed  by  acetone  and 
12  MQ/cm  deionized  water,  then  mounted  and  placed  in  the  UHV  chamber.  After  evacuation  to  3  x 
10"10  torr,  the  surfaces  were  in-situ  cleaned  by  a  combination  of  annealing  and  ion  bombardment. 

We  first  ramp  the  crystal  temperature  to  1400  K  to  volatilize  the  native  oxide  and  graphitize  the 
surface.  Next,  the  crystal  is  maintained  at  700  K  while  it  is  sputtered  using  Ar+  ions  at  75°  from  the 
surface  normal  with  stepwise  decreases  in  ion  energy  from  6  keV  to  3  keV  to  1  keV.  The  crystal  is 
then  annealed  at  700  K  for  10  minutes.  The  procedure  has  been  shown  to  maintain  near  perfect 
surface  stoichiometry  and  minimize  the  amount  of  implanted  argon. 

The  surfaces  were  heated  resistively  in  vacuum  by 
using  a  temperature  programmer  that  controlled  a 
Hewlett  Packard  6012B  auto  ranging  1000  W  DC 
power  supply.  The  programmer  had  a  1  kHz 
sampling  rate  and  fast  feedback  to  prevent  thermal 
runaway  while  passing  through  the  temperature  range 
where  exponential  promotion  of  charge  carriers  into 
the  conduction  band  occurs.  In  the  experiments 
reported  below,  after  achieving  an  atomically  clean 
surface,  the  crystals  were  heated  with  stepwise 
increasing  temperatures  at  five-minute  intervals  and 
AES  and  ELS  spectra  were  recorded.  In  the  mass 
spectrometer  studies,  the  crystal  was  ramped  at  a  rate 
of  1  K/s  while  the  mass  range  from  1-100  amu  was 
continuously  recorded. 

Auger  Surface  Concentration  vs  Temperature:  In 
Figures  1-2  the  Auger  intensities  as  a  function  of 
annealing  temperature  for  the  two  polar  faces  of  4H- 
SiC  are  plotted.  By  intensity  we  mean  the  peak-to- 
peak  amplitude  of  the  derivative  Auger  peak.  The 
results  show  that  the  4H-SiC  surface  composition 
with  temperature  is  controlled  more  by  the  behavior 
of  Si  than  C  at  the  surface,  since  the  C(KLL) 
increases  only  slightly  between  300-1400  K.  On  the 
C-face,  there  is  a  monotonic  decrease  in  Si(LVV) 
below  1 100  K  followed  by  a  rapid  decrease  in 
amplitude  above  1 100  K.  On  the  Si-face,  the 
behavior  of  Si(LW)  and  C(KLL)  is  similar,  but  there 
is  an  additional  notable  increase  in  Si(LVV)  in  the 
temperature  range  900-1100  K  before  the  rapid 
decrease  in  Si(LW).  It  is  shown  from  mass 
spectrometer  studies  below  that  the  increasing  C/Si 
Auger  ratios  above  1200  K  are  attributable  to  a 
decrease  in  silicon  at  the  surface  due  to  preferential 
volatility  at  high  temperature.  The  results  are  similar 
to  6H-SiC  polar  surfaces,  reported  earlier  [9]. 
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Fig.  1 .  Auger  C(KLL)  and  Si(LW)  peak  intensities  vs 
temperature  for  the  4H-SiC  (C-face)  surface. 


4H-SiC(0001)  Si-face 


jo  5 


Si(LW)  '' 


C(KLL) 


300 


500 


700  900  1100  1300  1500 

Temperature  (K) 


Fig.  2.  Auger  C(KLL)  and  Si(LVV)  peak  intensities  vs 
temperature  for  the  4H-SiC  (Si-face)  surface. 
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Auger  C(KLL)  Lineshape  Analysis  vs  Temperature.  Lineshape  analysis  of  the  AES  C(KLL) 
signal  and  observation  of  a  SiC  plasmon  loss  feature  at  -22.4  eV  below  the  elastic  peak  show  that 
the  surface  at  high  temperature  is  largely  graphite.  Figures  3-4  show  a  series  of  C(KLL)  AES 
spectra  for  both  SiC  faces  in  the  derivative  mode  E-dN/dE  as  a  function  of  annealing  temperature. 
Heavily  disordered  C-  and  Si-faces  (not  shown)  at  300  K  exhibit  a  broadened  SiC-type  [10] 
lineshape  compared  to  spectra  measured  on  annealed  SiC 
single  crystals.  Annealing  in  the  temperature  range  800-1400 
K  resulted  in  sharper  Auger  features  with  a  continuous 
downward  shift  in  kinetic  energy  (from  272  eV).  The  C-face 
C(KLL)  shifted  to  264  eV  during  annealing  while  the  Si-face 
C(KLL)  shifted  to  268  eV.  A  slight  increase  in  the  C(KLL) 
peak-to-peak  amplitude  throughout  the  annealing  range  is  w 

observed  for  both  faces,  in  agreement  with  the  C/Si  ratio  g 

studies  above.  Above  1350  K,  C(KLL)  line  shape  changes 
occur  on  both  faces  of  4H-SiC,  and  significant  new  features  g 

are  observed  on  the  low  kinetic  energy  side  of  the  principal  & 

peak.  At  1400  K,  the  C-face  shows  a  complete  line  shape  w 

change  to  one  characteristic  of  graphite  [11],  whereas  the  Si- 
face  shows  an  AES  line  shape  that  is  a  superposition  of  the 
line  shape  for  graphite  and  SiC.  Consistent  with  our  other 
data,  a  higher  graphite  surface  concentration  is  observed  on 
the  4H-SiC(0001 )  C-face  surface  than  on  the  4H-SiC(0001) 

Si-face  surface. 


220  240  260  280  300 


On  the  assumption  that  the  surface  carbon  enrichment  is  due 
to  a  graphite  layer  on  the  surface,  the  layer  thickness  can  be 
estimated  by  the  attenuation  of  the  Si  (LW)  Auger  electron 
as  it  passes  through  this  layer.  The  silicon  signal  can  be 
expressed  as  Isi  =  Ioel"x/Ac0s6l]  where  Isi  is  the  Si  (LW) 


Auger  intensity  from  the  carbonized  surface,  I0  is  the  Si 


Table  I 

Thickness  of  Surface  Graphite  Layer 
vs  Temperature  for  4H-SIC 


(LW)  Auger 
intensity  from  a 


clean  SiC 
surface,  x  is  the 
thickness  of  the 
graphite  layer,  X 
is  the  inelastic 
mean  free  path 
(IMFP),  and  0 
the  angle  of 
emission  from  the 
surface  normal, 
which  for  our 
cylindrical  mirror 
analyzer  (CMA) 


Auger  system  is  42°  ±6°.  The  IMFP  is  given  by  Seah  [12]  as 
^OAla1 5E0'5  where  a  is  the  atom  size  in  A  and  E  is  the 


energy  of  the  electron  in  eV.  This  yields  an  IMFP  for  the  Si 


Kinetic  Energy  (eV) 

Fig.  3.  C(KLL)  Auger  lineshape  vs  temperature 
for  the  4H-SiC  (C-face)  surface. 
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Fig.  4.  C(KLL)  Auger  lineshape  vs  temperature 
for  the  4H-SiC  (Si-face)  surface. 
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(LW)  Auger  electron  with  energy  of  89.9  eV  of  6  A,  which  was  used  for  our  calculation.  By 
comparison,  Biberian  and  Somoijai  [13]  observed  the  graphite  surface  concentration  on  platinum 
crystals  and  determined  the  IMFP  of  64,  237,  and  272  eV  electrons  in  graphite  to  be  5,  9  and  8.7  A 
respectively.  Table  I  shows  a  tabulation  of  graphite  thickness  at  various  temperatures  for  the  two 
polar  surfaces  of  4H-SiC. 


Energy  Loss  Spectroscopy  vs  Temperature.  Electron  energy  loss  (ELS)  spectra  provide 
confirmatory  evidence  of  the  development  of  graphite  on  4H-SiC  surfaces  at  temperatures  above  ~ 
1300  K.  In  the  ELS  experiment,  the  energy  lost  to 


plasmon  excitation  from  a  monoenergetic  incident 
beam  of  electrons  is  measured.  Characteristic 
energy  losses  for  both  SiC  and  graphite  have  been 
previously  measured  by  Bozso  et  al  [14];  a  SiC 
bulk  plasmon  occurs  at  27  eV  below  the  elastic 
loss  peak  while  graphite  has  a  bulk  plasmon  at  6.5 
eV  below  the  elastic  loss  peak.  Figures  5-6  report 
representative  ELS  spectra  for  the  4H-SiC(000 1 ) 
C-face  surface  for  two  incident  beam  energies  (70 
and  370  eV).  The  higher  primary  electron 
energies  probe  deeper  surface  layers.  Kanaya  and 
Okayama  [15]  (K-O)  have  considered  the  effects 
of  elastic  and  inelastic  scattering  in  the  form  of  an 
energy-loss  law  to  derive  an  expression  for  the 
maximum  electron  range  in  a  material.  For 
incident  beam  energies  70  eV  and  370  eV  in  SiC, 
the  O-K  electron  range  is  calculated  to  be  2.9  A 
and  46.3  A  respectively.  By  comparing  the 
intensities  of  the  6.5-  and  27-eV  graphite  loss 
features  with  the  22.5  eV  SiC  loss  feature  as  a 
function  of  temperature,  we  conclude  that  graphite 
forms  on  the  4H-SiC(000 1 )  C-face  at 
temperatures  ~  1350  K.  With  increasing  primary 
electron  energy,  the  graphite-loss  features  diminish 
and  the  22.5  eV  SiC  bulk  plasmon  dominates  the 
spectrum;  at  a  primary  electron  energy  of  370  eV, 
the  dominant  feature  is  the  22.5  eV  SiC  plasmon 
but  graphite  is  observed  to  grow  to  this  depth  at  a 
temperature  ~  1350  K.  Results  for  the  Si-face 
(not  shown)  are  qualitatively  similar,  but  the  6.5 
eV  graphite  ELS  feature  at  370  eV  primary  energy 
does  not  appear  until  1400  K,  indicating  a  thinner 
graphite  layer  on  this  face.  The  C-face  shows  a 
thicker  graphite  layer  than  the  Si-face,  based  on 
the  observation  that  graphite-loss  features  are 
observed  by  ELS  at  1350  K  with  370  eV  primary 
electrons  on  the  C-face  but  not  on  the  Si-face. 
Similar  behavior  has  been  observed  on  the  polar 
faces  of  6H-SiC. 


Fig.  5.  Electron  energy  loss  spectrum  vs  temperature 
for  the  4H-SiC  (C-face)  surface  (Ep  =  70  eV). 


Fig.  6.  Electron  energy  loss  spectrum  Vs  temperature 
for  the  4H-SiC  (C-face)  surface  (Ep  =  370  eV). 
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4H-SiC  Volatility  vs  Temperature.  It  is  known  from  mass  spectrometer  investigations  [16, 17] 
that  SiC  dissociates  in  many  different  Si-C  compound  molecules.  At  thermodynamic  equilibrium,  the 
predominant  vapor  species  are  Si(g)  and  the  carbon  transporting  gases  Si2C(g)  and  SiC2(g).  Other 
molecules  (e.g.,  Si2,  SiC,  and  Si2C2)  are  insignificant.  Behrens  [18]  has  studied  the  Langmuir 
vaporization  of  freely  sublimating  hexagonal  SiC  crystals  in  near-ultrahigh  vacuum  conditions  over 
the  temperature  range  1835-2264  K  and  found  similar  results.  We  have  used  quadrupole  mass 
spectroscopy  (QMS)  to  monitor  sublimating  chemical  species  from  the  polar  faces  of  4H-SiC  during 
annealing  in  the  temperature  range  300-1400  K. 


The  lower  temperature  range  allows  for 
investigation  of  the  graphitization  onset  for  4H- 
SiC.  Figure  7  reveals  that  4H-SiC  undergoes 
dissociation  and  ineongruent  vaporization 
beginning  at  temperatures  of  ~  800  K.  Si(g)  is 
the  only  vaporizing  species  observed  <  1400  K; 
no  other  evaporating  species  were  observed  over 
the  mass  range  1-100  amu.  The  sublimation  is 
complex  and  occurs  in  a  multistep  process  that  is 
face-dependent.  For  the  4H-SiC(0001)  Si-face 
surface,  two  initial  small  increases  in  Si(g) 
volatility  occur  at  ~  800  and  1000  K  before  the 
onset  of  massive  Si(g)  sublimation  at  ~  1300  K. 
For  the  4H-SiC(0001 )  C-face  surface,  only  one 
initial  increase  in  Si(g)  volatility  is  observed  at  ~ 
900  K.  The  onset  temperature  of  Si(g) 
evaporation  is  connected  to  the  surface  C 
enrichment  observed  in  the  AES  and  ELS 


experiments. 


Fig.  7.  4H-SiC  Si(g)  sublimation  vs  temperature. 


From  the  vapor  pressure  data  of  Drowart,  et  al.  [19]  it  is  possible  to  estimate  the  rate  of  sublimation 
of  Si(g)  at  the  approximate  onset  temperature  of  900  K  for  the  initial  evaporation  and  1300  K  for 
massive  volatility.  We  use  the  vapor  pressures  of  Drowart  but  note  that  the  vapor  pressures 
reported  by  Behrens  and  Rinehart  are  somewhat  higher.  Further,  the  values  reported  by  both 
authors  were  measured  at  much  higher  temperatures  (1800-2200  K)  and  are  probably  not 
representative  of  the  vaporization  enthalpies  and  equilibrium  partial  pressures  at  lower  temperature. 
Given  the  limitations,  the  calculations  indicate  that  at  900  K,  the  rate  of  evaporation  of  Si(g)  is  4  x 
107  Si(g)  atoms/cm2-s,  corresponding  to  4  x  10*5  monolayers  of  Si(g)  during  5  minutes.  On  the 
other  hand,  at  1300  K,  the  evaporation  rate  of  Si(g)  is  2.7  x  1012  Si(g)  atoms/cm2-s,  corresponding 
to  the  loss  of  2.7  monolayers  of  Si(g)  during  5 -min  of  annealing.  Thus,  it  is  likely  that  ineongruent 
vaporization  of  Si(g)  leads  to  rapid  C  enrichment  and  surface  graphitization  at  temperatures  >1300 
K.  The  effects  of  Si(g)  sublimation  on  the  surface  in  the  range  700-1 100  K  is  more  difficult  to 
explain.  It  is  possible  that  the  QMS  signal  at  m/z  =  28  in  this  temperature  range  is  due  to  N2  or  CO 
desorption  rather  than  Si(g)  volatility,  but  no  N  or  O  was  observed  on  the  surface  and  the  volatility 
curves  are  continuous.  Further,  the  complex  nature  of  the  initial  sublimation  appears  to  be 
connected  to  the  complications  observed  in  the  C/Si  AES  studies  vs  temperature.  It  may  be  that  4H- 
SiC  undergoes  surface  reconstruction  that  favors  the  sublimation  of  silicon  off  the  surface  but  leaves 
carbon  on  the  surface.  However  the  temperatures  appear  to  be  too  low.  In  a  photoemission  study 
of  an  off-axis  Si-face  of  4H-SiC,  Johansson  et  al.  [20]  observed  a  1  x  1  LEED  pattern  directly  after 
introduction  into  vacuum.  Upon  heating  to  ~  1223  K,  a  (V3  x  V3)-R30°  LEED  pattern  developed. 
Further  heating  at  temperatures  above  1273  K  produced  a  gradual  transition  to  a  (6V3x6V3)-R30° 
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pattern,  which  was  found  to  be  completed  at  a  temperature  of  -  1523  K.  Incidentally,  Johansson  et 
al.  report  that  C  enrichment  in  the  surface  region  is  observed  on  the  6V3  reconstructed  surface  but 
the  surface  carbon  is  not  graphite.  Graphitization,  revealed  by  the  presence  of  a  graphitic  Cls  peak, 
is  only  observed  after  heating  to  ~  1600  K,  which  is  higher  than  that  required  to  obtain  a  fully 
developed  6^3  LEED  pattern.  The  results  reported  here  show  that  the  onset  of  surface  graphite 
occurs  at  much  lower  temperatures,  in  agreement  with  previous  studies  on  6H-SiC.  More  work  is 
needed  to  resolve  these  questions,  which  may  arise  due  to  the  different  SiC  crystals  used  here  (on- 
axis,  Epitronics)  and  by  Johansson  (off-axis,  CREE)  or  the  surface  cleaning  technique.  In  any  case, 
details  concerning  the  decomposition  mechanism  of  SiC  cannot  be  presented  at  the  present  time. 
However,  on  the  basis  of  the  model  developed  by  Searcy  [21,22]  for  endothermic  decomposition 
reactions  which  form  porous  solid  reaction  products,  the  preliminary  vaporization  data  indicate  that 
either  a  chemically  activated  mechanism  of  surface  diffusion  or  a  step  involving  the  gaseous  reaction 
products  (for  equilibrium  conditions)  is  rate-limiting. 
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Abstract:  The  bilayer  stacking  sequence  at  the  surface  of  SiC  samples  can  be  influenced  by  the  preparation  of 
superstructure  phases  as  retrieved  by  quantitative  low-energy  electron  diffraction  (LEED).  On  4H-SiC(0001) 
the  preparation  of  a  (\/3x  v/3)R30°  reconstruction  under  Si  rich  conditions  increases  the  number  of  identically 
oriented  bilayers  in  the  topmost  slab  from  two  to  three,  thus  breaking  the  4H  periodicity  in  favor  of  a  more 
cubic  type  of  stacking.  In  contrast,  in  a  (2x2)  phase  on  SiC(OOOl)  the  topmost  bilayers  are  found  be  rotated 
by  60°  with  respect  to  each  other.  This  reconstruction  obviously  favors  hexagonal  stacking  at  the  very  surface. 
These  surface  bilayer  arrangements  may  be  viewed  as  potential  seed  for  a  polytype  heterojunction. 

Introduction 

The  physical  properties  of  SiC  have  opened  up  a  wide  field  of  electronic  applications  in  areas  such 
as  high  temperature,  high  power  and  high  frequencies.  A  particular  difficulty  for  a  large  scale  fab¬ 
rication  of  SiC  based  devices  is  caused  by  material  related  problems.  Growth  of  high  quality  SiC 
still  imposes  technological  difficulties  resulting  in  high  defect  densities  in  the  wafer  material.  Some 
of  these  difficulties  may  be  due  to  the  fact  that  SiC  exists  in  different  crystal  structures  [1]  with 
practically  degenerate  total  energies.  These  so-called  polytypes  differ  by  the  stacking  sequence  of 
hexagonal  SiC  bilayers  which  represent  the  basic  building  block  of  the  material  [2].  Adjacent  bilay¬ 
ers  can  be  stacked  either  in  identical  orientation  or  rotated  by  60°  with  respect  to  each  other.  Different 
periodic  sequences  of  this  stacking  result  in  the  different  polytypes,  cubic  3C-SiC  (Zinkblende)  in 
the  extreme  of  alignment  of  all  bilayers  and  hexagonal  2H-SiC  (Wurtzite)  when  every  other  bilayer  is 
rotated.  4H,  6H  and  other  hexagonal  and  rhomboedric  polytypes  are  characterized  by  combinations 
of  the  cubic  (identical  bilayer  orientation)  and  hexagonal  (mutual  bilayer  rotation)  type  of  stacking. 
The  6H  polytype  for  example  consists  of  slabs  of  three  identically  oriented  bilayers  which  in  turn  are 
stacked  on  top  of  each  other  rotated  by  60°. 

Noteworthy,  the  stability  of  SiC  in  different  polytypes  is  accompanied  by  a  considerable  spread  of 
their  electronic  energy  gap  [3].  As  the  lattice  parameters  of  these  structures  parallel  to  the  hexagonal 
bilayers  are  practically  equal,  the  development  of  strain  free  heterostructures  composed  from  different 
poly  types  appears  feasible.  However,  for  such  an  application  it  is  necessary  to  develop  the  means  to 
switch  between  different  polytypes  during  growth  and  generate  sharp  and  well  defined  interfaces. 
In  contrast  to  the  off-normal  oriented  substrates  commonly  used  for  homoepitaxy  of  SiC  films  by 
chemical  vapor  deposition  (CVD),  for  the  formation  of  such  a  heterojunction  one  would  need  a  flat 
surface  to  suppress  the  influence  of  the  underlying  substrate.  Yet,  in  such  cases  up  to  now  island 
nucleation  has  been  observed  leading  to  a  large  number  of  grain  boundaries  [4].  In  the  present  paper 
we  demonstrate  that  by  application  of  a  careful  control  of  the  formation  procedure  of  superstructures 
on  SiC  samples  a  particular  stacking  sequence  can  be  induced  in  the  surface  region  which  can  even 
be  different  from  that  of  the  substrate. 
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At  the  surface  we  have  to  expect  different  terminat¬ 
ing  stacking  sequences  for  a  given  polytype  depend¬ 
ing  on  the  actual  truncation  of  the  bulk  unit  cell  [2, 5], 

On  a  6H-SiC  sample  the  corresponding  stacking  ter¬ 
mination  could  be  (ABCACB)A..,  (BCACBA)B..  and 
(CACBAB)C.  which  we  denote  shortly  S3,  S2  and 

51  according  to  the  number  of  bilayers  in  identical 
orientation  in  the  topmost  slab  (see  Fig.  1).  They 
also  represent  three  other  possible  termination  struc¬ 
tures  which  are  identical  to  SI... 3  except  for  a  60° 
rotation  of  the  whole  semi-infinite  crystal  [2].  Corre¬ 
spondingly,  a  4H  sample  can  display  (ABCB)A..  and 
(BCBA)B..  stacking  at  the  bulk  truncated  surface,  i.e. 

52  and  SI  termination. 

Surface  preparation  and  analysis 

Bulk  samples  from  Lely  type  growth  processes  as  well  as  samples  with  epitaxial  layers  grown  by  CVD 
were  used.  A  thermal  hydrogen  treatment  was  used  to  smoothen  and  clean  the  samples.  Regardless 
of  the  sample  type  this  results  in  a  reconstructed  silicon  oxide  adlayer  on  top  of  an  otherwise  bulk 
like  SiC  surface  as  observed  in  ultra-high  vacuum  (UHV)  [6,7].  Annealing  of  these  samples  in 
UHV  is  used  to  prepare  different  surface  reconstruction  phases.  By  varying  the  temperature  and 
simultaneously  depositing  Si  from  an  electron  beam  heated  evaporator,  silicon  enriched  as  well  as 
depleted  structures  can  be  generated  [5, 8]. 

For  the  crystallographic  analysis  of  the  surface  structures  quantitative  low-energy  electron  diffrac¬ 
tion  (LEED)  was  used.  The  diffraction  spot  intensities  were  recorded  as  a  function  of  primary  beam 
energy  using  a  computer  controlled  video-LEED  system  [9].  The  corresponding  intensity  curves 
were  calculated  for  different  surface  models  applying  full  dynamical  scattering  theory  [10, 1 1].  Ten¬ 
sor  LEED  [12, 13]  was  applied  for  the  fine  variation  of  model  parameters.  For  the  structural  search  an 
automated  algorithm  [14]  was  used  guided  by  the  Pendry  R-factor  [15]  Rp  for  the  model  optimization. 

Results 

On  SiC(OOOl)  three  stable  reconstruction  phases  can  be  prepared:  a  (3x3),  a  (\/3x\/3)R30o  and  a 
(6\/3x6\/3)R30o  phase  [5, 16].  We  focus  on  the  (\/3x\/3)R30o  phase  [17]  which  develops  upon 
annealing  the  ex  situ  prepared  surface  (~950° C,  ~30  min).  Alternatively  and  most  reliably,  the  struc¬ 
ture  can  be  obtained  by  heating  (~1000°C,  ~30  min)  the  Si  rich  (3x3)  phase  [18].  A  third  and  the 
most  delicate  method  is  heating  under  simultaneous  Si  deposition  (~ 1000-1 100°C).  Then  the  initial 
surface  phase  is  not  of  importance,  but  it  is  difficult  to  maintain  the  proper  balance  between  Si  deple¬ 
tion  and  redeposition  and  the  (\/3x\/3)R30°  phase  often  fails  to  develop  in  full  order.  We  performed 
LEED  structure  analyses  in  order  to  determine  the  atomic  geometry  of  these  phases.  Regardless  of 
the  preparation  technique  the  (\/3x\/3)R30o  phase  contains  one  Si  adatom  per  unit  cell  in  a  three¬ 
fold  hollow  site  on  top  of  a  carbon  atom  of  the  topmost  SiC  bilayer,  the  so-called  T4  site  [17].  This 
model  and  its  detailed  geometry  parameters  are  in  good  agreement  with  theoretical  calculations  [19— 
22]  as  well  as  very  recent  work  using  X-ray  diffraction  (XRD)  [23].  A  very  surprising  result  of 
the  LEED  analyses  concerns  the  surface  terminating  stacking  sequence  on  our  4H-SiC  sample  for 
the  three  preparation  methods.  We  recall  that  the  chemical  preparation  of  (lxl)  phases  was  found 
earlier  to  lead  to  a  dominance  of  the  cubic  type  of  stacking  termination,  i.e.  S3  on  6H-  and  S2  on 


Figure  1:  Possible  bulk  terminated  surface  layer 
stacking  sequences  on  6H-SiC(0001)  with  double 
lines  indicating  two  Si-C  bonds  not  lying  in  the  (1120) 
projection  plane.  The  stacking  sequence  is  depicted  by 
the  letters  on  the  right. 


Materials  Science  Forum  Vols.  338-342 


343 


Sample 

Table  1:  Weights  of  domains 

Phase  description 

Surface  stacking 
!  SI  S2  S3 

with  different  surface  terminating  4H-SiC(0001) 

stacking  sequences  for  the  three  dif¬ 
ferently  prepared  (>/3x\/3)R30o 
structures  on  4H-SiC(0001), 

tlio  H  rAnnnctni/'tir\n  ftn 

Silicon  oxide  phase 
Annealing  ex  situ  sample 
Direct  prep,  in  Si-flux 
Annealing  (3x3)  phase 

!  15%  85%  — 

!  15%  75%  10% 

15%  50%  35% 

15%  20%  65% 

SiC(0001)  and  the  silicon  oxide  6H-SiC(0001) 

phase  on  each  sample. 

Silicon  oxide  phase 
(2x2)c 

45%  40%  15% 

60%  15%  25% 

4H-SiC(0001),  respectively  [2,5,24].  The  same  holds  for  our  initial  silicon  oxide  phase  on  4H-SiC 
which  is  covered  mainly  by  S2  [6],  Preparation  of  the  (%/3x\/3)R30o  phase  by  annealing  basically 
leaves  the  stacking  unchanged  (The  domain  weights  are  listed  in  Table  1).  However,  modelling  the 
data  of  the  two  other  preparation  methods  failed  until  S3  domains  which  should  not  occur  on  a  bulk 
truncated  4H  sample  were  included  in  the  LEED  calculations.  The  amount  of  S3  stacking  at  the  sur¬ 
face  depends  on  the  amount  of  Si  used  for  the  preparation  (see  Table  1).  In  the  Si  rich  extreme  case 
when  prepared  from  the  (3x3)  phase  the  surface  contains  as  much  as  65%  of  this  unusual  stacking 
sequence.  This  could  be  viewed  as  beginning  of  3C  stacking  or  part  of  a  6H  unit  cell.  It  should  be 
noted  that  the  development  and  increase  of  S3  domains  on  the  surface  can  again  be  reversed  by  using 
a  less  Si  rich  preparation  for  the  (\/3x\/3)R30o  phase. 


Comparison  of  the  stacking  domain  weights 
of  the  oxide  phase  and  the  (\/3x\/3)R30o 
structure  (see  Table  1)  indicates  that  the  S3 
domains  form  by  the  addition  of  a  third  bi¬ 
layer  on  top  of  S2  domains  (same  orienta¬ 
tion)  rather  than  a  rotation  of  bilayers  in  the 
crystal  [17].  The  necessary  material  trans¬ 
port  obviously  occurs  during  a  severe  disor¬ 
dering  in  the  intermediate  state  between  the 
(3x3)  and  (\/3x\/3)R30o  phases.  The  LEED 
pattern  contains  spots  corresponding  to  sev¬ 
eral  different  phases  of  e.g.  (3x3),  (2x2), 
(\/7x\/7)R19.r  and  other  periodicities  as 
shown  in  Fig.  2.  In  scanning  tunneling  mi¬ 
croscopy  (STM)  the  development  of  mesa  like 
structures  on  a  length  scale  of  150-300  A  (typ¬ 
ical  height  of  ~20  A)  is  observed  (bottom  left 


of  Fig.  2).  In  contrast  the  (3x3)  and  the  Figure  2:  LEED  and  STM  images  of  the  transformation  regime 


(\/3x\/3)R30o  phase  are  flat  and  ordered  on  between  (3  x  3)  and  (V3  x  \/3)R30o  phase.  The  right  STM  image 
a  scale  of  1000  A.  On  top  of  these  mesas  we  shows  a  zoomed  area  from  within  the  image  on  the  left.  See  text 

nAfoilc 

find  small  patches  of  different  periodicities  si¬ 
multaneously:  in  the  enlargement  (right  panel  of  Fig.  2)  a  (4x4)  and  a  (4\/7x4\/7)R19.10  area  are 


shown. 


On  SiC(0001)  a  completely  different  set  of  stable  surface  phases  can  be  prepared  in  UHV,  again  by 
annealing  with  or  without  additional  Si  deposition  as  reported  in  detail  elsewhere  [8].  Different  from 
the  case  of  SiC(0001),  on  the  initial  silicon  oxide  covered  surface  the  cubic  type  of  stacking  (S3 
termination)  is  barely  present  (15%,  cf.  Table  1)  [6,7].  S2  and  SI  appear  to  be  equally  distributed 
covering  the  majority  of  the  surface.  Nevertheless,  the  stacking  sequence  can  again  be  influenced  by 
the  development  of  a  surface  reconstruction.  The  (2x2)c  phase  (the  index  C  is  used  to  distinguish 
it  from  a  second,  strongly  Si  enriched  (2x2)Si  phase)  contains  a  single  Si  adatom  per  unit  cell  in  a 
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true  threefold  hollow  site  (H3)  as  determined  by  quantitative  LEED  [25].  The  distribution  of  stacking 
domains  in  this  phase  is  shifted  towards  the  SI  type  (60%).  In  other  words,  the  rotation  between  two 
adjacent  bilayers  inherent  to  hexagonal  SiC  polytypes  is  preferably  located  directly  at  the  surface. 
Apparently,  the  (2x2)c  reconstruction  on  SiC(OOOl)  stabilizes  hexagonal  stacking  at  the  surface. 

Conclusions 

We  have  shown  that  the  surface  stacking  on  hexagonal  SiC  {0001}  surfaces  can  be  influenced  by 
the  preparation  of  surface  reconstruction  phases.  Very  different  effects  have  been  observed  on  the 
two  possible  orientations.  By  preparing  the  (\/3x\/3)R30o  phase  on  SiC(OOOl)  under  silicon  rich 
conditions  the  addition  of  bilayers  continuing  the  orientation  already  present  can  be  initiated  lead¬ 
ing  to  a  shift  to  cubic  stacking  at  the  surface  (S3  termination).  This  trend  can  be  reversed  by  an 
alternative,  less  Si  rich  preparation  method.  On  SiC(OOOl)  a  (2x2)c  adatom  phase  distinctively  stabi¬ 
lizes  the  hexagonal  stacking  (SI)  termination.  Other  reconstruction  phases  on  this  surface  orientation 
have  still  to  be  examined.  One  might  speculate  that  the  stacking  rearrangement  induced  by  surface 
reconstructions  can  be  used  as  seed  for  the  formation  of  polytype  heterostructures  in  actual  growth 
processes  of  thicker  films,  a  perspective  for  new  types  of  devices  to  be  produced  on  SiC. 

This  work  was  supported  by  Deutsche  Forschungsgemeinschaft  (DFG)  through  SFB  292. 
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Abstract.  The  atomic  structure  of  a  (2x2)  reconstruction  prepared  on  the  6H-SiC(000l)  surface  by 
annealing  of  an  as-introduced  or  silicon-capped  sample  was  determined.  The  structure  is  denoted 
(2x2)c  to  distinguish  it  from  another  (2x2)-periodic  structure  on  the  same  surface.  The  reconstruc¬ 
tion  is  characterized  by  a  single  silicon  adatom  per  unit  cell  occupying  a  threefold-coordinated  hollow 
site  (H3).  This  result  of  the  low-energy  electron  diffraction  (LEED)  analysis  is  consistent  with  scan¬ 
ning  tunneling  microscopy  (STM)  images  showing  one  single  protrusion  per  unit  cell  and  a  slightly 
silicon  enriched  stoichiometry  with  respect  to  bulk  SiC  as  identified  by  Auger  electron  spectroscopy 
(AES).  Furthermore,  we  found  that  this  surface  is  preferably  terminated  by  hexagonal  stacking,  i.e. 
on  60%  of  the  surface  the  stacking  switch  characteristic  for  6H-SiC  is  located  below  the  first  bilayer. 

Introduction 

Industrial  scale  use  of  siliconcarbide  for  device  production  is  still  inhibited  by  the  lack  of  sufficient 
amounts  of  this  material  in  controlled  high  quality.  Though  the  polytypism  of  SiC  offers  new  pos¬ 
sibilities  in  device  design,  it  currently  makes  controlled  growth  rather  problematic.  To  improve  this 
situation,  in  either  case  an  understanding  of  the  decicive  mechanisms  during  growth  or  interface  for¬ 
mation  at  the  atomic  level  is  needed.  This  raises  the  question  for  the  geometric  and  -  intimately 
related  -  the  electronic  structure  of  the  involved  surfaces. 

The  stable  phases  which  can  be  prepared  on  the  nominally  Si-terminated  (0001)  oriented  surfaces 
of  SiC  have  been  extensively  studied  in  the  past  (see  reviews  [1]  and  references  therein).  Recently,  the 
atomic  geometries  of  the  ( y/3  x  \/3)R30o  and  the  (3  x  3)  phase  have  been  determined  in  detail  and  their 
relevance  for  growth  has  been  elucidated  [2,  3].  In  contrast,  little  is  known  about  the  (OOOl)  oriented 
surfaces.  For  a  better  understanding  of  the  different  growth  behaviour  of  this  crystal  orientation  we 
investigated  the  atomic  structure  of  stable  surface  phases  on  4H-  and  6H-SiC(000l)  using  quantitative 
low-energy  electron  diffraction  (LEED),  Auger  electron  spectroscopy  (AES)  and  scanning  tunneling 
microscopy  (STM). 

Experimental 

The  results  presented  here  were  obtained  using  several  samples  cut  from  the  same  6H-SiC(0001) 
wafer.  4H-SiC(0001)  samples  yielded  similar  spectra,  so  no  seperate  LEED  analysis  needed  to  be 
carried  out.  In  a  first  step,  the  samples  (n-type  doped,  obtained  from  CREE  research)  were  chemi¬ 
cally  cleaned  and  dry  oxidized  using  standard  procedures.  After  removal  of  the  sacrificial  oxide,  the 
samples  were  either  etched  in  atmospheric  pressure  H2-gas  flow  at  1500°C  or  treated  with  hydrogen 
plasma  at  800°C  and  finally  loaded  into  the  ultra  high  vacuum  analysis  system.  Both  preparation 
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procedures  improve  the  general  surface  morphology  and  cause  a  passivating  epitaxial  oxide  layer  to 
develop  on  an  otherwise  bulk  truncated  SiC  crystal  [4].  In  situ  different  phases  were  prepared  by 
heating  and/or  providing  additional  silicon  through  an  evaporation  source.  In  this  way,  the  surface 
stoichiometry  could  be  varied  in  a  wide  range  corresponding  to  a  graphitic  or  silicon  covered  surface. 
Details  of  the  preparation  and  an  overview  of  the  structural  development  are  given  in  ref.  [5], 


Results  and  Discussion 


We  focus  on  a  (2x2)  reconstruction  denoted 
(2x2)c  to  distinguish  it  clearly  from  a  sepa¬ 
rate,  silicon  enriched  (2x2)  phase  [5].  The 
preparation  of  the  particular  (2x2)c-phase  pro¬ 
ceeds  via  heating  an  as-introduced  sample  at 
1050°C  for  at  least  15  min.  This  produces  a 
(3x3)  superstructure.  With  subsequent  heating 
at  slightly  higher  temperatures,  i.e.  1075°C,  the 
(2x2)c  phase  evolves  in  coexistence  with  the  (2x2)c  +  (3*3)  95  eV  (2x2)c  95  eV 

(3x3)  structure  (Fig.  la).  Prolonged  heating  at  Figure  1:  LEED-images  of  6H-SiC(000l)  surfaces 
this  temperature  makes  the  (3x3)  spots  disappear  taken  at  95  eV.  (a)  mixture  of  (3x3)  and  (2x2)c  re- 
and  a  pure  (2x2)c  phase  remains  (Fig.  lb).  constructed  areas  obtained  after  heating  to  1075°C.  (b) 

Applying  higher  temperatures,  however,  in-  (2x2)c  structure  obtained  after  prolonged  heating  at 
hibits  the  formation  of  well  ordered  (2x2)c-  1075°C. 

reconstructed  areas.  Moreover,  the  best  (2x2)c  structure  in  terms  of  LEED  spot  brightness,  sharpness 
and  low  background  was  achieved  only  in  coexistence  with  the  (3x3)  phase  (Fig.  la).  The  prepara¬ 
tion  of  the  (2x2)c  structure  without  residual  contributions  from  the  (3x3)  phase  is  a  rather  delicate 
task  as  found  also  in  previous  investigations  [6,  7].  Therefore,  it  is  rather  difficult  to  evaluate  the 
phase-specific  stoichiometry  from  AES,  as  the  method  integrates  over  both  phases.  However,  the 
Auger  peak-to-peak  height  ratio  determined  for  the  (2x2)c  structure  (Si/C  =  1.4)  is  practically  iden¬ 
tical  to  that  obtained  for  the  oxidic  (\/3x\/3)R30o  (the  only  phase  of  the  SiC(OOOl)  surface  whose 
atomic  geometry  is  known  so  far  [4]).  The  latter  contains  2/3  of  a  silicon-layer  in  addition  to  an 
otherwise  bulk  truncated  surface.  So,  bearing  in  mind  the  above  mentioned  uncertainty,  roughly  the 
same  stoichiometry  should  hold  for  both  phases. 

STM  images  show  a  single  protrusion  per 
(2x2)  unit  cell  in  both  empty  (Fig.  2)  and 
filled  state  images  (corrugations  in  constant 
current  mode  are  0.4  A  and  0.2  A,  respec¬ 
tively).  As  can  be  seen  in  Fig.  2a,  this  pro¬ 
trusion  appears  practically  undistorted  even  in 
the  very  surrounding  of  vacancy-type  defects 
and  antiphase  domain  boundaries  (labeled  A 
and  B  respectively  in  Fig.  2a)  These  findings 

strongly  favour  a  simple  adatom  model.  As-  M'mmimmLmm:  w  jmmmmm  r; 
suming  the  protrusion  to  be  an  adatom,  one  Figure  2:  STM-images  of  empty  states  (VtiP=-2.75V  of 
can  furthermore  conclude  from  the  appear-  6H-SiC(000 1  )-(2 x 2)c .  (a)  67  Ax 49 A  wide  area.  Missing 
ance  of  the  antiphase  domain  boundaries  that  ac*atom  defects  and  antiphase  domain  boundaries  are  la¬ 
the  adatoms  in  both  domains  occupy  the  same  beled  A  and  B’  resPectively-  (*»  70  Ax  125  A  wide  section 
adso  tion  site  °f  m  ahriost  perfectly  (2x2)c  reconstructed  surface  area, 

TT  j  .  ..  ...  .  which  displays  an  incommensurate,  large-periodic  corru- 

Under  certain  tunneling  conditions  and  . 
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only  for  almost  defect  free  (2x2)c  recon- 


gation. 
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structed  areas  the  STM  images  show  an  incommensurate,  large-periodic  corrugation  in  addition  to 
the  well  resolved  (2x2)c  structure  (Fig.  2b).  From  Fourier  analysis  we  derived  an  estimated  peri¬ 
odicity  of  (9.1x9.1)R27.5°.  An  apparent  corrugation  of  0.8  A  is  measured,  however,  it  is  not  clear 
whether  this  is  a  pure  electron  density  effect  or  accompanied  by  real  atomic  displacements.  Further 
STM  and  spectroscopic  measurements  are  needed  to  reveal  the  origin  of  this  phenomenon. 

So  far  only  fragments  of  the  complete  atomic  structure  could  be  revealed.  The  complete  infor¬ 
mation  can  be  retrieved  by  quantitative  LEED  structure  analysis.  Here,  electron  diffraction  intensity 
versus  energy  spectra  are  computed  for  an  assumed  model  of  the  surface  and  compared  to  their  experi¬ 
mental  counterparts.  If  they  agree,  the  model  represents  the  actual  surface  structure.  The  experimental 
pre-information  available  is  crucial  for  making  educated  guesses  for  the  structural  models.  The  cal¬ 
culation  of  LEED  intensities  was  performed  using  standard  full  dynamical  LEED  programs  [8,  9]. 
For  the  fine  tuning  of  structural  parameters  Tensor-LEED  was  applied  [10,  11].  The  Pendry  R-factor 
[12]  was  used  to  quantify  the  agreement  between  experimental  and  theoretical  spectra  and  to  guide 
an  automated  structural  search  algorithm  [13]. 


Figure  3:  Topview  (a)  and  sideview  (b)  of 
the  (2x2)c  model;  large  atoms  represent  Si, 
small  atoms  C,  darker  atoms  belong  to  one 
(2x2)c  unit  cell. 
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Figure  4:  Possible  stacking  sequences  below 
the  6H-SiC(0001)  surfaces  resulting  from  the 
different  possible  truncations  of  the  (six  bilay¬ 
ers  high)  6H-SiC  unit  cell.  SI  ..3  denote  num¬ 
ber  of  linearly  stacked  bilayers  as  counted 
from  the  surface  to  the  first  stacking  switch. 


As  found  by  the  LEED  analysis,  the  (2x2)c  reconstruction  consists  of  a  single  Si  adatom  in  a  H3- 
site,  i.e.  located  above  the  center  of  the  Si-C  hexagons  of  the  topmost  SiC  bilayer  and  thus  threefold 
coordinated  to  the  outermost  carbon  atoms  of  the  substrate  (Fig.  3).  The  presence  of  the  adatom 
causes  remarkable  displacements  of  the  atoms  in  the  first  two  bilayers.  The  three  first-bilayer  carbon 
atoms  supporting  the  silicon  adatom  move  laterally  0.16  A  towards  the  adatom  (Fig.  3a).  Together 
with  the  vertical  distance  of  1 .06  A  between  the  adatom  and  those  carbon  atoms,  the  Siadatom — C  bond 
length  of  1.94  A  is  only  slightly  enlarged  compared  with  the  bulk  value  (1.89  A).  The  unsaturated 
carbon  atom  relaxes  into  the  surface  by  0.22  A  (Fig.  3b).  Similar  displacements  apply  for  the  silicon 
atoms  of  the  topmost  bilayer  and  even  deeper  layers  are  affected.  The  Pendry  R-factor  of  0.20  is  low 
enough  to  safely  exclude  other  plausible  models,  which  have  been  tested  in  great  variety,  i.e.  different 
adatom-adsorption  sites  and  adatom  species.  (Details  of  the  analysis  will  be  published  elsewhere 
[14]). 
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The  H3-adatom  position  determined  is  remarkable  in  view  of  the  T4-position  found  to  be  charac¬ 
teristic  for  SiC(OOOl)  adstructures  theoretically  as  well  as  experimentally,  i.e.  for  the  (\/3  x  \/3)R30o 
and  (3  x  3)  reconstructions.  Yet,  even  more  remarkable  is  the  bilayer  stacking  found  below  the  surface. 
As  low-energy  electrons  penetrate  some  atomic  layers  into  the  crystal,  also  the  stacking  sequence  be¬ 
low  the  surface  is  probed  by  LEED.  The  unit  cell  of  6H-SiC  contains  six  bilayers  with  slabs  of  three 
equally  oriented,  i.e.  linearly  stacked  bilayers  rotated  against  each  other  by  180°.  So,  three  possible 
stacking  sequences  below  the  surface  are  possible:  Three,  two  or  one  bilayer  of  one  orientation  on  top 
of  the  next  three  bilayers  of  the  other  orientation  (we  denote  these  possible  surface  truncations  S3..1 , 
see  Fig.  4).  The  6H-SiC(0001)  surfaces  are  usually  dominated  by  S3-type  domains  [15],  which  can 
be  even  enforced  by  preparation  methods  using  Si-rich  ambient  [2].  This  is  in  contrast  to  the  results 
obtained  for  the  (2  x2)c -structure  on  6H-SiC(000l).  While  the  as-introduced  sample  exhibits  an  equal 
distribution  of  SI ,  S2  and  S3  domains,  the  (2x2)c  structure  is  dominated  by  about  60%  SI  stacking 
and  S2+S3  together  make  up  only  40%  of  the  surface.  In  other  words,  this  structure  is  characterized 
by  hexagonal  -  or  hep-type  -  stacking  at  the  very  surface  (cf.  Fig.  3),  while  on  SiC(OOOl)  linear  stack¬ 
ing  seems  to  be  favoured.  Together  with  the  different  adatom  position,  these  findings  may  be  a  first 
clue  to  explain  the  significantly  different  growth  modes  observed  on  the  two  orientations. 

This  work  was  supported  by  Deutsche  Forschungsgemeinschaft  (DFG)  through  SFB  292. 
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Abstract  Clean  and  oxygen  covered  6H-SiC(0001)  surfaces  with  a  (y/Z  X  y/Z)RZZ°  reconstruction 
are  investigated  using  the  local  spin-density  approximation  (LSDA)  of  density-functional  theory.  For 
the  Si(T4)  model  of  the  clean  surface,  the  ground  state  is  found  to  be  anti-ferromagnetic  whereby 
a  dangling  bond  derived  band  splits  into  a  fully  occupied  and  an  empty  band  separated  by  a  gap 
of  0.7  eV.  The  widths  of  the  occupied  and  empty  surface-state  bands  are  in  good  agreement  with 
photoemission  and  inverse  photoemission  experiments.  For  the  oxygen  covered  (0001)  surface,  our 
calculations  confirm  a  structural  model  suggested  on  the  basis  of  a  recent  LEED  analysis.  Within  the 
LSDA  a  semiconducting  surface  with  a  band  gap  of  1.0  eV  is  obtained  for  this  system. 

Introduction:  The  6H-SiC(0001)  surface  shows  a  number  of  reconstructions  depending  sen¬ 
sitively  on  sample-preparation  techniques.  Here  we  concentrate  on  clean  and  oxygen  covered 
Si-terminated  surfaces  with  a  (y/Z  X  y/Z)RZ0°  reconstruction.  For  the  clean  SiC(OOOl)  sur¬ 
face,  Owman  and  Martensson[l]  observed  a  well-ordered  (y/Z  x  y/Z)  array  of  protrusions  in 
their  scanning  tunneling  microscopy  (STM)  experiments.  A  structural  model  composed  of 
1  /3  monolayer  of  Si  or  C  adatoms  in  threefold-symmetric  sites  was  suggested.  Angle-resolved 
photoemission  spectroscopy  (ARPES)[2]  and  A:-resolved  inverse  photoemission  spectroscopy 
(KRIPES)[3]  found  that  the  surface  is  semiconducting  with  a  band  gap  of  2.0  eV.  The  widths 
of  the  occupied  and  of  the  empty  surface-state  bands  are  0.2  and  0.35  eV,  respectively.  Ab  initio 
calculations^,  5]  showed  that  a  structure  with  Si  adatoms  in  T4  positions  is  the  most  stable. 
Within  the  framework  of  the  local  density  approximation  (LDA)  these  calculations  predict  the 
existence  of  a  half-filled  dangling-bond  derived  band  in  the  fundamental  bulk  gap.  The  metal¬ 
lic  character  of  the  surface,  as  resulting  from  these  calculations,  is  in  marked  contrast  to  the 
experimental  observations.  In  order  to  resolve  this  conflict,  Northrup  and  Neugebauer[6]  have 
employed  a  Hubbard  model  [7]  describing  a  metal-insulator  transition  resulting  in  a  splitting 
of  the  dangling-bond  band  into  an  occupied  lower  and  an  empty  upper  Hubbard  band.  The 
surface  band  gap  is  determined  by  the  intra-atomic  Coulomb  interaction  U  which  is  obtained 
from  LDA  calculations  for  various  charged  states  of  the  dangling  bonds.  The  resulting  values 
for  U  of  1.6  eV  [6]  and  of  2.1  eV  [8]  are  in  reasonable  agreement  with  experimental  results.  The 
lower  and  upper  Hubbard  bands  have  the  same  dispersion  with  their  band  width  being  half 
of  the  one  obtained  in  the  one-particle  picture.  The  measured  widths  of  the  occupied  and  the 
empty  dangling-bond  band,  on  the  contrary,  differ  by  0.15  eV  which  is  beyond  the  experimental 
uncertainty.  For  the  oxygen  covered  (0001)  surface,  Starke  et  al.[9]  have  suggested  on  the  basis 
of  their  LEED  data  a  structural  model  with  Si-O-Si  honeycomb  rings  on  the  surface.  Similar  to 
the  adatom  induced  Si(T4)  model  for  the  clean  surface,  this  surface  also  has  one  dangling  bond 
per  unit  cell.  Therefore,  similar  electronic  properties  can  be  expected.  In  this  contribution  we 
will  show  that  the  semiconducting  behavior  of  the  clean  and  oxygen  covered  SiC(0001)  surface 
can  also  be  rationalized  within  the  LSDA  framework  without  invoking  a  Hubbard  model. 
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Calculational  method:  Our  calculations  are  carried  out  within  LSD  A  of  density  functional 
theory  [10].  Nonlocal,  norm-conserving  pseudopotentials  in  separable  form,  and  the  exchange 
and  correlation  functional  of  Ceperley  and  Alder,  as  parametrized  by  Perdew  and  Zunger[ll], 
are  employed.  The  wave  function  is  expanded  as  a  linear  combination  of  Gaussian  orbitals  (see 
Ref. [12]  for  details).  A  supercell  including  eight  layers  of  SiC  and  eight  vacuum  layers  is  used  to 
describe  the  surface  system.  The  dangling  bonds  on  the  bottom-layer  of  the  slab  are  saturated 
by  hydrogen  atoms  in  order  to  avoid  artificial  surface  states  in  the  gap.  Six  ky  points  in  the 
irreducible  part  of  the  surface  Brillouin  zone  turn  out  to  be  sufficient  for  the  (\/3  x  \/3)  unit 
cell  in  order  to  get  converged  results.  To  get  the  optimal  geometric  structure,  the  atoms  in  the 
first  three  surface  layers  and  those  in  the  adlayer  are  relaxed  by  eliminating  the  forces  up  to 
10-3  Ry/au. 

Clean  (0001)  surface:  Here  we  only  consider  the  Si(T4)  model,  since  it  was  confirmed  to  be 
the  most  stable  one[4,  5].  We  have  carried  out  a  non-spin-polarized  (NSP)  LDA  calculation 
and  LSDA  calculations  initialized  by  ferromagnetic  (FM)  or  anti-ferromagnetic  (AFM)  con¬ 
figurations  of  the  spins  at  the  surface.  A  section  of  the  resulting  band  structures  is  given  in 
Fig.  1.  In  the  LDA-NSP  calculation,  the  dangling-bond  band  D  is  half-filled  and  has  a  dis¬ 
persion  of  0.4  eV.  In  the  FM  case,  the  dangling-bond  band  splits  into  two  bands  with  roughly 
the  same  dispersion  as  that  of  the  LDA  D  band.  The  total  energy  of  this  configuration  is  0.03 
eV  lower  than  that  of  the  non-spin-polarized  one.  The  spin-up  state  Df  is  fully  occupied  and 
the  spin-down  state  D\.  is  empty.  The  splitting  of  0.5  eV  between  these  two  bands  results  in 
a  semimetallic  surface  with  a  zero  band  gap.  Comparing  with  experimental  results,  the  band 
width  of  Di  is  in  agreement  with  the  KIRPES  data  but  the  band  width  of  Df  is  larger  than 
the  one  resulting  from  ARPES  measurements.  The  calculated  band  splitting  of  0.5  eV  is  also 
much  smaller  than  the  experimental  value  of  about  2  eV. 

Now  we  address  the  AFM  case.  For  the  two  dimensional  triangular  lattice  there  are  a  lot  of 
conceivable  AFM  arrangements.  Here  we  consider  one  simple  example.  All  the  electrons  in  a 
line  along  the  [2ll0]  direction  occupy  the  same  spin  orbit  and  those  in  a  line  along  the  [1210] 
or  [1120]  direction  occupy  the  spin-up  or  spin-down  orbits  alternatively.  Each  site  has  two 
neighboring  sites  with  the  same  spin  and  four  neighboring  sites  with  the  opposite  spin.  The 
total  energy  of  this  configuration  is  lower  than  in  the  case  of  the  NSP  configuration  by  0.04  eV 
per  (\/3  x  \/3)  unit  cell  and  is  also  lower  than  in  the  case  of  the  FM  configuration  by  0.01  eV. 
Although  the  total  energy  difference  is  very  small,  the  band  structure  changes  significantly.  The 
band  width  of  the  occupied  state  Dl  is  0.2  eV  and  that  of  the  empty  state  D2  is  0.3  eV.  These 
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Figure  1:  Band  structures  of  the  (y/S  X  \/3)R30o  reconstruction  for  Si(T4)  models  with  different  spin 
polarization.  The  solid  squares  and  triangles  are  from  photoemission  [2]  and  inverse  photoemission  [3] 
spectroscopy,  respectively.  For  the  AFM  case,  the  calculation  has  been  carried  out  using  a  doubled 
unit’cell.  For  comparison,  the  resulting  band  structure  has  been  plotted  along  the  same  k-vector  as 
in  the  NSP  and  FM  cases. 
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two  values  are  in  good  agreement  with  experimental  results  from  ARPES[2]  and  KIRPES[3]. 
The  band  splitting  of  0.7  eV  is  larger  than  that  in  the  FM  configuration  but  it  is  still  much 
smaller  than  the  experimental  one.  Due  to  the  very  small  total  energy  difference  between  the 
FM  and  AFM  configurations,  the  spin  may  arrange  in  a  disordered  way  and  the  real  surface 
will  show  a  paramagnetic  phase. 

Furthermore,  we  have  also  calculated  the  Coulomb  interaction  U  by  using  the  same  method 
as  Northrup  and  Neugebauer[6].  Our  value  of  1.8  eV  is  comparable  with  the  other  theoretical 
estimates  [6,  8].  As  a  result,  the  Mott-Hubbard  model  gives  the  value  for  the  band-splitting  in 
better  agreement  with  experiment  than  the  LSDA  calculation  which  suffers  from  the  band-gap 
problem.  However,  when  emphasizing  this  point  one  has  to  keep  in  mind  that  the  uncertainty 
of  the  calculated  Hubbard  U  is  very  large  [6].  Furthermore,  the  anti-ferromagnetic  ground  state 
for  this  surface  as  resulting  from  the  LSDA  calculation  gives  the  band  widths  for  both  occupied 
and  empty  surface  states  in  very  good  agreement  with  experiment. 

Oxygen  covered  surface:  Adsorption  of  oxygen  on 
Si-terminated  SiC(OOOl)  leads  to  a  (\/3  x  y/3)  recon¬ 
structed  surface.  By  fitting  their  LEED  data,  Starke 
et  al.  [9]  have  suggested  a  structural  model  where  Si- 
O-Si  honeycomb  rings  in  the  top  layer  are  bound  by 
linear  Si-O-Si  bridges  to  the  substrate.  A  top  view 
and  a  side  view  of  this  structure  are  given  in  Fig.  2. 

Our  optimized  structure  parameters  are  in  excellent 
agreement  with  the  experimental  values[9].  In  the  top 
bilayer,  i.e.,  the  Si-O-Si  honeycomb  ring,  the  inter¬ 
layer  distance  dl  is  0.52  A.  The  resulting  Si-0  bond 
length  of  1.62  A  is  approximately  equal  to  the  sum 
of  the  Si  and  C  covalent  radii.  The  Si-O-Si  angle  of 
142°  is  very  close  to  that  in  a-quartz.  In  the  linear 
Si-O-Si  bridge,  the  Si-0  distances  d2  and  d3  are  1.60 
A  and  1.62  A,  respectively.  The  interlayer  distance 
(0.59  A)  is  compressed  by  6%  in  the  substrate-surface 
bilayer.  In  the  center  of  the  honeycomb  ring,  there 
is  one  substrate-surface  Si  atom  with  an  unsaturated 
dangling  bond. 

Furthermore,  we  have  considered  another  model  in 
which  the  Si-O-Si  ring  is  bound  to  the  substrate-surface  atoms  directly.  However,  the  calculation 
of  the  formation  energy  shows  that  this  model  is  less  stable  than  the  previous  one.  These 
findings  are  consistent  with  the  LEED  results[9]. 

The  band  structures  calculated  within  LDA,  LSDA,  and  the  Mott-Hubbard  model  are  shown  in 
Fig.  3  together  with  the  projected  band  structure  of  bulk-6H-SiC(0001).  In  the  LDA  calculation, 
a  very  flat  band  derived  from  the  dangling  bonds  of  the  substrate-surface  Si  atoms  at  the  center 
of  the  Si-O-Si  honeycomb  ring  is  located  at  1.2  eV  above  the  valence  band  maximum.  Similar  to 
the  clean  surface,  this  band  is  half-filled.  Its  band  width  of  0.16  eV  is  smaller  than  the  one  of  0.4 
eV  at  the  clean  surface.  Although  the  distance  between  neighboring  dangling  bonds  is  the  same 
for  both  systems,  the  interaction  between  them  is  weaker  at  the  oxygen  covered  surface.  This 
may  be  related  to  a  screening  effect  of  the  adlayer.  In  the  case  of  the  FM  configuration  the  total 
energy  is  0.15  eV  per  unit  cell  lower  than  in  the  case  of  the  NSP  configuration.  Because  of  the 
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Figure  2:  Schematic  views  of  oxygen  ad¬ 
sorption  on  Si-terminated  6H-SiC(0001) 
surface.  The  top  panel  shows  the  top  view 
and  the  bottom  panel  the  side  view.  The 
normal  distances  between  atomic  layers 
are  labelled  dl,  d2,  d3  and  d4.  The  shaded 
area  in  the  top  view  is  a  (\/3x\/3)  Wigner- 
Seitz  cell. 
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Figure  3:  Band  structures  of  oxygen  covered  (0001)  (y/3  x  y/3) R30°  surface.  See  Fig.  2  for  the  atomic 
structure.  The  hatched  area  is  the  LDA  calculated  projected  band  structure  of  bulk  6H-SiC  crystal. 


very  weak  interaction  and  the  respective  small  dispersion,  there  is  no  overlap  between  spin-up 
and  spin-down  Dl  bands.  The  spin-up  band  Df  is  fully  occupied  and  the  spin-down  band 
D\,  is  empty.  The  splitting  at  the  T  point  is  1.1  eV  and  the  surface  shows  a  semiconducting 
character.  A  calculation  for  the  AFM  configuration  (as  discussed  for  the  clean  surface)  shows 
that  the  total  energy  difference  between  both  configurations  is  less  than  2  meV  per  (\/3  x  \/3) 
unit  cell.  Moreover,  the  corresponding  band  structures  are  very  similar  with  the  same  values  of 
band  splitting.  This  indicates  that  the  spin  may  arrange  in  a  disordered  way  and  the  surface 
will  show  a  paramagnetic  phase.  The  calculated  Coulomb  interaction  U  for  this  surface  is  1.8 
eV  which  happens  to  coincide  with  the  respective  value  at  the  clean  surface.  Our  results  for 
the  Hubbard  model  show  that  both  systems  have  the  same  surface  band  gap.  However,  on  the 
basis  of  our  LSDA  results  the  oxygen  covered  surface  is  expected  to  have  a  larger  surface  band 
gap  than  the  clean  surface. 

Summary:  Clean  and  oxygen  covered  6H-SiC(0001)  surfaces  are  studied  by  LSDA  calcula¬ 
tions  and  by  employing  a  Mott-Hubbard  model.  Both  methods  show  that  the  surfaces  are 
semiconducting  in  agreement  with  experiment.  For  the  clean  surface,  the  width  of  the  unoccu¬ 
pied  surface-state  band  resulting  from  LSDA  is  in  better  agreement  with  experiment  than  that 
resulting  from  the  Mott-Hubbard  model. 
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Abstract 

The  surface  structures  of  both  cleaned  and  etched  6H-SiC(0001)Si  wafers  have  been  investigated 
using  the  photo  emission  electron  microscope  (PEEM).  In  the  first  study,  the  SiC  wafers  were 
exposed  to  two  different  cleaning  processes  to  obtain  a  (V3  x  V3)R30°  and  a  3  x  3  reconstructed 
surface.  The  PEEM  images  were  obtained  with  a  mercury  arc  lamp  as  the  photon  source  and 
revealed  that  the  clean  reconstructed  surfaces  were  non-uniform.  In  the  second  study, 
characterization  of  a  hydrogen  etched  surface  using  the  PEEM  with  the  Duke  University  free 
electron  laser  (DFEL)  as  the  photon  source  revealed  a  high  density  of  dislocations  and  a  stepped 
surface  structure. 

Introduction 

The  surface  preparation  of  SiC  plays  an  important  role  in  terms  of  the  density  of  defects 
generated  in  epitaxially  grown  films[l]  and  the  electrical  characteristics  of  subsequently  fabricated 
devices [2].  Recent  reflective  high  energy[3]  and  low  energy  electron  diffraction [4- 8],  scanning 
tunneling  [7-11]  and  atomic  force[ll-13]  microscopies,  low  energy  electron  microscopy  [14], 
electron  energy  loss  spectroscopy [6, 8],  and  Auger  electron[5-8]  and  x-ray  photoelectron [5] 
spectroscopy  studies  have  provided  critical  microstructural,  structural,  and  chemical  information 
regarding  the  efficacy  of  different  chemical  process  routes  for  the  preparation  of  these  surfaces. 
Two  generic  preparations  that  have  generated  considerable  interest  are  surface  cleaning  and 
hydrogen  etching.  The  reconstructed  surfaces  of  6H-SiC(0001)Si  using  a  Si  flux  and  annealing  may 
have  an  atomic  structure  of  either  3x3,  (V3  x  V3)R30°,  (6V3  x  6V3)R30°  or  lxl  [5-7]. 
Hydrogen  etching  of  6H-SiC(0001)Si  surfaces  removes  the  polishing  scratches  and  replaces  them 
with  atomic  steps  that  have  a  unit  cell  height[l  1-13].  These  single  unit  cell  steps  apparently 
eliminate  stacking  mismatch  boundaries[13,15]  associated  with  the  growth  of  2H-A1N  and  2H-GaN. 
A  complimentary  method  to  characterize  these  surfaces  is  through  photo  emission  electron 
microscopy  using  an  intense  and/or  tunable  UV  source. 

In  the  research  associated  with  this  paper,  the  PEEM  was  used  to  examine  the  silicon  face, 
(0001)si  surfaces,  of  cleaned  or  etched  6H-SiC.  In  general,  different  surface  preparations  produce 
different  atomic  arrangements  and  structures  on  the  surface,  which  affect  both  the  photo-threshold 
energy  and  the  topography,  and,  therefore,  provide  two  different  contrast  mechanisms  for  imaging 
the  surface  with  the  PEEM.  The  first  set  of  experiments  exploited  these  differences  in  photo¬ 
threshold  energies  to  achieve  observations  of  the  surfaces  of  6H-  SiC(0001)si  before  and  after 
cleaning.  In  the  second  set  of  experiments  the  stepped  surface  structures  produced  by  hydrogen 
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etching  on  6H-SiC(0001)si  wafers  were 
imaged  in  the  PEEM  using  the  topographic 
differences  of  the  steps  to  achieve  contrast 
imaging.  The  following  sections  provide  the 
experimental  details  as  well  as  the  results  and 
a  summary  of  these  investigations. 

Experimental  Procedure 

Ex  Situ  Preparation .  The  samples  used  in 
the  cleaning  experiments  consisted  of  9  mm 
x  9  mm  pieces  diced  from  n-type  6H- 
SiC(0001)Si  wafers  obtained  from  Cree 


Research,  Incorporated.  Prior  to  processing  Figure  1:  Schematic  arrangement  of  the  Nitride 
in  vacuum,  the  as-received  samples  were  Growth  and  Characterization  System  located  at 
dipped  into  a  10:1  HF  acid  solution  to  the  Free  Electron  Laser  Laboratory  at  Duke 
remove  the  silicon  oxide  from  the  polished  University. 

surface.  Tungsten  was  then  deposited  on  the  unpolished  (000-1)  back  of  each  substrate  to  assist  in 
radiative  and  electron  bombardment  heating  (see  below).  After  deposition,  the  pieces  were  cleaned 
by  boiling  in  trichloroethylene,  acetone,  and  methanol  for  10  minutes  in  each  solvent.  The  samples 
were  then  placed  over  a  10:1  HF  buffered  oxide  etch  to  remove  the  remaining  oxide[16].  The 
hydrogen  etched  samples  were  prepared  at  Carnegie  Mellon  University.  A  detailed  description  of 
the  etching  process  and  AFM  results  is  given  elsewhere[12].  The  etched  samples  were  boiled  in 
trichloroethylene,  acetone,  and  methanol  for  5  minutes  in  each  solvent.  Both  sets  of  samples  were 
then  transferred  through  a  load  lock  to  the  Nitride  Growth  and  Characterization  System  (NGCS). 


In  Situ  Surface  Preparation  and  Characterization .  The  NGCS  consists  of  a  gas  source  molecular 
beam  epitaxy  system  (GSMBE),  an  Auger  electron  spectroscopy  (AES)  system,  and  a  PEEM,  as 
shown  schematically  in  Figure  1 .  Detailed  descriptions  of  the  PEEM  system  and  its  operation  with 
the  Free  Electron  Laser  Facility  are  given  elsewhere[17].  The  SiC  pieces  to  be  cleaned  were 
transferred  from  the  load  lock  chamber  into  the  Physical  Electronics  #10-155  AES  system  for  initial 
surface  analysis,  and  subsequently  transferred  to  the  GSMBE  for  cleaning  and  RHEED  studies. 
Each  sample  was  cleaned  in  situ  via  exposure  to  a  Si  flux  provided  by  a  Thermionics  4-pocket 
Linear  Evaporation  System.  The  surface  was  monitored  during  this  exposure  using  a  Staib 
Instruments  NEK-1025-R  reflection  high  energy  electron  diffraction  (RHEED)  system.  Sample 
heating  consisted  of  radiative  heating  from  a  tungsten  filament  to  approximately  400°C  and  electron 
bombardment  for  higher  temperatures.  The  temperature  measurements  were  obtained  using  an 
optical  pyrometer  with  an  emissivity  setting  of  0.5.  The  samples  were  then  returned  to  the  AES 
system  for  analysis  of  the  reconstructed  surface,  and  transferred  to  the  PEEM  for  observation  using 
a  mercury  arc  lamp  with  a  high  energy  cut-off  at  —5.1  eV.  The  hydrogen  etched  samples  were 
transferred  directly  to  the  PEEM  without  in  situ  surface  preparation.  The  images  were  obtained 
using  the  free  electron  laser  at  Duke  University  in  spontaneous  mode  with  a  5.95  eV  photon  energy. 

Results  and  Discussion 

Surface  Cleaning  of  SiC.  Figure  2a,  shows  the  PEEM  image  of  an  ex-situ  prepared  6H-SiC(0001) 
sample  in  the  as-loaded  condition.  The  image  shows  uniform  emission  across  the  sample.  To 
obtain  a  3x3  reconstruction,  the  SiC  substrate  was  annealed  without  a  Si  flux  at  900  °C  in  the 
GSMBE  until  a  (V 3  x  V3)R30°  RHEED  pattern  became  evident.  The  Si  flux  was  then  initiated,  and 
the  process  was  monitored  using  RHEED.  Deposition  was  discontinued  when  a  3x3 
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(a)  10  jam  10  urn  ^  10  Mm 

Figure  2:  PEEM  images  of  the  surface  of  a  6H-SiC  (0001)  samples  obtained  using  a  mercury  arc  lamp,  a) 

A  266x  of  an  as-loaded  SiC  sample  with  a  lxl  reconstruction,  b)  A  800x  of  the  same  sample  after  a  3x3 
RHEED  pattern  had  been  obtained  with  a  superimposed  spotty  pattern  produced  by  the  presence  of  Si 
islands,  c)  A  266x  of  a  different  sample  after  a  (V3  x  V3)R30°  RHEED  pattern  had  been  obtained. 

pattern  was  obtained.  A  spotty  pattern  also  appeared  concurrently  superimposed  on  the  3x3  pattern 
and  was  attributed  to  excess  Si  islands  on  the  surface  [10].  The  3x3  pattern  remained  upon  cooling. 
A  calculated  Si/C  peak-to-peak  ratio  of  4.33  was  obtained  from  the  Auger  spectrum,  which  is  close 
to  the  value  of  5.16  reported  by  Starke  et  al.[7]  for  the  3x3  reconstruction  on  4H-SiC(0001).  The 
difference  in  values  is  likely  due  to  the  incomplete  coverage  by  the  Si,  as  observed  in  the  PEEM 
image  in  Figure  2b.  The  bright  areas  indioate  either  a  lxl  or  (V3  x  V3)R30°  reconstruction  both  of 
which  have  an  estimated  threshold  values  of  5.06  eV  [18].  The  dark  areas,  which  were  not  excited 
by  the  photons,  indicate  a  3  x  3  reconstruction,  which  has  an  estimated  threshold  energy  of  6.1  eV 
[18].  The  Auger  spectrum  did  not  indicate  the  presence  of  oxygen  on  the  surface  above  the 
concentration  limit  of  this  system. 

A  strong  (V3  x  V3)R30°  RHEED  pattern  was  obtained  by  depositing  Si  on  the  surface  of  the 
6H-SiC(0001)  at  room  temperature  followed  by  annealing  at  950  °C  for  5  minutes.  This  procedure 
did  not  produce  the  Si  islands  as  seen  in  the  3  x  3  sample.  The  Auger  spectrum  showed  a  Si/C  ratio 
of  1.0  and  the  presence  of  a  small  concentration  of  oxygen.  This  ratio  is  in  disagreement  with  the 
2.21  value  reported  by  Starke  et  al.[7]  for  the  (V3  x  v3)R30°  4H-SiC(0001).  The  cause  for  the 
discrepancy  may  be  attributed  to  the  different  processing  techniques.  Figure  2c  shows  the  PEEM 
image  of  a  (V3  x  V3)R30°  reconstructed  area  indicating  a  uniform  emission.  The  (V 3  x  V 3)  R30° 
reconstruction  has  an  estimated  threshold  energy  of  5.06  eV  [18],  which  appears  bright  in  the 
PEEM  images. 

Hydrosen  Etching.  The  PEEM  images  from  a  hydrogen  etched  sample  are  shown  in  Figure  3.  In 
Figure  3a,  the  surface  shows  a  stepped  structure,  with  several  dislocations  intersecting  the 


Figure  3:  PEEM  images  of  an  etched,  on  -axis  6H-SiC  (0001)  wafer  using  spontaneous  emission  of  the  FEL 
at  5.95  eV  as  the  excitation  source,  a)  150  pm  F.O.V.  b)  50  pm  F.O.V.  c.)  20  pm  F.O.V.  of  a  screw 
dislocation  intersecting  the  surface. 
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surface  in  the  region,  labeled  A.  Figure  3b  shows  a  magnified  view  of  the  stepped  structure  at  a  50 
pm  field  of  view.  Finally,  Figure  3c,  shows  a  20  pm  field  of  view  image  of  a  screw  dislocation 
intersecting  the  surface.  The  step  height,  determined  by  AFM,  is  15  A,  which  is  the  length  of  the 
6H-SiC  unit  cell  along  the  [0001]  axis  [12]. 

Summary 

In  situ  RHEED  monitoring  of  6H-SiC(0001)  surfaces  during  in-situ  cleaning  via  the 
exposure  to  evaporated  Si  does  not  give  a  complete  picture  of  the  surface  structure.  A 
complementary  and  unique  technique  to  RHEED  is  the  use  of  a  PEEM  with  an  intense  UV  light 
source  to  study  the  efficacy  of  different  surface  preparations  of  6H-SiC(0001)si  substrates  through 
the  different  threshold  energies.  The  RHEED  patterns  obtained  in  this  study  showed  a  spotty  3x3, 
which  was  attributed  to  excess  Si,  and  a  clear  (V3  x  V3)R30°  patterns.  The  PEEM  images  with  the 
mercury  arc  lamp  in  this  study  revealed  a  non-uniform  surface  structure  that  was  attributed  to 
different  or  incomplete  reconstructed  regions.  The  PEEM  images  of  the  hydrogen  etched  6H- 
SiC(0001)  surface  showed  a  stepped  structure  with  each  step  having  the  height  of  one  unit  cell 
(15A).  The  intersections  of  dislocations  with  the  surface  were  observed  by  the  etched  patterns 
around  them. 
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Abstract:  The  surface  structure  of  the  reconstructed  6H-SiC(0001)  Si-faces  were 
investigated  by  using  high  resolution  electron  energy  loss  spectroscopy  (HREELS).  The 
6H-SiC(0001)  Si-faces  exhibited  the  stable  {f 3 X  f  3)R30°  reconstruction  when  it  was 
annealed  in  a  Si  flux  at  temperatures  greater  than  900°C.  The  HREELS  results  verified 
that  the  adatom  of  the  most  stable  f  3  X  J~3  6H-SiC(0001)  surface  is  the  Si  atom  with 
only  one  dangling  bond.  Therefore,  theV^ 3  X  V~3  reconstruction  stabilizes  the  6H- 
SiC(0001)Si  surface  by  compensating  the  dangling  bonds  of  top-surface  Si  atoms  with 
additional  1/3  monolayer  Si  atoms. 

1.  Introduction 

Analysis  of  the  atomic  structures  of  the  surface  reconstruction  on  SiC  appears  to  be 
the  key  to  understand  the  kinetics  of  homoepitaxial  growth  of  SiC.  It  has  been  reported 
that  the  6H-SiC(0001)  Si-face  surface  exhibited  (f 3  X  /" 3)R30°  reconstruction  when  it 
was  annealed  in  a  Si  flux  at  temperatures  greater  than  900^0  .[1]  The  reconstructed 
surfaces  have  been  investigated  extensively  by  scanning  tunneling  microscopy 
(STM).  [2]  It  was  reported  that  the  /" 3  X  f~ 3  reconstruction  was  formed  by  1/3 
monolayer  (ML)  adatoms  on  the  Si-face  of  6H-SiC(0001).  From  STM  data  alone, 
however,  it  was  not  possible  to  identify  which  element,  Si  or  C,  constitutes  the  adatoms. 
As  a  result  of  these  studies,  considerable  knowledge  about  reconstruction  patterns  on 
6H-SiC(0001)  was  accrued;  [2,3]  nevertheless  the  atomic  structure  of  the  reconstruction 
could  not  yet  be  resolved.  In  this  study,  we  have  investigated  the  most  stable  /~3  X  V^3 
reconstructed  6H-SiC(0001)  Si-faces,  annealed  in  hydrogen  atmosphere,  by  using  high 
resolution  electron  energy  loss  spectroscopy  (HREELS). 

2.  Experimental 

A  commercially  available  n-type  (nitrogen  doping,  n=1.3X  1018cm'3)  6H-SiC(0001) 
on-axis  Si-face  wafer  was  used  in  this  experiment.  The  wafer  was  degreased  and 
cleaned  ultrasonically  in  ethanol  and  acetone,  both  for  about  15  min.  Wet  oxidation  of 
SiC  surface  was  done  in  a  quartz  tube  at  1100°C  for  3  hours  to  form  an  Si02  layer  with 
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a  thickness  of  about  400 A.  Samples  sized  7  mmX7  mm  were  cut  from  the  wafer. 
Following  the  ultrasonic  cleaning  in  ethanol  and  acetone,  the  oxidized  layer  on  the 
sample  was  etched  by  the  buffered  hydrofluoric  acid  solution  (HF:NH4F=1:7  (volume 
ratio);  pH~5)  for  approximately  15  min.  at  room  temperature.  The  defective  layer  near 
the  surface  was  oxidized  and  removed  by  this  preparation.  The  cleaned  sample  surface 
was  introduced  into  a  separately-pumped  load-locked  chamber  and  transported  into  a 
molecular  beam  epitaxy  (MBE)  chamber  with  a  background  pressure  in  the  1CT10  Torr 
range.  The  MBE  chamber  was  equipped  with  an  effusion  cell  for  Si  source  and  a 
reflective  high  energy  electron  diffraction  (RHEED)  system.  The  surface  of  the  sample 
was  monitored  in  situ  by  the  RHEED  system  in  the  MBE  chamber.  The  temperature  of 
sample  was  measured  and  controlled  using  an  optical  pyrometer. 

The  HREELS  spectrometer  used  in  this  experiment  was  contained  in  an  analysis 
chamber  isolated  by  means  of  a  gate  valve  from  the  MBE  chamber.  The  analysis 
chamber  was  evacuated  using  both  a  diffusion  pump  and  a  liquid-nitrogen-cooled 
titanium  sublimator  to  provide  a  base  pressure  of  10 10  Torr.  In  the  HREELS  experiments, 
we  measured  the  electron  energy  losses  of  the  specularly  reflected  electron  beam  at 
room  temperature.  The  angle  of  incidence  of  primary  electrons  was  85°  with  respect  to 
the  surface  normal.  The  incident  energy  of  the  primary  electrons  was  about  5  eV.  The 
instrumental  energy  resolution,  as  characterized  by  the  full  width  at  half  maximum 
(FWHM)  of  the  elastic  peak,  was  about  10  meV. 

3.  Results  and  Discussion 

We  observed  a  1 X  l  reflective  high  energy  electron  diffraction  (RHEED)  pattern  on 
the  cleaned  sample  surface  at  room  temperature  directly  after  introduction  into  the  MBE 
chamber.  The  sample  was  resistively  heated  to  600^  for  5  min.  in  the  MBE  chamber 
to  evaporate  water  and  organic  impurities  from  the  surface  of  the  sample.  The  bright 
V^3  X  f  3  RHEED  pattern  was  observed  after  heating  up  to  >800°C  in  vacuum.  Then 
the  Si  flux  from  the  effusion  cell  was  directed  to  the  substrate  at  lOOO'C  to  supply  Si 
adatoms  below  1  ML.  The  3  X  3  RHEED  pattern  became  clearer  and  sharper,  and 
the  most  stable  3  X  J~3  reconstruction  was  formed.  Small  amount  of  Si  flux  helped 
to  stabilize  the  A 3  X  3  reconstructed  surface. 

The  temperature  of  the  sample  was  immediately  decreased  to  600t3  to  prevent  the 
surface  degradation  by  the  reevaporation  of  Si  atoms.  Then  hydrogen  gas  was 
introduced  into  the  MBE  chamber  through  a  variable-leak  valve,  up  to  a  pressure  of  1 X 
1  O'6  Torr.  The  sample  was  annealed  in  a  hydrogen  atmosphere  at  600°C  for  45  min.  The 
total  hydrogen  exposure  was  2700  Langmuir  (10‘6  Torr  sec.)  during  this  period.  After 
hydrogen  annealing,  the  sample  was  transferred  immediately  from  the  MBE  chamber  to 
the  analysis  chamber  without  exposing  to  the  air  to  characterize  the  surface  structure 
using  HREELS. 
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Figure  1  shows  HREELS  spectrum  of  the  6H-SiC(0001)Si  f.  3X/- 3  reconstructed 
surface  after  hydrogen  annealing.  It  exhibits  two  pronounced  energy  loss  peaks  at 
around  260  and  80  meV.  The  two  modes  are  considered  to  be  due  to  the  Si-H  stretching 
and  bending  modes  at  260  and  80  meV,  respectively.  They  were  assigned  in  a 
straightforward  way  by  comparison  with  HREELS  results  on  the  Si(001)  2X1 
monohydride  surface.[4]  The  FWHM  of  the  two  peaks  are  the  same  as  that  of  the 
elastically  reflected  electrons.  There  are  no  signals  that  indicate  that  the  surface  exhibits 
a  dihydride  structure.  Furthermore,  there  is  no  indication  of  any  C-H  vibrational  mode 
in  the  HREELS  spectra  of  this  reconstructed  surface.  Consequently,  we  concluded  that 
there  is  only  one  kind  of  adsorption  site  for  a  hydrogen  atom  to  compensate  one 
dangling  bond  of  the  Si  atom  on  4~ 3  X  f  3  reconstructed  6H-SiC(0001)  surfaces  in  the 
monohydride  phase. 


-100  0  100  200  300  400 

Loss  Energy  (meV) 


Fig.  1.  HREELS  spectrum  of  hydrogen  adsorption  on  the  6H- 
SiC(0001)Si  /3X/- 3  reconstructed  surface  after  hydrogen  annealing 

The  HREELS  results  offer  convincing  proof  that  the  adatom  of  the  most  stable  3 
X  7~3  6H-SiC(0001)  surface  reconstructed  under  Si  flux  is  the  Si  atom  with  only  one 
dangling  bond.  Therefore  it  elucidated  that  the  additional  1/3  ML  Si  atoms  stabilize  the 
V~3  X  3  reconstructed  6H-SiC(0001)  Si-face  surface  by  compensating  three  dangling 
bonds  of  top-surface  Si  atoms.  A  possible  model  of  the  atomic  configuration  of  the  <T\ 3 
X/~3  reconstructed  6H-SiC(0001)  Si-face  surface  with  Si  adatoms  in  T4  site  is 
illustrated  in  Fig.  2. 
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Fig.  2.  Possible  model  of  the  atomic  configuration  of  the  V 3  X-T 3 
reconstructed  6H-SiC(0001)  surface  with  Si  adatoms  in  T4  sites 

4.  Conclusion 

The  adsorption  of  atomic  hydrogen  at  (S~ 3  X  ■T 3)R30°  reconstructed  6H-SiC(0001) 
Si-face  surface  after  annealing  in  hydrogen  atmosphere  was  investigated  by  HREELS. 
The  experimental  data  of  HREELS  give  direct  evidence  for  monohydride  adsorption  on 
the  'T 3  X  3  reconstructed  6H-SiC(0001)  Si-face  surface  after  annealing  in  hydrogen 
atmosphere.  It  is  concluded  that  the  3X7" 3  reconstruction  stabilizes  the  6H- 
SiC(0001)Si  surface  by  compensating  the  dangling  bonds  of  top-surface  Si  atoms  with 
additional  1/3  ML  Si  atoms. 
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Abstract  Surface  structure  transitions  during  a-SiC{0001}  homoepitaxy  in  a  high  vac¬ 
uum  were  studied  based  on  an  in- situ  RHEED  analysis.  The  reversible  surface  structure 
transitions  ((lxl)^(3x3)  and  (lxl)^(2x2))  around  1150°C  were  observed  only  with  Si 
adsorption  on  (0001)Si-  and  (OOOl)C-faces.  a-SiC  growth  was  carried  out  by  gas  source 
molecular  beam  epitaxy,  and  homoepitaxial  layers  could  be  grown  on  the  Si-  and  C-faces 
above  1150°C  with  an  alternate  supply  of  source  gases.  An  activation  energy  of  about 
32.5  kcal/mol  was  obtained  in  the  SiC  growth. 

1.  Introduction 

Silicon  carbide  (SiC)  has  received  considerable  attention  for  application  to  high-temperature 
and  high-power  electronic  devices.  Homoepitaxy  of  o-(4H-  and  6H-)  SiC  has  been  demon¬ 
strated  in  chemical  vapor  deposition  (CVD)[1]  and  molecular  beam  epitaxy  (MBE)[2-5]. 
With  an  optimum  growth  procedure,  the  crystallinity  of  a-SiC  homoepitaxial  layer  has  be¬ 
come  high  quality.  However,  fundamental  investigations  on  a-SiC  homoepitaxy  such  as 
growth  mechanism  and  surface  structures  are  still  not  enough.  The  analysis  of  a  growing 
surface  is  very  useful  to  control  SiC  growth,  and  thus  gas  source  MBE  is  a  powerful  technique 
for  such  a  purpose. 

The  surface  structures  of  u-SiC  have  been  reported  by  a  combination  of  annealing  ex¬ 
periments  in  an  ultrahigh  vacuum  and  room-temperature  analysis  using  low-energy  electron 
diffraction  (LEED)  and/or  a  scanning  tunneling  microscope  (STM)  [6-10].  In  the  case  of 
(0001)  Si-face,  the  surface  structures  of  (6\/3x6V^)  and  (lxl)  were  revealed  with  the  in¬ 
crease  of  annealing  temperature  [6-9].  In  the  case  of  (0001)  C-face,  the  surface  structures  of 
(3x3)  and  (lxl)  appeared  with  the  increase  of  annealing  temperature  [6,10]. 

Our  group  has  reported  a  surface  structure  transition  during  a-SiC  growth  on  a  (0001)  Si- 
face  [5] .  An  Qf-SiC  (3x3)  structure  formed  by  adsorbed  Si  atoms  changed  to  a  (1  x  1)  structure 
above  1150°C  and  the  reversible  transition  from  the  (lxl)  to  (3x3)  at  the  temperature  was 
observed  [5].  However,  few  reports  are  available  on  surface  structures  during  the  growth  on 
the  (0001)  Si  and  (0001)  C-faces. 

In  this  paper,  surface  structures  during  a-SiC  homoepitaxy  on  (0001)Si-  and  (000l)C- 
faces  are  revealed  systematically  for  the  first  time  using  time-resolved  reflection  high-energy 
electron  diffraction  (RHEED). 
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2.  Experiments 

CVD-grown  a-SiC  {0001}  with  3.5^5°  off-orientation  toward  the  [1120]  direction  were 
used  as  substrates.  After  a  substrate  was  loaded  in  a  gas  source  MBE  system,  a  clean 
surface  showing  a  clear  (lxl)  structure  was  obtained  at  1150°C  in  a  low  flux  of  disilane 
(Si2H6)  by  removal  of  an  oxide  layer.  Subsequently,  the  substrate  temperature  was  settled 
at  a  given  value  to  grow  a  SiC  layer.  Substrate  temperature  was  measured  with  an  optical 
pyrometer.  Pure  Si2H6  (lxl017cm“2s_1)  and  acetylene  (C2H2,  5xl015cm_2s_1)  were  used 
as  source  gases,  and  they  were  supplied  alternately.  Crystallographic  features  of  growing 
surfaces  were  analyzed  using  an  in-situ  RHEED  system.  During  SiC  growth,  diffraction 
patterns  on  a  RHEED  screen  were  monitored  with  a  charge-couple  device  (CCD)  camera, 
and  the  change  of  diffraction  intensity  was  processed  by  a  microcomputer. 

3.  Results  and  discussion 

Figure  1  shows  the  diagram  of  change  in  surface  structures  of  a-SiC{0001}.  In  the  case 
of  (0001) Si-face,  Si-adsorbed  (lxl)  changed  to  (3x3)  below  1150°C.  This  phenomenon  re¬ 
versed  above  1150°C  [5].  On  the  other  hand,  in  the  case  of  (OOOl)C-face,  Si-  and  C-adsorbed 
surfaces  showed  (lxl)  and  (3x3)  structures  above  1150°C,  respectively.  The  Si-adsorbed 
(lxl)  changed  to  (2x2)  below  1150°C.  This  phenomenon  reversed  above  1150°C.  The  re¬ 
versible  surface  structure  transitions  ((lxl) ^(3x3)  and  (lxl)^(2x2))  at  1150°C  are  newly 
observed  only  with  Si  adsorption  on  both  (0001) Si-  and  (OOOl)C-faces.  It  can  be  considered 
that  the  migration  of  Si  atoms  on  the  surface  is  enhanced  above  1150°C,  and  Si  atoms  form¬ 
ing  the  (3x3)  and  (2x2)  structures  may  migrate  to  form  the  (lxl)  structures.  Among  many 
models  for  the  a-SiC  (3x3)  structure  on  the  (0001)  Si-face,  an  adsorbed  Si  layer  model  was 
proposed  based  on  STM  images  and  LEED  analysis  [8,9].  The  (2x2)  structure  on  the  (0001) 
C-face  has  been  observed  by  a  LEED/ AES  system  with  an  annealing  experiment  at  around 
800~1000°C  in  a  high  vacuum  [6].  Though  the  surface  structure  of  (2x2)  is  still  not  clear, 
it  is  expected  to  relate  with  Si  adlayers. 
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Fig.l  Diagram  of  change  in  surface  structures  of  a-SiC{0001}. 
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SiC  growth  was  carried  out  at  different  growth  temperatures.  Above  1150  C,  homoepi- 
taxial  layers  of  a-SiC  were  obtained  :  on  the  (0001) Si-face,  the  Si-adsorbed  (lxl)  changed 
to  a  C-adsorbed  (lxl)  through  (V3x>/3)  with  C2H2  supply,  and,  on  the  (OOOl)C-face,  the 
Si-adsorbed  (lxl)  changed  to  a  C-adsorbed  (3x3).  Below  1150°C,  homoepitaxial  layers  of 
a-SiC  could  be  obtained  on  the  Si-face  :  the  Si-adsorbed  (3x3)  changed  to  a  C-adsorbed 
(lxl)  through  (x/3x\/3)-  However,  on  the  C-face,  the  Si-adsorbed  (2x2)  became  (lxl), 
and  the  (lxl)  did  not  return  to  the  (2x2)  during  growth.  With  subsequent  growth,  the 
(lxl)  structure  changed  to  a  spotty  pattern.  The  spotty  RHEED  pattern  corresponds  to 
P-SiC  (3C-SiC)  (III)  double-domain  twin  structure  [2,5]  :  islands  on  the  surface  consist 
of  p-SiC.  Since  the  migration  of  Si  atoms  on  the  (OOOl)C-face  is  insufficient  below  1150°C, 
two-dimensional  growth  occurs  and  low-temperature  stable  /3-SiC  islands  are  formed. 

Figures  2  (a)  and  (b)  show  the  RHEED  patterns  from  the  <ll00>  azimuth  during  a- 
SiC  growth  on  the  (0001)  Si-face  at  1120°C.  Fine  1/3-order  streaks  (marked  with  ”J”  in 
Fig. 2(a))  between  the  fundamental  streaks  of  a-SiC  indicate  the  Si  adsorption  showing  the 
(\/3x  VS)  structure.  At  the  disappearance  of  1/3-order  streaks,  Si  atoms  on  the  surface  are 
completely  carbonized,  and  the  growing  surface  is  terminated  fully  with  C-species,  showing 
the  (lxl)  structure  (Fig.2(b)).  The  diffraction  intensity  of  1/3-order  streaks  changed  with 
C2H2  supply  (Fig.2(c)).  The  change  of  RHEED  intensity  is  believed  to  relate  to  the  SiC 
growth. 

To  discuss  the  SiC  growth  on  the  (0001) Si-face,  we  assumed  that  the  reciprocal  number 
of  time  (tSic  in  Fig.  2(c))  from  the  intensity  decrease  of  (\/3x\/3)  structure  formed  by  the 
|  adlayer  of  Si  [11]  to  the  disappearance  corresponds  to  a  growth  speed  for  the  §  layer  of  SiC. 


(b) 


I 


Fig.2  Change  of  RHEED  patterns  and  intensity  from  <1100>  azimuth  during  SiC  growth, 
(a)  (v^x-v/S)  and  (b)  (lxl)  structures,  (c)  The  profile  of  1/3-order  streaks  indicate  the 
Si-adsorbed  structure. 
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Figure  3  shows  the  reciprocal  time  (tsic-1) 
as  a  function  of  the  reciprocal  substrate 
temperature.  The  growth  speed  is  limited 
by  the  substrate  temperature,  indicating 
surface-reaction  limited  growth.  The  acti¬ 
vation  energy  calculated  from  the  slope  is 
about  32.5kcal/mol.  This  energy  is  close 
to  an  initial  stage  in  a  carbonization  of 
Si(lll)  [12].  The  activation  energy  of 
32.5  kcal/mol  is  considered  to  relate  with 
the  a-SiC  growth  on  the  (0001) Si-face. 


Fig.  3  Arrhenius  plot  of  growth  speed 
of  SiC  layers. 

4.  Conclusions 

Surface  polarity  and  growth  temperature  dependence  of  surface  structure  transitions  dur¬ 
ing  a-SiC{0001}  homoepitaxy  were  studied  systematically  using  in-situ  RHEED  analysis. 
The  reversible  surface  structure  transitions  ((lxl)?=*  (3x3)  and  (lxl)^(2x2))  at  1150°C 
were  observed  with  Si  adsorption  on  (OOOl)Si-  and  (OOOl)C-faces.  In  the  case  of  (0001)  Si- 
face,  a  homoepitaxial  layer  of  a-SiC  was  obtained  at  1120°C.  However,  in  the  case  of  (0001) 
C-face,  P-SiC  islands  were  formed  below  1150°C.  The  activation  energy  in  homoepitaxy  on 
the  (0001)  Si-face  during  the  surface  structure  transition  from  (\/3x\/3)  to  (lxl)  is  revealed, 
which  is  about  32.5  kcal/mol. 
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Abstract 

We  investigated  the  nonpolar  surfaces  in  hexagonal  2H-,  4H-  and  6H-SiC  using 
a  density-functional-theory  based  tight-binding  method  ( DFTB ).  In  contrast  to 
the  surfaces  in  2H-SiC,  the  clean  ideal  (10l0)-surfaces  in  4H-  and  6H-SiC,  which 
probably  occur  e.g.  at  the  walls  of  micropipes,  turn  out  to  be  non-planar  in  4H 
and  6H.  The  (1120)-surfaces,  however,  turn  out  to  be  similarly  smooth  in  4H-  and 
6H-SiC  as  it  is  in  2H.  The  surfaces  can  be  stabilised  by  simple  adstructures. 


Although  the  experimentally  relevant  polytypes  are  4H  and  6H,  most  theoretical 
investigations  of  nonpolar  surfaces  in  SiC  focus  on  the  2H— polytype,  —  mainly  be¬ 
cause  of  the  computational  cost,  that  is  growing  with  the  longer  periodicity  along 
the  [0001]-axis  in  4H-  and  6H-SiC.  The  similarities  of  the  hexagonal  polytypes 
often  allow  to  transfer  the  results  from  2H  to  4H  and  6H.  Nevertheless,  problems 
evolve  looking  at  the  (1010)-surfaces  which  turn  out  to  be  much  more  complicated 
in  4H  and  6H  than  in  2H. 

Therefore,  we  started  detailed  investigations  of  these  polytypes  using  a  density- 
functional-theory  based  tight-binding  method  {DFTB).  For  a  detailed  description 
of  our  method,  see  Refs.  [1-3].  The  formula  we  used  for  the  calculation  of  the  surface 
energies  according  to  Refs.  [1,4]  is  given  by 


E  —  ^structure  ^SiC(bulk)^C  F>Si{nSi  tic)  5 

where  Structure  is  the  total  energy  of  the  supercell  we  used.  #siC(buik)  is  the  energy 
of  a  SiC-pair  in  the  perfect  SiC-bulk,  nSj  and  nc  the  number  of  Si-  and  C-atoms 
in  the  structure  and  /iSi  the  chemical  potential  of  Silicon.  The  value  of  yuSi  varies 
with  the  environmental  conditions  during  growth: 


^Si(bulk)  ~  A^/  <  FSi  <  AiSi(bulk)  i 
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Fig.  1.  Two  possible  cleaved  [1010]-surfaces  in  2H-SiC.  Sa  is  the  ideal  surface  with 
only  threefold  coordinated  surface-atoms. 

with  the  heat  of  formation  A Hj  for  SiC.  In  this  paper  we  present  our  results  con¬ 
cerning  the  clean  (1010)-  and  (1120)-surfaces  in  4H-SiC  and  compare  them  to  our 
recently  published  results  for  the  2H-polytype  [5], 

In  2H-SiC  two  inequivalent  (1010) -surfaces  can  be  obtained  by  cleaving  the  crystal. 
A  schematic  view  is  given  in  Fig.  1.  In  surfaces  of  type  Sa  each  surface  atom  is  three¬ 
fold  coordinated,  thus  having  one  dangling  bond.  Each  atom  on  a  type  S#-surface 
exhibits  two  dangling  bonds.  Therefore,  S#— surfaces  are  found  to  be  unstable,  since 
their  surface  energy  is  much  higher  than  that  of  S^-surfaces.  Within  the  DFTB- 
method  we  calculated  the  absolute  surface  energy  to  be  188  meV/A2  (3.03  J/m2) 
for  the  S^-surface.  Relaxation  results  in  a  slight  contraction  and  buckling  of  the 
surface  dimers. 

The  4H~  and  6H-polytypes  are  more  complicated.  Because  of  the  restricted  space 
in  the  paper  we  will  only  present  the  results  for  the  4H-polytype  here,  but  a  more 
detailed  report  of  our  investigations  (including  results  on  6H-SiC)  is  to  be  published 
soon. 

In  4H-SiC,  there  are  three  possibilities  to  cleave  the  crystal  in  [1010]-planes,  see 
Fig.  2  {left).  Among  the  three  inequivalent  surface  types  the  surfaces  SB  and  Sc 


Fig.  2.  Three  possible  cleaved  [10l0]-surfaces  in  4H-SiC  {left).  SA  is  the  ideal  surface 
{right). 
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consist  of  two  three-  and  two  twofold  coordinated  surface  atoms  per  unit  cell,  while 
surface  has  only  threefold  coordinated  atoms.  Since  the  surfaces  Sb  and  Sc 
have  two  dangling  bonds  more  per  unit  cell,  they  have  a  higher  surface  energy 
which  makes  them  very  unlikely  to  occur.  Thus,  the  ideal  (lOlO)-surface  in  4H-SiC 
should  be  nonplanar  and  terminated  by  only  threefold  coordinated  atoms,  as  in  S^. 
We  determined  the  absolute  energy  of  the  corresponding  optimised  surface  structure 
to  be  224  meV/A2  (  3.61  J/m2  ). 

In  the  2H-surface  all  surface  dimers  consisting  of  only  threefold  coordinated  atoms 
can  freely  relax  and  rehybridise  to  lower  their  surface  energy.  However,  in  the 
stepped  nonplanar  4H-surface  some  of  the  surface  atoms  do  not  find  a  threefold 
coordinated  counterpart.  Instead,  they  are  constrained  by  fourfold  coordinated  sur¬ 
face  neighbors,  representing  the  edge  atoms  (5,8)  in  4H-SiC,  compare  Fig.  2. 


Fig.  3.  A  possible  Si-adstructure  on  the  (lOlO)-surface  in  4H-SiC. 

These  characteristics  and  their  higher  surface  energies  made  us  think  about  possible 
adstructures  for  these  surfaces  to  reduce  the  number  of  dangling  bonds  and  as  a 
result  the  surface  energy.  Adstructures  consisting  only  of  C-atoms  have  very  high 
surface  energies  and  are  not  stable.  On  the  contrary,  we  found,  that  a  stabilisation 
can  e.g.  be  achieved  by  the  Si-adstructure  shown  in  Fig.  3.  On  the  4H-(1010)- 
surface  the  most  stable  structure  is  obtained  by  inserting  Si-dimers  bridging  the 
Si-  and  C-atoms  labeled  by  1  and  4  in  Fig.  2,  yielding  a  (2  x  ^-reconstruction  in 
the  [1120]-direction.  The  number  of  dangling  bonds  is  reduced  to  75  %  compared 
to  the  lowest  energy  unreconstructed  surface. 

We  calculated  the  surface  energy  of  this  structure  to  be  156  meV/A2  (2.51  J/m2) 
under  Si-rich  conditions,  which  means  a  stabilisation  by  68  meV/A2. 

The  ideal  (1120)-surface  in  4H-SiC  is  much  more  similar  to  that  of  2H-SiC  than 
this  is  the  case  for  the  (lOlO)-surface,  as  shown  above.  One  important  point  to  men¬ 
tion  is  that  (1120)  is  -  unlike  the  (1010)  -  a  smooth  surface,  see  Fig.4.  In  contrast 
to  the  (lOlO)-surface  the  surface  atoms  are  all  threefold  coordinated  with  one  bond 
to  the  bulk  and  two  bonds  to  the  neighboring  surface  atoms,  which  enables  them  to 
relax  and  lower  their  energy  by  a  much  larger  amount  than  this  is  possible  in  the 
(lOlO)-surface.  Due  to  relaxation  the  surface  C-atoms  move  slightly  outwards  and 
the  Si-atoms  move  slightly  towards  the  bulk,  tending  to  a  sp2-like  configuration. 
The  surface  bonds  are  thereby  contracted  by  «3-7  %.  We  determined  the  energy  of 
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the  4H-(1120)-surface  to  be  208.6  meV/A2  (3.4  J/m2).  We  found  an  adstructure  of 


[11-20]  [0001] 


Fig.  4.  Side  view  of  the  relaxed  ideal  (1120)-surface  in  4H-SiC  (along  [0001]). 

Si-atoms  that  leads  to  a  reduction  of  the  number  of  dangling  bonds  by  50  %.  The 
Si-atoms  of  the  adstructure  are  twofold  bonded  to  the  clean  surface,  thus  forming 
bridges  between  all  the  surface  atoms  in  neighboring  ’’chains”.  Furthermore,  they 
tend  to  dimerize,  such  that  they  are  threefold  coordinated.  The  surface  energy  is 
thereby  lowered  to  91.4  meV/A2  (1.5  J/m2)  under  Si-rich  conditions. 

For  certain  environmental  conditions  a  stabilisation  and  full  passivation  of  both  non¬ 
polar  surfaces  in  4H-  and  6H-SiC  can  also  occur  via  insertion  of  SiO-adstructures. 
These  results  will  be  presented  in  a  forthcoming  paper. 
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Abstract:  The  current  understanding  of  the  atomic  and  electronic  structure  of  polar  cubic  3C- 
SiC(OOl)  surfaces,  as  it  derives  from  ab-initio  calculations,  is  briefly  addressed  in  the  light  of  recent 
experimental  data.  Very  encouraging  agreement  between  the  theoretical  results  and  the  available 
data  is  observed.  The  origin  and  nature  of  the  distinctively  different  reconstructions  of  3C-SiC(001) 
surfaces,  as  compared  to  those  of  the  C(001)  and  Si(001)  surfaces,  is  discussed. 

Introduction:  Cubic  and  hexagonal  polytypes  of  the  wide-band-gap  semiconductor  SiC  are 
very  promising  candidates  for  applications  in  micro-  and  optoelectronics.  The  very  basis  for 
such  applications  is  the  specific  electronic  structure  of  SiC  polytypes  and  their  surfaces  [1].  A 
most  quantitative  description  of  their  bulk  and  surface  atomic  as  well  as  electronic  structure 
is  highly  desirable,  therefore  [2],  From  a  fundamental  point  of  view,  SiC  is  unique  in  that  it  is 
a  fairly  ionic  IV-IV  compound  semiconductor.  It  resides  at  the  borderline  between  homopolar 
elemental  or  heteropolar  covalent  and  heteropolar  ionic  or  ionic  compound  semiconductors. 
While  the  former  crystallize  in  either  the  diamond  or  the  zincblende  structure,  the  latter  occur 
in  the  wurtzite  or  the  sodium  chloride  structure.  SiC,  lying  ’in  between’,  occurs  in  an  extremely 
large  number  of  polytypes,  the  cubic  3C-SiC  and  the  hexagonal  6H-SiC  of  which  seem  to  be 
the  most  important  for  technological  applications  [3].  Cubic  (3-  or  3C-SiC  crystallizes  in  the 
zincblende  structure.  The  bulk  crystal  has  one  Si  and  one  C  atom  per  unit  cell.  The  nearest- 
neighbor  configuration  of  Si  and  C  atoms  is  tetrahedral  and  the  SiC  bond  length  is  close  to 
1.89  A.  The  bulk  lattice  constant  a0  =  4.36  A  of  SiC  is  some  20%  smaller  than  that  of  bulk 
Si  (a0  =  5.43  A)  and  some  22%  larger  than  that  of  bulk  diamond  (a0  =  3.57  A).  In  addition, 
the  pronounced  ionicity  of  the  SiC  bond,  amounting  to  g  —  0.475  on  the  Garcia-Cohen  scale 
[4],  is  of  particular  importance  for  the  reconstruction  of  SiC  surfaces,  as  well.  The  ionicity 
stems  from  the  different  strengths  of  the  C  and  Si  potentials,  respectively,  giving  rise  to  the 
very  different  covalent  radii  and  electronegativities  of  C  (rc'=0.77A,  ec=2.5)  and  Si  (rs;=1.17A, 
e5i=1.7).  The  large  difference  in  electronegativities  leads  to  a  charge  transfer  from  the  Si  to 
the  C  atoms  so  that  the  electronic  charge  density  distribution  along  the  Si-C  bond  is  strongly 
asymmetric  [5].  Due  to  the  charge  transfer,  Si  atoms  act  as  cations  while  C  atoms  act  as 
anions  in  SiC.  In  consequence,  there  are  nonpolar  and  polar  SiC  surfaces.  For  the  polar  (001) 
surfaces,  addressed  in  this  contribution,  C  and  Si  layers  alternate  along  the  [00 Indirection  so 
that  there  are  two  distinctly  different  SiC  (001)  surfaces  which  are  usually  referred  to  as  C- 
or  Si-terminated,  respectively.  They  both  show  reconstructions  that  are  distinctively  different 
from  those  of  respective  diamond  and  Si  surfaces.  Critically  depending  on  the  actual  growth 
and  surface  preparation  conditions  (lxl),  (2x1),  c(2x2),  c(4x2),  (3x2),  (5x2)  and  (7x2) 
structures  have  been  observed  [1].  Among  these  both  C-rich  and  Si-rich  structures  have  been 
obtained  and  investigated  in  experiment,  e.g.,  by  low-energy  electron  diffraction  [6,  7,  8,  9,  10], 
Auger  electron  spectroscopy  [6,  7,  10,  11],  scanning  tunneling  microscopy  [12,  13,  14,  15], 
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Figure  1:  Structure  models  for  the  C-terminated  SiC(OOl)  surface. 


electron-energy  loss  spectroscopy  [16],  x-ray  photoelectron  spectroscopy  [10,  17],  near-edge  x- 
ray  absorption  fine  structure  [17],  core-level,  photoelectron  and  angle-resolved  photoelectron 
spectroscopy  [18,  19,  20].  Polar  SiC(OOl)  surfaces  have  recently  been  investigated  theoretically, 
as  well,  by  a  number  of  ’state  of  the  art5  first-principles  LDA  calculations  [2,  21,  22,  23,  24,  25, 
26].  For  detailed  descriptions  of  the  used  theoretical  approaches,  see  e.g.,  Refs.  [21,  22,  23,  26]. 

C-terminated  3C-SiC(001)  surfaces:  A  number  of  structural  models  for  the  reconstruction 
of  the  C-terminated  3C-SiC(001)  surface  has  been  suggested  in  the  literature  [1,  7,  8,  10,  17,  18] 
on  the  basis  of  experimental  results.  They  all  derive  from  the  C-terminated  bulk-truncated 
lattice  with  the  C  atoms  of  the  top  layer  moving  into  new  positions  at  the  free  surface.  They 
comprise  (2x1)  or  (1x2)  row  structures  and  staggered  c(2x2)  structures.  These  four  structural 
models  have  been  optimized  by  total  energy  minimization  calculations  [21,  22,  23].  Top  views  of 
the  four  structures,  as  resulting  from  our  calculations,  are  shown  in  Fig.  1.  It  is  quite  obvious, 
that  C  dimers  or  more  strongly  bound  C2  groups  bridging  subsurface  Si  atoms  are  the  building 
blocks  for  these  reconstructions.  Both  of  these  basic  structural  units  can  be  distributed  at  the 
surface  in  (2x1)  or  (1x2)  rows  or  in  e(2x2)  staggered  configurations.  From  a  TLEED  analysis, 
Powers  et  al  [8]  found  that  the  surface  is  terminated  with  C2  groups  in  staggered  Si  bridge 
sites.  Long  et  al  [17]  have  confirmed  this  conclusion  by  a  polarization  analysis  of  their  NEXAFS 
data.  They  carried  out  a  study  ’to  settle  the  long-standing  controversy  over  the  structure  of 
this  surface’  and  came  as  well  to  the  conclusion  that  it  is  terminated  with  staggered  rows  of 
unusual  nearly  triply-bonded  C  dimers  bridging  underlayer  Si  dimers. 

While  the  experimental  results  [8,  17,  18]  indicate  a  staggered  c(2x2)  C2-group  reconstruction 
the  theoretical  results  [21,  22,  23]  slightly  favor  the  (2x1)  dimer-row  structure  (see  Fig.  1). 
In  this  context  it  is  very  important  to  note  that  the  total  energy  gain  for  all  four  addressed 
structures  is  of  the  order  of  -  4.7  eV  per  unit  cell  (see  Fig.  1).  On  the  contrary,  the  total-energy 
difference  between  the  (2x1)  dimer-row  structure  (Etot  =  -  4.88  eV)  and  the  staggered  02- 
group  configuration  (Etot  =  -  4.76  eV)  is  only  0.12  eV  [23].  This  small  difference  might  explain 
why  the  calculations  for  T  =  0  K  favor  the  dimer-row  structure  while  experiment  observes 
at  room  temperature  after  high-temperature  growth  the  staggered  C2  group  reconstruction. 
Temperature  effects  might  be  quite  different  for  the  two  surfaces  since  the  electronic  structure 
of  the  two  models  is  basically  different  [23].  For  the  (2x1)  dimer-row  model,  the  LDA  band 
structure  is  slightly  metallic  due  to  the  existence  of  C  surface  states  in  the  gap.  The  staggered 
C2-group  reconstruction,  on  the  contrary,  has  an  LDA  gap  of  about  1  eV.  This  surface  is 
manifestly  semiconducting  and  there  are  no  C  dangling  bonds  at  this  surface.  This  lack  of 
surface  states  in  the  gap  is  in  accord  with  the  data  [10,  18]. 

Most  recently,  Yeom  et  al  [18]  have  ’unambiguously’  determined  the  c(2x2)  reconstruction 
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Figure  2:  Surface  band  structure  and  charge-density  contours  of  surface  states  for  the  C-terminated 
c(2x2)  surface  with  staggered  C2  groups.  Solid  circles  are  ARPES  data  from  Ref.  [18].  The  charge- 
density  contours  of  states  Si  to  S3  are  plotted  in  the  x-y  plane  and  that  of  state  S4  is  plotted  in  the 
y-z  plane. 


of  the  C-terminated  3C-SiC(001)  surface  by  scanning  tunneling  microscopy,  surface-core-level- 
resolved  photoelectron  diffraction  and  an  extensive  angle-resolved  photoelectron  spectroscopy 
study.  The  authors  found  this  surface  ’to  uniquely  and  uniformly  consist  of  anomalous  bridge- 
bonded  C  dimers  with  a  C-C  bond  length  of  1.22  A’.  The  authors  arrived  at  the  conclusion, 
that  the  c(2x2)  structure  consists  of  staggered  C2-groups  which  form  bridges  between  the  Si 
atoms  of  the  second  layer  of  the  system.  The  measured  bond  length  of  the  C2  groups  and  the 
bond  length  between  top  layer  C  and  sublayer  Si  atoms  exactly  agree  with  our  results  [23]. 
Yeom  et  al  [18]  have  also  carried  out  a  detailed  ARPES  study  and  have  compared  their  data  to 
the  small  section  of  the  respective  surface  band  structure,  as  given  in  Ref.  [23].  A  fairly  good 
agreement  was  found  as  far  as  that  was  possible  for  the  reduced  theoretical  data  set.  To  improve 
the  basis  for  this  comparison,  we  have  calculated  the  surface-band  structure  of  the  staggered 
C2-group  model  with  30  atomic  layers  in  the  supercell.  Our  results  are  shown  in  Fig.  2  in  direct 
comparison  with  the  data.  In  addition,  we  have  plotted  the  charge-density  distributions  for 
the  states  S\  and  S2  at  the  S’-point  and  for  the  states  S3  and  54  at  the  T-point  of  the  surface 
Brillouin  zone.  There  are  no  surface  states  in  the  fundamental  gap  which  means  that  there  are 
no  unsaturated  C  dangling  bonds.  This  is  corroborated  by  the  charge  densities  which  clearly 
exhibit  one  a  state  (Si)  and  three  7 r  states  (52  to  £4).  The  measured  and  calculated  bands  for 
the  c(2x2)  surface  are  in  good  agreement. 

Si-terminated  SiC(OOl)  surface:  A  whole  variety  of  (lxl),  (2x1),  c(4x2)  and  (Nx2) 
structures  with  N  being  an  odd  integer  has  been  studied  both  in  experiment  [1]  and  theory  [2]. 
Yet,  most  of  these  structures  are  still  under  debate,  their  determination  constituting  a  major 
challenge.  Contrary  to  the  case  of  the  C-terminated  (001)  surface,  for  the  Si-terminated  (001) 
surface  both  clean  and  adlayer- covered  surface  models  have  been  suggested  and  discussed  in 
great  detail  in  the  literature. 

Experimental  data  on  the  (2x1)  and  c(4x2)  surfaces  have  been  interpreted  assuming  that 
the  observed  reconstructions  occur  at  the  clean  surface  [1,  9,  14].  For  the  (2x1)  surface,  a 
reconstruction  model  with  rows  of  buckled  Si  dimers  with  a  dimer-bond  length  of  2.31  A,  very 


372 


Silicon  Carbide  and  Related  Materials  - 1999 


(a)  p(2x2)-MRAD,  0  =1/2  (b)  (3x2)-TAAD5  ©  =1 


(c)  (5x2)-TAAD,  0  =4/5 


Figure  3:  Structure  models  for  the  Si-terminated  SiC(OOl)  surface. 


similar  to  the  reconstruction  of  Si(001)-(2xl)  [27],  was  suggested  [9].  This  interpretation, 
however,  contradicts  the  results  of  ab-initio  calculations  [21,  22,  23,  24]  which  agreeingly  find 
that  no  strongly  bound  Si  dimers  are  formed  at  this  surface. 

For  the  c(4x2)  surface  Soukiassian  et  al [14]  have  suggested  an  alternatively  up-  and  down-dimer 
(AUDD)  model  in  which  both  the  up  and  down  dimers  are  symmetric.  They  explained  many 
of  their  experimental  results  using  this  model  [14,  15,  28,  29].  This  configuration,  however,  is 
neither  stable  nor  metastable  with  respect  to  Si  adlayer  structures  [25].  In  their  studies  Aristov 
et  a/. [15]  found  that  the  room-temperature  c(4x2)  is  semiconducting  with  a  gap  of  about  1.7 
eV  while  the  high-temperature  (2x1)  surface  was  found  to  be  metallic.  On  the  contrary,  theory 
indicates  that  the  electronic  structure  of  the  clean  (2x1)  and  c(4x2)  surfaces  is  very  similar 
(cf.  Ref.  [24]). 

To  resolve  this  issue  various  structural  models  of  the  Si-terminated  surface  covered  by  partial 
adlayers  of  Si  have  been  investigated  by  ab-initio  total  energy  and  grand  canonical  potential 
calculations  [25,  26].  A  missing-row  asymmetric-dimer  (MRAD)  model  with  an  adatom  cover¬ 
age  of  Qsi  =  1/2  ML  was  suggested  [25].  The  MRAD  model  has  the  lowest  grand-canonical 
potential  among  all  the  c(4x2)  structures  which  were  considered.  The  calculations  reveal  that 
the  energy  of  the  surface  can  drastically  be  lowered  by  dimerization  of  neighboring  Si  atoms 
in  the  adatom  rows  forming  c(4x2)  or  p(2x2)  (see  left  panel  of  Fig.  3)  reconstructions.  The 
dimers  in  the  partial  Si  adlayers  turn  out  to  be  asymmetric  with  a  bond  length  of  2.30  A.  This 
dimer-bond  length  is  very  close  to  that  at  the  clean  Si(001)-(2xl)  surface  [27]  and  also  agrees 
with  the  surface  dimer-bond  length  as  obtained  by  Powers  et  al\ 9]. 

In  more  recent  studies,  we  have  addressed  the  (3x2)  and  the  (5x2)  reconstructions  of  the  Si- 
terminated  surface  and  have  proposed  for  both  of  these  surfaces  two-adlayer  asymmetric-dimer 
models  (TAADM)  [26].  In  the  (3x2)  model,  two  partial  layers  of  Si  adatoms  are  adsorbed  on 
the  clean  surface.  The  coverage  of  the  lower  adlayer  is  2/3  ML  and  that  of  the  top  adlayer 
is  1/3  ML.  So  the  nominal  coverage  with  adatoms  is  1  ML  for  this  (3x2)  model.  A  top  view 
of  the  structure  is  shown  in  the  middle  panel  of  Fig.  3.  For  the  (5x2)  reconstruction  we  also 
find  a  TAADM  as  the  optimal  structure.  A  top  view  of  this  model  is  shown  in  Fig.  3,  as  well 
(right  panel).  In  this  model,  the  lower  adlayer  contains  3/5  ML  and  the  upper  one  contains 
1/5  ML.  The  nominal  coverage  with  adatoms  is  4/5  ML  in  this  case.  All  of  these  results  are  in 
good  accord  with  experimentally  determined  surface  Si  coverages  and  their  ratios  (for  details 
see,  Refs. [13,  25,  26,  30]). 

To  explain  the  (Nx2)  reconstructions,  several  models  have  been  proposed  by  different  authors 
[1].  Our  optimized  models  for  the  p(2x2)  MRAD,  (3x2)  TAADM  and  (5x2)  TAADM  are 
shown  in  Fig.  3.  They  originate  from  two  basic  building  blocks.  The  p(2x2)  model  is  char- 
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Figure  4:  Sections  of  the  surface  band  structure  for  different  Si-terminated  SiC(OOl)  reconstructions. 
In  the  middle  panel,  circles,  triangles  and  squares  are  from  experiments  of  Refs.  [19,  20]. 


acterized  by  one  asymmetric  Si  dimer  adsorbed  per  surface  unit  cell.  The  (3x2)  TAADM  is 
characterized  by  one  Si  hexamer  adsorbed  per  surface  unit  cell.  Finally  the  (5x2)  TAADM 
is  characterized  by  one  asymmetric  Si  dimer  and  one  Si  hexamer  adsorbed  per  surface  unit 
cell.  With  these  basic  structural  units  all  kinds  of  higher  reconstructions  can  be  formed  which 
minimize  the  number  of  dangling  bonds  in  each  case.  Obviously,  the  structure  in  the  right 
panel  of  Fig.  3  is  just  a  superposition  of  the  two  structures  in  the  left  and  the  middle  panel. 

Finally,  we  compare  in  Fig.  4  the  surface  band  structures  for  these  three  surfaces.  It  is  quite 
obvious  that  a  ’superposition’  of  the  band  structures  in  the  left  and  the  middle  panel  yields  all 
basic  surface-state  bands  in  the  right  panel.  This  is  simply  due  to  the  fact,  that  the  interactions 
between  the  various  dimers  at  either  the  p(2x2)  or  the  (3x2)  surface  are  fairly  weak  for  one 
reason.  For  another  reason,  the  dimers  in  the  (3x2)  TAADM  and  the  p(2x2)  MRAD  model 
which  both  occur  in  the  (5x2)  TAADM  (Dimer  I  and  Dimer  II)  are  orthogonal  which  reduces 
their  interactions,  as  well. 

Synopsis:  From  the  reconstruction  models  discussed  above  it  is  easy  to  see  that  the  C- 
terminated  SiC(OOl)  surface  is  characterized  by  C  atoms  in  the  top  layer  of  the  bulk-terminated 
structure  which  are  free  to  move  into  new  positions  upon  surface  creation.  They  either  form 
double-bonded  C  dimers  or  even  triple-bonded  C2  groups  bridging  the  second  layer  Si  atoms. 
Due  to  the  topology  of  the  surface,  the  small  covalent  radius  of  C,  as  compared  to  Si,  and  the 
very  strong  a  and/or  7 r  bonds  between  the  C  surface-layer  atoms,  these  configurations  form 
in  a  very  stable  way  without  additional  adatoms.  The  respective  mechanism  does  not  occur 
at  the  clean  C(001)  surface  since  the  lattice  constant  of  diamond  is  too  small  to  allow  for  C2 
groups  bridging  second  layer  C  atoms. 

The  Si-terminated  structures,  on  the  contrary,  are  more  complex.  They  are  not  simply  charac¬ 
terized  by  the  bulk-terminated  lattice.  In  this  case  the  surface  topology,  the  large  Si  orbitals 
in  the  small  surface-layer  unit  cell  and  the  lack  of  triple-bonded  Si2  groups  give  rise  to  entirely 
new  reconstructions  which  are  formed  by  Si  uptake  from  the  gas  phase.  Employing  two  basic 
building  blocks  c(4x2),  p(2x2),  (3x2),  and  (5x2)  structures  can  easily  be  formed.  One  of 
these  building  blocks  is  a  Si  dimer,  as  in  the  c(4x2)  and  p(2x2)  structure.  The  other  is  a 
Si  hexamer  as  in  the  (3x2)  structure.  Finally,  the  (5x2)  structure  has  both  a  Si  dimer  and 
a  Si  hexamer  per  unit  cell.  These  mechanisms  do  not  occur  at  the  Si(001)  surface,  since  the 
Si  lattice  constant  is  large  enough  to  allow  for  the  formation  of  strong  Si  dimers  at  the  clean 
surface. 
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Abstract 

We  report  the  presence  of  anisotropic  step-bunching  in  SiC  epitaxy  on  off-oriented  substrates.  This 
is  an  effect  of  step- flow  growth.  The  anisotropic  step-bunching  is  discussed  in  relation  to  the 
temperature  dependence  of  lateral  growth  velocities  and  the  interface  roughness.  The  macrostep 
appearance  is  probably  related  to  formation  of  morphologically  stable  faces  with  low  surface  free 
energy. 


Introduction 

Growth  of  device  quality  4H  and  6H-SiC  layers  is  generally  performed  on  substrates  with  surfaces 
off-oriented  from  the  (0001)  plane  in  the  [1120]  direction.  This  provides  conditions  for 
homoepitaxy,  i.e.  polytype  reproduction  from  the  substrate  to  the  grown  material.  Growth  on  off- 
oriented  substrates  proceeds  via  step-flow  growth.  Most  often  step-bunching  takes  place  during 
growth  and  this  phenomenon  is  a  coalescence  of  several  small  steps  into  larger  steps  with  increased 
step  heights.  This  effect  influences  the  epilayer  quality.  The  step-bunching  is  probably  formed  by  a 
rearrangement  of  the  surface  to  a  hill  and  valley  structure  which  lowers  the  total  surface  free  energy 
even  though  this  causes  an  increasing  surface  area  [1,2]. 

For  step-bunching  in  SiC  epitaxy,  one  has  to  distinguish  between  (i)  microsteps  made  up  of  several 
steps  of  unity  height  (one  Si-C  bilayer);  (ii)  macrosteps  which  consist  of  a  large  number  of 
superimposed  microsteps.  Step-bunching  in  SiC  has  been  studied  earlier  [1,3]  where  most  attention 
was  given  to  the  microsteps.  Those  studies  were  performed  on  thin  layers  (10  pm)  grown  with 
CVD  which  is  the  most  common  technique  for  SiC  epitaxy  with  growth  rates  <5  pm/h.  Further 
advancement  of  SiC  for  high-power  and  high-frequency  applications  may  require  thick  layers  (up  to 
100  jam).  Increased  growth  rates  (several  tens  of  pm/h)  are  thus  preferred.  Higher  growth  rates  and 
thicker  layers  may  have  an  effect  on  the  step  appearance.  Even  though  SiC  growth  has  been  widely 
studied  to  date,  there  still  remain  basic  issues  which  have  not  yet  been  understood. 

We  have  studied  as-grown  surfaces  related  to  macrosteps  and  we  will  provide  an  explanation  for  the 
anisotropic  character  of  step-bunching  which  is  a  fundamental  property  in  SiC  growth.  To  our 
knowledge  this  is  the  first  report  on  the  different  stages  of  anisotropic  step-bunching.  This  was 
possible  since  we  have  studied  as-grown  crystal  surfaces  from  different  high  growth  rate  and  high- 
temperature  growth  techniques  such  as  liquid  phase  epitaxy,  sublimation  epitaxy  and  sublimation 
bulk  growth. 


Experimental 

The  growth  rates  for  the  epitaxial  techniques  are  50-120  pm/h  at  growth  temperatures  1800  to 
1850°C  at  the  substrate  and  usual  layer  thicknesses  vary  from  50  to  120  Jim.  For  details  on  liquid 
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phase  and  sublimation  epitaxy,  see  [4,5].  Surfaces  of  crystals  grown  by  seeded  sublimation  bulk 
growth  [6]  have  been  studied  as  well.  The  surfaces  were  studied  using  optical  microscopy  in 
Nomarski  interference  contrast  (NDIC)  mode,  scanning  electron  microscopy  (SEM)  and  atomic 
force  microscopy  (AFM). 


Results 

Since  the  substrate  surfaces  are  off-oriented  a  few  degrees  in  the  [1120]  direction,  the  steps  on  the 
epilayers  are  expected  to  be  straight  and  perpendicular  to  the  step-flow  direction.  We  observed  that 
for  thick  (>50  pm)  layers  grown  by  sublimation  epitaxy,  the  macrosteps  are  not  completely 
straight.  Typical  features  observed  are  some  sort  of  splicing  or  cross-over  of  steps.  An  illustration 
for  6H-SiC  is  given  in  Fig.  1  but  we  had  similar  findings  for  4H-SiC.  This  splicing  suggests  that 
some  instability  occurs  in  the  course  of  step-flow  growth  giving  rise  to  anisotropic  step-bunching. 
This  effect  was  only  possible  to  observe  using  AFM.  We  could  not  observe  any  features  on  the 
epilayer  surfaces  using  NDIC  microscopy.  Anisotropic  step-bunching  on  atomic  scale  has  been 
observed  on  spiral  grown  hillocks  in  layers  grown  by  CVD  [7].  A  model  was  suggested  based  on 
anisotropic  growth  rates  of  doublet  steps  (0.5^  nm  high)  and  triplet  steps  (0.75  nm  high)  for  4H  and 
6H-SiC,  respectively,  between  adjacent  <11 00  >  directions  due  to  difference  in  the  number  of 
dangling  bonds.  However,  provided  the  jnodel  is  also  valid  for  large  steps,  this  effect  would  cause 
different  widths  of  the  neighbouring  <  11 00  >  facets  on  a  terrace  of  a  macrostep  in  step-flow  growth 
on  off-oriented  substrates.  This  is  obviously  not  the  case  as  observed  in  Fig.  2  where  the  length  of 
the  facets  are  similar.  Consequently  other  explanations  than  given  by  the  model  presented  in  Ref. 
[7]  have  to  be  found.  For  sublimation  grown  epilayers,  we  have  mostly  observed  anisotropic  step- 
bunching  on  the  Si-face  of  6H  and  4H-SiC  but  occasionally  also  on  the  C-face.  The  surface  free 
energy  is  higher  on  the  Si-face  than  on  the  C-face  [8]  and  the  total  surface  free  energy  is  reduced  by 
a  formation  of  the  hill  and  valley  structure.  On  the  C-face  the  surface  free  energy  is  lower  and  the 
hill  and  valley  structure  does  not  appear  to  the  same  extent  which  would  explain  why  anisotropic 
step-bunching  is  more  frequently  found  on  the  Si-face  than  on  the  C-face. 

We  have  observed  similar  splicing  as  shown  in  Fig.  1  for  thin  LPE  grown  layers  (~0.1  (im)  using 
SEM.  The  anisotropic  step-bunching  effect  becomes  pronounced  in  LPE  layers  (Fig.  2)  when  the 
thickness  reaches  a  few  pm.  For  layers  grown  by  LPE,  step  heights  up  to  -1  pm  are  commonly 
observed.  The  apex  of  the  step  caused  by  anisotropic  step-bunching  points  in  the  [1120]  direction. 
The  phenomenon  becomes  even  more  pronounced  in  crystal  growth  at  high  temperatures  as  used  in 
bulk  growth  and  facets  in  the  <  lloo  >  directions  become  well  developed.  Fig.  3. 


Fig.  1.  AFM  height  image  of  a  6H-SiC  layer 
grown  on  a  3.5°  off-oriented  6H-SiC  Si-face 
substrate  for  one  hour  by  sublimation 
epitaxy;  layer  thickness  50  pm. 


Fig.  2.  Large  steps  in  a  4H-SiC  epilayer 
grown  by  LPE;  NDIC  micrograph. 
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Fig.  3.  A  cut  wafer  from  a  4H-SiC  crystal 
top  grown  by  seeded  sublimation  bulk 
growth. 


Fig.  4.  Temperature  dependence  of  vstep/vkink 
ratio;  data  taken  from  [9]. 


Discussion. 

In  the  following,  denote  growth  in  <  lloo  >  and  <  1120  >  directions  as  step  growth  and  kink  growth 
[9],  respectively  (Fig.  3).  It  was  shown  that  the  lateral  velocity  of  steps  (vstep)  and  kinks  (vkink)  are 
different  both  in  case  of  vapor  growth  [9]  and  LPE  [10].  A  step  in  a  certain  direction  contains  small 
straight  steps  and  kinks.  Kinks  are  locations  where  atoms  preferably  attach.  The  kink  density 
increases  with  the  deviation  from  a  <1100>  direction  and  becomes  maximum  in  a  <1120> 
direction.  The  ratio  of  incorporation  probabilities  at  steps  and  kinks  is  directly  given  by  the  ratio  of 
the  lateral  growth  rates  [9].  The  temperature  dependence  of  the  vstep/vkink  ratio  is  shown  in  Fig.  4. 
At  low  temperatures  the  lateral  growth  rate  is  higher  in  a  <1120  >  direction  than  in  a  <lToo> 
direction.  However,  extrapolation  of_the  data  to  higher  temperatures  (Fig.  4)  gives  that  the  lateral 
growth  rate  should  be  higher  in  a  <11 00  >  direction  than  in  a  <  1120  >  direction  (assuming  a  linear 
dependence)  at  temperatures  above  ~1750°C.  Sublimation  epitaxy  and  liquid  phase  epitaxy  are 
typically  performed  at  temperatures  around  1800°C.  At  this  temperature  conditions  for  anisotropic 
growth  are  present.  This  is  in  agreement  with  results  shown  in  Fig.  1  and  Fig.  2  for  sublimation 
epitaxy  and  LPE,  respectively.  In  both  cases  the  growth  temperaure  was  above  1750°C.  For  bulk 
growth,  which  is  applied  at  temperatures  >2200°C,  anisotropic  growth  is  most  pronounced. 

For  characterization  of  epilayer  surfaces,  data  such  as  step  (consisting  of  a  terrace  and  a  riser) 
width,  terrace  width,  riser  width,  step  height,  etc.  have  been  collected.  We  found  that  the  step 
widths  vary  (roughly)  from  30  to  66  nm,  terrace  widths  vary  from  20  to  54  nm,  riser  width  vary 
from  7  to  17  nm,  and  step  height  vary  from  1  to  3  nm  for  6H-SiC  layers  grown  on  the  Si-face  (Fig. 
5a).  For  4H-SiC  step  widths  vary  from  10  to  32  nm,  terrace  widths  vary  from  5  to  20  nm,  riser 
width  vary  from  5  to  12  nm,  and  step  height  vary  from  1  to  4  nm  (Fig.  5b).  Variations  were  also 
found  for  layers  grown  on  C-face  for  both  polytypes.  The  variations  in  the  data  occur  for  one  given 
sample  and  are  probably  given  by  a  growth  instability  as  discussed  below. 

One  question  which  arises  is  why  the  anisotropic  step-bunching  is  more  pronounced  on  layers 
grown  by  LPE  than  sublimation  epitaxy  at  equal  growth  temperatures  and  similar  growth  rates.  The 
surfaces  are  far  more  smoother  on  the  sublimation  grown  layers.  The  interface  roughness,  its 
anisotropy  and  dependence  on  growth  parameters  is  a  very  important  issue  in  crystal  growth.  The 
general  expectation  for  the  same  material  is  that  the  interface  will  be  rougher  in  liquid  phase  growth 
and  smoother  in  vapor  phase  growth  [11].  This  would  explain  why  larger  steps  and  pronounced 
anisotropic  behaviour  is  allowed  to  occur  in  liquid  phase  growth  compared  with  sublimation  growth 
at  equal  growth  temperatures.  The  surface  of  a  growing  crystal  is  bounded  by  interfaces  with 
different  roughnesses  and  the  smoothest  interface  will  eventually  remain  as  the  morphologically 
stable  face  [11].  For  SiC,  the  morphologically  stable  surfaces  on  a  macrostep  will  be  {0001} 


378 


Silicon  Carbide  and  Related  Materials  - 1999 


and  {1  To*}  where  x  differs  for  6H  and  4H-SiC  due  to  different  stacking  sequences.  It  was  reported 
that  for  6H-SiC  {ll04}  is  a  low-index  surface  [12]  whereas  a  corresponding  surface  for  4H-SiC  has 
not  been  reported  to  our  knowledge.  The  interface  roughness  increases  with  increasing  growth 
temperature  [11]  which  explains  why  well  developed  facets  occurs  in  sublimation  bulk  growth  as 
compared  with  the  splicing  features  which  occur  in  sublimation  epitaxy. 
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Fig.  5.  Data  taken  from  AFM  images  of  (a)  6H-SiC  layer  (substrate  off-orientation  3.5°);  (b)  4H- 
SiC  layer  (substrate  off-orientation  8°)  grown  by  sublimation  epitaxy;  terrace  width,  riser  width 
and  step  heigh  vs  step  width;  layer  thicknesses  50  pm. 


Summary 

The  property  of  anisotropic  step-bunching  is  an  important  issue  in  step-flow  growth,  especially  in 
high-temperature,  high  growth  rate  epitaxy.  From  the  results,  step-flow  growth  should  be  applied 
at  temperatures  around  1700-1 800°C  for  reducing  anisotropic  step-bunching  due  to  different  lateral 
velocities  in  the  <lToo>  and  <  1 120  >  directions.  The  growth  parameters  for  individual  growth 
techniques  must  be  carefully  selected  for  achieving  a  small  interface  rougness.  The  appearance  of 
{1  TOO}  facets  suggests  an  anisotropy  in  the  interfacial  energy  which  for  surfaces  perpendicular  to 
{0001}  is  explained  by  a  change  in  the  bond  configuration  from  {1 1 00}  to  {1 120}  surfaces. 

Acknowledgement 

This  work  was  supported  by  the  SSF  program  SICEP  and  Lennanders  Foundation. 

References 

[1]  T.  Kimoto,  A.  Itoh,  and  H.  Matsunami,  Appl.  Phys.  Lett.  66  (1995)  p.  3645. 

[2]  “The  science  of  crystallization:  Microscopical  interfacial  phenomena”,  W.A.  Tiller,  Cambridge 
University  Press,  Cambridge  (1990). 

[3]  T.  Kimoto,  A.  Itoh,  H.  Matsunami,  and  T.  Okano,  J.  Appl.  Phys.  81  (1997)  p.  3494. 

[4]  M.  Syvajarvi,  R.  Yakimova,  H.H.  Radamson,  N.T.  Son,  Q.  Wahab,  I.G.  Ivanov,  and  E.  Janzen,  J. 
Crystal  Growth  197  (1999)  p.  147. 

[5]  M.  Syvajarvi,  R.  Yakimova,  M.  Tuominen,  A.  Kakanakova-Georgieva,  M.F.  MacMillan,  A.  Henry, 

Q.  Wahab,  and  E.  Janzen,  J.  Crystal  Growth  197  (1999)  p.  155. 

[6]  M.  Tuominen,  R.  Yakimova,  A.  Vehanen,  and  E.  Janzen,  Mat.  Sci.  Eng.  B57  (1999)  p.  228. 

[7]  J.A.  Powell,  D.J.  Larkin,  P.B.  Abel,  L.  Zhou,  and  P.  Pirouz,  Inst.  Phys.  Conf.  Ser.  142  (1996)  p.  77. 

[8]  M.  Syvajarvi,  R.  Yakimova,  and  E.  Janzen,  J.  Electrochemical  Soc.  146  (1999)  p.  1565. 

[9]  T.  Kimoto  and  H.  Matsunami,  J.  Appl.  Phys.  76  (1994)  p.  7322. 

[10]  A.E.  Nikolaev,  V.A.  Ivantsov,  S.V.  Rendakova,  M.N.  Mlashenkov,  and  V.A.  Dmitriev,  J.  Crystal 
Growth  166  (1996)  p.  607. 

[11]  “Morphology  of  crystals”,  I.  Sunagawa  (Ed),  Terra  Scientific,  Tokyo  (1987),  p.  515. 

[12]  J.  Yang,  S.  Nishino,  M.  Mehragany,  and  P.  Pirouz,  Inst.  Phys.  Conf.  Ser.  137  (1994)  p.  17. 

Correspondence;  Phone:  +46  13  285708;  Fax:  +46  13  142337;  E-mail:  msy@ifm.liu.se 


Materials  Science  Forum  Vols.  338-342  (2000)  pp.  379-382 
©  2000  Trans  Tech  Publications,  Switzerland 


Observation  of  Macrostep  Formation  on  the  (0001)  Facet  of 

Bulk  SiC  Crystals 

N.  Ohtani*,  M.  Katsuno,  T.  Aigo,  H.  Yashiro  and  M.  Kanaya 

Advanced  Technology  Research  Laboratories,  Nippon  Steel  Corporation, 

20-1  Shintomi,  Futtsu,  Chiba  293-8511,  Japan 

Keywords:  Growth  Surface  Morphology,  Step  Bunching,  Step  Kinetics,  Step  Repulsive  Interaction 


Abstract 

Surface  topography  of  the  (0001)  facet  plane  of  as-grown  6H-SiC  bulk  crystals  was  observed  ex-situ 
by  Nomarski  optical  microscopy  (NOM)  and  atomic  force  microscopy  (AFM).  NOM  observations 
revealed  giant  steps  of  a  few  micrometers  in  height  on  the  (0001)  growth  facet,  and  it  was  found  that  a 
morphological  transition  of  the  growth  facet  occurred  when  the  growth  conditions  were  changed. 
AFM  imaging  of  the  stepped  structure  of  6H-SiC(0001)  detected  steps  of  height  equal  to  the  unit  c- 
lattice  parameter.  They  are  fairly  straight  and  very  regularly  arranged,  giving  rise  to  equidistant  step 

trains.  Upon  nitrogen  doping,  these  regular  step  trains  on  the  6H-SiC(000l)C  surfaces  became 
unstable:  the  equidistant  step  trains  were  transformed  into  meandering  macrosteps  of  height  greater 
than  lOnm. 

Introduction 

The  macrostep  formation  (step  bunching)  is  one  of  the  characteristic  morphological  features  of 
growing  crystal  surfaces,  where  the  spacing  between  succeeding  surface  steps  changes  in  some 
slowly  varying  manner.  These  step  systems  frequently  exhibit  typical  step  heights  which  are 
considerably  greater  than  that  of  a  monolayer.  The  importance  of  the  step  bunching  phenomenon  has 
been  well  recognised  in  crystal  growth  of  many  material  systems.  It  would  have  a  crucial  effect  on 
various  aspects  in  crystal  growth:  for  example,  the  step  bunching  into  macrosteps  may  result  in  a 
dopant  striation  in  grown  crystals  [1],  and  the  resulting  macroscopic  roughness  of  the  crystal  surface 
could  also  affect  the  crystal  quality.  For  thin  film  growth  of  SiC,  macrostep  formation  causes  a 
growth  mode  transition,  from  the  step  flow  to  two-dimensional  (2D)  nucleation,  which  subsequently 
leads  to  undesirable  foreign  polytype  inclusions  in  the  crystals  [2].  In  this  paper,  we  report  on  the 
observation  of  the  growth  surface  morphology  of  bulk  6H-SiC  crystals  and  discuss  the  mechanism  of 
step  bunching  during  sublimation  bulk  crystal  growth  of  SiC. 

Experimental 

6H-  and  4H-SiC  crystals  are  grown  by  the  physical  vapor  transport  (PVT)  method,  where  SiC  source 
powder  sublimes  in  a  heated  graphite  crucible  and  is  recrystallized  on  a  slightly  cooled  seed  crystal. 


Fig.  1.  Nomarski  reflection  optical  micrographs  from  the  6H-SiC(0001)Si  facet  plane: 
(a)  extremely  smooth  growth  facet,  and  (b)  concentric  circular  giant  steps. 
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The  growth  system  and  conditions  used  in  this 
study  were  previously  described  [3].  The  crystals 
were  nominally  undoped  or  n-type  doped  with 
nitrogen  in  the  range  of  mid  1018cnr3.  The  nitrogen 
doping  was  carried  out  by  adding  gaseous  nitrogen 
into  the  growth  ambience.  The  top  of  the  grown 
crystals  was  domed,  where  a  flat  (0001)  facet 
appeared.  The  samples  were  examined  by  both 
Nomarski  optical  microscope  (NOM)  and  atomic 
force  microscope  (AFM).  NOM’  and  AFM 
observations  were  conducted  on  the  (0001)Si  and 

the  (0001)C  facets  of  6H-SiC  bulk  crystals. 


Results  and  Discussion 

Figure  1  shows  NOM  images  of  the  growth  surface 
morphology  of  the  6H-SiC(0001)Si  facet,  where 
either  extremely  smooth  surface  (Fig.  1(a))  or 
concentric  circular  giant  steps  whose  height  was  in 
the  order  of  a  few  micrometers  (Fig.  1(b))  emerged 
on  the  surface.  The  occurrence  of  these  two 
dissimilar  surface  morphologies  appeared  to  be  related  to  the  fluctuation  of  growth  conditions  such  as 
growth  rate.  Larger  growth  rates  generally  yielded  the  giant  steps,  and  smaller  growth  rates  resulted 
in  a  smooth  surface  morphology. 


Fig.  2.  NOM  image  of  the  6H-SiC(0001)C 
growth  facet.  A  clear  hexagonal  symmetry 
around  the  c-axis  with  ridges  in  the  six 

equivalent  <1 120>  directions  was  detected. 


An  optical  microscope  image  of  typical  surface  morphology  observed  on  the  6H-SiC(0001)C  facet 
plane  is  shown  in  Fig.  2.  As  revealed  in  the  figure,  a  clear  hexagonal  symmetry  around  the  c-axis 

with  ridges  in  the  six  equivalent  <1 120>  directions  was  observed.  The  hexagonal  symmetry  reflects 

the  crystallographic  symmetry  of  crystal,  and  the  morphology  on  the  6H-SiC(0001)C  facet  appeared 
stable  even  when  the  growth  conditions,  such  as  growth  rate,  fluctuated. 

For  6H-SiC(0001)Si,  AFM  observations  revealed  a  very  regular  stepped  morphology  for  both  the 
extremely  smooth  facet  and  the  facet  with  the  circular  giant  steps.  Figure  3  shows  a  typical  AFM 
image  of  the  extremely  smooth  (0001)Si  facet  of  nitrogen-doped  6H-SiC,  where  the  observed  area 
was  SfjjnxSiim.  A  striking  feature  of  the  image  is  the  highly  regular  character  of  the  stepped 
structure.  The  steps  do  not  meander  and  are  very  straight.  For  the  undoped  surface,  we  observed 
even  more  regular  equidistant  step  trains. 

The  spacing  between  the  steps  was  also 
fairly  uniform  and  the  average  spacing  was 

around  1.4|im.  In  general,  smooth  vicinal 
SiC(OOOl)  surfaces  are  assumed  to  provide 
steps  of  0.25nm  height,  which  is  the  height  of  a 
single  bilayer  of  Si  and  C  atoms  that  are  stacked 
in  the  c-direction  to  form  various  polytypes. 

The  observed  step  height,  however,  was 
1.5nm,  which  is  six  times  the  bilayer  height  and 
corresponds  to  the  unit  c- lattice  parameter  of 
6H-SiC  (=1.512nm).  Steps  of  height  less  and 
more  than  the  unit  cell  size,  e.g .,  1.25nm, 

2.0nm  and  2.25nm,  were  also  occasionally 
observed,  however  the  surface  was  dominantly 
occupied  by  the  unit  cell  size  steps. 

Figure  4(a)  shows  an  AFM  image  of  the 

undoped  6H-SiC(0001)C  surface,  where  the 
observed  area  was  8.7iumx3jum.  In  the 
figure,  a  highly  regular  stepped  structure  similar  Fi§-  3-  AFM  ima§e  of  the  stepped  structure  of  the 
to  that  on  the  6H-SiC(0001)Si  surface  is  n>trogen-doped  6H-SiC(0001)Si  surface  grown  by 
observed;  equidistant  step  trains  appear  on  the  PVT  method.  The  step  direction  is  from  the 

upper  left  to  the  lower  right. 
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surface  and  most  of  them  have  a  step  height  of 
1.5nm.  The  steps  appear  less  stable  compared  to 
those  on  6H-SiC(0001)Si  and  are  often  decomposed 
into  two  steps  of  identical  height  (0.75nm) 
equivalent  to  three  Si-C  bilayers.  They  are  paired 
and  placed  close  together  (~50nm  apart). 

When  the  crystal  was  doped  with  nitrogen,  the 


stepped  morphology  of  the  6H-SiC(0001)C  surface 
showed  a  drastic  change.  Figure  4(b)  shows  a 

50jumx50jum  AFM  image  of  the  (0001)C  surface 
of  nitrogen-doped  6H-SiC.  The  step  behavior  is 
largely  different  from  that  of  the  undoped  crystal  in 
several  aspects.  A  major  difference  is  the  step 
bunching  behavior:  on  nitrogen-doped  6H- 

SiC(000l)C,  macrosteps,  i.e.7  steps  much  greater 
than  the  unit  cell  dimension,  are  observed.  The 
height  of  macrosteps  ranged  from  7nm  to  greater 
than  15nm,  ten  times  the  unit  height  of  the  6H 
polytype,  and  the  average  spacing  between  the 

macrosteps  was  5 -6pm.  The  macrosteps 

meandered,  and  often  coalesced  into  larger  steps  or 
split  into  smaller  steps.  When  a  larger  area 
observation  was  performed,  the  macrostep  trains 
were  found  to  be  nominally  directed  in  six 


Fig.  4.  AFM  images  of  the  stepped  structure  on 
(a)  the  undoped  and  (b)  the  nitrogen-doped  6H- 


equivalent  <ll00>  directions,  reflecting  the  siC(0001)C  surfaces.  Upon  nitrogen  doping, 
crystallographic  symmetry  of  the  crystal.  The  mean<jerjng  macrosteps  evolved  on  the  surface, 

terraces  between  the  macrosteps  were  occupied  by 
steps  of  height  from  0.5  to  3.0nm,  among  which  the 
occurrence  of  1  .Onm  height  steps  was  relatively  large. 

In  this  study,  we  observed  the  unit  cell  size  steps  on  the  (0001)  surfaces  of  PVT  SiC  crystals, 
which  were  highly  regularly  arranged,  giving  rise  to  an  equidistant  step  train.  In  general,  equidistant 
step  trains  can  be  achieved  both  energetically  and  kinetically.  Asymmetric  step  kinetics  (Schwoebel 
effect  [4])  is  one  mechanism  leading  to  a  regularly  arranged  step  structure,  which  has  a  larger  sticking 
coefficient  for  adatoms  reaching  a  step  from  the  terrace  under  it  compared  to  that  for  adatoms  reaching 
the  step  from  the  terrace  above  it.  Therefore  the  velocity  of  a  step  is  high  when  the  terrace  under  it  is 
wide  and  small  otherwise:  there  is  a  negative  feedback,  wide  terraces  shrink  and  narrow  ones  grow. 
Another  possible  mechanism  is  step  repulsive  interaction,  which  also  gives  rise  to  a  fairly  regular  step 
distribution  through  the  minimization  process  of  the  total  surface  energy.  Both  mechanisms  provide 
similarly  an  equidistant  step  train,  however  we  assume  that  the  highly  regular  character  of  the  step 
trains  observed  on  6H-SiC(0001)  favors  the  step  repulsion  mechanism. 

The  unit  cell  size  steps  observed  on  SiC(OOOl)  greatly  repel  each  other  due  to  the  elastic  step-step 
interaction  [5].  Marchenko  and  Parshin  [6]  derived  an  analytical  expression  for  the  elastic  potential 
between  steps  at  the  surface  of  an  isotropic  solid: 


U(x)  =  m  'T-}((fa)2\ 
jiE  x 


(1) 


Here,  E  and  crare  Young's  modulus  and  Poisson's  ratio,  respectively,  j8  is  the  surface  tension  at  the 
step  (step  stiffness)  and  a  the  step  height.  For  SiC(OOOl),  the  height  of  steps  is  as  large  as  the  c-lattice 
parameter,  so  that  the  step  repulsive  interaction  is  enhanced  by  one  to  two  orders  of  magnitude 
compared  to  those  on  Si(lll)  and  Si(001).  The  extremely  uniform  distribution  of  surface  steps  on 
SiC(OOOl)  is  a  clear  manifestation  of  the  strong  repulsive  step  interaction  on  the  surface. 

As  revealed  in  Fig.  4(b),  the  equidistant  step  trains  of  unit  cell  dimension  were  unstable  against 
nitrogen  doping  of  crystal  and  bunched  into  meandering  macrosteps  of  height  greater  than  lOnm. 
Chien  et  al.  demonstrated  that  a  particular  terrace  with  the  lowest  energy  dominates  the  surface  and  the 
possible  step  bunching  in  6H-SiC  is  the  formation  of  three-bilayer  height  steps  {ABC  or  ACB  layer 
steps)  [7].  Kimoto  etal.  [8]  suggested  that  further  step  bunching  up  to  the  unit  cell  size  steps  results 
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from  the  different  incorporation  probabilities  of  adatoms  at  the  ABC  and  ACB  type  steps  due  to  the 
different  number  of  dangling  bonds  at  the  steps.  However,  the  mechanism  of  further  coalescence  of 
the  unit  cell  size  steps  (macrostep  formation)  has  yet  to  be  clarified. 

Foreign  particles  and  impurities  deposited  on  the  surface  are  a  possible  cause  of  step  bunching,  and 
the  particles  or  impurity  agglomeration  could  be  too  small  to  be  visible  for  the  scanning  size  used. 
However,  we  rarely  observed  sharp  cusps  along  the  steps,  which  are  usually  formed  when  steps  are 
trying  to  squeeze  through  the  fences  of  impurities,  and  thus  the  possibility  of  the  impurity  pinning 
being  the  cause  of  the  step  bunching  is  precluded. 

Asymmetric  step  kinetics  is  another  possible  cause,  leading  to  step  bunching,  which  is  the  opposite 
case  to  that  described  for  equidistant  step  trains:  a  smaller  sticking  coefficient  for  adatoms  reaching  a 
step  from  the  terrace  under  it  and  a  larger  sticking  coefficient  for  adatoms  reaching  the  step  from  the 
terrace  above  it.  However,  such  simple  asymmetric  kinetics  for  incorporation  rates  of  adatoms  from 
the  upper  and  lower  terraces  only  gives  rise  to  local  pairing  of  steps  and  does  not  bring  about  a  large- 

scale  modulation  of  step  density  like  those  observed  on  the  nitrogen-doped  6H-SiC(0001)C  surface. 

Recently  Sato  and  Uwaha  demonstrated  that  such  an  equidistant  step  train  with  a  repulsive  step 
interaction  becomes  unstable  by  the  asymmetric  step  kinetics  and  is  transformed  into  a  density- 
modulated  step  train  at  a  long  wavelength  [9].  We  assume  that  the  nitrogen  adsorption  influences  the 

stepped  structure  of  6H-SiC(0001)C  through  the  modification  of  the  asymmetric  step  kinetics.  The 
adsorbed  nitrogen  enhances  the  incorporation  rate  of  adatoms  from  the  upper  terraces  or  reduces  that 
from  the  lower  terraces;  the  detailed  mechanism  for  this  impurity-induced  asymmetric  step  kinetics  is 
not  clear  at  present.  The  increased  asymmetry  in  step  kinetics  by  the  nitrogen  adsorption  causes  a 
morphological  transition  through  the  competition  against  the  repulsive  step  interaction  (stabilizing 

force):  for  the  undoped  6H-SiC(0001)C,  the  repulsive  step  interaction  dictates  the  equidistant  step 

trains,  while,  for  the  doped  6H-SiC(0001)C,  the  increased  asymmetry  in  step  kinetics  prevails  over 
the  repulsive  step  interaction,  resulting  in  the  step  bunching. 

It  is  clear  from  Eq.  1  that  a  larger  step  energy  (step  stiffness)  /?  yields  a  larger  step  repulsion  force. 
Since  6H-SiC(0001)Si  has  proved  to  be  an  extremely  stable  surface  [10],  a  large  step  energy  and 
consequent  step  interaction  are  expected  during  crystal  growth  on  6H-SiC(0001)Si.  As  revealed  in 
Fig.  3,  equidistant  step  trains  remained  stable  even  under  nitrogen  doping.  For  the  nitrogen-doped 
6H-SiC(0001)Si,  the  strong  step  repulsion  force  due  to  the  large  step  stiffness  overcomes  the 
increased  asymmetry  in  step  kinetics  by  the  nitrogen  adsorption  and  preserves  a  highly  uniform 
equidistant  step  train.  The  extremely  smooth  step  edges  observed  on  the  doped  6H-SiC(0001)Si 
surface  lend  support  to  this  conclusion. 

Finally,  we  note  that  the  existence  of  an  energetic  step-step  repulsion  also  provides  a  natural 
mechanism  for  the  formation  of  giant  steps  observed  on  the  6H-SiC(0001)Si  facet.  For  the  6H- 
SiC(0001)Si  facet,  we  observed  concentric  circular  giant  steps  of  height  in  the  order  of  a  few 
micrometers  when  the  growth  rate  was  large.  Assuming  that  the  steps  emanate  from  a  spiral  growth 
center,  a  larger  growth  rate,  i.e.  larger  supersaturation  results  in  a  smaller  step  separation.  In  general, 
an  isolated  giant  step  costs  more  energy  than  equivalent  height  of  distributed  unit  cell  size  steps. 
However,  with  increasing  growth  rate  (supersaturation)  and  consequently  with  increasing  step 
density,  this  energy  is  outweighed  by  the  decrease  in  step  repulsive  energy  since  the  formation  of 
giant  steps  increases  the  average  separation  between  the  unit  cell  size  steps. 
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Abstract.  Using  thermal  hydrogen  etching  or  a  microwave  powered  hydrogen  plasma  for  ex-situ 
preparation,  a  (\/3x  \/3)R30o  reconstruction  can  be  prepared  on  both  {0001}  oriented  hexagonal  sur¬ 
faces  of  4H  and  6H  silicon  carbide.  Their  structures  are  determined  using  Auger  electron  spectroscopy 
(AES)  and  quantitative  low-energy  electron  diffraction  (LEED).  The  surfaces  of  both  orientations  are 
found  to  be  terminated  by  a  monolayer  of  silicon  oxide,  whose  bond  angles  and  bond  lengths  agree 
with  those  of  bulk  Si02.  This  adlayer  strongly  passivates  the  semiconductor  surfaces.  Thus,  the  recon¬ 
struction  is  stable  in  air  and  against  annealing  up  to  1000°C  in  ultra  high  vacuum.  Due  to  the  epitaxial 
relationship  the  adlayer  may  serve  as  a  seed  for  growing  crystalline  Si02  and  therefore  enable  the 
formation  of  high  quality  Si02/SiC  interfaces. 

Introduction 

One  of  the  shortcomings  in  SiC  device  technology  is  the  poor  electronic  quality  of  the  oxide-semicon¬ 
ductor  interface  compared  to  Si  based  devices.  According  to  a  variety  of  investigations  this  is,  in 
short,  due  to  chemical  disorder  -  which  is  inevitably  related  to  structural  disorder  -  of  the  interface 
region  [1].  In  this  paper  we  introduce  a  preparation  method  which  induces  the  formation  of  an  ideal 
oxide-semiconductor  interface,  i.e.  an  epitaxial  oxide  monolayer  on  both  hexagonal  surfaces  of  6H- 
and  4H-SiC  [2].  The  atomic  geometry  of  this  adlayer  and  the  underlying  SiC  was  determined  using 
Auger  electron  spectroscopy  (AES)  and  quantitative  low-energy  electron  diffraction  (LEED).  We 
discuss  the  structure  of  the  reconstructed  surfaces  and  envisage  potential  applications  of  this  particular 
configuration. 

Experimental 

Both  orientations  of  hexagonal  {0001}  SiC  surfaces  were  investigated.  We  used  commercially  avail¬ 
able  (OOOT)  oriented  6H-  and  4H-SiC  wafers  (CREE,  research-grade)  and  homoepitaxial,  chemical 
vapor  deposition  (CVD)  grown  4H-  and  6H-SiC(0001)  film  samples  (all  material  n-type  doped).  In 
order  to  remove  possible  structural  damages  a  sacrificial  oxidation  was  performed  which,  after  re¬ 
moval  of  the  oxide  with  hydrofluoric  acid  (HF),  yields  atomically  flat  and  bulk  truncated  surfaces 
[3,  4],  Then  the  samples  were  either  etched  in  a  CVD  system  with  H2  gas  flow  under  atmospheric 
pressure  (sample  temperature  1500°C  for  5  min,  H2  flow  3000  seem,  H2  supply  switched  on/off  at 
~1000°C  sample  temperature)  or,  performed  only  with  the  6H-SiC(0001)  samples,  treated  with  hy¬ 
drogen  plasma  (H2  pressure  5xl03Pa,  H2  mass  flow  100  seem,  sample  temperature  ~800°C,  mi¬ 
crowave  power  500  W  for  30  min,  sample  unbiased).  Without  further  treatment  the  samples  were  then 
introduced  into  the  ultra  high  vacuum  (UHV)  analysis  system.  For  the  quantitative  LEED  structure 
analyses  intensity  versus  energy  spectra,  1(E),  were  recorded  using  a  video  LEED  data  acquisition  sys¬ 
tem  [5].  The  spectra  were  also  used  as  a  fingerprint  in  order  to  identify  similar  or  different  structures 
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resulting  e.g.  after  different  preparation  procedures  [3,  4].  Complementary  information  regarding  the 
elemental  composition  of  the  surface  was  obtained  from  AES  measurements. 

Results 

Without  further  treatment  in  the  analysis  cham¬ 
ber,  the  samples  showed  a  well  developed 
(\/3x\/3)R30o  periodic  LEED  pattern  with 
bright  and  sharp  diffraction  spots  and  low  back¬ 
ground  (Fig.  1).  Based  on  comparison  of  the  cor¬ 
responding  1(E)  spectra  we  can  conclude  that  for 
a  given  orientation  the  resulting  structure  does 
neither  depend  on  the  substrate  polytype  nor  on 
the  hydrogen  preparation  used.  The  average  in¬ 
tensity  of  the  fractional  order  beams  was  more 
than  half  of  that  of  the  integer  order  beams  in¬ 
dicative  for  a  rather  strong  reconstruction.  The 
reconstruction  is  stable,  even  when  exposed  to  air  and  reloaded  again,  or  against  degassing  at  tem¬ 
peratures  below  1000°C  in  UHV.  Even  more  remarkable,  on  the  (OOOl)  samples  the  (\/3x\/3)R30o 
reconstruction  withstands  HF  etching.  Upon  reintroduction  after  treatment  in  5%  HF  and  again  in 
50%  HF  (both  for  10  min),  the  samples  showed  basically  the  same  1(E)  spectra  (Fig.  2).  Therefore, 
despite  a  somewhat  higher  background  the  atomic  order  of  the  surface  seems  to  be  preserved  even 
after  such  harsh  treatment.  However,  the  (0001)  oriented  samples  exhibited  a  (1  x  1)  pattern  after  such 
treatments  and  1(E)  spectra  indicated  bulk  truncated  SiC  surfaces  similar  to  those  reported  in  [3,4]. 

Typical  AES  spectra,  obtained  after  degassing,  are  shown  in  Fig.  3.  On  both  surface  orientations, 
besides  the  peaks  of  the  two  bulk  components  silicon  and  carbon,  an  oxygen  signal  and  an  additional 
feature  around  65  eV  originating  from  oxygen-bonded  silicon  is  detected.  Based  on  peak-to-peak 
height  comparison  of  the  differentiated  signals  the  amount  of  oxygen  can  be  roughly  estimated  to  be 
about  one  monolayer.  Both  oxygen-related  signals  vanish  when  the  samples  are  heated  to  tempera¬ 
tures  above  1000°C.  This  is  accompanied  by  an  orientation  specific  change  in  the  atomic  geometry  as 


Figure  1:  LEED  patterns  of  the  ex-situ  prepared, 
as-introduced  (\/3x\/3)R30o  reconstructed  SiC  sur¬ 
faces.  (a)  6H-SiC(000l)  at  164  eV,  (b)  4H-SiC(0001) 
at  115  eV. 


Energy  [eV] 

Figure  2:  LEED  1(E)  spectra  of  the  (||)  spot 
taken  from  one  (\/3xV5)R30o  reconstructed  6H- 
SiC(000l)  sample  after  H2  plasma  preparation,  af¬ 
ter  additional  treatment  with  5%  and  finally  again 
with  50%  hydrofluric  acid,  both  for  10  min  (zero  line 
shifted  for  each  curve;  intensity  scale  enlarged  above 
53  eV).  \ 


Figure  3:  AES  spectra  obtained  for  the 
(\/3  x  \/3)R30o  reconstructed  hexagonal  SiC 
surfaces.  Besides  the  bulk  components  Si  and  C,  an 
oxygen  as  well  as  an  oxygen-related  silicon  signal 
is  detected.  The  inset  displays  the  SIlvv  peak  on  a 
spread  energy  scale. 
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observed  in  the  LEED  pattern:  on  (OOOl)  oriented  surfaces  a  (3x3)  develops  above  1050°C  [6];  the 
LEED  pattern  of  the  (0001)  surfaces  remains  (\/3x\/3)R30o  periodic  when  annealing  above  1000°C. 
However,  the  1(E)  spectra  change  drastically  indicating  a  completely  different  surface  structure  de¬ 
scribed  earlier  [7].  Conclusively,  these  findings  strongly  support  the  assumption  that  oxygen  is  rather 
involved  in  the  reconstruction  than  a  contaminant  in  disordered  areas. 

Figure  4:  (a)  Top  view  of  the  oxide  structure  on  SiC(OOOl). 
The  silicate  adlayer  consists  of  a  honeycomb  structure  with  Si- 
O-Si  bonds.  In  the  center  of  the  hexagons  one  carbon  atom  of 
the  topmost  substrate  bilayer  is  visible  (dark  shaded  area  indi¬ 
cates  the  (1  x  1)-,  light  shaded  the  (\/3  x  \/3)R30o-unit  cell),  (b) 
Sideview  projection  of  (a)  along  the  [0110]  direction,  (c)  Side- 
view  projection  of  the  oxide  structure  on  SiC(0001).  Linear 
Si-O-Si  bonds  connect  the  silicate  layer  and  the  SiC  substrate. 

(a)  @Si 

TV  TT  IT  ¥T #o 

(b) 

%  Si 

©  c 

0  O  Figure  5:  Perspective  sideviews  of  (a)  the  silicate  ad¬ 
layer,  (b)  a  Si02  layer  (Si-O-Si  bonds  are  drawn  lin¬ 
early  for  the  sake  of  simplicity,  in  most  common  Si02 
bulk  structures  those  are  angular  bonds). 

To  derive  a  complete  picture  of  these  oxygen  containing  reconstructions  we  performed  quantitative 
LEED  structure  analyses.  The  electron  scattering  was  calculated  full  dynamically;  Tensor  LEED  and 
an  automated  search  procedure  were  used  for  the  structural  refinement  [5],  The  agreement  between 
computed  and  measured  spectra  was  quantified  by  the  Pendry  R-factor. 

We  first  focus  on  the  (OOOl)  surfaces.  A  silicon  oxide  layer  is  found  to  reside  on  an  otherwise  bulk- 
truncated  crystal  (Fig.  4a+b).  The  two  silicon  atoms  in  the  adlayer  form  a  honeycomb  arrangement. 
Three  oxygen  atoms  each  connecting  two  of  the  silicon  atoms  complete  the  layer  to  a  ring  type 
structure  as  shown  in  the  top  view  (Fig.  4a).  In  the  side  view  (b)  it  can  be  seen  that  these  oxygen 
atoms  reside  above  the  silicon  atoms;  the  vertical  distance  was  determined  to  be  0.47  A.  Given  the 
lateral  lattice  parameter  for  SiC  of  3.08  A,  a  bond  length  of  1.61  A  and  a  bond  angle  <p(Si-0-Si)  of 
146°  can  be  derived  for  the  adlayer.  As  this  structure  resembles  the  layers  found  in  sheet  silicates  we 
denote  the  adlayer  silicate  adlayer.  The  silicon  atoms  of  the  adlayer  are  bonded  to  carbon  atoms  of  the 
topmost  bulk  bilayer  (Fig.  4b).  Note,  that  those  carbon  atoms  maintain  a  fourth  bulk-type  Si-C  bond 
(dsi(adiayer)-c  =  1.90A)  in  this  arrangement.  For  one  carbon  atom  of  the  surface  unit  cell  no  saturating 
adspecies  could  be  found  in  the  LEED  analysis.  However,  due  to  the  nature  of  the  preparation  process, 
hydrogen  is  likely  to  passivate  this  dangling  bond,  though  this  cannot  be  confirmed  by  the  LEED 
analysis  due  to  the  low  scattering  power  of  hydrogen.  The  excellent  quality  of  the  fit,  which  is 
possible  to  be  achieved  by  the  high  degree  of  surface  ordering  resulting  from  our  preparation,  is 
reflected  by  a  rather  low  Pendry  R-factor  of  0.14.  On  the  oxidic  SiC(0001)-(\/3x\/3)R30°  surfaces, 
a  similar  adlayer  is  found,  however,  here  it  is  connected  to  the  silicon  atoms  of  the  underlying  SiC 
bilayer  via  linearly  bridged  oxygen  (Fig.  4c).  A  somewhat  higher  but  still  satisfying  Pendry  R-factor 
of  0.20  is  achieved  for  the  SiC(OOOl)  surfaces.  This  may  be  due  to  the  enhanced  complexity  of  the 
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adstructure  which  in  turn  makes  it  more  difficult  to  achieve  an  equally  high  level  of  order  as  on  the 
(0001)  oriented  samples. 

Discussion 

With  the  results  described  above,  one  can  easily  explain  the  inertness  of  the  hydrogen  treated  surfaces. 
All  atoms  in  the  adlayer  are  saturated,  the  only  remaining  broken  bond  (one  per  (\/3x\/3)R30o 
unit  cell)  is  located  at  carbon  atoms  of  the  topmost  substrate  bilayer  and  therefore  shielded  by  the 
rigid  oxide  adlayer.  Furthermore,  the  structures  determined  provide  a  possible  explanation  for  the 
resistence  against  HF  different  for  the  two  orientations.  Assuming  HF  to  attack  Si-0  but  not  Si-C 
bonds,  on  the  SiC(OOOl)  surfaces  the  adlayer  may  be  only  partially  dissolved,  i.e.  the  silicon  atoms 
of  the  adlayer  should  remain  on  the  surface  due  to  their  Si-C  backbond.  When  taken  out  of  the  HF 
solution,  the  exposed  Si  atoms  would  immediately  oxidize  again  restoring  the  initial  adlayer.  On  the 
(0001)  oriented  surfaces,  however,  with  HF  destroying  all  Si-0  bonds  the  complete  adstructure  is 
removed.  The  subsequent  reoxidation  proceeds  statistically  with  no  long  range  order  resulting  in  the 
known  (1  x  1)  periodic,  bulk-truncated  surfaces  with  statistical  oxygen  coverage  [3, 4]. 

We  can  only  speculate  how  the  ordered  oxide  layers  develop.  Up  to  now,  for  ex-situ  prepared 
samples  only  (lxl)  periodic  diffraction  patterns  were  observed.  Those  reflect  the  symmetry  of  the 
bulk  below  some  disordered  oxide  having  resulted  from  statistical  oxidation  of  the  bulk  truncated 
surface.  Siliconoxide  is  not  stable  during  the  hydrogen-using  preparations.  Therefore,  we  conclude 
that  a  (\/3x  i/3)R30°  ordering  is  triggered  by  the  preparation  which  then  leads  to  the  formation  of 
the  ordered  oxide  layer  when  the  surface  is  exposed  to  air. 

The  surface  structures  described  here  may  find  applications  in  two  areas.  First,  the  inertness  of 
the  sample  can  be  utilized  as  an  effective  passivation  for  this  semiconductor  material.  Second,  the 
general  layout  and  the  geometrical  parameters  of  the  adlayers,  i.e.  Si-O  bond  lengths  of  1 .61  A-l  .63A 
and  Si-O-Si  bond  angles  of  141°- 146°  compare  very  well  to  those  of  typical  Si02  bulk  phases.  By 
only  a  slight  modification  -  every  second  Si  atom  of  the  adlayer  has  to  move  upwards  -  adding  further 
Si02  layers  can  be  facilitated  (see  Fig.  5).  So,  there  might  be  a  chance  that  by  using  the  structures  as 
seed  for  depositing  siliconoxide  a  perfect  epitaxy  between  semiconductor  and  oxide  can  be  obtained. 
This  would  considerably  reduce  the  electronic  interface  defect  density,  a  serious  problem  for  SiC 
based  oxide-semiconductor  structures. 

This  work  was  supported  by  Deutsche  Forschungsgemeinschaft  (DFG)  through  SFB  292.  We 
thank  M.  Stammler  and  K.  Christiansen  for  performing  the  hydrogen  preparations. 
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Abstract.  We  prepared  an  ordered  oxide  adlayer  with  (\/3  x  \/3)R30o  periodicity  on  carbon- 
terminated  6H-SiC(000l)  by  means  of  a  hydrogen  microwave  plasma.  This  adlayer  was  investigated 
by  X-ray  induced  photoelectron  spectroscopy  (XPS)  and  angle  resolved  ultra-violet  photoelectron 
spectroscopy  (ARUPS).  The  XPS  results  are  in  good  agreement  with  the  recently  published  atomic 
structure  of  the  adlayer.  The  ARUP  spectra  reveal  oxygen  derived  surface  states  at  6,  ~10,  and  24  eV 
binding  energy  and  a  dangling  bond  state  0.4  eV  above  the  valence  band  maximum.  The  band  bending 
of  1.1  eV  is  compatible  with  a  description  of  the  dangling  bond  state  as  the  lower  Hubbard  band  with 
a  Hubbard  U  of  >  1.4  eV. 

1  Introduction 

The  formation  of  an  insulating  oxide  layer  on  SiC  is  a  key  requirement  for  any  device  based 
on  this  new  semiconductor  material.  Most  of  the  investigations  performed  by  photoelectron 
spectroscopy  deal  with  the  interface  between  the  SiC  bulk  material  and  amorphous  oxide  layers 
of  different  thicknesses  [1,  2].  In  our  work  we  study  the  atomic  configuration  and  the  electronic 
properties  of  an  ordered  silicon  oxide  with  a  thickness  of  one  monolayer.  For  this  purpose 
we  use  high  resolution  X-ray  photoelectron  spectroscopy  (XPS)  and  angle  resolved  ultra-violet 
photoelectron  spectroscopy  (ARUPS). 

2  Experiment 

The  C-terminated  6H-SiC  samples  (substrate  material  by  Cree  Res.,  Inc.)  were  polished  in  a 
hydrogen  microwave  plasma  (power  500  W,  H2  pressure  5  x  103  Pa,  H2  mass  flow  100  seem, 
sample  temperature  ~  800°C)  which  etches  the  surface  and  yields  ordered  surface  phases.  This 
surface  spontaneously  oxidizes  at  room  temperature  in  atmosphere  and  shows  a  (\/3  x  \/3)R30o 
LEED  pattern  immediately  after  introduction  into  the  vacuum.  Nevertheless,  the  samples  were 
heated  in  situ  up  to  650° C  in  order  to  evaporate  physisorbed  hydrocarbons  and  water.  For 
the  highly  resolved  XPS  and  the  ARUPS  measurements  we  used  synchrotron  radiation  of  the 
Berlin  electron  storage  ring  BESSY.  A  Scienta  analyser  was  used  at  the  monochromator  PM5 
(A E  ^  280  meV  for  the  Si  2p  core  line  at  h.v  =  150  eV).  In  order  to  clarify  the  stoichiometry 
of  the  examined  sample  surfaces  a  curve  fitting  procedure  was  applied  to  the  recorded  "spectra 
using  a  Voigt  line  shape.  The  ARUPS  data  were  acquired  with  a  toroidal  energy  analyser  [3]  at 
TGM4  of  BESSY.  The  energy  resolution  there  was  250  meV  and  the  angular  resolution  about 
±2°. 


388 


Silicon  Carbide  and  Related  Materials  - 1999 


3  Results  and  Discussion 
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Figure  1:  Core  level  spectra. 

\\v—  150  eV  is  more  than  twice  as  large  as  for  hz/=300 
in  a  surface  layer. 


Fig.  1  shows  high  resolution  core 
level  spectra  of  Si  2p  and  C  Is.  They 
were  recorded  with  photon  energies 
which  constitute  “bulk”  sensitive 
(upper  spectra  in  Fig.  1)  and  “sur¬ 
face”  sensitive  (lower  spectra) 
measurements,  respectively.  The  Si 
2p  lines  (left  spectra)  were  fitted  with 
a  bulk  component  (Si  I)  at  a  binding 
energy  of  100.6  eV  below  the  Fermi 
edge  and  a  second  component  Si  II 
shifted  by  1.8  eV  to  higher  binding 
energies.  On  account  of  the  chem¬ 
ical  shift,  Si  II  is  attributed  to  sil¬ 
icon  atoms  bonded  to  three  oxygen 
atoms  and  one  carbon  atom.  The  es¬ 
timated  energy  shift  of  around  1.6  eV 
for  this  configuration  on  the  basis  of 
known  group  shifts  is  slightly  lower. 
As  the  intensity  ratio  Si  11/Si  I  for 
eV  these  silicon  atoms  must  be  located 


For  the  C  Is  spectrum  a  main  component  (C  I)  at 
282.9  eV  is  observed.  Two  further  components  are 
shifted  by  0.8  eV  (C  II)  and  2.1  eV  (C  III)  to  higher 
binding  energies,  respectively.  The  origin  of  C  II  can 
be  explained  with  a  surface  core  level  shift.  As  C 
is  more  electronegative  than  Si  a  missing  Si  bonding 
partner  at  C  atoms  of  the  topmost  SiC  bilayer  causes  a 
decrease  of  valence  charge  density  at  C,  and  therefore, 
the  C  Is  binding  energy  is  expected  to  increase.  C  III 
is  the  contribution  of  small  graphitized  areas  which 
arise  in  the  course  of  the  preparation.  However,  these 
surface  areas  are  negligible  as  judged  by  the  integrated 
intensity  of  C  III  that  amounts  to  no  more  than  5% 
of  the  entire  C  Is  intensity  for  the  surface  sensitive 
spectrum  at  330  eV  photon  energy.  All  these  find¬ 
ings  are  in  agreement  with  a  structural  model  for  this 
reconstruction  as  derived  from  a  LEED  1(E)  analysis 
[4]  :  Si  atoms  which  are  located  on  top  of  C  atoms  in 
Figure  2:  Atomic  configuration  of  the  the  bulk-terminating  substrate  bilayer  are  connected 

silicate  adlayer  on  6H-SiC(0001).  by  oxygen  atoms  m  bridge  sites'  0ne  third  of  the  C 

atoms  in  the  bulk-terminating  substrate  layer  is  not 

bonded  to  a  Si  atom  of  the  oxide  layer  and  thus  has  a  dangling  bond  (Fig.  2) . 

Valence  band  spectra  of  this  surface  were  recorded  at  50  and  60  eV  photon  energy  along  the 
azimuths  FM'  and  fK'.  Figs.  3a  and  3b  show  the  dispersion  of  a  surface  state  S  between  9.1 
and  11.0  eV  binding  energy  below  the  valence  band  maximum  (VBM)  within  the  ionic  gap  of 
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Figure  3:  Valence  band  spectra  for  the  azimuths  (a)  TM'  (hv  =  60  eV)  and  (b)  TK7  (hv  — 
50  eV).  (c)  Normal  emission  spectrum. 
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2,72  2,04  1,36  0,68  0,00  0,79  1,58  2,37 


Surfave  wave  vector  ky  (A1) 

Figure  4:  Energy  dispersion  E(k||)  for  the  azimuths 
I'M'  and  f  K'.  The  zero  of  energy  is  the  valence  band 
maximum. 


the  projected  bulk  band  structure.  The 
dispersion  is  the  same  for  both  pho¬ 
ton  energies  and  it  fullfills  the 
symmetry  requirements  for  the  azimuth 
PM'  (Fig.  4).  On  the  basis  of  pre¬ 
vious  investigations  of  the  electronic 
structure  of  stoichiometric  a-quartz  [5] 
and  amorphous  nonstoi- 

chiometric  silicon  oxide  [6]  we  conclude 
that  the  state  5  corresponds  to 
oxygen(2p)-silicon(3s,3p)  bonding 
states  of  the  well  ordered  silicon  oxide 
monolayer.  Another  feature  at  around 
6  eV  binding  energy  (cf.  Fig.  4)  can  be 
attributed  to  emission  from  the  non¬ 
bonding  oxygen(2p)  state. 
Not  shown  in  the  figures  is  the  core 
like  oxygen(2s)  state  at  24  eV  binding 
energy  which  we  observed  in  our  spec¬ 
tra  as  well. 

There  is  also  a  surface  state  D  around 


0.4  eV  above  the  VBM  (Figs.  3c  and  4)  which  has  considerably  weaker  intensity  than  S  and  does 
not  show  a  distinct  dispersion.  The  energy  of  D  is  typical  for  a  dangling  bond  state  and  indeed 
in  the  structural  model  one  third  of  the  C  atoms  of  the  topmost  SiC  bilayer  has  a  dangling 


bond.  These  dangling  bonds  are  saturated  by  adsorbates  when  the  sample  is  exposed  to  air 
after  the  plasma  treatment  because  the  energy  of  any  bonding  state  is  considerably  lower  than 
the  dangling  bond  state.  Therefore,  the  state  D  is  not  visible  in  the  spectra  before  annealing. 
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a)  Valence  band  (normal  emission) 


43,5  44,0  44,5  45,0  45,5  46,0  46,5 
Kinetic  energy  (eV) 


annealed  at  650°C 


eVKK  =  1.1  eV 


PZZZZ2>QD: 

VBM 


U>1.4eV 


Qc 


Figure  5:  a)  Surface  state  D  above  VBM.  b)  Band  bending  after  annealing. 


D  is  located  around  1.4  eV  below  the  Fermi  energy  EF  (Fig.  5a)  which  is  in  contradiction  to 
the  expectation  that  for  one  dangling  bond  per  surface  unit  mesh  a  half  filled  surface  band 
crosses  the  Fermi  edge.  One  possible  explanation  could  be  that  D  is  more  likely  due  to  a 
disordered  array  of  dangling  bond  defect  states  rather  than  a  surface  state  band.  On  the  other 
hand  the  question  arises  if  D  should  be  identified  with  the  lower  Hubbard  band  of  a  highly 
correlated  surface  band.  This  possibility  was  discussed  for  the  (\/3  x  \/3)R30o  reconstruction 
on  Si-terminated  4H-  and  6H-SiC(0001)  [7].  In  this  context  we  consider  the  experimentally 
observed  band  bending  eVbb  of  1.1  eV  after  annealing  (Fig.  5b).  This  indicates  that  the  energy 
position  of  is  pinned  by  a  negative  surface  charge  Q5  at  1.8  eV  above  the  VBM.  If  we 
assume  that  Hubbard  bands  are  established  and  Qs  resides  in  the  upper  Hubbard  band  then 
we  deduce  from  the  pinned  position  of  EF  1.4  eV  above  D  that  1.4  eV  is  a  lower  limit  for  the 
Hubbard  correlation  energy  U.  From  the  measured  value  of  eVbb  we  can  estimate  that  Qs  is 
only  about  1%  of  the  charge  density  which  resides  in  the  dangling  bond  state  D.  Therefore, 
Qs  is  not  sufficient  to  be  detected  in  the  spectra. 

In  summary,  we  prepared  a  well  ordered  silicon  oxide  adlayer  with  (v^  x  \/3)R30o  periodicity 
on  6H-SiC(0001).  The  electronic  structure  of  this  adlayer  is  characterized  by  oxygen  derived 
states,  in  particular  a  dispersing  0(2p)-Si(3s,3p)  bonding  state,  and  a  dangling  bond  state 
above  the  VBM. 

This  work  was  supported  by  BMBF  under  contract  No.  05  SE8  WEA0,  and  by  the  Deutsche 
Forschungsgemeinschaft,  SFB  292. 
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Abstract  We  present  a  photoemission  study  of  a  highly  ordered  silicate  adlayer  structure  on  Si- 
terminated  6H-SiC  showing  a  (V3xV3)R30°  LEED  pattern.  The  adlayer  has  a  nominal  stoichiometry 
of  SiC>2  and  forms  during  the  preparation  of  6H-SiC  (0001)  at  1000  °C  in  5  - 1 04  Pa  of  hydrogen.  The 
binding  energy  signature  of  the  Si  2p  (three  components),  C  Is  (one  component)  and  O  Is  (one 
component)  core  level  spectra  is  compatible  with  a  structural  model  of  the  adlayer  as  derived  from  a 
previously  published  LEED  analysis.  Angle  resolved  valence  band  spectra  show  a  surface  state  in 
the  ionic  gap  of  SiC  assigned  to  Si-0  bonding  states.  A  silicon  dangling  bond  state  that  is  expected 
on  the  basis  of  the  structural  model  for  the  adlayer  is  not  observed.  An  analysis  of  the  relative 
intensities  of  the  three  Si  2p  components  indicates  that  the  dangling  bond  is  initially  hydrogen 
terminated  and  transforms  into  a  Si-0  bond  above  500  °C. 


Introduction 

The  production  of  high  quality  MOSFET  devices  on  SiC  requires  a  thin  insulating  layer  with  a  low 
density  of  defect  states.  As  on  silicon  the  most  convenient  insulating  material  for  SiC  is  Si02  since 
it  is  readily  formed  by  thermal  oxidation  at  temperatures  of  about  1 100°C.  However,  up  to  now  it  is 
not  possible  to  produce  Si02  layers  on  SiC  with  low  interface  defect  densities.  All  studies  report 
defect  densities  about  two  magnitudes  higher  than  those  attained  at  the  Si/Si02  interface.  The 
problem  appears  to  be  the  efficient  removal  of  excess  carbon;  a  carbon  cluster  model  was  proposed 
which  could  explain  the  poor  interface  properties  by  invoking  sp2-  and  sp3-  bonded  carbon  clusters 
which  remain  at  the  SiC/SiC>2  interface  after  oxidation  [1,2]. 

Here  we  consider  a  highly  ordered,  oxygen  rich  (V3xV3)R30°  reconstruction  that  develops  during  a 
hydrogen  treatment  of  6H-SiC  (0001)  at  elevated  temperatures.  According  to  a  LEED  study  a  model 
for  this  surface  was  developed  that  involves  a  silicate  adlayer  structure  on  top  of  SiC  with  a  two 
dimensional  network  of  Si  atoms  connected  by  oxygen  bridges  to  form  hexagonal  rings.  Each  Si 
atom  is  furthermore  connected  to  the  topmost  bulk  silicon  atom  of  SiC  by  a  linear  oxygen  bridge 
[3].  This  surface  might  be  an  excellent  starting  point  for  the  growth  of  SiC>2  on  SiC  to  improve  the 
interface  qualities  since  it  is  stable  in  ambient  air  and  the  bond  lengths  and  angles  of  the  adlayer  fit 
those  of  bulk  SiC>2  quite  well. 

We  present  here  a  study  of  this  surface  using  high  resolution  core  level  and  angle  resolved 
photoelectron  spectroscopy.  The  nature  of  the  Si  2p,  C  Is  and  Ols  core  level  spectra  and  of  valence 
band  features  are  discussed  in  terms  of  the  atomic  structure  given  by  the  LEED  model. 
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Experiment 

In  order  to  produce  the  (V3xV3)R30°  surface  phase  the  SiC  samples  (epitaxially  overgrown  6H-SiC 
(0001),  CREE  Research)  where  first  treated  chemically  and  subsequently  introduced  into  the 
preparation  chamber  with  a  base  pressure  of  2xl0"6  Pa.  Using  infrared  radiation  the  sample  mounted 
on  a  graphite  susceptor  inside  a  quartz  tube  was  heated  to  1000  °C  in  a  hydrogen  (6.0)  atmosphere. 
The  H2  pressure  was  5*104  Pa  and  a  gas  flow  of  4  slm  was  maintained  30  min.  To  avoid  atmospheric 
contamination  the  samples  were  transferred  under  ultra  high  vacuum  (UHV)  conditions  between 
preparation  and  analysis  chambers.  Here  they  were  examined  by  photoelectron  spectroscopy  and  the 
surface  reconstruction  was  verified  by  LEED.  The  core  level  spectra  were  taken  using  the  Mg  Ka 
line  as  exciting  source  and  at  higher  resolution  the  PM5  beamline  at  the  BESSY  storage  ring.  The 
angle  resolved  photoemission  measurements  were  also  carried  out  at  the  BESSY  storage  ring 
(beamline  TGM4)  using  a  toroidal  energy  analyzer  [4]  with  an  energy  resolution  of  0.25  eV  and  an 
angle  resolution  of  ±2°.  All  core  level  spectra  were  fitted  using  Voigt  functions. 

Additionally,  the  sample  was  heated  up  to  1300  °C  in  UHV  to  study  the  temperature  stability  of  the 
silicate  adlayer  structure.  The  annealing  temperatures  were  measured  with  an  optical  infrared 
pyrometer  which  measures  the  temperature  of  the  sample  holder  and  the  real  sample  temperatures 
are  about  150°C  lower  with  an  error  of  ±  50  °C  [5]. 

Results  and  Discussion 

The  LEED  pattern  of  the  as  prepared  sample  is  depicted  in  Fig  la)  and  shows  a  clear  (V3xV3)R30° 
structure.  Annealing  the  sample  at  1200°  leads  to  a  (lxl)  LEED  pattern  (Fig.  lc)  via  an  intermediate 
state  in  the  range  of  1000°C  to  1 100°C  with  increased  background  intensity  and  streaks  between  the 
reconstruction  reflexes  (Fig.  lb).  This  points  towards  a  structural  change  of  the  surface  which  is  also 
observable  in  the  Si  2p  core  level  and  in  the  valence  band  spectra.  A  set  of  core  level  spectra  for  the 
as  prepared  surface  is  shown  in  Fig.  2. 


a)  b)  c) 


Fig.  1.  LEED  pictures  from  the  as  prepared  surface  (a),  after  annealing  at  1000°C  (b)  and  1200°C  (c). 

The  C  Is  spectrum  shows  one  component  which  must  be  ascribed  to  bulk  SiC.  Also,  the  O  Is 
spectrum  shows  essentially  one  component  in  agreement  with  the  adlayer  model  where  oxygen  is 
bonded  in  one  configuration  only,  namely  in  the  Si-O-Si  bridge  bond.  The  Si  2p  core  level  spectra 
exhibit  three  components.  Si  I  can  be  attributed  to  bulk  SiC  and  Si  II  to  Si  atoms  in  a  C3-Si-0 
environment  which  form  the  anchoring  atoms  for  the  adlayer.  Si  III,  finally  represents  the  Si  atoms 
in  an  04-Si  environment  which  constitute  the  adlayer.  The  chemical  shifts  of  0.6  eV  (Si  II  -  Si  I)  and 
1.8  eV  (Si  III  -  Si  I)  are  in  agreement  with  this  assignment  on  the  basis  of  known  group  shifts  for 
Si-C  and  Si-0  bonds. 

According  to  the  structural  model  a  fourth,  chemically  different  Si  atom  at  the  SiC  (0001)  surface  is 
present  [3].  This  atom  is  situated  below  the  center  of  the  ring-like  structure  of  the  adlayer  and  is  not 
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connected  to  the  adlayer.  Therefore  it  should  ideally  carry  one  dangling  bond.  The  corresponding 
Si  2p  core  level  component  which  corresponds  to  a  Si-C3  unit  is  expected  at  a  binding  energy  0.3  eV 
lower  than  that  of  Si  I  where  it  is  not  observed.  We  argue  that  the  dangling  bond  is  initially  saturated 
by  hydrogen.  The  resulting  C3-Si-H  is  expected  to  have  a  binding  energy  close  to  the  bulk 
component  Si  I  because  the  electronegativities  of  C  and  H  are  similar  and  is  thus  not  resolved. 


Relative  binding  energy  (eV) 


Fig.  2.  Photoemission  spectra  from  the  Si  2p,  C  Is  and  O  Is  core  levels  after  the  hydrogen  treatment.  The  Si 
2p  spectrum  was  measured  with  a  resolution  of  0.28  eV  and  the  C  Is  and  O  Is  core  levels  with  a  resolution 
of  0.7  eV. 


This  expectation  is  bom  out  by  the  annealing  series.  Between  450  °C  and  800  °C  a  transfer  of 
intensity  from  the  Si  I  to  the  Si  II  component  takes  place  while  Si  III  and  the  LEED  pattern  remain 

unchanged  (see  Fig.  3).  We  interpret  this  as  a 
replacement  of  the  H  by  O  as  a  means  to  saturate  the 
dangling  bond  (Ca-Si-H  is  replaced  by  C3-Si-0). 
Above  900  °C  the  destruction  of  the  ordered  SiC>2 
adlyer  sets  in.  It  is  accompanied  by  an  oxidation  that 
encompasses  previously  unoxidized  Si  atoms  of  the 
substrate.  This  process  is  evident  by  the  increase  of 
the  Si  III  signal  (SiC>2)  in  the  Si  2p  spectra  at  the 
expense  of  all  other  components  and  by  the  blurring 
of  the  LEED  pictures. 

In  Fig.  4  we  compare  angle  resolved  valence  band 
spectra  taken  at  four  different  polar  angles  along  the 
TK’  azimuth  for  the  C-  and  the  Si-terminated  6H- 
SiC  surfaces.  Both  surfaces  have  undergone  a 
hydrogen  treatment  and  exhibit  a  very  similar 
silicate  adlayer  structure  with  a  (V3xV3)R30°  unit 
mesh  [6].  They  differ  essentially  in  the  anchoring  of 
the  silicate  adlayer:  through  Si-O-Si  bonds  _on  6H- 
0  200  400  600  800  1000  1200  SiC  (0001)  and  C-Si  bonds  on  SiC  (0001).  Not 

Annealing  temperature  (°C)  surprisingly,  both  sets  of  spectra  contain  in  addition 

Fig.  3.  The  intensity  ratio  of  the  components  Sil,  to  bulk  related  states  common  features  related  to  the 
Sill  and  Siffl  to  the  total  Si  2p  signal  as  a  silicate  adlayer.  These  are  the  O  2py  lone  pair  state 
function  of  the  annealing  temperature  is  at  6  eV  below  the  valence  band  maximum  (VBM) 
depicted  in  the  upper  picture.  The  lower  picture  and  a  surface  state  S  that  falls  into  the  ionic  gap  of 
shows  the  intensity  ratio  of  the  components  the  bulk  bands.  This  state  has  Si-0  bonding 
Sil/Sill.  character  [6].  The  two  sets  of  spectra  differ, 

however,  in  one  important  aspect.  The  spectra  of  the  C-terminated  surface  show  emission  from  a 
surface  state  D,  0.4  eV  above  VBM,  i.  e.  in  the  fundamental  gap  of  SiC.  This  state  which  appears 
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after  annealing  at  650°C  was  assigned  to  the  dangling  bonds  of  C  atoms  that  are  the  analog  of  the  Si 
dangling  bonds  discussed  above.  The  absence  of  this  dangling  bond  derived  surface  state  on  the  Si 
side  is  in  agreement  with  our  analysis  of  the  Si  2p  spectra  in  connection  with  Fig.  3.  It  is  obviously 
the  higher  reactivity  of  the  Si  radical  compared  to  the  C  radical  that  prevents  the  stability  of  silicon 
dangling  bonds  after  H  has  been  desorbed.  This  brings  us  to  our  last  point,  the  formation  of  the 

silicate  adlayer.  The 
hydrogenation  and  all 
further  treatments  of  the 
sample  are  performed  in 
nominally  oxygen-free 
atmospheres.  Therefore, 
only  residual  oxygen 
contamination  of  the  H2 
©  =40°  or  oxygen  desorbing 

from  the  quartz  reactor 
©  =22°  wall  can  be  made 

responsible  for  the 
0_o°  formation  of  the  silicate 

0  =  -28°  adlayer.  It  should  be 

stressed,  however,  that 
the  hydrogen  treatment  is 
necessary.  The  ordered 
Fig.  4.  Comparison  of  angle  resolved  valence  band  spectra  at  four  different  ox*^e  layer  cannot  be 

polar  angles  along  the  FK’  azimuth  for  the  C-  and  the  Si-terminated  6H-SiC  produced  by  heating  the 

surfaces.  as  prepared  sample  with 

a  nominally  unrecon¬ 
structed  (lxl)  surface  up  to  1100°C  in  ultra  high  vacuum  nor  by  doing  the  same  thing  with  an 
additional  exposure  to  300L  of  02. 

Summary 

We  have  prepared  an  ordered  silicate  adlayer  with  a  (V3xV3)R30°  unit  mesh  on  Si-terminated  6H- 
SiC  by  a  thermal  treatment  in  H2.  The  Si  2p,  O  Is,  C  Is  core  level  and  the  valence  band  spectra  are 
in  agreement  with  a  structural  model  for  this  adlayer  derived  from  a  LEED  analysis.  The  exception 
is  a  dangling  bond  state  that  is  expected  for  every  third  bulk-terminating  Si  atom  on  the  basis  of  this 
model  and  that  is  not  observed.  We  present  evidence  that  this  dangling  bond  is  hydrogen  terminated 
for  temperatures  below  about  450°C  and  oxygen  terminated  above.  The  ordered  adlayer  is  stable  in 
vacuo  up  to  1000°C;  beyond  that  temperature  a  redistribution  of  the  oxygen  occurs  that  destroys  the 
ordered  adlayer. 
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The  initial  oxidation  of  the  Si-terminated  6H-SiC(000 1)3x3  reconstructed  surface  is  studied 
by  core  level  photoemission  spectroscopy  using  synchrotron  radiation.  Even  at  low  temperatures 
(500°C),  the  direct  oxidation  of  the  6H-SiC(000 1)3x3  surface  leads  to  Si02  formation  with  a  non 
abrupt  interface  including  significant  amounts  of  intermediate  (Si3+,  Si2+,  Si+)  and  mixed  (Si-O-C) 
oxidation  products.  In  contrast,  thermal  oxidation  using  same  conditions  of  a  pre-deposited  Si 
overlayer  leads  to  C-free  and  abrupt  Si02/6H-SiC(0001)  interface  formation. 


1.  Introduction 

Silicon  carbide  surface  passivation  remains  one  of  the  key  issues  in  successful  SiC  device 
technology  [1-3].  However,  it  is  only  recently  that  very  important  progress  has  been  achieved  into 
the  knowledge  of  SiC  surfaces  and  interfaces  [1,4,5].  Silicon  has  been  the  semiconductor  of 
choice  for  microelectronics  in  part  because  of  the  excellent  properties  of  its  native  oxide  (Si02)  and 
the  low  defect  density  of  Si02/Si  interface.  In  this  view,  SiC  appears  to  be  also  promising  since  its 
native  oxide  is  also  Si02  [1,2].  Nevertheless,  the  Si02/SiC  interface  has  generally  poor  electrical 
properties:  due  to  the  presence  of  C,  conventional  oxidation  results  in  mixed  oxides  products 
including  carbon  and  rough  interfaces  with  high  density  of  interface  states  [1,2, 6, 7].  SiC 
oxidation  has  been  investigated  by  various  experimental  electrical  and  spectroscopic  techniques 
using  different  approaches  such  as  oxygen  chemisorption,  plasma  assisted  oxidation,  thermal 
oxidation  or  catalytic  oxidation  [1-3,6-14].  However,  most  of  hexagonal  a-SiC  oxidation  studies 
have  been  performed  on  non-reconstruction  specific  surfaces.  Interestingly,  surface  reconstruction 
and  composition  have  been  shown  to  play  a  crucial  role  in  cubic  b-SiC(lOO)  initial  surface 
oxidation  [2,1 1].  In  order  to  achieve  rather  abrupt  interfaces,  especially  for  thin  passivation  layers, 
it  is  indeed  important  to  initiate  surface  oxidation  on  well  controlled  and  defined  surfaces. 

In  this  work,  we  study  Si02/6H-SiC(0001)  interfaces  by  core  level  photoemission 
spectroscopy  using  synchrotron  radiation,  which  provides  much  higher  energy  resolutions  than 
conventional  x-ray  sources  allowing  easier  identification  of  oxide  products.  We  use  the  6H- 
SiC(000 1)3x3  surface  reconstruction  terminated  by  4  layers  of  Si  atoms  [5].  The  initial  Si02/6H- 
SiC(000 1)3x3  interface  formation  is  studied  in  two  manners:  i)  direct  surface  oxidation  and  ii) 
oxidation  of  a  pre-deposited  Si  layer  onto  the  6H-SiC(000 1)3x3  surface.  For  a  low  02  exposure 
(1000  L)  at  a  low  temperature  (500°C)  the  Si-oxide/6H-SiC  interface  is  not  abrupt,  including 
significant  amounts  of  intermediate  (Si3+,  Si2+,  Si+)  and  mixed  (Si-O-C)  oxides  when  directly 
grown  on  the  6H-SiC(000 1)3x3  surface.  In  contrast,  using  same  conditions,  the  Si-covered  6H- 
SiC(000 1)3x3  surface  oxidation  results  in  dominant  Si02  product  and  leads  to  an  interface 
formation  containing  smaller  amount  of  low  oxidation  states  resulting  with  a  more  abrupt  Si02/SiC 
interface  having  a  carbon-free  oxide  layer. 


2.  Experimental  Details 

The  photoemission  experiments  were  performed  at  the  Synchrotron  Radiation  Research 
Center  in  Hsinchu  (Taiwan)  using  the  6m-HSGM  monochromator  beam  line.  The  photoelectron 
energy  was  measured  by  a  VSW  spherical  electrostatic  analyzer  having  a  150  mm  radius.  The 
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overall  (monochromator  and  analyzer)  energy  resolution  was  180  meV  at  Si  2p  and  360  meV  at  C 
Is  core  levels.  The  pressure  in  the  vacuum  chamber  was  in  the  1011  Torr  range.  We  used  a 
nitrogen  doped  n-type  6H-SiC(0001)  sample  having  a  low  step  density  Si  face.  Native  oxides 
removal  was  achieved  by  UHV  annealing  at  1150°C  resulting  in  C-rich  surface.  Subsequent  Si 
deposition  at  650°C  for  10  minutes  followed  by  a  2  minutes  annealing  at  750°C  produce  a  clean 
6H-SiC(0001)3x3  surface  as  checked  by  sharp  low  energy  electron  diffraction  (LEED)  3x3 
patterns.  02  exposures  were  performed  with  research  grade  oxygen.  We  have  decomposed  the  Si2p 
spectra  using  conventional  peak  fitting  procedure  with  Voigt  functions  using  branching  ratio  of 
0.52,  a  spin-orbit  splitting  of  0.608  eV  and  a  0.15  eV  Lorentzian  width. 


3.  Results  and  Discussion 


We  use  the  Si2p  core  level  to  follow  the  500°C  oxidation  process  for  an  oxygen  exposure  of 
1000L  (1  Langmuir  =  1  L  =  106  Torr.sec)  on  the  6H-SiC(000 1)3x3  surface.  Fig.  la  displays  the 
Si2p  spectrum  recorded  at  grazing  photoelectron  emission  and  using  a  150  eV  photon  energy  to 
optimize  surface  sensitivity.  The  spectrum  exhibits  large  core  level  chemical  shifts  at  higher 
binding  energy  related  to  different  oxidation  states.  The  clean  6H-SiC(000 1)3x3  surface  shows 
Si2r,  core  level  surfaces  shifted  components  [15].  We  have  performed  peak  curve  decomposition 
ana  fitting  including  the  Si  2p  core  level  for  the  non-oxidized  clean  SiC  surface.  The  origin  of  the 
relative  binding  energy  scale  is  set  at  99.2  eV,  i.e.  the  binding  energy  of  Si  2p  for  clean  silicon. 
The  Si  2p  core  level  for  the  clean  6H-SiC(0001)3x3  surface  reconstruction  exhibits  three 
components  labeled  A  (0.2  eV),  B  (0.6  eV)  and  C  (1.2  eV)  that  are  assigned  to  Si-adatoms  (A) 
and  to  trimers  +  Si  ad-layer  plane  located  underneath  (B)  and  to  bulk-like  Si  atoms  (C)  [15], 
following  the  6H-SiC(000 1)3x3  surface  reconstruction  model  [5]. 

The  Si2p  peak  decomposition  shown  in  Figure  la  allows  us  to  identify  the  oxidation 
products.  Note  that  using  conventional  peak  decomposition  for  Si  surfaces  with  oxidation  states 
(Si+,  Si2+,  Si3+  and  Si4+)  shifted  by  0.9  eV,  1.8  eV,  2.6  eV  and  3.9  eV  from  Si2p  core  level  [16] 
does  not  give  any  satisfactory  fitting  in  the  present  case.  The  dominant  oxide  peak,  labeled  Si4+,  is 
shifted  by  4.5  eV  to  higher  binding  energies  which  would  correspond  to  Si02  formation  [17].  This 
large  chemical  shift,  compared  to  what  is  observed  for  thin  Si02  films  on  clean  Si  surfaces  (3.9 
eV)  is  similar  to  what  is  observed  for  thicker  Si02  films  (>  50  A)  and  is  principally  due  to  different 
Si-0  bond  angles  [17].  Since  the  oxide  layer  here  is  very  thin  (~  10  A),  this  large  core  level  shift 
indicates  that  the  Si-0  bond  angles  for  the  Si02/6H-SiC(000 1)3x3  interface  are  close  from  that  of 
bulk-like  silicon  dioxide.  In  the  same  way,  the  other  oxidation  products  peak  components  rise  at 
significantly  higher  binding  energies  compared  to  what  is  observed  for  Si.  These  chemical 
components  shifted  by  3.2  eV,  2.5  eV  and  1.9  eV  denotes  a  rather  complex  interface  formation 
and  can  be  assigned  to  Si3+,  Si2+  and  Si+  respectively.  However,  the  2.5  eV  component  (Fig.  la) 
is  of  special  interest  since  it  is  unlikely  to  result  only  from  the  Si2+  oxidation  state  but  probably 
includes  other  contributions,  possibly  from  C  atoms. 

Additional  information  about  the  Si02/6H-SiC(000 1)3x3  interface  formation  could  be 
found  when  looking  at  the  Cis  core  level  evolution  upon  a  1000  L  02  exposure  at  500°C.  Fig.  lb 
displays  the  Cls  core  level  for  clean  and  oxidized  6H-SiC(000 1)3x3  surfaces.  The  behavior  of  the 
Ci.  peak  is  of  special  interest  since  it  is  only  slightly  affected  with  a  26%  broadening  and  no  major 
chemical  shift.  This  broadening  suggest  that  the  C  atoms  are  somehow  involved  in  the  oxidation 
process,  bonded  to  both  O  and  Si  atoms  as  Si-O-C  species  which  can  be  correlated  to  the  2.5  eV 
core  level  shift  that  is  observed  at  the  Si2p  core  level.  At  this  point,  both  Cls  and  Si2o  core  levels 
suggest  that  the  interface  between  SiC  and  Si02  is  not  really  abrupt  and  involves  “mixed”  oxide 

We  now  use  a  different  approach  to  passivate  the  6H-SiC(0001)  surface.  To  achieve  Si02 
growth  on  the  surface,  we  first  deposit  at  room  temperature  a  Si  thin  film  (few  atomic  layers)  onto 
a  3x3  reconstructed  surface  and  then  expose  it  to  1000L  02  at  500°C,  as  for  the  3x3  surface 
reconstruction.  The  Si2p  core  level  (Fig.  2a)  shows  that  the  dominant  spectral  feature  is  the 
component  shifted  by  4.5  eV  to  higher  binding  energies,  indicating  that  Si02  is  the  major  oxidation 
product.  When  compared  to  the  case  of  the  6H-SiC(0001)  3x3  surface  oxidation  (Fig  la),  one  can 
cle^ly  see  that  the  interface  is  more  abrupt  with  less  intermediate  oxides.  In  addition,  the  intensity 
Si2p  component  (Fig.  2a)  is  considerably  smaller  when  compared  to  the  6H- 
MC(OUOl)  3x3  surface  (Fig.  la)  indicating  that  the  relative  importance  of  the  mixed  Si-O-C  oxide 
is  significantly  decreased. 


.  T*!f  evidence  of  a  more  abrupt  interface  can  be  also  suggested  by  looking  at  Fig.  2b  which 
displays  the  Cls  core  level  for  the  clean  and  oxidized  Si/6H-SiC(0001)  surfaces.  In  opposition  to 
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02  /6H-SiC  (0001)  3x3 


FIG  1:  1000  L  of  02/6H-SiC(0001)  3x3  at  500°C: 

a)  Si2p  core  level  recorded  at  a  photon  energy  of  hv  =  150  eV  and  grazing  emission  angle 
(surface  sensitive  mode).  The  binding  energy  scale  is  relative  to  Si2p  binding  energy  (99.2  eV) 

for  a  silicon  surface.  The  surface  and  bulk  shifted  components  A,  B,  and  C  ( . )  and  the 

chemically  shifted  components  ( - )  are  also  displayed. 

b)  C,s  core  level  shift  for  clean  and  oxidized  (as  above)  surfaces  recorded  at  a  photon  energy  of 
hv  =  330  eV  and  grazing  emission  angle  (surface  sensitive  mode). 


02  /Si/6H-SiC  (0001) 


FIG  2. 1000  L  of  02/Si/6H-SiC(0001)  at  500°C: 

a)  Si2p  core  level  recorded  at  a  photon  energy  of  hv  =150  eV  and  grazing  emission  angle 
(surface  sensitive  mode).  The  binding  energy  scale  is  relative  to  Si2p  binding  energy  (99.2  eV) 

for  a  silicon  surface.  The  Si2p  for  SiC  ( . )  and  the  chemically  shifted  components  (  )  are 

also  displayed. 

b)  Cis  core  level  shift  for  clean  and  oxidized  (as  above)  surfaces  recorded  at  a  photon  energy  of 
hv  =  330  eV  and  grazing  emission  angle  (surface  sensitive  mode). 
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behavior  of  the  6H-SiC(0001)  3x3  surface  upon  exposure  to  1000L  of  02  at  500°C,  the  Cls  core 
level  peak  intensity  is  decreased,  but  keeps  the  same  line  width  at  0.68  eV.  This  result  indicate 
clearly  that  the  C  atoms  are  not  significantly  involved  in  the  interface  formation,  and  are  probably 
oxidized  as  CO  or  C02  molecules  that  are  most  likely  desorbed  from  the  surface/interface  region 
[12,13].  Taking  into  account  the  Si2«  spectrum  (Fig.  2b)  that  shows  a  much  more  abrupt  interface, 
this  result  support  an  interface  model  in  which  the  oxidation  layer  is  lying  on  a  carbon  plane. 


4.  Conclusions 


In  conclusion,  using  core  level  photoemission  spectroscopy  with  synchrotron  radiation,  we 
have  shown  that  the  oxidation  of  a  pre-deposited  Si  thin  film  on  the  6H-SiC  surface  leads  to  a 
more  abrupt  Si02/6H-SiC(0001)  interface  than  by  direct  oxidation  of  the  6H-SiC(0001)3x3 
surface.  With  low  temperature  (500°C)  and  low  oxygen  exposure  (1000  L  02),  we  identify  various 
Si  oxidation  states  (Si+,  Si2+,  Si3+  and  Si4+)  and  mixed  oxide  (Si-O-C)  species,  but  the  dominant 
oxidation  product  is  Si02.  However,  if  direct  oxidation  of  the  6H-SiC(000 1)3x3  surface  leads  to  a 
non  abrupt  Si02/6H-SiC(0001)  interface  involving  intermediate  oxidation  Si  species  and  C  atoms, 
oxidation  of  the  6H-SiC(000 1)3x3  surface  covered  by  an  excess  of  few  atomic  layers  of  Si  result 
in  C-free  oxides  with  reduced  amount  of  intermediate  Si  oxides  [18]. 

This  work  has  been  supported  by  the  Institut  Fran?ais  de  Taipei  and  by  the  National 
Science  Council  (NSC,  Taipei).  It  is  based  upon  research  conducted  at  the  Synchrotron  Radiation 
Research  Center  (SRRC),  Hsinchu,  Taiwan.  The  authors  are  especially  grateful  to  the  SRRC  staff 
for  expert  and  outstanding  assistance  and  to  Dr.  Tseng  for  the  use  of  his  experimental  system. 


References 

1  Silicon  Carbide,  A  Review  of  Fundamental  Questions  and  Applications  to  Current  Device 
Technology,  edited  by  WJ.  Choyke,  H.M.  Matsunami  and  G.  Pensl,  Akademie  Verlag 
Berlin,  Vol.  I  &  II  (1998);  and  references  therein. 

2  P.  Soukiassian,  in  Fundamental  Aspects  of  Ultrathin  Dielectrics  on  Si-based  Devices  edited 
by  E.  Grafunkel,  E.  Gusev  and  A.  Vul',  NATO  Science  Series  3,  High  Technology,  Kluwer 
Academic  Press  (Dortrecht)  (1998)  257. 

3  G.  Lucovsky  and  H.  Niimi,  in  Ref.  2  (1998)  447. 

4  F.  Semond,  P.  Soukiassian,  A.  Mayne,  G.  Dujardin,  L.  Douillard  and  C.  Jaussaud,  Phys. 
Rev.  Lett.  77  (1996)  2013;  P.  Soukiassian,  F.  Semond,  L.  Douillard,  A.  Mayne  G 
Dujardm,  L.  Pizzagalli  and  C.  Joachim,  Phys.  Rev.  Lett.  78  (1997)  907. 

5  ™  *™er’  J  Bernhardt,  H.  Wedler,  J.  Schardt,  U.  Starke  and  K.  Heinz,  Phys.  Rev.  Lett. 

79  (1997)  4818;  U.  Starke,  J.  Schardt,  J.  Bernhardt,  M.  Franke,  K.  Reuter,  H.  Wedler,  K. 
Heinz,  J.  Furthmuller,  P.  Kackell  and  F.  Bechstedt,  Phys.  Rev.  Lett.  80  (1998)  758. 

6  Y*  Vathuiya’  D-  Wang,  M.H.  White,  Appl.  Phys.  Lett.  73  (1998)  2161;  V.V.  Afanas’ev 
A  Stesmans,  M.  Bassler,  G.  Pensl,  M.J.  Schulz,  C.I.  Harris,  ibid  68  (1996)  2141. 

7  Vxt’  Shenoy,  J,A'  CooPer  Jr-  and  M-R*  Melloch,  Appl.  Phys.  Lett.  68  (1996)  803;  W.  Xie 
J.N.  Shenoy,  S.T.  Sheppard,  M.R.  Melloch  and  J.A.  Cooper  Jr.,  ibid  68  (1996)  2231 

8  J.M.  Powers  and  G.A.  Somorjai,  Surf.  Sci.  244  (1991)  39. 

9  A.  Mayne,  F.  Semond,  G.  Dujardin  and  P.  Soukiassian,  Phys.  Rev.  B  57,  Rapid 

Communication  ( 1 998)  R  1 5 1 08  P 

10  V.M.  Bermudez,  Appl.  Surf.  Sci.  84  (1995)  45. 

11C.  Onneby  and  C.G.  Pantano,  J.  Vac.  Sci.  Technol.  A  15  (1997)  1597. 

12  F.  Semond,  L.  Douillard,  P.  Soukiassian,  D.  Dunham,  F.  Amy  and  S.  Rivillon 
Appl.  Phys.  Lett.  68  (1996)  2144. 

Soukiassian,  C.  Jaussaud  and  S.  Dupont,  Phys.  Rev.  B  51  (1995) 


14  J.  Bernhardt,  J.  Schardt,  U.  Starke  and  K.  Heinz,  Appl.  Phys.  Lett.  74  (1999)  1084 

J  f  Hwu  and  P*  S°ukiassian,  recent  core  level  photoemission  results 

Lv^Tn o^^feelJ’  Ar  Taleb'“mi’  J  A‘  Yarmoff  ^  G.  Hollinger,  Phys. 

Kev.  B  38  (1988)  6084;  and  references  therein. 

17  Phys^Rev^Lett.'  VaS<JUeZ’  BR  Lewis’ 1  MaSerjian  and  A’  “ukar, 

18  F.  Amy,  P.  Soukiassian,  Y.K.  Hwu,  C.  Biylinski,  Appl.  Phys.  Lett.  75  (1999),  in  press. 


Materials  Science  Forum  Vols.  338-342  (2000)  pp.  399-402 
©  2000  Trans  Tech  Publications,  Switzerland 


XPS  Analysis  of  Si02/SiC  Interface  Annealed  in  Nitric  Oxide  Ambient 

H.-F.  Li,  S.  Dimitrijev,  D.  Sweatman  and  H.B.  Harrison 

School  of  Microelectronic  Engineering,  Griffith  University,  Nathan,  Brisbane,  QLD  4111,  Australia 


Keywords:  Interface,  Nitridation,  Oxide,  XPS 


Abstract:  XPS  analysis  of  the  Si02/SiC  interface  annealed  in  NO  has  been  presented  in  the  paper. 
Nitrogen  accumulation  of  1.6  at.%  close  to  the  Si02/SiC  interface  was  observed  in  the  NO  annealed 
sample.  The  N  Is  XPS  spectrum  indicates  the  formation  of  Si  =  N  bonds  at  a  binding  energy  of 
397.8eV  at  the  Si02/SiC  interface.  The  XPS  spectrum  of  the  NO  annealed  sample  was  compared 
with  that  of  the  Ar  annealed  sample.  The  Si  2p  spectra  demonstrate  a  clear  difference  between  NO 
and  Ar  annealed  Si02/SiC  MOS  capacitors  at  the  interface.  The  spectrum  of  the  Ar  annealed  sample 
is  much  broader  than  that  of  the  NO  annealed  sample,  showing  quite  different  chemical  structures 
between  Ar  annealed  and  NO  annealed  Si02/SiC  interface.  It  is  obvious  that  the  NO  annealed 
Si02/SiC  interface  is  less  complex  than  the  Ar  annealed  Si02/SiC  interface,  indicating  less  interface 
defects  in  NO  annealed  Si02/SiC  interface. 

Introduction 

The  Si02/SiC  interface  plays  a  crucial  role  in  fabricating  SiC-based  MOSFET  electron  devices. 
It  has  been  shown  that  the  oxide  charge  and  interface  trap  densities  of  the  Si02/SiC  structure  are 
much  higher  than  those  of  the  Si02/Si  structure  [1,2].  However,  the  breakdown  electric  field  of  the 
Si02/SiC  structure  is  comparable  to  that  of  the  Si02/Si  structure [3, 4].  These  facts  indicate  that  the 
main  difference  lies  in  the  interface  between  Si02/SiC  and  Si02/Si  structures.  Compared  with  the 
Si02/Si  interface,  the  Si02/SiC  interface  is  complicated  by  the  presence  of  carbon  at  the  interface. 
Hornetz  et  al  [5]  revealed  that  an  interface  oxide  Si4C4-x02  (x<2)  exists  between  SiC  and  Si02  using 
ARXPS  and  claimed  that  the  existence  of  this  complex  interface  compound  is  responsible  for  the 
higher  interface  trap  density  at  the  Si02/SiC  interface.  Onneby  et  al  [6]  exposed  SiC  to  various 
oxygen  sources  at  room  temperature  and  found  the  formation  of  silicon  oxycarbide  species  on  top  of 
the  SiC  surface.  They  argued  that  the  native  oxide  on  the  single  crystal  SiC  consists  mainly  of 
silicon  oxycarbide  species. 

We  have  applied  NO  nitridation  to  SiC  technology  to  improve  the  Si02/SiC  interface  [7~9].  It 
has  been  shown  that  NO  nitridation  reduces  the  interface  trap  density  greatly  in  both  n-  and  p-type 
SiC  and  improves  the  reliability  of  Si02/SiC  MOS  structures  [10].  This  paper  presents  the  physical 
analysis  of  the  NO  nitrided  Si02/SiC  interface  using  XPS.  We  show  evidence  of  a  less  complex 
Si02/SiC  interface  after  NO  nitridation  compared  to  Ar  annealed  samples. 

Experimental  details 

A  Si-faced  n-type  4H-SiC  wafer,  purchased  from  CREE  Research,  was  used  in  this  experiment. 
The  wafer  is  n-type  SiC  with  a  resistivity  of  0.044  ohm-cm,  on  top  of  which  is  a  4.5pm-thick  n-type 
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epilayer  with  nitrogen  doping  concentration  of  9.5xl015  cm'3.  The  wafer  was  first  cleaned  in  a 
mixture  of  H2S04  and  H202  followed  by  an  RCA  clean.  Immediately  prior  to  oxidation  the  wafer 
was  dipped  in  1%HF  for  1  minute  and  then  oxidized  in  a  quartz  furnace  in  ultrahigh  purity  oxygen 
at  1 150°C  for  3  hours,  followed  by  an  in  situ  anneal  in  Ar  for  30  minutes.  After  oxidation,  the  wafer 
was  cut  into  pieces.  One  set  of  samples  was  then  annealed  in  pure  NO  (99%)  in  a  quartz  tube 
furnace  at  1130°C  for  1.5h.  The  other  set  of  samples  was  annealed  in  Ar  in  the  same  furnace  under 
exactly  the  same  conditions  for  comparison.  The  oxide  thicknesses  were  estimated  from  high 
frequency  Capacitance-Voltage  (C-V)  measurements  to  be  about  21nm  for  both  NO  and  Ar 
annealed  samples.  Conductance  measurements  performed  at  330°C  showed  minimum  interfacial 
trap  densities  of  4.7xl010  eV’-cm'2  for  the  NO  nitrided  sample  and  1.3X1011  eV'^cm'2  for  the  Ar 
annealed  sample. 

XPS  analyses  were  performed  using  a  non-monochromatic  Mg  K(Xi>2  x-ray  source  (1253.6eV) 
with  a  Perkin  Elmer  PHI  model  560  XPS/SAM/SIMS  I  multitechnique  surface  analysis  system 
incorporating  a  PHI  model  25-270  AR  cylindrical  mirror  analyzer  (CM A).  Ar  sputtering  was  used 
to  slowly  remove  the  Si02  layer.  It  has  been  shown  that  preferential  sputtering  does  not  occur  on 
SiC  surfaces  under  Ar  bombardment.  After  each  Ar  sputtering  step,  the  XPS  spectra  were  recorded 
by  performing  multiple  scans  in  each  binding  energy  range  of  interest  with  a  pass  energy  of  25eV. 
Since  the  Model  560  double  pass  CMA  has  no  entrance  lens,  the  area  analyzed  cannot  be 
controlled.  Specified  analyzed  area  is  about  4mm  in  diameter.  Each  time  the  sample  was  aligned  in 
the  x,  y,  and  z  directions  using  the  Scanning  Electron  Microscopy  (SEM)  and  elastic  peak  so  that 
the  sputtered  area  would  be  concentric  with  the  analyzed  area.  The  Si  2p,  O  Is,  C  Is,  and  N  Is  core 
level  spectra  were  recorded.  At  the  interface,  all  spectra  were  charge  compensated  to  a  Si-C  bond  at 
100.  leV  to  compensate  for  surface  charging. 

Results  and  discussions 

The  relative  atomic  concentration  of  the  elements  can  be  obtained  from  the  area  under  each 
elemental  spectrum  by  taking  its  sensitivity  factor  into  account  as  shown  in  Fig.l  for  the  NO 


Etching  Time  (second) 


Fig.  1  XPS  depth  profile  of  the  NO  annealed 
Si02/SiC  MOS  capacitor 


Fig.2  N  Is  XPS  spectrum  at  NO  annealed 
Si02/SiC  interface 
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annealed  sample.  We  define  the  point  where  the  oxygen  and  silicon  distribution  lines  cross  each 
other  as  the  dielectric/silicon  carbide  interface.  It  can  be  seen  that  there  is  a  nitrogen  peak  close  to 
the  interface.  The  value  of  nitrogen  peak  is  1.6  at.%.  The  characteristic  of  nitrogen  pile-up  close  to 
the  interface  is  similar  to  the  case  of  NO  nitrided  Si  samples  [11].  It  is  also  observed  that  there  is 
also  a  uniform  concentration  of  nitrogen  of  around  0.7  at.%  throughout  the  dielectric.  The  nitrogen 
depth  profile  is  asymmetrical.  The  nitrogen  atomic  concentration  rises  sharply  on  the  dielectric-side 
but  drops  slowly  on  the  SiC-side,  showing  a  long  tail  into  the  SiC  bulk.  This  is  an  artificial 
broadening  of  the  concentration  depth  profiles  at  the  interface  due  to  the  ‘knock-on’  effect  and  the 
atomic  mixing.  The  long  tails  in  the  oxygen  depth  profiles  for  both  NO  and  Ar  annealed  samples 
could  also  be  caused  by  the  ‘knock-on’  effect  and  the  atomic  mixing. 

Fig.  2  shows  the  N  Is  XPS  spectrum  at  the  NO  annealed  Si02/SiC  interface.  It  is  symmetrical 
and  can  be  fitted  with  one  peak  N1  with  binding  energy  of  397.8eV  (FWHM=2.16eV).  This  value  is 
very  close  to  the  binding  energy  for  N  Is  in  silicon  nitride  which  is  397.7eV,  indicating  the 
formation  of  Si  =  N  bonds  at  the  interface  of  Si02/SiC.  This  is  the  same  as  for  the  NO  annealed 
Si02/Si  interface  where  it  has  been  demonstrated  that  NO  nitridation  creates  Si  =  N  bonds  [12]. 

The  Si  2p  XPS  spectrum  At  the  NO  and  Ar  annealed  Si02/SiC  interfaces  is  shown  in  Fig.3  and 
Fig.4,  respectively.  The  Si  2p  spectra  show  a  clear  difference  between  NO  and  Ar  annealed 
Si02/SiC  interfaces.  The  Si  2p  spectrum  at  the  Ar  annealed  Si02/SiC  interface  is  much  wider  than 
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Fig.3  Si  2p  XPS  spectrum  at  the  NO 
annealed  Si02/SiC  MOS  capacitor 


Fig.4  Si  2p  XPS  spectrum  at  the  Ar 
annealed  Si02/SiC  interface 


that  at  NO  annealed  Si02/SiC  interface,  indicating  a  complex  interface  for  the  Ar  annealed  sample. 
The  Si  2p  spectrum  of  the  NO  annealed  sample  can  be  fitted  with  two  peaks,  i.e.  Si-1  (100.  leV, 
FWHM=2.16eV)  and  Si-3  (101.9eV,  FWHM=2.16eV).  However,  the  Si  2p  spectrum  of  the  Ar 
annealed  sample  can  be  fitted  with  three  peaks,  named  Si-1,  Si-2  (101. 4eV,  FWHM=2.16eV),  and 
Si-4  (103.5eV,  FWHM=2.16eV).  The  common  peak,  Si-1,  appears  in  each  spectrum  and  represents 
SiC  from  the  substrate.  The  peak  Si-4  indicates  that  Si02  is  found  at  the  Ar  annealed  interface.  It  is 
well  known  that  some  intermediate  silicon  oxide  states  exist  at  the  Si02/Si  interface  region.  These 
intermediate  silicon  oxide  states  have  the  same  tetrahedral  structure  as  Si02  (Si-04)  but  with 
oxygen  partly  replaced  by  Si  to  form  the  tetrahedra:  Si-Si202  (Si2+  oxidation  state)  and  Si-Si03  (Si3+ 
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oxidation  state)  with  binding  energies  of  101.5eV  and  102.5eV,  respectively  [13].  In  the  case  of  the 
Si02/SiC  structure,  it  appears  that  carbon  is  also  included  in  the  silicon  tetrahedron,  because  of  the 
appearance  of  carbon  at  the  interface.  Onneby  et  al  [6]  investigated  the  Si02/SiC  system  and 
claimed  the  formation  of  silicon  oxycarbide  at  the  interface.  They  identified  the  silicon  oxycarbide 
as  Si03C  (binding  energy  102.l-102.2eV)  and  Si02C2  (binding  energy  101.2-101.6eV).  Hornetz  et 
al  [5]  studied  the  Si02/SiC  interface  with  ARXPS  and  revealed  interface  oxide  as  Si4C4.x02  (x<2) 
with  binding  energy  of  101.25eV.  Therefore  we  regard  Si-2  as  a  complex  intermediate  oxide/carbon 
compound.  The  determination  of  Si-3  in  the  NO  annealed  sample  needs  more  detailed  consideration 
since  its  binding  energy  of  101.9eV  falls  in  the  energy  range  where  a  few  possible  compounds 
would  occur  including  Si03C  as  discussed  above.  It  has  also  been  reported  that  binding  energies  of 
101. 9eV  for  Si  2 p  in  Si3N4  [14]  and  101. 8eV  for  Si  2 p  in  surface  silicon  oxide  contaminated  Si3N4 
[15]  were  observed.  Because  of  the  pileup  of  nitrogen  at  the  interface  in  the  NO  annealed  sample, 
we  assume  that  the  observed  Si-3  peaks  indicate  the  formation  of  Si=N  bonds. 

Conclusions 

The  effects  of  NO  annealing  on  the  Si02/SiC  interface  have  been  investigated  using  XPS 
analysis.  The  results  show  that  NO  annealing  has  benefit  effects  on  the  Si02/SiC  interface.  The  NO 
annealed  Si02/SiC  interface  is  less  complex  than  the  Ar  annealed  Si02/SiC  interface,  showing  an 
improved  interface.  The  accumulation  of  nitrogen  at  the  interface,  forming  Si=N  bonds,  is 
responsible  for  the  difference  between  NO  and  Ar  annealed  Si02/SiC  interface.  The  results  indicate 
that  NO  nitridation  is  a  promising  technique  in  future  SiC  MOSFET  technology. 

References 

1.  J.  N.  Shenoy,  G.  L.  Chindalore,  M.  R.  Meloch,  J.  A.  Cooper,  Jr.,  J.  W.  Palmour,  K.  G.  Irvine,  J. 
Electronic  Materials,  24  (1995),  p.  303. 

2.  L.  A.  Lipkin  and  J.  Palmour,  J.  Electron.  Mater.,  25  (1996),  p.  909. 

3.  D.  Alok,  P.  K.  McLarty,  and  B.  J.  Baliga,  Appl.  Phys.  Lett.,  64  (1994),  p.  2845. 

4.  R.  Friderichs,  E.  P.  Burte,  and  Schorner,  J.  Appl.  Phys.,  79  (1996),  p.  7814. 

5.  B.  Hornetz,  H-J.  Michel,  and  J.  Halbritter,  J.  Mater.  Res.,  9  (1994),  p.  3088. 

6.  C.  Onneby  and  C.  G.  Pantano,  J.  Vac.  Sci.  Technol.  A,  15  (1997),  p.  1597. 

7.  S.  Dimitrijev,  H.-F.  Li,  H.  B.  Harrison,  and  D.  Sweatman,  IEEE  Electron  Device  Lett  18 
(1997),  p.  175. 

8.  H.-F.  Li,  S.  Dimitrijev,  H.  B.  Harrison,  and  D.  Sweatman,  Appl.  Phys.  Letters,  70  (1997)  p 
2028 

9.  H.-F.  Li,  S.  Dimitrijev,  H.  B.  Harrison,  D.  Sweatman,  and  P.  Tanner,  MRS  Spring  Meeting, 
April  13-17,  San  Francisco,  CA,  USA,  1998. 

10.  H.-F.  Li,  S.  Dimitrijev,  H.  B.  Harrison,  IEEE  Electron  Device  Lett.,  19  (1998) ,  p.  279. 

11.  Z.-Q.  Yao,  J.  Appl. Phys.,  78,  2906(1995) 

12.  R.  I.  Hegde,  P.  J.  Tobin,  K.  G.  Reid,  B.  Maiti,  and  S.  A.  Ajuria,  Appl.  Phys.  Lett.,  66  (1995)  p 
2882. 

13.  T.  P.  Nguyen  and  S.  Lefrant,  J.  Phys.:  Condens.  Matter.,  1  (1989),  p.  5197. 

14.  J.  A.  Taylor,  Appl.  Surf.  Sci.,  7  (1981),  p.  168. 

15.  PHI  Application  Note  No,^  8504,  Surface  Oxidation  of  Silicon  Nitride,  Physical  Electronics 
Laboratories,  6509  Flying  Cloud  Drive,  Eden  Prairie,  MN,  USA. 


Materials  Science  Forum  Vols.  338-342  (2000)  pp.  403-406 
©  2000  Trans  Tech  Publications,  Switzerland 


Surface  Studies  on  Thermal  Oxidation  on  4H-SiC  Epilayer 

A.  Koh1,  A.  Kestle1,  S.P.  Wilks1,  P.R.  Dunstan1,  C.J.  Wright2,  M.  Pritchard1, 
G.  Pope1,  P.A.  Mawby1  and  W.R.  Bowen2 

1  Department  of  Electrical  and  Electronic  Engineering,  University  of  Wales  Swansea, 
Singleton  Park,  Swansea,  SA2  8PP,  UK 

2  Department  of  Chemical  &  Biological  Process  Engineering,  University  of  Wales  Swansea, 
Singleton  Park,  Swansea,  SA2  8PP,  UK 


Keywords:  Interface,  Oxidation,  Surface  Topography 


Abstract 

Surface  studies  of  the  wet  and  dry  thermally  oxidize  SiO^SiC  interface  using  Atomic  Force 
Microscopy  (AFM)  shows  the  formation  of  nano-islands  at  the  interface.  These  nano-islands  are 
resistant  to  HF  acid  etch  and  have  been  previously  linked  to  residual  carbon  [1].  From  X-ray 
Photoelectron  Spectroscopy  (XPS)  results,  a  slight  shift  in  binding  energy  was  observed  between 
the  wet  and  dry  process.  The  high  frequency  capacitance-voltage  measurements  display  the 
presence  of  deep  interface  traps  on  both  wet  and  dry  thermal  oxides  and  a  net  effective  oxide 
charge,  Qe^of  approximately  7x  10ncm'2  on  the  wet  thermal  oxide  and  approximately  1.3  x  1012 
cm'2  for  the  dry  thermal  oxide. 

Introduction 

Silicon  Carbide  (SiC)  possesses  excellent  properties  as  a  semiconductor  material  due  to  its 
wide  band  gap,  high  thermal  conductivity  and  high  breakdown  electric  field  [2].  In  particular,  the 
ability  to  grow  thermal  oxide  (Si02)  on  SiC  makes  it  possible  to  fabricate  Metal-Oxide- 
Semiconductor  (MOS)  Devices.  The  interest  in  the  development  of  Silicon  Carbide  MOS  devices 
originated  from  the  ability  to  grow  high  quality  dielectrics  able  to  withstand  the  tough  operating 
condition  set  for  the  SiC  MOS  technology.  Recent  improvements  in  processing  techniques  [3,4]  and 
the  use  of  new  gate  dielectric  materials  [2]  have  demonstrated  oxide  quality  comparable  to  that  of 
Silicon  based  MOS  technology.  However  a  report  on  the  observation  of  nano-islands,  believed  to  be 
of  carboneous  species,  on  the  SiC  surface  after  the  removal  of  the  thermal  oxide  layer  [1,5]  has 
sparked  a  new  interest.  Particularly  in  investigating  the  correlation  between  the  formation  of  nano¬ 
islands,  the  surface  preparation  techniques,  the  thermal  oxidation  process  and  the  resulting  electrical 
characteristic.  Within  this  work,  we  combine  the  surface  science  technique  of  X-ray  Photoelectron 
Spectroscopy  (XPS),  Atomic  Force  Microscopy  (AFM)  and  Capacitance-Voltage  measurement  to 
investigate  this  phenomenon  and  identify  its  nature  for  both  wet  and  dry  thermal  oxidation. 

Experimental  Procedure 

MOS  capacitors  were  fabricated  on  n-type  4H-SiC  wafer  with  10pm  thick  n-type  epitaxial 
layer  with  a  doping  concentration  of  1 . 1  x  1 0 ’ 6  cm'3  obtained  from  CREE  Research  Inc..  The 
samples  were  solvent  cleaned  followed  by  a  standard  RCA  clean  as  a  method  of  surface 
preparation.  Sample  A  was  subjected  to  a  wet  oxidation  at  1050°C  in  a  2”  wide  quartz  tube 
Pyrotherm  Furnace  in  02  bubbling  DI  water  at  95°C  for  4hrs  to  produce  an  oxide  thickness  of 200 A 
thick.  This  was  followed  by  a  Re-Oxidation  Anneal  (ROA)  at  950°C  for  3hrs.  Sample  B  was 
subjected  to  a  dry  oxidation  in  pure  02  at  1050°C  for  14hrs  to  produce  an  oxide  thickness  of 
approximately  200 A.  This  was  immediately  followed  by  an  Ar  anneal  for  lhr.  Both  samples  were 
loaded  into  the  furnace  at  850°C  under  pure  02  (at  1  1/min  flow  rate)  and  unloaded  at  850°C  under 
Ar  ambient  immediately  after  post  oxidation  anneal.  To  form  the  back  ohmic  contact,  Ni  was  e- 
beam  evaporated  and  annealed  for  5  mins  at  975°C  under  high  vacuum  conditions.  Finally,  to  form 
the  gate  contacts,  A1  was  evaporated  through  a  shadow  mask  under  HV  conditions  to  form  a  range 
of  circular  contacts  of  diameter  250-750pm.  ' 
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Characterisation 

Owing  to  the  wide  band  gap  of  SiC,  the  interlace  traps  behave  like  slow  traps  at  room 
temperature  and  can  be  regarded  as  fixed  charge.  These  traps  together  with  the  mobile  ion  charge 
and  fixed  oxide  charge  form  the  effective  net  oxide  charge,  (Q^).  The  Q^can  be  determined  using 
the  high  frequency  capacitance-voltage  measurement  technique  [6,7]. 

The  electrical  characteristics  of  the  thermal  oxides  were  extracted  from  high  frequency  C-V 
measurements.  These  were  performed  at  room  temperature  using  the  HP  4274  impedance  analyzer 
with  the  sample  placed  in  a  shielded  probe  station.  The  analysis  of  the  surface  morphology  was 
performed  under  contact  mode  using  a  CP  100  Auto-probe  Thermo-microscope.  This  provided  the 
AFM  topography  of  the  SiC  surface  on  as-received  and  after  the  removal  of  the  thermal  oxide  using 
HF  acid.  To  identify  the  remaining  surface  content  after  the  oxide  strip,  XPS  was  utilized  to 
characterise  the  chemical  species  present  on  the  4H-SiC  epilayer  surface.  A  detailed  study  was 
performed  in  order  to  observe  any  changes  to  the  Si  and  C  peaks  of  the  SiC  surface  that  may  have 
influence  on  to  the  electrical  characteristic  of  the  Si02/SiC  interface. 


Results  and  Discussion 


Gate  Voltage  (V) 

Figure  1 .  High  frequency  C-V  curve  of  Sample  A  - 
wet  oxidized  at  1 050°C  with  ROA  at  950°C,  n- 
MOS  capacitor  measured  under  dark  &  illuminated 
conditions. 


Gate  Voltage  (V) 

Figure  2.  High  frequency  C-V  curve  of  Sample  B  - 
dry  oxidized  with  an  Ar  anneal  at  1 050°C,  n-  MOS 
capacitor  measured  under  dark  &  illuminated 
conditions. 


(1)  High  Frequency -C-  V  Characterisation. 

The  high  frequency  C-V  curves  in  Fig.  1  were  measured  for  sample  A  at  40kHz.  Initially  a 
bias  was  swept  from  accumulation  to  deep  depletion  in  the  dark  condition.  This  was  followed  by  a 
reverse  sweep  from  deep  depletion  back  to  accumulation  under  constant  illumination  of  the  MOS 
capacitor  with  a  100W  power  tungsten  lamp.  From  the  high  frequency  C-V  curve,  the  oxide 
thickness  calculated  from  the  accumulation  region  of  the  C-V  data  was  determined  to  be  23 7A.  By 
calculating  the  flat  band  capacitance,  Cjb  [8],  the  flat  band  voltage  shift,  A V>  can  be  obtained  from 
the  high  frequency  C-V  curve  corresponding  to  the  C /&,  which  in  this  case  was  approximately  -0.8V. 
The  effective  net  oxide  charge,  Qe^  was  calculated  to  be  ~  7x  10ncm'2.  Fig.  2  shows  the  high 
frequency  C-V  curves  taken  from  Sample  B.  Again  the  same  bias  sweep  condition  were  identical  to 
those  used  for  sample  A.  For  sample  B,  the  oxide  thickness  was  calculated  to  be  300A  with  a  V/j 
shift  of  approximately  -2V.  The  effective  net  oxide  charge,  Q^-was  determined  to  be  1 .3  x  1 012cm'2. 

Consider  the  high  frequency  C-V  curve  taken  during  illumination,  as  shown  in  Fig.l.  A 
bump  in  the  characteristic  was  observed  caused  by  charge  carrier  dynamics  [9,10].  This  indicated 
the  presence  of  deep  states  at  the  SiCVSiC  interface.  However,  it  was  difficult  to  quantify  these 
deep  states  explicitly.  No  such  effect  was  observed  in  Fig.  2,  implying  fewer  deep  states  within  the 
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SiCVSiC  interface.  The  low  negative  AV/&  measured  for  sample  A  indicated  lower  positive  fixed 
charge  for  the  wet  oxidation.  In  contrast,  the  higher  negative  AV/j  in  Sample  B  is  predominantly 
caused  by  positive  fixed  charges  occurring  during  dry  oxidation.  These  results  imply  that  while  wet 
oxidation  produces  a  better  bulk  oxide  quality  the  dry  oxidation  yielded  a  better  SiCVSiC  interface. 


Figure  3a.  AFM  topography  of  4H-SiC  epilayer 
surface  on  sample  A  after  removal  of  thermal 


Figure  4a.  AFM  topography  of  4H-SiC  epilayer 
surface  on  sample  B  after  removal  of  thermal 
oxide. 
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Figure  3b.  Line  profile  of  sample  A  nano-islands. 
Height  range  -  1 7-20nm  and  ~  1 52nm  across. 
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Figure  4b.  Line  profile  of  sample  B  nano-islands. 
Height  range  ~  7-8nm  and  ~200nm  across. 


From  the  50 x  50pm  AFM  image  taken  on  the  as-received  4H-SiC  epilayer  surface  (not 
shown),  a  “pit  hole”  of  ~  1 ,39pm  wide  and  a  planar  defect  of  1 .8 1  pm  wide  were  revealed  as  typical 
features  across  the  whole  surface.  Although  the  planar  defects  were  effectively  removed  after  the 
standard  RCA  clean,  the  presence  of  the  screw  defect  remained.  AFM  scans  were  also  performed  on 
both  samples  on  a  50  x  50pm  scan  area  on  three  different  locations  after  the  removal  of  thermal 
oxide  (not  shown).  Nano  islands  with  a  typical  height  of  8-20nm  were  observed  widely  spread 
across  all  three  scanned  areas  on  sample  A.  However,  only  one  scanned  area  on  sample  B  revealed 
the  presences  of  nano-island  formation  with  a  typical  height  of  7-8nm.  Figs.  3  and  4  show  the  AFM 
topography  and  line  profile  of  sample  A  and  B  respectively  under  a  1  x  1pm  scale  after  the  removal 
of  thermal  oxide.  The  line  profile  of  sample  A  in  fig.  3b  shows  the  nano-islands  height  of  17-20nm 
and  150nm  across.  In  Fig.  4  the  size  of  the  nano-islands  were  between  7-8nm  in  height  and  200nm 
across  bn  sample  B.  We  are  unable  to  identify  the  chemical  species  of  these  nano-island  at  the 
present  but  their  presence  may  explain  the  cause  of  the  poor  interface  observed  in  the  high 
ftequency  C-V  curve  for  sample  A. 

(3)  XPS  Analysis. 

The  XPS  scans  were  performed  on  the  surface  of  the  4H-SiC  epilayer  after  the  removal  of 
the  thermal  oxides  by  HF  acid  etches.  Fig.  5a  and  5b  shows  the  spectra  of  the  Si  2p  and  C  Is  core 
level  of  both  samples  A  and  B.  A  slight  shift  in  the  binding  energy,  ~0.12eV  of  both  the  Si  2p  and  C 
Is  core  level  was  observed.  This  is  indicative  of  bandbending  i.e.  the  surface  barrier  on  sample  A 
was  larger  than  that  on  sample  B  after  oxide  removal.  The  0.12eV  difference  in  surface  barrier 
could  be  related  to  the  different  density  of  nano-islands  on  these  samples.  For  example,  if  the  larger 
density  of  nano-islands  on  sample  A  resulted  in  additional  interface  states  located  within  the  band 
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gap,  a  different  surface  barrier  could  occur.  This  is  in  agreement  with  the  ‘ledge’  observed  in  the  G 
V  characteristic  of  sample  A  where  a  higher  interlace  states  density  would  occur. 


Si  2p 


Figure  5a.  XPS  spectra  of  Si  2p  core  level  for  sample 
A  (binding  energy  of  101.16eV)  &  B  (binding 
energy  of  10 1 .28eV)  surface  after  removal  of  thermal 
oxide. 


cis 
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Figure  5b.  XPS  spectra  of  C  Is  core  level  of  sample 
A  (binding  energy  of  283.32eV)  &  B  (binding 
energy  of 283.45eV)  surface  after  removal  of  thermal 
oxide 


The  stoichiometry  of  both  surfaces  was  similar,  as  estimated  by  the  ratio  of  the  C  Is  to  Si  2p 
peak  intensity.  Furthermore,  due  to  the  limited  energy  resolution  of  the  XPS  system  (~0.8eV),  it 
was  unclear  whether  there  were  any  elemental  C  deposits  (binding  energy  of 284.9eV  [1 1])  on  die 
SiC  surface.  More  detailed  studies  are  in  progress  and  will  be  reported  at  a  later  date. 

Conclusion 

In  summary,  from  the  high  frequency  C-V,  AFM  and  the  XPS  results,  we  can  relate  that  the 
presence  of  nano-islands  at  the  interface  contributes  to  the  SiCVSiC  interfacial  quality.  These 
results  also  show  the  effect  the  oxidation  process  has  on  the  interface  and  surface  physics  of  the  4H- 
SiC  epilayer.  Although  nano-islands  were  found  on  both  wet  and  dry  oxidised  samples  at  different 
densities,  it  is  not  clear  that  these  nano-islands  are  of  a  graphite  nature.  XPS  results  show  core  level 
shift  in  binding  energy  between  the  two  samples.  We  believe  the  shift  can  be  attributed  to  a  varying 
degree  of  bandbending  for  the  different  sample  surfaces.  However,  more  detailed  studies  are 
necessary  and  will  be  reported  at  a  later  date. 
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Abstract:  In  metalization  work,  controlled  semiconductor  surfaces  and  interfaces  are  necessary. 
Trace  impurities  such  as  carbon  and  oxygen  at  the  metal/semiconductor  interface  may  improve  or 
degrade  the  electrical  characteristics  of  a  desired  contact.  In  this  study,  Auger  Electron 
Spectroscopy  (AES)  was  used  to  investigate  electron  stimulated  oxidation  (ESO)  of  SiC.  The 
research  focused  on  chamber  conditions  necessary  to  prevent  oxide  formation  on  SiC  surfaces 
during  thin  film  metal  deposition.  Oxidation  rate  was  studied  as  a  function  of  beam  exposure  (on 
and  off),  primary  electron  beam  energy,  Ep,  (3-6  keV),  electron  beam  current,  Ip,  (25-500  nA),  and 
total  chamber  pressure.  Oxidation  rate  had  a  stronger  correlation  to  overall  chamber  pressure  rather 
than  the  partial  pressure  of  H2O,  CO,  or  CO2  alone.  Oxidation  rate  decreased  slightly  as  Ep  was 
increased.  Rate  of  oxidation  increased  at  higher  pressures  (2.2  x  10'  Torr)  with  respect  to  Ip  but 
was  nearly  independent  of  Ip  at  lower  pressures  (7.1  x  10-9  Torr).  No  oxide  growth  was  detectable 
to  AES  in  the  absence  of  exposure  to  the  electron  beam. 

Introduction:  The  properties  of  SiC  are 

attractive  relative  to  other  semiconductors  for 
microelectronics  devices  operating  in  high 
temperature  and  harsh 

environments.  [1,2, 3, 4,5,6,7]  A  production 
restriction  is  limited  knowledge  of  contact 
properties  and  design.  In-situ  monitoring  of 
contact  formation  provides  growth  control  and 
yields  valuable  information  on  final 

performance  properties.  One  technique 

commonly  used  is  Auger  Electron  Spectroscopy 
(AES).  In  conventional  chamber  environments, 
10‘6  Torr,  the  very  technique  used  for  control 
may  introduce  contaminants  which  degrade  the 
final  contact.  Electron  stimulated  adsorption 
(ESA)  and  oxidation  (ESO)  are  well- 

documented  phenomena  on  Si  that  result  in  very 
thin  (10-20A)  Si02  layers. [8, 9, 10, 11,12,13] 
Figure  1  shows  how  substantial  O  levels  can  be  achieved  during  metalization  under  normal 
deposition  conditions.  While  the  mechanism  for  oxygen  absorption  and  oxide  formation  are  well 
studied  for  Si,  there  is  little  or  no  characterization  of  the  similar  phenomenon  on  SiC.  It  is  believed 
that  the  Si  in  the  SiC  matrix  is  predominantly  responsible  for  ESO.  As  a  result,  the  models  used  to 
describe  ESO  on  Si  will  be  applied  to  SiC.  This  study  will  characterize  ESO  of  SiC  as  a  function  of 
chamber  pressure,  primary  beam  energy,  Ep,  and  primary  beam  current,  Ip.  This  data  will  help 
reduce  contamination  due  to  in-situ  analysis  with  AES  during  metalization  work. 


0  1000  2000 

Figure  1 .  Typical  Auger  signal  intensity  for  Ni 
(LMM)  and  O  (KLL)  transitions  as  a  function 
of  beam  irradiation  (sec)  during  a  Ni 


Experimental:  Sample  preparation  and  equipment  are  described  elsewhere. [14]  Clean  surfaces 
were  irradiated  by  a  continuous  primary  electron  beam.  Si,  C,  and  O  KLL  transitions  were 
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monitored  in  60  eV  windows  for  the  duration  of  each  experiment.  Primary  beam  energies  and 
currents  ranged  from  3  to  6  keV  and  from  25  to  500  nA.  The  beam  size  was  approximately  0.008 
mm  .  Secondary  electron  yield  curves  for  these  experimental  conditions  were  previously 
determined  for  SiC,  slightly  oxidized  SiC,  and  molybdenum. [14] 

Results:  Data  showed  that  SiC  surfaces  remained  oxygen  free,  as  detectable  to  AES,  for  as  long  as 
17  hours  in  a  UHV  chamber  with  a  background  pressure  of  2.6  x  10*8  Torr.  Exposure  to  an  electron 
beam  under  the  same  conditions  stimulated  growth  of  a  surface  layer  of  oxide  in  less  than  25 
minutes.  McDaniel  et.al.,  document  signal  trends  for  Si  (KLL),  C  (KLL),  and  O  (KLL)  transitions 
during  electron  beam  irradiation.  [14] 

To  study  oxidation  as  a  function  of  background  gas  pressure,  samples  were  exposed  to  an 
electron  beam  with  Ep  =  5  keV  and  300  nA  resulting  in  an  estimated  current  density  of  0.375 
mA/cm2.  Total  chamber  pressure  ranged  from  3.8  x  10~™  <  Presiduai  <  1.6  x  10'8  Torr.  Oxidation  rate 
(dydt)  was  determined  for  each  experiment  as  described  by  McDaniel  et.  al.  and  is  shown  in  Figure 
2  vs.  total  system  pressure. 


Figure  2.  Instantaneous  oxidation  rate  (dIO/dt) 
at  time  =  0  as  a  function  of  total  residual 
chamber  pressure  (Torr). 


Figure  3.  Instantaneous  oxidation  rate  (dIO/dt) 
at  time  =  0  as  a  function  of  Ep  (keV).  Ip  was 
300  nA  for  each  experiment. 


Primary  voltage  and  current  were  varied  to  determine  their  effects  on  oxidation  rate.  At  a 
chamber  pressure  of  1.6  x  10~8  Torr  and  current  of  300  nA  (0.375  mA/cm2),  dlo/dt  approximated  a 
linear  decrease  as  Ep  was  increased  from  3  to  6  keV  (see  Figure  3).  At  a  pressure  of  2.2  x  10'7  Torr 
and  Ep  of  5  keV,  the  initial  oxidation  rate  increased  linearly  as  the  current  was  increased  from  25  to 
300  nA  (0.031-0.375  mA/cm2)  (see  Figure  4,  curve  B).  At  a  pressure  of  7.1  x  10'9  Torr,  there  was 
less  dependence  of  the  rate  on  current  from  200  to  500  nA  (0.25-0.625  mA/cm2)  as  shown  in  curve 
A. 


Discussion:  Irradiating  solid  surfaces  with  moderate  to  high-energy  electron  beams  (characteristic 
of  AES)  results  in  mpy  processes.  Some  of  these  include  electronic  excitation  of  surface  species; 
adsorption,  dissociation  and/or  desorption  of  gas  species;  bond  breaking;  diffusion;  and  charge 
build-up.  [10, 15]  The  electron  beam  may  excite  gaseous  or  absorbed  gases  causing  them  to  interact 
more  strongly  or  rapidly  with  the  surface.  Adsorbed  or  gas-phase  molecules  can  be  dissociated 
directly  by  the  primary  beam  and/or  by  secondary  electrons.!  10]  Atomic  oxygen  from  dissociation 
can  then  rapidly  and  easily  oxidize  the  substrate. 

Electron-beam  stimulated  oxidation  depends  on  several  factors.  These  include: 
concentration  of  oxygen-containing  species,  probability  of  dissociation  into  a  reactive  species, 
diffusion  over  the  surface  or  to  the  oxide/substrate  interface,  and  the  reaction  rate  constant. 
Oxidation  can  be  enhanced  by  any  mechanism  that  aides  dissociation  of  absorbed  species  on  the 
substrate  surface.  [10, 13]  In  previous  experiments  on  Si  substrates,  the  electron-stimulated 
oxidation  rate  was  controlled  by  maintaining  a  known  pressure  of  oxygen-containing  gas  in  the 
analysis  chamber. [9, 10, 11,13]  RGA  analysis  confirmed  the  majority  fraction  of  the  gas  phase  in 
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our  experimental  vacuum  system  was  HoO,  CO, 
and  CO2.  No  reagent  gases  were  leaked  into  the 
system.  This  setup  mimics  actual  deposition 
conditions.  After  dissociation,  atomic  oxygen 
can  cause  oxidation  by  diffusion  to  the 
oxide/SiC  interface.  [16]  Si  is  kinetically 
favored  for  oxidation  versus  C  and  the  Gibbs 
Free  Energy  of  amorphous  Si02  (-215.91 
kcal/mol)  is  considerably  lower  than  that  of  SiC 
(-14.4  kcal/mol). [17]  As  a  result,  oxygen  is 
expected  to  easily  break  the  SiC  bond  to  oxidize 
Si  at  the  oxide/substrate  interface.  McDaniel  et. 
al.  suggest  formation  of  a  mixture  of  Si  oxides 
or  oxide  precursors  rather  than  pure  SiC>2  at  this 
interface  and  removal  of  C  from  the  surface 
presumably  in  the  form  of  CO  and  C02-[14] 
The  growing  oxide  layer,  however,  limits 
diffusion  of  oxygen,  and  is  presumably  the 
10-9  Torr  and  B)  2.2  x  10-7  Torr.  Ep  was  5  keV  reason  for  the  decline  in  reaction  rate  (saturation 
for  each  experiment.  of  the  oxygen  signal)  for  longer  electron  beam 

exposure  times. 

Oxidation  rate  (aP  or  dydt)  vs.  time  was  modeled  using  the  equations  described  by 
Tougaard  et.  al.,  McDaniel  et.  al.,  and  Darici  et.  al.[9,14,18]  The  linear  dependence  of  oxidation 
rate  versus  pressure,  shown  in  Figure  2  is  consistent  with  the  proposed  mechanism.  While  the 
linear  trend  is  present  for  total  chamber  pressure,  it  does  not  follow  for  any  one  constituent.  This 
suggests  more  than  one  species  is  contributing  to  the  oxidation  of  the  surface.  Tougaard,  Kirby,  and 
Coad  report  that  both  CO  and  H20  physisorbed  on  the  surface  are  dissociated  by  interaction  with 
primary  and/or  secondary  electrons  forming  reactive  atomic  oxygen  for  oxidation. [9, 10,1 1,12] 
Regardless  of  the  parent  species,  the  rate  of  oxidation  is  expected  to  depend  on  (i)  the  concentration 
of  atomic  oxygen  on  the  surface  and  (ii)  the  diffusion  probability  for  oxygen  to  the  oxide/SiC 
interface  for  reaction  with  Si  to  form  SiOx.  It  is  commonly  assumed  that  reaction  of  atomic  oxygen 
with  Si  is  very  rapid.  Coverage  of  the  substrate  surface  by  oxygen  containing  compounds  would 
affect  step  (i).  The  linear  correlation  between  overall  gas  pressure  and  oxidation  rate  supports  the 
conclusion  that  the  coverage  of  oxygen  containing  species  was  the  limiting  factor  in  these 
experiments. 

A  negative  correlation  between  Ep  and  oxidation  rate  is  shown  in  Figure  3.  McDaniel  et.  al. 
characterized  the  secondary  electron  yield  for  SiC,  slightly  oxidized  SiC,  and  Mo.  Results  indicate 
secondary  electron  yield  should  be  constant  or  decrease  with  increasing  Ep  in  the  range  of  3-6  keV. 
A  reduction  in  yield  provides  fewer  electrons  for  dissociation,  therefore,  a  reduction  in  oxidation 
rate  is  expected.  This  is  consistent  with  the  data  shown  in  Figure  3.  The  cross  section  for 
molecular  dissociation  by  primary  beam  electrons  may  also  be  reduced  with  increasing  Ep.  Based 
on  a  reduced  cross-section  and  reduced  secondary  electron  generation,  a  decrease  in  oxidation  rate 
above  3  keV  is  not  surprising. 

Darici  et.al.[18]  have  modeled  the  data  for  electron-stimulated  oxidation  of  ZnS  in  CO  and 
C02  atmospheres.  In  their  model,  p  was  directly  proportional  to  current  density  and  the  rate  of 
reaction  was  linearly  related  to  pressure.  Figure  4  curve  A,  shows  dlo/dt  for  various  primary  beam 
currents.  There  is  very  little  dependence  of  oxide  growth  on  Ip  at  this  chamber  pressure.  Coad 
et.al.[12]  report  similar  results  on  Si  when  no  reagent  gases  were  leaked  into  the  chamber  with  a 
background  pressure  of  5  x  10* 10  Torr,  Ep  =  2keV,  and  beam  currents  of  650  nA  to  1600  nA.  This 
observation  is  consistent  with  surface  coverage  rate  limiting  the  oxidation  reaction.  With  these 
current  densities,  the  oxidation  rate  only  depends  on  the  availability  of  atomic  oxygen.  This  would 
be  expected  if  the  flux  of  electrons  was  much  greater  than  the  flux  of  molecules.  At  a  current 
density  of  0.375  mA/cm2,  the  electron  flux  would  be  6.0  x  10l*  electrons/cnT-sec.  The  molecular 
flux  at  7.1  x  10'9  Torr  would  be  «2.8  x  1012  molecules/cm-sec.  Thus,  the  apparent  lack  of 
dependence  upon  Ip  is  consistent. 

On  the  other  hand,  the  data  in  Figure  4,  curve  B,  shows  a  strong  positive  linear  correlation 
with  Ip.  At  this  pressure,  2.2  x  10'7  Torr,  surface  coverage  is  sufficiently  high  and  the  rate  of 
dissociation  is  a  product  of  the  molecular  surface  coverage  and  the  current  density,  rather  than  the 


Figure  4.  Instantaneous  oxidation  rate  (dIO/dt) 
at  time  =  0  as  a  function  of  Ip  (nA)  at  A)  7. 1  x 
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surface  coverage  alone.  This  observation  is  consistent  with  both  the  model  of  Tougaard,  et  al[9] 
and  Darici,  et  al.[18] 


Summary  and  Conclusions:  Conditions  to  reduce  ESO  due  to  AES  analysis  have  been  quantified 
for  6-H  SiC.  A  linear  increase  in  the  rate  of  electron-stimulated  oxidation  has  been  determined  for 
increasing  residual  gas  pressure.  The  oxidation 
rate  decreased  linearly  with  respect  to  primary 
beam  energy  above  3  keV.  At  a  pressure  of  2.2 
x  10'7  Torr,  the  oxidation  rate  increased  linearly 
with  increasing  current.  However,  little 
dependence  of  oxidation  rate  on  beam  current 
was  measured  at  7.1  x  10'9  Torr.  These  data  for 
higher  pressure  support  a  dependence  of 
oxidation  rate  on  availability  of  oxygen  as  well 
as  the  number  of  electrons  at  the  surface  for 
dissociation.  A  dependence  on  surface  coverage 
only  is  noted  at  very  low  pressures.  At  pressures 
less  than  2.0  x  10'9  Torr  and  very  low  currents,  - 
10  nA,  successful  metal  depositions  have  been 
achieved  with  little  contamination  (see  Figure 
5). 
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Figure  5.  Typical  Auger  signal  intensity  for  Ni 
(LMM)  and  O  (KLL)  transitions  as  a  function 
of  beam  irradiation  (sec)  during  a  Ni 
deposition  at  pressure  less  than  2.0  x  10-9  Torr 
and  low  current  ~10  nA. 
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Abstract :  A  microstructural  study  of  a  TiN/Ti//4H-SiC  stack  is  reported.  The  evolution  of  the  stack 
with  annealing  has  been  studied  by  X  ray-diffraction,  X  ray-reflectivity,  Auger  Electron 
Spectroscopy  and  Transmission  Electron  Microscopy  for  as-deposited,  300°C,  500°C  and  800°C 
annealed  samples.  Up  to  500°C,  the  crystalline  structure  of  the  Ti  and  TiN  layers  are  unchanged  and 
well-textured.  An  interfacial  layer  between  Ti  and  SiC  is  evidenced  by  X-ray  reflectivity  and  TEM. 
AES  analysis  reveals  Ti-C  bonds  at  the  interface  for  all  the  annealing  temperatures  investigated. 
Oxygen  diffusion  at  the  interface  after  a  500°C  anneal  is  also  shown.  Annealing  of  the  stack  at 
800°C  induces  the  formation  of  new  crystalline  phases  consisting  of  Ti5Si3,  C0.7N0.3Ti  and  titanium 
oxide  as  revealed  by  the  XRD  pattern. 

Introduction 

Due  to  its  large  bandgap,  SiC  is  a  suitable  material  for  devices  operating  at  high  temperatures  and 
high  power.  On  one  hand,  Schottky  barrier  diodes  have  been  identified  as  near  ideal  fast  rectifiers 
for  medium  and  high  voltages.  On  the  other  hand,  the  immaturity  of  MOS  structures  led  to  the 
development  of  the  metal -semiconductor  gated  transistor  devices  such  as  power  MESFETs  and 
SITs.  Refractory  metals  are  preferably  chosen  for  Schottky  contacts  because  of  their  high 
temperature  stability.  In  particular,  first  results  on  titanium  makes  it  a  promising  metal  barrier  on 
SiC  showing  good  forward  current  and  low  reverse  leakage  current  [1,2].  Several  microstructural 
analyses  described  the  behavior  of  Ti//SiC  contacts  on  6H-  [3,4],  3C-  [5]  and,  more,  recently  on  4H- 
SiC  [6].  In  the  present  study,  we  report  on  the  effect  of  annealing  on  the  microstructure  of  the 
TiN/Ti//SiC  stack  deposited  onto  n-type  4H-SiC,  where  TiN  is  used  to  prevent  the  Ti  layer  from 
oxidation.  For  different  annealing  temperatures,  we  focus  our  attention  on  the  characterization  of  the 
interface  between  titanium  and  silicon  carbide. 

Experimental 

Ti  (1000 A)  and  TiN  (1000A)  are  deposited  by  sputtering  and  reactive  sputtering  respectively,  on  the 
Si  face  of  n-doped  4H-SiC  substrate  purchased  from  Cree.  Prior  to  metal  deposition,  SiC  substrate 
is  prepared  using  the  RCA  cleaning  in  order  to  obtain  reproducible  surfaces.  With  this  surface 
preparation,  we  expect  to  obtain  an  oxygen  rich  SiC  surface.  After  metal  deposition,  the  substrate  is 
divided  into  lx lcm2  squares.  Then,  some  of  the  square  samples  are  annealed  under  N2  atmosphere 
with  the  following  conditions  :  300°C  for  2  minutes,  500°C  for  2  and  4  minutes,  and  800°C  for  2 
minutes.  Both  X-ray  diffraction(XRD)  and  small  angle  X-ray  reflectivity  are  performed  using  a 
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Seifert-MZ-IV  0/20  goniometer,  equipped 
with  a  graphite  monochromator  which 
selects  the  Xk«Cu  wavelength. 

Reflectivity  gives  both  individual  thickness 
and  interfacial  roughness  in  the  stack.  The 
modulation  of  the  reflected  intensity 
(Kiessig  fringes),  depending  on  the 
incidence  angle,  are  directly  related  to 
thickness.  Surface  roughness  is  related  to 
the  loss  of  the  high  order  fringes  contrast. 
The  reflectivity  data  are  fitted  using  the 
GIXA  software,  provided  by  Philips 
Analytical.  Auger  Electron  Spectroscopy 
(AES)  profiles  were  carried  out  using  a  Phi 
680  Field  Emission  Scanning  nanoprobe. 
Sputter  depth  profiling  is  performed  using  a 
2  keV,  500  nA  Ar+  ion  beam  used  to  etch  the 
samples  over  a  2  mm2  area.  Transmission 
Electron  Microscopy  (TEM)  experiments 
were  performed  on  a  200kV  microscope 
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Fig.  1  :  Reflectivity  analysis  of  TiN/Ti/4H-SiC  of  a 
sample  annealed  300°C  for  2  minutes.  Both 
experimental  and  simulated  plots  are  shown  together. 


with  a  point  to  point  resolution  of  1 .8A.  Cross-sections 


were  performed  by  mechanical  grinding  and 


polishing  with  final  surface  milling.  Samples  were  observed  along  the  [100]  axis  of  SiC. 


Results  and  discussion 


On  the  as-deposited  sample,  0/20  spectrum  provides  diffraction  peaks  characteristic  of  Ti  (002)  and 
TiN  (111)  oriented  crystalline  phases.  No  other  diffraction  peaks  appear,  meaning  that  the  phases 
are  well-textured.  This  is  confirmed  by  the  Full-Width  at  Half-Maximum  of  the  rocking  curves, 
close  to  1°  (0.78°  for  the  Ti  layer  and  1.12°  for  the  TiN  layer).  The  numerous  substrate  diffraction 
peaks  allow  the  determination  of  the  value  of  the  4H-SiC  lattice  parameter  c  (1.088±0.007A)  which 
is  found  to  be  in  good  agreement  with  results  published  previously  [7].  Annealing  of  the  samples  up 
to  500°C  does  not  change  the  main  figures  of  the  XRD  pattern.  For  the  samples  annealed  below  this 
limit,  X-ray  reflectivity  spectrum  is  fitted  using  the  stacking  composition  given  in  Fig.  1  (sample 


annealed  at  300°C  for  2  minutes).  The  plot 
shows  Kiessig  fringes  from  20C=O.4°,  with  0C 
the  critical  angle,  up  to  20=3°.  For  the  fit,  we 
only  fix  the  theoretical  refractive  index  value  n 
(n=l-S)  for  SiC  with  5Sic=  10.4x1  O'6  and  its 


roughness  around  3  A  in  accordance  with  AFM 
measurements.  As  shown  in  the  inserted  table 
(Fig.l),  the  calculated  thickness  of  the  Ti  layer 
agrees  with  the  expected  value  (1000 A)  and 
the  fitted  refractive  index  is  very  close  to  the 
theory  (Sri=13.0xl0'6).  On  the  other  hand,  the 
TiN  layer  thickness  is  smaller  than  expected 
because  of  the  surface  contamination. 


interfacial  layer 


SOnhi 


Moreover,  the  refractive  index  of  this  layer  is  Fig.  2  :  high  resolution  TEM  image  of  as-deposited  Ti 
smaller  than  the  theoretical  value,  which  is  on  4H-SiC  showing  the  Ti  layer,  interfacial  layer  and 
5iiN=  16.6x1  O'6.  As  a  matter  of  fact,  the  TiN  sic- 
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layer  obtained  by  reactive  sputtering  is  not  expected  to  be 
stoechiometric.  X-ray  reflectivity  also  reveals  the  presence 
of  an  interfacial  layer  between  titanium  layer  and  silicon 
carbide  for  as-deposited  samples  and  samples  annealed  up 
to  500°C.  For  all  the  samples,  the  mean  thickness  value  is 
13±5A.  The  corresponding  roughness  value  between  this 
interfacial  layer  and  the  Ti  layer  is  11±4A.  No  significant 
evolution  of  thickness  and  roughness  are  evidenced  with 
annealing  up  to  500°C.  High  resolution  TEM  technique 
confirms  the  interfacial  reflectivity  results.  Figure  2  shows 
an  image  of  the  Ti//SiC  interface  for  the  as-deposited 
sample.  It  evidences  the  interfacial  layer  between  metal 
and  semiconductor  around  40A  thick.  This  last  thickness 
value  can  be  compared  to  the  sum  of  the  thickness  and  the 
roughness  obtained  in  reflectivity.  As  expected,  'interfacial 
layer/Ti  layer’  roughness  appear  in  TEM  to  be  larger  than 
the  'SiC/interfacial  layer’  one.  The  microstructural 
composition  of  the  interface  is  still  under  investigation  by 
this  technique. 

Figure  3  shows  AES  depth  profiles  for  different  annealing 
temperatures.  The  investigated  Auger  peaks  and  their 
respective  positions  were  C(KLL,  272eV),  0(KLL, 
510eV),  N(KLL,  387eV),  Tii(LMM,  390eV),  Ti2(LMM, 
421eV)and  Si(KLL,  1621eV).  Due  to  their  close  Auger 
energies,  nitrogen  and  titanium  contributions  cannot  be 
dissociated  in  TiN.  Depth  profiles  in  Fig.3  show  the  well- 
known  TiN  surface  contamination  (essentially  carbon  and 
oxygen).  For  as-deposited  and  samples  annealed  up  to 
500°C  (Fig.  3a  and  3b)  where  there  is  no  or  only  a  slight 
interdiffusion  as  shown  by  the  reflectivity  measurements, 
the  sputtering  times  of  both  TiN  and  Ti  layers  are 
proportional  to  the  expected  thickness  of  the  layers.  For  the 
as-deposited  and  300°C  annealed  samples  (Fig.  3a),  we 
note  at  the  Ti//SiC  interface  the  presence  of  oxygen  traces 
due  to  the  surface  preparation  that  becomes  undetectable 
after  annealing  at  500°C  (Fig.3b),  probably  by  diffusion 
into  the  whole  structure.  For  this  last  temperature,  the 
annealing  time  does  not  bring  any  difference  between  2  and 
4  minutes,  meaning  that  the  diffusion  occurs  between  300 
and  500°C.  In  addition,  for  as-deposited  and  annealed 
samples  up  to  500° C,  the  shape  of  the  C  and  Ti  profiles 
suggest  a  Ti-C  reaction  at  the  Ti//SiC  interface  (on  some 
nanometers).  However,  no  bulk  TiC  crystalline  phase 
appears  in  XRD  patterns.  The  small  thickness  and  the 
probably  poor  crystallinity  of  the  interfacial  layer  could 
explain  that.  Moreover,  during  the  Auger  profile,  ion 
mixing  due  to  surface  bombardment  at  the  Ti//SiC  interface 
can  contribute  to  the  formation  of  Ti-C  bonds[8].  No  Ti-Si 
bonds  could  be  evidenced  by  this  technique  whatever  the 


Sputter  Time  (min) 


Sputter  Time  (min) 


Fig.  3  :  intensity  vs  depth  profiles  of  Ti,  N, 
Si,  C  and  O  atoms  determined  by  Auger 
electron  Spectroscopy  (AES)  for  a  sample 
annealed  at :  a)  300°C  2  minutes,  b)  500°C 
4  minutes,  c)  800°C  2  minutes. 
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annealing  temperature  up  to  500°C.  Therefore,  it  seems  that  the  oxygen  leaving  allows  the 
formation  of  Ti-C  bonds  at  the  interface  preferentially  to  Ti-Si  bonds  up  to  500°C  annealing. 
Similar  result  have  been  reported  on  3C-SiC[5]  which  indicates  that  no  titanium  silicides  are  formed 
below  600°C. 

Above  500°C  annealing,  some  changes  occur  in  the  microstructure  of  the  TiN/Ti//SiC  stack.  For  a 
sample  annealed  at  800°C  for  2  minutes,  Ti  and  TiN  diffraction  peaks  have  disappeared  in  XRD 
pattern  and  oriented  TisSi3  (420),  oriented  C0.7N0.3Ti  (111)  and  a  titanium  oxide  crystalline  phases 
are  evidenced.  There  is  no  more  constructive  interferences  that  can  be  observed  on  reflectivity 
curve,  showing  that  all  the  interfaces  are  poor-defined  due  to  layer  intermixing.  Figure  3c  shows  the 
corresponding  AES  depth  profile.  It  shows  that  the  metal  multilayer  is  considerably  affected.  Silicon 
of  SiC  reacts  with  titanium  to  give  the  TisSi^  crystalline  phase.  Ti-C  bonds  are  clearly  observed  at 
the  interface.  For  700°C  anneal,  similar  results  on  the  Ti//6H-SiC  interface  had  been  previously 
observed  with  Ti-C  bonds  and  involving  a  TiCi_x  phase[3].  It  was  shown  that  the  faster  diffusivity 
of  the  carbon  than  the  silicon  in  the  titanium  layer  could  explain  the  early  formation  of  TiC 
crystallites  at  the  interface.  As  for  lower  annealing  temperatures,  this  phase  is  either  too  thin  or  too 
disordered  to  appear  in  the  XRD  pattern.  Far  from  the  interface,  carbon  and  nitrogen  atoms  diffuse 
and  react  with  titanium  of  the  Ti  layer  to  give  the  C0.7N0.3Ti  crystalline  phase.  Probably  due  to  a  loss 
of  nitrogen,  the  TiNj.x  layer  is  no  more  a  diffusion  barrier  and  allows  oxygen  to  penetrate  from 
atmosphere  into  the  titanium  layer  to  react  with  it.  Thus,  the  titanium  oxide  phase  found  in  the  XRD 
pattern  is  located  between  Co.7No.3Ti  and  TisS^.  Conversely,  the  TiNi_x  phase  seems  to  prevent 
carbon  from  diffusing. 

Conclusion 

Annealing  of  the  TiN/Ti//SiC  structure  up  to  500°C  leave  the  stacking  microstructure  well-textured. 
It  shows  the  presence  of  an  interfacial  layer  between  titanium  and  SiC,  chemically  characterized  by 
Ti-C  bonds.  It  also  evidences  the  presence  of  oxygen  in  the  as-deposited  interfacial  layer  that 
diffuses  and  completely  disappears  for  the  sample  annealed  at  500°C.  Above  500°C,  annealing 
induce  chemical  reaction  of  the  titanium  layer  with  SiC  producing  Ti5Si3  and  C0.7N0.3Ti  crystalline 
phases.  Moreover,  the  nitrogen  diffusion  in  TiN  layer  allows  the  oxygen  to  diffuse  from  atmosphere 
into  the  Ti  layer. 
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ABSTRACT 

In  the  work,  the  surface/interface  structures  of  Pd/SiC  were  investigated  by  angle  resolved  X-ray 
photoelectron  spectroscopy  (ARXPS)  and  atomic  force  microscopy  (AFM)  after  consecutive  annealing 
from  100°C  to  600°C  with  100°C  increments  in  air  for  30  minutes.  The  thickness  of  the  Pd  ultra-thin 
film  on  SiC  was  about  30  A.  The  relative  intensities  of  the  Si(2p),  C(ls),  Pd(3d),  and  O(ls)  core  level 
XPS  peaks  from  the  Pd/SiC  samples  changed  quite  strongly  with  various  electron  emission  angles  since 
the  effective  probing  depth  decreases  with  increasing  emission  angle.  SiC  became  more  chemical  active 
due  to  the  presence  of  Pd  on  the  SiC  surface.  The  Pd  silicides  were  formed  above  300°C.  SiCxOy,  Si, 
and  Pd  were  found  on  the  top  of  graphite  and  Pd  silicides  from  300°C  to  400°C.  With  increasing 
temperatures,  the  concentration  of  the  SiCxOy  decreased  and  Si02  was  formed.  At  500°C  and  600°C, 
graphite  was  on  the  top  of  the  film,  and  the  Pd  silicides  and  Si02  were  between  the  SiC  substrate  and 
the  graphite.  Oxygen  is  absorbed  strongly  on  Pd  surface  at  room  and  elevated  temperatures.  A 
surface/interfacial  structural  model  for  Pd/SiC  at  various  elevated  temperatures  was  suggested. 


INTRODUCTION 

SiC-based  device  developments  require  that  the  metal  contacts  and  interconnects  are  physically, 
chemically,  and  electrically  stable  under  severe  conditions,  such  as  at  high  temperatures.  In  recent  years, 
the  SiC-based  devices  have  become  commercially  available  [1].  However,  the  diffusions  and  reactions 
between  metal  thin  films  and  the  SiC  substrate  result  in  the  formation  of  various  interfacial  compounds, 
and  alter  the  electrical  properties. 

Pd/SiC  Schottky  diodes  have  been  successfully  demonstrated  as  hydrogen  and  hydrocarbon 
sensors  [2,3]  operated  at  high  temperatures.  The  heat  treatment  significantly  promotes  interfacial 
diffusion  and  chemical  reactions,  and  broadens  the  interface  region.  The  two-dimensional  surface 
diffusion  and  surface  segregation  of  Si  from  dissociated  SiC  result  in  a  thin  silicon  oxide  layer  on  the  top 
of  the  Pd  film  [2],  After  annealing  at  425°C,  the  Pd  chemical  states  are  various  co-existing  palladium 
silicides  (PdxSi,  x  =  1,2, 3, 4)  for  the  Pd  thickness  of  about  400A  [3].  Our  previous  results  [4,5]  show  that 
Pd  exists  as  PdSi  and  Pd2Si  for  the  ultra-thin  Pd  film  (~30A  thickness)  on  SiC,  and  various  silicon  and 
carbon  related  compounds  in  Pd/SiC  are  formed  at  elevated  temperatures. 

In  this  study,  the  surface  and  interfacial  composition  and  the  morphological  features  of  Pd  ultra- 
thin  films  on  6H-SiC  after  thermal  annealing  were  investigated  using  angle  resolved  X-ray  photoelectron 
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spectroscopy  (ARXPS)  and  atomic  force  microscopy  (AFM).  The  surface  morphology  and  the  variations 
in  ARXPS  intensity  were  used  to  determine  the  surface/interface  structures  of  Pd  ultra-thin  film  on  6H- 
SiC  after  consecutive  annealing  from  100  to  600°C  in  air. 


EXPERIMENTAL 

1 .  Samples  and  Pd  ultra-thin  film  fabrication: 

n-type.  Si-face  6H-SiC  wafers  with  3.5°  off-axis  on  Si  (0001)  substrates  were  purchased  from 
Cree  Research  Inc.  The  doping  concentration  was  2.6  x  1018  cm3.  An  RF  sputtering  system  (Kurt  J. 
Lesker  Company)  was  used  for  the  Pd  ultra-thin  film  preparation.  The  SiC  wafer  was  cleaned  by  a 
modified  RCA  procedure  [4].  The  thickness  of  Pd  thin  film  on  SiC  was  about  30  A,  so  that  XPS  can 
effectively  detect  the  Pd/SiC  interfacial  compositions. 

The  Pd/6H-SiC  samples  were  analyzed  and  annealed  consecutively  from  100°C  to  600°C  in 
100°C  increments  in  air  for  30  minutes  each  time. 

2.  Characterization 

The  XPS  experiments  were  performed  on  a  Kratos  X-SAM  800  spectrometer  with  an  energy 
resolution  of  0. 1  eV.  The  base  pressure  was  at  10"9  Torr.  The  Mg  Ka  (hv= 1253.6  eV)  radiation  was 
used.  The  energy  scale  of  the  analyzer  was  calibrated  by  the  Cu  (2p3/2)  XPS  peak  at  932.67  eV,  and  the 
Au  (4f7/2)  XPS  peak  at  84.00  eV. 

The  exit  angles  of  the  photoelectron  were  varied  by  rotating  the  sample.  The  data  were  smoothed 
and  satellite  peaks  were  subtracted  before  background  subtraction  and  deconvolution  were  performed. 
The  background  of  the  XPS  was  subtracted  using  the  Sherley  algorithm.  The  Gaussian-Lorentzian 
method  was  applied  to  deconvolute  the  XPS. 

A  NanoScope  E  (Digital  Instruments,  Inc.)  was  used  for  AFM  measurements.  The  standard 
silicon  nitride  cantilever  supplied  by  Digital  Instruments,  Inc.  was  employed.  The  force  constant  of  the 
silicon  nitride  cantilever  is  0. 12  N/m.  At  least  three  different  regions  on  the  surface  were  measured  by 
AFM  for  each  sample. 


RESULTS  AND  DISCUSSION 

1.  Chemical  compounds  in  Pd/SiC  at  elevated  temperatures. 

XPS  was  used  to  examine  the  surface/interface  composition  on  Pd/6H-SiC  from  the  as  deposited 
and  after  each  annealing  step.  The  surface/interface  species  formed  on  the  Pd/SiC  surface  are  quite 
complex,  and  our  previous  reports  show  [4,5]  that  the  surface/interface  compounds  on  Pd/SiC  samples 
after  annealing  include  Pd  silicides,  Pd  element,  and  the  silicon  and  carbon  related  compounds. 

The  reaction  products  between  Pd  and  SiC  are  different  at  different  temperatures.  At  300°C,  the 
Pd  reacts  to  SiC  to  form  Pd2Si  on  6H-SiC  substrate,  and  the  Pd2Si  reacts  with  SiC  to  form  PdSi  at 
600°C  for  Pd/6H-SiC  [4].  Various  carbon  and  silicon  compounds  [5]  are  formed  with  the  presence  of 
Pd  ultra-thin  film  on  SiC  surface  after  different  annealing  temperatures.  Silicon  oxycarbides  (SiCxOy)  are 
found  and  the  atomic  ratio  of  C  to  O  decreases  with  increasing  annealing  temperatures.  Si02  is  formed 
after  annealing  at  500°C  and  above.  The  amorphous  Si  is  formed  after  annealing  in  the  temperature 
region  of  200-400°C,  and  Pd  seems  to  act  as  a  catalyst  to  break  the  Si-C  bonds  in  SiC  into  Si  and  C 
phases.  A  low  concentration  of  the  C=0  group  exists  on  Pd/SiC  through  the  annealing  temperature  up 
to  600°C.  Table  I  lists  the  XPS  peaks  of  the  C(ls),  Si(2p3/2),  and  Pd  (3ds/2)  after  deconvolution  for 
Pd/6H-SiC  as  deposited  and  after  each  annealing  step. 
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TABLE  I.  Carbon,  silicon,  and  palladium  compounds  on  Pd/SiC  as  deposited  and 
after  consecutive  annealing  in  air  for  30  minutes. 

Annealing  Temperatures  (°C) 

Compounds 

as  deposited 

C,  SiCxOy,  C=0,  Pd 

100°C 

C,  SiCxOy,  CO,  Pd 

200°C 

Si,  C,  SiCxOy,  CO,  Pd 

300°C 

Si,  C,  SiCxOy*,  Pd,  Pd2Si,-CO,  C-O 

400°C 

Si,  C,  SiCxOy*,  Pd2Si,  CO 

500°C 

C,  SiCxOy*,  Pd2Si,  CO,  Si02 

600°C 

C,  Si02,  PdSi,  CO 

*  atomic  ratio  of  C  to  O  decreases  with  increasing  annealing  temperatures. 


2.  Surface/interface  structures  on  Pd/SiC. 

The  relative  intensities  of  the  Si(2p),  C(ls),  Pd  (3d),  and  O(ls)  core  level  XPS  peaks  from 
Pd/SiC  were  measured  at  the  electron  emission  angles  from  0  to  75°  after  each  step  annealing.  For  the 
Pd/SiC  samples  as  deposited,  and  after  annealing  at  100  and  200°C,  Pd  is  at  the  elemental  state.  A 
strong  O(ls)  peak  indicates  that  oxygen  can  be  absorbed  on  Pd  surface  at  room  and  elevated 
temperatures.  The  atomic  concentration  of  oxygen  on  Pd/SiC  is  40-50%  from  the  XPS  data. 

At  300°C,  Pd  reacts  with  SiC  to  form  Pd2Si  [4],  and  the  presence  of  Si  shows  that  the  Si-C  bonds 
in  SiC  break  into’ Si  and  C  phases.  Figure  1(a)  shows  the  atomic  concentrations  of  various  compounds 
on  Pd/SiC  at  different  electron  emission  angles  after  thermal  annealing  at  300°C  in  air.  As  shown,  the 
concentrations  of  SiCxOy,  Si,  and  Pd  increase  rapidly  with  increasing  emission  angles.  The  intensities 
of  graphite  and  Pd2Si  decrease  slightly  with  increasing  emission  angles.  Therefore,  SiCxOy,  Si,  and  Pd 
are  on  the  top  of  graphite  and  Pd2Si.  The  surface/interface  structure  on  Pd/SiC  has  no  significant  change 
after  annealing  at  400°C. 


Emission  An^af) 


Emission  Angle  O 


(a)  300°C  (b)  600°C. 

Figure  1:  Atomic  concentrations  of  various  compounds  on  Pd/SiC  with  different 
electron  emission  angles  after  thermal  annealing  in  air. 

Figure  1(b)  shows  the  atomic  concentrations  of  various  compounds  on  Pd/SiC  at  different 
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electron  emission  angles  after  thermal  annealing  at  600°C  in  air.  As  shown,  graphite  is  on  the  top  of  the 
film,  and  Si02  and  PdSi  are  between  the  graphite  and  the  SiC  substrate.  The  AFM  images  show  that  the  Pd  film 
becomes  a  nanofeatured  layer  with  the  average  size  of  20-30nm.  At  600°C,  the  nanosize  rounded  clusters  on  SiC 
are  formed.  A  surface/inteiface  structural  model  of  Pd/SiC  at  elevated  temperatures  is  suggested  in  Figure  2. 


absorbed  [O] 


Pd 

SiC 


(a)  as  deposited,  100-200°C 


absorbed  [0],  SiC*Oy,  Si,  and  Pd, 


^  graphite,  Pd2Si 

< - SiC 


(b)  300-400°  C 


graphite.  Absorbed  [0] 


Pd2Si,  SiCxOy,C=0 
SiC  _ > 


graphite,  absorbed  [O] 


Si02,  PdSi,  C=0 
SiC 


(c)  500° C  (d)  600°  C 

Figure  2.  A  surface/interfacial  structures  of  Pd/SiC  at  elevated  temperatures 


CONCLUSIONS 

A  surface/interface  structural  model  for  Pd/SiC  at  elevated  temperatures  is  suggested.  Oxygen 
is  absorbed  strongly  on  Pd  surface  at  room  and  elevated  temperatures.  The  Pd  silicides  are  formed  above 
300°C.  SiCxOy,  Si,  and  Pd  are  found  on  the  top  of  graphite  and  Pd  silicides  on  SiC  from  300°C  to 
400°C.  At  500°C  and  600°C,  graphite  is  on  the  top  of  the  film,  and  the  Pd  silicides  and  Si02  are 
between  the  graphite  and  the  SiC  substrate. 
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Abstract  We  have  studied  clean  surfaces  of  6H(4H)SiC(0001)Si  and  C  and  metal(film)- 
SiC(substrate)  contact  systems,  where  noble  and  transition  metals  are  adopted.  Heat  treated 
SiC  surfaces  in  ultra  high  vacuum(UHV)  has  shown  surface  super  structures  depending  on 
temperature.  In  the  case  of  metal  deposition  on  SiC  substrates,  it  has  been  clarified  that 
deposited  metal  atoms  form  islands  in  the  initial  stage.  Soft  X-ray  emission  spectroscopy 
(SXES)  study  has  elucidated  the  fact  that  there  is  a  NfeSi  buried  interface  layer  for  a  Ni(film)- 

SiC(substrate)  contact  heat  treated  at  600-800°C. 

1.  Introduction  Metal  contacts  formation  process  on  semiconductor  SiC  substrates  has 
been  intended  to  study  in  order  to  fabricate  a  reliable  contacts  in  a  controlled  manner.  SiC 
surfaces  heat  treated  in  UHV  has  also  been  studied  considering  possible  important  roles  to  have 
reliable  overlayer. 

Auger  electron  spectroscopy(AES),  low  energy  electron  diffraction(LEED)  and  scanning 
tunneling  microscopy(STM)  were  used  for  the  characterization  of  SiC  surfaces  with  and 
without  metal  atoms  on  top.  We  have  also  adopted  soft  X-ray  emission  spectroscopy(SXES) 
method  for  either  structural  or  electronic  property  analysis[l]. 

2 .  Experimental  Metal  atoms  deposition  process  on  SiC  has  been  characterized  in  an  ultra 
high  vacuum(UHV;  less  than  107Pa)  chamber.  Metal  atoms  deposition  was  carried  out  by 
vacuum  evaporation  of  metal  atoms  from  a  tungsten  basket.  Nominal  metal  film  thickness  was 
monitored  by  a  quartz  micro  balance.  In  UHV-  STM  studies,  we  adopted  those  commercially 
available  from  UNISOKU,  Japan,  and  OMICRON.  SXES  experiment  was  carried  out  by 
using  SHIMADZU  NEB  0789[1]. 

3.  Results  and  discussion 

3.1  6H(4H)-  SiC(0001)  surfaces  heat  treated  in  UHV:  Before  loading  in  a  UHV  chamber,  SiC 
specimens  were  rinsed  in  an  organic  solvent  by  giving  ultrasonic  vibration  to  be  followed  by  an 
etching  in  KOH  or  HNO3/HF.  In  a  UHV  camber,  they  were  heated  at  ~600°C  for  more  than 
several  hours  to  desorb  volatile  contaminants.  Samples  were  then  heated  at  900~1300°C  for 
several  minutes.  Above  900°C,  oxygen  atoms  were  ascertained  to  be  eliminated  from  SiC 
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surfaces  by  AES.  AES  analysis  also  showed  Si(LW)/C(KLL)  signal  intensity  ratio  increased 
up  to  ~1000°C  to  decrease  at  higher  temperatures.  LEED  studies  showed  lxlSiC  to  change 
into  V- 3xV"~ 3  and  6 V" 3x6V“ 3  structures  with  raising  heating  temperature.  STM  showed 
similar  structures  except  for  6x6  instead  of  6V~ 3x6V- 3  which  could  be  explained  by 
considering  the  existence  of  a  graphite  layer  on  top  of  SiC(OOOl)  surface.  Sometimes  3x3 
structure  was  also  observed  [2, 3] . 

3.2  Initial  stage  of  metal  atoms  deposition:  Auger  spectra  for  Cu  atoms  deposition  on  6H- 
SiC(0001)SiV~ 3xV~3  surfaces  are  shown  in  Fig.l,  where  the  Cu  coverage  is  shown  in  mono 
layer(ML)  unit.  1ML  is  defined  by  the  atomic  number  of  the  SiC(OOOl)  surface  in  the  bulk  like 
structure.  Structure  patterns  observed  by  LEED  are  also  shown  for  discussion.  Auger  signals 
at  around  63,  93  and  274eV  correspond  to  Cu(MVV),  Si(LW)  and  C(KLL)  peaks, 
respectively.  Cu(MW)  signal  intensity  is  increasing  with  Cu  deposition,  whereas  Si(LW) 
and  C(KLL)  peak  intensities  are  decreasing  with  Cu  coverage.  The  6H-SiC(0001)  SiV"3xV”3 
LEED  pattern  for  the  zero  coverage  changes  into  lxl  at  the  Cu  coverage  of  ~1  ML.  The  lxl 
LEED  pattern  continues  up  to  5ML  of  Cu  deposition.  Above  5ML,  no  LEED  pattern  could  be 
observed.  This  LEED  observation  shows  the  fact  that  Cu  islands  are  formed  on  top  of  a  SiC 
surface. 

Auger  Peak  to  peak(P-P)  intensity  of  Si(LW)  is  shown  in  Fig.2  as  a  function  of  the  nominal 


Fig.l  Auger  spectra  for  Cu  deposition  on  top  of  bH-SiQOOO^-OxVTB.  Structural 
information  obtained  by  LEED  observation  are  also  shown  for  discussion. 

Fig.2  Si(LVV)  signal  intensities  vs.  nominal  Cu  layer  thickness.  Filled  circles  connected  by 
dotted  lines  are  experimental  data,  where  the  dotted  lines  are  simple  connection  of  the 
experimental  data  points.  Solid  line  indicates  an  expected  change  in  signal  intensity  for  the 
layer  by  layer  growth. 
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Cu  film  thickness  for  an  experiment  of  Cu  atoms  deposition  on  the  6H-  SiC(0001)SiV~ 3 xV~ 3 
substrate.  The  filled  circles  connected  with  dotted  lines  are  experimental  data,  where  dotted 
lines  are  simple  connection  of  experimental  data  points.  The  solid  line  indicates  the  expected 
decrease  of  the  Si(LW)  signal  for  the  case  of  layer  by  layer  growth  of  Cu  overlayer,  i.e.,  the 
Franck  van  der  Merwe  growth.  The  calculated  solid  line  is  deduced  by  considering  the 
decrease  of  the  Si(LW)  Auger  electron  intensity  as  exp(-nd/  X  ecos  0  ),  where  n  is  the  number 
of  the  Cu  layer  thickness,  d  is  the  thickness  of  the  one  monolayer(ML)  of  Cu,  X  e  is  the  mean 

free  path  of  the  Si(LW)  Auger  electron  and  0  is  the  angle  of  detection  of  the  Auger  electron 
with  respect  to  the  sample  surface  normal.  It  is  clear  that  experimental  data  points,  filled 
circles,  deviate  clearly  from  the  calculated  solid  line.  This  fact,  i.e.,  the  experimental  signal 
intensities  are  larger  than  the  solid  line,  claims  that  Cu  atoms  deposited  form  islands.  This 
conclusion  is  consistent  with  the  above  explanation  for  the  Cu  overlayer  formation  deduced  by 
the  LEED  results.  Therefore,  it  can  be  said  that  small  Cu  metal  islands  form  at  the  initial  stage 
of  Cu  atoms  deposition  on  the  6H-SiC(0001)SiV“ 3 x'V" 3  surface.  Similar  was  the  case  for 
different  surfaces  with  various  surface  structures.  Almost  the  same  results  were  obtained  for 
Au  deposition  on  SiC,  although  the  growth  mode  is  more  layer  like  than  Cu. 

3.3  SXES  study  of  heated  Ni(film)/SiC(substrate)  specimen:  SXES  study  has  been  carried 
out  in  the  case  of  a  Ni(film)/SiC(substrate)  system.  In  the  electron  excited  SXES  study,  we 
can  perform  nondestructive  in  depth  analysis  of  an  film-substrate  contact  system  by  using  the 
fact  that  a  soft  X-ray  emission  band  spectrum  is  characteristic  for  a  material[l].  For  example, 
the  Si-L2,3  emission  band  spectrum  shows  quite  different  features  for  Si  crystal  and  Si 
compounds,  even  in  the  case  that  the  spectral  shapes  of  Si(LW)  Auger  signals  for  Si  crystal 
and  Si  compounds  are  almost  the  same.  An  interesting  point  of  the  electron  excited  SXES 
analysis  is  that  one  can  perform  a  study  of  a  buried  interface  layer  without  using  a  destructive 
tool  like  ion  sputtering.  That  is  because  both  the  X-ray  production  depth(dx)  of  an  energetic 

electron  and  the  mean  free  path  of  a  soft  X-ray(  X  x)  are  larger  than  the  mean  free  path  of  an 
electron(  X  e)  with  energies  less  than  a  few  keV  which  is  used  generally  in  electron 
spectroscopies,  i.e.,  dx  and  Xx>*  Xe- 

Fig.3  shows  SXE  spectra  for  a  Ni(20nm)-SiC(substrate)  system  heat  treated  at  800°C 
measured  by  varying  the  incident  electron  energy(Ep),  where  the  spectral  region  at  the  photon 

energies  of  h  v  =85-105eV  corresponds  to  the  Si-L2,3  emission  band.  At  large  Ep,  the  spectra 
are  almost  the  one  of  crystalline  SiC.  By  decreasing  Ep,  i.e.,  by  decreasing  the  X-ray 
production  depth(dx),  the  shape  of  the  spectra  changes  from  that  of  the  SiC  single  crystal.  The 
change  in  the  spectral  shape  of  the  Si-L2,3  emission  band  means  the  fact  that  Si  atoms  have  a 

different  chemical  bonding  state  at  the  Ni(film)-  SiC(substrate)  interface  region.  Ni  does  not 
give  any  meaningful  signal  at  this  photon  energy  region  except  structureless  Bremsstrahlung. 

A  possibility  to  induce  such  a  spectral  change  in  the  Si-L2,3  emission  band  spectrum  is  a 

formation  of  a  different  Si  compound  at  the  Ni-  SiC  interface.  Considering  the  contact  system 
is  composed  by  Ni  and  SiC,  possible  compounds  including  Si  atoms  are  Ni-silicides.  We 
have  tried  to  reproduce  the  experimental  Si-L2,3  emission  band  spectra.  The  spectrum  of 
Fig.3(c)  can  be  reproduced  by  adding  the  spectrum  of  SiC  single  crystal [Fig.3(a)]  and  that  of 
Ni2Si[4]  at  the  ratio  of  around  0.5:  0.6.  At  Ep=1.5keV,  the  spectra[Fig.3(d)]  is  more  NfaSi 
like.  This  result  can  be  explained  by  considering  NhSi  layer  formation  at  the  Ni(film)- 
SiC(substrate)  interface.  Similar  result  was  obtained  in  the  case  of  600°C  heating  of  a 
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Ni(film)/SiC(substrate)  specimen. 


Fig.3 

Si  L/2,3  soft  X-ray  emission 
spectra  for  Ni(20nm)/SiC(substrate) 
specimen  heat  treated  at 
800°C  for  15min: 

(a)  SiC  bulk, 

(b)  Ep=3keV, 

(c)  Ep=2keV, 

(d)  Ep=1.5keV. 


4 .  Summary  The  present  study  can  be  summarized  as  follows: 

(1)  Several  different  surface  structures  have  been  clarified  by  LEED  and  STM  for  UHV  heated 
6H(4H)-SiC(0001)  surfaces. 

(2)  Metal  islands  formation  has  successfully  been  shown  for  the  initial  stage  of  metal  atoms 
deposition  on  6H(4H)-SiC(0001)  surfaces. 

(3)  N^Si  layer  formation  has  been  indicated  at  the  buried  Ni(film)-SiC(substrate)  interface  heat 
treated  at  600-800°C  by  SXES  non-destructively. 
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Abstract:  Auger  electron  spectroscopy  (AES)  and  secondary  electron  emission  has  been  used  to 
determine  how  thin  monolayer  films  of  Re  and  Nb  grow  on  the  4H-SiC(000 1 )  C-face  and  4H-SiC 
(0001)  Si-face  surfaces  at  room  temperature.  The  secondary  electron  emission  was  monitored  by 
the  crystal  current  (SEECC)  method  and  compared  to  the  change  in  Auger  electron  peak-to-peak 
intensities  for  both  substrate  and  adsorbate.  On  the  4H-SiC  (0001)  Si-face,  both  metals  first  form  a 
single  monolayer  followed  by  growth  of  simultaneous  monolayers  (MSM  mode).  On  the  4H- 
SiC(0001)  C-face,  both  metals  grow  layer-by-layer  (Frank-van  der  Merwe,  FM  mode). 

Introduction:  The  existence  of  surface  polarity  in  SiC  has  implications  for  process  technology  and 
practical  device  structures.  In  the  case  of  metal  growth,  layered  growth  is  preferred  in 
semiconductor  films  and  superlattices  because  interfaces  with  specified  geometry  can  be  engineered 
[1].  Of  particular  theoretical  interest  is  the  transition  between  uniform  layer-by-layer  growth,  which 
wet  the  surface,  and  3D-island  formation,  which  do  not  wet  the  surface  [2].  The  production  of  thin 
metal  films  on  solid  surfaces  is  accomplished  by  many  techniques  like  molecular  beam  epitaxy 
(MBE)  [3],  evaporation  from  a  refractory  wire  [4],  electron  beam  evaporation  [5],  and  others  [6]. 

Studies  of  the  two  polar  faces  of  6H-SiC  have  shown  differences  in  etch  rate  [7,8],  oxidation  [9,10], 
gross  reactivity  [11],  and  graphitization  [12]  at  high  temperature.  Unfortunately,  there  have  been 
few  studies  for  4H-SiC,  the  current  SiC  polytype  of  choice  for  device  applications.  In  this  paper  we 
report  monolayer  metal  growth  kinetics  of  Re  and  Nb  on  4H-SiC(000 1 )  C-face  and  4H-SiC  (0001) 
Si-face  surfaces  at  room  temperature.  This  is  accomplished  by  observing  the  attenuation  of  substrate 
Si  Auger  electrons  as  they  traverse  the  growing  metal  layer.  The  Auger  signals  are  corroborated  by 
measurements  of  total  crystal  current  as  the  incident  electron  beam  interacts  with  the  surface  during 
metal  growth.  To  our  knowledge,  there  have  been  no  prior  reports  of  monolayer  metal  adsorption 
on  4H-SiC  and  only  one  study  on  6H-SiC  [13],  In  that  work,  van  Elsbergen  et  al.  found  that  Cs 
grows  layer-by-layer  on  the  6H-SiC(0001)  Si-face  surface  at  130°C,  with  the  films  becoming  metallic 
after  the  first  Cs  layer.  Formation  of  the  metal-semiconductor  contact  is  of  particular  importance  in 
the  device  fabrication  of  large  scale  integrated  electronics  [14],  Our  recent  work  [15]  with  Nb 
contacts  to  n-type  4H-SiC  shows  that  Nb  results  in  a  high-performance  ohmic  contact  with  good 
stability  over  hundreds  of  hours  at  500°C. 

Thermodynamic  considerations  predict  three  basic  growth  modes  for  epitaxial  growth  processes 
[16].  Frank-van  der  Merwe  (FM)  [17]  growth  is  two-dimensional  layer-by-layer  growth.  The 
impinging  atoms  adsorb  onto  the  surface  with  a  sufficiently  high  rate  of  diffusion,  find  a  vacant  site 
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and  complete  a  layer  prior  to  the  start  of  the  next  layer.  Stranski-Krastanov  (SK)  [18]  growth 
involves  the  formation  of  a  monolayer  followed  by  3D-island  or  crystallite  growth.  Films  that  have  a 
strong  film-substrate  interaction  usually  exhibit  SK  growth  [19].  Volmer-Weber  (VW)  [20]  growth 
involves  the  formation  of  3D-islands  or  crystallites.  Rhead  et  al.  [21]  report  two  additional  modes. 
The  first  is  simultaneous  monolayer  (SM)  growth  (also  called  Poisson  growth),  which  occurs  when 
the  adsorbed  atoms  have  no  lateral  diffusion  and  remain  where  they  are  adsorbed.  Given  a  uniform 
flux  over  the  surface  and  no  coalescence  of  the  adatoms,  there  is  no  formation  of  crystallites.  The 
other  mode  is  monolayer  formation  followed  by  simultaneous  monolayer  (MSM)  growth.  Here,  the 
diffusion  of  the  adsorbate  on  the  substrate  is  adequately  high  to  allow  the  uniform  growth  of  the  first 
monolayer,  which  is  then  followed  by  very  slow  or  no  lateral  diffusion  of  the  adsorbate  on  the  initial 
monolayer.  A  first  monolayer  is  formed,  followed  by  growth  of  simultaneous  monolayers.  The 
(MSM)  mode  is  difficult  to  distinguish  from  SK  growth  unless  exponential  variation  of  the  Auger 
intensities  is  observed  after  the  first  monolayer  or  careful  LEED  studies  are  undertaken.  In  a 
comprehensive  review  of 440  investigations  performed  between  1968-88,  Argile  and  Rhead  [22] 
report  that  many  systems  originally  reported  as  exhibiting  SK  growth  more  correctly  exhibit  MSM 
growth. 


Experimental:  The  on-axis  Epitronics  n-type  4H-SiC  crystals  used  in  this  work  were  0.012”  thick 
with  orientations  of  (0001)  ±  5°  and  (0001)  ±  5°  for  the  Si-  and  C-face  surfaces  respectively.  The 
dopant  concentrations  were  1  x  1019/cm3  for  the  Si-face  surface  and  1.5  x  1018/cm3  for  the  C-face 
surface.  To  independently  check  the  surface  polarity,  we  oxidized  the  polar  faces  at  1373  K  (500 
seem  of  02  passed  through  a  bubbler).  Golz  et  al.  [23]  has  shown  that  the  4H-SiC(0001)  Si-face 
oxidizes  slower  than  the  C-face.  Rutherford  backscattering  spectroscopy  (RBS)  verified  that  there 
was  a  thicker  oxide  layer  on  the  C-face  surface. 


The  4H-SiC  crystals  were  first  ultrasonically  cleaned  in  electronics  grade  1,1,1-trichloroethane 
followed  by  acetone  and  12  MQ/cm  deionized  water,  then  mounted  and  placed  in  the  UHV 
chamber.  After  evacuation  to  3  x  10 10  torr,  the  surfaces  were  in-situ  cleaned  by  a  combination  of 
annealing  and  ion  bombardment.  We  first  ramp  the  crystal  temperature  to  1400  K  to  volatilize  the 
native  oxide  and  graphitize  the  surface.  Next,  the  crystal  is  maintained  at  700  K  while  it  is  sputtered 
using  Ar+  ions  at  75°  from  the  surface  normal  with  stepwise  decreases  in  ion  energy  from  6  keV  to  3 
keV  to  1  keV.  The  crystal  is  then  annealed  at  700  K  for 
10  minutes.  The  procedure  has  been  shown  to  maintain 
near  perfect  surface  stoichiometry  and  minimize  the 
amount  of  implanted  argon. 

Growth  of  Re  on  4H-SiC:  Adsorption  of  rhenium  on  the 
4H-SiC(0001)  Si-face  surface  is  shown  in  Fig.  1,  where 
the  peak-to-peak  intensities  for  the  Si  (LW)  90  eV 
Auger  peak  and  the  Re  (NW)  176  eV  Auger  peak  is 
plotted  as  a  function  of  deposition  time.  Also  shown  is 
the  crystal  current  as  a  function  of  deposition  time.  A 
clear  break  in  the  crystal  current  is  evident  at  a  time  of  9.7 

.  o  10  20  30  40  50 

min.  The  Si  (LW)  Auger  peak  intensity  breaks  from  a  Deposition  ume  (min) 


straight  line  at  13.2  min  and  the  Re  (NW)  Auger  peak 
intensity  breaks  at  12.8  min.  The  breaks  in  the  Auger 


Fig.  1.  Auger  signal  and  crystal  current  vs  deposition  time  for 
adsorption  of  Re  on  the  4H-SiC  (Si-face)  surface. 


peak  intensities  are  within  experimental  error  of  each 


other  but  the  break  in  the  crystal  current  at  a  slightly  earlier  time  may  be  indicative  of  a  surface 


process  that  may  not  be  detectable  by  AES.  The  secondary  electron  emission  is  sensitive  to  the 
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surface  composition  as  well  as  the  surface  structure  and  the  early  break  could  be  indicative  of  a 
change  in  surface  structure  as  Re  is  adsorbed.  Beyond  the  first  break  there  is  a  linear  decrease  in 
crystal  current  throughout  the  remainder  of  the  Re  deposition.  Argile  et  al.  [22]  notes  that  increases 
in  the  crystal  current  during  adsorption  corresponds  to  an  increase  in  the  secondary  emission  of 
electrons  from  the  surface.  This  can  usually  be  explained  by  a  decrease  in  the  work  function  of  the 
surface.  After  10  minutes,  the  work  function  increases,  which  may  be  an  indication  that  the  surface 
has  become  metallic  after  the  first  monolayer  of  Re,  as  Re  has  a  relatively  high  work  function  (5.0 
eV)  [24,25]  compared  to  SiC  (4.5  eV)[26],  The  Auger  data  after  the  first  break  have  been  best-fit 
to  a  first  order  exponential.  The  chi-squared  goodness  of  fit  is  in  excellent  agreement  with  the 
exponential  decrease  expected  for  growth  by  simultaneous  monolayers  (MSM). 


The  adsorption  of  rhenium  on  the  4H-SiC(000 1 )  C-face 
surface  is  shown  in  Fig.  2.  The  Si  (LW)  Auger  peak 
intensity  shows  three  lines  with  two  clear  breaks  at 
deposition  times  of  1 1.6  min  and  34.5  min  while  the  two 
breaks  for  the  Re  (NW)  Auger  peak  intensity  occur  at 
times  of  10.4  min  and  32.2  min.  The  Re  (NW)  Auger 
peak  intensity  shows  atypical  behavior  by  showing  the 
slope  of  the  third  line  increasing  rather  than  decreasing. 
The  crystal  current  also  shows  two  distinct  breaks  from 
straight-line  plots  occurring  at  1 1.9  min  and  3 1.2  min 
which  is  within  experimental  error  of  the  Auger  data. 
Such  sequence  of  straight-line  segments  is  expected  for 
layer-by-layer  or  Frank- van  der  Merve  growth  (FM). 
The  irregular  behavior  of  the  adsorbate  Auger  intensity 
indicates  complex,  second-order  effects  in  the  growth, 
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Fig.  2.  Augersignal  and  crystal  current  vs  deposition  time  for 
adsorption  of  Re  on  the  4H-SiC  (C-face)  surface. 


such  as  an  increased  sticking  coefficient  or  the  coalescence  of  small  crystallites  upon  completion  of 


the  second  layer  which  acts  to  complete  the  third  layer  more  rapidly  and  increase  the  measured 


adsorbate  intensity. 


Growth  of  Nb  on  4H-SiC:  Niobium  adsorption  on  the 
4H-SiC(0001)  surface  is  shown  in  Fig.  3.  The  Auger 
intensity  plots  show  a  single  break  from  the  initial 
straight  lines  with  the  Si  (LW)  plot  occurring  at  a  time 
of  8.0  min  and  the  Nb  (MNN)  plot  occurring  at  10.6 
min.  After  the  time  of  8  min  the  Si  (LW)  Auger  peak 
intensity  signal  was  also  fit  to  an  exponential  decay  with 
excellent  agreement.  The  Nb  (MNN)  was  also  fit  to  the 
associated  exponential  function  after  10.6  min  and  was 
better  fit  by  the  exponential  function  but  the  variation  is 
quite  slow  and  a  linear  function  produced  more  error 
with  a  deviation  from  linearity  at  36  min.  The  crystal 
current  exhibited  too  much  scatter  to  be  curve  fitted  but 
a  general  increasing  trend  is  noticed  after  the  formation 
of  the  first  monolayer.  The  Auger  data  are  an  indication 
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Fig.  3.  Auger  signal  arid  crystal  current  vs  deposition  time  for 
adsorption  of  Nb  on  the  4H-SiC  (Si-face)  surface. 


for  monolayer  growth  followed  by  simultaneous  monolayer  (MSM)  growth. 


Fig.  4  shows  the  growth  of  niobium  on  4H-SiC(000 1 )  C-face  surface.  The  Si  (LW)  Auger  peak 
intensity  plot  shows  two  distinct  breaks  at  times  of  9.5  min  and  26.4  min.  The  Nb  (MNN)  Auger 
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peak  intensity  plot  also  shows  two  breaks  at  times  of  10.7 
min  and  26.4  min.  The  crystal  current  plot  shows  a 
monotonic  increase  with  deposition  time  and  two  breaks 
occurring  at  9.3  min  and  25.2  min.  All  breaks  are  within 
experimental  error  of  each  other  and  show  layer-by-layer 
growth  (FM).  The  breaks  are  assigned  to  the  completion 
of  continuous  adsorbate  layers.  The  reduction  of  the 
slope  after  the  deposition  of  the  first  layer  is  explained  by 
a  lowered  sticking  probability  of  the  Nb  atoms  on  the  first 
Nb  adlayer.  Again  the  increase  in  crystal  current  has  been 
associated  with  the  lowering  of  the  work  function  of  the 
surface  and  if  this  is  the  case  then  for  Nb  on  4H- 
SiC(000 1 )  the  work  function  is  continuously  lowered 
with  deposition  time.  The  work  function  of  Nb  is  4.30  eV 
as  compared  to  the  work  function  of  SiC  of  4.5  eV. 


Fig.  4.  Auger  signal  and  crystal  current  vs  deposition  time  for 
adsorption  of  Nb  on  the  4H-SiC  (C-face)  surface. 
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Abstract:  Results  of  ab  initio  calculations  are  reported  for  the  adsorption  of  boron  and  aluminum 
on  p-SiC(lll)  V3  xV3R30°  surfaces.  We  discuss  structural  and  energetical  properties  of  the  most 
favourable  adsorbate  models  and  their  influence  on  the  stacking  sequences. 

Si(lll)  surfaces  chemisorbed  by  group-III  elements  have  been  widely  studied  as  prototype  metal- 
semiconductor  systems.  At  a  coverage  of  one  third  of  a  monolayer,  chemisorption  of  the  group-III 
elements  on  a  Si(lll)  surface  leads  to  the  formation  of  V3*V3R30°  structures  [1].  As  the 
preferred  bonding  site  of  larger  group-III  atoms  as  aluminum  the  T4  site  has  been  well  established 
[1]  whereas  for  boron  a  S5  site  is  widely  accepted  and  recently  confirmed  by  photoelectron 
diffraction  [2].  In  the  recent  years  more  and  more  interest  focused  on  SiC  because  of  its  outstanding 
properties  for  various  devices.  Heterocrystalline  structures  based  on  two  polytypes  allow  the 
engineering  of  novel  properties.  The  growth  of  the  polytypes  may  be  influenced  by  surfactants.  For 
the  p-SiC(lll)  and  ot-SiC(OOOl)  surfaces  a  V3x  V3R300  structure  with  one  silicon  adatom  in  T4 
position  has  been  found  to  be  energetically  favourable  over  a  wide  range  of  growth  conditions  and 
to  stabilize  the  growth  of  the  hexagonal  polytypes  [3].  The  question  arises  whether  the  well-known 
effects  of  the  metal-Si(lll)  interface  can  be  transferred  to  the  group-III-SiC(lll)  system  and 
similar  kinds  of  surfactants  for  SiC  can  be  found.  These  adsorbates  may  also  induce  changes  of  the 
surface  energies  and  surface  dipoles  and  thus  influence  the  epitaxial  process  leading  to  a  possibility 
to  control  polytype  growth. 

Our  calculations  are  based  on  the  density-functional  theory  within  local-density  approximation 
(DFT-LDA).  We  employ  fully  separable,  non-normconserving  ultrasoft  pseudopotentials.  The  k- 
space  integration  is  replaced  by  a  sum  over  6  special  points  in  the  irreducible  part  of  the  surface 
Brillouin  zone.  The  many-body  electron-electron  interaction  is  described  by  the  Ceperley-Alder 
exchange-correlation  functional.  Our  calculations  employ  the  conjugate-gradient  method  to 
minimize  the  total  energy.  Explicitly  we  use  the  Vienna  Ab-initio  Simulation  Package  [4].  For  our 
calculations  of  silicon-terminated  (111)  surfaces  slabs  containing  12  atomic  Si-C  layers,  and  a 
vacuum  region  of  about  the  same  thickness  are  used.  The  bottom  layers  of  these  polar  slabs  are 
saturated  with  hydrogen  atoms.  The  coordinates  of  the  atoms  in  the  lower  C-terminated  half  of  the 
slab  are  kept  fixed  in  their  ideal  bulk  positions,  whereas  the  uppermost  6  surface  layers  are  fully 
relaxed. 

We  consider  different  adsorbate-covered  surfaces  with  1/3  monolayer  of  the  considered  group-III 
atom  and  one  silicon  adatom  in  the  boron  case.  The  V3x  V3R300  translational  symmetry  is  fixed. 
For  aluminum  we  also  consider  geometries,  where  A1  is  fully  substituting  the  Si  adatom.  These 
models  of  the  B/SiC  and  Al/SiC  adsorbate  systems  are  combined  out  of  the  standard  adsorption 
sites  known  for  group-III  metal  adsorption  on  Si.  The  relevant  sites  are  the  threefold-coordinated 
T4,  lying  above  a  second-layer  carbon  atom,  and  the  H3,  lying  above  a  fourth-layer  carbon  atom.  For 
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boron  we  also  consider  the  S5  site,  where  the  boron  atom  substitutes  a  second-layer  carbon  atom 
directly  under  a  T4  site.  We  classify  these  structures  with  the  particular  adatom  sites  for  the 
considered  atoms.  To  obtain  the  most  favourable  adsorption  site  we  choose  the  cubic  stacking  of  the 
Si-C  bilayers.  The  results  are  in  principle  also  valid  for  hexagonal  substrates.  The  actual  stacking 
only  slightly  influences  the  surface  geometry  and  total  energy  changes  [5],  However,  to  evaluate  the 
role  of  the  adsorbate  atoms  for  the  stacking  sequence  under  the  surface  we  also  calculate  structures 
with  built-in  stacking  faults  below  the  surface  atomic  layers.  The  considered  intrinsic  and  the 
extrinsic  stacking  faults  (ISF  and  ESF)  have  been  found  energetically  favourable  for  the  bulk  cubic 
silicon  carbide  [6].  Because  of  the  varying  numbers  of  Si  atoms  per  surface  unit  cell  the  total 
energies  cannot  directly  compared  for  the  different  adsorption  configurations  considered.  Instead 
the  grand-canonical  thermodynamical  potential  (for  zero  temperature  and  per  surface  unit  cell,  the 
surface  energy)  is  used.  It  allows  the  description  of  the  surface  preparation  conditions  by  varying 
the  chemical  potentials  of  the  respective  species.  Upper  limits  on  the  chemical  potentials  p  are  set 
by  the  bulk  elements  indicating  corresponding  element-rich  preparation  conditions.  The  minimum 
value  psi  =Psi-buik  -  A  Hf  follows  after  reduction  by  the  heat  of  formation  A  Hf  of  the  corresponding 
solid  SiC  compound.  To  estimate  the  stability  of  one  structure  compared  to  the  others,  we  show  the 
phase  diagram  obtained  as  a  function  of  the  Si  chemical  potential  in  Fig.  1.  Because  of  the  mass 
action  law  the  C  chemical  potential  depends  linearly  on  the  Si  one  and,  hence,  has  not  to  be 
considered.  The  thermodynamically  relevant  regions  are  indicated. 
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Fig.  1.  Surface  energy  of  (a)  B:SiC(l  1 1)  and  (b)  Al:SiC(l  1 1)  structures  in  dependence  of  chemical  potential 
of  Si.  The  B  and  A1  chemical  potentials  are  fixed  at  their  bulk  values.  The  zero  level  of  the  surface  energy  is 
set  to  the  values  of  the  H3(Si)+Ssub5(B)  and  T4(Ai)  structures,  respectively,  (a)  1:  T4(Si)+Ssub5(B)  with  cubic 
stacking;  2:  T4{si)+S  5(B)  with  ESF;  3:  T^s^+S5111^)  with  ISF;  4:  T4(Si)+S5{B)  with  cubic  stacking;  5:  T4(Si)+S5m) 
with  ESF;  6:  T4(Si)+S5(B)  with  ISF;  (b)  1:  T4(Ai);  2:  H3(Ai);  3:  Bridge(si)+T4(A1)  structure. 


The  comparison  of  the  surface  energies  for  Al:SiC(l  1 1)  leads  to  similar  results  as  already 
established  for  silicon  substrates:  the  energetically  favourable  adsorption  site  for  aluminum  is  the  T4 
site  directly  above  a  second-layer  carbon  atom.  Its  surface  energy  is  about  0.7  eV  more  favourable 
than  the  H3  site  lying  above  a  fourth-layer  carbon  atom.  Under  Si-rich  conditions  the 
Bri dge(si)+T4(A])  structure  is  also  more  favourable  than  the  H3(Ai).  However,  even  under  very  Si-rich 
conditions  this  structure  is  energetically  less  favourable  by  about  0.4  eV  in  comparison  to  the  T4(Ai), 
so  that  the  same  adsorption  behaviour  of  aluminum  as  on  Si(l  11)  surfaces  is  confirmed  also  for  the 
SiC(  1 1 1 )  V3  x  V3  R3  0°  surface. 

For  the  adsorption  behaviour  of  boron  on  SiC(l  11)  V3  x  V3R30°surfaces  we  find  an  interesting 
difference  compared  to  the  Si(lll)  case:  whereas  under  Si-rich  conditions  boron  replaces  the 
carbon  atom  directly  under  the  Si-T4  adatom  (T4(si)  +S5(B)),  under  C-rich  conditions  one  of  the  three 
basis  atoms  of  the  Si-T4  adatom  is  replaced  resulting  in  a  (T4(si)+Ssub5(B))  structure.  This  observation 
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seems  to  be  in  agreement  with  the  findings  made  after  co-implantation  of  C  and  B  [7].  It  surpresses 
the  formation  of  D  centers  (probably  Bc-Vsi  complexes).  The  co-implantation  corresponds  in  the 
surface  case  to  a  B  adsorption  under  C-rich  conditions.  In  both  cases,  implantation  and  adsorption 
under  C-rich  conditions,  the  tendency  of  a  substitution  of  C  by  B  is  weakened. 

The  two  favourable  structures  are  up  to  1  eV  lower  in  energy  than  the 
energetically  next  structures  represented  by  the  H3(si)+S5(B)  and 
H3(si)+Ssub5(B),  respectively.  A  more  closer  look  to  the  T4(Si)+Ssu  5(B) 
structure  (Fig.  2)  shows  that  the  boron  atoms  are  laterally  situated  nearly  in 
the  middle  of  the  first  and  the  second  surface  layer  and  that  the  bonds  to 
the  three  nearest-neighbour  C  atoms  and  to  the  Si  adsorbate  atom  are 
shortened.  Moreover,  the  bonding  tetrahedron  of  the  T4-Si  adatom  is 
deformed  from  its  ideal  structure.  The  tetrahedron  is  flipped  into  the 
direction  of  the  B  atom,  the  Si  adatom  position  changes  a  little  from  the  T4 
site.  The  tetrahedron-flipping  mechanism  is  found  to  be  relevant  for 
polytypic  transformations  in  the  presence  of  applied  shear  stress  and/or 
higher  temperatures  [8,9].  This  mechanism  may  hence  enforce  the 
tendency  for  a  change  of  the  stacking  in  the  growing  surface  on  a  3C 
substrate  but  in  the  presence  of  B  atoms.  In  other  words,  the  B  atoms  may 
act  as  subsurfactant  atoms  and  push  a  twisting  of  tetrahedron  bonds 
resulting  in  a  stacking  fault  in  the  uppermost  Si-C  bilayer  on  a  3C 
structure. 

Whereas  the  tetrahedron-flipping  process  happens  more  or  less  during  Si,  C,  B  atoms, 
growth,  it  can  be  therefore  more  related  to  the  kinetic  effects  influencing 

polytype  growth.  However,  there  is  also  an  influence  of  the  particular  surface  on  the  stacking  in  the 
atomic  layers  below  the  surface  in  the  limit  of  the  thermodynamic  equilibrium  [3,10],  In  order  to 
test  this  surface  influence  we  have  studied  an  intrinsic  and  an  extrinsic  stacking  fault  introduced 
into  the  cubic  stacking  of  the  slab  used.  The  systems  containing  one  of  the  two  stacking  faults  give 
rise  to  a  slightly  higher  energy  (0.31  and  0.23  eV,  respectively)  in  the  case  of  a  stable 
(T4(Si)+Ssllb5(B))  surface  geometry.  So  the  adsorption  of  boron  under  carbon-rich  conditions  seem  to 
stabilize  the  cubic  polytype  under  the  surface.  In  contrast  to  the  bulk  case  [6],  the  formation  of  a 
stacking  fault  needs  energy.  The  question  arises  whether  this  is  a  result  of  the  special  surface 
considered  or  a  more  general  result.  For  that  reason  we  also  study  the  adsorption  under  silicon-rich 
conditions  and  repeat  the  calculation  for  the  T4(si)  +Ss(B)  structure.  Here  the  intrinsic  and  an  extrinsic 
stacking  fault  introduced  to  the  slabs  are  also  energetically  more  unfavourable  by  about  0.28  and 
0.21  eV,  respectively.  Compared  to  the  two  B-covered  surfaces  the  intrinsic  and  extrinsic  stacking 
faults  underneath  a  clean  SiC(lll)V3  xV3R30°  surface  with  T4-silicon  adatom  give  rise  to 
formation  energies  of  0.14  and  0.09  eV,  respectively.  This  means  that  the  influence  of  the  surface 
to  stabilize  the  cubic  stacking  increases  due  to  the  adsorption  of  boron. 

Based  on  first-principles  total  energy  calculations  we  present  energetical  and  structural  properties  of 
B:SiC(l  11)  and  Al:SiC(lll)  interfaces.  As  for  the  metal-Si(lll)  systems  the  adsorption  of  B  and 
A1  leads  to  different  results  due  to  the  smaller  covalent  radius  of  B.  For  Al:SiC(l  1 1)  we  find  the 
adsorption  of  A1  on  T4  site  energetically  favourable.  Aluminum  acts  also  in  the  Al:SiC(l  1 1)  system 
as  a  surfactant.  For  B:SiC(lll)  we  find  two  different  possibilities  in  dependence  on  the  growth 
conditions.  Under  Si-rich  conditions  the  carbon-substituting  S5  site  is  energetically  favourable, 
whereas  under  C-rich  conditions  a  silicon-substituting  sub-Ss  site  is  found.  There  is  a  certain 
tendency  that  the  bond-tetrahedron  of  the  uppermost  Si  atom  is  flipped.  Investigations  of  different 
stacking  faults  within  the  cubic  slab,  however,  show  that  a  boron-covered  surface  stabilizes  the 
cubic  stacking  in  the  near-surface  region,  at  least  in  the  thermodynamical  equilibrium.  Thus,  it  may 
lead  to  the  possibility  to  support  the  growth  of  cubic  SiC  with  the  adsorption  of  boron. 


Fig.  2:  Structural 
model  of  the 

Ti  psub 

4(Si)+ &  5(B) 

geometry.  White 
(black,  shaded) 
circles  indicate 
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Abstract.  A  short  review  of  recent  synchrotron  white  beam  X-ray  topography  (SWBXT)  studies  of 
defects  in  4H  and  6H  SiC  is  presented.  Defects  observed  include  closed-core  and  hollow-core  screw 
dislocations  (micropipes)  in  6H  and  4H,  deformation  induced  basal  plane  dislocations  in  6H  and 
4H,  and  small  angle  boundaries  in  4H.  These  studies  include  the  analysis  of  the  relationship 
between  hollow-core  diameter  and  the  Burgers  vector  for  micropipes  using  SWBXT  and  scanning 
electron  microscopy  (SEM),  the  principles  of  a  set  of  SWBXT  techniques  and  associated 
simulations  for  characterizing  micropipes  and  closed-core  screw  dislocations,  and  the  nucleation 
mechanism  of  micropipes  obtained  using  SWBXT  in  combination  with  other  techniques. 

Introduction.  Although  SiC  technology  has  reached  the  market  place  as  an  important 
semiconductor  material  for  high-temperature,  high-field  and  high-frequency  devices,  crystals 
currently  grown  by  physical  vapor  transport  can  contain  crystallographic  defects  such  as  screw 
dislocations  with  closed  cores  and  hollow  cores  (micropipes),  deformation-induced  basal  plane 
dislocations,  heteropolytypic  inclusions,  planar  defects,  etc.  While  the  densities  of  hollow-core 
screw  dislocations  have  been  drastically  reduced  and  the  incidence  of  heteropolytypic  inclusions  is 
rare,  the  densities  of  the  closed-core  screw  dislocations  (although  decreasing)  and  basal  plane 
dislocations  are  such  that  their  characterization  is  very  important  both  to  help  crystal  growers 
develop  strategies  for  their  minimization  or  elimination  and  to  aid  in  the  understanding  of  the 
influence  of  these  defects  on  device  performance.  The  invited  paper  of  Neudeck  [1]  at  this 
conference,  as  well  as  previously  published  work  [2,3],  highlights  the  significant  effect  closed-core 
screw  dislocations  can  have  on  device  performance. 

Compared  with  other  characterization  methods,  SWBXT  is  a  very  powerful  technique  for 
observing  almost  all  the  aforementioned  defects  in  SiC.  The  main  advantage  of  SWBXT,  as  will  be 
described  in  the  following,  is  that  this  technique  is  a  fast  and  nondestructive  imaging  method 
capable  of  revealing  the  distribution  of  defects  over  large  areas  (several  tens  of  square  inches).  In 
particular,  this  technique  can  be  used  to  clearly  image  micropipes  and  screw  dislocations  at  both  a 
microscopic  and  macroscopic  level.  The  images  of  these  dislocations  not  only  provide  much 
quantitative  information  concerning  the  detailed  dislocation  structures,  such  as  the  magnitudes  and 
senses  of  the  Burgers  vectors  and  the  interaction  between  adjacent  dislocation  groups,  but  also  help 
us  understand  the  formation  mechanisms  of  these  dislocations. 

In  this  paper,  we  describe  a  set  of  SWBXT  methods  along  with  the  corresponding  image 
simulations,  to  show  the  principles  and  broad  applicability  of  SWBXT  in  characterizing  SiC  single 
crystals.  From  various  results  obtained  using  SWBXT  in  combination  with  other  techniques,  we 
will  also  discuss  a  possible  mechanism  for  micropipe  nucleation  in  SiC. 
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Fig.  1.  SWBXT  back- 
reflection  images  of 
closed-core  (smaller 
white  spots)  and 
hollow-core  (large 
white  spots)  screw 
dislocation  in  a  (0001) 
6H  SiC  wafer.  The 
faint  lines  connecting 
these  screw  dislocation 
images  are  basal  plane 


Micropipe-related  screw  dislocations  in  SiC.  Among  the  various  defects  that  exist  in  SiC  crystals, 
screw  dislocations  lying  along  the  [0001]  axis  are  the  most  significant  and  are  generally  accepted  to 
be  one  of  the  major  factors  limiting  the  extent  of  the  successful  application  of  SiC.  These  screw 
dislocations  have  been  shown  to  have  Burgers  vector  equal  to  nc  (where  c  is  the  lattice  parameter 
and  n  is  an  integer),  with  hollow  cores  becoming  evident  with  n  >  2  for  6H  SiC  and  n  >  3  for  4H 
SiC.  These  latter  hollow-core  dislocations  are  generally  referred  to  as  micropipes ,  and  their  hollow 
cores  can  be  understood  from  Frank’s  theory  [4].  This  theory  predicted  that  a  screw  dislocation 
whose  Burgers  vector  exceeds  a  critical  value  in  crystals  with  large  shear  modulus  should  have  a 
hollow  core  with  the  equilibrium  diameter  D  related  to  the  magnitude  of  the  Burgers  vector  b  by  D 
=  pb 2  /  4 where  p  is  the  shear  modulus  and  y  is  the  specific  surface  energy.  Experimentally  the 
diameter  D  can  be  directly  measured  by  SEM  or  atomic  force  microscopy  (AFM),  while  the 
Burgers  vector  magnitude  b  can  be  obtained  using  techniques  such  as  measuring  the  height  of  the 
growth  spiral  on  the  as-grown  surface  using  optical  interferometry  or  AFM,  or  directly  using  X-ray 
topography.  Detailed  experimental  results  indicate  the  direct  proportional  relationship  between  D 
and  b2  for  micropipes  in  both  6H-  and  4H-SiC  [5-7].  In  these  studies  the  magnitudes  of  the  Burgers 
vectors  were  obtained  using  a  set  of  SWBXT  methods  including  back-reflection  topography, 
transmission  topography,  and  section  topography,  as  described  in  the  following.  The  results 
obtained  both  explicitly  verify  Frank’s  theory  and  simultaneously  reveal  that  micropipes  in  SiC  are 
screw  dislocations  with  large  Burgers  vectors  (superscrew  dislocations). 

Synchrotron  back-reflection  observation  of  micropipes  and  screw  dislocations.  Both  AFM  and 
SEM  are  capable  of  revealing  the  hollow  cores  as  well  as  the  growth  spirals  associated  with  the 
large  Burgers  vector  screw-dislocations  on  the  as-grown  surface,  but  the  limitation  of  these 
techniques  is  that  they  cannot  usefully  reveal  the  density  of  screw  dislocations  with  closed  cores 
(which  is  typically  in  the  range  103-104cm"2),  even  on  as-grown  surfaces.  For  transmission  electron 
microscopy  (TEM),  the  large  scale  of  the  micropipes  (with  diameters  being  of  the  order  of  microns) 
makes  it  difficult  to  image  a  whole  micropipe  at  the  atomic  level.  On  the  other  hand,  the  narrow 
visualization  area  of  all  the  high-resolution  imaging  techniques  also  makes  it  impractical  for  these 
techniques  to  characterize  large-size  SiC  wafers.  Compared  with  these  methods,  SWBXT  is  a  more 
effective  technique  for  observing  micropipes  nondestructive^  due  to  its  high  strain  sensitivity  and 
suitable  spatial  resolution. 

For  imaging  micropipes  and  screw  dislocations  in  SiC,  the  most  efficient  geometry  is  the  back- 
reflection  geometry  [8].  Fig.  1  shows  a  typical  back-reflection  topograph  taken  from  a  (0001)  SiC 
wafer  grown  by  Cree  Research  Inc.  In  this  figure,  the  screw  dislocations,  whether  hollow-core  or 
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Fig.  2.  The  contrast  formation  mechanism  of  micropipes  on  SWBXT  back-reflection  topo¬ 
graphs.  (c)  is  a  simulation  of  a  6c  micropipe. 

closed-core,  are  clearly  revealed  as  white  circular  spots  surrounded  by  black  rings.  From  such 
images,  the  distribution  of  the  micropipes  and  screw  dislocations  as  well  as  their  detailed  structures 
can  be  obtained.  Wafers  up  to  several  inches  in  diameter  can  be  imaged  in  a  single  exposure  by 
employing  a  scanning  device.  Moreover,  the  imaging  can  even  be  performed  on  wafers  with  devices 
fabricated  on  them,  further  emphasizing  the  advantages  of  this  technique. 

The  formation  mechanism  of  the  circular  images  in  Fig.  1  can  be  described  using  a  simple 
geometric  X-ray  diffraction  model  [9-12].  As  indicated  in  Fig.  2(a),  due  to  the  strain  field  of  the 
screw  dislocation,  the  normal  n  to  the  (0001)  lattice  plane  varies  from  point  to  point  near  the 
dislocation  core.  When  a  nearly  parallel  white  synchrotron  beam  is  incident  on  the  surface,  the  X- 
rays  diffracted  from  successive  circular  regions  surrounding  the  core  form  numerous  twisted  cones 
[one  of  these  cones  is  schematically  shown  in  Fig.  2(a)].  The  overlap  of  these  cones  in  space  results 
in  the  formation  of  the  circular  images  [see  Fig.  2(b)].  Based  on  this  principle,  the  images  of 
micropipes  and  screw  dislocations  can  be  rigorously  simulated,  as  shown  in  Fig.  2(c). 

Back-reflection  SWBXT  images  of  micropipes  or  screw  dislocations  contain  abundant 
information  concerning  the  dislocation  structures.  The  most  important  information  is  that  the 
diameter  of  a  screw  dislocation  image  quantitatively  indicates  the  magnitude  of  the  Burgers  vector. 
From  Fig.  1  one  can  see  that  two  factors  determine  the  image  diameter:  one  is  the  Burgers  vector 
magnitude  of  the  dislocation  and  the  other  is  the  film-to-sample  distance  (Dsf).  The  relationship 
between  these  three  quantities  is  shown  Fig.  3.  From  the  curves  in  this  figure  it  is  easy  to  estimate 
the  Burgers  vector  magnitude  of  any  micropipe  or  screw  dislocation  revealed  in  the  back-reflection 
topograph  taken  at  a  particular  specific  film-to-sample  distance.  For  example,  the  smallest  white 

spots,  which  have  the  highest  density  in  Fig.  1, 
can  be  determined  to  be  images  of  lc  screw 
dislocations,  while  the  larger  spots  are  images  of 
micropipes  with  Burgers  vectors  ranging  from  2c 
to  8c  (micropipes  with  Burgers  vector  as  large  as 
several  tens  of  the  c  lattice  parameter  can  also 
occasionally  be  found  in  low-quality  SiC 
crystals). 

The  other  kind  of  structural  information  that 
can  be  obtained  by  back-reflection  SWBXT  is  that 
the  twist  direction  of  the  diffraction  cones 
unambiguously  indicates  the  dislocation  sense,  i.e. 
the  sense  of  the  Burgers  vector.  The  clockwise 
twist  of  the  diffracted  X-rays  (viewed  toward  the 
(cm)  surface)  in  Fig.  2(b)  actually  results  from  a  right- 

Fig.  3.  Dependency  ol  contrast  handed  screw  dislocation.  For  a  left-handed 

diameter  on  Burger  vector  dislocation,  the  twist  direction  is  opposite.  Such 
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Fig.  4.  Recorded  (a)  and 
simulated  (b)  images  of  a  pair 
of  micropipes  with  the  same 
dislocation  Burgers  vector 
magnitude  and  sense. 

phenomena  can  be  explicitly  demonstrated  using  synchrotron  back-reflection  section  topography 
(using  a  slit  collimated  incident  beam)  [9,10]. 

We  have  shown  that  an  isolated  micropipe  appears  as  a  circular  black  ring  surrounding  a  white 
center  under  the  symmetric  back  reflection,  but  noncircular  white  spots  are  also  frequently  observed 
(see  Fig.  1).  Observations  of  etched  crystal  surfaces  using  SEM  show  that  the  noncircular  white 
regions  generally  contain  several  micropipe  etch  pits  close  to  each  other,  indicating  that  these 
images  correspond  to  groups  of  micropipes.  Again,  the  complicated  images  of  grouped  micropipes 
can  be  precisely  simulated  with  the  same  geometric  diffraction  model  [11]. 

Fig.  4(a)  shows  a  SWBXT  image  of  two  identical  micropipes  (b{  =  =  4c,  6H-SiC)  separated  by 

a  distance  L  =  25  Jim,  and  Fig.  4(b)  is  the  image  simulated  on  the  basis  of  the  superimposition  of  the 
two  independent  strain  fields.  It  is  apparent  that  the  two  images  exactly  coincide  with  each  other. 
The  corresponding  image  and  simulation  of  two  opposite-sense  screw  dislocations  (b\  =  -  b2)  will  be 
presented  below.  From  this  principle,  we  can  actually  simulate  images  of  arbitrarily  distributed 
micropipe  groups  so  as  to  extract  the  configurations  of  the  individual  dislocations. 


Characterization  of  SiC  by  transmission  topography.  Back-reflection  SWBXT  is  the  most 
efficient  method  for  characterization  of  closed-core  and  hollow  core  screw  dislocations  in  (0001)- 
cut  SiC  wafers  because  the  image  of  each  dislocation  is  “magnified”  to  tens  to  hundreds  of 
micrometers  in  dimension.  For  longitudinally  cut  wafers,  however,  the  most  suitable  diffraction 
geometry  is  the  commonly  used  transmission  geometry. 

For  example,  Fig.  5(a)  shows  a  SWBXT  image  recorded  from  a  (11-20)  6H-SiC  wafer,  grown  by 
Cree  Research  Inc.,  taken  with  the  symmetric  0006  reflection,  in  which  the  image  of  each  screw 
dislocation  along  the  [0001]  axis  exhibits  double  contrast  with  a  bimodal  intensity  profile.  It  is 
clearly  evident  from  this  image  that  these  dislocations  are  growth  dislocations  in  that  they  are  long 
and  mostly  straight.  Micropipes  tend  to  run  exactly  parallel  to  [0001];  while  closed-core  screw 


Fig.  5.  (a)  Synchrotron 
transmission  topograph 
showing  the  double  contrast 
images  of  micropipes  in  a 
longitudinally  cut  SiC 
wafer,  (b)  Simulated  image 
of  a  right-handed  micropipe 
in  the  transmission 
geometry. 


dislocations  are  only  approximately  parallel  to  [0001]  (deviating  by  up  to  15°).  This  is  due  to  the 
fact  that  deviation  from  [0001]  for  the  micropipes  would  cost  too  much  energetically  due  to  the 
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much  higher  line  energy.  Such  transmission  images  make  it  possible  to  observe  the  nucleation  (and 
potentially,  annihilation)  and  propagation  of  the  screw  dislocation  during  the  growth  process. 

Again,  the  transmission  image  can  be  rigorously  simulated  using  the  geometrical  diffraction 
method,  as  plotted  in  Fig.  5(b).  This  enables  us  to  obtain  both  the  dislocation  distributions  and  the 
Burgers  vector  magnitudes  of  individual  dislocations.  Moreover,  the  vertical  shift  of  the  double 
contrast  of  each  dislocation  image  unambiguously  indicates  the  dislocation  sense.  For  example, 
micropipes  1,  2,  3,  and  4  in  Fig.  5(a)  are  right-handed  screw  dislocations  while  micropipe  5  is  a  left- 
handed  one.  The  vertical  shift  of  the  screw  dislocation  image  can  be  revealed  in  further  detail  (see 
[6,11]). 

Transmission  topography  is  also  capable  of  revealing  basal  plane  dislocations  in  basal-cut  SiC 
[8] .  Detailed  Burgers  vector  analysis  of  these  dislocations  can  be  easily  performed.  Observation  of 
the  morphologies  of  the  basal  plane  dislocation  loops  clearly  indicates  that  they  are  deformation 
induced  and  that  they  appear  to  have  been  nucleated  both  at  the  crystal  edges  and  at  the  sites  of 
micropipes.  This  is  an  interesting  phenomenon  and  is  the  subject  of  ongoing  study  in  our  group. 

In  addition  to  the  above  SWBXT  methods,  another  useful  diffraction  geometry  is  grazing- 
reflection.  This  is  an  especially  useful  geometry  for  characterizing  micropipes  and  screw 
dislocations  in  SiC  films.  The  detailed  characteristics  of  these  images  have  been  presented  in  [10]. 

Another  defect,  which  is  receiving  increasing  attention  in  4H  SiC,  is  the  small  angle  boundary. 
Preliminary  characterization  using  transmission  topography  (as  well  as  reflection)  indicates  that  the 
tilt  angles  associated  with  these  boundaries  are  only  a  few  seconds  of  arc  although  detailed  analysis 
of  the  nature  of  these  defects  has  not  yet  been  completed. 

Model  for  the  origin  of  micropipes.  In  our  numerous  investigations  of  micropipes  using  SWBXT 
and  other  techniques,  an  important  phenomenon  we  have  observed  is  that  micropipes  can  nucleate 
at  what  appear  to  be  either  inclusions  or  voids.  This  can  sometimes  be  observed  optically,  but  is 
always  visible  using  SWBXT.  This  phenomenon  of  screw  dislocation  nucleation  at  inclusions  or 
voids  has  been  modeled  [13]  using  an  approach  first  developed  by  Chernov  [14]  and  later  extended 
by  Neuroth  [15].  According  to  this  model,  pairs  of  oppositely  signed  screw  dislocations  are 
nucleated  at  the  inclusion  or  void,  as  shown  schematically  in  Fig.  6(a). 

Evidence  in  support  of  this  model  can  be  found  by  the  occasional  observation  of  isolated  pairs  of 
micropipes  nucleated  at  a  single  inclusion  or  void,  as  shown  in  Fig.  6(b)  (crystal  grown  by  ATMI). 
Further  evidence  can  be  found  in  the  routine  observation  of  the  formation  of  mesa  structures, 
associated  with  pairs  of  oppositely  signed  screw  dislocations,  in  the  early  stages  of  PVT  growth 


Fig.  6.  (a)  Schematic  diagram  illustrating  the  creation  of  a  pair  of  opposite-sign  screw 
dislocation  during  the  process  of  inclusion  overgrowth,  (b)  Optical  observation  of  the 
nucleation  of  a  micropipe  pair  in  4H-SiC.  (c)  SWBXT  image  of  a  pair  of  opposite-sign 
micropipes  with  the  same  Burgers  vector  magnitudes  in  a  Lely  platelet.. 
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In  addition,  by  carefully  imaging  self-nucleated  Lely  SiC  platelets  where  the  density  of 
micropipes  and  screw  dislocations  is  very  low,  we  found  that  many  of  the  dislocations  appear  in  the 
form  of  pairs.  One  of  the  dislocation  pairs  is  shown  in  Fig.  6(c).  In  Fig.  4,  we  have  shown  the 
recorded  image  and  simulation  of  a  dislocation  pair  with  the  same  sense.  Here  we  strictly  simulated 
the  back-reflection  SWBXT  image  of  an  opposite-sign  dislocation  pair  which  has  been  shown  in 
Ref.  13.  The  significant  difference  between  the  images  in  Fig.  4(a)  and  Fig.  6(c)  shows  that 
SWBXT  can  conveniently  distinguish  the  two  cases  of  dislocation  pairs  with  the  same  and  opposite 
senses.  Therefore,  the  verification  of  the  equal  Burgers  vector  magnitudes  and  the  opposite  signs  of 
the  two  dislocation  in  Fig.  6(c)  is  unambiguous.  It  should  be  noted  that  large  inclusions  or  groups  of 
inclusions  may  result  in  the  creation  of  distributed  groups  of  opposite-sign  screw  dislocations. 
However,  these  groups  may  not  necessarily  be  distributed  symmetrically,  but  in  all  cases,  the  sum 
of  all  the  Burgers  vectors  of  the  dislocations  created  must  equal  zero.  In  this  sense,  the  diagram  in 
Fig.  6(a)  is  the  basic  mechanism  of  the  nucleation  of  micropipes  and  screw  dislocation  in  SiC. 

Conclusions.  SWBXT  is  an  extremely  useful  technique  for  the  characterization  of  defects  in  SiC 
crystals.  To  date,  it  has  provided  complete  quantitative  characterization  of  both  closed-core  and 
hollow-core  screw  dislocations  and  basal  plane  dislocations,  and  has  also  provided  insight  into  the 
formation  mechanisms  of  these  defects.  Being  capable  of  imaging  defects  in  wafers  with  devices 
fabricated  on  them,  it  has  also  enabled  much  light  to  be  shed  on  the  influence  of  the  various  defects 
on  device  performance.  The  complete  characterization  of  defects  such  as  small  angle  boundaries 
and  their  influence  on  device  performance  is  the  subject  of  ongoing  study. 
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Abstract: 

Mechanisms  for  the  creation  of  the  micropipe  defect  are  discussed.  In  particular,  the  generation  and 
propagation  of  hexagonal  voids  is  shown  to  be  one  source  of  the  micropipe  defect  within  SiC 
material.  The  micropipes  can  be  directly  traced  to  hexagonal  voids  and  we  find  the  micropipes 
terminating  at  the  hexagonal  void  within  the  crystal. 

1.  Introduction 

The  development  of  the  SiC-based,  high  power  device  market  is  dependent  upon  the  availability  of 
high  quality,  large  area,  micropipe  free  SiC  material.  In  the  previous  few  years  the  micropipe 
density  in  commercially  available  wafers  has  decreased  dramatically  to  the  point  where  prototype 
large  area  devices  can  be  produced.  In  this  work  we  will  discuss  some  of  the  mechanisms  for 
micropipe  formation  and  annihilation  that  occur  in  the  modified  Lely  approach  to  SiC  boule  growth. 

It  is  well  understood  that  the  micropipe  defect  in  SiC  is  a  super-screw  dislocation  [1,2,3]  with  a 
Burgers  vector  generally  in  excess  of  2  nm.  For  such  large  dislocations  the  strain  energy  required  to 
maintain  atoms  in  the  dislocation  core  sites  is  sufficiently  high  so  as  to  drive  preferential 
evaporation.  Thus  the  core  regions  of  these  large  dislocations  are  found  to  be  hollow  leading  to  the 
term  "micro pipe".  The  challenge  in  producing  low  micropipe  SiC  material  is  in  eliminating  the 
nucleation  sources  for  super  screw  formation  and  in  providing  routes  for  either  the  annihilation  or 
dissociation  of  already  present  super  screw  dislocations.  In  this  paper  we  focus  on  the  reduction  of 
nucleation  sources. 

2  Experimental 

The  material  characterized  in  this  study  was  grown  by  the  modified  Lely  sublimation  growth 
process  [4,5,6,7,8].  In  the  modified  Lely  process,  a  seed  crystal  of  SiC  is  attached  to  the  lid  of  a 
graphite  crucible  and  the  lower  region  of  the  crucible  is  packed  with  a  charge  of  SiC  material.  The 
SiC  source  and  seed  crystal  is  heated  in  a  closed  crucible  under  conditions  of  reduced  pressure  to 
temperatures  in  the  range  of  2100  -  2400°C.  The  SiC  source  is  held  at  a  temperature  20  -100°C 
higher  than  the  seed  crystal.  The  SiC  powder  sublimes  incongruently  to  produce  Si,  S^C  and  SiC2. 
This  growth  nutrient  is  transported  to  the  crystal  surface  and  SiC  forms  on  the  growing  crystal. 

The  crystals  are  then  either  sliced  perpendicular  to  the  c-axis  to  create  SiC  substrates  or  along  the  c- 
axis  for  characterization  purposes,  that  is  to  provide  insight  into  defect  nucleation  mechanisms. 
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3  Results  and  Discussion 

Super  screw  dislocations  may  be  produced  in  the  growing  boules  by  many  mechanisms,  including: 

1  Super  screw  dislocations  present  in  the  seed  wafer  will  directly  transfer  into  the  grown 
boule.  This  source  of  pipes  is  eliminated  through 
the  use  of  higher  quality  seed  wafers. 

2  Micropipes  are  introduced  as  a  by-product  of 
polytype  switching  as  shown  in  Figure  1.  Here 
new  pipes  are  generated  at  both  the  4H  to  6H,  and 
6H  to  4H  transitions.  For  this  reason  it  is  critical 
to  control  the  growth  process  to  maintain  a  single 
polytype. 

3  Graphite  and  silicon  inclusions  disrupt  the  SiC 
growth  surface  and  can  lead  to  the  production  of 
new  micropipe  defects  [9]. 

4  Similarly,  if  there  are  metallic  clusters  present 

during  growth  these  can  also  act  as  micropipe 
nucleation  sites.  A  demonstration  of  this  has 
been  presented  previously  by  Northrop  [10]. 

5  Micropipes  may  also  be  generated  from 
hexagonal  voids,  as  will  be  discussed  in  the 
following  section. 

Pipe  formation  from  the  hexasonal  void 

Unlike  most  other  bulk  crystal  growth  systems,  PVT  of  SiC  requires  that  the  growing  crystal  be 
held  at  a  temperature  at  which  it  possesses  a  significant  vapor  pressure  -  approximately  1  torn  For 
comparison,  Si  boules  are  grown  at  a  temperature  where  the  vapor  pressure  is  2x10"*  tom  The 
consequence  of  this  is  that  the  SiC  crystal  can  lose  material  through  evaporation  from  the  back 
surface  of  the  crystal.  Because  there  may  be  areas  with  grain  boundary  and/or  dislocation  clusters 
that  will  allow  preferential  evaporation,  one  might  expect  to  see  increased  material  loss  from  this 
region  and  the  creation  of  a  void  space.  Figure  2  shows  schematically  how  this  process  progresses 
to  produce  a  hexagonal  void  in  the  growing  SiC  material.  Note  that  the  void  space  created  in  this 
manner  will  have  an  effective  Burgers  vector  equal  to  the  sum  of  the  dislocations  that  intersect  the 
top  surface  of  the  void.  At  the  lower  surface  of  the  void,  where  the  SiC  material  re-deposits  the  net 
burgers  vector  remaining  must  also  be  incorporated  into  the  crystal.  If  the  net  burgers  vector  is  >  2 
nm  then  it  is  reasonable  to  assume  that  a  hollow  core  micropipe  will  be  formed  at  this  stage. 


*0.5  mm 


Figure  1.  6H  polytype  inclusion 
observed  in  a  4H  growth.  Micropipe 
are  introduced  when  the  polytype 
changes. 
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Figure  2.  Hexagonal  void  formation:  a)  Initial  evaporation  of  material  from  back  surface  of 
SiC  crystal  to  the  crucible  lid.  b)  Once  the  gap  between  the  SiC  and  the  lid  is  full,  growth 
occurs  on  the  void  sidewalls,  c)  Process  continues  to  produce  a  void  space  within  the  crystal, 
d)  Sectional  view  of  a  hexagonal  void  trailing  a  micropipe. 


Observation  of  the  side  of  a  growing  crystal  (Figure  2d)  and  plan  views  of  hexagonal  voids  (Figure 
3)  confirms  that  micropipe  defects  trail  behind  voids  in  a  manner  consistent  with  the  hypothesis. 


Figure  3.  (a)  shows  a 
hexagonal  void  in  a 
SiC  wafer,  (b)  the 
defect  etch  of  the 
wafer  directly  below 
reveals  12  micro¬ 
pipes,  generated  at 
the  edges  of  the  hex 
defect. 

- 1mm 

By  minimizing  the  formation  of  hexagonal  voids  and  other  defect  nucleation  mechanisms  we  have 
achieved  significant  reductions  in  the  micropipes  present  in  our  material.  Figure  4  shows  a  wafer, 
produced  from  a  boule  grown  with  the  improved  process,  following  a  defect  characterization  etch. 
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Figure  4.  Low  micropipe  SiC  wafer  produced  with  22  pipes  in  a  30mm  diameter  area  and  4cm2  free 
of  micropipes. 

In  the  7cm2  region  shown  in  Figure  4  there  were  22  micropipes  counted,  corresponding  to  a  pipe 
density  of  3.1  cm'2.  Furthermore,  the  pipes  were  clustered  in  one  region  leaving  the  remainder  free 
of  micropipes.  The  pipe  free  area  is  approximately  4cm"2,  providing  further  proof  that  micropipe 
free  wafers  are  possible,  and  should  be  expected  in  the  next  few  years. 

Conclusion 

By  removing  the  sources  of  hexagonal  void  formation  and  through  a  reduction  of  other  pipe 
formation  sources  we  have  been  able  to  produce  significant  improvements  in  the  SiC  quality 
produced.  Recent  modified  Lely  growths  have  yielded  wafers  with  <5  pipes  cm'2  and  large  (>lcm2) 
areas  entirely  devoid  of  micropipes. 
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Abstract  We  have  investigated  the  origin  of  micropipe  defects  (MPs).  6H-SiC  single  crystals 
including  MPs  were  grown  at  both  conditions  of  normal  and  Si-added  atmosphere.  The  MP 
densities  (MPDs)  were  0  cm"2  and  22.5  cm"2  for  representative  area  of  the  crystals  grown  in  normal 
and  Si-added  atmosphere,  respectively.  A  new  technique  with  the  Vickers  indenter  was  used  to 
expose  an  inner  surface  of  a  MP  for  Auger  electron  spectroscopy  analysis.  The  analysis  revealed 
that  no  specific  evidence  for  Si-droplet  was  found  at  the  starting  point  of  the  MP  in  6H-SiC  single 
crystal  that  was  grown  in  the  Si-added  atmosphere.  Although  a  large  number  of  small  angle 
boundaries  and  screw  dislocations  were  observed  in  the  region  around  MPs  even  in  a  low  MPD  (~1 
cm"2)  crystal,  screw  dislocation  density  were  ~6xl02  cm'2  in  other  region. 


Introduction 

The  commercial  availability  of  relatively  large-sized  SiC  wafers  has  activated  the  research  and 
development  of  SiC-based  devices  for  high-power,  high-frequency  and/or  high-temperature 
electronics.  A  100mm  wafer  of  6H-SiC  single  crystal  with  micropipe  defects  (MPs)  and  no 
peripheral  striations  was  also  demonstrated  most  recently  [1].  For  the  production  of  SiC  devices, 
however,  high  quality  wafers  without  MP  and  screw  dislocation  which  affect  device  performance 
[2]  must  be  supplied  at  a  reasonable  cost.  Recent  reports  presented  the  fabrication  of  SiC  wafers 
with  low  MP  density  (MPD)  of  ~1  cm'2  [  1 ,  3,  4,  5],  It  was  reported  that  the  MPD  depended  on  the 
initial  stage  of  the  growth  [6].  It  has  also  been  discussed  that  there  were  several  possible  reasons 
for  the  occurrence  of  the  hollow  cores  (MPs):  high  transport  rate,  constitutional  supercooling, 
dislocation  centers,  and  defect  formation  after  growth  [7].  Several  authors  have  investigated  the 
origin  of  MPs.  One  has  reported  that  MPs  present  in  the  seed  crystal  penetrate  into  the  growing 
crystal  [8],  The  others  have  reported  that  MPs  can  be  generated  in  SiC  during  the  process  of 
incorporation  of  inclusions  such  as  graphite  particles  and  Si  droplets  into  the  growing  crystal  [3,  4,  6, 
7,  8,  9],  However,  the  studies  on  the  chemical  identification  of  the  inclusions  are  presently 
underway  in  the  previous  reports.  The  objective  of  this  work  is,  thus,  to  identify  an  inclusion  by 
Auger  electron  spectroscopy  (AES)  analysis,  at  the  starting  point  of  an  MP. 

In  this  work,  a  new  technique  with  the  Vickers  indenter  was  used  to  expose  an  inner  surface  of  an 
MP  for  AES  analysis.  Various  types  of  the  other  defects  in  a  SiC  crystal  were  also  examined  on  the 
etched  surface  by  optical  microscopy  (OM).  Possible  causes  for  the  MP  formation  are  discussed 
on  the  basis  of  the  experimental  results. 

Experimental 

Bulk  6H-SiC  single  crystals  were  grown  on  MP-free  6H-SiC  Acheson  seeds  by  the  modified  Lely 
method.  The  seed  and  source  temperatures  and  inert  gas  pressure  were  2200-2250  and  2250- 
2350°C  and  ITorr,  respectively.  Control  of  Si/C  ratio  in  the  initial  stage  of  growth  was  carried  out 
by  changing  the  amount  of  Si  added  in  a  crucible.  MPDs  in  the  grown  crystals  were  measured  by 
OM  for  wafers  sliced  parallel  to  the  c  axis.  The  Dislocation  density  of  a  grown  crystal  with  a  low 
MPD  of  ~1  cm'2  was  also  determined  by  OM  after  etching  in  molten  KOH  (500°C,  10  min). 

The  exposure  of  the  inner  surface  at  the  starting  point  of  an  MP  was  made  by  the  following 
technique: 
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(1)  preparing  the  polished  wafer  (-400  pm  thickness)  sliced  parallel  to  the  c  axis, 

(2)  making  crack  traces  by  Vickers  indenter  (100  gf)  at  every  -100  (im  on  the  both  surfaces  of  the 
wafer, 

(3)  accurately  cleaving  the  wafer  by  utilizing  the  crack  traces. 

Characterization  of  the  MP  origin  was  conducted  by  OM,  scanning  electron  microscopy  (SEM) 
and  auger  electron  spectroscopy  (AES). 


Fig.  1  Optical  micrograph  of  a  vertical 
slice  of  the  grown  6H-SiC 
crystal  in  transmission  light . 


Fig.  2  optical  micrograph  at  a  starting 
point  of  an  MP  in  transmission 
light. 


Results  and  discussion 


MPDs  in  the  sliced  wafers  were  0  cm"2  (no  MP  /  0.4 
cm2)  and  22.5  cm"2  (9MPs  /  0.4  cm2)  for  the  bulk  SiC 
crystals  grown  in  normal  and  Si-added  atmosphere, 
respectively.  Figure  1  shows  an  optical  micrograph  of 
a  vertical  slice  of  the  6H-SiC  crystal  grown  in  the 
normal  atmosphere  at  the  optimal  growth  condition. 
Neither  MPs  nor  inclusions  were  observed  close  to  the 
interface  between  the  seed  and  grown  crystals.  On  the 
other  hand,  a  large  number  of  oval  shaped  macro  defects 
were  observed  in  the  crystal  grown  in  the  Si-added 
atmosphere. 

Figure  2  shows  an  optical  micrograph  of  an  MP  in  a 
wafer  that  was  grown  in  the  Si-added  atmosphere.  The 
MP  has  originated  from  the  “oval  defects”  with  -15  pm 
in  diameter.  Figure  3  shows  the  cleavage  surface 
including  an  MP.  The  starting  point  of  the  MP  was  a 


Fig.  3  Optical  micrograph  of  a  cleavage 
surface  including  the  MP.  No 
condensed  matter  was  observed  at 
the  starting  point  of  the  MP  . 


Table  1  Si/C  intensity  ratio  of  AES  spectrum  from  MP  inner  surface  after  sputtering  with  Xe+ 
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Kinetic  Energy  /eV 


Kinetic  Energy  /eV 


Fig.  4  AES  spectra  of  the  cleavage  surface  after  sputtering  with  Xe+;  A:  Starting  point  of  the  MP,  B:  Matrix 

void  without  condensed  matter  in  it,  according  to  the  observation  by  OM.  AES  spectra  from  the 
inner  surface  of  the  MP  origin  gave  a  similar  pattern  to  those  from  a  matrix,  without  concentrated 
metal  impurities  detected  (Fig.4).  Quantitative  analysis  in  terms  of  the  spectrum  intensity  revealed 


that  neither  Si-rich  nor  C-rich  compositions  were 
found  at  the  starting  point  of  the  MP  (Table  1). 
It  should  be  noted  that  no  specific  evidence  for 
Si-droplet  and  graphite  inclusions  (including 
local  carbonization  on  the  growing  surface)  was 
found  at  the  MP  origin. 

The  higher  MPD  value  in  the  crystal  grown  in 
the  Si-added  atmosphere  suggests  that 
transitively  formed  Si  droplets  on  the  growing 
surface  could  be  responsible  for  the  generation 
of  MPs.  However,  remnant  Si  droplets  were 
not  observed  in  the  starting  point  of  the  MP  by 
the  analysis  mentioned  above.  We  also 
investigated  a  large  number  of  oval  defects  that 
had  not  generated  MPs  in  the  crystal  grown  at 
the  Si-added  condition.  They  are  closed  voids 
and  some  of  them  contain  a  condensed  matter,  as 
shown  in  Fig.  5.  We  suppose  that  the 
condensed  matter  was  a  Si  droplet  transitively 
formed  on  the  growing  surface  and  then  confined 
in  the  closed  void.  For  the  Si  droplet  which 
triggered  the  generation  of  an  MP  (for  example, 
the  model  of  Dudley  [9]),  Si  could  have 
vaporized  during  the  growth  through  the  MP. 
The  existence  of  other  MP  formation 
mechanisms  cannot  be  ruled  out.  Detailed 
studies  on  the  chemical  identification  of  the 
condensed  matter  using  AES  analysis  are 
underway  in  our  group  and  hence  will  be 
reported  in  a  subsequent  publication. 

KOH  etching  of  the  crystal  with  a  low  MPD 
(~lcm'2)  revealed  the  relationship  between  the 


Fig.  5  A  closed  void  contained  a  condensed  matter, 
which  was  found  in  a  crystal  grown  in  a  Si- 
added  ambience.  The  closed  void  generates  no 
MP. 


Fig.  6  An  etched  surface  in  the  mosaic  structure 
region  of  a  high  quality  6H-SiC  wafer  (density 
of  MP:  ~1  cm"2).  Rows  of  etch  pits  (subgrain 
boundaries)  and  medium-size  etch  pits  (screw 
dislocations)  were  observed  in  the  region. 
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MP  and  the  other  defects.  A  region  with  a  high  etch  pit  density  was  observed  close  to  MPs,  which 
turned  out  to  be  a  mosaic  structure  region.  Rows  of  etch  pits  which  correspond  to  small  angle 
boundaries  were  also  observed  in  the  mosaic  structure  region  (Fig.  6).  The  density  of  medium¬ 
sized  etch  pits,  i.e.  screw  dislocations,  in  the  mosaic  structure  region  was  ~3xl04  cm'2  which  was 
two  order  higher  than  that  in  the  other  region  (~6xl02  cm'2).  The  origins  of  screw  dislocations  are 
either  dislocations  in  the  seed  or  defects  which  are  generated  by  local  instabilities  in  temperature  or 
pressure  during  growth.  As  the  spiral  steps  created  by  screw  dislocations  contact  each  others  at  tilt 
angles,  edge  dislocations  are  easily  created.  It  is  likely  that  the  formation  of  small  angle 
boundaries  is  attributed  to  polygonized  edge  dislocations  formed  by  plastic  deformation  during 
growth. 

Conclusions 

The  MPD  of  the  crystal  grown  in  the  Si-added  atmosphere  was  higher  than  that  of  the  crystal  grown 
in  the  normal  atmosphere.  However,  AES  analysis  revealed  that  no  specific  evidence  for  Si 
droplet  was  found  at  the  starting  point  of  the  MP  in  6H-SiC  single  crystal  that  was  grown  in  the  Si 
added  atmosphere.  Further  investigation  suggests  that  transitively  formed  Si  droplets  on  the 
growing  surface  could  be  responsible  for  the  generation  of  MPs.  The  existence  of  other  MP 
formation  mechanisms  cannot  be  ruled  out.  KOH  etching  of  the  crystal  with  a  low  MPD  (~lcm'2) 
also  revealed  that  a  large  number  of  small  angle  boundaries  and  screw  dislocations  were  observed  in 
the  region  around  MPs.  The  result  of  low  screw  dislocation  density  in  the  representative  area 
shows  that  it  will  be  possible  to  produce  SiC  wafer  with  very  low  density  of  screw  dislocation  in  the 
future. 
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Abstract  The  closing  of  micropipes  during  SiC  solution  growth  is  frequently  observed.  This  clo¬ 
sing  is  investigated  theoretically  showing  that  both  mechanical  and  surface  energy  are  similar  for 
the  open  and  closed  defect  geometry.  Thus  capillary  action  should  be  the  dominating  mechanism 
for  the  elimination  of  micropipes  during  SiC  liquid  phase  growth.  A  model  for  planar/macrodefect 
formation  is  presented  giving  indications  that  these  defects  are  a  result  of  negative  crystal  growth. 

Introduction  Silicon  carbide  (SiC)  represents  the  only  technologically  relevant  semiconductor  in 
which  voids  having  dimensions  from  mesoscopic  to  nanoscopic  scale  are  generated  during  the  bulk 
growth  process  from  the  vapor  phase.  They  can  play  a  detrimental  role  in  the  performance  of 
electronic  devices,  especially  for  high  power  application  due  to  the  need  of  large  defect-free  crystal 
regions.  These  voids  can  be  classified  according  to  their  physical  nature  and  size  (diameter  d): 
i)  Micro-/nanopipes  (5  nm<d<15  pm);  ii)  Macrodefects  (d>  20  pm);  iii)  Planar  defects  (d>  50  pm). 
Besides  geometry  the  striking  difference  between  micropipes  and  the  other  defects  is  the  fact  that 
micropipes  are  associated  with  a  dislocation  structure  [1]. 

Micropipe  formation  The  exact  formation  mechanism  of  micropipes  is  not  totally  clear  up  to  now. 
Several  aspects  are  considered  as  source  for  micropipe  generation:  excessive  stress,  second  phases 
[2,3],  stacking  fault  clusters  on  tilted  closed  packed  planes  [4],  low  angle  grain  boundary 
dislocations  that  exist  in  order  to  accomodate  the  small  twist  between  neighboring  grains  [5]  etc..  In 
any  case  micropipes  are  hollow  core  dislocations  which  should  be  described  by  Franks  formula  [1] 

for  the  radius  of  the  pipe  RF=  b2p/K87t2Ysv  with  b:  Burgers  vector,  p:  shear  modulus,  ysv:  solid-va¬ 
por  surface  energy.  The  factor  K  takes  into  account  details  of  the  dislocation  character  (screw/edge 
dislocation  component)  [6].  It  is  frequently  observed  during  our  SiC  solution  growth  experiments 
from  the  liquid  phase  that  micropipes  present  in  the  vapor  grown  seed  crystal  are  closed  [7].  But 
according  to  the  formulation  for  Rp  even  a  larger  diameter  of  the  hollow  core  dislocation  should  be 
present  when  liquid  phase  crystallization  is  conducted  due  to  the  lower  solid-liquid  interface 
energy.  Any  model  approach  which  should  explain  this  phenomenon  has  to  address  details  of  both 
crystallization  around  a  micropipe  and  aspects  of  mechanical  and  surface  energies. 

Model  for  the  closing/elimination  of  micropipes  Fig.  la  shows  schematically  the  seed/solution 
geometry  with  the  boundary  condition  that  the  seed  is  fixed  at  the  seed  holder  in  a  way  which  does 
not  allow  a  gas  exchange  between  the  micropipe  and  the  process  environment.  Under  these 
conditions  a  liquid  meniscus  is  build  at  the  periphery.  This  three  phase  region  has  now  defined 

angles,  the  interface  angle  ©i  and  liquid  angle  0p  (Fig  lb).  The  constraints  of  this  arrangement 
forces  the  vertical  walls  to  become  progressively  inclined  (Fig.  1c).  Further  crystallisation  results  in 
the  closing  of  the  pipe  by  these  capillary  forces.  This  consideration  is  so  far  only  valid  if  additional 
forces  can  be  neglected.  Therefore,  we  consider  quantitatively  the  existing  surface  and  mechanical 
energies.  In  contrast  to  Franks  formula  we  will  take  now  the  fact  into  account  that  the  diameter  2R 
of  the  hollow  core  dislocation  is  variable  with  pipe  lenght  L. 

For  the  energy  due  to  mechanical  forces  at  a  micropipe  holds  in  general: 
dEdis=  -  b2p/47t  In  (R/R*)  dL 


(1) 
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For  the  surface  energy  between  solid  and  vapor  holds  in  general: 

dEsur=  2  R  71  ysv  dL  (2) 

Now  it  has  to  be  considered  that  the  radius  R  can  vary  with  the  pipe  lenght  L.  Assuming  a  spherical 
surface  area  which  should  result  under  capillary  action,  then  the  following  relation  is  valid: 

R=(R2F  -  L2)!/2  (3) 

The  integration  of  equation  (1)  along  the  spherical  surface  gives  the  energy  of  the  closed  hole: 

Edis=  -b2\x/4n  {-(R2f  -  R*2)l/2  +  rf  /2  ln  { [Rp 4*  (R2F  -  R*2)"2  ]/[RF  -  (R2p_  R*2)l/2]}}  (4) 

Equation  (4)  has  now  to  be  compared  to  the  mechanical  energy  E*dis  of  a  cylinder  of  a  hollow  core 
dislocation  with  a  constant  radius  RF  and  height  RF: 

E*dis=  -b2j!/47t  ln  (Rp/R*)  Rp  (5) 

As  both  surface  energies  for  the  sherical  hole  and  the  cylindrical  part  are  equal  the  further 
discussion  is  focused  only  on  the  comparison  of  equations  4  and  5.  A  detailed  numerical  analysis 
reveals  that  the  energetic  contributions  of  a  cylindrical  tube  and  a  spherical  half  shell  differ  less 
than  6%  for  Rp  =  10  pm  and  R*=  0.05  pm.  This  holds  over  a  large  range  of  R-  and  Revalues. 


(a)  (b)  (c) 

Fig.l  Scheme  of  the  seed/seed  holder  geometry  (a),  three  phase  boundary  with  the  contacting  an¬ 
gles  ©l  and  ©i  (b)  and  resulting  crystallization  front  which  causes  the  closing  of  the  micropipe  (c). 

From  this  result  it  is  probable  that  a  dislocation  void  with  a  tube-like  geometry  will  practically 
close  completely  under  the  capillary  action  as  the  energetic  terms  of  the  mechanical  and  surface 
energy  for  the  closed  and  unclosed  micropipe  are  rather  similar.  This  might  be  the  explanation  for 
the  observed  closing  of  micropipes  during  liquid  phase  growth.  In  the  case  of  gas  exchange 
between  micropipe  and  seed  holder  capillary  forces  will  push  the  liquid  into  the  whole  pipe.  The 
three  phase  equilibrium  will  not  be  established  near  to  the  main  solid-liquid  interface.  Here  a 
different  argumentation  has  to  be  made  to  explain  micropipe  closing  including  e.g.  the  higher 
supersaturation  for  growth  from  liquids  at  highly  concave  shaped  crystalline  bodies  like  the  walls  of 
micropipes. 

In  general  there  exists  a  deficiency  in  understanding  of  the  nature  of  the  hollow  dislocation  after 
closing  as  it  should  not  be  energetically  stable  due  to  the  high  Burgers  vectors.  Experimentally  a 
dissociation  of  dislocations  has  not  be  observed  up  to  now.  This  phenomenon  is  still  under 
investigation.  SiC  wafers  with  closed  micropipes  are  taken  as  seed  crystals  for  vapor  growth 
experiments.  This  should  elucidate  the  stability  of  closed  micropipes. 

Generation  of  planar/macrodefects 

Although  being  a  defect  type  with  negative  influences  on  device  properties  the  formation  of  macro¬ 
defects/planar  defects  in  SiC  has  been  addressed  only  little  in  the  past.  E.g.  Stein  [8]  concluded  that 
the  reasons  for  channels  might  not  lie  in  instabilities  of  the  growing  interface  but  in  secondary 
evaporation.  Fig.  2a  shows  a  typical  geometiy  of  a  planar  defect/macrodefect  association.  A  planar 
defect  is  a  void  mainly  with  crystallographic  orientation  of  the  walls  (parallelepiped)  having  an 
aspect  ratio  X/L>  5  (X:  length  perpendicular  to  [0001]  axis,  L:  thickness  parallel  to  [0001]  axis)  as 
measured  in  several  SiC  crystals.  The  planar  void  is  followed  by  a  pipe  having  diameters  exceeding 
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the  size  of  micropipes  (d>  15  pm).  These  macropipes  are  not  oriented  crystallographically  like 
micropipes.  They  have  a  serpentine-like  geometry.  Both  for  the  planar  defect  and  the  connected 
macrodefect  (pipe)  an  explanation  is  given  as  follows.  Fig.  2b  shows  a  model  sequence  of  the 
generation  of  a  planar  defect.  At  first  there  is  the  probability  that  voids  exist  at  the  transition 
between  the  seed  holder  and  the  SiC  seed  due  to  an  inadequate  fixation  technique.  In  this  void  mass 
transfer  will  occur  when  the  typical  temperaure  field  for  PVT  (physical  vapor  transport)  growth  of 
SiC  is  established.  A  sort  of  micro-PVT  process  will  cause  the  migration  of  the  void  towards  the 
higher  temperature.  Both  the  radial  temperaure  gradients  due  to  the  twodimensionality  of  heat 
transfer  around  the  void  and  the  difference  of  kinetics  at  the  crystallization  part  and  sublimation 
part  might  result  in  the  parallelepiped  geometry  of  the  planar  defect.  The  residual  pipe 
(macrodefect)  can  be  thought  as  a  trace  resulting  from  the  changing  minimum  of  the  critical 


supersaturation. 


Fig.  2:  Typical  planar  defect  in  SiC  (a)  and  sequence  of  the  micro-PVT  migration  process  (b)  of  a 
void  taking  into  account  kinetics  and  heat  transfer. 

This  hypothesis  of  "negative  crystal  growth"  is  now  discussed  by  comparing  experimental  results 
and  theoretical  descriptions  of  the  ongoing  processes.  At  first  the  geometric  data  of  thickness  L  and 
lateral  dimension  X  have  been  measured  in  various  crystals.  In  addition  it  could  be  clearly  proven 
that  these  defects  migrated  during  growth  by  correlating  solid-vapor  interface  demarcation  lines 
with  the  defect  geometry.  With  these  interface  demarcation  lines  produced  by  doping  striations 
from  nitrogen  pulses  the  growth  rate  is  evaluated  routinely  in  our  SiC  crystals.  The  absolute  values 
of  migration  velocities  have  been  determined  and  will  be  discussed  later. 

Now  we  present  the  theoretical  descrption  for  the  formation/migration  of  planar  defects.  The 
thermomigration  velocity  V  of  a  void  through  a  solid  can  be  considered  in  an  analogous  way  to 
Cline  and  Antony  [9]  who  treated  the  movement  of  liquid  droplets  in  silicon  by  the  product  of  the 
driving  force  on  the  void  F  and  the  void  mobility  M 

V=MF  with M=  Cv/Cs D/RT  Vs/V v  W 

Cv:  concentration  of  SiC  gas  species  in  the  void,  Cs:  concentration  in  the  solid  phase,  D:  diffusion 
coefficient  in  the  gas  phase,  Vs:  molar  volume  of  the  solid,  Vv:  volume  of  the  void. 

In  a  thermal  field  the  relation  (7)  holds: 

V=  M  (Ft-Fk)  where  .  ^  w) 

Ft=  Vv/Vs  RT  [  1/Ce  dCe/dT]  Gv  is  the  thermal  force  and  FK=  Q/L  Vs/Vv  the  kinetic  force,  (8) 
Ce=  equilibrium  concentration  of  gas  species  in  the  void,  Gv=  thermal  gradient  at  the  void, 

Q=  kinetic  potential,  L=  dimension  of  the  void  parallel  to  the  thermal  gradient. 

As  already  explained  a  compositional  gradient  in  a  void  is  generated  because  of  the  change  in  vapor 
pressure  of  the  solid  with  temperature.  This  concentration  gradient  causes  a  transport  of  the  solid 
atoms  through  the  void  from  the  front  to  the  rear  end  and  causes  the  void  to  migrate.  From  interest 
it  is  now  the  question  how  fast  voids  can  migrate  and  which  kind  of  geometry  they  will  adopt. 

In  steady  state  the  SiC  species  move  from  the  hot  subliming  face  to  the  cold  depositing  face.  It  can 
be  shown  that  for  the  steady  state  velocity  of  the  void  holds  [9]: 

V=  D  Cv/Cs  { [  1/Ce  dCe/dT]  Gv  -  AQ/RTL}  .  (9> 

From  this  equation  it  is  clear  that  the  effects  of  kinetics  will  rise  with  decreasing  void  size  L  and 
below  a  critical  size  there  will  exist  no  void  migration.  Also  it  is  clear  that  the  void  velocity 
depends  on  the  thermal  field  (temperature  gradient).  At  this  point  we  compare  the  experimentally 
found  migration  rates  with  the  theoretical  estimates  according  to  equation  9.  Under  typical  growth 
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conditions  we  measure  migration  rates  of  planar  defects  of  40.. .225  pm/h.  The  same  numbers 
50.. .300  pm/h  are  evaluated  by  the  theoretical  model. 

The  changes  in  shape  of  voids  from  a  cube  to  a  parallelepiped  demand  a  vapor  transport  from  the 
lateral  facets  to  the  rear  facets  of  the  voids  while  vapor  species  are  simultaneously  travelling  from 
the  front  to  the  rear  facet  of  the  void  to  cause  migration.  This  physical  phenomenon  has  been  also 
described  by  Cline  and  Antony  [9]  for  liquid  inclusions.  For  vapor  transport  in  voids  the  following 
relation  holds  for  the  aspect  ratio  X/L  versus  X  (Xdength  of  void,  L:  thickness  of  void,  Q*=kinetic 
potential,  ysv=  solid- vapor  interface  energy): 

X/L  =  1  +  Q*  X/4Vs  ysv  (10) 

X  and  L  have  been  measured  in  4  crystals  and  correlated  according  to  equation  10.  The  result  is 
shown  in  fig.3.  It  is  evident  that  the  physical  dependence  could  be  verified  experimentally.  But 

every  crystal  exhibits  a  different  slope  being  Q*/4Vs  ysv.  We  argue  that  this  reflects  the  variation  in 
the  kinetic  potential  Q*  due  to  the  interaction  with  dislocations.  During  the  migration  process  there 
is  a  finite  probability  that  the  void  meets  a  dislocation  changing  the  kinetics  of  growth  and 
sublimation  and  so  for  the  Q*  value.  The  serpentine-like  morphology  of  the  following  macropipes 
is  a  further  hint  of  this  dislocation  interaction. 

Additional  experimental  results  are: 

(i)  Within  one  crystal  there  exist  a  lateral  variation  of  the  migration  rate  up  to  a  factor  of  2. 

(ii)  A  change  of  the  growth  temperature  from  2200  °C  to  2300  °C  showed  no  significant  varia¬ 
tion  in  the  migration  rate. 

(iii)  It  has  to  be  emphasized  that  each  planar  defect  is  followed  by  a  non  micropipe  hollow  tube 
which  is  not  oriented  crystallographically  (macrodefect). 

For  the  reduction  of  the  planar/macrodefect 
density  in  SiC  crystals  the  main  issue  seems 
only  a  proper  fixation  technique  preventing  the 
formation  of  voids  at  the  seed/seed  holder 
interface.  According  to  equation  9  also  a 
reduction  of  the  void  size  would  be  helpful  as 
it  decreases  the  migration  rate  through  the 
crystal.  But  the  technical  realization  of  defined 
sizes  of  planar  defects  at  the  beginning  of  the 
growth  process  seems  not  to  be  feasible. 


Fig.  3:  Aspect  ratio  X/L  versus  length  of  planar 
defect  X  for  4  different  SiC  growth  experiments 
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Abstract.  The  origin  of  the  internal  stress  around  micropipes  existed  in  the  hexagonal  silicon 
carbide  single  crystals  has  been  investigated  by  strain  model.  The  model  designed  from  acrylate 
resin  perfectly  demonstrates  the  strain  distribution  around  micropipes.  The  strain  distribution  was 
confirmed  by  interference  patterns  observed  by  photoelastic  measurements  under  the  crossed  polars 
condition.  Generally  it  is  argued  that  micropipes  are  formed  by  stress  relaxation  in  the  center  of  the 
screw  dislocation,  however,  the  strain  model  adopted  demonstrates  that  the  stress  origin  around 
micropipes  occurred  by  the  edge  dislocation.  Therefore,  we  argue  that  micropipes  contain  the  mixed 
dislocation. 


Introduction 

Silicon  carbide  (SiC)  bulk  single  crystal  is  expected  as  a  new  substrate  material  for  high 
power,  high  temperature  and  high  frequency  semiconductor  devices.  In  addition,  SiC  single  crystals 
are  appropriate  as  substrate  material  for  thin  films  growth  of  III-V  nitrides  because  it  has  a  small 
lattice  mismatch  (3.5%)  compared  with  the  sapphire  substrates  [1,2].  However,  the  SiC  bulk 


(a) 


(b) 


(c) 


Fig.l  (a)  A  photograph  of  the  interference  pattern  around  micropipes  of  (00*l)6H-SiC  by 
means  of  a  polarizing  optical  microscope,  (b)  and  (c)  are  illustrations  of  vibration  directions 
and  stress  distribution  around  a  micropipe,  respectively.  Ol  is  micropipe,  02  and  03  are  no 
double  refractions  points.  _ _ _ 
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crystals  grown  by  the  modified  Lely  method  include  many  large  hollow  defects  called  as 
micropipes  [3-5].  The  existence  of  micropipes  is  considered  as  one  of  the  most  serious  problems  for 
semiconductor  devices,  because  its  presence  gives  rise  to  current  leakage  [6,7].  The  micropipes 
penetrates  along  the  [001]  growth  direction  with  diameters  from  sub  pm  to  about  10  pm.  The 
formation  of  these  micropipes  has  been  discussed  by  several  research  groups  in  order  to  clarify  their 
nature  [8-11].  According  to  Frank’s  theory,  the  formation  is  generally  interpreted  as  depending  on 
the  stress  relaxation  of  the  screw  dislocation  with  large  Burgers  vector  [8].  However,  the 
interference  pattern  of  the  screw  dislocation  reported  by  Ming  et  al  [12]  could  not  be  observed 
around  the  micropipes  by  polarizing  optical  microscope.  In  a  previous  paper,  we  reported  the 
unique  interference  pattern  and  large  internal  stress  around  the  micropipes  in  (00*1)  6H-SiC  single 
crystals  substrate  grown  by  the  modified  Lely  method  [4].  Stress  distribution  and  its  magnitude  by 
photoelastic  measurements  was  presented  in  [13].  We  showed  that  the  internal  stress  gives 
aggravation  for  crystallinity  of  the  SiC  single  crystal.  In  this  study,  we  report  the  origin  of  the 
internal  stress  around  the  micropipes.  The  origin  was  investigated  using  the  designed  strain  model 
which  imitates  the  micropipes. 

General  description 

The  internal  strain  around  the  micropipes  can  be  observed  as  birefringence  (double 
refraction)  image  with  unique  interference  pattern  as  shown  in  Fig. la.  The  image  was  often 
observed  in  a  (00*1)  6H-SiC  substrate  developed  by  modified  Lely  method  by  means  of  a  polarizing 
optical  microscope  under  the  crossed  polars  condition.  The  interference  pattern  is  generated  by 
photoelastic  effect  from  the  strain,  which  is  acting  perpendicular  to  a  micropipe,  because  the  (00*1) 
6H-SiC  usually  has  no  double  refraction  along  [001]  direction.  Vibration  directions  of  polarized 
lights  on  optional  points  distributed  around  micropipe  (01)  are  presented  as  the  crossed  marks 
composed  by  faster  and  slower  light  directions  as  shown  in  Fig. lb.  Dark  zones  indicate  the  extinct 
lines  so  called  isogyre.  We  reported  previously  that  the  maximum  internal  stress  located  on  both 
sides  of  a  micropipe  between  02  and  03  where  there  were  no  birefringence  points  [4],  and  the 
stress  distribution  on  a  02-03  line  was  due  to  alternate  compression  and  tension  as  shown  in  Fig.lc. 
These  results  were  confirmed 
around  all  of  the  micropipes.  The 
magnitude  of  the  maximum 
internal  stress  was  around 
113~166MPa  as  observed  by 
photoelastic  measurements  [13]. 

Experimental 

The  internal  strain  around 
the  micropipes  in  the  (00*1)  6H- 
SiC  substrates  was  investigated 
as  interference  pattern  by 
polarizing  optical  microscope 
under  the  crossed  polars 


(a)  (b) 


Fig.2  A  strain  model  for  analysis  of  the  internal  strain  around 
micropipe,  (a)  is  a  photo  of  the  model.  In  order  to  model  the 
stress  distribution,  the  model  was  cut  leading  from  the  center 
hole  to  the  edge,  and  the  external  force  was  added  along  the  cut 
line  like  as  shown  in  Fig2(b). 
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condition.  The  SiC  modified  Lely  crystals  containing  high  density  of  micropipes  were  used. 

A  strain  model  designed  from  an  acrylate  resin  board  for  analysis  of  the  internal  strain 
around  the  micropipes  is  shown  in  Fig.2.  It  was  cut  into  a  circular  shape  with  10cm  in  diameter,  and 
having  a  opened  hole  at  the  center.  The  center  hole  represents  the  micropipe.  In  order  to  add  stress 
distribution,  the  model  was  cut  from  the  center  hole  towards  the  edge,  and  compressive  and  tensile 
stress  was  added  along  the  cut  line  by  means  of  metal  screws  and  plates.  The  model  was 
investigated  by  photoelastic  measurements  under  the  crossed  polars  condition. 

Results  and  Discussion 

The  distribution  and  origin  of  the  internal  stress  around  micropipes  were  investigated  using 
the  above  strain  model.  When  the  model  was  observed  under  the  crossed  polars  condition,  the 
identical  interference  pattern  was  observed  around  the  center  hole  compared  with  the  micropipe. 
The  typical  example  is  shown  in  Fig. 3.  Specimens  in  the  model  and  a  micropipe  were  rotated  in 
each  basal  plane  with  same  degrees,  their  interference  patterns  also  changed  in  a  similar  way.  It  was 
clarified  that  the  model  completely  demonstrates  the  internal  strain  around  the  micropipe  of  SiC 
single  crystal.  The  external  force,  which  was  added  along  the  cut  line  in  the  model,  concentrates 
around  the  center  hole.  Hence,  with  each  compressive  and  tensile  stress,  strain  occurred  on  both 
sides  of  the  hole,  and  reasonably  generated  the  identical  stress  distribution  like  in  Fig.lc. 

The  origin  of  strain  generation  using  this  model  could  be  interpreted  in  terms  of  an  edge 
dislocation  in  the  crystal  structures,  because  stress  distributions  around  an  edge  dislocation  are 
usually  formed  due  to  compression  and  tension  on  both  sides  of  the  dislocation  line.  Therefore  the 
cut  end  direction  in  the  model  represents  the  Burgers  vector. 

As  already  mentioned,  the  micropipes  are  formed  by  relaxation  of  stress  which  occurred  by 
screw  dislocation  with  large  Burgers  vector  [8].  However,  the  birefringence  image  of  the  screw 
dislocation,  which  was  reported  by  Ming  etal.  [12]  were  not  observed  around  micropipes  in  this 


n 

45  degree 
rotation 

V 


(a)  (h) 

Fig. 3  Interference  pattern  of  (a)  the  strain  model  and  (b)  a  micropipe  under  crossed 
polars  condition.  As  both  interference  images  indicate  identical  patterns,  the  model 
reappears  the  stress  distribution  of  the  micropipe  perfectly. 
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study.  Hence  we  conclude  that  the  stress  caused  by  screw  dislocation  may  scarcely  remain.  By  these 
analysis  of  the  strain  model  we  argue  that  the  micropipe  contains  not  only  the  element  of  screw 
dislocation  but  also  of  the  edge  dislocations,  i.e.  the  mixed  dislocation.  The  internal  stress  around 
micropipe  mainly  originates  from  the  element  of  edge  dislocation.  Our  results  agree  well  with 
theoretical  analysis  of  the  micropipe  formation  reported  by  J.Heindl  et  al  [9], 

Conclusions 

We  succeeded  in  designing  the  strain  model  of  the  micropipe  for  investigating  the  origins 
of  the  internal  stress  around  it  by  means  of  photoelastic  measurements  under  the  crossed  polars 
condition.  The  model  demonstrates  that  the  internal  stress  around  the  micropipe  occurs  by  the  edge 
dislocation  located  at  the  center  of  the  micropipe  in  the  (00*1)  basal  plane.  The  micropipe  formation 
was  thought  to  be  occuring  due  to  mixed  dislocation  composed  of  screw  and  edge  dislocations. 
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Abstract  The  surface  of  4H-SiC  and  6H-SiC  substrates,  both  processed  with  and  without  LPE  to 
fill  micropipe  defects,  has  been  investigated  by  transmission  electron  microscopy  and  x-ray 
topography  techniques  to  determine  the  status  of  existing  unfilled  and  filled  micropipes.  Unfilled 
micropipes  are  hollow-core  pure  screw  dislocations  extending  along  the  [0001]  direction  of  the 
hexagonal  crystal.  Substrates  processed  with  the  micropipe  filling  process  appear  to  possess  a  lower 
density  of  micropipes  than  those  fabricated  without  the  micropipe  filling  process.  Initial 
homoepitaxial  growth  of  SiC  inside  the  micropipe  channels  by  LPE  techniques  appears  to  fill  or 
partially  fill  the  micropipe  core  but  likely  retain  screw  dislocations  in  closed  core  form.  Subsequent 
LPE  layer  growth  on  these  modified  substrates  keeps  the  continuity  of  close  packed  atomic  stacking 
of  the  original  substrate  with  closed-core  screw  dislocations  from  the  filled  micropipes  transforming 
into  either  a  nano-pore  extending  mostly  along  the  [0001]  direction  of  the  substrate,  or  a  grain 
boundary  dislocation.  Homoepitaxial  growth  into  micropipe  channels  is  suggested  to  produce  an 
incoherent  interface  between  the  substrate  and  filled  material  and  produces  misfit  dislocations  in  the 
subsequent  LPE  layer.  CVD  SiC  epitaxially  grown  on  these  materials  exhibited  a  smooth  interface 
with  the  LPE  SiC  layer  and  greatly  reduced  the  step-bunching  present  in  the  LPE  layer. 

Introduction 

Commercially  available  4H  and  6H-SiC  wafers  manufactured  by  the  modified  Lely  method  [1]  are 
known  to  possess  a  high  density  of  defects,  such  as  micropipes,  stacking  faults  and  other 
crystallographic  defects  [2].  A  high  density  of  micropipes  can  lead  to  catastrophic  failure  in  devices 
fabricated  on  these  SiC  substrates.  Hence  a  reduction  of  micropipe  density  in  substrates  is  needed. 
One  technique  for  reducing  the  micropipe  density  has  been  developed  and  demonstrated  by  TDI 
Inc.  [3,4,5],  This  technique  involves  filling  the  micropipe  channels  with  SiC  by  the  liquid  phase 
epitaxy  (LPE)  method.  However,  LPE  layers  grown  on  SiC  substrates  are  known  to  produce  poor 
surface  morphology  [6].  They  exhibit  a  high  degree  of  step  bunching  which  is  detrimental  for 
subsequent  SiC  device  manufacturing.  In  this  respect,  CVD  growth  of  SiC  on  LPE  layer  has  been 
shown  to  greatly  improve  the  surface  morphology  [6].  Preliminary  characterization  results  of 
devices  using  commercially  available  SiC  substrates  with  consecutive  LPE  and  CVD  epitaxial 
layers  have  shown  encouraging  results.  Therefore,  it  is  of  interest  to  perform  a  structural  study  of 
filled  micropipes  in  the  initial  SiC  substrate,  so  the  impact  of  subsequent  LPE  and  CVD  growth  of 
SiC  can  be  ascertained.  The  present  study  was  undertaken  to  determine  the  filled,  or  unfilled,  status 
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of  micropipes  in  4H  and  6H-SiC  wafers  fabricated  by  LPE  and  CVD  techniques,  and  to  understand 
the  mechanisms  by  which  micropipes  are  eliminated  from  the  surface  of  these  substrates. 

Experimental  Procedure 

Silicon  carbide  wafers  with  reduced  micropipe  density  were  fabricated  using  micropipe-filling 
technology  developed  at  TDI,  Inc.  [3-5].  Research  grade  35  mm  and  40  mm  diameter  3.5°  off-axis 
6H-SiC  and  8°  off-axis  4H-SiC  wafers  manufactured  by  Cree  Research,  Inc.  were  used  as  the 
substrates.  All  experiments  were  performed  on  the  (0001)  face  of  the  SiC  wafers.  The  average 
micropipe  density  in  the  initial  SiC  wafers  was  on  the  order  of  100  cm-2  or  greater.  After  the 
micropipe  filling  process,  the  micropipe  density  was  found  to  be  less  than  20  cm-2.  CVD  growth 
experiments  were  then  performed  using  a  cold-wall  chemical  vapor  deposition  (CVD)  reactor  at  the 
Emerging  Materials  Research  Laboratory  (EMRL)  [6].  Epitaxial  layers  on  the  order  of  6-8  pm  thick 
were  deposited  using  a  silicon-to-carbon  (Si/C)  ratio  of  0.3. 

Transmission  electron  microscopy  (TEM)  and  synchrotron  white  beam  x-ray  topography  (SWBXT) 
were  used  for  the  structural  investigation  of  SiC  wafers  to  obtain  information  on  the  nature  of 
material  defects.  For  the  preparation  of  cross-sectional  thin  foil  specimens,  0.2-mm  thick  plates  with 
the  2.3x5  mm  specimen  on  the  surface  were  sectioned  from  the  sample.  The  plates  were  soaked 
with  epoxy  and  squeezed  into  a  slotted  opening  of  an  A1  rod  of  2.3  mm  diameter.  The  rod,  loaded 
with  the  specimen,  was  then  cut  into  0.2-mm  discs,  and  then  thinned  to  electron  transparency 
following  standard  procedures  of  polishing,  dimpling  and  ion  milling.  Thin  foils  thus  prepared  were 
examined  with  a  200  keV  Hitachi  transmission  electron  microscope. 

Results  and  Discussion 

TEM  investigation  on  cross-sectional  specimens  of  commercially  available  4H  and  6H-SiC  wafers 
revealed  many  micropipes  in  the  form  of  line  defects  normal  to  the  basal  plane  of  the  hexagonal 
crystal.  Figure  la  shows  a  bright  field  TEM  micrograph  of  a  typical  micropipe  extending  from  top 
to  bottom  of  the  crystal.  The  application  of  the  two  beam  invisibility  criterion  of  characterization  of 
a  dislocation  established  the  micropipe  to  be  a  pure  screw  dislocation  and  identified  the  direction  of 
Burgers  vector  to  be  [0001].  X-ray  topography  (SWBXT)  performed  on  these  substrates  also 
identified  the  direction  of  the  pure  screw  dislocation  associated  with  these  micropipes  as  [0001]. 
The  topography  investigation  also  established  that  the  size  of  the  hollow  core  associated  with  these 
micropipes  is  dependent  upon  the  magnitude  of  the  Burgers  vector,  which  assumes  a  value  that  is  an 
integral  multiple  of  unit-cell  height  c  of  the  hexagonal  SiC  unit  ceil.  Figure  lb  shows  a  SWBXT 
image  taken  in  back-reflection  geometry  from  a  basal  plane  of  hexagonal  SiC.  The  image  exhibits 
hollow  core  screw  dislocations  (M)  with  Burgers  vectors  in  the  range  of  4-5c. 

Samples  in  which  micropipe  channels  were  filled  by  the  LPE  technique  appear  to  exhibit  a  low 
density  of  micropipes  on  their  surface.  TEM  observations  on  cross-sectional  specimens  of  these 
samples  revealed  that  the  hollow  core  at  the  surface  of  the  micropipe  in  the  initial  substrate  is  filled 
or  partially  filled  either  by  homo-epitaxial  growth  or  random  deposition  of  LPE  SiC.  Figure  2a  is  a 
TEM  bright  field  micrograph  showing  the  surface  core  of  a  micropipe  (indicated  by  an  arrow)  in  a 
4H-SiC  substrate  filled  by  homo-epitaxial  growth  of  LPE  SiC.  Present  studies  also  found  that  the 
LPE  layer  deposited  on  the  initial  SiC  substrate  appears  to  possess  either  a  nano-pore  extending 
from  top  to  bottom  of  the  layer  or  a  small  angle  tilt  plus  twist  (mixed  character)  grain  boundary  at 
the  location  where  the  micropipe  is  filled  or  partially  filled  by  homo-epitaxial  growth. 
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(a) 

Figure  1 .  Structural  characterization  of  commercial  (unprocessed)  substrates,  (a)  TEM  micrograph 
showing  micropipe  segment  in  the  matrix  of  a  6H-SiC  wafer.  The  micropipe  originates  in  the  SiC 
wafer  (only  segment  present  near  tip  of  wafer  shown),  (b)  SWBXT  topograph  from  a  4H-SiC  wafer 
in  back  reflection  geometry  showing  individual  micropipes  (M),  and  group  of  micropipes  (G)  with 
range  of  Burgers  vectors.  Faint  images  of  closed  core  lc  dislocations  barely  visible  in  background. 

The  interface  between  neighboring  LPE  layers  at  the  tip  of  a  filled  micropipe  (Fig.  2a)  exhibits  a 
mixed  character  grain  boundary,  partially  formed  by  edge  and  screw  dislocations.  The  presence  of  a 
mixed-character  small  angle  grain  boundary  at  the  tip  of  a  filled  micropipe  suggests  that  if  the  screw 
dislocation  associated  with  the  original  hollow  core  micropipe  survived  the  LPE  filling  process  by 
transforming  into  a  closed  core  screw  dislocation,  it  can  maintain  its  continuity  by  transforming  into 
a  mixed-character  small  angle  grain  boundary  dislocation.  This  means  that  the  LPE  filling  process 
may  not  have  created  an  obstruction  to  the  continuity  of  the  dislocation.  The  nano-pore  shown  in  the 
TEM  micrograph  of  Figure  2b  runs  from  top  to  bottom  of  the  LPE  layer  deposited  on  a  6H-SiC 
substrate  and  appears  to  originate  from  a  partially  filled  micropipe  present  in  the  substrate.  The 
existence  of  nano-pores  in  the  LPE  layer  can  be  attributed  to  the  partial  filling  characteristics  of 
homo-epitaxial  growth  of  LPE  SiC  inside  the  micropipe  channels.  These  deposits  inhibit  the  atomic 
deposition  during  subsequent  LPE  layer  growth. 

Filling  of  micropipes  by  the  homo-epitaxial  growth  of  LPE  SiC  can  result  in  a  coherent  interface 
between  the  filled  micropipe  and  the  substrate.  Such  a  coherent  interface  is  likely  to  facilitate  the 
continuity  of  the  close  packed  atomic  stacking  order  of  the  substrate  in  the  LPE  layer  that  is 
deposited  on  the  substrate.  The  present  study  supports  the  idea  of  possible  occurrence  of  analogous 
close  packing  arrangement  of  atoms  in  neighboring  layers  between  substrate  and  LPE  deposit  due  to 
homo-epitaxial  growth  inside  the  micropipe.  The  LPE  layer  on  the  4H-SiC  substrate  surface 
containing  a  filled  micropipe  (Fig.  2a),  has  its  close  packed  (111)  planes  parallel  to  (0001)  planes  of 
the  substrate,  even  though  the  LPE  layer  assumes  the  stacking  order  of  face  centered  SiC.  In  the 
present  TEM  study,  it  was  also  found  that  micropipes  filled  by  random  deposition  of  LPE  SiC 
appear  to  assume  an  incoherent  interface  between  the  substrate  and  the  deposited  LPE  layer.  The 
LPE  deposit  is  therefore  believed  to  participate  in  the  development  of  an  incoherent  interface 
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between  the  substrate  and  LPE  layer  grown  in  the  vicinity  of  a  filled  or  partially  filled  micropipe, 
and  thereby  introduces  space  misfit  dislocations  in  the  matrix  of  the  LPE  layer.  The  TEM  study  also 
revealed  that  the  epitaxially  grown  CVD  SiC  deposited  on  the  LPE  layer  yields  a  smooth  surface 
free  of  any  step  bunching  which  is  favorable  for  subsequent  device  processing. 


Figure  2.  Structural  characterization  of  processed  (LPE,  CVD)  substrates,  (a)  Bright  field  TEM 
micrograph  showing  status  of  filled  micropipe  at  interface  between  4H-SiC  and  LPE  SiC.  Dark 
arrow  identifies  the  interface  between  4H-SiC  and  LPE  SiC;  (b)  Bright  field  TEM  micrograph 
showing  origination  of  nano-pore  from  tip  of  partially  filled  micropipe  in  6H-SiC  wafer. 

Conclusion 

Based  upon  the  present  TEM  and  x-ray  topography  studies  of  micropipes  in  commercially  available 
4H  and  6H-SiC  wafers  before  and  after  LPE  and  CVD  epitaxial  layers,  it  can  be  concluded  that  the 
homo-epitaxial  growth  of  SiC  inside  a  micropipe  channel  can  be  used  to  fill  the  hollow  core  of  the 
micropipe  and  thereby  improve  the  substrate  quality  for  subsequent  epitaxial  or  device  processing. 
However,  the  resulting  crystal  structure  in  the  vicinity  of  filled,  or  partially  filled,  micropipes  was 
observed  to  contain  both  closed-core  dislocations  as  well  as  mixed  character  grain  boundary, 
partially  formed  by  edge  and  screw  dislocations. 
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Abstract  We  report  here  for  the  first  time  on  the  in-situ  observations  for  SiC  bulk  single  crystal 
growth  by  x-ray  topographic  technique.  Occurrence  and  dynamic  observation  of  the  defects  such  as 
micropipes  and  domain  boundaries  during  SiC  crystal  growth  by  the  modified  Lely  method  was 
investigated  in  a  real  time  display.  The  in-situ  observation  was  considered  to  contribute  for 
optimizing  the  growth  conditions  and  to  interpret  the  mechanism  of  defects  and  dislocations 
formation. 

Introduction 

Silicon  carbide  (SiC)  is  one  of  the  well-known  wide  bandgap  materials  for  high  power, 
high  temperature  and  high  frequency  semiconductor  devices.  Currently,  SiC  wafers  are  produced 
from  a  bulk  single  crystal  grown  by  the  modified  Lely  method  [1].  Although  the  size  of  SiC  single 
crystals  increased  large,  many  defects  and  dislocations  are  still  contained  in  the  crystals  and  have 
limited  the  quality  of  SiC-based  devices  [2-3].  The 
possible  reason  is  that  research  for  crystal  growth 
until  now  is  carried  out  by  the  usual  conventional 
ways.  So  it  was  difficult  to  find  the  optimum 
conditions  for  growth.  In-situ  observation  technique 
has  been  used  for  long  times  for  the  investigation  of 
crystal  growth  mechanism  and  origin  of  defects  [4]. 

However,  the  in-situ  observation  for  SiC  bulk  single 
crystal  growth  has  not  been  realized  until  now, 
because  the  crystal  growth  is  performed  in  a  carbon 
crucible  (like  a  black  box)  and  at  high  temperature, 
over  2000 °C.  In  a  previous  paper,  we  reported  on  in- 
situ  observation  of  the  SiC  crystal  growth  process 
using  x-ray  topographic  technique  for  direct  analysis 
inside  the  growth  crucible  [5].  The  technique  was  Fig.l  X-ray  topographic  system  for  in- 

considered  to  contribute  for  optimizing  the  growth  situ  observation  of  SiC  bulk  single  crystal 

conditions  and  to  interpret  the  mechanism  of  defects  growth  by  the  modified  Lely  method 
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and  dislocations  formation.  In  this  study,  we  report  on  the  growth  of  SiC  crystals  and  the  occurrence 
and  dynamical  behavior  of  the  defects  investigated  in  a  real  time  display  by  the  x-ray  topography 
system. 

Experimental 

The  experiments  for  the  growth  of  SiC  crystals  by  the  modified  Lely  method  [1]  were 
performed  in  an  rf  induction  furnace  combined  with  an  x-ray  topography  system  as  shown  in  Fig.l. 
The  seeds  were  chosen  from  (0001)6H-SiC  crystals  developed  by  Acheson  and  Lely  methods  [6]. 
The  thickness  of  the  seeds  are  about  0.5mm,  and  their  surface  was  polished  in  order  to  make  them 
mirror  likes  before  growth.  The  crystals  were  grown  at  2200° C  and  10~400  Torr  chamber  pressure 
of  the  high  purity  Ar  gas.  A  molybdenum  rotating-anode  was  used  as  a  source  to  generate  the  x-rays 
with  maximum  output  of  18kW.  The  diffraction  selected  from  (lOll)  plane  of  the  grown  crystal 
was  directly  scanned  as  topographic  images  using  a  CCD  camera.  The  system  has  been  explained  in 
the  previous  paper  in  detail  [5].  A  polarizing  optical  microscope  and  x-ray  topography  at  room 
temperature  were  utilized  for  the  post  process  observation  of  the  SiC  specimens.  The  grown 
thickness  was  calculated  from  the  growth  rate  which  was  measured  by  the  transmission  x-ray 
technique  [7]. 

Results  and  Discussion 

Fig.2(a)  is  an  x-ray  topograph  of  a  (0001)  6H-SiC  seed  crystal  made  by  Acheson  method  at 
room  temperature  and  atmospheric  pressure.  The  topograph  was  taken  from  the  area  including  the 
crystal  edge  of  the  seed.  Some  defects  and  damage  in  the  seed  was  confirmed  clearly  by  the 
topograph.  The  negative  crystals  and  voids  contained  in  the  crystal  edge  were  observed  as  spot  like 
images.  Moreover,  scratch  damages  remained  on  the  top  surface  of  the  seed  by  the  polishing 
process  were  also  captured  as  line  contrast  images.  As  the  temperature  rose  to  2200°C  and  the 
pressure  in  the  chamber  is  decreased  from  atmospheric  pressure,  the  growth  started  gradually  and 
the  appearance  of  the  topograph  changes  as  shown  in  Fig.2(b).  The  topograph  was  taken  by  the  in- 
situ  observation  at  2200°C  and  200  Torr,  10  minutes  after  the  pressure  began  decreasing.  The  line 
images  are  gradually 
washed  out  soon  after 
the  start  of  the  growth. 

We  interpret  that  the 
scratch  damages  caused 
by  the  polishing  have 
almost  recovered  their 
crystallinity  during  the 
initial  growth. 

Simultaneously,  a  hill 
of  the  grown  crystal 
was  formed  with  the 
height  of  about  1~2  pm. 

The  hill  was  confirmed 


Fig.2  The  in-situ  observation  of  the  SiC  growth  on  Acheson  seed 
crystal,  (a)  is  the  seed  image  before  growth.  The  negative  crystals, 
voids  and  scratch  damages  were  captured  as  contrast  images,  (b)  is 
the  image  captured  10  minutes  after  the  start  of  growth.  The  scratch 
damages  are  gradually  washed  out,  and  a  hill  of  the  grown  crystal 
was  confirmed  as  an  island  like  image. 
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as  light  contrast  image  of  an  island  like  shape  by  the  topography. 

In-situ  observations  were  also  made  for  SiC  crystal  growth  using  Lely  crystals  as  seeds. 
Fig.3(a)  is  the  x-ray  topograph  captured  before  start  of  the  growth.  From  this  topograph,  it  is  visible 
that  the  Lely  seed  crystal  contains  defects  and  dislocations  with  relatively  low  density.  However, 
right  after  the  growth  started  and  the  pressure  in  the  chamber  was  gradually  decreased,  many  light 
and  dark  contrasts  appeared  in  the  topograph  as  shown  in  Fig.3(b).  We  interpret  these  as  many 
dislocations  appeared  in  the  grown  crystal  just  above  the  surface  of  the  seed.  Besides  this  we  notice, 
the  crystal  edge  starts  becoming  rounded,  because  the  edge  was  more  exposed  to  higher  temperature 


than  the  center.  This  phenomenon  was  observed  almost  in  all  of  the  growth  experiments.  As  the 
growth  reaches  about  150pm  thickness,  the  typical  defects  like  micropipes  [1,8-9]  and  domain 
boundaries  also  occurred.  These  large  defects  were  distinguished  as  clear  images  as  shown  in 
Fig.3(c)  marked  by  "MPs"  and  "DBs".  Existence  of  these  defects  was  also  checked  from  the  post 
process  observation.  As  the  SiC  crystal  grows  and  enlarges  over  300pm  thickness,  the  MPs  and  the 
DBs  images  showed  a  dynamic  elongation  from  its  original  position  towards  the  edge  of  the 
growing  crystal,  as  shown  in  Fig.3(d).  Lateral  enlargement  of  SiC  single  crystal  and  the  change  of 


MPs  and  DBs  position 
during  the  growth  by 
the  modified  Lely 
method  has  been 
described  effectively 
by  the  thermal 
conductive  flux  around 
the  crystal  in  [10]. 

The  in-situ 
observation  of  the  SiC 
single  crystal  growth 
was  realized  by  the  x- 
ray  topographic 

technique  using  this 
system.  The  system  is 
a  reliable  one  and 
offers  effective 

methods  for  future 
investigation  of 

optimizing  the  growth 
conditions  and  for 
analyzing  the  origin  of 
defects  and 

dislocations. 

Conclusion 

The  in-situ 


tl  t 


Fig.3  The  in-situ  observation  of  the  SiC  growth  on  Lely  seed  crystal, 
(a)  is  the  seed  image  before  growth,  (b),  (c)  and  (d)  are  images;  1.5, 
3.5,  4  hrs  after  the  start  of  growth.  Right  after  the  growth  started  and 
the  pressure  in  the  chamber  was  gradually  decreased,  many  light  and 
dark  contrasts  appeared  in  the  topograph.  We  interpret  these  as  dislo¬ 
cations  appeared  in  the  grown  crystal  just  above  the  surface  of  the 
seed.  The  typical  defects  like  micropipes  and  domain  boundaries  also 
occurred.  These  large  defects  were  distinguished  as  clear  images 
marked  by  "MPs"  and  "DBs".  These  defects  images  showed  a  dynam¬ 
ic  elongation  from  its  original  position  towards  the  edge  of  the  grow¬ 
ing  crystal. 
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observations  for  SiC  bulk  single  crystal  growth  was  successful  by  the  x-ray  topography  system.  The 
growth  behavior  in  the  modified  Lely  method  was  clarified  in  a  real  time  display.  Especially, 
occurrence  and  dynamic  observation  of  defect  features  in  SiC  grown  crystals  were  captured  for  the 
first  time.  The  in-situ  observation  was  considered  to  contribute  for  optimizing  the  SiC  crystal 
growth  in  future. 
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Abstract 

We  have  developed  an  instrument  for  in-situ  X-ray  topography  during  crystal  growth  of 
silicon  carbide  (SiC).  A  vertical  X-ray  goniometer  is  combined  with  a  furnace  for  sublimation 
growth.  A  high-power  X-ray  source  and  a  TV  imaging  system  using  a  CCD  camera  make 
possible  to  display  the  behaviors  of  defects  in  SiC  crystal  inside  crucible.  For  a  demonstration 
of  the  developed  instrument,  we  show  the  topographs  of  a  SiC  crystal  at  high  temperature.  The 
topographs  show  distinct  deformations  developing  with  increasing  temperature. 

Introduction 

Bulk  crystal  growth  of  silicon  carbide  (SiC)  is  an  indispensable  technique  to  realize  the 
low-loss-power  electronics  based  on  SiC  in  the  coming  century.  At  present,  sublimation 
method  is  most  successful  in  growing  large  and  pure  SiC  crystals.  The  grown  crystals, 
however,  includes  many  imperfections  such  as  undesirable  modifications  and  micropipes. 
These  imperfections  should  be  eliminated  from  boules,  and  the  boules  are  required  to  increase 
their  diameters.  To  clear  these  problems,  further  information  about  the  crystal  growth  is 
necessary.  The  events  taking  place  in  crucible  are,  however,  rarely  known  because  it  is 
difficult  to  observe  the  growing  crystals  directly.  As  a  mean  of  finding  a  way  out  of  the 
present  difficulty,  we  propose  an  in-situ  observation  of  the  crystal  growth  process  by  X-ray 

topography.  .  t  . 

X-ray  topography  projects  imperfections  in  a  crystal  on  a  two-dimensional  picture.  In 
addition,  X-ray  beam  has  good  transmissivity  in  materials,  particularly  large  in  graphite  crucible. 
The  in-situ  observation  of  a  growing  crystal  inside  a  crucible  using  x-ray  topography,  therefore, 
would  be  possible.  This  technique  would  reveal  the  behaviors  of  the  growing  crystals  and  the 
accompanying  undesirable  events  during  the  growth,  and  the  obtained  knowledge  will  be  helpful 
to  optimize  the  growth  conditions.  In  this  paper,  we  explain  the  design  of  the  instrument  and 
show  the  first  topograph  of  a  SiC  crystal  at  2100  °C. 

Design  of  instrument 

The  instrument  for  the  in-situ  observation  consists  of  X-ray  goniometer  and  crystal 
growth  chamber  (Fig.  1).  In  order  to  reproduce  an  ordinary  growth  condition  during  the  in-situ 
observation  and  to  retain  reasonable  spatial  resolution  of  the  topograph,  a  vertical  type 
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goniometer  is  designed  for  the  Laue-case  topograph.  A  cylindrical  crystal-growth  chamber  is 
installed  at  the  center  of  the  vertical  goniometer. 

A  rotating-anode  18-kW  X-ray  generator  with  a  molybdenum  target  is  employed  as  X- 
ray  source.  The  X-ray  generator  and  the  incident  optics  are  mounted  on  a  circle  to  determine 
the  incident  angle  (a-circle).  The  sample  is  positioned  at  the  1400-mm  point  from  the  X-ray 
source,  and  the  X-ray  beam  is  introduced  into  the  crystal-growth  chamber  through  a  beryllium 
window  mounted  on  the  bottom  flange  of  the  chamber.  The  scattered  beams  are  extracted 
through  the  other  beryllium  window  on  the  top  flange  and  detected  by  a  CCD  camera  on  the  f3- 
circle.  Inside  the  crystal-growth  chamber,  a  crucible  is  mounted  on  an  azimuthal-rotation  stage 
(^circle).  The  distance  between  the  sample  and  the  detector  is  as  long  as  280  mm  because  the 
detector  is  required  to  place  outside  the  crystal-growth  chamber.  This  long  distance  between 
the  sample  and  detector  is  disadvantageous  to  the  spatial  resolution  of  the  topograph.  In  this 
case,  the  resolution  is  estimated  at  14.9  jam  and  100.0  jam  respectively  for  parallel  and 
perpendicular  to  the  scattering  plane,  whereas  the  CCD  camera  gives  the  spatial  resolution  of 
about  50  jam. 


Fig.  1  Schematic  displays  of  the  in-situ  topography  instrument,  (a)  Front  view  and  (b)  side  view. 

G:  X-ray  generator,  SI  and  S2:  slits,  C:  beam  collimator,  M:  double-crystal  monochromator,  O:  Center 
of  the  goniometer,  CCD:  CCD  camera,  SC:  scintillation  counter,  F:  Crystal-growth  chamber  (omitted  in 
the  front  view),  R:  guide  rail  for  the  a-circle,  T:  guide  rail  for  the  x-axis. 
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Fig.  2  X-ray  topographs  of  6H-SiC  using  the  asymmetric  (10  11)  reflection  at  (a)  room  temperature 
before  heating,  (b)  1400  °C,  (c)  2100  °C,  and  (d)  room  temperature  after  the  process. 


The  diffraction  images  detected  by  the  CCD  camera  are  displayed  on  a  video  monitor 
on  the  spot.  In  order  to  facilitate  the  selection  of  the  probing  position  in  the  sample  and  take 
traverse  topograph,  the  a-circle  is  mounted  on  a  stage  with  a  linear  axis  (x-axis).  In  the 
traverse  topograph,  approximately  7X7-mm2  area  of  the  sample  is  projected,  and  a  standard 
measurement  time  is  1-5  min  depending  on  the  intensity  of  the  diffraction  beam. 

High  Temperature  Topography 

We  show  topographs  of  a  crystal  at  high  temperature  inside  a  crucible.  The  sample 
was  a  6H-SiC  (0  0  0  1)  plate  with  the  thickness  of  0.1  mm,  which  was  cut  from  a  crystal  boule 
grown  by  the  sublimation  method  in  our  laboratory.  The  crystal  plate  was  glued  on  a  crucible 
lid  with  carbon  paste,  and  no  material  was  charged  in  the  crucible.  The  crucible  was  heated 
with  the  heating  rate  of  10  °C  /min  in  the  700-torr  Ar  atmosphere.  The  maximum  temperature 
was  2100  °C.  Traverse  topographs  were  taken  in  an  asymmetric  (10  1  1)  reflection  at  several 
temperatures. 
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At  room  temperature  before  the  process,  as  shown  in  Fig.  2(a),  strongly  illuminated 
regions  due  to  heavy  distortion  were  observed  in  the  left  and  lower  right  part  of  the  photograph. 
In  this  experiment,  we  focused  on  the  fairly  good  quality  region,  upper  right  part  where  some 
spots  coming  from  micropipes  and  lines  from  edge  dislocations  were  seen.  Some  additional 
lines  are  found  to  appear  and  increase  in  intensity  as  temperature  increases,  indicating  that  some 
defects  are  induced  during  heating.  Figure  2(d)  is  a  topograph  taken  at  room  temperature  after 
this  process.  The  defects  induced  at  high  temperature  are  found  to  remain  at  room  temperature 
after  the  process,  indicating  that  they  were  plastic  deformations. 

Our  preliminary  topographic  observations  of  a  SiC  wafer  at  1300  °C  using  a 
conventional  Lang  camera  in  vacuum  atmosphere  showed  no  indication  of  additional  defects 
introduced.  In  the  observation,  the  wafer  was  placed  on  a  heating  stage  so  that  any  external 
stress  was  not  applied  to  the  sample.  In  the  present  observation,  the  deformation  began  to 
emerge  at  temperatures  as  low  as  -500  °C.  The  deformation  is  likely  to  be  induced  by  the 
stress  on  the  lid  side  of  the  plate  as  a  result  of  the  difference  in  thermal  expansion  between 
graphite  and  SiC. 

After  another  several  trials  with  different  sample  settings,  this  type  of  deformation  was 
not  observed  in  thick  samples  with  the  thickness  more  than  0.5  mm.  Thus  the  in-situ 
topography  of  the  SiC  crystals  is  possible  without  undesirable  effects  incidental  to  fixing  to  the 
crucible  lid. 

Summary 

We  explained  the  design  of  the  instrument  for  in-situ  topography,  and  demonstrated  the 
possibility  of  the  observation  of  the  sample  inside  crucible.  For  the  practical  experiments 
during  the  crystal  growth,  we  have  developed  a  special  crucible  that  separates  the  charged 
materials  from  the  X-ray  path.  Using  this  type  of  crucible,  in-situ  observations  are  now  in 
progress  [1]. 

As  shown  in  Fig.  1,  a  channel-cut  double-crystal  Si(lll)  monochromator  is  mounted 
on  the  a-circle,  and  optionally  available  to  make  the  parallel  Mo  Ka  beam.  In  addition,  a 
scintillation  counter  is  mounted  on  the  /3-circle.  Using  the  combination  of  these  components, 
this  instrument  is  also  utilized  as  a  diffractometer,  which  is  useful  to  measure  a  rocking  curve  of 
a  diffraction  line  and  distinguish  the  modifications  intergrown.  Another  useful  application  is  a 
growth-rate  monitor  by  measuring  the  intensity  of  the  Mo  Ka  beam  transmitted  through  the 
grown  crystal.  The  growth  rate  is  determined  precisely  because  the  absorption  coefficient  for 
SiC  is  well  defined  [2]. 
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Abstract.  Synchrotron  White  Beam  X-ray  Topography  (SWBXT)  has  been  used  to  characterize  2H 
silicon  carbide  crystals  grown  at  NASA  Glenn  Research  Center  by  the  chemical  reduction  of 
methyltrichlorosilane  at  1400°C.  The  crystals  studied  have  the  form  of  tapered  needles  around  0.5 
millimeters  long  and  had  hexagonal  cross-sections  0.2  millimeters  in  diameter.  Transmission  Laue 
patterns  confirmed  the  wurtzite  structure  of  the  2H  crystal.  SWBXT  images  recorded  in 
transmission  geometry  from  two  different  crystals  revealed  excellent  crystal  quality,  as  evidenced 
by  the  presence  of  Pendellosung  fringes,  a  result  of  the  dynamical  diffraction  processes  occurring 
inside  the  crystal.  Close  examination  of  these  topographs  and  others  recorded  with  different 
diffraction  vectors  revealed  no  evidence  for  the  presence  of  the  axial  screw  dislocations  reported  by 
Setaka  and  Ejiri,  based  on  their  observations  of  spiral  growth  steps,  and  also  observed,  for  example, 
in  (X-AI2O3  and  AIN  whiskers.  Nor  was  any  evidence  found  for  the  presence  of  the  "Eshelby  Twist" 
associated  with  the  presence  of  such  dislocations.  The  absence  of  axial  screw  dislocations  evidently 
indicates  that  the  growth  was  not  screw  dislocation-assisted,  and  suggests  that  the  stacking  sequence 
was  determined  by  the  thermodynamic  growth  conditions.  Isolated  inclusions,  with  characteristic 
contrast,  were  also  observed  in  both  crystals. 

Introduction.  Among  the  many  known  polytypes  of  SiC,  the  2H  polytype,  which  crystallizes  in  the 
pure  hexagonal  Wurtzite  structure,  has  the  largest  bandgap,  possibly  the  highest  electron  mobility, 
and  a  much  lower  growth  temperature  (<1500°C)  than  the  commonly  grown  polytypes.  As  a  result, 
some  effort  was  expended  in  determining  the  crystal  growth  mechanism  and  optimum  growth 
conditions  for  this  polytype  [1].  Analysis  of  the  growth  morphology  of  these  crystals  provided 
evidence  that  they  grew  via  a  vapor-solid  mechanism  rather  than  the  vapor-liquid-solid  mechanism 
suggested  previously  for  both  2H  SiC  and  Si  growth  [2].  Despite  the  fact  that  subsequent  study 
showed  the  stability  of  this  structure  to  be  questionable,  with  solid  state  transformation  to  the  cubic 
structure  being  reported  at  temperatures  as  low  as  400°C  [3],  small  single  crystals  of  the  2H 
polytype  were  successfully  grown.  In  this  paper  we  report  the  results  of  Synchrotron  White  Beam 
X-ray  Topographic  (SWBXT)  analysis  of  two  of  the  crystals  grown  in  this  original  effort. 

Experimental.  The  2H  crystals  used  in  this  study  were  grown  at  NASA  Glenn  Research  Center  by 
the  chemical  reduction  of  methyltrichlorosilane  at  1400°C  [1].  The  crystals  grew  in  the  form  of 
tapered  needles  up  to  3  millimeters  long  and  had  hexagonal  cross-sections  up  to  0.5  millimeters  in 
diameter.  The  c-axis  was  aligned  along  the  axis  of  the  needles.  Spherical  deposits  of  polycrystalline 
3C  SiC  were  frequently  found  attached  to  the  pointed  end  of  the  needles  (see  figure  1).  Near  the 
base  of  the  needle  (and  occasionally  close  to  the  tapered  end  of  the  needle),  thin  regions  (normal  to 
the  needle  axis)  consisting  of  a  highly  disordered  mixture  of  3C  and  2H  SiC  were  found.  The 


466 


Silicon  Carbide  and  Related  Materials  - 1999 


specific  crystals  studied  here  were  around  0.5  millimeters  long  and  had  hexagonal  cross-sections  of 
around  0.2  millimeters  in  diameter.  The  SWBXT  imaging  was  carried  out  at  the  Stony  Brook 
Synchrotron  Topography  Station,  beamline  X-19C,  at  the  National  Synchrotron  Light  Source  at 
Brookhaven  National  Laboratory.  Images  were  recorded  on  large  area,  high-resolution  SR5  X-ray 
film.  Intemegatives  were  then  made  of  individual  images  of  interest,  and  positive  prints  made  so 
that,  according  to  the  normal  convention,  enhanced  intensity  on  the  print  corresponds  to  enhanced 
X-ray  intensity  on  the  film. 


250|um 


Figure  1.  Optical  images  of  the  two  crystals  examined.  Note  the  roughly  spherical  deposits  of 

polycrystalline  3C  SiC 


Results  and  Discussion.  Transmission  Laue  patterns  recorded  from  the  crystals  using  synchrotron 
radiation,  confirmed  the  2H  crystal  structure.  Figures  2(a)  and  (b)  show  SWBXT  images,  recorded 
in  transmission  geometry,  from  the  two  crystals  shown  in  Figure  1.  Pendellosung  fringes  are  visible 
on  both  images  [4].  These  fringes  have  their  origins  in  dynamical  diffraction  processes  that  occur  in 
nearly  perfect  single  crystals.  These  processes  comprise  interference  interactions  between  X-ray 
wavefields  (Bloch  waves)  which  propagate  along  the  same  path  inside  the  crystal.  These 
interference  effects  result  in  beating  between  wavefields  associated  with  the  two  branches  of  the 
dispersion  surface,  where  the  planes  of  constant  phase  (for  projection  images  such  as  the  SWBXT 
images  presented  here)  are  oriented  parallel  to  the  crystal  surface  and  are  separated  by  the  extinction 
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length  for  the  particular  Bragg  reflection.  For  parallel-sided  crystals,  Pendellosung  fringes  are  not 
visible  on  projection  topographs  since  the  crystal  surfaces  are  parallel  to  the  planes  of  constant 
phase  (the  fringes  are,  however,  visible  on  section  topographs  recorded  from  such  crystals). 
However,  in  crystals  which  have  wedge  shaped  regions,  or  regions  where  the  crystal  surfaces  are 
not  parallel,  these  fringes  can  become  visible  on  projection  topographs,  with  each  fringe  observed 
corresponding  to  an  intersection  between  the  X-ray  exit  surface  and  a  plane  of  constant  phase  for 
the  beating  process.  The  crystals  observed  here  have  hexagonal  cross-sections  and  thus  when 
images  are  recorded  with  the  X-ray  beam  perpendicular  to  the  needle  axis,  wedge  shaped  regions 
are  presented  to  the  incident  X-ray  beam.  The  extinction  length  for  these  images  is  around  80 
micrometers,  so  that  one  would  expect  to  see  approximately  4  fringes.  This  is  consistent  with 
observation. 


Figure  2.  Transmission  X-ray  Topographs  (g=0002,  >=0.44A),  recorded  from  the  2H  crystals  in 
figure  1.  Note  the  Pendellosung  fringes,  P,  and  the  inclusions,  I. 

The  Pendellosung  process  is  highly  sensitive  to  the  local  distortion  in  the  crystal,  with 
minute  distortions  completely  eliminating  the  effect.  The  clear  visibility  of  these  fringes  on  figures 
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2(a)  and  (b)  is  therefore  indicative  of  a  very  high  degree  of  perfection.  Also  visible  on  these 
topographs  are  images  of  a  few  isolated  inclusions.  These  inclusions  are  visible  via  the  images  of 
their  strain  fields,  which  are  likely  to  be  much  larger  in  extent  than  the  inclusions  themselves.  These 
images  indicated  that  the  strain  centers  are  spherically  symmetric  as  indicated  by  the  fact  that  they 
comprise  two  lobes  of  contrast  separated  by  a  line  of  no-contrast  perpendicular  to  the  projection  of 
the  active  reciprocal  lattice  vector  on  the  image.  This  line  of  no-contrast  has  its  origins  in  the  fact 
that  along  this  direction,  the  distortion  associated  with  the  inclusion  is  parallel  to  the  diffracting 
planes.  The  strain  along  this  direction  is  therefore  sensed  to  be  zero  thus  explaining  the  absence  of 
contrast.  The  chemical  nature  of  these  inclusions  has  not  yet  been  determined. 

It  is  important  to  note  that  it  is  clear  from  these  topographs  that  these  crystals  have  no  visible 
dislocation  content.  In  particular,  there  are  no  screw  dislocations  parallel  to  the  growth  axis.  It  has 
been  postulated  that  the  nearly  one-dimensional  growth  of  whiskers,  such  as  those  studied  here, 
may  be  facilitated  by  the  presence  of  a  screw  dislocation  along  the  growth  axis.  Such  dislocations 
have  been  observed  using  various  techniques.  For  example,  measurement  of  the  so-called  "Eshelby 
Twist"  [5],  which  results  from  the  torque  exerted  by  the  dislocation  stress  field  on  the  free  surfaces 
at  the  tips  of  whisker-like  crystals,  was  used  for  the  cases  of  (X-AI2O3  [6]  and  AIN  [7].  These 
measurements  were  carried  out  using  X-ray  Laue  diffraction  ((X-AI2O3)  and  electron  microscopy 
and  electron  diffraction  (AIN).  Such  axial  screw  dislocations  were  also  reported  in  2H  SiC  [8], 
where  they  were  revealed  by  the  presence  of  spiral  growth  steps  near  the  tip  of  the  whisker  (it 
should  be  noted  that  the  data  presented  in  favor  of  this  conclusion  was,  in  the  opinion  of  the  authors, 
somewhat  unconvincing).  The  topographs  presented  here  show  unequivocally  that  there  were  no 
such  axial  screw  dislocations  in  these  crystals. 

Assuming  that  axial  screw  dislocations  were  not  forced  to  either  glide  (under  stress)  or 
climb  (via  interaction  with  vacancies)  out  of  the  crystal  following  growth,  it  would  appear  that 
dislocation-assisted  growth  did  not  occur  in  these  crystals.  In  the  absence  of  the  growth  template 
provided  by  the  spiral  steps  associated  with  such  screw  dislocations,  it  seems  likely  that  the  ability 
to  isolate  the  2H  polytype  was  simply  a  function  of  the  thermodynamic  growth  conditions. 

Conclusions.  S  WBXT  imaging  of  2H  SiC  needles  has  revealed  a  high  degree  of  crystal  perfection, 
indicated  by  the  absence  of  dislocations,  and  the  presence  of  Pendellosung  fringes.  A  few  isolated 
inclusions  were  also  observed.  The  absence  of  axial  screw  dislocations  most  likely  indicates  that 
growth  was  not  dislocation-assisted,  but  rather  that  the  control  of  the  polytype  was  achieved  solely 
by  adjustment  of  the  thermodynamic  growth  conditions. 
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Abstract.  Optical  Microscopy  and  Atomic  Force  Microscopy  (AFM)  of  a  SiC  Lely  platelet 
revealed  a  macrostep  pattern  the  periodicity  of  which  led  to  speculation  that  it  possessed  a  structure 
with  a  repeat  distance  roughly  350  times  the  SiC  bilayer  thickness.  Transmission  Laue  patterns 
recorded  from  the  crystal  revealed  a  3-fold  symmetric  pattern,  qualitatively  similar  to  that  obtained 
from  the  6H  structure,  but  displaying  an  immense  number  of  closely-spaced  reflections.  The 
diffraction  spots  were  resolved  with  a  specimen-film  distance  of  1.4m.  The  spacing  of  the  spots  in 
the  101/  row  indicated  that  the  specimen's  polytype  was  540R.  Synchrotron  White  Beam  X-ray 
Topography  (SWBXT)  revealed  the  presence  of  growth  dislocations  emanating  towards  the 
platelet’s  growth  facets,  deformation-induced  basal  plane  dislocations,  and  a  group  of  superscrew 
dislocations  close  to  the  crystal's  nucleation  point.  Optical  microscopy  revealed  micropipes,  which 
correlated  with  the  superscrew  dislocation  images  revealed  by  SWBXT.  Preliminary  calculations 
indicate  that  the  total  of  the  Burgers  vectors  of  the  observed  micropipes  was  between  100  and 
200nm.  Trails  of  basal  plane  dislocation  etch  pits  were  shown  by  Nomarski  microscopy  to  intersect 
the  etched  crystal  surface  in  a  roughly  periodic  fashion.  The  trails  were  attributed  to  enhanced 
etching  of  the  intersection  across  a  1°  surface  tilt  of  a  series  of  basal  plane  dislocations  distributed 
along  the  crystallographic  c-axis  with  a  periodicity  related  to  that  of  the  crystal  surface's  stepped 
ledges.  This  was  confirmed  using  AFM,  which  revealed  a  faster  etch  rate  at  the  intersections  of 
basal  plane  dislocations  at  the  ledges. 

Introduction 

One  of  our  authors  recently  reported  on  results  of  high  temperature,  H2/C3H8  gaseous  etching 
of  SiC  crystals  [1].  During  that  study  an  unusual  pattern  of  macrosteps  on  a  Lely-grown  platelet  was 
observed  after  etching  the  deep  grooves  cut  by  a  dicing  saw.  These  macrosteps  covered  most  of  the 
platelet  and  matched  exactly  on  opposite  sides  of  a  groove.  A  5pm  long  periodicity  in  the  pattern  of 
steps  and  a  surface  tilt  of  about  1°  was  observed  with  AFM.  From  these  values  a  vertical  repeat 
distance  for  the  terraces  of  88  nm,  or  approximately  350  times  the  0.25  nm  bilayer  thickness  for 
SiC,  was  calculated.  It  was  concluded  that  the  crystal  contained  a  long-period  polytypic  stacking.  In 
this  paper  we  present  results  of  further  studies  on  this  crystal  using  synchrotron  white-beam  X-ray 
topography  (SWBXT),  optical  microscopy,  and  AFM. 

Experimental 

SWBXT  imaging  was  carried  out  at  the  Stony  Brook  Synchrotron  Topography  Station, 
Beamline  X-19C,  at  the  National  Synchrotron  Light  Source  at  Brookhaven  National  Laboratory. 
Diffraction  patterns  and  topographic  images  were  recorded  on  Kodak  Industrex  SR-5  X-ray  film. 


470 


Silicon  Carbide  and  Related  Materials  - 1999 


Results 

Figure  1(a)  shows  a  transmission  Laue  pattern  recorded  from  the  Lely  platelet  using  a  pinhole 
collimated  synchrotron  radiation  beam.  Figure  1(b)  is  a  similar  pattern  recorded  from  a  6H-SiC 
crystal.  Note  the  highly  dense  zones  of  diffraction  spots  emanating  from  the  central  beam  stop 
shadow.  The  reflections  distributed  along  these  zones  were  very  closely  spaced  and  were  resolved 
by  recording  the  diffraction  pattern  at  specimen-to-film  distances  larger  than  1  meter. 

The  unit  cell's  class  was  identified  as  trigonal  by  considering  the  transmission  Laue  photograph 
in  figure  1(a)  (the  intensities  of  its  individual  diffraction  spots  show  a  three-fold  symmetry)  and  its 
length  was  found  by  analyzing  the  spacing  of  diffraction  spots  in  figure  1(c)  using  a  method 
detailed  in  the  literature  [2,3].  These  closely-spaced  pinhole  Laue  spots  could  be  well-separated  by 
recording  them  on  a  sheet  of  film  mounted  on  the  back  wall  of  Beamline  X19-C's  radiation  hutch 
1.4m  from  the  specimen.  The  101 1  and  1012  spots  of  a  similar  6H-SiC  Laue  photograph  were 
superimposed  over  this  Laue  photograph  (for  analysis  both  lattices  are  regarded  as  hexagonal).  In 
the  gap  between  these  two  6H  spots  were  counted  thirty  gaps  between  spots  of  the  sample's  101/ 
row.  This  number  was  regarded  as  one  sixth  of  the  row’s  total  gaps.  Since  /  *  3m  +  1,  where  m  is  an 
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Figure  1.  (a)  Transmission  Laue  pattern  recorded  from  the  full  crystal.  Note  the  three-fold 
symmetry,  and  the  high  density  of  spots  in  the  zones  radiating  from  the  central  beam  stop  shadow, 
(b)  Laue  pattern  from  a  6H  crystal,  shown  for  comparison,  (c)  Detail  from  the  101/  row. 
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lmm 

Figure  2.  Back  reflection  topograph  recorded  from  the  540R-SiC  crystal  (g=000 12960  ,X,=1.24A). 

integer,  are  structurally  extinct  for  a  rhombohedral  polytype;  each  gap  represented  three  values  of  / 
and  a  total  of  540  atomic  layers  were  indicated  in  the  unit  cell.  The  polytype  is  therefore  540R. 
Polytypes  of  comparable  repeat  length  have  been  occasionally  observed  elsewhere  in  the  literature 

[41- 

Syntactic  coalescence  between  large  repeat  distance  polytypes  and  shorter  ones  are  commonly 
observed,  yet  figures  1(a)  and  (c)  show  only  a  single  polytype  present  in  this  Lely  platelet. 
Streaking  between  the  diffraction  spots  does,  however,  indicate  a  positional  disorder  in  the  crystal. 

Figure  2  shows  a  synchrotron  white-beam  X-ray  topographic  (SWBXT)  image  recorded  from 
the  crystal  in  back-reflection  geometry.  Groups  of  large  Burgers  vector  screw  dislocations 
(superscrews)  can  be  observed  close  to  the  crystal  growth  nucleation  point,  which  appear  to  be  at 
the  center  of  the  crystal's  lower  edge.  Preliminary  calculations  indicate  that  the  sum  total  of  the 
Burgers  vectors  of  all  the  observed  micropipes  is  between  100  and  200nm.  Nearly  straight  growth 
dislocations  emanating  towards  the  various  growth  facets  and  the  deformation-induced  basal  plane 
dislocation  loops  are  also  visible.  These  which  appear  to  be  linked  to  the  crystal  nucleation  point 
and/or  the  groups  of  micropipes.  Transmission  and  Nomarski  reflection  optical  microscopy  revealed 
hollow-cores  or  micropipes  which  correlated  one-to-one  with  the  superscrew  dislocation  images 
revealed  by  SWBXT. 

"Etch  trails"  of  dislocations  were  observed  intersecting  the  etched  crystal  surface  in  a  roughly 
periodic  fashion  by  Nomarski  microscopy.  One  of  these  trails  is  shown  in  figure  3(a).  Because  there 
is  a  1°  tilt  angle  to  the  crystal's  surface,  these  etch  trails  were  identified  with  dislocations  lying  in 
the  crystal's  basal  planes  which  intersect  the  surface  at  a  very  slight  angle.  Basal  plane  dislocations 
of  this  sort  are  visible  in  the  SWBXT  image  in  figure  2.  The  trails  are  attributed  to  the  enhanced 
etching  of  intersection  of  series  of  these  basal  plane  dislocations,  distributed  nearly  periodically 
down  the  depth  of  the  crystallographic  c-axis,  with  the  ledges  in  the  stepped  pattern  of  the  crystal 
surface.  This  association  of  the  etch  pits  with  the  ledges  was  confirmed  using  AFM,  which  revealed 
a  faster  etch  rate  where  the  basal  plane  dislocations  intersected  with  the  ledges  (figure  3(b)). 

Conclusions 

The  Lely  platelet  was  composed  purely  of  the  540R  polytype,  but  exhibited  some  positional 
disorder  in  its  structure.  X-ray  topography  revealed  groups  of  superscrew  dislocations  near  the 
presumed  nucleation  point  of  the  crystal’s  growth,  as  well  as  basal  plane  dislocations,  some  straight 
and  probably  grown-in;  and  others  that  were  curved,  probably  a  result  of  deformation.  Trails  of  etch 
pits  marked  the  crystal's  surface  at  regular  intervals,  likely  arising  from  the  same  basal  plane 
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dislocations  observed  by  X-ray  topography.  Under  AFM  examination,  these  etch  pits  were  observed 
at  the  ledges. 

A  literature  study  of  polytypism  in  Lely  platelets  involving  200  samples  [5]  observed  no  long- 
period  polytypes  in  isolation,  but  invariably  found  them  as  lamellae  sandwiched  between 
syntactically-coalesced  shorter-period  polytypes;  and  that  none  of  the  crystals  examined  contained 
superscrew  dislocations  (micropipes)  that  might  have  influenced  their  polytypism.  It  was  concluded 
that  a  crystal  composed  purely  of  a  single  long-repeat  polytype  was  a  statistical  unlikelihood  and 
that  polytype  content  was  thermodynamically-determined.  The  specimen  reported  here  is  an 
exception  that  suggests  that  screw  dislocation-assisted  growth  may,  in  some  cases,  exert  an 
influence  over  the  purity  of  long-repeat  distance  polytypes. 


0  43  87am 

(a)  (b) 

Figure  3.  (a)  Nomarski  optical  micrograph  of  a  small  area  of  the  platelet's  etched  surface.  The 
vertical  groove  was  cut  by  a  dicing  saw  and  the  horizontal  striations  are  the  macrosteps.  The  "etch 
trails"  run  diagonally  across  the  picture,  (b)  AFM  image  of  an  "etch  trail." 
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Abstract:  Experimental  3  inch  diameter  4H  and  6H  SiC  wafers  have  been  examined  using 
synchrotron  white  beam  x-ray  topography,  x-ray  peak  position  mapping,  and  KOH  etching. 
Topographic  images  of  the  wafer  show  dark  lines  of  orientation  contrast  associated  with  the 
presence  of  small  angle  boundaries  that  have  a  radial  distribution  around  the  wafers’  highly 
contrasted  central  regions.  Misorientations  associated  with  the  boundaries  were  measured  by  high- 
resolution  diffraction  mapping  be  on  the  order  of  500  arcsec,  and  to  be  either  a  pure  tilt  type  with 
rotation  axis  in  the  basal  plane  or  mixed  tilt  and  twist.  KOH  etching  provided  further  evidence  for 
the  types  of  dislocations  associated  with  these  boundaries. 

Introduction 

In  order  to  make  silicon  carbide-based  electronic  devices  more  economical,  it  is  essential  to  increase 
the  currently  available  2  inch  substrate  size  to  3  and  4  inch  diameters.  Scaling  up  the  wafer  size  is  a 
difficult  process  and  usually,  larger  diameters  result  in  lower  crystalline  quality  in  the  boules. 
Several  characterization  techniques  have  been  previously  employed  to  examine  crystalline  quality  of 
SiC  substrates,  with  the  primary  figures  of  merit  being  micropipe  and  dislocation  densities. 
Synchrotron  white-beam  x-ray  topography  (SWBXT)  is  currently  the  best  way  to  image  defects  over 
large  wafer  areas.  For  example,  it  has  revealed  the  detailed  natures  of  the  various  kinds  of 
dislocations  present  in  SiC,  including  basal  plane  dislocations  and  screw  dislocations  with  closed 
and  hollow-cores  (micropipes)  [1],  It  is  also  capable  of  revealing  local  orientation  changes,  such  as 
those  associated  with  small  angle  boundaries,  and  their  spatial  distributions.  While  it  is  possible  to 
quantitatively  reveal  the  tilt  angles  associated  with  such  boundaries  with  SWBXT,  the  subtle 
distinctions  between  tilt  and  twist  components  are  best  quantified  by  the  high-resolution  x-ray 
diffraction  (HRXRD)  mapping  of  peak  positions.  The  complementary  application  of  SWBXT  and 
HRXRD,  along  with  more  traditional  methods  such  as  etching  (to  observe  the  high  defect  densities 
typically  encountered  inside  small  angle  boundaries)  can  reveal  detailed  information  that  would 
otherwise  be  unobtainable.  For  example,  by  determining  the  defect  orientations  and  concentrations 
in  the  arrays  comprising  the  small  angle  boundaries,  defect  formation  mechanisms  can  be 
postulated,  giving  necessary  information  about  the  processing  conditions  during  and  after  growth. 

Experimental 

Two  experimental  3  inch  diameter  undoped  SiC  wafers  (one  4H,  one  6H)  grown  by  Cree  Research, 
Inc.  were  examined  using  SWBXT,  HRXRD  mapping,  and  optical  microscopy.  The  wafers  were 
cut  on  axis  and  double-side  polished.  Back-reflection  topographs  were  taken  at  the  Stony  Brook 
Synchotron  Topography  Facility,  Beamline  X-19C,  at  the  National  Synchotron  Light  Source,  at 
Brookhaven  National  Laboratory.  X-ray  diffraction  mapping  was  performed  on  a  Philips  MRD 


474 


Silicon  Carbide  and  Related  Materials  - 1999 


Fig.  1  Back-reflection  topographs  of  experimental  3  inch  SiC  wafers,  (a)  4H(00016), 
X=l  .26  A  and  (b)  6H(00024),  X=1 .26  A. 


diffractometer  in  triple  axis  mode  using 
CuKa  radiation,  Ge(220)  4-bounce 
monochromator,  1.5  mm  x  1.5  mm  beam 
footprint,  and  a  Ge(220)  analyzer  crystal. 
The  wafers  were  etched  in  molten  KOH  at 
500°C  at  various  times  to  produce  the  best 
contrast. 


Results  and  Discussion 

Back-reflection  SWBXT  images  of  the  two 
wafers  are  shown  in  Figs.  1(a)  and  1(b). 
Prominent  features  in  both  images  include 
dark  lines  (D)  having  a  radial  distribution 
around  a  more  highly  contrasted  center 
region,  and  clusters  of  white  spots  that  have 
been  previously  determined  to  correspond  to 
micropipes  and  elementary  screw 
dislocations  [1].  In  Fig.  1(a),  the  dark  lines 
extend  from  the  center  of  the  wafer  along 
the  <112  0>  and  <1100  crystallographic 
directions,  whereas  in  Fig.  1(b)  the  lines 
have  a  more  even  radial  distribution  and  do 
not  necessarily  originate  at  the  center  of  the 
wafer.  In  Fig.  1(b)  there  are  also  two  partial 
rings  (R)  that  bisect  the  shorter  dark  line 
segments,  indicating  an  additional  type  of 
deformation  not  apparent  in  Fig.  1(a). 
HRXRD  was  utilized  to  determine  the  type 
of  misorientation  associated  with  the 
defects,  and  followed  by  KOH  etching  to 
confirm  the  types  of  dislocations  producing 
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Fig.  2  (a)  The  boundary  lined  up  along  [1 1  00]  in  the  box 
in  Figure  1(a).  (b)  HRXRD  rocking  curve  map  of 
corresponding  area  with  rocking  axis  parallel  to  the 
boundary  line,  and  (c)  perpendicular  to  the  boundary  line. 
The  maps  are  of  the  4H(0008)  omega  peak  positions. 
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contrast  in  the  images. 

Fig.  2  shows  the  corresponding  HRXRD  maps  for  a  segment  of  the  wafer  topograph  shown 
inside  the  box  in  Fig.  1(a).  The  HRXRD  maps  are  taken  from  a  series  of  rocking  curves  where  the 
omega  angle  is  recorded  at  the  maximum  intensity  for  an  individual  rocking  curve.  The  resulting 
map  shows  the  change  in  orientation  of  the  basal  planes  along  the  directions  perpendicular  to  the 


rocking  axis.  In  Fig.  1(b),  the  rocking  axis  is 
parallel  to  the  defect  line,  thus  being  sensitive  to 
the  tilt  component  across  the  boundary.  In  Fig. 
2(c),  the  rocking  axis  is  perpendicular  to  the 
boundary,  thus  being  sensitive  to  twist  along  the 
boundary.  The  boundaiy  is  clearly  visible  in  Fig. 
2(b)  but  not  in  Fig.  2(c),  indicating  that  the 
boundary  has  only  a  tilt  component  with  rotation 
axis  in  the  basal  plane.  Fig.  2(c)  shows  a  uniform 
bending  of  the  basal  planes  toward  the  outer  edge 
of  the  wafer  that  was  not  associated  with  this 
specific  defect,  but  present  over  much  of  the  wafer. 
The  misorientation  across  the  boundary  is  greatest 
near  the  center  of  the  wafer  at  a  value  of  540  arcsec 
and  decreases  to  near  zero  at  the  outer  edge  of  the 
wafer.  A  similar  defect  lying  along  the  [112  0]  (on 
the  right  side  of  Fig.  la)  was  also  shown  to  be  a  tilt 
boundary  by  HRXRD.  No  measurable  strains  were 
associated  with  these  boundaries.  The  wafer  was 
cleaved  across  the  boundary,  and  the  (1100) 
planes  of  the  wafer  cross-section  were  examined  to 
determine  the  second  component  of  tilt  that  might 
be  associated  with  the  boundary,  but 
misorientations  associated  with  other  defects  close 
by  masked  any  misorientation  that  may  be 
associated  with  the  boundary  under  examination. 
Two  common  types  of  dislocation  arrays  can 
produce  misorientations  that  affect  basal  plane 
reflections;  basal  plane  dislocations  stacked  above 
one  another,  or  threading  screw  dislocations.  Only 
basal  plane  dislocations  can  produce  the  pure  tilt 
boundary  shown  in  Fig.  2.  Etching  of  the  Si-face 
revealed  micropipes  and  threading  dislocations  in 
several  arrays  on  various  areas  of  the  wafer,  but  not 
above  the  known  locations  of  the  grain  boundaries, 

indicating  that  the  boundaries  are  likely  to  be 
composed  of  basal  plane  dislocations. 

Fig.  3  shows  the  same  sequence  of  images 
for  the  second  wafer.  As  can  be  seen  in  Fig.  3(a),  a 
region  not  containing  the  black  ring  on  the  left  side 


across  wafer  [mm] 


Fig.  3  (a)  The  boundaries  in  the  box  in  Figure  1(a). 
(b)  HRXRD  rocking  curve  map  of  corresponding 
area  with  rocking  axis  parallel  to  the  lines,  and  (c) 
perpendicular  to  the  lines.  Maps  are  of  the 
6H(00012)  rocking  curve  positions. 
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of  Fig.  1(b)  was  used  to  simplify  the  interpretation  of  the  contrast  associated  with  the  dark  lines. 
Figs.  3(b)  and  3(c)  show  that  there  is  more  than  one  component  of  misorientation  associated  with 
each  defect  line  even  without  the  presence  of  the  dark  ring.  One  reason  that  the  HRXRD  maps  do 
not  show  the  same  scale  of  detail  as  in  the  topograph  could  be  that  the  beam  footprint  is  larger  than 
the  distance  between  the  boundaries.  KOH  etching  of  the  second  wafer  revealed  etch  pits  that 
closely  matched  the  contrast  in  the  topograph.  These  etch  pits  could  be  associated  with  threading 
dislocations  adding  a  twist  component  to  the  misorientation.  It  is  important  to  note  that  the 
orientation  change  across  each  radial  boundary  line  in  a  circular  trace  around  the  wafer  alternates 
between  a  positive  and  negative  change  in  position,  giving  a  zigzag  shape  to  the  basal  planes  in  the 
line  of  the  trace.  The  range  of  misorientations  in  the  6H  wafer  is  approximately  500  arcsec,  as 
shown  in  Figs.  3(b)  and  3(c).  The  third  component  of  misorientation  (second  tilt)  was  not  measured. 

The  resulting  defect  arrays  for  the  topographs  shown  above  could  have  been  produced  by 
radial  buckling.  This  is  possible  considering  that  buckling  has  been  observed  in  SiC  at  moderate 
temperatures  [3].  It  is  also  possible  that  the  dark  lines  could  represent  the  effect  of  polygonization  of 
basal  plane  dislocations  [4].  Further  work  is  required  to  distinguish  between  these  two  plausible 
mechanisms. 

Conclusions 

The  3  inch  experimental  4H  and  6H  wafers  examined  have  large  scale  dark  line  contrasts  in  the 
SWBXT  images.  HRXRD  mapping  has  shown  that  these  lines  are  low  angle  grain  boundaries  with 
a  misorientation  of  approximately  500  arcsec,  having  a  either  a  pure  tilt  component  or  a  combination 
of  a  tilt  and  twist  components.  Etching  of  the  wafers  has  confirmed  that  basal  plane  dislocations 
make  up  the  tilt  boundaries  and  threading  dislocations  add  a  twist  component.  Based  on  the 
orientations  and  distributions  of  the  defect  arrays,  the  authors  postulate  that  radial  buckling  or  basal 
plane  dislocation  polygonization  could  produce  these  boundaries. 
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Abstract 

Transmission  electron  microscopy  (TEM),  high  resolution  x-ray  diffraction  (HRXRD),  and  KOH 
etching  have  been  used  to  study  the  dislocation  structure  of  4H  SiC  crystals  grown  by  physical 
vapor  transport  (PVT).  Many  of  the  observed  etch  pits  form  arrays  extending  along  the  <11 2  0> 
and  <Il00>  directions  on  (0001)  wafers.  Plan  view  conventional  and  high  resolution  TEM  show 
that  both  types  of  arrays  consist  of  pure  edge  dislocations  threading  along  the  c-axis  with  identical 
Burgers  vectors  of  the  at 3<1 1 2  0>  type._The  former  arrays  are  interpreted  as  slip  bands  formed  by 
dislocation  glide  in  the  slip  system  <112  0>{1 100}  of  hexagonal  SiC  during  post-growth  cooling. 
The  latter  arrays  constitute  low  angle  tilt  boundaries  with  tilt  axis  parallel  to  the  [0001]  direction. 
Evidence  is  presented  that  such  boundaries  can  form  by  polygonization  of  the  threading  edge 
dislocations  introduced  by  plastic  deformation. 

Introduction 

Two  critical  issues  in  the  development  of  substrates  for  SiC-based  electronics  are  increasing  the 
size  of  boules  and  reducing  the  structural  defect  density.  Of  particular  interest  are  extended  defects 
propagating  along  the  [0001]  growth  direction.  Such  threading  defects  are  known  to  penetrate 
active  device  layers  deposited  by  epitaxy  and  to  degrade  device  performance  [1,2]. 

In  previous  studies,  three  characteristic  etch  pit  types  were  observed  on  the  surfaces  of  [0001] 
grown  crystals  and  assigned  to  three  different  threading  defects,  i.e.  micropipes,  screw  dislocations, 
and  threading  edge  dislocations  [3,  4].  In  addition,  a  domain  structure  was  postulated  to  be  related 
to  the  distribution  of  these  threading  defects  [4-6]. 

Glass  et  al.  [5]  first  postulated  the  domain  structure  on  the  basis  of  HRXRD  data.  They  showed 
that  co  rocking  curves  of  either  symmetric  or  asymmetric  reflections  on  (0001)  SiC  wafers  exhibit 
multiple  peaks,  implying  that  parts  of  the  crystal  are  misoriented  with  respect  to  others.  They 
suggested  that  because  a  SiC  crystal  grows  by  the  spiral  mechanism  with  numerous  independent 
nuclei,  the  initial  misorientations  between  nuclei  are  accommodated  in  the  form  of  domain  walls 
when  the  nuclei  grow  and  coalesce.  This  interpretation  was  supported  by  Tuominen  et  al.  [6],  who 
showed  a  well  defined  domain  structure  on  a  KOH  etched  wafer.  Centers  of  domains  exhibit 
relatively  few  dislocation  etch  pits,  while  the  domain  walls  have  high  etch  pit  densities.  Further 
data  were  provided  by  Takahashi  et  al  [4].  They  concluded,  in  agreement  with  the  above  authors, 
that  domains  are  grown-in  type  with  most  of  the  defects  inherited  from  the  seed  or  originating  at  the 
seed-boule  interface.  The  misorientation  between  domains  was  determined  to  have  both  twist  and 
tilt  components. 

In  this  work,  we  identified  one  type  of  characteristic  threading  dislocation  array  and  determined 
its  relation  with  the  domain  structure.  Based  on  these  observations,  we  propose  a  new  formation 
mechanism  for  the  dislocations  and  the  domain  structure. 
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Experimental  Procedures 

The  crystals  were  grown  by  Cree  Research,  Inc.  (Durham,  NC)  as  a  part  of  the  development 
program  on  High  Temperature  Electronics,  supported  by  the  Defense  Advanced  Research  Project 
Agency.  Two  inch  diameter  wafers  were  undoped  or  n-doped  (~1018  cm"3)  and  oriented  along 
(0001)  to  within  0.5°.  KOH  etching  was  applied  at  500°C  or  510°C  for  10  minutes  on  Si(0001) 
faces  of  the  wafers.  The  etch  pits  were  observed  using  Nomarski-contrast  optical  microscopy.  Laue 
x-ray  diffraction  was  employed  to  determine  the  orientation  of  etch  pit  arrays.  The  TEM 
observations  were  carried  out  on  a  Philips  EM420-TEM  and  on  a  JEOL  4000  EX-TEM,  operated  at 
120  and  400  kV,  respectively.  HRXRD  was  conducted  using  Cu  Kcti  radiation  on  a  Philips  MRD 
diffractometer,  equipped  with  a  four  bounce  monochromator  and  a  two  bounce  analyzer  crystal 
employing  Ge  (220)  reflection.  The  angular  resolution  was  better  than  0.004°  (~14"). 

Results  and  Discussion 

Two  kinds  of  linear  arrays  of  small  dislocation  etch  pits  were  observed.  One  type  was  oriented 
along  the  <1 1 2  0>  directions  and  the  other  was  along  the  <  1 100>  directions.  The  <1 1 2  0>  oriented 
etch  pit  arrays  usually  formed  bands  approximately  30-200  pm  wide,  and  appeared  along  the 
periphery  of  the  boules.  An  example  of  such  structure  is  shown  in  Fig.  1.  The  wafer  edge  is  visible 
in  the  lower  right  comer  and  a  part  of  a  polytypic  inclusion  or  a  misoriented  grain  is  shown  in  the 
lower  center.  Two  parallel  bands  of  small  etch  pits  extend  vertically.  The  wider  of  the  two  is 
marked  with  an  arrow.  Their  extended  lengths  were  about  4  and  10  mm.  It  is  also  noticeable  that 
there  are  several  additional  poorly  defined  bands  rotated  60°  away  from  the  two  prominent  bands. 
The  etch  pit  densities  of  the  bands  were  in  the  range  of  0.5-2. 2  xlO6  cm'2. 

The  second  type,  the  <1 100>  oriented  etch  pit  arrays  form  definite  single  lines  (Fig.  2),  and 
spread  over  the  center  region  almost  uniformly  up  to  3/4  of  the  radius  of  a  typical  two  inch  wafer. 
A  few  large  etch  pits  due  to  micropipes  could  also  be  seen  and  are  marked  M.  The  lines  marked  S 
are  due  to  scratches.  All  three  equivalent  <11 00>  array  directions  were  observed.  The  linear  etch 
pit  densities  along  the  arrays  were  on  the  order  of  104  cm'1,  while  the  areal  etch  pit  densities  away 
from  these  arrays  were  on  the  order  of  104  cm'2.  The  corresponding  average  distances  between 
neighboring  dislocations  are  on  the  order  of  1  pm  and  100  pm,  respectively. 

Closer  inspection  of  the  small  etch  pits  in  Fig.  1  and  2  at  high  magnification  revealed  that  they 
appear  conical  in  shape  with  a  pointed  bottom  and  circular  outline  on  the  wafer  surface.  Such  shape 
implies  that  the  etch  pits  are  due  to  threading  dislocations  extending  approximately  normal  to  the 
(0001)  wafer  surface.  Subsequently,  we  applied  conventional  and  high  resolution  TEM  to 
determine  the  character  of  the  dislocations  in  both  types  of  arrays  [7,  8].  Fig.  3  is  a  plan  view  high 


Fig.  1  Optical  micrograph  of  the  <1 1 2  0>  etch  Fig.  2  Optical  micrograph  of  the  <  1 100>  etch 

pit  bands  on  Si(0001)  face  of  a  4H  SiC  wafer  pit  arrays  on  Si(0001)  face  of  a  4H  SiC  wafer 
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resolution  lattice  image  around  one  of  the  threading  dislocations.  The  image  was  taken  by  choosing 
the  c-axis  as  the  zone  axis.  The  dislocation  is  of  the  pure  edge  type  and  threading  along  the  c-axis 
without  tilt.  Its  core  is  at  the  intersection  of  the  two  extra  half  planes  marked  with  two  rows  of  dots. 
The  corresponding  Burgers  vector  is  of  the  a! 3<11 2  0>  type  with  a  direction  marked  by  an  arrow. 
The  Burgers  vectors  were  identical  for  all  dislocations  in  an  array,  and  determined  to  be  parallel  to 
the  array  direction  for  the  <1 1 2  0>  arrays  and  perpendicular  for  the  <1 100>  arrays. 

The  fact  that  the  pure  edge  dislocations  are  aligned  in  an  array  parallel  to  the  Burgers  vectors 
suggests  that  the  <1 1 2  0>  arrays  were  formed  by  dislocation  glide  in  the  corresponding  slip  system 
<1 1 2  0>{  1 100}.  The  same  slip  system  in  6H  SiC  crystals  has  been  observed  by  Maeda  et  al  [9]  to 
be  activated  at  room  temperature  by  an  indentation  hardness  test.  Hence,  the  slip  is  expected  to 
occur  in  the  high  temperature  conditions  of  PVT  growth,  at  lower  stresses  than  are  encountered  in 
the  indentation  test.  As  illustrated  in  Fig.  1,  the  apparent  origin  of  most  slip  bands  is  a  misoriented 
grain  or  a  polytypic  inclusion  at  the  periphery  of  the  wafers.  Such  grains  are  frequently  observed  to 
nucleate  on  the  growth  crucible  walls.  It  is  plausible  to  assume  that  the  crystal  growing  around  the 
misoriented  grains  is  stress  free  at  the  growth  temperature.  During  post-growth  cooling,  the  thermal 
expansion  anisotropy  between  the  matrix  boule  and  the  misoriented  grains  leads  to  stress  build-up  at 
the  interface  as  well  as  inside  the  grains  and  the  boule.  Similarly,  any  polytypic  inclusions  would 
result  in  stresses  due  to  differences  in  thermal  expansion.  As  the  temperature  decreases,  the  stress 
will  increase  until  it  exceeds  the  critical  resolved  shear  stress  and  causes  the  dislocation  glide  in  the 
corresponding  slip  system. 

The  <1 100>  arrays  of  dislocations  which  have  identical  Burgers  vectors  perpendicular  to  the 
array  direction  can  be  viewed  as  low  angle  grain  boundaries.  The  average  distances  between 
neighboring  dislocations  estimated  by  TEM  were  0.3-1  pm.  These  correspond  to  misorientation 
values  of  60-200  arcsec  across  the  arrays,  assuming  all  the  dislocations  are  of  same  type.  The 
expected  type  of  misorientation  is  pure  tilt  with  a  rotation  axis  parallel  to  the  c-axis  contained  in  the 
boundary  plane.  The  type  and  magnitude  of  misorientation  have  been  verified  by  HRXRD 
experiments  [8].  The  rotation  component  around  the  c-axis  across  an  array  was  about  140  arcsec, 
while  the  other  two  components  corresponding  to  the  misorientation  of  the  basal  plane  were  below 
10  arcsec.  The  arrays  frequently  formed  hexagonal  or  triangular  patterns  on  the  wafer  surface  as 
shown  in  Fig.  2,  which  is  reminiscent  of  the  domain  wall  pattern  reported  by  Tuominen  et  al.  [6],  In 
this  case,  the  domain  walls  are  made  of  pure  edge  threading  dislocations  with  Burgers  vectors  of  the 
«/3<l  1 2  0>  type.  It  is  worth  noting  that  this  kind  of  domain  structure  cannot  result  in 
misorientations  that  can  be  detected  in  (OOOn)  rocking  curves.  On  the  other  hand,  many  authors 


Fig.  3  C-axis  plan  view  lattice  image  around  a  Fig.  4  Optical  micrograph  of  the  detail  of  two 
threading  dislocation  in  the  array  of  Fig.  1  slip  bands  showing  partial  polygonization 
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reported  multiple  peaks  present  in  such  reflections.  This  implies  that,  in  addition  to  the  domain 
structure  described  above,  there  is  a  different  type  of  boundary  with  different  structure  and  probably 
different  origin. 

The  remaining  question  is  the  formation  mechanism  of  the  domain  structure.  Presented  above  is 
evidence  of  the  activation  of  the  secondary  slip  system  in  the  PVT  growth  of  SiC  crystals.  In  some 
cases,  slip  bands  almost  reached  the  center  of  crystals.  Hence,  these  are  major  sources  of  the 
threading  dislocations.  In  Fig.  4,  two  slip  bands  marked  with  arrows  extend  vertically.  It  is  clear 
that  etch  pits  in  the  bands  form  fine  structure  consisting  of  many  small  fragments  aligned  in  the 
direction  perpendicular  to  that  of  the  bands.  Since  the  Burgers  vectors  of  the  dislocations  within  a 
slip  band  are  identical  and  parallel  to  the  slip  direction,  they  must  be  perpendicular  to  the  fragment 
direction.  It  is  plausible  to  suggest  that  the  fine  structure  formation  occurred  in  order  to  lower  the 
energy  of  the  system.  It  is  well  known  that  the  low  energy  configuration  for  an  array  of  edge 
dislocations  corresponds  to  that  in  which  Burgers  vectors  are  perpendicular  to  the  array  direction. 
The  alignment  process  is  referred  to  as  polygonization.  Fig.  4  shows  an  initial  stage  of 
polygonization  of  the  threading  edge  dislocations  in  the  slip  bands.  It  is  surmised  to  occur  either 
during  post-growth  cooling  or  during  post-growth  high  temperature  annealing.  It  is  easy  to 
visualize  that  if  this  wafer  was  subsequently  used  as  a  seed  in  the  PVT  growth  process,  the  high 
growth  temperature  and  long  time  would  allow  the  polygonization  to  complete.  Through  glide 
and/or  climb,  dislocations  introduced  by  slip  could  align  themselves  into  the  pattern  shown  in  Fig. 
2.  Thus,  we  propose  that  the  domain  structure  of  tilt  boundaries  could  be  the  consequence  of  plastic 
deformation  of  the  already  solidified  crystal  followed  by  dislocation  polygonization. 

Summary 

Threading  dislocations  forming  etch  pit  arrays  along  the  <1100>  and  <112  0  directions  on 
Si(OOOl)  faces  of  [0001]  grown  crystals  were  studied.  Conventional  and  high  resolution  TEM  have 
identified  pure  edge  dislocations  lying  along  the  c-axis  with  Burgers  vectors  of  the  a! 3<1 1  2  0>  type. 
Based  on  relation  between  the  Burgers  vectors  and  the  array  direction,  the  <1 1 2  0>  arrays  are 
interpreted  as  resulting  from  dislocation  glide  in  the  slip  system  <1 1 2  0>{  1 100}  during  post-growth 
cooling.  The  <1 100>  arrays  were  interpreted  as  being  formed  by  polygonization  of  the  threading 
edge  dislocations  introduced  by  the  slip. 
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Abstract 

Silicon  carbide  has  been  etched  using  a  combination  of  high-dose  ion  implantation  and  wet 
chemical  etching.  Structural  properties  with  respect  to  the  remaining  damage  after  etching  have 
been  studied  using  atomic  force  microscopy,  Rutherford  backscattering  /  channeling,  and  Raman 
spectroscopy.  No  significant  deterioration  of  the  crystal  quality  has  been  found  after  the  etching 
process.  Moreover,  the  as-etched  surface  is  characterized  by  a  lower  roughness  compared  to  virgin 
material.  The  results  demonstrate  that  this  etching  method  can  be  used  for  the  fabrication  of 
contacts  on  silicon  carbide  surfaces. 

Introduction 

Silicon  carbide  (SiC)  is  a  superior  semiconductor  for  high  frequency,  high  temperature,  and 
high  power  device  applications.  The  fabrication  of  devices  requires  patterning  of  the  material. 
Patterning  of  SiC  by  wet  chemical  etching  however,  is  difficult  because  most  of  the  common 
laboratory  etchants  do  not  attack  the  crystal.  Therefore,  plasma  etching  techniques  including 
reactive  ion  etching  are  commonly  used  to  pattern  SiC.  On  the  other  hand,  the  etched  surface  has 
been  reported  to  be  carbon  rich  and  too  rough  for  device  fabrication  [1,2].  Further,  these  dry  etching 
processes  leave  behind  a  damaged  surface  due  to  the  bombardment  of  energetic  ions  [3,4]. 
Alternatively,  SiC  can  be  easily  patterned  using  a  combination  of  ion  implantation  and  wet 
chemical  etching  [1,5,6].  The  implantation  process  is  necessary  to  amorphize  the  material  to  be 
etched  because  only  amorphous  SiC  is  attacked  by  HF:HN03  solutions.  Etching  rates  in  the  order  of 
100  nm/min  were  obtained  [5].  Although  the  SiC  crystal  etched  in  this  way  was  found  to  be  suitable 
for  the  fabrication  of  Schottky  contacts  and  passivation  layers  [2],  comprehensive  studies  with 
respect  to  the  remaining  damage  after  the  etching  process  have  not  yet  been  reported.  Therefore, 
structural  properties  of  the  SiC  surface  etched  by  using  this  method  are  investigated  in  this  work. 

Experiment 

6H-SiC  ([0001]  orientation,  n-type,  off-axis,  Si  face)  from  Cree  Research  [7]  was  used  as 
starting  material.  A  thin  amorphous  surface  layer  was  produced  by  200  keV  Xe+  implantation  using 
an  ion  dose  of  lxlO16  cm'2.  Samples  were  maintained  at  room  temperature  (RT),  and  were  tilted  7° 
with  respect  to  the  ion  beam  to  minimize  channeling  effects  during  implantation.  The  amorphous 
layer  was  then  etched  for  10  min  using  a  boiling  1:1  mixture  of  HF:HN03  followed  by  an  ultrasonic 
cleaning  step  in  de-ionized  water.  For  a  comparative  study,  some  samples  were  annealed  in  flowing 
argon  (Ar)  or  nitrogen  (N2)  gas  at  1 100  °C  for  5  min  using  a  rapid  thermal  annealing  (RTA)  system. 
Finally,  contacts  were  prepared  on  all  samples  by  titanium  (Ti)  deposition  (300  nm)  followed  by  a 
RTA  cycle  at  1100  °C  for  5  min  in  flowing  Ar  gas.  Structural  analysis  was  performed  applying 
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atomic  force  microscopy  (AFM),  Rutherford  backscattering  spectrometry  /  channeling  (RBS/C), 
Raman  spectroscopy,  and  step  height  measurements. 

Results 

For  the  nuclear  energy  deposition  of  200  keV  Xe+  ions  at  the  surface,  about  600  eV/ion/nm  was 
calculated  using  the  TRIM  code  (SRIM-98,  full  cascade,  displacement  energy:  25  eV)  [8].  Further, 
40  nm  was  obtained  for  the  depth  which  is  correlated  with  the  maximum  of  the  damage  distribu¬ 
tion.  Considering  the  critical  energy  density  for  amorphization  of  the  near  SiC  surface  region  at  RT 
(6xl024  eV/cm3)  [9]  an  ion  dose  of  lxlO15  cm*2  would  be  sufficient  to  amorphize  the  crystal  up  to 
the  surface.  However,  due  to  the  tail  of  the  nuclear  damage  distribution  a  highly  defective 
crystalline  layer  would  remain  after  etching  the  amorphous  surface  layer.  In  particular,  a 
displacement  rate  of  about  1  dpa  near  the  amorphous/crystalline  (a/c)  interface  can  be  estimated 
using  the  ion  dose  and  energy  deposition  as  stated  above.  Hence,  a  much  higher  dose  (lxlO16  cm2) 
was  used  to  reduce  defect  density  and  thickness  of  the  underlying  damaged  layer.  The  height  of  the 
step  separating  the  as-etched  region  from  the  virgin  unimplanted  one  was  found  to  be  150  nm  using 
a  surface  profilometer.  Though  TRIM  is  not  very  precise  in  predicting  the  number  of  the  produced 
vacancies  in  the  far  tail  region,  the  energy  deposition  at  150  nm  below  the  surface  can  be  estimated 
to  be  less  than  0.5  %  compared  to  the  surface  energy  deposition. 

An  AFM  image  of  the  as-etched  surface  is  shown  in  Fig.  1.  Using  a  scan  over  a  5  pm  x  5  pm  area,  a 
root-mean-square  (rms)  surface  roughness  of  0.9  nm  was  determined  which  is  lower  in  comparison 
to  virgin  material  (1.7  nm).  An  analysis  of  the  AFM  data  has  shown  that  reduced  heights  of  needle¬ 
like  asperities  and  reduced  depths  of  scratches  arising  from  the  polishing  process  mostly  contribute 
to  the  lower  roughness.  However,  both  asperities  and  scratches  did  not  disappear  after  etching.  This 
means  that  the  ion-beam-induced  amorphization  process  follows  the  surface  morphology. 


Fig.  1.  AFM  image  of  the  as-etched  SiC  surface. 

It  can  be  speculated  that  preferential  sputtering  of  surface  inhomogeneities  reduces  the  scattering  of 
the  nuclear  energy  deposition  at  the  a/c  interface  resulting  in  a  lower  roughness  as  observed. 
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Annealing  of  as-etched  samples  in  Ar  and  N2  atmosphere,  respectively,  caused  an  increase  in 
surface  roughness.  For  example,  a  rms  roughness  of  1.3  nm  has  been  found  after  annealing  in  Ar 
atmosphere  at  1100  °C.  An  AFM  image  of  this  sample  is  shown  in  Fig.  2.  In  addition,  the 
morphology  has  been  changed.  Oxygen  volatilization  and  carbon  segregation  are  suggested  to  be 
responsible  for  this  behaviour.  It  is  well  known  that  the  SiC  surface  deteriorates  at  1 100  °C  due  to 
silicon  sublimation  leading  to  carbon  enrichment  and  surface  graphitization  [10]. 
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To  evaluate  the  crystal  quality  after  etching  and  annealing,  respectively,  1  MeV  4He+  RBS/C  mea¬ 
surements  along  the  [0001]  axis  were  performed.  A  scattering  angle  of  105°  was  used  in  order  to 
improve  the  depth  resolution.  Careful  alignment  of  the  sample  with  respect  to  the  ion  beam  as  well 
as  measurements  on  several  samples  revealed  no  significant  differences  in  the  scattering  yield  in  the 
aligned  spectra  obtained  from  as-etched,  as-etched  +  annealed,  and  virgin  samples,  respectively, 
within  the  limits  of  this  technique  (see  Fig.  3).  It  should  be  mentioned  however,  that  in  case  of  the 
as-etched  sample  the  minimum  yield  just  behind  the  surface  peak  is  slightly  increased  indicating  a 
thin  weakly  disordered  surface  layer. 

These  findings  were  corroborated  by  Raman  spectroscopy  results  obtained  using  a  confocal 
microscope  system.  In  particular,  neither  a  broadening  nor  a  shift  of  the  first-order  vibrational 
modes  in  comparison  to  virgin  material  was  detected.  Additionally,  no  significant  changes  in  the 
scattering  intensity  of  these  modes  were  found  within  the  accuracy  of  these  measurements  (+10  %). 
Finally,  all  Ti  contacts  displayed  ohmic  behaviour.  In  addition,  the  resistance  of  the  as-etched 
sample  (no  RTA  step  before  metal  deposition)  was  found  to  be  lower  by  a  factor  of  2  compared  to 
samples  that  were  annealed  before  metal  deposition.  Crystalline  disorder  in  the  near  surface  region 
can  reduce  the  contact  resistance  [11].  Thus,  the  weakly  disordered  surface  layer  as  detected  by 
RBS/C  is  believed  to  be  responsible  for  the  lower  resistance  measured. 

Conclusions 

Structural  properties  of  6H-SiC  etched  by  using  a  combination  of  high-dose  ion  implantation 
and  wet  chemical  etching  were  investigated  by  AFM,  RBS/C,  and  Raman  spectroscopy.  No 
significant  deterioration  of  the  crystal  quality  was  found  after  etching.  Moreover,  it  was  shown  that 
surfaces  with  a  lower  roughness  compared  to  virgin  material  can  be  obtained.  The  results 
demonstrate  that  this  etching  method  can  be  used  for  the  fabrication  of  contacts  on  SiC  surfaces. 
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Abstract.  By  cross  sectional  observation  of  6H-SiC  basal  plain,  we  found  two  kinds  of  planar 
defects.  One  looks  like  a  triangular,  another  looks  like  thin  rectangular  with  long  edge  parallel  to 
interface.  These  defects  are  related  to  edge  dislocations.  Micropipes  induce  the  planar  defects  and 
the  screw  dislocations  change  into  edge  dislocation.  Consequently,  micropipe  disappears  or 
becomes  small.  In  the  high  N-doped  layer,  a  mixed  polytype  layer  (6H,  4H  and  15R)  was  observed. 

1.  Introduction 

SiC-based  device  technology  has  made  remarkable  progress  in  recent  years.  But  still  the 
wafer  quality  is  one  of  the  most  important  problems,  especially  the  existence  of  some  defects. 
Sublimation  is  the  general  method  of  making  SiC  bulk  crystals.  But  it  is  difficult  to  remove  defects 
and  to  control  the  polytype  by  this  method.  The  most  important  problem  is  the  micropipe  formation 
mechanism  which  influence  device  operational].  There  have  been  some  reports  about  the 
formation  of  micropipes.  For  example,  high  axial  and  radial  temperature  gradients[2]  and  the 
silicon/carbon  ratio  of  chemical  species  in  the  crucible[3]  were  reported  as  the  reason  for  the 
formation  of  micropipe.  But  these  do  not  fully  explain  the  formation  of  micropipe.  So  it  is 
important  to  trace  the  defect  formation  and,  at  the  same  time,  try  to  eliminate  these  defects. 

2.  Experimental  procedure 

Sample  A  is  a  6H-SiC  crystal  grown  by  sublimation  method  on  c-face  substrate.  Abrasive 
SiC  powder  was  used  as  the  source  material.  The  growth  conditions  were  P  =  5-10  Torr,  Tb  =  2250- 
2350°C,  where  P  was  the  growth  pressure  and  Tb  was  the  growth  temperature  of  the  bottom  of 
graphite  crucible  which  was  measured  by  an  optical  two-color  pyrometer.  An  RF-generator  was 
used  for  induction  heating.  The  diameter  of  sample  was  about  2  inches. 

3.  Result  and  Discussion 

Figure.  1  is  the  optical  microscope  image  of  the  cross  section  of  sample  A.  Sample  A  was 
grown  in  two  stages  by  recharging  the  source  material.  A  high  N-doped  layer  was  observed  at  the 
interface  of  1st  and  2nd  growth  layer.  Some  places  marked  show  X  where  the  micropipe  density 
decreased  around  the  interface.  But  at  other  places(Y),  the  micropipe  density  did  not  decrease  very 
much.  Images  of  these  two  places  are  compared  in  fig.  1 .  Two  kinds  of  planar  defects  were  observed 
in  sample  A.  One  looks  like  a  flat  defect.  Another  looks  like  a  triangle  defect.  We  called  them  "flat 
defect"  and  "arrow  defect",  respectively.  At  position  X  of  fig.l,  the  "flat  defects"(fig.l  A)  were 
observed  in  large  numbers.  However  at  position  Y,  the  "flat  defect"  was  not  observed  as  often, 
though  there  were  a  lot  of  "arrow  defect"(fig.  1  B).  Takanaka  et.  al  reported  that  micropipes  were 
annihilated  by  planar  defects[4].  In  this  case,  it  was  observed  that  the  micropipes  annihilated  upon 
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meeting  ’’flat  defects".  A  number  of  micropipes  meeting  the  "flat  defect"  have  angles  between  c- 
axis  and  its  perpendicular,  around  the  "flat  defect".  But  it  did  not  always  annihilate  upon  meeting 
"arrow  defect".  A  number  of  micropipes  which  met  an  "arrow  defect"  decreased  in  size,  but  were 
not  annihilated. 


Flat 

defect 


Fig.l  The  optical  microscope  image  of  the  cross  section  of  grown  layer  (sample  A) 

Details  of  these  planar  defects  were  further  studied.  Figure  2  shows  the  relationship  between 
the  size  of  micropipes  and  planar  defects.  The  sizes  of  micropipes  meeting  planar  defects  were 
between  10  and  40  ju  m.  When  the  micropipe  was  under  10/i  m  in  diameter,  it  was  not  affected  by 
the  planar  defect.  When  the  width  of  planar  defect  was  over  200  fJi  m,  it  became  a  "flat  defect"  and 
when  it  was  under  200  fi  m,  it  became  an  "arrow  defect".  Additionally,  there  is  no  direct  relationship 
between  the  micropipe  diameter  and  the  size  of  the  planar  defects. 

Figure  3  shows  the  schematic  of  a  possible  defect  formation  mechanism.  Micropipes  are 
defects  related  to  screw  dislocations  whose  line  directions  are  parallel  to  the  c-axis.  Planar  defects 
are  mainly  of  two  types.  One  is  a  "stacking  fault".  The  other  is  an  anti-site  defect  (Si-site  and  C-site). 
On  basal  plain,  the  simplest  planar  defects  are  "stacking  fault" [5].  Pirouz  [5]  and  Heindl  et  al.[6] 
reported  that  planar  defects  and  micropipes  contain  a  mixed  Burgers  vector  with  a  c-screw 
component  and  a  basal  plane  vector  edge  component.  And  Takahashi  et  al.  suggested  that  the  strains 
parallel  to  the  seed  surface  bring  about  edge  dislocations,  while  the  ones  perpendicular  to  the 
surface  are  relaxed  by  screw  dislocations  and  micropipes  for  <000 1  >  growth[7].  Therefore,  we 
suppose  that  the  screw  dislocation  line  becomes  perpendicular  to  the  c-line  and  that  the  planar 
defect  is  related  to  edge  dislocations.  And  on  the  c-face,  there  are  a  number  of  subgrain  boundaries. 
These  subgrain  boundaries  are  made  of  many  plural  edge  dislocations  and  a  number  of  etch  pits  lie 
on  these  boundaries  [8],  Moreover,  the  screw  dislocation  energy,  Es  ,and  edge  dislocation  energy, 
Ee  ,are  given  by 

Es  =  1Gb2  (1) 

2 

Ees!Gb_  (2) 

1-  V 

where  G  is  ratio  of  stiffness,  b  is  the  magnitude  of  Burgers  vector,  l  is  the  length  of  dislocation  and 
v  is  the  Poisson's  ratio.  From  these  two  equations,  it  can  be  seen  that  Ee  is  larger  than  Es. 
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Micropipes  have  screw  dislocations  with  Burgers  vector  b  ranging  from  2c  to  7c  at  6H-SiC 
(c=1.512nm)  [9].  Therefore,  planar  defects  have  very  large  distortion  energy.  So  these  become  large 
enough  to  be  visible  without  chemical  etching  of  edge  dislocations. 

In  fig.l,  "flat  defects"  exist  in  the  high  N-doped  layer.  Okamoto  et.al  reported  that  doping 
amounts  of  nitrogen  did  not  directly  affect  the  micropipe  density,  but  nitrogen  incorporation  might 
cause  the  generation  of  subgrain  boundaries.  Moreover,  due  to  nitrogen  incorporation,  the  screw 
dislocation  cross-slips  and  becomes  parallel  to  the  c-face  i.e.  edge  dislocation.  We  think  that 
nitrogen  incorporation  cause  "flat  defects"  and  it  suggests  the  possibility  of  decreasing  micropipes. 
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Fig.2  Relation  of  size  of  micropipe  and  planar  defect 


Fig. 3  Schematic  of  defect  formation 


Figure  4  shows  the  cross  section  of  an  area  around  the  interface  of  sample  A.  In  the  low  N- 
doped  layer,  only  one  polytype  was  grown  (6H-SiC).  But,  in  the  high  N-doped  layer,  other 
polytypes,  like  4H-  and  15R-SiC,  were  observed  by  Raman  spectroscopy  and  fluorescence  optical 
microscopy.  There  is  a  possibility  of  changing  the  polytype  by  doping  with  nitrogen. 


Fig. 4  Some  polytypes  in  high  N-doped  layer  of  sample  A 


4.  Conclusion 


488 


Silicon  Carbide  and  Related  Materials  - 1999 


SiC  crystals  grown  in  c-axis  direction  have  two  kinds  of  planar  defects.  Large  size  planar 
defects  is  with  an  over  width  of  200  ju  m  are  called  "flat  defects"  and  small  size  defects  are  called 
"arrow  defects".  These  defects  are  related  to  edge  dislocations.  When  the  micropipe  induces  a  "flat 
defect",  screw  dislocation  changes  to  edge  dislocation  and  the  micropipe  is  annihilated.  "Flat 
defects"  are  observed  in  high  N-doped  layer.  So  it  is  possible  to  decrease  micropipe  density  by 
nitrogen  incorporation. 

Other  polytypes  (4H  and  15R)  were  also  observed  in  the  high  N-doped  layer  of  6H-SiC 
crystal.  This  suggests  that  polytype  might  change  easily  by  doping  with  nitrogen. 
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Abstract:  We  show  the  first  direct  experimental  correlation  between  the  presence  of  closed  core 
screw  dislocations  in  6H-SiC  epilayers  with  recombination  centers,  as  well  as  with  some  of  the 
small  growth  pits  on  the  epilayer  surface  in  lightly-doped  6H-SiC  Schottky  diodes.  At  every 
SWBXT-identified  closed  core  screw  dislocation,  an  EBIC  image  showed  a  dark  spot  indicating  a 
recombination  center,  and  Nomarski  optical  microscope  and  Atomic  Force  Microscope  (AFM) 
images  showed  a  corresponding  small  growth  pit  with  a  sharp  apex  on  the  surface  of  the  epilayer. 

Introduction:  The  ability  to  readily  identify  the  electrical  properties  of  an  extended  crystal  defect 
in  a  semiconductor  is  paramount  in  determining  whether  the  defect  influences  the  performance  of 
various  devices.  Electron-beam-induced  current  (EBIC)  measurement  using  the  planar  mapping 
technique  enables  quantitative  analysis  and  spatial  visualization  of  recombination  centers  that 
reduce  the  diffusion  length  of  minority  carriers  in  6H-SiC  Schottky  diodes  [1,2,3].  Such  a 
procedure  coupled  with  synchrotron  white-beam  x-ray  topography  (SWBXT),  through  which  closed 
core  screw  dislocations  may  be  identified  by  their  stress  signature  in  the  crystal  lattice  [4],  gives 
insight  into  the  effects  of  these  defects  on  the  minority  carrier  diffusion  length.  The  SWBXT  image 
may  also  be  correlated  to  the  as-grown  homoepilayer  surface  by  comparison  with  Nomarski  optical 
microscopy  and  atomic  force  microscopy  (AFM)  images. 

Experimental  Procedure:  Following  the  growth  of  a  3.5  |xm  thick  1.2  x  10  cm  n-type 
homoepilayer  on  a  3.5  °  off-axis  commercial  6H-SiC  substrate  [5]  by  CVD  [6],  we  generated  a  map 
of  closed  core  screw  dislocations  using  SWBXT  [4].  The  wafer  backside  was  polished  prior  to 
SWBXT  to  ensure  sufficient  X-ray  image  quality  that  individual  closed  core  screw  dislocations 
were  clearly  resolvable  throughout  the  entire  sample.  Following  deposition  and  annealing  of  a 
backside  Ni  ohmic  contact  (-925  °C,  5  minutes  in  argon  ambient),  thin  gold  Schottky  contacts 
(approx.  400  A  thick)  of  up  to  0.86  mm  x  0.86  mm  in  area  were  then  patterned  on  the  epilayer 
surface  using  E-beam  evaporation  and  lift-off  photolithography.  High  magnification  (400X) 
Nomarski  optical  images  of  the  surface  features  of  individual  dies  were  made.  With  the  assistance 
of  AFM  analysis,  the  observed  features  evident  on  the  Au  Schottky  contacts  were  categorized  as 
either  particulates  on  the  top  surface  of  the  Schottky  metal  due  to  sample  handling,  or  growth  pits  in 
the  as-grown  epilayer  observable  through  the  thin  metallization. 

EBIC  images  were  generated  by  raster-scanning  the  25  keV  electron-beam  across  the  entirety  of 
the  die  while  measuring  the  collected  current  as  a  function  of  position.  Lighter  shades  correspond 
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to  higher  collected  currents  indicating  longer  minority  carrier  lifetime,  while  areas  of  enhanced 
minority  carrier  recombination  (i.e.,  lower  carrier  lifetime  and  lower  collected  currents)  are  imaged 
as  dark  spots  [1].  Because  raw  images  collected  by  SWBXT  and  EBIC  were  somewhat  distorted, 
computer  image  processing  was  needed  to  restore  raw  images  to  the  proper  aspect  ratio 
corresponding  to  the  proper  aspect  ratio  of  the  original  sample.  All  images  were  digitally  scanned 
into  a  computer  so  that  the  images  could  be  undistorted,  scaled,  and  digitally  overlaid  as  separate 
image  layers  using  the  four  comers  of  the  7.5  mm  x  6  mm  rectangular  sample  as  common  reference 
coordinates.  The  computer  contrast  enhancement  of  images  and  creation  of  partially  transparent 
derived  layers  expedited  correlation  of  data  from  all  three  measurements. 

Results:  The  figures  below  illustrate  the  same  device  region  showing  part  of  a  0.86  mm  x  0.86  mm 
Schottky  diode  recorded  by  SWBXT  (Figure  1),  EBIC  (Figure  2),  and  optical  microscope  (Figure 
3,  with  AFM  inset  of  a  small  growth  pit).  All  the  closed  core  screw  dislocations  revealed  in  Figure 
1  are  clearly  reflected  by  correspondingly  located  dark  spots  in  the  EBIC  image  of  Figure  2.  It  is 
readily  apparent,  however,  that  there  are  additional  dark  spots  in  the  EBIC  image  for  which  no 
screw  dislocation  is  present.  While  less  obvious  in  Figure  3  due  to  their  very  small  size,  small 
growth  pits  typical  of  the  AFM  inset  were  also  identified  at  every  screw  dislocation.  However,  not 
all  EBIC-revealed  recombination  centers  and  not  all  small  growth  pits  are  associated  with  screw 
dislocations.  The  small  growth  pits  correlated  with  screw  dislocations  appear  similar  in  size  and 
shape,  while  those  that  are  not  associated  with  screw  dislocation  sometimes  have  different  shapes. 
Some  EBIC  dark  spots  and  some  epilayer  small  growth  pits  appear  completely  independent  in  that 
they  show  up  in  none  of  the  other  images  (such  as  RC-1  in  Figure  2  and  GP-1  in  Figure  3).  Most, 
but  not  all,  growth  pits  unassociated  with  screw  dislocations  did  not  yield  strong  EBIC  signatures. 
Table  1  shows  the  defect  statistics  recorded  at  six  locations  consisting  of  four  different  860  jim  x 
860  pm  diodes  plus  two  similar-sized  areas  consisting  of  many  smaller  patterned  Schottky  contacts. 

Screw  dislocations  significantly  reduce  the  effective  diffusion  length  of  carriers  in  the  sample. 
Figure  4  shows  the  diffusion  length  as  a  function  of  position  across  screw  dislocation  SD-1  shown 
in  Figure  2.  The  diffusion  length  is  calculated  on  the  order  of  3.4  pm  far  from  the  defect,  but  drops 
around  30%  to  as  low  as  2.4  pm  near  the  center  of  the  defect.  This  behavior  is  typical  of  the  screw 
dislocations  measured  in  this  6H-SiC  sample. 

Figure  5  shows  the  AFM  sectional  data  plot  taken  through  the  middle  of  the  small  growth  pit 
associated  with  SD-1,  as  illustrated  by  the  white  line  in  the  middle  of  the  AFM  inset  of  Figure  3. 
One  end  of  the  metal-covered  small  growth  pit  consists  of  a  sharp  apex  of  at  least  18  nm  in  depth. 
This  data  is  typical  of  all  the  small  growth  pits  associated  with  screw  dislocations  measured  by 
AFM  on  this  sample.  Such  sharp  interface  features  could  conceivably  enhance  carrier 
emission/leakage  from  the  semiconductor  impacting  SiC  Schottky  diode  I-V  properties  as  well  as 
MOS  insulator  reliability.  Once  very  small  area  devices  have  been  fabricated  (i.e.,  small  enough 
that  some  are  free  of  certain  defects),  a  comprehensive  study  of  Schottky  I-V  properties  as  a 
function  of  imaged  defects  is  planned.  If  successful,  such  a  study  might  be  able  to  conclusively  link 
specific  kinds  of  crystal  defects  to  important  electrical  anomalies  observed  in  the  SiC  Schottky 
diode  literature  (particularly  Refs.  [2],  [7],  and  [8]). 

Conclusion 

All  screw  dislocations  result  in  EBIC-identified  minority  carrier  recombination  centers  in  the  SiC 
epilayer,  and  in  small  growth  pits  at  the  sample  surface.  However,  not  all  growth  pits  are  due  to 
screw  dislocations.  Not  all  minority  carrier  recombination  centers  are  due  to  screw  dislocations. 


Materials  Science  Forum  Vols.  338-342 


491 


Fig.  1.  SWBXT  map  of  a  selected  diode 
section.  The  lighter  spots  in  the  image  are 
elementary  screw  dislocations  causing  high 
stress  regions  in  the  crystal  lattice. 


Fig.  3.  Nomarski  image  of  a  selected  diode 
section.  Both  growth  pits  and  other 
particulates  are  evident  on  the  sample 
surface.  The  inset  shows  an  AFM  image  of 
a  growth  pit  typical  of  a  screw  dislocation. 


Fig.  2.  EBIC  image  of  a  selected  diode 
section.  Darker  regions  indicate  lower 
collected  current,  which  corresponds  to  a 
reduction  in  the  effective  diffusion  length. 


Position  (um) 


Fig.  4.  Diffusion  length  as  a  function  of 
position  extracted  from  the  EBIC  linescan, 
as  shown  by  the  white  line  across  SD-1  of 
Figure  2. 
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Fig.  5.  AFM  sectional  data  plot  taken 
through  the  middle  of  the  small  growth  pit 
associated  with  SD-1,  as  illustrated  by  the 
white  line  in  the  middle  of  the  AFM  inset 
of  Figure  3.  One  end  of  the  metal-covered 
small  growth  pit  consists  of  a  sharp  apex  of 
at  least  1 8  nm  in  depth.  This  data  is  typical 
of  all  the  small  growth  pits  associated  with 
screw  dislocations  measured  by  AFM  on 
this  sample. 


Die  I.D.  Label  on  Chip  -> 

Bd 

Dc 

Db5 

Df 

Ab3'5 

Be3'5 

EBIC  recombination  centers 

126 

105 

98 

161 

31 

32 

SWBXT  identified  screw 
dislocations  over  die(s)1 

40 

27 

41 

43 

7 

10 

Nomarski  identified  small 
growth  pits5 

176 

159 

- 

- 

- 

- 

Recombination  centers 
matching  screw  dislocations2 

364 

27 

41 

43 

7 

10 

Growth  pits  matching  screw 
dislocations2,5 

40 

27 

- 

- 

- 

- 

1.  Large  areas  of  high  stress  are  counted  as  a  screw  dislocation,  although  it  may  be  due  to  many  screw 
dislocations  or  another  defect  such  as  a  micropipe. 

2.  If  one  growth  pit  or  recombination  center  is  within  approx.  20  pm  of  the  screw  dislocation  it  is  considered 
correlated  with  that  screw  dislocation. 

3.  Ab  and  Be  represent  many  smaller  dies  that  lie  close  together,  and  therefore  have  much  smaller  measured 
areas  than  dies  Bd,  Dc,  Db,  and  Df. 

4.  Probe  tip  and  contact  damage  obscured  EBIC  observation  of  some  screw  dislocations. 

5.  Growth  pit  data  not  collected  on  die  Db,  Df,  Ab,  and  Be. 
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The  structural  properties  of  low  angle  grain  boundaries  in  modified-Lely  SiC  crystals  have  been 
studied  using  high  resolution  x-ray  diffraction  (HRXRD)  and  molten  KOH  defect  selective  etching. 
The  defect  selective  etching  revealed  that  the  low  angle  grain  boundaries  were  polygonized  into 

<ll00>  directions  and  more  often  occurred  at  the  peripheral  parts  of  crystal.  The  relative 
misorientation  between  adjacent  subgrains  was  examined  by  HRXRD,  and  it  was  found  that  the 
tilting  of  the  (0001)  lattice  plane  occurred  at  the  low  angle  grain  boundaries  and  had  a  rotation  axis 
parallel  to  the  boundary  plane.  Based  on  these  results,  we  have  discussed  the  cause  and  mechanism 
of  the  formation  of  low  angle  grain  boundaries  in  modified-Lely  SiC  crystals. 

Introduction  . 

Modified-Lely  SiC  single  crystals  typically  contain  slightly  misoriented  subgrams  bordered  by 
regions  of  high  dislocation  density.  These  subgrains  are  fully  replicated  into  the  device  epitaxial 
layers  by  a  thin  film  growth  process,  and  consequently  the  subgrain  structure  of  the  substrate  has  a 
major  impact  on  the  performance  of  SiC  devices  made  on  it.  To  understand  the  subgrain  formation 
process  during  modified-Lely  growth  of  SiC,  it  is  crucial  to  obtain  information  on  the  subgrains 
existing  in  SiC  crystals,  particularly  on  their  distribution  and  misoriented  structure.  The  objective  of 
this  paper  is  to  conduct  a  detailed  study  of  misorientation  of  subgrains  in  modified-Lely  SiC  crystals 
using  high-resolution  x-ray  diffractometry  (HRXRD)  and  discuss  the  possible  causes  of  subgrain 
formation  during  modified-Lely  growth  of  SiC. 

Experimental 

6H-SiC  crystals  were  grown  by  the  modified-Lely  method,  and  the  grown  crystals  were  sliced  into 
{0001}  wafers.  The  wafers  were  examined  by  HRXRD  and  molten  KOH  defect  selective  etching. 
HRXRD  measurements  were  performed  using  a  double-axis  diffractometer,  where  a  four-ciystal 
monochromator  with  Ge  220  reflections  was  used  for  CuKai  radiation.  The  resolution  of  the 
diffractometer  was  as  good  as  12arcsec.  Analysis  of  x-ray  rocking  curves  was  used  to  quantitatively 
assess  the  lattice  misorientation  around  subgrain  boundaries.  In  these  experiments,  the  symmetric 

reflection  of  0006  and  the  asymmetric  reflections  of  1 1010  and  11212  in  the  rocking  curves  for  6H- 

SiC  crystals  were  acquired.  „  ,  , .  , 

Defect  selective  etching  was  performed  by  molten  KOH.  For  reproducible  etching,  the 
stirring  of  the  melt  and  the  atmosphere  control  are  of  great  importance  [1].  To  resolve  each  etch  pit, 
shallow  etching  is  required,  and  thus  the  etching  conditions  of  3-5min  at  520°C  were  employed. 
Prior  to  the  etching,  careful  surface  polishing  using  a  fine  diamond  slurry  was  conducted,  otherwise 
scratches  caused  by  the  polishing  process  significantly  hamper  the  observations  of  the  detailed 
structure  of  etch  features. 

Results  and  Discussion 

Defect  selective  etching  revealed  several  size  etch  pits  on  the  6H-SiC(0001)Si  surface.  They  are 
categorized  into  three  sizes:  large,  medium  and  small.  The  large  and  medium  size  etch  pits 
correspond  to  micropipes  and  (unit  c)  screw  dislocations,  respectively,  while  the  small  size  etch  pits 
are  caused  by  edge  dislocations  and  often  aligned  in  rows  forming  low  angle  grain  boundaries 
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Fig.  1.  Etch  pit  features  on  the  6H-SiC(0001)Si  surface  revealed  by  KOH  defect  selective 
etching.  The  low  angle  grain  boundaries  are  polygonized  into  <1 100>  directions. 

(subgrain  boundaries)  [2].  They  separate  two  adjacent  misoriented  subgrains  and,  as  shown  in  Fig. 

1,  are  polygonized  into  <1 100>  directions  due  to  the  stresses  introduced  by  the  growth  process  or  its 
environment.  The  low  angle  grain  boundaries  more  often  occurred  at  the  peripheral  parts  of  crystal 
and  they  tended  to  be  radially  distributed. 

In  the  past  HRXRD  studies,  various  diffraction  curves  were  reported  for  modified-Lely  SiC 
crystals.  The  reported  rocking  curves  varied  from  a  sharp  single  peak  to  multiple  peaks  distributed 
oyer  several  hundred  arcseconds  depending  on  the  quality  of  crystals  examined.  However,  in  most 
of  the  studies,  the  crystal  areas,  from  which  the  diffraction  curves  were  obtained,  contained  several 
different  types  of  defects  and  were  often  not  well-defined.  Thus  it  was  difficult  to  study  the  influence 
of  a  particular  type  of  defect  (pits)  on  the  shape  of  rocking  curve.  To  solve  these  problems,  we  used 

a  Pb  mask  which  had  a  thickness  of  0.1mm  and  a  1.6mmx  1.6mm  window.  The  Pb  mask 
sufficiently  attenuates  the  incident  x-ray  beam,  so  that  the  diffraction  only  occurs  in  the  window  area. 
This  Pb  mask  technique  enables  a  detailed  study  of  influence  of  a  particular  type  of  defect  on  the 
diffraction  curve  by  carefully  choosing  the  diffraction  area  so  that  it  contains  only  a  particular  type  of 
defect  (pits).  r 

With  the  Pb  mask  technique,  we  first  examined  the  effects  of  micropipes  and  unit  c  screw 
dislocations  on  the  x-ray  rocking  curve.  The  rocking  curve  diffracted  from  an  area  that  almost 
exclusively  contained  medium  size  etch  pits  (unit  c  screw  dislocations)  showed  a  sharp  single  peak 
with  a  full  width  at  half  maximum  (FWHM)  of  12arcsec  which  is  as  narrow  as  the  resolution  of  the 
diffractometer.  The  rocking  curve  diffracted  from  an  area  that  accommodated  several  large  hexagonal 
etch  pits  (micropipes)  and  hundreds  of  medium  size  etch  pits  also  showed  a  narrow  single  diffraction 
(FWHM.  typically  18-25arcsec).  Glass  et  al.  [3]  reported  that  the  variation  of  domain  (subgrain) 
density  is  well  correlated  with  the  density  of  spiral  growth  centers.  In  particular,  they  found  that  the 
micropipe  density  was  approximately  consistent  with  the  number  of  multiple  peaks  or  the  magnitude 
of  broadening  of  x-ray  rocking  curves,  and  thus  suggested  that  micropipes  are  a  main  cause  of  the 
mosaicity  in  modified-Lely  SiC  crystals.  However,  our  results  preclude  this  possibility  and  proved 


Fig.  2.  Etch  pit  row  due  to  (a)  an  isolated  low  angle  grain  boundary  and  (b)  two  parallel  low  angle 
gram  boundaries.  The  square  shape  window  is  a  Pb  mask  for  the  selected  area  x-ray  diffraction. 
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Fig.  3.  0006  x-ray  rocking  curves  obtained  from  the  two  parallel  low  angle  grain  boundaries 
(Fig.  2(b))  with  the  incident  plane  (a)  parallel  and  perpendicular  to  the  etch  pit  rows. 

that  micropipes  and  unit  c  screw  dislocations  hardly  affect  the  shape  of  the  x-ray  rocking  curves. 

The  misorientation  of  the  (0001)  lattice  plane  around  small  etch  pit  rows  (low  angle  grain 
boundaries)  was  also  examined  by  the  selective  area  x-ray  diffraction.  The  incident  plane  was  chosen 
either  parallel  or  perpendicular  to  the  etch  pit  row.  For  an  isolated  low  angle  grain  boundary  (Fig. 
2(a)),  the  0006  rocking  curve  with  the  incident  plane  parallel  to  the  boundary  showed  a  narrow  single 
diffraction  peak  (FWHM:  typically  13-20arcsec),  while  the  one  with  the  incident  plane  perpendicular 
to  the  boundary  exhibited  a  slightly  broader  peak  (15-30arcsec).  This  tendency  became  prominent 
when  a  couple  of  low  angle  grain  boundaries  were  bunched  together  (Fig.  2(b)).  Figure  3  shows 
typical  x-ray  rocking  curves  obtained  from  the  crystal  area  shown  in  Fig.  2(b)  with  the  incident  plane 
(a)  parallel  and  (b)  perpendicular  to  the  boundaries.  For  these  coupled  low  angle  grain  boundaries, 
the  0006  rocking  curve  with  the  incident  plane  parallel  to  the  boundaries  still  remained  narrow;, 
however,  the  one  with  the  incident  plane  perpendicular  to  the  boundaries  became  much  broader  (40- 
50arcsec)  and  often  split  into  multiple  peaks. 

The  rocking  curves  with  the  asymmetric  reflections  showed  the  same  tendency  as  those  for  the 
symmetric  0006  reflection,  where  the  rocking  curves  with  the  incident  plane  parallel  to  the  coupled 

etch  pit  rows,  i.e.  1 1  Oif)  reflection,  showed  a  narrow  single  diffraction  peak,  while  the  one  with  the 

incident  plane  perpendicular  to  the  etch  pit  rows  (11212  reflection)  exhibited  split  peaks  separated  by 
about  50arcsec.  We  also  compared  the  two  rocking  curves  with  the  incident  beam  direction  from  the 
center  to  the  outer  of  the  crystal  and  vice  versa;  however,  little  or  no  difference  was  detected  between 
the  two  rocking  curves. 

The  results  of  our  rocking  curve  measurements  revealed  that  modified-Lely  SiC  crystals  has  a 
strong  [0001]  texture  around  low  angle  grain  boundaries  and  the  tilting  of  the  (0001)  plane  has  an 
axis  of  rotation  parallel  to  the  boundary  plane  (Fig.  4(a)).  Several  causes  and  mechanisms  of  the 
misoriented  subgrain  formation  in  modified-Lely  SiC  crystals  have  been  proposed  and  discussed. 

Pirouz  [4]  discussed  the  dislocation  systems  lying  on  a  prism  plane,  e.g.,  {1120}  or  {1100}  plane. 

{1100}  and  {1120}  have  never  been  reported  as  a  slip  plane  in  hexagonal  SiC  polytypes,  even 
though  the  low  angle  grain  boundaries  commonly  observed  in  modified-Lely  SiC  crystals  lie  in  the 

{1120}  plane,  which  implies  that  the  dislocations  comprising  the  low  angle  grain  boundaries  are  not 
introduced  by  thermal  stress  after  growth,  and  they  are  grown-in  type  dislocations  and  rather 
introduced  during  growth  by  the  growth  process  itself.  Pirouz  [4]  and  Glass  et  al  [5]  claimed  that 
the  strong  [0001]  texture  in  modified-Lely  SiC  crystals  originates  in  spiral  growth  mechanism.  The 
interaction  between  two  growth  spirals  can  be  assumed  to  result  in  low  angle  grain  boundaries  due  to 
twist  misorientation  between  the  two  growth  spirals.  However  it  should  be  recalled  that  a  low  angle 
twist  grain  boundary  consists  of  arrays  of  screw  dislocations  on  the  grain  boundary  plane  and  has  a 
rotation  axis  perpendicular  to  the  boundary  plane  (Fig.  4(b)),  which  is  quite  contradictory  to  the 
results  of  our  rocking  curve  measurements. 
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Fig.  4.  Schematic  diagrams  of  relative  misorientation  of  adjacent  subgrains;  (a)  tilting  with  a 
rotation  axis  parallel  to  both  the  boundary  plane  and  the  (0001)  basal  plane,  (b)  tilting  with  a 
rotation  axis  perpendicular  to  the  boundary  plane,  (c)  tilting  with  a  rotation  axis  parallel  to  the 
boundary  plane  and  perpendicular  to  the  (0001)  basal  plane. 

We  found  that  one  of  the  major  causes  of  the  subgrain  formation  in  modified-Lely  SiC 
crystals  is  the  inclusion  of  foreign  polytypes  during  growth.  The  non-basal  plane  interfaces  between 
the  different  polytypes  accommodate  crystallographic  imperfections  which  relax  into  polygonized  low 
angle  grain  boundaries  during  growth.  Takahashi  et  al.  examined  by  x-ray  topography  the  low  angle 
grain  boundaries  in  modified-Lely  SiC  crystals  and  found  that  the  boundaries  are  edge  dislocation 

walls  haying  a  <1120>  Burgers  vector  [6].  In  general,  edge  dislocations  having  the  same  Burgers 
vector  minimize  their  total  strain  energy  by  aligning  themselves  along  the  direction  perpendicular  to 
the  Burgers  vector.  In  that  case,  however,  the  low  angle  grain  boundaries  yields  only  a  tilting  of 
planes  perpendicular  to  the  (0001)  basal  plane  (Fig.  4(c)).  One  of  the  possibilities  being  the  cause  of 
the  tilting  of  the  (0001)  basal  plane  is  that  the  edge  dislocations  have  an  inclination  from  the  c-axis. 

The  polygonization  of  edge  dislocations  along  <1 100>  directions  requires  glide  and  climb  motions  of 
the  dislocations.  The  glide  and  climb  of  dislocations  are  temperature  activated  processes,  and  thus 
they  most  probably  occur  during  growth  [7].  In  the  course  of  these  motions,  the  edge  dislocations 

predominantly  lie  along  the  c-axis  but  often  kink  toward  <1 100>  directions  due  to  climb  motion.  We 
assume  that  these  kinks  virtually  bend  the  edge  dislocations  at  the  grain  boundary  from  the  c-axis  and 
bring  about  a  slight  tilting  of  the  (0001)  basal  plane  around  it. 

Conclusion 

The  structure  of  low  angle  grain  boundaries  in  modified-Lely  SiC  crystals  has  been  studied,  and  it 
was  found  that  the  tilting  of  the  (0001)  lattice  plane  occurred  at  the  low  angle  grain  boundaries  and 
had  a  rotation  axis  parallel  to  the  boundary  plane.  We  found  that  a  main  cause  of  the  low  angle  grain 
boundary  formation  in  modified-Lely  SiC  crystals  is  the  polytype  mixing  during  growth.  The 
observed  [0001]  texture  of  modified-Lely  SiC  crystals  is  assumed  to  be  caused  by  edge  dislocation 

walls  comprising  inclined  dislocations  from  the  c-axis  toward  <1 100>. 
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Abstract.  Structural,  electrical  and  optical  characteristics  of  commercial  4H  and  6H  p-SiC  substrate  crystals 
doped  with  Al  were  studied.  Radial  non-uniformity  in  extended  defect  distribution  over  the  substrates  was 
found  to  be  a  typical  feature  of  the  p-SiC  substrates  grown  by  modified  Lely  method.  In  the  central  region  of 
the  wafers  a  relatively  uniform  distribution  of  dislocations  with  a  density  less  than  105  cm"2  ^was  observed. 
While  in  the  peripheral  regions  of  the  crystals  the  dislocation  density  was  found  to  exceed  10  cm  and  was 
highly  non-uniform.  Domain  structure  of  the  investigated  crystals  was  confirmed.  Ionization  energy  of  the  Al 
acceptors  were  measured  to  be  0.18  eV.  Some  electrical  transport  and  luminescence  characteristics  of  the 
crystals  are  also  presented. 

1.  Introduction 

SiC  devices  are  attractive  for  high-temperature,  high-power  and  high-frequency  applications. 
The  quality  of  single-crystal  SiC  wafers  both  n-  and  p-types  is  an  important  aspect  of  the  device 
fabrication.  Properties  of  n-type  bulk  SiC  crystals  have  been  studied  in  details,  while  information 
about  p-type  bulk  SiC  crystals  (especially  commercially  available  high-size  crystals  grown  by 
modified  Lely  method)  is  limited.  There  is  a  practical  interest  to  p-SiC  substrates  doped  with  Al. 
Ionization  energy  of  the  Al  acceptor  has  been  measured  [1-3]  for  Lely  crystals  and  epitaxial  layers. 
For  6H  and  4H  SiC  with  the  Al  concentration  below  1020  cm'3,  this  energy  was  found  to  be  0.24- 
0.27  eV  and  0.19-0.24  eV,  respectively  [1-3].  Electrical  transport  properties  of  p-type  SiC  Lely 
crystals  and  epitaxial  layers  doped  with  Al  were  studied  [1,4,10].  Doping  processes  of  6H  and 
4H-SiC  boules  with  Al  in  the  case  of  sublimation  growth  were  also  investigated  [5].  We  report  on 
characteristics  of  commercially  available  bulk  4H  and  6H  p-type  SiC:Al  crystals. 

2.  Experimental 

Investigated  materials  were  commercially  available  6H  and  4H  SiC  crystals  fabricated  by 
modified  Lely  method  [6].  The  crystals  were  doped  with  Al.  Concentration  of  the  uncompensated 
acceptors  Na-Nd  was  in  the  range  from  1016  to  3x1 018  cm*3  for  different  crystals.  Substrates  with 
thickness  of  0.35-0.40  mm  were  oriented  3.5°  off-axis  and  polished.  Before  the  study,  these 
substrates  were  subjected  to  a  short-time  etching  in  a  molten  KOH  to  remove  the  surface  layer 
damaged  by  mechanical  polishing. 

Structural  quality  of  SiC  samples  was  characterized  by  x-ray  diffraction  (XRD)  and  x-ray 
topography  using  Lang  method.  Besides,  structural  defects  were  analyzed  by  photoluminescence 
(PL)  under  the  nitrogen  laser  excitation  at  temperature  ranging  from  77  to  500K  as  well  as 
cathodoluminescence  (CL).  In  combination  with  spectroscopic  methods,  the  full-color  PL  surface 
mapping  was  used.  The  electron  paramagnetic  resonance  (EPR)  technique  was  used  to  identify 
impurities  and  defects  in  the  crystals.  EPR  experiments  have  been  carried  out  at  X-band  (v=9.5 
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GHz)  spectrometer  at  4.2K  and  77K.  Element  distributions  in  the  samples  were  studied  using 
secondary  ion  mass-spectroscopy  (SIMS).  Concentration  and  distribution  of  electrically  active 
impurity  in  the  samples  were  determined  by  C-V  characteristics  of  Schottky  barriers  at  a  frequency 
of  10  kHz.  I-V  characteristics  for  Schottky  barriers  were  measured  at  temperatures  77-5 00K.  The 
concentration  of  free  earners,  their  mobility  and  the  ionization  energies  of  impurity  levels  were 
determined  using  the  Van  der  Pauw  technique  at  temperatures  from  77  to  300K. 

3.  Results 

According  to  x-ray  data,  the  crystal  structure  of  both  4H  and  6H  p-SiC  crystals  was  usually 
domain,  especially  on  the  peripheral  areas  of  wafers.  Two  or  more  broadened  peaks  on  double- 
crystal  x-ray  rocking  curves  (RC)  measured  at  co-scan  were  usually  observed.  The  similar  features  of 
n-type  SiC  wafers  have  been  discussed  by  Glass  and  co-authors  [7].  The  structural  perfection  of  of 
4H-SiC  wafers  was  worse  than  that  of  6H-SiC  wafers.  The  domain  structure  was  often  observed 
near  the  center  of  4H-  wafer.  The  number  of  peaks  on  RC(co)  and  their  broadening  varied  for 
different  areas  of  the  wafer.  The  FWHM  of  separate  peaks  ranged  from  17  to  60  arc.sec  (Fig.  la). 
However,  the  only  single  peak  (FWHM=10-14  arc.sec)  was  usually  observed  for  RC  taken  at  co, 26- 
scan  on  the  symmetric  (0006),  (0008)  and  (00012)  reflections  (Fig.  lb). 


(a)  (b) 

Figure  1.  Typical  rocking  curves  from  p-type  SiC-4H  wafer  grown  by  modified  Lely  method,  measured  at: 

(a)m-scan,  (b)  co, 20-scan. 


The  existence  of  two  or  more  peaks  on  RC(co)  was  explained  by  scattering  from  large 
strongly  misoriented  domains  having  the  angle  of  mutual  disorientation  higher  than  the  FWHM  of 
the  separate  peak.  Domain  structure  of  investigated  crystals  was  confirmed  by  x-ray  topography 
(Fig.2a).  Radial  non-uniformity  of  defect  distribution  over  the  wafers  was  detected.  Two  areas  with 
different  defect  structure  can  be  seen  in  Fig.2a:  a  more  perfect  region  in  the  center  of  the  wafer,  and 
a  strongly  strained  peripheral  region.  A  relatively  uniform  distribution  of  dislocations  with  a  density 
less  than  105  cm-2  without  large  micropipes  was  observed  in  the  central  region  of  the  wafer.  The 
only  one  peak  with  the  FWHM  of  about  17-22  arcsec  was  usually  observed  on  RC(co)  taken  from  the 
center  of  the  wafer.  While  for  the  sample  presented  in  Fig.  2a,  the  FWHM  of  RC(co)  is  10-12  arcsec 
in  the  center  of  the  wafer.  Misoriented  domains  were  clearly  seen  in  the  periphery  of  the  wafer. 
A  lot  of  broadened  well-resolved  peaks  were  observed  on  RC(co),  taken  from  peripheral  regions. 
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A  big  number  of  dislocations  and  sizable  strain-induced  kinks  were  detected  at  the  boundaries  of 
these  domains  together  with  single  and  clustered  pores.  The  dislocation  density  at  the  boundaries 
was  found  to  be  above  106  cm'2  and  was  highly  non-uniform.  Optical  observations  of  the  strain 
distribution  over  the  substrates  were  in  good  agreement  with  x-ray  data  (Fig.2b). 

The  typical  EPR  spectra  for  the  substrates  observed  at  4.2K  consists  of  two  distinct  lines 
(Fig.3).  The  first  one  presents  a  broad  (ABPP«5  mT)  structureless  line  with  g-value  g|(=2.457  for 
orientation  of  the  magnetic  field  along  [0001]  crystal  axis.  Its  position  is  given  by  expression 
g(0)=gncos(0),  where  0  is  the  angle  between  the  applied  magnetic  field  and  crystal  c  axis. _ 


(a)  (b) 

Figure  2.  X-ray  topograph  (a)  and  optical  image  in  the  cross-polarized  light  (b)  of  a  piece  of  4H  p-SiC:Al 

substrate. 


Such  EPR  line  was  tentatively  assigned  to  aluminum  acceptor  with  an  effective-mass 
character  [8]  and  recent  ENDOR  study  [9]  confirmed  the  validity  of  this  suggestion.  The  second 
EPR  line  is  slightly  anisotropic  in  a  range  of  free-spin  g=2.0023  value.  Observation  of  hyperfine 
structure  allows  to  attribute  it  unambiguously  to  boron  acceptor  contamination.  Boron 
concentration  in  the  samples  determined  with  EPR  relative  to  a  standard  sample  at  77K  has  been 
found  in  the  range  1.7xl017  -  2.0x1 018  cm'3.  A  great  linewidth  and  distorted  lineshape  of  the 
spectrum  make  difficult  the  determination  of  A1  acceptor  absolute  or  relative  to  B  concentration. 

At  a  low  temperature  (about  80K)  the  PL  and  CL  spectra  for  the  p-SiC  substrates  were 
usually  dominated  by  the  well-known  band  [9]  of  the  donor-acceptor  (DA)  recombination  through 
N-Al  pairs  (Fig.4).  Exciton-related  luminescence  has  not  been  detected  in  the  crystals.  Besides  the 
N-Al  associated  luminescence,  some  SiC  bulk  crystals  exhibited  boron-attributed  luminescence  [3] 
indicating  boron  acceptor  contamination  in  accordance  with  EPR  data.  For  some  4H-SiC  crystals, 
the  6H-heteropolytype  inclusions  were  detected.  For  all  the  wafers,  deep  levels-attributed  PL  and 
CL  bands  in  the  orange-red  spectral  region  were  observed.  At  room  temperature  the  N-Al  donor- 
acceptor  luminescence  band  is  strongly  quenched.  At  higher  temperature  up  to  500K  the  deep  level 
luminescence  bands  are  also  quenched  with  the  corresponding  activation  energy  in  the  range  of  0.18- 
0.47  eV.  High  lateral  uniformity  of  A1  doping  of  the  crystals  was  supported  by  PL  mapping  method. 

According  to  Hall  measurements,  the  hole  mobility  in  the  crystals  with  the  A1  concentration 
as  high  as  3x1 018  cm"3  was  found  to  be  about  2-3  cm2/V.s.  The  activation  energy  for  the  A1  acceptors 
in  such  crystals  was  estimated  to  be  180  meV.  According  to  SIMS  data,  all  4H  and  6H  crystals  were 
uniformly  doped  with  Al.  For  4H-SiC  sample  presented  in  Fig.2,  the  concentration  of  A1  is  as  high 
as  3xl018  cm'3.  Also,  the  boron  concentration  of  8xl016  cm'3  was  measured  by  SIMS  in  this  sample. 
This  SIMS  results  are  in  accordance  with  EPR  and  PL  data.  The  SIMS  data  obtained  are  in 
accordance  with  C-V  data,  that  the  depth  profile  of  impurity  in  the  samples  was  uniform. 

A  dependence  of  the  Schottky  barrier  height  on  the  SiC  polytype  (4H  or  6H)  was  observed 
for  all  employed  metals  (Ni,  Cr,  Pd).  But  no  correlation  between  the  barrier  height  and  the  metal 
work  functions  was  observed.  This  fact  is  probably  connected  with  the  Fermi  level  fixed  on  the 
crystal  surface  due  to  an  excess  of  the  carbon  vacancies  Vc  in  the  surface  layer.  According  to  I-V 
characteristics  for  such  Schottky  barriers,  forward  current  depended  exponentially  on  the  voltage. 
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Figure.  3.  EPR  spectrum  of  4H-SiC:Al  sample 
observed  at  4.2K  under  conditions  of  adiabatic  rapid 
passage. 
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Figure  4.  PL  spectra  of  6H  p-SiC:Al  substrate  at 
different  temperature.  The  quenching  activation 
energy  for  the  deep  level  defect  band  with  a  maximum 
at663nm  (1.87eV)  is  0.47  eV 


4.  Conclusion 

Commercial  p-type  4H  and  6H-SiC  wafers  were  characterized.  Domain  structure  of  the 
wafers  was  revealed  by  x-ray  data.  Radial  non-uniformity  in  the  defect  distribution  over  the 
substrates  usually  observed  for  n-SiC  substrates  was  found  to  be  also  a  typical  feature  of  the 
p-SiC  substrates.  In  the  central  region  of  the  wafers  a  relatively  uniform  distribution  of  dislocations 
with  a  density  less  than  105  cm-2  was  observed.  While  in  the  peripheral  regions,  the  dislocation 
density  was  found  to  by  highly  non-uniform  and  exceed  106  cm'2.  The  hole  mobility  in  the  crystals 
with  the  A1  concentration  of  3xl018cm'3  was  found  to  be  about  2-3  cm2/V.s.  Ionization  energy  of  the 
A1  acceptors  was  0.18  eV.  Besides  A1  impurity,  boron  contamination  was  detected  in  some  crystals 
by  SIMS,  EPR  and  PL.  For  4H-SiC  crystal,  the  6H-SiC  inclusions  were  found  by  EPR  and  PL. 
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Abstract 

The  atomic  distortion  and  internal  layer  roughness  in  epitaxial  3C-  and  4H-SiC  thin  films 
and  bulk  6H-SiC  are  studied  by  means  of  short  wavelength  X-ray  diffraction  using  a  0.71  A  X-ray 
source  from  a  molybdenum  anode.  Up  to  five  order  Bragg  peaks  along  (100)  were  measured. 
Through  the  detailed  theoretical  calculation,  the  crystallographic  structure  factors  were  obtained. 
The  electron  density  distributions  along  the  surface  normal  were  reconstructed  via  Fourier 
transform.  Comparison  with  the  ideal  situation  calculated  from  the  atomic  scattering  factors  was 
presented. 

1.  Introduction 

Silicon  carbide  (SiC)  is  an  attractive  material  system  for  modem  electronic  and 
optoelectronic  devices  working  in  high  temperature,  high  power,  high  frequency  and  harsh 
environments  [1-4].  It  possesses  many  unique  properties,  such  as  wide  band  gap,  high  electric 
breakdown  strength,  high  thermal  conductivity  and  excellent  thermal  and  chemical  stability.  For 
the  device  applications,  heterogeneous  epitaxial  3C-SiC  thin  film,  grown  on  top  of  single  crystal 
silicon  and  homoepitaxial  SiC  on  SiC  (6H  on  6H  and  4H  on  4H)  substrate  by  chemical  vapour 
deposition  (CVD)  are  the  most  popular  [1,2, 4, 5], 

X-ray  diffraction  (XRD)  measurement  technique  has  been  widely  used  for  SiC  materials 
and  devices.  Traditionally,  most  of  the  XRD  studies  on  SiC  materials  [1 -4,6,7]  were  employing  the 
copper  source  with  1.54  A  radiation.  The  analyses  of  the  XRD  patterns  on  the  diffraction  peak 
position,  intensity  and  width  can  lead  to  the  information  on  sample  structure,  crystallinity, 
perfection,  defects,  strain  etc. 

Usually  no  knowledge  on  information  inside  the  unit  cell,  such  as  the  internal  atomic  layer 
arrangement,  can  be  extracted  from  the  XRD  measurement  of  SiC.  Due  to  the  lattice  mismatch, 
for  example  for  the  case  of  3C-SiC  grown  on  Si,  the  internal  Si  and  C  atomic  layers  near  the 
interface  region  might  be  distorted  or  have  a  complicated  arrangement.  Up  to  now,  there  were  no 
detailed  studies  in  these  internal  atomic  layer  arrangements.  Here  we  present  a  new  method  to 
retrieve  the  atomic  internal  layer  distortion  or  roughness  by  way  of  short  wavelength  X-ray 
diffraction. 

2.  Experiment 

In  the  measurements,  we  employed  a  molybdenum  anode  to  generate  a  wavelength  of  0.71 
A,  less  than  one  half  of  that  from  a  copper  anode.  This  allows  us  to  measure  the  Bragg  reflections 
up  to  the  5th  order,  as  shown  in  Figure  1  for  an  example  of  a  3C-SiC  film  grown  on  Si  (100).  This 
is  in  contrast  to  the  availability  of  only  2  orders  of  Bragg  peaks  from  a  common  copper  anode  with 
a  radiation  wavelength  of  ~1 .54  A. 
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Care  must  betaken  when  trying  to  obtain  the  peak  intensity.  In  a  usual  diffractometer,  due 
to  simple  collimation  and  a  broad  spectrum  (Koti+Ka2)  in  the  incident  beam,  any  intensity 
maximum  will  contain  simultaneous  diffraction  contributions  from  a  large  volume  surrounding  a 
reciprocal  lattice  point.  Therefore,  this  intensity  maximum  is  not  equivalent  to  the  Bragg  peak 
intensity,  which  should  only  be  contributed  by  the  center  of  this  volume  surrounding  a  reciprocal 
lattice  point  [8].  To  obtain  the  structural  factors,  which  are  proportional  to  the  square  root  of  the 
peak  intensity,  a  sample  is  usually  scanned  continuously,  to  first  measure  the  "integrated  intensity" 
over  a  range  of  20  (e.g.,  0.5°).  Assuming  that  the  Bragg  peak  has  a  standard  peak  profile,  one  can 
then  calculate  the  peak  intensity  from  the  integrated  intensity.  The  Lorentz  Factor  must  be  used  in 
the  calculation,  to  compensate  for  the  changing  sweeping  time  of  various  reciprocal  lattice  points 
through  the  Ewald  sphere  [8]. 

However,  such  a  scheme  is 
not  applicable  here,  because  our 
samples  contain  lattice  distortions, 
thus  may  not  follow  the  standard 
peak  profile,  which  is  only 
computable  for  an  ideal  lattice. 

Therefore,  in  this  case  we  have  to 
use  a  highly  collimated  and 
monochromatic  beam  (Kaj  only), 
to  insure  that  only  a  tiny  volume 
surrounding  a  reciprocal  lattice 
point  is  covered  at  any  time 
moment.  (In  fact,  with  a  4-bounce 
crystal  monochromator,  the  20 
resolution  is  <0.003°,  which  is 
much  less  than  the  Bragg  peak 
width.)  With  the  step  mode,  we  are 
able  to  measure  the  intensity 
variation  near  the  reciprocal  lattice 
point.  The  peak  intensity  can  then 
be  directly  obtained  by  the 
intensity  maximum  without 
involving  the  Lorentz  Factor. 

3.  Theory 

From  the  peak  intensities,  the  absolute  values  of  the  crystallographic  structure  factors, 
|F(hkl)|,  can  then  be  deducted,  after  which  the  electron  density  of  thin  film  crystal  can  be  recovered 
using  Fourier  transform,  via  [8], 

p(x,y,z)  =  Zhki  |F(hkl)|  cos(27t[hx/a+ky/b+lz/c]  -  <|>  m)  (1) 

where  a,  b,  c  are  the  lattice  constants  along  x,  y,  z,  and  <|>  hW  is  the  phase.  They  are  compared  with 
the  calculated  electron  distribution  using  documented  atomic  scattering  factors.  The  atomic  layer 
roughness  can  therefore  be  quantified  from  the  broadening  (flattening)  of  the  electron  distribution 
maxima  for  silicon  and  carbon  atoms. 

The  Bragg  peak  intensities  are  proportional  to  the  square  of  the  structure  factors  |F(hkI)|2: 

I(hkl)  cc  (1+cos220)/2  exp(-2M)  |F(hkl)|2 


3C-SiC/Si  (moly  anode) 


Figure  1 .  The  first  5  integrated  Bragg  peak  intensities  of  3C-SiC. 


(2) 
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where  M  =  B(sin0A,)2,  and  B  is  the  thermal  Debye  parameter  measuring  the  thermal  motion. 

Figure  2  shows  the  calculated  electron  density  maps  of  3C-SiC  and  its  comparisons  with 
two  measured  data  along  the  surface  normal.  |F(200-1000)|  from  these  two  samples  can  be 
obtained.  To  use  these  F(hkl)  to  reconstruct  the  atomic  arrangement  via  Fourier  Transform  using 
Eq.  (1),  we  compare  the  measured  structure  factors  with  the  calculated  ones  for  the  ideal  situation, 
i.e.,  when  the  silicon  atoms  are  sitting  on  0,  1/2  and  1,  and  the  carbon  atoms  are  in  1/4  and  3/4  of 
the  relative  co-ordinates  of  the  unit  cell.  In  this  case,  the  internal  atomic  layer  arrangement  is  not 
distorted  and  no  internal  atomic  layer  roughness  is  involved.  We  have 

F(h00)  =  2jfj(sin0/A,)exp(27i:ihXj/a)  =  fSj(sin0/X)  +  fc(sin0/^)exp(27tih/4)  (3) 

where  fSj(sin0A,)  and  fc(sin0A,)  are  the  atomic  scattering  factors  for  silicon  and  carbon  atoms, 
respectively.  Following  Eq.  (1),  the  ID  electron  densities  along  the  film  normal  can  now  be 
constructed  using  Fourier  transform.  The  resulting  experimental  and  theoretical  values  of  the 
structure  factors  are  listed  as: 


F(200) 

F(400) 

F(600) 

F(800) 

FQ000) 

Experimental  3C-SiC  film  (6  pm) 

9.54 

8.53 

2.32 

0.59 

Experimental  3C-SiC  film  (12  pm) 

8.38 

8.85 

2.67 

2.41 

0.69 

Theoretical  values  of  3C-SiC 

5.83 

8.49 

3.05 

4.40 

1.19 

From  the  resulting  plot 
(Fig.  2),  it  is  clear  that  the  Si 
peak  is  wider  for  both  hetero- 
epitaxial  SiC  thin  films.  This 
indicates  that  there  is  indeed  a 
roughening  of  the  Si-plane 
within  the  silicon-carbide 
layers,  although  there  is  an 
amorphous  region  in  between 
the  thin  film  and  the  substrate 
silicon.  The  amount  of 
distortion  or  roughness  of  the  Si 
planes  inside  the  epitaxial  SiC 
film  can  be  estimated  by  the 
increase  of  the  full  widths  at 
half  maximum  (FWHM)  of  the 
Si  maxima  from  that  of  the 
ideal  case.  The  FWHM  of 
sample  1  is  41%  and  that  of 


Figure  2.  Calculated  and  measured  electron  density  maps  of  3C-SiC 
along  the  surface  normal. 


sample  2  is  29%,  both  of  which  are  larger  than  that  of  the  theoretical  value.  This  indicates  that  the 
distortion  of  atomic  layers  or  the  internal  roughness  of  the  individual  atomic  plane  must  be  less 
serious  for  the  layers  far  away  from  the  substrate.  Therefore,  the  averaged  internal  roughness, 
which  is  shown  by  the  X-ray  diffraction,  becomes  smaller  when  the  films  are  thicker. 

These  results  can  be  confirmed  by  the  bulk  silicon  carbide  crystals,  as  well  as  by  the  homo- 
epitaxial  silicon  carbide  thin  films,  which  are  provided  in  Fig.3,  and  Fig.4.  For  the  bulk  6H-SiC 
sample,  the  theoretical  prediction  is  almost  identical  to  the  measure  the  electronic  density  function 
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(Fig.  3),  whereas  little  deviation  can  be  found  for  the  homo -epitaxial  4H-SiC/4H-SiC  sample 
(Fig.4),  which  has  a  film  of  about  6  microns  was  grown  on  a  single  crystal  4H-SiC  substrate.  It 
should  be  noted,  however,  that  in  this  case  there  are  non-vanishing  phases,  and  they  were  taken 
from  the  calculated  values  for  both  curves. 


Figure  3.  Measured  and  calculated  electron 
density  maps  of  bulk  6H-SiC. 


Figure  4.  Measured  and  calculated  Electron 
density  of  homo-epitaxial  4H-SiC  on  single 
crystal  4H-SiC. 


4.  Conclusion 

Through  this  new  method,  we  have  achieved  a  quantitative  characterization  of  the  internal 
atomic  layer  roughness  and  distortion  of  hetero-epitaxial  3C-SiC  and  homo-epitaxial  4H-SiC  thin 
films,  and  bulk  6H-SiC.  The  electron  density  distribution  has  been  reconstructed,  using  short 
wavelength  X-ray  to  measure  high  order  Bragg  reflections.  Comparing  with  the  theoretically 
calculated  values  from  atomic  scattering  factors,  the  deviation  of  the  unit  cell  structure  from  the 
ideal  case  can  be  identified.  It  was  found  that,  due  to  the  lattice  mis-match,  the  silicon  atoms  are  no 
longer  fixed  on  the  same  atomic  plane,  thus  the  corresponding  electron  distribution  maxima  were 
broadened.  In  the  meantime  the  maxima  for  carbon  atoms  are  flattened,  which  indicate  that  their 
locations  are  randomised.  By  way  of  the  combination  of  theory  and  experiment,  this  study 
provides  a  practical  and  useful  method  to  investigate  the  other  materials  and  thin  film  systems. 
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Abstract 

Reduction  of  defect  densities  in  SiC  epitaxial  materials  is  the  key  issue  for  a  development  of  SiC  large  area 
devices.  We  report  on  improvement  of  material  characteristics  and  Schottky  barrier  breakdown  voltages  for 
4H-SiC  epitaxial  layers  grown  by  chemical  vapor  deposition  (CVD)  on  4H-SiC  epitaxial  wafers  with 
reduced  micropipe  density  (RMD). 

Initial  substrates  were  two  4H-SiC  8  degrees  off-axis  commercial  wafers  cut  from  the  same  boule. 
Micropipe  filling  process  was  performed  on  one  wafer.  CVD  epitaxial  layers  25  pm  thick  with 
concentration  Nd-Na  =  (2-4)xl015  cm'3  were  grown  on  both  wafers  in  the  same  epitaxial  run. 

Structural  quality  of  the  CVD  epitaxial  layers  was  characterized  by  x-ray  diffraction  methods,  x-ray 
topography  and  optical  methods.  X-ray  topography  and  electron  beam  induced  current  (EBIC)  technique 
revealed  defect  density  reduction  in  the  CVD  layer  grown  on  RMD  epitaxial  wafer.  Schottky  barriers  made 
without  edge  termination  for  CVD  layer  grown  on  the  RMD  wafer  had  a  breakdown  voltage  up  to  1500  V 
while  the  breakdown  voltage  for  the  another  sample  did  not  exceed  1000  V. 

Introduction 

Recently  significant  progress  has  been  achieved  in  the  fabrication  of  silicon  carbide  power  devices 
[1,2].  However,  the  area  of  SiC  devices  is  still  much  less  than  1  cm2.  A  typical  area  of  SiC  devices 
does  not  exceed  a  few  square  millimeters.  In  order  to  compete  with  Si  power  devices,  the  operating 
area  of  SiC  devices  has  to  be  increased  at  least  up  to  10  cm2.  Currently  the  area  of  SiC  devices  is 
limited  by  high  defect  density  in  SiC  epitaxial  structures.  Reduction  of  defect  densities  in  SiC 
epitaxial  material  is  the  key  issue  for  a  development  of  large  area  SiC  devices. 

Micopipe  density  reduction  has  been  demonstrated  by  micropipe  filling  process  [3].  Schottky 
barriers  up  to  8  mm2  were  fabricated  on  SiC  epitaxial  wafers  with  reduced  micropipe  density  [4].  It 
has  also  been  demonstrated  that  SiC  epitaxial  layers  grown  on  SiC  wafers  with  reduced  micropipe 
density  have  a  much  smoother  surface  than  initial  SiC  wafers  after  the  micropipe  filling  process  [5]. 

In  this  paper,  we  report  on  material  characteristics  and  Schottky  barrier  breakdown  voltages  for 
4H-SiC  epitaxial  layers  grown  by  CVD  on  4H-SiC  epitaxial  wafer  with  reduced  micropipe  density. 

Sample  preparation  and  characterization  techniques 

For  these  experiments,  two  wafers  cut  from  the  same  SiC  bulk  crystal  were  used  as  initial 
substrates.  These  substrates  were  4H-SiC  8  degrees  off-axis  commercial  wafers  (research  grade, 
micropipe  density  ranged  from  30  to  100  cm'2)  with  (0001)Si  face  polished.  X-ray  topography 
performed  on  these  wafers  revealed  micropipe  density  of  about  30  cm'2  and  dislocation 
density  >  104  cm'2.  In  some  areas  the  dislocation  density  exceeded  105  cm'2. 

One  wafer  was  subject  of  the  micropipe  filling  process,  which  resulted  in  a  4H-SiC  epitaxial 
wafer  with  reduced  micropipe  density  [1].  This  process  results  in  SiC  growth  inside  the  micropipe 
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channels  in  the  initial  4H-SiC  wafer.  The  micropipe  density  after  micropipe  filling  process  was 
reduced  by  a  few  times  and  did  not  exceed  5  cm'2.  Then  both  4H-SiC  wafers  were  used  as 
substrates  for  CVD  growth  process  in  the  same  epitaxial  run.  The  CVD  epitaxial  layers  were 
25  pm  thick. 

The  structural  quality  of  the  CVD  layers  was  characterized  by  x-ray  diffraction  methods, 
x-ray  topography  and  optical  methods.  The  surface  of  CVD  grown  layers  was  studied  by  optical 
microscopy  and  atomic  force  microscopy  (AFM).  Photoluminescence  measurements  were  done  at 
80  K.  Concentrations  and  distributions  of  electrically  active  impurities  in  the  samples  were 
determined  from  capacity- voltage  (C-V)  characteristics  of  Cr  Schottky  barriers  at  frequencies 
ranging  from  200  Hz  to  1  MHz.  The  scanning  electron  microscopy  technique  was  used  to  study 
surface  morphology  of  grown  material  and  to  determine  carrier  diffusion  lengths  in  the  CVD 
epitaxial  layers  by  EBIC  technique. 

Results 

Both  samples  after  CVD  growth  had  mirror-like  surfaces.  Atomic  force  microscopy  showed  that 
surface  peak  to  valley  amplitudes  for  both  samples  are  in  the  same  range  despite  the  fact  that  after 
micropipe  filling  processes  severe  step  bunching  was  observed  [3].  This  result  is  in  agreement  with 
the  observation  [5]  stating  that  surfaces  of  SiC  wafers  after  the  micropipe-filling  process  may  be 
significantly  improved  by  subsequent  CVD  growth.  However,  smooth  waves  were  observed  on  the 
surface  of  the  CVD  layer  grown  on  the  RMD  wafer  (Fig.  1).  Reflectance  high-energy  electron 
diffraction  measurements  showed  that  for  both  wafers  the  surface  material  is  a  single  crystal  with  a 
high  degree  of  perfection.  On  both  samples,  sharp  clearly  seen  Kikuchi  lines  were  observed. 

X-ray  rocking  curves  for  the  (0004)  reflection  measured  in  co-20-scanning  geometry  for  both 
samples  were  almost  of  the  same  width  of  about  14  arc  sec.  X-ray  topography  and  EBIC  technique 
revealed  defect  density  reduction  in  the  CVD  layer  grown  on  the  epitaxial  wafer  with  a  reduced 
micropipe  density.  The  EBIC  measurements  were  performed  on  3  mm  diameter  transparent 
Schottky  barriers.  X-ray  topography  was  done  for  (1 128)  and  (1016)  reflections  corresponding  to 
the  x-ray  penetration  depth  of  30  pm  and  10  pm,  respectively.  These  measurements  allowed  us  to 
study  defects  in  the  substrate  and  in  the  CVD  layer.  It  was  found  that  for  4H-SiC  CVD  layer  grown 
on  the  RMD  substrate,  both  micropipe  and  dislocation  densities  were  reduced  in  comparison  with 
that  in  the  initial  wafer  (Fig.  2).  The  EBIC  measurements  showed  that  not  only  the  density  but  also 
the  defect  type  is  different  for  these  samples  (Fig.  3).  Mechanism  of  defect  reduction  is  not  clear 
yet  and  requires  further  investigation.  A  detailed  study  of  the  defect  structure  for  these  samples  is 
under  way. 

Results  of  photoluminescence  measurements  did  not  show  any  significant  difference  for  the 
studied  samples.  For  both  CVD  grown  samples,  an  intense  exiton-related  luminescence  at  photon 
energy  of -3.18  eV  was  detected.  This  line  was  absent  in  the  PL  spectra  measured  for  the  initial 
wafers. 

Deep  level  transient  spectroscopy  (DLTS)  performed  on  Schottky  barriers  detected  a  presence 
of  centers  with  an  ionization  energy  of  0.65  eV,  which  is  probably  the  Z  center,  with  a 
concentration  of  2xl013  cm'3  for  the  layer  grown  on  the  standard  substrate  and  of  9xl012  cm'3  for 
the  sample  grown  on  the  RMD  wafer. 

Schottky  barriers  300  pm  in  diameter  made  without  edge  termination  for  the  CVD  layer  grown 
on  RMD  wafer  had  a  breakdown  voltage  up  to  1500  V  while  the  breakdown  voltage  for  the  CVD 
layer  grown  on  commercial  wafer  did  not  exceed  1 000  V.  Background  donor  concentration,  Nd-Na, 
measured  using  C-V  characteristics  of  the  Schottky  barriers  was  the  same  for  both  samples  (Nd-Na 
~  3x1 015  cm'3). 
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Figure  1.  AFM  image  of  4H-SiC  CVD  layers  grown  on  RMD  wafer. 


b 


Figure  2.  X-ray  topographic  images  of  4H-SiC  sample  with  CVD  layer  grown  on  RMD  wafer  for  (1128) 
reflection  (a)  and  (1016)  reflection  (b).  For  the  (1128)  reflection,  x-ray  penetration  depth  is  less  than  CVD 
layer  thickness. 
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a  b 


Figure  3.  EBIC  surface  images  (xlOO)  measured  using  transparent  Schottky  barriers:  (a)  -  layer  grown  on 
RMD  wafer  and  (b)  -  layer  grown  on  standard  wafer. 

Conclusion 

Defect  density  reduction  was  clearly  demonstrated  for  a  4H-SiC  epitaxial  layer  grown  by  the  CVD 
technique  on  a  4H-SiC  epitaxial  wafer  with  reduced  micropipe  density. 
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Abstract.  6H-SiC  epitaxial  layers  on  a  substrate  with  irregular  distribution  of  dislocations  with 
density  104-105  cm’2  have  been  grown  by  vacuum  sublimation.  X-ray  and  optical  methods  have  been 
used  to  study  structural  defects  in  6H-SiC  substrates  and  epitaxial  layers.  It  is  shown  that  during 
layer  growth  the  structural  perfection  is  improved  as  compared  with  the  initial  state  of  the  substrate, 
namely,  the  dislocation  density  decreases  and  fine  pores  are  overgrown.  With  increasing  layer 
thickness,  this  process  becomes  more  pronounced. 

Introduction.  The  development  of  modem  silicon  carbide  technologies  is  due  to  the  promise  of  this 
material  for  semiconductor  power  electronics.  Only  large  area  devices  are  of  practical  interest. 
However,  fabricating  such  devices  still  encounters  difficulties.  It  is  well  known  that  in  this  case  the 
main  limiting  factor  is  the  high  defect  density  (micropipes,  dislocation)  of  commercial  SiC 
substrates.  Despite  substantial  recent  achievements  in  this  field,  the  problem  of  improving  the 
structural  perfection  of  such  substrates  by  growing  on  them  high-quality  epitaxial  layers  remains 
currently  pressing.  The  possibilities  for  filling  micropipes  in  commercial  SiC  substrates  with  use  of 
liquid  phase  epitaxy  (LPE)  were  reported  in  [1,2].  But  smooth  mirror-like  surface  of  this  wafer 
received  only  after  subsequent  sublimation  growth  of  additional  epilayer  [3].  This  communication 
presents  the  results  obtained  in  determining  the  potential  of  vacuum  sublimation  epitaxy  for 
improving  the  structural  perfection  of  the  initial  substrates. 

Experimental.  A  one  inch  CREE  Co.  (USA)  substrate  with  dislocation  density  in  the  range  of  104- 
105  cm'2  was  chosen  for  experiments.  The  substrate  was  n-type  6H-SiC  oriented  3.5°  off  the  (0001) 
plane.  Epitaxial  layers  were  grown  on  the  Si-face  of  the  substrate  by  vacuum  sublimation  [4,5]  in  a 
vertical  water-cooled  quartz  reactor  at  a  growth  temperature  of  2000°C.  Previously  the  substrate  was 
divided  into  several  pieces  of  area  ~  1cm2.  6H-SiC  epitaxial  layers  of  n-type  conductivity  Nd-Na 
=[(2-5)]xl015cm'3  of  thickness  in  the  range  from  2  to  15  pm  were  grown  at  the  rate  of  15  pm/h. 

The  epilayers  were  studied  by  X-ray  topography  and  diffraction  analysis  and  also  by  optical 
and  scanning  electron  microscopy  (SEM).  X-ray  topography  taken  under  different  geometrical 
conditions  (Lang's  method,  method  of  Berg-Barret  and  method  of  double-crystal  topography)  makes 
it  possible  to  visualize  structural  defects  -  dislocations,  twins,  inclusions,  and  pores  -  present  in  the 
sample  bulk  and  to  determine  their  type  and  distribution  in  relatively  large  samples.  X-ray 
diffraction  analysis  allows  reliably  separating  the  contribution  from  near-surface  and  deeper  lying 
layers  owing  to  different  penetration  depths  for  symmetric  (000.6),  (000.12)  and  asymmetric 
(10  1. 10)  Bragg's  reflection  peaks.  In  addition,  X-ray  diffraction  analysis  enables  qualitative 
analysis  of  the  structural  perfection  of  the  samples  by  measuring  the  full  width  at  half  maximum 
(FWHM)  of  reflection  curves  (©e).  Optical  microscopy  was  used  to  visually  inspect  and  register 
patterns  of  dislocation  etching  pits  and  channels  in  transmitted  and  reflected  light. 
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Fig.  1.  Optical  image  a  Si  face  fragment  of  the  sample  etched  in 
KOH  melt  with  hexagonal  pores  and  shadows  corresponding  to 
projections  of  hollow  channels,  magnification  80x. 


Using  these  mutually 

complementary  methods  secures  receipt  of 
the  most  full  information  about  the 
individual  distribution  of  dislocations  and 
other  defects  (micro-  and  macropipes, 
inclusions,  etc.)  in  substrates  and  layers 
without  mechanically  damaging  them. 
Also  this  allows  one  to  determine 
conditions  for  overgrowing  defects  during 
epitaxial  growth  and  to  correlate  the 
structural  perfection  with  electrical 
parameters  of  the  layers. 

Results  and  discussion.  An  important 
disadvantage  of  commercial  substrates  is 
the  presence  of  a  great  number  of 
micropipes  of  various  dimensions,  having 


a  detrimental  effect  on  characteristics  of 
semiconductor  structures.  Among  other  essential  disadvantages,  mention  should  be  made  of  the 
presence  in  the  substrates  of  strongly  deformed  regions  causing  misorientation  of  separate  parts, 
accompanied  by  an  increase  in  dislocation  density  and  irregular  distribution  of  dislocations  over 
substrate  area. 

Commonly,  substrates  are  etched  in  a  molten  alkali  for  several  minutes  to  reveal  structural 
defects  in  the  sample  bulk  and  obtain  high-quality  X-ray  topographs  [6].  In  the  process,  the  outcrops 
of  screw  dislocations  are  revealed  as  hexagonal  dislocation  etching  pits,  well  visible  under  an 
optical  microscope.  Using  sample  tilt  with  respect  to  the  horizontal  plane,  traces  of  channels 
(shadows)  were  revealed,  running  away  from  pit  images  and  visible  even  at  low  microscope 
magnification  [Fig.  1].  A  more  detailed  inspection  of  the  sample  surface  after  etching  the  substrate 
in  molten  KOH  at  500°C  for  1  min  was  done  using  a  scanning  electron  microscope  [Fig.  2].  Optical 
patterns  corresponded  to  pore  images  in  topographs,  appearing  as  defects  with  black  core  and  light 
halo  of  asymmetric  shape  (rosette),  which  points  to  their  dislocation  nature  (no  adduction  here). 


Fig.2.  SEM  view  of  the  substrate  surface  after  Fig.3.  SEM  view  of  the  substrate  surface  after 

etching  in  molten  KOH  at  500°C  for  I  min.  sublimation  etching  in  vacuum  for  10  min. 


The  advantage  of  the  method  of  sublimation  epitaxy  over  other  techniques  (CVD,  liquid- 
phase  epitaxy)  is  the  possibility  of  in  situ  polishing.  That  is  why  a  SEM  view  of  the  substrate 
surface  was  taken  after  sublimation  etching  in  a  vacuum  at  2000°C  for  10  min  [Fig.3].  The  obtained 
image  strongly  differs  from  that  in  Fig.  2.  Dislocation  pores  with  clear-cut  faceting  are  much  smaller 
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(1  jam  in  diameter  at  most)  and,  moreover,  their  number  in  the  field  of  vision  of  the  microscope  is 
much  smaller  at  the  same  magnification.  The  dislocation  nature  of  these  pores  was  established  by 
comparing  the  SEM  view  and  an  X-ray  topograph  of  the  corresponding  part  of  the  substrate. 

In  our  technology,  sublimation  etching  is  done  immediately  before  layer  growth  by  changing 
the  gradient  sign  in  the  growth  cell.  Consequently,  the  number  of  pores  that  can  grow  into  a  layer  is 
substantially  reduced  already  in  the  first  stage  of  the  epitaxial  process. 

Of  much  interest  was  to  observe  changes  in  pore  size,  depending  on  the  layer  thickness,  on 
growing  epitaxial  layers  on  all  parts  of  the  substrate.  On  Fig.4a  presents  a  SEM  view  of  a  deep  pore 
in  a  layer  of  thickness  7 jam,  grown  on  a  substrate  preliminarily  etched  in  KOH.  The  pore  has  the 
form  of  a  hexagonal  funnel  with  a  deep  channel  with  minimum  visible  diameter  of  about  6  jam. 
Minimum  diameter  of  the  pore  decreased  to  3  jam  [Fig.4b]  with  the  channel  partly  filled  when  the 
ayer  thickness  was  increased  to  15  jam.  At  present  we  have  no  answer  to  the  question  as  to  what 
substance  fills  the  channel.  This  will  be  the  subject  of  further  investigations. 


a)  b) 

Fig.4.  SEM  view  of  hexagonal  deep  pore  after  sublimation  epilayer  growth  on  the  substrate  with  preliminary  etching  in  KOH  melt:  a) 
-epi layer  thickness  7pm;  b)  -  epilayer  thickness  15pm. 


SEM  view  of  deep  pore  in  a  layer  grown  on  6H-SiC  substrate  not  subjected  the  preliminary 
etching  in  KOH  is  presented  in  Fig.5.  The  channel  diameter  does  not  exceed  0.5  jam.  Consequently, 


if  substrate  etching  in  KOH  melt  is  not  necessary 
(the  Si  face  is  already  identified  and  polished  and 
there  is  no  need  to  reveal  defects)  then 
sublimation  growth  combined  with  sublimation 
etching  allows  substantially  reduced  size  and 
number  of  pores  growing  from  the  substrate  into 
the  epilayer. 

X-ray  topographs  taken  on  substrates 
with  epilayers  demonstrated  high  quality  of  the 
process  of  layer  growth  by  the  vacuum 
sublimation  method.  The  layers  obtained  are 
area-uniform.  No  new  structural  defects 
(dislocations,  polytype  particles,  etc.)  are  formed 
during  growth.  Improved  structural  perfection 
was  observed  for  epitaxial  layers  grown  on  all 
parts  of  the  substrate  under  study.  However, 
irregular  distribution  of  growth  defects  over  the 
substrate  area  and  the  presence  of  strongly 


Fig.5.  SEM  view  deep  pore  after  sublimation  growth  of  epilayer 
on  the  substrate  without  preliminary  etching  in  KOH  melt. 
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distorted  regions  affect  the  structural  perfection  of  the  epitaxial  layers.  In  regions  [A]  with  uniform 
distribution  of  basal  dislocations  and  only  isolated  fine  pores  observed  [Fig.6a],  epitaxial  layers 
have  higher  structural  perfection  as  compared  with  the  substrates.  In  these  regions  the  dislocation 
density  is  lower  and  fine  pores  (>l-3  jum)  are  overgrown.  However,  strongly  distorted  regions  [B] 
affect  the  quality  of  epitaxial  layers  [Fig.6b].  In  these  regions,  large  pores  (>10  pm)  and  small-angle 
boundaries  composed  of  sloping  dislocations  grow  into  epitaxial  layers,  and  strong  misorientation 
of  one  parts  with  respect  to  others  can  be  revealed. 

Quantitative  analysis  of  the  structural  perfection  of  the  samples  by  X-ray  diffractometry  [7] 
has  shown  that  for  regions  with  uniform  distribution  of  dislocations  the  FWHM  of  rocking  curves  at 
co-scan  on  (0006)  reflection  decrease  from  18"-21"  to  14"- 16".  In  those  regions  where  the  initial 
substrates  showed  high  FWHM  (40' -60"),  these  same  values  were  observed  after  growing  a  layer. 
Analysis  of  the  substrate  peaks  from  these  regions  by  triple-crystal  diffractometry  has  shown  that 
large  FWHM  values  are  characteristic  of  bending  deformations  and  weak  misoriention  of  substrate 
structure  fragments. 


Fig-6.  X-ray  topographs  of  the  substrate  with  epitaxial  layer,  Bragg's  reflection  101.10,  CuKcc  radiation,  magnification  50x; 
a)  -  region  [A]  with  uniform  distribution  of  basal  dislocation  and  individual  pores;  b)  -  strongly  distorted  region  [B]  with  ensembles 
of  large  pores. 


Summary.  Structural  defects  have  been  studied  in  commercial  6H-SiC  substrates  and  epitaxial 
layers  grown  by  vacuum  sublimation.  It  was  established  that  this  technology  gives  possibility  to 
produce  layers  of  high  structural  perfection.  The  potential  of  the  technique  was  demonstrated  in 
reducing  the  dislocation  density  in  layers  as  compared  with  that  in  the  initial  substrate  and  making 
smaller  the  size  and  number  of  pores  that  have  grown  from  the  substrate  into  the  layer.  Combination 
of  special  technological  procedures  used  in  growth  of  epitaxial  layers  and  a  detailed  analysis  of 
defect  distribution  in  the  substrates  creates  prerequisites  for  successful  use  of  commercial  SiC 
substrates  in  semiconductor  technology. 
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Abstract 

Single  crystal  4H  and  6H  polytypes  of  SiC  have  been  deformed  in  compression  at 
1300 0  C.  Using  two-beam  bright-field  and  weak-beam  dark-field  techniques  of  TEM,  the 
stacking  fault  energy  of  these  two  SiC  polytypes  has  been  determined  to  be  14.7±2.5  m]/m 
(4H-SiC)  and  2.9±0.6  mj/rn  (6H-SiC).  The  experimental  values  of  stacking  fault  energy  for 
4H-  and  6H-SiC  have  been  compared  with  estimates  obtained  from  a  generalized  axial 
next-nearest-neighbor  Ising  (ANNNI)  spin  model.  It  is  found  that  the  theoretical  models 
predict  the  lower  stacking  fault  energy  of  6H-SiC  compared  to  that  of  4H-SiC,  and  the 
predicted  energies  are,  respectively,  within  5%  and  40%  of  the  experimental  values. 

Introduction 

SiC  occurs  in  many  different  phases  (polytypes)  mostly  with  hexagonal  or 
rhombohedral  structure,  generally  known  as  a-SiC,  and  also  a  unique  cubic  phase,  with 
the  zincblende  structure,  known  as  P-SiC.  A  number  of  investigators  have  studied  the 
mechanical  deformation  of  6H-SiC  single  crystals.  The  results  of  these  studies  show  that, 
above  ~1100°C,  plastic  deformation  of  this  material  occurs  by  the  activation  of  the 
(0001)<1120>  slip  system  with  the  uncorrelated  motion  of  partial  dislocations.  From  the 
width  of  partial  separations,  Maeda  et  al  [1]  evaluated  the  stacking  fault  (SF)  energy  of 
6H-SiC  to  be  2.510.9  mj/rn.  In  the  present  paper,  we  report  the  results  of  a  transmission 
electron  microscopy  (TEM)  study  of  dissociated  dislocations  in  6H-  and  4H-SiC  single 
crystals  produced  by  plastic  deformation  at  1300°C.  To  the  author’s  knowledge,  there  are 
no  reports  of  the  dislocation  configuration  in  deformed  4H-SiC,  and  on  the  experimental 
determination  of  the  SF  energy  of  this  polytype.  We  also  use  the  ANNNI  model,  as 
developed  by  Heine  and  coworkers  [2]  to  estimate  the  SF  energy  of  6H-  and  4H-SiC  and 
compare  these  with  the  experimentally-determined  values. 

Experimental  procedures 

The  6H  and  4H-SiC  bulk  single  crystals  used  in  this  study  were  grown  by  the 
modified  sublimation  technique.  Specimens  with  nominal  dimensions  2x2x4  mm  were 
compressed  at  1300°C  to  a  strain  of  -4-6%.  From  the  deformed  specimens,  0.3  mm  thick 
slices  parallel  to  (0001)  were  sectioned  with  a  diamond  wheel  cutter.  Subsequently,  the 
slices  were  ground  with  emery  paper  to  a  thickness  of  -100  jim,  dimpled  to  a  thickness  of 
-20  iim,  and  ion-thinned  to  electron  transparency  at  a  voltage  of  5  kV  at  an  angle  of  -15°. 
The  thin  TEM  foils  were  examined  in  a  Philips  CM20  electron  microscope  operating  at  an 
accelerating  voltage  of  200  kV. 
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Results  and  discussion 

Figure  1  is  a  typical  example  of  the  dislocations  produced  in  a  6H-SiC  single  crystal 
specimen  deformed  to  a  normal  strain  of  2.4%  at  1300°C  at  a  strain  rate  of  6.3xlO'V\  The 
Burgers  vector  of  dislocation  segments  denoted  by  A  and  B  were  determined  using  the 
standard  g.b=0  invisibility  criterion.  Dislocation  A  is  out  of  contrast  with  reflection 
g=  21 10  [Fig.  1(b)].  This  indicates  that  A  is  a  partial  dislocation  with  a  Burgers  vector 
bA=i/3  [0110].  On  the  other  hand,  dislocation  B  is  out  of  contrast  with  g=1210  [Fig.  1(c)]. 
This  indicates  that  the  Burgers  vector  of  dislocation  B  is  bB=l/3  [  1010].  Figure  1(d)  shows 
a  dark-field  micrograph  of  the  dislocation  configuration  in  the  same  region  taken  with 
g=[  1011  ]  near  the  [1012]  zone  axis.  It  clearly  shows  the  stacking  fault  contrast  between  the 
two  partials  that  lie  on  the  same  basal  plane  confirming  that  A  and  B  are  the  two  partials 
of  the  same  dissociated  b=l/3[1120]  dislocation.  Similar  micrographs  from  other 
dislocation  segments  in  this  specimen  confirmed  that  all  the  dislocations  observed  in  the 

deformed  6H-SiC  sample  are  indeed  partial  dislocation  pairs  of  dissociated  b=l/3<  1120  > 
dislocations. 


Fig.  1  Dissociated  dislocations  in  6H-SiC  introduced  by  compression  at  1300  °  C. 

The  stacking  fault  energy,  },  of  a  dissociated  dislocation  segment  can  be  obtained  by 
balancing  it  to  the  sum  of  the  self  energies  of  the  two  partials  plus  their  interaction  energy. 
For  an  anisotropic  hexagonal  structure,  y  is  related  to  the  separation  distance,  d,  of  the  two 
partials  of  a  dissociated  dislocation  by  the  following  equation  [3]: 
b2 

7  =  — ■  - {(3 sin2  0-cos2  0)K,  +^3 cos2  0-sin2  0^3  j 


(1) 
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where  b- |  b|  is  the  magnitude  of  the  Burgers  vector  of  the  perfect  dislocation,  (j)  is  the 
angle  between  the  Burgers  vector  and  dislocation  line,  and  Kt  and  K3  are  the  energy  factors 
calculated  from  elastic  constants. 

As  expected,  the  separation  distance,  <5,  of  the  dissociated  dislocations  in  6H-SiC  is 
much  larger  than  in  other  tetrahedrally  coordinated  semiconductors.  Using  Eq.  1,  the 
stacking  fault  energy  of  6H-SiC  was  calculated  to  be  2.9+0.6  mj/m2. 

The  stacking  fault  energy  of  4H-SiC  was  estimated  from  the  minimum  radius  of 
extended  nodes  produced  by  the  deformation  process  (e=4.2%,  T=1300°C,  £  =3.0xl0V). 
Such  an  extended  node,  consisting  of  dislocation  arms  A,  B  and  C,  is  shown  in  the  weak- 
beam  image  of  Fig.  2.  The  Burgers  vectors  of  the  three  arms  were  determined  by  the 
standard  g.b=0  invisibility  criterion.  Dislocation  A  is  out  of  contrast  with  g=1120  [Fig. 
2(c)].  This  indicates  that  segment  A  is  a  partial  dislocation  with  a  Burgers  vector 
bA=l/3[1100] .  On  the  other  hand,  dislocations  B  and  C  are  out  of  contrast  with  g=2110 
[Fig.  2(b)]  and  g=1210  [Fig.  2(a)],  respectively.  Thus,  the  Burgers  vector  of  dislocations  B 
and  C  is  bB=l/3[0110]  and  bc=l/3[10l0] ,  respectively.  Figure  2(d)  shows  the  node  imaged 
with  the  reflection  g=Iori  near  the  [1012]  zone  axis.  Similar  to  the  case  of  6H-SiC  in  Fig. 
1(d),  the  stacking  fault  contrast  within  the  extended  dislocation  node  ABC  is  in  contrast, 
confirming  that  all  the  three  partials  lie  on  the  same  (0001)  basal  plane. 


Fig.  2  Micrographs  of  an  extended  node  in  4H-SiC  introduced  by  compression  at  1300  °  C. 

According  to  Brown  and  Tholen  [4],  the  minimum  radius  of  an  extended  dislocation 
node  is  given  by: 
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yco 


-  0.05 5|  — — —I  -  0.061 
pK  U-v 


(i-vy 


cos  2  a 


0.018 


f2 


U-v 


v  ]  +  o.036f— |cos2a 


U-vJ 


logio(p/e) 


(2) 


where  ji  is  the  shear  modulus,  bp  is  the  length  of  the  partial  dislocation  Burgers  vector,  w  is 
the  radius  of  the  inscribed  circle  in  the  node,  v  is  Poisson's  ratio,  a  is  the  character  of  the 
partial  at  the  midpoint  of  the  node,  p  is  the  loop  radius  and  e  is  the  cut-off  radius  taken  to 
be  equal  to  bp.  Using  this  equation,  and  the  elastic  coefficients  of  Lambrecht  et  ah  [5],  the 
node  radius  gives  a  value  of  >=12.2+1.1  mj/m2.  Additional  measurements  from  partial 
separations  showed  that  the  stacking  fault  energy  of  4H-SiC  is  )4H=14.7±2.5  mj/m2.  Note 
that  the  SF  energy  of  4H-SiC  is  nearly  4-5  times  larger  than  that  of  6H-SiC  (=2.9±0.6 
mj/ra2). 

The  SF  energy  per  SiC  layer  can  be  written  as  [6]: 

-  -  E  (faulted)  -  E (perfect)  ,  . 

where  A  is  the  area  per  atom  in  the  (0001)  plane. 

The  energy  of  a  crystal  of  n  layers  is  calculated  from  the  following  equation  (see  Ref.  [2]): 

nE=nE0-yyjj<7itri+j  (4) 

i— 1  j=i 

Calculation  results  show  that  y4H  is  proportional  to  J2,  the  interaction  between  fourth- 
nearest  neighbor  bonds,  while  y6H  is  proportional  to  J3/  the  interaction  between  sixth- 
nearest  neighbor  bonds.  Using  the  interaction  parameters  of  Limpijumnong  and 
Lambrecht  [7],  we  obtain  >4H=20.035  mj/m  (4H)  and  >6H=2.759  m}/m2  (6H),  respectively. 
The  reason  that  >4H  is  larger  than  y6H  is  that  J2  is  a  shorter  range  interaction  than  J3.  This  is 
consistent  with  the  experimental  results  (>4H=14.7±2.5  mj/tn  vs.  >6H=2.9±0.6  mj/rn);  the 
theoretically  estimated  values  differ  from  the  experimental  values  by  ~5%  (6H)  and  -40% 
(4H). 
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Abstract  Bulk  single  crystals  of  4H-SiC  have  been  deformed  in  compression  at  low  strain  rates  in 
the  temperature  range  900°C-1360°C  and  their  microstructures  have  been  observed  by  TEM. 
Results  of  mechanical  tests  show  that  the  variation  of  the  yield  stress  as  a  function  of  temperature  is 
not  monotonous  but  decreases  strongly  for  T>1 100°C.  It  is  observed  that  deformation  proceeds  by 
leading  Si(g)  partials  at  T<1000°C,  total  dislocations  at  T>1200°C  and  mixture  of  leading  Si(g) 
partials  and  total  dislocations  between  1050°C  and  1 150°C. 


Introduction 

The  availability  of  almost  defect-free  single  crystals  of  SiC  with  relatively  large  dimensions 
has  made  it  possible  to  study  the  bulk  plasticity  of  this  material.  This  coincides  with  a  renewal  of 
interest  in  the  field  of  plasticity  of  semiconducting  materials,  something  that  is  primarily  promoted 
by  new  measurements  of  the  yield  stress  (xy)  as  a  function  of  temperature  in  several  IH-V 
compounds  (InP,  GaAs,  InSe)  [1,2].  In  fact,  a  plot  of  ln(xy)  versus  1/T  shows  two  straight  lines  with 
different  slopes.  The  intersection  of  these  lines  occurs  at  a  critical  temperature  Tc  which  is  assumed 
to  correspond  to  a  change  of  deformation  mechanism.  Similar  results  were  found  in  the  wide 
bandgap  semiconductors  4H-SiC  and  6H-SiC,  deformed  at  a  constant  (slow)  strain  rate  (3.1xlO'5  s* 
*)  [3].  The  critical  temperature  Tc  seems  to  be  close  to  1 100°C  for  both  materials,  but  the  number  of 
experiments  at  T>1 100°C  was  not  enough  to  determine  the  critical  temperature  accurately.  The  aim 
of  the  present  study  is  to  deform  the  4H-SiC  single  crystals  between  900°C  and  1360°C  in  order  to 
obtain  accurate  data  for  xy  in  this  temperature  range.  The  microstructure  of  deformed  samples  was 
investigated  by  transmission  electron  microscopy  (TEM). 

Experimental  procedure 

The  4H-SiC  bulk  single  crystal  was  provided  by  Cree  Research  Inc.  (Durham,  North 
Carolina,  USA)  and  was  grown  by  a  modified  sublimation  technique.  The  nitrogen  content  was  ~ 
2xl018  cm'3.  Samples  with  nominal  dimensions  ~  2.2x2.2x4.7  mm3  were  prepared  from  this  crystal 
and  oriented  by  the  X-ray  Laue  back-reflection  technique  such  that  their  basal  plane  was  at  45°  to 
the  compression  axis.  Each  specimen  thus  had  the  optimal  orientation  for  maximum  resolved  shear 
stress  (i.e.  Schmid  factor,  S=0.5)  for  one  of  the  three  independent  (2TTo}(0001)  primary  slip 
systems.  After  cutting,  all  the  faces  of  each  specimen  were  ground  using  a  20  pm  diamond- 
impregnated  disc  followed  by  a  9  pm  and  3  pm  diamond  polish.  The  samples  were  tested  using  a 
MTS  machine  equipped  with  an  electromechanical  actuator,  in  a  specially  machined  polycrystalline 
SiC  jig.  Tests  were  conducted  at  temperatures  between  900°C  and  1360°C,  in  an  inert  atmosphere 
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of  ultra-high  purity  argon  gas,  at  the  initial  strain  rate  of  3.6x1  O'5  s'1.  From  the  deformed  samples 
(plastic  strain  £  *  1.5  %),  0.3  mm  thick  slices  parallel  to  (0001)  plane  were  cut  with  a  diamond  saw. 
Subsequently,  the  slices  were  ground  with  emery  paper  followed  by  a  3  jum  and  1  ^tm  diamond 
polish  to  a  thickness  of  «  100  pm,  dimpled  to  a  thickness  of  «  20  pm,  and  ion-milled  to  electron 
transparency.  The  thin  TEM  foils  were  examined  in  a  Philips  CM20  electron  microscope  at  an 
accelerating  voltage  of  200  kV, 

Results  and  Discussion 

Fig.  1  shows  the  variation  of  the  critical  resolved  shear  stress  or  yield  stress  (xy)  as  a  function 
of  deformation  temperature.  The  value  of  xy  was  assumed  to  be  the  stress  value  at  the  onset  of  non¬ 
linearity  after  the  elastic  region  of  the  engineering  stress-strain  curve,  multiplied  by  the  Schmid 
factor  (S=0.5),  assuming  that  slip  occurred  on  the  (2 TTo)(0001)  primary  slip  system.  Error  bars 
indicate  the  accuracy  in  determination  of  the  onset  of  non-linearity.  It  must  be  noted  that,  in  the 
lower  stress  regions  of  deformation  curves,  irregularities  have  been  sometimes  observed,  in  spite  of 
the  precautions  taken  in  the  experimental  procedure.  Stress-strain  curves  are  not  straight  and  show 
zig-zags.  The  more  surprising  is  that  this  occurs  at  high  temperature,  in  the  temperature  range  where 
the  samples  are  assumed  to  be  ductile.  The  same  events  have  been  already  pointed  out  in  Ref.  [3]. 
Currently,  no  explanation  can  be  given  to  this  behaviour. 

As  shown  in  Fig.  1,  the  lower  the  temperature,  the  higher  the  xy  value,  indicating  that,  as  in 
other  semiconducting  materials,  deformation  of  4H-SiC  is  a  thermally  activated  process.  At  the 
strain  rate  used  in  this  study,  it  was  difficult  to  obtain  plastic  deformation  below  =  1000°C  without 
some  fracture  occurring  in  the  samples.  This  means  that  the  actual  values  of  xy  below  this 
temperature  are  probably  a  little  higher  than  those  indicated  in  Fig.  1.  However,  at  T  >  1100°C, 
significant  plastic  deformation,  more  than  1%,  could  be  achieved. 


T(°C) 

Fig.  1.  Variation  of  the  yield  stress  (xy)  versus  temperature  (T). 


One  way  to  represent  the  variation  of  the  yield  stress  of  semiconductors  with  respect  to 
temperature  is  to  plot  ln(xy)  versus  1/T,  as  suggested  by  the  kink-diffusion  model.  The  activation 
energy  for  the  glide  of  dislocations  responsible  for  crystal  deformation  (Q)  is  assumed  to  be 

independent  of  stress  (xy),  and  the  stress-dependence  of  the  plastic  strain  rate  ( Y )  is  introduced  in  a 
pre-exponential  term  as, 
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Y=  ATyexp(-%T),  Eq.  1 

where  A  is  a  constant  and  n  is  the  stress  exponent. 

Fig.  2  is  the  plot  obtained  from  present  experiments.  The  variation  of  ln(Ty)  can  be  described 
by  two  straight  lines,  with  a  break  around  1100°C.  In  a  previous  study  on  4H-SiC  from  Northrop- 
Grumman  deformed  at  3.1xl0'5  s'1  [3,4],  this  break  was  suspected,  but  the  number  of  experiments 
(five  experiments  at  600-700-900-1100  and  1300°C),  especially  those  at  T>1 100°C,  was  not  enough 
to  assert  it  unambiguously.  From  Fig.  2,  variations  of  ln(Ty)  versus  1/T  between  1 100  and  1360°C 
can  be  described  by  a  line  with  a  slope  Q/n  =1.8  eV,  with  an  estimated  accuracy  of  0.2  eV.  Below 
1100°C,  the  slope  of  ln(ty)  versus  1/T  is  difficult  to  determine  with  good  accuracy  due  to  the 
occurrence  of  microcracks  in  the  deformed  samples,  and  also  the  restricted  temperature  range 
explored.  In  contrast,  in  the  previous  study,  reported  in  Refs.  [3,  4],  the  slope  was  estimated  to  be 
Q/n  =  0.7  ±  0.3  eV  between  600  and  1 100°C. 


Fig.  2.  ln(xy)  versus  1/T. 

Fig.  3  shows  the  weak-beam  TEM  micrograph  of  4H-SiC  deformed  at  (a)  1000  °C,  (b) 
1 100  °C  and  (c)  1360  °C.  All  micrographs  are  observed  with  the  electron  beam  close  to  the  [0001] 
direction.  Below  1000  °C,  dislocations  are  relatively  linear  compared  with  those  at  the  higher 
temperature.  Combining  the  g  -b  contrast  experiments  with  large  angle  convergent  beam  electron 
diffraction  (LACBED)  shows  all  the  dislocations  to  be  leading  single  partial  with  a  silicon  core, 
without  the  associated  trailing  partials.  The  Burgers  vector  of  dislocations  is  parallel  to  the  <  1100 > 
directions.  Between  1050-1 150  °C,  as  shown  in  Fig.  3(b),  the  microstructure  consists  of  perfect 
dislocation  (denoted  by  A  and  B)  and  single  leading  partials  (denoted  by  C).  This  indicates  that 
deformation  of  the  4H-SiC  at  this  temperature  range  proceeds  by  nucleation  and  glide  of  two 
different  types  of  dislocations:  single  leading  Si(g)  partials  as  well  as  total  dislocations.  Above 
1200°C  however,  as  shown  in  Fig.  3(c),  the  microstructure  consists  of  dissociated  dislocation 
comprised  of  leading/trailing  partial  pairs,  as  denoted  by  the  two  partials  A  and  B.  Tilting 
experiments  near  the  [  1012  ]  zone  axis  clearly  show  a  ribbon  of  intrinsic  stacking  fault  between  the 
leading  and  trailing  partial  dislocations.  It  has  already  been  argued  in  Ref.  [4]  that  there  are  two 
competing  mechanisms  for  generating  the  dislocations  in  deformed  semiconductor  materials.  Thus, 
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at  higher  temperatures,  thermal  activation  is  sufficient  to  form  the  trailing  partials  with  the  higher 
activation  energy  and  plastic  deformation  proceeds  by  the  glide  of  total  dislocations.  In  contrast,  in 
the  samples  deformed  below  1000  °C,  where  the  only  leading  partial  dislocations  can  be  nucleated 
without  corresponding  trailing  partials,  the  crystal  will  be  not  ductile  and  small  strains  are  obtained 
in  compression.  From  the  above  results,  it  is  interesting  to  note  that  in  the  temperature  between 
1050-1 150  °  C  deformation  proceeds  by  the  nucleation  of  single  leading  Si(g)  partials  as  well  as  total 
dislocations.  The  transition  occurs  in  the  deformation  microstructure  from  the  leading  partial  to 
total  dislocations  is  well  correlated  to  the  variation  of  ln(xy)  (Fig.l)  around  1100°C.  In  order  to 
determine  the  stress  exponent  n  and  the  activation  energy  Q  below  and  above  1100°C  accurately, 
deformation  experiment,  as  strain  rate  jumps,  are  in  progress.  In  addition,  other  experiments  at 
lower  strain  rate  are  planned  to  investigate  the  influence  of  these  parameters  on  the  transition 
temperature. 


Fig.3.  Weak-beam  TEM  microstructure  of  4H-SiC  deformed  at  (a)1000°C,  (b)1100°C  and  (c) 
1360°  C. 
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Abstract:  Transmission  electron  microscopy  (TEM)  images  of  3C-SiC  thin  films  on  Si  (111) 
grown  by  solid-source  molecular  beam  epitaxy  (MBE)  often  reveal  interfacial  voids  just 
underneath  the  film  because  of  the  Si  outdiffusion  from  the  substrate  into  the  layer.  The  same 
phenomenon  can  be  seen  in  the  2H-A1N  thin  film  /  Si  (1 1 1)  heterosystem  grown  by  plasma- 
assisted  MBE.  We  demonstrate  in  both  cases  the  influence  of  growth  parameters  on  the 
created  voids.  In  the  SiC/Si  system  we  show  an  important  influence  of  the  growth 
temperature.  At  850°C  a  well-known  triangular  void  is  formed,  whereas  at  1050°C  we  found 
an  unusual  hexagonal  void  shape.  In  this  case  not  only  low  surface  energy  {111}  facets  form 
the  void  shape,  but  also  facets  with  higher  surface  energy.  We  discuss  this  new  appearance  as 
a  void  shape  which  is  near  the  equilibrium  void  shape  in  a  cubic  crystal.  In  the  AIN/Si 
heterosystem  the  initial  covering  of  the  substrate  has  an  influence  on  the  amount  of  the  Si 
outdiffusion  and  therefore  on  the  size  of  the  voids.  In  samples  with  an  initial  nitrogen  cover 
the  Si  content  in  the  AIN  layer  is  higher  (~1021  cm'3)  and  the  voids  are  more  larger  compared 
to  samples  with  an  initial  A1  cover  (Si  content  ~1018  cm 3). 

1. Introduction 

Silicon  carbide  (SiC)  is  a  leading  wide-band-gap  semiconducting  material  with  unique  thermal, 
electronical  and  physical  properties  which  make  it  suitably  for  high  power,  high  temperature  and 
high  frequency  devices  [1].  Aluminium  nitride  (AIN)  is  a  wide-band-gap  III-V  compound  with 
desirable  thermal  conductivity,  chemical  and  thermal  stability,  electrical  resistivity,  and  acoustical 
properties.  Therefore  it  can  be  a  promising  material  for  applications  in  microelectronic  and 
optoelectronic  devices  such  as  passivation  and  dielectric  layers  in  integrated  circuits,  short 
wavelength  emitters,  high  frequency  surface  acoustic  wave  (SAW)  devices  [2],  and  also  as  a 
template  substrate  for  epitaxial  group  III  nitride  layers  [3].  The  heteroepitaxial  growth  of  cubic  (3C) 
SiC  thin  films  on  Si  and  the  growth  of  hexagonal  (2H)  AIN  thin  films  on  Si  is  a  challenging  task 
due  to  the  large  mismatches  in  lattice  constants  (-20%)  and  thermal  expansion  coefficients  but  the 
deposition  allows  to  integrate  the  SiC  and  the  nitride  technology  into  the  mature  Si  technology. 

In  the  heteroepitaxy  of  these  two  materials  on  Si  one  of  the  problems  is  the  Si  outdiffusion  from  the 
substrate  into  the  layer  during  the  film  growth  process.  That  can  lead  to  a  formation  of  voids  at  the 
film/substrate  interface  just  beneath  the  film  [4,5,6].  This  poses  a  great  problem  in  device 
applications  requiring  an  excellent  interface  such  as  the  wide-band-gap  emitter  SiC/Si  heterobipolar 
transistor  (HBT)  [7].  First  the  void  creation  has  to  be  understood  before  it  can  be  avoided. 

In  SiC/Si(lll)  it  is  known  [8]  that  the  interfacial  voids  are  formed  by  coalescence  of  Si  vacancies 
which  result  from  the  Si  outdiffusion  into  the  growing  SiC  film.  The  void  shape  in  a  Si(lll) 
substrate  is  always  described  as  reverse  truncated  trigonal  pyramid  [9],  mainly  facetted  by  {111}. 
We  found  an  unusual  hexagonal  shape  of  the  voids  [10]  which  have  not  been  reported  so  far. 
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In  the  A1N/Si(lll)  heterosystem  an  outdiffusion  of  the  Si  also  takes  place  from  the  film/substrate 
interface  into  the  layer  and  leads  under  special  conditions  to  a  void  creation  [5,6].  There  should  be 
the  same  void  creation  process  as  described  in  the  SiC/Si  case  because  the  Si  outdiffusion  as  the 
reason  is  similar.  To  the  best  of  our  knowledge  we  found  no  description  about  the  interfacial  voids 
in  the  A1N/Si(l  11)  case  in  the  literature. 

In  this  work  we  show  by  transmission  electron  microscopy  (TEM)  studies  that  the  appearance  of  the 
interfacial  voids  is  influenced  in  both  cases  by  special  film  growth  parameters  .  In  the  3C-SiC/Si 
heterosystem,  deposited  by  solid-source  MBE,  we  compare  the  influence  of  the  substrate 
temperature  (850°C  (for  more  details  see  [11])  and  1050°C  (for  more  details  see  [12])  on  the 
resulting  void  shape.  We  discuss  the  appearance  of  void  facets  with  higher  surface  energy  than 
Si{l  1 1 }-  In  the  2H-A1N/Si  heterosystem,  deposited  by  plasma-assisted  MBE  [13],  we  compare  the 
influence  of  the  initial  process  (A1  cover  or  nitridation)  on  the  Si  substrate  during  the  film  growth. 
We  discuss  how  the  initial  process  has  an  influence  on  the  Si  content  in  the  grown  AIN  film  and 
therefore  on  the  size  of  the  created  interfacial  voids. 


2.  Results 


2.1.  SiC/Si(lll)  heteroepitaxial  system 

2. 1. 1  Triangular  void  shape  at  850°C  substrate  temperature 

Figure  1  (a)  Plan-view  brigth-field  TEM  image, 
obtained  in  the  [111]  zone  of  Si,  and  (b)  high- 
resolution  cross-sectional  bright-field  TEM 
image,  viewing  along  the  [1-10]  zone  axis  of  Si, 
showimg  the  shape  of  an  interfacial  triangular 
void 


Figure  1  shows  TEM  images  of  an  interfacial  void  in  a  SiC  thin  film  specimen  grown  at  850°C 
substrate  temperature  on  Si  (1 1 1).  In  the  plan-view  TEM  image  (Fig.  la)  the  exact  void  shape  as  a 
triangular  is  seen.  This  is  formed  by  the  energetically  favourable  {111}  planes  in  the  Si  substrate 
showing  the  typical  angle  of  70.53°  between  them.  The  cross-sectional  HRTEM  image  in  the  [1-10] 
zone  (Fig.  lb)  shows  a  {110}  facet  between  the  {111}  planes.  Although  they  have  a  higher  surface 
energy  [14],  their  occurrence  reduces  the  surface  area  and  the  entire  surface  energy  of  the  void  [10]. 

2.1.2  Hexagonal  void  shape  at  1050°C  substrate  temperature 

Figure  2  (a)  Plan-view  brigth-field  TEM  image, 
obtained  in  the  [111]  zone  of  Si,  and  (b)  high- 
resolution  cross-sectional  bright-field  TEM  image 
(zone  axis  close  to  the  [1-10]  of  Si)  showing  the 
shape  of  an  interfacial  hexagonal  void 


Figure  2  shows  an  unusual  void  shape  in  a  SiC  specimen  grown  at  1050°C  substrate  temperature  on 
Si  (111).  The  modification  to  the  hexagonal  void  is  possible  to  see  in  the  plan- view  TEM  image 
(Fig.  2a).  There  are  truncations  of  the  comers  compared  to  the  regular  shape  of  a  hexagon.  All  facets 
of  the  hexagonal  void  are  indexed  in  the  cross-sectional  HRTEM  image  (Fig.  2b).  In  addition  to 
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facets  of  a  triangular  void  ({111},  {HO}),  other  facets  (see  indexes  in  Fig.  2b)  with  higher  surface 
energies  [14]  are  formed.  Their  appearance  can  be  explained  due  to  the  higher  substrate  temperature 
during  the  growth  [10]. 

2.2  AIN/Si(l  11)  heteroepitaxial  system 


2.2.1  Voids  in  specimens  with  initial  nitridation 


Figure  3  Cross-sectional  bright-field  TEM  images  of  the  same  void  in  different  zone  axes  of  Si 
(tilted  perpendicular  to  the  [111]  Si  axis),  (a)  and  (c)  show  two  <110>  zones  ([1-10]  and  [0-11], 
tilt  of  60°)  and  (b)  shows  the  [1-21]  zone  which  is  exactly  between  them  (30°) 


The  cross-sectional  TEM  images  in  Figure  3  show  the  same  void  in  [1-10]  (a),  in  [1-21]  (b),  and  in 
[0-11]  respectively  zone  axis  orientation  at  the  interface  in  a  A1N/Si(lll)  system.  The  layer  was 
grown  under  initial  nitridation  of  the  Si  substrate.  The  void  is  relatively  elongated  along  the 
interface  underneath  the  layer.  The  main  facets  are  the  Si  {112}  planes  which  could  be  indexed  in 
the  different  Si  <1 10>  zone  axes  (see  Fig.  3a, c).  A  small  truncation  at  {100}  planes  is  seen. 


2.2.2  Voids  in  specimens  with  an  initial  aluminium  cover 


Figure  4  Cross-sectional  TEM 
images  of  the  same  void  in 
different  zone  axes  of  Si  (tilted 
perpendicular  to  the  [111]  Si 
axis),  (a)  at  [1-10]  zone  and 
(b)  at  [1-21]  zone  axis 
orientation  (tilt  of  30°  between 
them),  (c)  showing  the  void 
edge  (arrowed  in  (a)).  Note  the 
bright  contrast  along  the 
AIN/Si  interface  starting  at  a 
defect  (arrowed)  and  ending  at 
the  void  edge  (right-hand  side) 


Figure  4a, b  shows  in  cross-sectional  view  the  void  shape  in  a  specimen  with  an  initial  A1  cover  on 
the  Si(l  11)  substrate.  These  micrographs  are  taken  at  the  same  magnification  and  at  the  same  zone 
axes  orientation  as  shown  in  Fig.  3a, b.  Here  also  the  Si  {112}  facets  are  important  but  this  void  is 
dominantly  truncated  by  facets  ({111},  {100},  and  {113})  (compared  with  Fig.  3).  The  result  is  a 
smaller  expansion  of  the  voids  along  the  interface  underneath  the  AIN  film.  As  the  depth  of  the 
voids  in  both  cases  is  very  similar,  the  voids  volume  is  smaller  in  case  of  an  initial  A1  cover.  SIMS 


524 


Silicon  Carbide  and  Related  Materials  - 1999 


measurements  have  proved  that  the  Si  content  in  the  sample  with  the  initial  A1  cover  is  much  lower 
(  10  cm' )  than  in  the  specimen  with  initial  nitridation  (~1021  cm"3).  Figure  4c  shows  a  arrowed 
part  of  Fig.  4a  at  higher  magnification.  A  stripe  of  bright  contrast  along  the  AIN/Si  interface  is 
obviously  seen  starting  at  a  surface  defect  of  the  Si  substrate  (arrowed)  and  ending  at  the  void  (right- 
hand  side).  Because  of  the  lighter  contrast,  there  should  be  less  amount  of  material,  which  can  be 
explained  by  Si  diffusion  from  the  defect  as  an  energetically  favourable  place  along  the  interface  to 
the  already  created  void. 

3.  Conclusions 

Interfacial  voids  formed  in  the  Si  (1 1 1)  substrate  underneath  the  film  were  investigated  by  TEM  in 
the  3C-SiC/Si(l  1 1)  and  in  the  2H-A1N/Si(lll)  heteroepitaxial  systems.  We  demonstrated  the 
influence  of  special  growth  parameters  on  the  shape  of  the  created  voids. 

In  the  SiC/Si  case  we  found  an  influence  of  the  growth  temperature  on  the  void  shape.  At  850°C  a 
well-known  triangular  void  with  its  primary  {111}  facets  was  founded  and  indexed.  At  1050°C  an 
unusual  hexagonal  void  shape  was  created.  In  the  latter  case  not  only  low  surface  energy  facets 
({111}  Si)  were  observed,  but  also  facets  with  higher  surface  energy  [14].  Their  appearence  can  be 
understood  due  to  the  higher  mobility  of  the  Si  adatoms  on  these  facets.  Therefore  a  void  shape 
approaching  the  equilibrium  shape  in  Si  (tetrakaidecahedron  [14])  could  be  reached. 

In  the  AIN/Si  heterosystem  we  found  an  influence  of  the  initial  covering  of  the  Si.  The  volume  of 
the  interfacial  voids  and  the  Si  content  in  specimens  with  an  initial  nitridation  are  larger  than  in 
samples  with  an  initial  A1  cover.  For  these  reasons  we  assume  that  an  initial  nitridation  process  not 
absolutely  leads  to  a  thin  silicon  nitride  layer  which  prevents  the  Si  outdiffusion.  This  seems  to  be  in 
agreement  with  [15]  where  is  reported  based  that  a  considerable  amount  of  N  species  migrates  into 
the  subsurface  layers  of  the  substrate. 

The  authors  would  like  to  thank  Dr.  Andreas  Fissel  and  Vadim  Lebev  for  providing  the  specimen. 
This  work  was  supported  by  the  Deutsche  Forschungsgemeinschaft. 
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Abstracts 

Cubic  3C-SiC  has  been  heteroepitaxially  grown  on  the  top  Si  layer  of  SIMOX 
(separation  by  implantation  of  oxygen)  by  chemical  vapor  deposition.  One  of  the  films  is 
grown  on  a  SIMOX  that  has  a  thick  (-200  nm)  topmost  Si  layer  while  the  other  is 
deposited  on  a  SIMOX  with  a  thin  (-35  nm)  topmost  Si  layer.  The  microstructure  of  two 
such  films  has  been  compared  by  cross-sectional  and  plan-view  transmission  electron 
microscopy.  The  defects  in  both  films  are  predominantly  planar  in  nature.  The  defect 
density  of  3C-SiC  epilayer  deposited  on  the  thin  Si  substrate  is  much  lower  than  that  on 
the  thick  Si  substrate.  The  difference  in  the  defect  content  of  the  two  systems  is  tentatively 
attributed  to  the  difference  in  compliance  of  the  two  substrates. 

Introduction 

The  electronic  properties  of  an  epitaxial  film  are  related  to  its  crystalline  quality  and, 
thus,  the  microstructure  of  SiC  epitaxial  layers  grown  on  various  substrates  have  been 
extensively  studied  by  many  researchers  [1,2].  One  of  the  interesting  SOI  structures  is 
SIMOX  (separation  by  implantation  of  oxygen)  that  is  fabricated  by  implanting  a  high 
dose  of  oxygen  into  a  standard  silicon  substrate.  The  multilayer  structure  of  SIMOX 
consists  of  two  silicon  layers  separated  by  an  Si02  layer:  Si(II)/Si02/Si(I).  Standard 
SIMOX  is  fabricated  by  a  single  high-dose  oxygen  implantation  (1.5  to  1.8x10  O  cm  at 
150  to  200  kV)  followed  by  annealing  at  or  above  -1300  °C  to  regrow  the  silicon  and 
redistribute  the  oxygen.  This  process  results  in  a  SIMOX  structure  that  has  a  silicon  top 
layer,  Si(II),  of  about  140  to  240  nm  thick  and  a  buried  SiOz  layer  of  about  350  to  400  nm 
thick.  On  the  other  hand,  an  ultrathin  SIMOX  structure  with  a  35  nm  silicon  top  layer  is 
produced  by  ion  implantation  at  30  kV  followed  by  high-temperature  annealing  using  a 
multiple  implantation  process  [3].  Because  of  the  higher  compliancy  of  thin  Si  layers,  it  is 
expected  that  when  an  ultrathin  SIMOX  wafer  is  used  as  a  substrate  for  3C-SiC  epitaxy, 
the  density  of  lattice  defects  in  the  SiC  film  would  be  lower  as  compared  to  that  in  SiC 
films  deposited  on  standard  SIMOX  and/or  bulky  Si  substrates.  In  the  present  study,  we 
examine  the  microstructure  of  3C-SiC  films  grown  on  both  thin  (newly-developed  [3])  and 
thick  (standard)  Si(II)  layer  of  SIMOX  substrates  by  transmission  electron  microscopy 
(TEM).  As  expected,  we  find  a  pronounced  difference  in  the  defect  density  between  the 
two  different  substrates. 
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Experimental  procedures 

5  iim,  20  fim  and  40  iim- thick  epilayers  of  3C-SiC  were  respectively  deposited  on 
thick  and  thin  (0001)  SIMOX  at  1350°  C.  The  thick  SIMOX  consisted  of  -200  nm  top  layer 
of  Si(II)  on  a  -400  nm-thick  layer  of  SiOz.  On  the  other  hand,  the  thin  SIMOX  had  a  -35 
nm  layer  of  Si(II)  on  a  -40  nm- thick  Si02  layer.  For  TEM  thin  foil  preparations,  the 
conventional  sandwich  technique  was  used  for  cross-sectional  foils  with  the  foil  surface 
normal  to  the  [110]Si  direction.  The  multi-layer  samples  were  ground  with  emery  papers 
to  a  thickness  of  approximately  100  j um,  dimpled  to  a  thickness  of  15  pm,  and  subsequently 
ion-thinned  to  electron  transparency.  Due  to  the  very  different  thinning  rates  between  Si 
and  SiC,  a  low  angle  (-6-7°)  was  adopted  for  ion-beam  thinning.  In  order  to  analyze  the 
defect  density  more  accurately,  plan-view  TEM  specimens  were  also  prepared  using  one- 
side  thinning  from  the  back  Si(I)  layer.  TEM  observations  were  carried  out  in  a  Philips 
CM20  electron  microscope  operated  at  200  kV. 

Results  and  discussion 

Cross-sectional  bright-field  TEM  micrographs  of  the  3C-SiC  film  on  (a)  thick  SIMOX 
and  (b)  thin  SIMOX  are  shown  in  Fig.  1.  They  are  obtained  from  a  region  close  to  the 
SiC/Si(II)  interface.  Thin  and  thick  Si(II)  top  layer  of  both  SIMOX  samples  are  clearly 
observed.  As  expected,  the  defect  density  decreases  in  going  away  from  the  SiC /Si(II) 
interface  towards  the  SiC  surface  [4,5].  This  is  consistent  with  previous  results  in  3C-SiC 
epitaxial  films  and,  indeed,  films  of  other  compound  semiconductors  [6]  grown  on  Si 
substrates.  The  defect  density  seems  to  be  lower  in  Fig.  1(b)  (deposition  on  the  thin  SIMOX) 
than  in  Fig.  1(a)  (deposition  on  the  thick  SIMOX  sample).  In  Fig.  1(a),  there  is  a  highly 
strained  region,  extending  by  about  2  [im  from  the  SiC/Si(II)  into  the  SiC  epilayer;  it  is 
impossible  to  resolve  the  defects  in  this  region  within  the  resolution  of  the  present  TEM 
experiments.  On  the  other  hand,  in  the  case  of  the  thin  SIMOX  (Fig.l  (b)),  the  highly 
strained  region  at  the  SiC/Si(II)  interface  is  somewhat  less  extended.  Also,  as  reported  for 
the  SiC/Si  system,  the  majority  of  the  lattice  defects  are  planar  faults  with  most  of  them 
being  stacking  faults  (SFs)  or  microtwins.  As  judged  from  the  <110>  trace  directions  of  the 
SFs,  they  lie  on  inclined  {111}  planes  as  shown  in  the  upper-right  hand  side  of  Fig.l  (b). 


Fig.  1.  Cross-sectional  TEM  micrograph  of  the  3C-SiC  film  close  to  the  SiC/Si(II)  interface  in 
(a)  thick  SIMOX  and  (b)  thin  SIMOX. 
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A  further  comparison  was  made  by  preparing  plan-view  TEM  foils  from  the  two 
systems  with  observations  made  along  the  B=[001]  electron  beam  direction  (Fig.  2).  The 
micrographs  are  obtained  from  a  region  close  to  the  top  3C-SiC  surface.  The  majority  of  the 
defects  in  Fig.  2  are  SFs,  similar  to  the  defects  observed  in  the  cross-sectional  micrographs  of 
Fig.  1.  The  difference  in  the  SF  arrangement  between  cross-sectional  (Fig.  1)  and  plan-view 
(Fig.  2)  observations  lies  in  the  different  projection  of  the  equivalent  {111}  planes  along 
<110>  and  <001>  directions.  In  one  case  (cross-sectional  direction),  the  projection  of 
stacking  fault  intersections  makes  an  angle  of  70.32  ° ,  while  in  the  other  case  (plan-view), 
the  projected  intersections  are  at  90  ° .  The  lengths  of  SFs  in  the  thin  SIMOX  is  rather  shorter 
than  those  in  the  thick  SIMOX.  Furthermore,  the  SF  density  in  the  thick  SIMOX  is 
approximately  twice  as  large  as  that  in  the  thin  SIMOX. 


Fig.  2.  Plan-view  TEM  micrograph  of  the  3C-SiC  film  close  to  the  film  surface  in  (a)  thick 

SIMOX  and  (b)  thin  SIMOX. 

A  reasonable  explanation  for  the  difference  in  the  density  of  planar  faults  in  the  two 
films  is  the  higher  compliance  of  the  thin  Si(II)  substrate  in  the  thin  SIMOX  as  compared 
to  that  in  the  thick  SIMOX.  In  a  low  stacking  fault  energy  material  such  as  SiC  ()»2.9 
mj/m2),  the  film /substrate  lattice  and/or  thermal  mismatches  are  predominantly  relaxed 
by  nucleation  of  partial  dislocations  at  the  interface,  and  their  subsequent  glide  on  {111} 
planes  that  give  rise  to  stacking  faults.  If  the  substrate  is  more  compliant,  then  it  will 
accommodate  part  of  these  interfacial  stresses  by  itself  and  result  in  a  lesser  residual  stress 
in  the  film  [7].  In  order  to  compare  the  stress  of  the  Si(II)  layer  in  the  thick  and  the  thin 
SIMOX,  detailed  cross-sectional  TEM  of  this  region  were  performed  (see  Fig.  3).  Clearly,  a 
much  higher  density  of  defects  can  be  observed  in  the  thin  Si(II)  layer  (Fig.  3(b))  than  in 
the  thick  Si(II)  layer  (Fig.  3(a)).  This  indicates  that  the  Si(II)  layer  in  the  thin  SIMOX  is 
more  compliant  than  that  in  the  thick  SIMOX,  and  is  plastically  deformed  by  the  epitaxial 
stresses.  Thus,  there  is  a  lesser  fraction  of  epitaxial  stresses  that  is  accommodated  by  the 
defects  in  the  3C-SiC  epilayer.  Hence,  the  relaxation  of  the  film  occurs  by  nucleation  and 
glide  of  a  lower  density  of  partial  dislocations.  For  this  increased  compliancy  of  the  Si 
substrate,  it  is  of  course  essential  that  the  underlying  amorphous  Si02  layer  be  able  to 
relax.  In  fact,  the  glass  transition  temperature,  Tg,  of  Si02  is  (depending  on  the  cooling 
rate)  about  1100 0  C  [8].  Since,  the  growth  temperature  used  for  depositing  SiC  on  the  thin 
Si  top  layer  of  SIMOX  is  -1350  °  C,  stress  release  by  structural  relaxation  in  Si02  should  be 


528 


Silicon  Carbide  and  Related  Materials  - 1999 


appreciable  because  this  is  above  T  and  is  able  to  partially  relax  the  elastic  stresses 
transmitted  to  it  by  the  overlaying  Si(II)  wafer. 


Si 


1 0  0  nrn 

"  -+ 

Fig.  3.  Cross-sectional  TEM  micrograph  of  the  Si(II)  substrate  in  (a)  thick  SIMOX  and  (b) 
thin  SIMOX. 
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Abstract:  The  improvement  of  the  stability  in  the  SiC/  Silicon-On-Insulator  system  by  partial  or 
complete  replacement  of  the  Si02  by  Si3N4  was  studied  by  Transmission  Electron  Microscopy 
(TEM).  The  beneficial  effects  of  the  nitrogen  implantation  for  the  reduction  of  cavities,  which  are 
formed  in  the  Si  side  at  the  SiC/Si  interface  during  the  epitaxial  growth  of  3C-SiC,  are  shown. 
The  high  dislocation  density  developed  in  the  Si-overlayer  during  nitrogen  implantation  does  not 
affect  the  quality  of  the  3C-SiC  overgrown. 

Introduction 

Cubic  SiC  thin  films  deposited  on  Si  On  Insulator  (SOI)  are  very  promising  as  sensing 
elements  for  the  control  of  processes  occurring  at  high  temperatures  and  in  harsh  environment. 
SiC  films,  deposited  on  silicon  substrates  have  the  potential  for  such  extreme  range  applications. 
However,  the  intrinsic  conductivity  of  silicon  at  high  temperatures,  short-circuits  the  SiC  sensing 
element.  This  can  be  avoided  by  using  SiC  on  SOI  wafer,  which  ensures  the  insulation  of  the  SiC 
overgrown  from  the  Si-substrate  [1].  However  cavities  which  are  formed  in  the  Si-overlayer  at 
the  SiC/Si  interface  during  the  early  stage  of  the  SiC  deposition  may  cause  serious  implications 
during  the  micro-machining  process. 

There  are  three  main  reasons  for  the  formation  of  the  cavities[2]. 

i-  consumption  of  Si  for  the  formation  of  the  SiC  buffer  layer  during  the  carbonization  process  [3] 

ii- out-diffiision  of  Si  through  the  SiC  during  the  early  stage  of  growth  [4]. 

iii- ball-up  of  the  Si  at  the  edges  of  the  cavities.  This  occurs  in  the  SiC/SOI  wafer  due  to 
instability  of  the  Si/Si02  system  at  high  temperatures  [5]. 

In  this  paper  the  improvement  of  the  stability  in  the  SiC/SOI  system  by  partial  or 
complete  replacement  of  the  Si02  by  Si3N4  was  studied  by  Transmission  Electron  Microscopy 
(TEM). 

Experimental  procedure 

The  3C-SiC  was  deposited  on  commercially  available  high  quality  SOI  wafers 
(UNIBOND®)  from  SOITEC.  The  deposition  was  carried  out  in  a  low  pressure  CVD  reactor  at 
1200°C  using  methylsilane  [6]. 

The  buried  Si02  was  partially  replaced  by  Si3N4  in  SOI  wafers  by  low  dose  nitrogen 
implantation  lxl017N+cm‘2,  with  an  energy  of  80  keV  at  500  °C,  which  results  in  a  maximum  N- 
concentration  directly  at  the  Si-overlayer/BOX  interface  of  the  SOI  sample.  After  a  subsequent 
annealing  for  two  hours  at  1100°C  in  nitrogen  atmosphere,  an  intermediate  thin  Si3N4  layer, 
about  5nm  thick,  was  formed  between  the  Si-overlayer  (SOL)  and  the  Buried  Oxide  (BOX).  SOI 
specimens  were  also  implanted  with  the  same  dose  and  higher  energy,  180keV,  so  that  the 
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implanted  nitrogen  was  well  inside  the  BOX.  After  the  subsequent  annealing  an  intermediate  thin 
Si3N4  layer  was  formed  between  the  SOL  and  the  BOX.  This  is  expected  because  nitrogen  under 
a  high  temperature  annealing  preferentially  migrates  to  the  Si/Si02  interfaces  [7].  No  defects  due 
to  the  low  dose  nitrogen  implantation  were  observed  in  the  implanted  and  subsequently  annealed 
specimens. 

High  dose  nitrogen  implantations  were  performed  in  order  to  replace  the  BOX  by  a  buried 
nitride  layer.  Two  Si  wafers  were  implanted  with  high  nitrogen  doses  to  form  Si3N4  buried  layers. 
In  the  first  was  implanted  with  nitrogen  dose  lXlO^N* cm"5  and  energy  130keV,  at  implantation 
temperature  650°C.  The  specimen  was  subsequently  annealed  at  1150°C  for  two  hours,  so  that  a 
silicon  nitride  buried  layer  about  200nm  thick  was  formed.  A  2.8pm  thick  3C-SiC  film  was 
deposited  under  standard  deposition  conditions  (specimen  LI 7 13).  The  second  specimen  was 
implanted  with  a  dose  0.8X1018N+cm‘2  and  energy  130keV,  at  implantation  temperature  500°C, 
subsequently  annealed  at  1000°C  for  two  hours.  A  2.8pm  thick  3C-SiC  film  was  deposited  on  this 
specimen  (L1707). 

Results  and  discussion 

The  density  and  the  size  of  the  cavities,  which  are  formed  in  the  Si-overlayer  during  SiC 
deposition  on  SOI  wafers  is  higher  than  in  the  bulk  silicon  wafers,  because  in  bulk  Si  the 
substrate  is  the  reservoir  for  the  Si  supply.  When  bulk  Si  is  replaced  by  SOI  wafers  only  the  thin 
SOL  is  the  Si  supplier.  However  due  to  the  limited  thickness  of  the  SOL  the  density  and  the  size 
of  the  cavities  were  directly  measured  by  Atomic  Force  Microscopy.  In  this  way  quantitative 
measurements  of  the  silicon  migration  from  the  SOL  during  SiC  deposition  were  performed  [6]. 
a)  Low  dose  nitrogen  implantation 

The  stability  of  the  SOI  structure  was  substantially  improved  by  the  formation  of  an 
intermediate  5nm  thick  SLN4  layer  between  the  SOL  and  the  BOX  after  the  low  dose  nitrogen 
implantation  and  subsequent  annealing  [7].  The  cross-section  TEM  micrograph  (XTEM)  of  this 
structure  after  SiC  deposition  is  shown  in  Fig. la.  The  letter  N  in  Fig. la  denotes  the  thin  SisN4 
layer,  which  was  formed  at  the  SOL/BOX  interface.  Small  cavities  were  formed  close  to  the 
SiC/Si  interface.  In  general  the  cavities  are  not  extended  to  the  Si/Si02  interface  where  the  thin 
Si3N4  layer  was  formed,  A  reference  specimen  not  implanted  with  nitrogen,  is  shown  in  Figlb.  In 
this  sample  the  cavities  were  extended  deeper  into  the  BOX,  denoted  by  the  letter  C  in  Fig.  lb. 


Fig.l  XTEM  micrographs  a)  SiC  deposited  on  a  UNIBOND  wafer  implanted  with  low  dose  nitrogen. 
Small  cavities  were  formed  at  the  SiC/Si  interface.  The  rich  in  nitrogen  zone  at  the  Si/Si02  interface  is 
denoted  by  the  letter  N.  b)  SiC  deposited  on  a  non  implanted  part  of  the  specimen.  Large  cavities,  denoted 
by  the  letter  C,  are  extended  to  the  BOX.  The  dash  line  marks  the  initial  Si/Si02  interface.  Significant 
redistribution  of  Si  occurred. 

b)  High  dose  nitrogen  implantation 

In  the  specimen  L1713  the  silicon  nitride  buried  layer  was  amorphous  about  200nm  thick 
[8].  Threading  dislocations  were  formed  in  the  SOL  with  a  density  of  10ucm"2  as  shown  in 
Fig.2a.  During  the  SiC  deposition  at  1200°C  annihilation  of  the  defects  in  the  SOL  occurs  and  the 
dislocation  density  was  reduced  to  5xl09cm'2,  as  shown  in  Fig.2b,  also  the  Si3N4  buried  layer  was 
partially  crystallized.  In  spite  of  the  high  density  of  the  defects  in  the  SOL,  the  quality  of  the 
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deposited  SiC  is  comparable  with  those  of  the  standard  3C-SiC  epitaxially  grown  on  Si,  i.e. 
Stacking  Fault  (SF)  density  5xl09cm"2  and  Antiphase  Boundaries  (APBs)  5xl08cm‘2  [9].  The 
good  quality  of  the  uppermost  SiC  film  is  shown  in  the  XTEM  micrograph  in  Fig. 2c  and  the 
plane  view  TEM  micrograph  in  Fig. 2d.  Small  spherical  cavities  with  density  of  the  order 
5xl08cm‘2,  were  formed  in  the  SOL  at  the  SiC/Si  interface.  This  density  is  comparable  with  the 
density  of  the  threading  dislocations  in  the  SOL,  it  is  evident  that  the  cavities  are  preferentially 
generated  at  the  dislocations.  Due  to  their  small  size  none  of  the  cavities  was  extended  up  to  the 
SOL/ShN4  interface. 

In  the  specimen  LI 707  the  nitrogen  dose  was  lower  and  the  dislocation  density  before  SiC 
deposition  was  1010cm'2.  After  deposition  the  dislocation  density  was  reduced  to  5xl07cm'2. 


Fig.2  Formation  of  Si3N4  buried  layer  after  high  dose  nitrogen  implantation  (lXlO^N^cm'2)  into  Si 
(specimen  L1713)  a)  As  implanted,  a  high  density  of  dislocation  is  evident  in  the  SOL  b)  After  3C-SiC 
deposition.  Small  cavities  in  the  SOL  are  denoted  by  the  letter  C.  The  Si3N4  buried  layer  was  partially 
crystallized,  only  the  central  part  remains  amorphous.  The  relation  of  the  cavities  with  the  dislocations  in 
the  SOL  is  shown  in  the  inset  c)  The  3C-SiC  at  the  uppermost  part  of  the  film,  the  quality  is  comparable  to 
the  standard  3C-SiC/Si.  d)  PVTEM  micrograph. 


Fig.3  Cavities  formed  in  the  SOL  of  the  specimen  L1707  implanted  with  a  nitrogen  dose  O.SXIO^N*  cm'2, 
exhibiting  a  low  dislocation  density,  a)  A  typical  cavity  in  the  SOL  before  touching  the  Si/Si3N4  interface, 
having  the  form  of  a  reverse  tetragonal  pyramid  b)  After  touching  the  Si3N4  buried  layer  the  cavity  takes 
cylindrical  shape.  The  cavity  is  not  extended  into  the  Si3N4  buried  layer. 


532 


Silicon  Carbide  and  Related  Materials  - 1999 


In  this  case  the  density  of  the  cavities  was  5X106cm'2  having  the  typical  shape  of  the 
reverse  tetragonal  pyramids,  as  shown  in  Fig.  3  a.  When  these  pyramids  touch  the  SOL/Si3N4 
interface  take  a  cylindrical  form  with  vertical  walls  as  shown  in  Fig.3b.  No  decomposition  of  the 
ShN4  buried  layer  was  observed  when  the  cavities  touch  the  SOL/Si3N4  interface  as  frequently 
occurs  in  the  SiC>2  buried  layer  [6].  This  is  because  silicon  nitride  has  the  strongest  covalent-bond 
property  next  to  silicon  carbide.  No  balling-up  of  the  Si  in  the  SOL,  at  the  edges  of  the  cavities, 
was  observed  reviling  the  enhanced  stability  of  the  S^Ni/Si  system  at  high  temperatures  [5]. 

In  spite  of  the  high  density  of  the  defects  in  the  SOL  the  quality  of  the  deposited  SiC  is 
comparable  to  the  standard  3C-SiC  epitaxially  grown  on  the  Si  wafers,  as  shown  in  the  XTEM 
micrograph  taken  from  the  uppermost  part  of  the  film,  in  Fig.2c. 

The  dislocation  density  in  the  SOL  was  substantially  reduced  when  the  nitrogen  dose  was 
reduced,  specimen  L1707.  The  lower  dislocation  density  does  not  improve  the  quality  of  the  SiC 
overgrown.  This  can  be  explained  by  taking  into  account  that  the  defect  density  of  the  SiC  near 
the  SiC/Si  interface  is  about  two  orders  of  magnitude  higher  than  the  dislocation  of  the  Si- 
overlayer.  Therefore  the  dislocations  in  the  SOL  do  not  affect  the  growth.  Moreover  the  existing 
dislocations  in  the  SOL  facilitates  the  relaxation  of  the  SiC/Si  system.  This  is  in  agreement  with 
3C-SiC  films  grown  on  thin  Si-overlayers  of  SIMOX  [10]. 

Conclusions 

The  formation  of  cavities  can  not  be  fully  avoided  because  these  are  related  with  the 
formation  of  the  first  layer  of  SiC  after  carbonization,  also  with  the  out-diffusion  of  Si  from  the 
SOL  during  the  early  stage  of  SiC  deposition.  The  SfeN*  buried  layer  remains  stable  not  affected 
by  the  cavities.  No  balling-up  of  the  SOL  at  the  edges  of  the  cavities  was  observed  revealing  the 
very  good  wetting  of  the  Si/  Si3N4  interface. 

The  cavities  are  preferentially  formed  at  the  dislocations.  When  the  number  of  dislocations 
is  high,  the  density  of  the  cavities  is  also  high  and  the  size  of  the  cavities  is  small.  This  means  that 
by  controlling  the  density  of  the  dislocations  we  can  control  the  size  and  the  density  of  the 
cavities  in  the  SOL. 
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Abstract:  High-resolution  transmission  electron  microscopy  (HRTEM)  images  of  the  [1-10] 
and  [1 1-20]  zones  of  cubic  and  hexagonal  SiC  layers  grown  by  molecular  beam  epitaxy  (MBE) 
often  reveal  regions  of  material  exhibiting  an  unusual  periodicity.  We  describe  the 
identification  of  3  and  4-fold  periodicities.  The  3-fold  contrast  was  found  in  earlier  works  of 
Jepps  and  Page  to  appear  in  HRTEM  images  of  polycrystalline  SiC  when  it  was  attributed  to 
the  9R-SiC  polytype.  In  this  paper  we  demonstrate  by  HRTEM  image  simulations  that  the 
models  of  the  9R  and  the  12H  polytypes  can  fit  qualitatively  the  experimental  HRTEM  images. 
However,  by  comparison  of  the  FFT  patterns  of  the  experiments  and  the  simulations,  we 
demonstrate  that  the  periodical  structures  disagree  with  the  9R  and  12H  polytypes.  We  show 
unambiguously  that  the  model  of  overlapping  crystals  does  fully  match  the  experiments. 

l.Introduction 

SiC  polytype  band-gap  differences  can  be  used  to  form  novel  electronic  device  structures 
grown  on  SiC  substrates  in  case  the  growth  condition  for  different  SiC  polytypes  can  be  controlled 
exactly.  This  in  turn  requires  fine  scale  structural  analysis  of  the  SiC  stacking  sequences  in  order  to 
understand  and  thereby  gain  insight  into  how  to  control  the  different  modes  of  growth.  In  principle 
the  stacking  sequence  in  SiC  may  range  from  2  to  oo,  however,  only  a  few  polytypes,  i.e.  6H,  3C, 
4H,  15R  and  2H  are  usually  observed  within  polycrystalline  SiC  [1], 

High  resolution  transmission  electron  microscopy  (HRTEM)  of  the  [1-10]  zone  axis  of  cubic 
SiC  (or  the  corresponding  [11-20]  zone  axis  for  hexagonal  SiC),  coupled  with  a  careful 
investigation  of  the  diffraction  intensities,  is  capable  of  providing  a  direct  representation  of  the 
stacking  sequence  of  the  SiC  polytypes  [2]  and  allows  the  spatial  occurrence  of  various  structures  to 
be  investigated.  Examples  of  rare  polytypes  such  as  21R,  129R  and  9R  have  been  identified  within 
small  parts  of  specimen  volumes  of  polycrystalline  SiC  [3].  In  particular,  the  9R  polytype  was 
described  on  the  basis  of  HRTEM  observations  [2],  as  an  important  structural  intermediary  between 
SiC  twinning.  The  stacking  of  layers  within  the  9R  polytype  can  be  described  using  the  Hagg 
notation  as  [++-++-++-++-...]  with  a  spacing  of  0.252  nm  between  the  layers.  The  repetition  occurs 
each  three  layers,  making  a  0.756  nm  repeat  unit,  as  observed  experimentally  [3].  The  electrical 
properties  of  the  9R  polytype  have  been  calculated  [4]  and  its  comparatively  wide  band-gap  would 
make  its  controlled  growth  a  very  interesting  task  for  future  device  development. 

When  growing  SiC  layers,  conditions  for  the  controlled  overgrowth  of  3C-SiC,  6H-SiC  and 
4H-SiC  by  molecular  beam  epitaxy  (MBE)  on  6H  or  4H-SiC  substrates  have  been  found  based  on 
their  different  nucleation  stages  [5].  In  addition,  we  obtained  layers  comprising  only  a  3 -fold 
superstructure  when  growing  at  low  temperatures  (<1200K)  under  conditions  for  cubic  growth  [6]. 
Comparison  of  our  3 -fold  structure  and  the  reported  9R  polytype  [3]  show  that  these  images  were 
visually  identical.  However,  as  shown  by  HRTEM  image  simulation,  the  experimentally  observed 
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Fig.  1  110  HRTEM  image  of  a  SiC 
layer  showing  cubic  crystals  P,  and  P2 
in  twinned  orientation  and  an  unusual 
3-fold  periodicity  in  region  03  of 
0.75nm  spacing  together  with  the 
SAED  pattern  of  region  03  Note  the 
reflection  perpendicular  to  the  1-11 
growth  direction. 


contrast  can  be  fitted  either  by  the  9R 
polytype  model  or  by  a  model  of 
overlaying  twins  [7].  When  growing  at 
high  substrate  temperatures  (>1500K) 
alternatively  at  conditions  for  cubic  and 
hexagonal 

growth,  3C  and  4H  layers  could  be 
grown  on  top  of  each  other  [8].  Within 


these  layers  we  found  material  exhibiting  a  4  to  12  fold  superstructure. 

The  purpose  of  this  paper  is  to  consider  the  origin  of  these  structural  phases  and  to 
demonstrate  that  the  periodical  structures  can  be  easily  misinterpreted  as  new  polytypes  such  as  9R 
or  12H. 

2.  Results 

2.1.  TEM  images 

Fig.  1  shows  a  HRTEM  image  of  a  SiC  thin  film  grown  on  a  4H-SiC  substrate  at  a  substrate 
temperature  of  1500K.  Along  with  regions  of  perfect  3C-SiC  polytype  denoted  Pi  and  P2  (Pi  and  P2 
are  in  twin  orientation),  a  region  (denoted  O3)  showing  the  3-fold  periodicity  with  a  spacing  of  0.75 
nm  (arrowed)  is  observed  in  the  layer.  In  the  corresponding  selected  area  electron  diffraction 
(SAED)  pattern  of  region  O3  (insert)  the  3 -fold  periodicity  can  be  seen  by  the  appearance  of  extra 
reflections  in  1/3  and  2/3  of  the  1-11  reflection.  It  is  noted  that  there  exists  a  reflection  (arrowed) 
that  is  perpendicular  to  the  growth  direction  ([1-11]  direction).  Detailed  HRTEM  and  selected  area 
diffraction  investigation  of  many  different  cubic  SiC  layers  grown  under  different  conditions  always 
associated  this  3-fold  periodicity  with  twinning,  either  spread  through  the  whole  layer  or  visible  in 
small  parts  of  the  specimen  volume  only. 

The  layered  specimen  in  Fig.  2  was  grown  at  1500K  (in  the  case  of  3C  growth  )  and  1600K 
(in  the  case  of  4h  growth)  substrate  temperature.  (For  more  detail  see  [8]).  In  Fig.  2a  an  image  is 
shown  where  regions  of  4H-SiC  and  3C-SiC  can  be  distinguished.  In-between  exists  a  region 
marked  04  showing  an  unusual  4-fold  periodicity  which  differs  significantly  from  the  4-fold 
contrast  in  the  4H-SiC  structure  making  an  3nm  repeat  as  marked.  The  SAED  pattern  in  the  insert 
corresponds  to  the  region  04.  It  shows  12  reflections  within  the  gMl  vector  of  4nm'1  .  As  can  be 
seen  in  the  high  resolution  image  of  the  right  lower  part  of  region  (\  the  contrast  varies  strongly  in 
dependence  on  the  imaging  conditions  used,  as  tilt,  defocus  and  specimen  thickness. 
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Fig.2  a)  110  Bright  field  image  of 
3C  and  4H-SiC  on  4H-SiC 
substrate.  A  region  marked  04 
shows  an  unusual  4-fold 
periodicity  together  with  the 
SAED  patterns.  Note  the 
reflection  perpendicular  to  the 
growth  direction. 

In  b)  a  part  of  region  04  is  seen  in 
higher  resolution  which  shows  that 
the  contrast  is  strongly  dependent 
on  the  imaging  conditions. 


2.2  9R  and  12H  image  simulation 

Image  simulations  for  the  9R-SiC  polytype  and  12H-SiC  were  performed  for  conditions  of  different 
thickness,  defocus  and  crystal  tilt.  It  was  possible  to  choose  some  which  reflect  main  details  of  the 

3 -fold  respectively  4-fold 
contrast.  However,  more 
detailed  inspection  of  the 
simulations  highlights  the 
principle  discrepancies 

between  the  experimental  and 
simulated  images  which  are 
also  clearly  seen  when 
comparing  the  FFT  patterns 
from  the  simulations  (Fig.  3  a, 
b)  with  the  SAED  patterns 
from  the  experimental  images 
(see  back  Fig.  1,  and  2a).  As 
can  be  noted,  only  the 
experimental  patterns  show  a  reflection  perpendicular  to  the  growth  direction.  For  example,  the  9R- 
SiC  structure  exhibits  no  3-fold  translation  repeat  in  the  [1-11]  direction,  because  the  stacking 
sequence  is  [ABCBCACAB...]  or  similarly,  the  12H-SiC  structure  exhibit  no  exact  4-fold 


■otto 


Fig.3  Simulated  diffraction  patterns  of  a)9RSiC  and  b)  12HSiC. 
Note  that  no  reflection  perpendicular  to  the  growth  direction  is 
present. 
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translation  repeat  as  the  stacking  is  [ABCACABCBCAB...].  In  summary,  we  now  can  conclude  that 
the  3 -and  4-fold  periodicities  observed  are  not  due  to  the  9R  and  12H-SiC  polytypes. 

2  3  Image  simulations  of  the  overlay  model 


Fig.  4  shows  calculated  images  for  the  case  of  overlapping  4H-SiC  and  3C-SiC  crystals  (Fig.  4a) 
and  overlapping  cubic  crystals  in  twinned  orientation  (Fig.  4c)  together  with  their  calculated 
diffraction  patterns  (Fig.  4b,  d).  The  calculations  were  performed  for  equal  thicknesses  of 


Fig.4  Calculated  images  of  overlaying  a)  4H-SiC  and  3C-SiC  and  b)  3C  crystal  in  twinned  orientation 
crystals  of  the  same  thickness.  Note  the  reflection  perpendicular  to  the  growth  direction, 
the  overlaying  crystals.  The  reflections  perpendicular  to  the  growth  direction  is  marked.  In  order  to 
perform  a  calculation  as  close  to  the  proposed  experimental  image  as  possible,  a  simulation  was  also 
performed  assuming  different  thicknesses  of  the  overlaid  crystals.  The  result  give  a  good  principal 
agreement. 

Thus,  we  can  unambiguously  conclude  that  the  periodicities  within  the  HRTEM  images  of 
thin  SiC  films  arises  because  of  the  overlap  of  crystal  domains. 

3.  Conclusions 

Comparison  of  FFT  patterns  from  experimental  and  simulated  images  of  MBE  grown  thin 
SiC  films  confirmed  that  the  unusual  3 -fold  and  4-fold  contrast  observed  within  some  regions  of 
HRTEM  images  was  due  to  the  overlap  of  crystals  in  these  foil  regions  rather  than  being  due  to  the 
presence  of  the  rare  9R  or  12H-polytype. 

Our  result  may  be  more  generally  valid  for  crystals  forming  twins  or  forming  different 
polytypes.  When  these  crystals  overlap,  a  superperiodicity  arises  in  the  [110]  structural  projection 
and  hence  within  the  associated  [110]  HRTEM  image  which  can  be  easily  misinterpreted  as  a  new 
polytype.. 

The  author  thank  Dr.  Andreas  Fisselfor  providing  the  SiC  material,  Jorg  Jinschekfor  sample  preparation 
and  the  Sonderforschungsbereich  196  (No. AO 3)  and  the  Transform  Program  01  BM  804/5  for  financial 
support. 
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Abstract  Pores  in  4H  porous  SiC  were  found  to  propagate  first  nearly  parallel  with  the_basal  plane 
and  then  gradually  change  plane  of  propagation  from,  e.g.,  (1104)  to  (1103)  and  (1102)  etc.  A 
disordered  phase  is  formed  at  the  interface  between  the  pores  and  the  crystalline  SiC.  Optical 
analysis  of  this  phase  reveals  a  more  dielectric  like  nature  of  the  material  compared  to  crystalline 
SiC.  The  measured  electrical  resistivity  at  296  K  and  347  K  were  2.9  x  10*  •  cm  and  9.2  x  107  •  cm, 
respectively. 

1.  Introduction 

Since  the  first  report  on  electrochemical  etching  of  crystalline  SiC  in  hydrofluoric  acid  (HF)  [1], 
a  considerable  attention  has  been  paid  to  better  understanding  the  physical  properties  of  the  material 
which  is  known  as  porous  SiC  (PSC).  The  anodization  results  in  formation  of  a  high  surface  area 
material  with  room-temperature  light-emitting  properties  much  stronger  than  those  obtained  from 
bulk  SiC  [2].  Of  special  importance  here  is  the  simplicity  and  the  high  etching  rate  of  the 
electrochemical  process.  The  promising  luminescence  properties  of  PSC  open  up  application 
possibilities  within  SiC-based  integrated  electronics.  Further  applications  of  PSC  in  areas  such  as 
optics,  gas-  and  biosensor  technologies  may  also  be  realized.  Applications  of  PSC  demand  a 
detailed  understanding  of  the  microstructure  and  its  correlation  with  fabrication  parameters  such  as 
HF-concentration,  applied  current  density,  illumination,  doping  type  and  levels.  In  this  report,  we 
focus  our  investigation  on  the  microstructure,  optical  and  electronic  properties  of  4H-PSC.  It  has  to 
be  noted  that  4H-SiC  is  the  most  promising  polytype  for  high  temperature  and  high  power  devices 
due  to  its  wide  bandgap  and  high  electron  mobility  [3].  Anisotropic  etching  is  encountered  with  in 
porous  silicon  [4]  and  porous  GaAs  [5].  A  similar  phenomenon  is  observed  in  4H-SiC  as  will  be 
discussed  here. 

2.  Preparation  and  characterization 

PSC  samples  were  prepared  using  n-type  4H-SiC  wafers  of  doping  around  lxl 019  cm3.  Photo- 
assisted  electrochemical  anodization  was  performed  on  the  polished  silicon  face  of  the  samples 
using  a  24  W  UV-light  source  and  in  a  mixture  of  HF,  water  and  ethanol  (volume  ratio  1 .5  :  2.5  :  6). 
The  applied  current  density  was  25  mA/cm2. 

The  cross-sectional  transmission  electron  microscopy  (XTEM)  sample  preparation  consisted  of 
clamping  two  sample  pieces  with  their  PSC  side  face  to  face  in  a  titanium  grid  and  glued  together 
using  a  mixture  of  araldite  and  graphite  powder.  The  sample  was  then  ground  mechanically  down  to 
about  50  pm  using  a  30  pm  diamond  paper.  Final  thinning  to  make  the  sample  electron  transparent 
was  done  in  a  Baltec  RES  010  precision  ion  mill  operated  at  8.0  kV  and  4.5  mA  with  Ar  as  sputter 
gas.  The  TEM  images  were  recorded  using  Philips  CM20  UT  microscope,  operated  at  200  kV  using 
a  LaB6  filament.  SEM  studies  were  done  using  a  1550  FEG  instrument  from  Leo  Co.,  USA.  The 
image  contrast  was  obtained  using  secondary  electron  mode  with  an  accelerating  voltage  of  5  kV.  A 
variable  angle  infrared  ellipsometer  (J.  A.  Woollam  Co.,  USA)  operated  in  the  photon  energy  range 
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0.03-0.98  eV  was  used  for  optical  investigation  of  the  material.  Optical  modeling  is  realized  using 
multiple  sample  analysis  [6]  of  two  samples  with  etching  times  of  5  s  and  1  min.  The  optical 
characteristics  of  crystalline  SiC  and  an  amorphous  phase  (AP)  are  modeled  using  a  parametric 
equation  which  is  a  sum  of  so  called  ionic  and  Drude  expressions  [7].  Electrical  characterization  has 
been  performed  in  order  to  determine  the  electrical  resistivity  of  PSC  layers.  For  this  measurements 
a  back  side  substrate  contact  was  employed  by  depositing  Ni  and  subsequent  annealing  at  950°C  to 
form  the  silicide  for  obtaining  a  good  ohmic  behaviour.  For  the  front  side  on  PSC,  circular  dots  of 
diameter  1.2,  0.8,  0.6,  0.3  and  0.1  mm  were  deposited  in  vacuum.  Current  voltage  (I-V) 
measurements  were  performed  using  a  Keithley  237  source-measure  unit.  These  measurements  were 
performed  at  room  temperature  and  347  K. 

3.  Results  and  discussions 

Figure  1  shows  an  XTEM  image  of  a  1.7  pm  thick  PSC  sample  along  (1 120)  plane.  Close  to  the 
PSC/ambient  interface,  the  cross-sections  of  channels  which  propagate  in  a  direction  out  from  the 
plane  are  visible.  In  general,  these  channels  are  well  separated  with  little  interconnection.  This  is  the 
indication  of  etching  in  directions  other  than  along  c-axis.  In  a  number  of  cases  two  or  more 
adjacent  channels  are  connected  by  an  elongated  pore  in  the  plane  of  the  image.  These  pores  have  a 
relatively  low  angle  with  the  PSC/ambient  interface.  Further  down,  most  of  the  pores  take  on 
roughly  triangular  or  v-shaped  forms.  The  change  in  the  shape  of  the  pores  is  due  to  an  increase  of 
branching  and  channel  interconnections  with  depth.  These  pores  and  the  fact  that  they  pose  a  limited 
extent  in  the  plane  of  the  image  is  an  evidence  for  existence  of  a  zigzag  shaped  morphology  where 
channels  suddenly  change  direct  ind  proceed  along  other  planes  with  similar  preferential  etch 
properties. 


Fig.  1  XTEM  image  of  a  1.7  fjm 
PSC  sample  with  an  etching  time 
of  1  min  along  (1120)  plane. 
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Fig.  2  XSEM  image  of  a  13.5  pm  PSC  sample 
with  an  etching  time  of  10  min  close  to  the 
PSC/SiC  interface. 


The  shape  of  the  pores  and  their  cross-sections  are  primarily  decided  by  the  crystallographic 
planes  along  which  SiC  dissolution  is  taking  place.  The  triangular  channel  cross-sections  were  used 
to  identify  the  crystallographic  orientation  of  the  preferential  etch  planes.  Near  the  PSC  surface,  the 
angle  between  two  sides  of  the  triangles  is  140°.  It  is  thus  likely  that  the  pores,  along  the  plane  of 
the  image,  are  channels  which  propagate  along  (1104)  and  (1104)  planes.  By  symmetry,  it  is 
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expected  that  pores  also_propagate  along  (1014),  (1014),  (0114)  and  (0114)  planes.  The  four  latter 
planes  intercept  the  (1120)  plane  by  a  relatively  low  angle  of  about  30°.  The  symmetry  of  these 
planes  relative  to  the  (1120)  causes  the  predominant  triangular  appearance  of  the  pore  cross- 
sections.  It  has  to  be  noted  that  the  pore  morphology  appears  slightly  different  when  it  is  viewed 
from  directions  such  as  [11 00].  In  such  cases  channels  which  propagate  along  the  (1104)  and  (1104) 
planes  intercept  the  (1100)  plane  with  low  angles,  whereas  channels  which  belong  to  the  other  four 
planes  are  symmetrically  situated  around  the  c-axis  With  a  higher  angle  of  about  60°  from  the  plane 
of  view.  Hence,  the  characteristics  of  symmetric  triangular  pores  are  less  dominating.  However, 
electron  microscopy  observations  from  different  crystallographic  orientations  evidence  existence  of 
a  six  fold  symmetry  concerning  pore  propagation  in  SiC.  These  angles  can  be  estimated  to  be  about 
120°  close  to  the  well  defined  PSC/SiC  interface.  In  Fig.  2  the  pore  morphology  of  a  13.5  pm  thick 
PSC  sample  at  the  vicinity  of  the  PSC/SiC  interface  is  shown.  The  angle  is  even  smaller  here  and 
can  be  estimated  to  be  about  90°.  Thus,  we  are  not  able  to  identify  a  unique  set  of  planes  which 
would  pose  preferential  etch  properties  along  the  entire  sample  thickness.  It  is  therefore  likely  that 
channels  are  formed  first  nearly  parallel  with  the  basal  plane  (see  above)  and  then  gradually  change 
plane  of  propagation  from  (1104)  to  (1103)  and  (1102)  etc.  So  far  we  have  no  direct  evidence  for 
alignment  of  the  pores  with  the  c-axis.  It  is  because  the  porous  layers  formed  at  longer  etching  times 
than  about  20  min  spontaneously  came  loose  from  the  substrate.  The  reason  could  be  an  increase  of 
the  porosity  and  pore  sizes  with  depth  resulting  in  an  instability  of  the  porous  layers  at  the  PSC/SiC 
interface.  This  phenomenon  was  mainly  due  to  a  decrease  of  the  HF-concentration  with  depth  and 
an  increase  of  the  absorption  of  the  UV-light  with  sample  thickness. 


Fig.  3  High  resolution  TEM  image  of  a  channel  cross-section  revealing  existence  of  a  disordered  region  at  the 
interface  between  crystalline  SiC  and  void. 

Danishevskii  et  al.  [8]  reported  on  formation  of  an  AP  in  6H-PSC.  It  was  however  not  clarified 
whether  the  AP  was  created  during  the  anodization  process  or  by  the  employed  sample  preparation 
procedure  used  prior  to  the  TEM  analysis.  To  reveal  that  the  formation  of  an  AP  is  due  to  the 
anodization  conditions,  the  samples  are  prepared  by  crushing  the  etched  layers  and  some  of  the 
substrate  (the  ion  milling  step  is  avoided).  A  high  resolution  TEM  image  of  a  channel  cross-section 
is  presented  in  Fig.  3.  The  AP,  at  the  interface  between  crystalline  SiC  and  void,  is  clearly  visible  as 
a  disordered  strip. 

Existence  of  an  AP  was  also  predicted  by  our  optical  models  (to  be  discussed  in  detail  in  a 
future  communication).  Analysis  of  the  samples  revealed  that  mixtures  of  crystalline  SiC  and  void, 
using  different  effective  medium  approximations  [9],  does  not  result  in  satisfactory  fits.  In  order  to 
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obtain  good  fits  the  AP  had  to  be  taken  into  consideration.  In  addition,  the  Drude  expression  (see 
above)  representing  the  free  carrier  contribution  vanished  during  the  optical  analysis  of  the  AP.  It 
was  an  evidence  for  a  more  dielectric  like  behaviour  of  this  phase  compared  with  crystalline  SiC.  A 
large  network  of  pores  surrounded  by  the  electric  isolating  AP  influences  the  electronic  properties 
of  the  material  extensively  as  will  be  discussed  below.  The  true  nature  of  the  AP  can  be  very 
complex  since  it  may  represent  amorphization  of  the  pore  walls  during  the  etching  process  and/or 
remaining  etch  products  which  are  not  efficiently  transported  from  the  sample  and  are  deposited  on 
its  pore  walls.  Such  a  deposition  may  in  turn  be  a  complex  temperature,  time  and  pH-dependent 
phenomenon. 

Since  the  substrate  used  was  n-type  and  highly  doped,  the  resistivity  of  the  substrate  and  contact 
was  assumed  to  be  very  low  and  neglected  in  this  measurement.  Figures  4a  and  4b  show  the  I-V 
characteristics  measured  on  the  1.7  pm  PSC  layer.  It  can  clearly  be  seen  that  the  PSC  layer  is  highly 
resistive.  The  resistivity  measured  at  room  temperature  (296  K)  was  in  the  order  of  2.9  x  108 
whereas  at  347  K  it  was  9.2  x  107  •  cm.  The  activation  energy  (Ea)  calculated  by  the  temperature 
measurements  was  1.45  eV,  which  is  believed  to  be  responsible  for  such  a  high  resistance  in  PSC. 
This  value  is  comparable  to  the  activation  energy  of  V-doped  semi-insulating  4H-SiC  substrates, 
which  is  in  the  range  of  1.4- 1.6  eV.  Since  it  is  possible  to  make  masking  and  patterning,  this  highly 
resistive  PSC  also  can  find  applications  for  isolation  of  electronic  devices  from  each  other  on  a  chip. 


Voltage  (V) 

(a) 


20  21  22  23  24  25  26 
Voltage  (V) 

(b) 


Fig.  4  a)  I-V  characteristics  of  a  1.7  pm  PSC  sample  at  296  K.  b)  I-V  characteristics  of  the  sample  at  347  K. 
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Abstract 

Polycrystalline  silicon  carbide  (poly-SiC)  films  were  deposited  on  Si02  and  Si3N4 
substrates  at  temperatures  between  1050°C  and  1280°C  by  APCVD  and  characterized  using 
SEM  and  TEM.  In  general,  the  average  grain  size  of  the  as-deposited  films  on  both  substrate 
types  increases  with  increasing  deposition  temperature.  Poly-SiC  films  deposited  on  Si3N4have  a 
dense  microstructure  and  small  grain  size,  whereas  poly-SiC  deposited  on  Si02have  a  large  grain 
size,  and  a  low  density  interface  region  which  contain  voids.  The  observed  differences  in  the 
deposited  films  may  be  due  to  a  high  energy  barrier  for  poly-SiC  deposited  on  Si02. 


Introduction 

Historically,  research  in  SiC  growth  has  mainly  focussed  on  heteroepitaxy  of  single 
crystalline  3C-SiC  on  Si  substrates  and  homoepitaxy  of  hexagonal  polytypes  for  electronic 
device  applications.  SiC  has,  however,  shown  great  promise  as  a  micromechanical  material  for 
harsh  environments  because  of  its  excellent  electrical,  chemical  and  mechanical  properties  [1]. 
For  SiC  surface  micromachining,  polycrystalline  SiC  (poly-SiC)  structural  layers  are  often 
deposited  on  amorphous  layers  such  as  Si02,  and  Si3N4.  Although  poly-SiC  surface 
micromachining  has  been  demonstrated  for  several  device  applications  [2,3],  little  has  been 
reported  on  the  properties  of  poly-SiC  on  Si02  [4-6],  and  even  less  about  such  deposition  on 
Si3N4.  This  paper  presents  an  investigation  of  poly-SiC  films  deposited  on  Si02  and  Si3N4 
substrate  layers  at  growth  temperatures  between  1050°C  and  1280°C  by  APCVD,  in  order  to 
develop  suitable  structural  layers  and  substrate  materials  for  SiC  MEMS. 

Experimental 

A  rf-induction  heated  APCVD  system  was  used  to  deposit  poly-SiC  films  using  silane 
(5%  in  H2)  and  propane  (15%  in  H2)  as  source  gases,  and  hydrogen  as  a  carrier  gas.  Phosphine 
(100  ppm  in  H2)  was  used  as  a  doping  gas.  1.5  pm-thick  thermally-grown  Si02,  and  200  nm- 
thick  LPCVD-deposited  Si3N4  on  100  mm-diameter  Si  wafers  were  used  as  substrates.  Susceptor 
temperatures  ranged  between  1050°C  and  1280°C  and  deposition  periods  of  30  sec  and  30  min 
were  used.  In  all  cases,  the  deposition  process  was  initiated  with  a  5  min  in-situ  cleaning  of  the 
substrate  in  a  hydrogen  ambient  at  1000°C,  after  which  the  susceptor  temperature  was  raised  to 
the  deposition  temperature,  and  silane,  and  propane  were  introduced  into  the  hydrogen  carrier 
gas.  The  silane  flow  rate  was  fixed  at  102  seem  for  all  depositions.  To  obtain  stoichiometric 
poly-SiC  films,  the  propane  flow  rate  was  varied  from  26  seem  to  46  seem,  with  the  higher 
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propane  flow  rates  needed  for  the  lower  deposition  temperatures.  A  hydrogen  flow  rate  of  25  slm 
was  maintained  throughout  the  process,  and  a  phosphine  flow  rate  of  180  seem  was  used  to 
deposit  doped  poly-SiC  films.  A  deposition  time  of  30  sec  was  chosen  to  investigate  the 
nucleation  of  poly-SiC  on  both  substrate  types,  while  a  deposition  time  of  30  min  was  used  to 
study  the  microstructure  of  continuous  films. 

SEM  was  used  to  determine  the  nucleation  density  for  the  30  sec  depositions  and  to 
investigate  the  surface  morphology  of  the  continuous  films.  Crystal  orientation  and  grain  size 
were  characterized  by  XRD  and  TEM.  The  interface  between  the  poly-SiC  film  and  the  substrate 
was  examined  by  conventional  cross-sectional  TEM. 

Results  and  Discussion 

Poly-SiC  deposited  for  30  sec  at  1050°C  and  1 160°C  have  a  higher  nucleation  density  on 
Si3N4  than  on  Si02,  as  shown  in  the  SEM  micrographs  of  Fig.  1.  In  addition,  the  nucleation 
density  at  1160°C  is  higher  than  that  at  1050°C  for  both  substrates.  The  estimated  nucleation 
density  of  SiC  on  Si3N4  is  about  1.7xl0lo/cm2  at  1050°C  and  1.6x10* Vein2  at  1160°C.  On  Si02, 
the  nucleation  density  is  about  7x10  /cm  at  1050°C  and  8.8xl09/cm2  at  1160°C.  However,  at 
1280°C  (not  shown),  the  nucleation  density  of  SiC  on  Si02  is  only  about  1.7xl06/cm2,  whereas 
no  nuclei  are  found  on  Si3N4,  but  the  Si3N4  surface  was  significantly  roughened. 


Figure  1.  Plan- view  SEM  micrographs  of  poly-SiC  deposited  for  30  sec:  (a)  on  Si3N4  at  1050°C-  (b)  on 
Si02  at  1 050°C;  (c)  on  Si3N4  at  1 1 60°C;  and  (d)  on  Si02  at  1 1 60°C. 


For  the  30  min  depositions,  the  poly  SiC  films  on  Si3N4  had  a  specular  optical 
appearance,  whereas  the  films  on  Si02  were  matted.  SEM  micrographs  show  that  the  poly-SiC 
films  grown  at  1050°C  on  Si3N4  exhibit  a  smooth  and  relatively  featureless  surface,  whereas  the 
poly-SiC  film  deposited  on  Si02had  a  much  rougher  surface  with  numerous  depressions  [6].  The 
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surface  morphology  of  the  poly-SiC  films  grown  at  1160°C  appear  similar  to  those  at  1050°C, 
with  numerous  small  grains  decorating  the  surface.  The  poly-SiC  films  deposited  at  1280°C  on 
Si3N4  substrates  are  continuous,  faceted,  and  exhibit  good  adhesion  (Fig.  2a),  but  poly-SiC  films 
deposited  on  Si02  substrates  are  discontinuous,  particle-like,  and  exhibit  poor  adhesion,  as 
shown  in  Figs.  2b  and  2c.  Although  continuous  poly-SiC  films  form  on  Si02  in  some  small  areas, 
delamination  is  always  observed.  Etch  pits  are  found  on  the  Si02  surfaces,  with  the  density  of 
etch  pits  being  highest  beneath  the  delaminated  sections. 


j 


Figure  2  SEM  micrographs  of  poly-SiC  deposited  for  30  min  at  1280°C:  (a)  a  continuous  film  on  Si3N4; 
(b)  SiC  particles  on  Si02;  and  (c)  a  delaminated  SiC  film  on  Si02. 

The  average  grain  size  of  the  continuous  SiC  films  was  estimated  from  the  measured  full 
width  half  maximum  of  the  3C-SiC  (111)  XRD  peak.  The  average  grain  size  of  poly-SiC  films 
on  both  substrate  types  increased  with  increasing  deposition  temperature.  In  general,  poly  SiC 
films  on  Si02  had  larger  grains  than  on  Si3N4.  The  average  grain  size  of  poly-SiC  on  Si02 
ranged  from  -5.4  nm  at  1050°C  to  -0.16  pm  at  1280°C,  whereas  the  average  grain  size  of  poly- 
SiC  films  on  Si3N4  ranged  from  -3.7  nm  at  1050°C  to  -0.12  pm  at  1280°C. 

Cross-sectional  TEM  samples  were  prepared  to  characterize  the  microstructure  of  the 
poly-SiC  films  as  well  as  the  SiC/Si02  and  SiC/Si3N4  interfaces.  TEM  micrographs  confirm  that 
the  grain  size  increased  with  increasing  deposition  temperature.  For  the  films  deposited  at 
1050°C  on  both  substrates,  the  films  exhibit  a  fine  grain  structure  and  a  sharp,  featureless 
interface  between  the  poly-SiC  film  and  the  substrate.  However,  TEM  micrographs  from  poly- 
SiC  films  on  Si02  substrates  show  evidence  that  a  lower  density  region  exists  near  the  film/ 
substrate  interface  [6],  an  effect  not  seen  for  poly-SiC  on  Si3N4.  This  less  dense  region  may  be 
related  to  the  surface  depressions  observed  by  SEM.  In  contrast  to  the  films  deposited  1050°C, 
the  interface  between  poly-SiC  and  Si3N4  is  rough  for  a  deposition  temperature  of  1280°C  (Fig. 
3a),  which  is  consistent  with  the  SEM  observation  for  30  sec  growth.  However,  no  localized  etch 
pits  were  found  for  the  30  min  growth.  For  poly-SiC  films  grown  on  Si02  at  1280°C,  columnar- 
like  grain  structures  are  observed.  In  addition,  etch  pits  are  formed  on  the  Si02  substrate  and 
sealed  voids  are  formed  in  the  film,  as  shown  in  Fig.  3b.  The  etch  pit  in  Fig.  3b  is  only  about  90 
nm  in  depth  and  does  not  completely  penetrate  the  Si02  underlayer.  TEM  analysis  suggests  that 
etch  pits  are  related  to  the  original  nucleation  sites  of  poly-SiC  particles  on  Si02.  The  poly-SiC 
films  on  both  substrates  have  a  columnar-like  structure,  with  SiC  grains  on  Si02  substrates 
showing  a  radial  distribution  from  etch  pits. 
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Figure  3.  XTEM  micrographs  of  poly-SiC  deposited  at  1280°C:  (a)  on  Si3N4;  and  (b)  on  Si02. 

The  observed  differences  for  poly-SiC  films  on  the  two  substrate  types  may  be  due  to 
differences  in  the  surface  free  energy,  which  leads  to  a  higher  energy  barrier  and  larger  critical 
nucleus  size  for  poly-SiC  deposited  on  Si02.  In  general,  a  higher  deposition  temperature  will 
lead  to  a  higher  energy  barrier,  which  leads  to  a  lower  nucleation  density.  This  generalization  is 
not  consistent  with  the  observations  for  SiC  nucleation  at  1050°C  and  1160°C.  Because  two 
precursor  gases  are  used  in  the  CVD  process,  the  temperature  dependence  of  the  decomposition 
kinetics  of  C3H8  and  SiH4  govern  the  process,  which  may  result  in  a  higher  concentration  of 
active  species  at  1 160°C  than  at  1050°C.  However,  at  1280°C,  a  much  higher  energy  barrier  may 
cause  problems  with  the  SiC  nucleation  process  on  smooth  Si3N4  and  Si02  surfaces.  Roughing 
and  etch  pit  formation  at  1280°C  may  create  alternative  SiC  nucleation  mechanisms  on  Si3N4  and 
Si02.  The  delamination  of  SiC  on  Si02  is  most  likely  related  to  the  nucleation  mechanism  (etch 
pits). 

Summary 

A  comparison  of  poly-SiC  films  deposited  on  Si02  and  Si3N4  substrates  by  APCVD  is 
presented  in  this  paper.  Poly-SiC  films  deposited  on  Si3N4  have  dense  microstructures  and  small 
grain  sizes  for  deposition  temperatures  between  1050°C  and  1280°C,  whereas  the  poly-SiC  films 
deposited  on  Si02  have  a  lower  density  region  near  the  interface  and  etch  pits  in  the  substrate. 
The  observed  differences  may  be  due  to  a  higher  energy  barrier  for  poly-SiC  deposited  on  Si02. 
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Abstract:  Optical  absorption  bands  below  the  band  gap  in  n-type  SiC  are  discussed  in  the  framework 
of  first-principles  band  structure  calculations.  While  the  peak  positions  and  their  polarization  are  well 
reproduced  in  a  pure  band-to-band  model,  the  widths  of  the  spectra  obtained  for  samples  with  high 
impurity  concentrations  indicate  a  significant  role  of  the  band  tailing  due  to  the  N-impurities.  This 
leads  to  a  partial  breakdown  of  the  vertical  selection  rule,  which  we  take  into  account  by  means  of  a 
density  of  states  calculation  over  a  limited  region  of  k-space,  and  a  weaker  breakdown  of  symmetry 
selection  rules.  Differences  for  samples  with  low  concentration  of  dopants  and  the  possibility  of 
impurity  resonances  in  the  continuum  are  discussed. 

1.  INTRODUCTION 

In  this  paper,  we  discuss  the  optical  absorption  bands  in  n-type  SiC.  These  absorption  bands  among 
others  are  responsible  for  the  color  of  platelet  crystals  of  SiC,  which  accounts  for  the  subtitle  of  this 
paper.  In  reality  the  color  is  mostly  determined  by  the  absorption  for  E  1  c  in  platelets,  whereas 
the  stronger  absorption  bands  occur  for  E  ||  c.  While  pure  6H-SiC  crystals  only  absorb  in  the  far 
violet  and  UV  and  are  therefore  transparent,  the  extra  absorption  bands  at  ~2  eV  (red-orange)  and 
at  2  8-3  eV  (blue)  in  n-type  material  eliminates  essentially  red  and  blue  primary  colors  and  leaves 
green  leading  to  a  greenish  color  in  this  polytype.  In  4H  and  15R  the  E  X  c  absorption  band  at  2 
eV  is  not  present  and  only  the  blue  is  absorbed,  which  would  explain  a  more  yellowish  appearance. 
Of  course,  these  effects  on  the  colors  depend  on  the  doping  concentration.  It  is  not  our  intention  to 
investigate  the  details  of  how  the  color  of  the  crystals  comes  about  but  rather  what  the  nature  is  of 
these  absorption  bands. 

These  absorption  bands  are  known  to  some  as  the  “Biedermann  bands  because  Biedermann 
in  a  paper  in  1965  [1]  presented  results  on  these  optical  absorption  bands  for  a  number  of  polytypes 
(4H,  6H,  8H  and  15R)  and  showed  distinct  spectra  for  different  polarizations.  There  is  however  a 
more  extensive  literature  on  these  absorption  bands,  see  [2],  and  some  aspects  of  them  are  still  not 
entirely  clear.  We  viewed  them  originally  as  providing  a  good  test  for  the  details  of  the  conduction 
band  structures  in  various  polytypes.  While  our  previous  work  on  the  Biedermann  spectra  [2]  has 
addressed  all  polytypes  for  which  we  are  aware  of  experimental  data  3C,  4H,  6H,  8H  and  15R,  we  here 
focus  mainly  on  6H  for  lack  of  space.  It  turns  out  that  in  view  of  the  high  concentration  of  dopants 
in  the  original  samples,  (of  estimated  order  of  1019/cm3)  the  transitions  have  a  mixed  character  of 
defect-level-to-band  and  band-to-band  nature  [2].  Different  behavior  of  these  spectra  w^s  found  m 
samples  with  low  dopant  concentrations  by  Dubrovskii  and  Radovanova  [3],  Stiasny  and  Helbig  [4] 
and  most  recently  Sridhara  et  al.[5].  We  discuss  how  these  various  results  fit  into  a  unified  picture. 

2.  COMPUTATIONAL  APPROACH 

The  general  computational  method  taken  as  the  starting  point  for  our  analysis  is  the  density  func¬ 
tional  theory  (DFT)  [6]  combined  with  the  full-potential  [8]  linear  muffin-tin  orbital  (LMTO)  band 
structure  method  [7].  Optical  absorption  matrix  elements  were  calculated  using  the  atomic  sphere 
approximation  (ASA). 
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The  main  possible  source  of  error  remaining  on  the  energy  bands  lies  in  the  fact  that  Kohn- 
bham  eigenvalues  m  the  local  density  approximation  differ  from  the  true  quasiparticle  energies.  The 
Kohn-Sham  equation  contains  a  local  exchange  correlation  potential  instead  of  the  non-local  and 
energy  dependent  exchange-correlation  self-energy  operator.  The  corrections  due  to  this  diffm-Pu'-e 
have  been  investigated  for  SiC  using  the  GW  approximation  -in  which  the  self-energy  operator  is 
given  schematically  by  Exc(l,2)  =  iG(l,2)W(l,2)  with  G  the  one  electron  Green’s  function  and  W 
is  the  screened  Coulomb  interaction  W(  1,2)  =  J  d3v( l,3)«-l(3,2),  and  the  numbers  indicate  (r,t)- 
by  a  number  of  authors  [9,  10,  11].  While  the  difference  with  LDA  is  mainly  to  shift  up  the  entire 
conduction  band  by  a  constant  gap  correction,  small  variations  from  k-point  to  k-point  and  band  to 

band  occur  in  the  calculations.  These  are  of  order  0.1  eV  which  is  the  accepted  errorbar  of  the  GW 
calculations. 

3.  HIGH  CONCENTRATION  LIMIT 


Fig.  1  shows  the  Biedermann  absorption  bands  [1]  in  6H-SiC  for  the  two  polarizations  and  compares 
them  to  two  different  model  calculations  together  with  the  relevant  portion  of  the  band  structure. 
First,  as  a  general  overview  of  the  spectrum,  the  region  below  1  eV  corresponds  to  an  intra  band  or 
Drude-like  absorption.  It  indicates  that  the  carrier  concentration  in  these  samples  was  above  that 
tor  ^the  metal  insulator  transition.  In  fact,  the  estimated  concentration  mentioned  in  the  paper  is 
*  Tt?  18  imP°rtant  because  under  these  circumstances,  one  expects  a  significant  band  tail 
effect.  The  N  donor  levels  broaden  into  a  band  which  merges  with  the  conduction  band  edge  and 
forms  an  exponential  band  tail  in  the  density  of  states  due  to  the  random  fluctuations  in  potential 
associated  with  the  distribution  of  impurities.  The  upper  end  of  the  spectrum  near  3  eV  is  where  the 
intrinsic  indirect  valence  band  to  conduction  band  edge  absorption  sets  in.  The  window  in  between 
is  what  we  are  concerned  with  here.  Several  specific  absorptions  occur  in  this  region  with  a  definite 
polarization  dependence  and  variation  from  polytype  to  polytype.  These  arise  from  transitions  of 
the  doping  carriers  from  their  lowest  initial  states  (impurity  level  or  bottom  of  the  conduction  band) 
to  the  higher  bands.  J 

The  first  model  we  consider  is  a  pure  band-to-band  model.  The  lowest  conduction  band  is 
simply  filled  according  to  Fermi  statistics  and  an  estimated  carrier  concentration,  assuming  complete 
ionization  of  the  donor  levels  into  the  lowest  band.  The  optical  absorption  is  then  calculated  from 

the  imaginary  part  of  the  dielectric  constant  assuming  strict  adherence  to  the  vertical  k-selection 
rule. 

=  SAA  E  /  J^j3  (fik(T)  -  ffk(T))\{ik\p>\fk)\26(Efk  -  Eik  -  W),  (1) 

with  fi(f)  the  Fermi  factors  for  the  initial  and  final  states,  p>  the  j-Cartesian  component  of  the 
momentum  matrix  element,  £„(k),  the  energy  bands  and  hu>  the  photon  energy. 

From  the  comparison  of  this  model  to  the  experiment  it  is  clear  that  this  model  explains  the 
energy  differences  and  polarization  dependence  rather  well,  but  it  completely  fails  to  predict  the  width 
of  these  bands.  One  observes  transitions  from  the  lowest  band  of  Ux  symmetry  to  the  next  two  higher 
bands  of  the  same  symmetry  for  E  ||  c  and  to  the  bands  of  U3  symmetry  for  the  E  J_  c  polarization. 
U 1  and  ^3  are  respectively  even  and  odd  with  respect  to  the  mirror  plane  passing  through  the  TAHK 
plane  of  the  Brillouin  zone  [12].  In  the  figure,  we  label  the  bands  as  cn  in  increasing  order  of  energy 
at  the  k-point  where  the  minimum  occurs  in  cu  which  is  at  kz  =  0.4  x  tt/c  along  U  =  ML.  Note  that 
bands  c5  and  c6  cross  near  M.  This  circumstance  could  potentially  be  used  to  experimentally  confirm 
the  k-location  of  the  conduction  band  minimum  (CBM)  because  it  means  that  the  (E  ||  c)  ci 
transition  should  have  lower  energy  than  the  (E  lc)Cl4  c6  transition,  whereas  if  the  minimum 
occured  at  M,  the  ordering  of  the  E  ||  c  and  E  _]_  c  transitions  would  be  inverted.  Unfortunately 
this  is  not  possible  with  the  original  Biedermann  spectrum  because  of  the  k-space  broadening  of  the 
bands  and  because  of  the  overlap  of  these  bands  to  the  onset  of  the  intrinsic  absorption. 

In  the  next  improvement  of  our  model,  we  take  into  account  that  for  high  donor  concentration 
band  tailing  takes  place  and  gives  rise  to  initial  states  for  the  transitions  which  are  essentially  of 
a  mixed  impurity  level  and  band  character.  They  become  progressively  more  band-like  as  we  go 
to  higher  energies  (closer  to  the  nominal  band  edge  or  above  it.)  Within  this  model,  one  expects 
that  the  initial  state  wave  function  becomes  somewhat  localized,  and,  as  a  consequence,  the  vertical 
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Figure  1.  Biedermann  [1]  absorption  bands,  (thick  line  joining  dots),  in  6H,  SiC, 
for  (a)  E  ||  c,  and  (b)  E  ±  c,  compared  to  pure  band-to-band  model  (thin  solid  line) 
and  k-selection  rule  relaxed  model  (dashed  line),  in  which  the  absorption  is  modeled 
as  a  superposition  of  matrix  element  weighted  DOS  to  specific  bands  within  a  5k 
sphere  around  the  k-point  of  the  band  minimum.  The  peak  heights  P2  and  P4 
are  adjusted  because  the  precise  carrier  concentration  is  unknown  for  the  samples. 
Panel  (c)  gives  the  corresponding  band  strucure,  with  solid  lines  corresponding  to 
U\  and  dashed  lines  to  C/3  symmetry. 


k-selection  rule  should  be  relaxed.  In  fact,  one  expects  to  reach  final  states  within  a  k-space  region 
around  that  of  the  initial  state  determined  by  the  k-uncertainty  corresponding  to  the  extent  of  the 
initial  state  in  real  space.  The  latter  is  determined  by  a  combination  of  the  effective  Bohr  radius  of 
the  individual  donor  states  and  the  random  inter  donor  spacings  at  high  concentration.  In  practice, 
we  use  a  plausible  5k  of  0.1  x  27t/o  (see  [2]  for  estimates)  and  calculate  the  density  of  states  within  a 
sphere  around  the  k-point  location  of  the  conduction  band  minimum.  Instead  of  a  single  k-point  joint 
density  of  states  factor  (the  delta  function  part  of  Eq.  1),  one  now  obtains  a  convolution  of  the  initial 
and  final  densities  of  states  weighted  by  the  same  average  momentum  matrix  elements  as  before. 
This  model  now  accounts  semiquantitatively  for  the  widths  of  the  absorption  bands,  the  relative 
magnitudes  of  the  peaks  and  the  shift  of  the  experimental  features  towards  slightly  higher  energy 
than  the  pure  band-to-band  model  predicted.  In  particular,  we  note  that  the  k-space  broadening 
combined  with  the  relatively  strong  dispersion  of  the  upper  bands  leads  to  a  significant  shift  of  the 
peak  maxima  towards  higher  energy.  The  peak  is  strongly  influenced  by  where  we  cut  off  in  k-space. 
The  shift  arises  in  part  also  from  the  fact  that  the  intial  states  lie  in  the  band  tail  extending  below  the 
nominal  band  edge.  In  this  picture,  the  initial  states  being  derived  from  the  shallow  impurity  level  of 
a  particular  band  edge  still  largely  retain  the  symmetry  character  of  the  conduction  band  minimum 
and  hence,  one  expects  the  symmetry  selection  rules  to  be  largely  but  not  perfectly  maintained. 
The  spectra  of  4H-SiC  indicate  some  smaller  signatures  of  the  “forbidden”  bands  and  in  6H  the 
“forbidden”  c\  -*  C4  transition  contributes  to  the  very  large  width  of  the  peak  labeled  P2.  However, 
this  new  model  fails  to  account  for  the  peak  Pi. 

We  believe  that  the  origin  of  the  Pi  peak  is  due  to  the  special  nature  of  the  lowest  conduction 
band  of  6H.  In  fact,  such  a  feature  does  not  occur  for  4H  SiC,  15R,  or  8H  SiC.  As  already  mentioned 
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the  lowest  band  in  6H  is  very  flat  and  in  fact  in  the  band  structure  calculations  is  found  to  have 
a  camelback  structure  with  a  saddle  point  at  M  at  about  5  meV  above  the  minimum.  With  the 
estimated  carrier  concentration  of  Biedermann’s  samples,  this  saddle  point  is  below  the  Fermi  level 
and  contributes  as  initial  state.  Since  this  state  is  expected  to  be  extended,  the  vertical  k-selection 
rule  should  be  obeyed  for  transitions  originating  from  it.  It  turns  out  that  the  band  masses  of  the 
third  band  and  the  first  band  in  the  directions  perpendicular  to  ML  (given  in  Table  1)  are  nearly  the 
same.  This  means  that  in  the  JDOS  of  Eq.  1  a  quasi  one-dimensional  1  / y/~E  van- Hove  singularity 
will  occur.  Thus,  we  view  the  peak  Pi  as  a  signature  of  the  camelback  structure. 

4.  LOW  CONCENTRATION  LIMIT 

Elsewhere  in  this  conference,  Sridhara  et  al.  [5]  report  on  an  investigation  of  the  Biedermann  spectra 
as  function  of  temperature  in  low  concentration  samples.  Our  present  model  predicts  that  at  low 
concentrations  the  peak  Pi  which  we  ascribe  to  the  saddle-point  feature  should  be  strongly  suppressed 
and  at  low  temperatures  should  disappear  because  we  do  no  longer  expect  carriers  with  energy  above 
the  saddle  point.  In  addition,  one  expects  the  relevant  electrons  to  be  frozen  in  the  defect  level  at 
low  temperatures  and  to  be  ionized  to  the  band  at  high  temperatures.  This  is  precisely  what  these 
authors  observe  and  is  also  in  agreement  with  the  observations  of  Dubrovskii  and  Radovanova  [3].  At 
room  temperature  Sridhara  et  al.  [5]  obtain  a  fairly  narrow  peak  at  1.3  eV,  slightly  higher  than  peak 
Pi  in  Biedermann’s  spectrum  and  indicating  that  the  saddle  point  contribution  is  indeed  lost.  In 
fact,  our  band-to-band  model  predicts  a  peak  at  1.25  eV  for  transitions  from  the  minimum  on  the  U 
axis,  which  shifts  somewhat  to  higher  energies  with  increasing  temperature.  This  peak  corresponds 
essentially  to  pure  band-to-band  transitions  and  has  a  FWHM  of  about  0.1  eV,  consistent  with  our 
band  model.  In  other  words,  this  width  arises  from  a  band  structure  effect,  namely  that  the  very  flat 
lowest  band  spreads  the  carriers  out  over  some  width  in  k-space  as  far  as  initial  states  are  concerned 
and  the  corresponding  final  band’s  dispersion  over  this  k-range  then  leads  to  the  width  of  the  peak 
even  if  perfect  vertical  k- conservation  is  assumed.  On  the  other  hand,  at  low  temperatures,  one 
expects  essentially  all  carriers  to  be  frozen  in  the  isolated  impurity  level  (81  meV  below  the  band 
for  the  h-site  N  donor).  Thus,  at  low  temperatures  one  expects  a  impurity  level  to  band  absorption 
shifted  up  from  the  band-to-band  one  by  81  meV.  This  is  indeed  what  is  observed.  Surprisingly, 
however,  Sridhara  et  al.  [5]  observe  the  lower  energy  peak  to  come  back  at  the  lowest  temperatures. 
It  is  interpreted  by  them  as  a  new  transition  and  tentatively  described  as  a  transition  from  a  localized 
impurity  level  to  a  resonance.  Such  transitions  have  been  previously  reported  in  GaP  [13,  14]. 

To  see  whether  such  resonances  are  plausible,  we  performed  a  calculation  for  a  6H-SiC  cell  with 
one  of  the  C  atoms  (the  h-site  one)  replaced  by  N.  This  is  of  course  far  from  the  dilute  limit  and  the 
N  in  this  model  in  fact  occurs  in  a  layer  containing  only  N.  Thus,  it  strongly  exaggerates  the  N-N 
impurity  interaction  in  the  basal  plane.  Nevertheless,  inspection  of  the  density  of  states  of  this  model 
system,  shown  in  Fig.  2,  reveals  that  a  new  peak  is  pulled  out  of  the  density  of  states  peak  (of  pure 
6H-SiC)  at  1.5  eV  above  the  CBM,  i.e.  precisely  where  the  bands  03,04  contribute  to  the  DOS.  This 
lower  peak,  labeled  R  in  the  figure  furthermore  has  a  stronger  N  than  C  component,  indicating  it  is 
in  some  sense  localized  on  the  N.  Being  an  antibonding  state  in  the  conduction  band,  its  main  atomic 
orbital  character  is  Si-like  and  the  R-peak  is  dominated  by  Si  atoms  which  are  nearest  neighbors  to 
the  N. 

Resonances  induced  by  impurities  have  been  discussed  in  terms  of  the  effective  mass  approach 
by  Bassani  et  al.  [15]  and  in  the  context  of  excitons  also  by  Kane  [17]  and  by  Velicky  and  Sak 
[16].  For  an  attractive  potential,  as  is  the  case  here,  they  can  be  associated  either  with  minima 
or  with  saddlepoints.  The  general  idea  of  the  effective  mass  approach  is  that  the  perturbation  is 
relatively  weak  and  the  impurity  state  is  associated  with  a  specific  portion  of  k-space  (near  some 
band  extremum)  and  only  weakly  coupled  to  other  regions  in  k-space.  So,  we  have  to  look  for  such 
features  at  the  relevant  energy  in  our  band  structures.  The  general  condition  for  the  resonance  to 
survive  broadening  by  the  interaction  with  the  continuum  is  that  the  coupling  to  states  at  the  same 
energy  but  other  k  is  weak.  The  conditions  that  make  this  favorable  are  either  a  real  minimum  well 
separated  in  k-space  from  other  bands  or  an  M\  saddlepoint  for  which  the  negative  mass  is  much 
larger  in  absolute  value  than  the  positive  masses.  In  both  4H  and  6H-SiC  there  are  minima  in  the  C3 
band  nearby  in  k-space  to  the  absolute  minimum  of  the  conduction  band  which  leads  to  the  defect 
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Figure  2.  (a)  Density  of 

states  of  6H-SiC  with  a  N 
in  every  hexagonal  C  posi¬ 
tion  (solid  line)  compared  to 
that  of  pure  6H-SiC  (dashed 
line)  in  the  conduction  band 
range.  CBM  indicates  the 
conduction  band  minimum. 
In  (b)  and  (c)  relevant  par¬ 
tial  densities  of  states  (PDOS) 
are  compared  to  the  total  to 
help  identify  the  peak  R  as 
a  Nitrogen  induced  resonance. 
Each  PDOS  correpsonds  to 
one  atom. 


Table  1.  Effective  mass  tensors  of  lowest  bands  involved  in  Biedermann  transitions 
and  resonances 


polytype 

band  extremum 

maz 

my 

Tflx 

6H 

minimum  in  C\  at  U° 

2.08 

0.72 

0.25 

saddle  in  c\  at  M 

-4.17 

0.76 

0.27 

minimum  in  C3  at  M 

0.62 

1.05 

0.16 

4H 

minimum  in  c\  at  M 

0.33 

0.57 

0.29 

saddle  in  C3  at  M 

-0.28 

25.8 

0.17 

minimum  in  c3  at  Uc 

0.23 

0.84 

0.21 

a  x,y  and  2  are  along  M  -  K,  M  -  Y  and  M-L  directions  of  BZ 
b  The  minimum  occurs  at  kz  =  0.4  x  7r/c 
c  The  minimum  occurs  at  kz  =  0.65  x  7r/c 

state.  They  are  therefore  the  primary  candidates  to  associate  the  resonances  with.  However,  there 
are  also  some  saddlepoints  to  consider.  One  of  the  saddle  points  occurs  near  the  K- point  along 
the  AT  line.  It  is  a  M\  type  saddle  but  none  of  its  masses  are  particularly  large.  Also,  even  if  a 
discernable  resonance  would  be  associated  with  this  extremum,  it  should  be  kept  in  mind  that  it  lies 
several  Sk  away  from  the  position  of  the  conduction  band  minimum,  where  Sk  is  an  estimate  of  the 
k-space  broadening  associated  with  the  donor  wave  function  extent.  So,  it  can  fairly  safely  be  ruled 
out  as  playing  a  significant  role.  In  4H,  the  minimum  in  the  C3  band  occurs  along  U  rather  than 
at  M  and  M  has  a  Mr type  saddle  point.  This  saddle  point  has  one  very  large  positive  mass  but 
the  negative  mass  is  comparable  to  the  other  small  positive  mass.  This  situation  is  less  favorable 
for  a  sharp  resonance  to  form.  The  mass  tensors  are  given  in  Table  1.  An  effective  spherical  mass 
approximation  (- mxmymz )1/3  for  the  minimum  in  c\  (c3)  in  4H  gives  0.38  (0.34).  Thus  similar  binding 
energies  are  expected  for  the  impurity  state  below  the  band  and  for  the  resonance  below  the  upper 
band.  In  6H,  we  obtain  similarly  0.72  and  0.56  for  the  masses  of  the  lower  and  higher  band  minima. 
Thus  perhaps,  a  slightly  shallower  resonance  than  bound  defect  level  is  expected. 

Stiasny  and  Helbig[4]  obtained  a  rather  different  spectrum  in  low  carrier  concentration  samples. 
The  main  differences  are  that  the  spectrum  is  shifted  to  1.9  eV,  is  significantly  broader  and  shows 
less  polarization  dependence  and  little  temperature  effect  over  the  range  10—300  K.  They  interpreted 
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it  as  arising  from  a  deep  center,  possibly  due  to  N  on  Si  site,  based  on  similarity  in  shape  to  the 
photoluminescence  spectrum  from  which  it  is,  according  to  them,  Stokes  shifted.  In  Ref.  [2]  we 
argued  that  this  is  not  conclusive  and  that  the  spectrum  could  alternatively  be  explained  within 
our  general  picture  as  due  to  transitions  to  the  bands  from  a  level  that  is  only  slightly  deeper  than 
the  one  considered  above.  In  fact,  a  shift  as  high  as  0.3  eV  can  be  accounted  for  by  the  dispersion 
of  the  upper  band  if  the  Sk  in  our  model  is  increased  in  accordance  with  expectations  for  a  more 
localized  state.  This  explains  at  the  same  time  the  further  loss  of  polarization  and  the  temperature 
dependence.  A  plausible  candidate  for  this  slightly  deeper  level  is  N  at  the  k-site. 

5.  CONCLUSIONS 

A  unified  model  for  the  description  of  the  behavior  of  optical  absorption  bands  in  n-type  SiC  was 
presented.  It  is  shown  to  account  both  for  the  high  and  low  concentration  behaviors.  The  possibility 
of  resonance  effects  in  the  conduction  band  recently  proposed  by  Sridhara  et  al.  was  discussed. 

We  wish  to  thank  R.  R  Devaty  and  W.  J.  Choyke  for  communicating  their  experimental  results 
to  us  prior  to  publication  and  for  stimulating  discussions  on  the  topic  of  resonances.  This  work  was' 
supported  by  NSF  under  grant  No.  DMR95-29376. 
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Abstract  Absorption  spectra  of  n-type  4H  and  6H  SiC  are  presented  and  tentatively  interpreted. 

The  absorption  bands  are  assigned  to  transitions  involving  the  lowest  conduction  band,  higher 
conduction  bands,  nitrogen  donor  levels,  and/or  possible  donor  induced  resonances. 

Introduction 

Several  groups  have  studied  absorption  bands  below  the  fundamental  absorption  edge  in  n- 
type  3C  [1],  4H  [2-5],  6H  [2,3,6-12],  8H  [2,3]  and  15R  [2,3]  SiC  crystals.  The  spectra  measured 
with  polarizations  E[|c  and  Elc,  where  c  is  parallel  to  the  crystal  c-axis,  are  quite  distinct.  The 
absorption  bands  measured  using  E||c  are  generally  stronger.  The  observed  peaks  have  been 
assigned  to  electronic  transitions  from  nitrogen  donor  levels  to  higher  conduction  bands  or  to  direct 
transitions  from  the  lowest  conduction  band  near  its  minima  to  higher  conduction  bands. 

Lambrecht  et  al.  [13,14]  recently  found  good  agreement  between  absorption  coefficients  and 
selection  rules  calculated  from  the  band  structures  and  published  data  for  both  polarizations  for 
several  SiC  polytypes.  However,  the  experimental  data  upon  which  their  comparison  is  based  was 
obtained  using  heavily  doped  (~1019  cm'3)  samples.  Thus,  the  observed  peaks  are  quite  broad  and 
effects  such  as  band  tailing  may  be  present.  Here  we  present  polarized  absorption  spectra  obtained 
using  relatively  moderately  doped  samples  of  6H  and  4H  SiC  and  discuss  the  interpretation.  The 
spectra  presented  here  are  selected  from  a  comprehensive  data  set  that  will  be  published  elsewhere. 

Experiment 

The  absorption  measurements  are  performed  using  two  setups:  (1)  a  specially  designed  two- 
beam  apparatus  for  measurements  from  4000A-8500A  and  (2)  a  single-beam  near  infrared 
monochromator  for  measurements  from  0.8pm- 1  .8pm.  Spectra  are  measured  in  both  E[|c  and  E_Lc 
polarizations.  A  custom  designed  cold  finger  cryostat  is  used  to  obtain  spectra  in  the  temperature 
range  77  K-300  K.  An  immersion  type  liquid  He  cryostat  is  used  to  obtain  spectra  at  2  K. 

6H  SiC 

Fig.  1  shows  near  infrared  absorption  spectra,  polarized  E||c,  of  an  n-type  (estimated  to  be 
n~1.0xl017  cm"3,  with  very  low  compensation)  boule  sample  of  6H  SiC  taken  at  four  temperatures 
ranging  from  2  K  to  room  temperature.  The  spectra  in  the  range  77  K  -  300  K  show  some 
resemblance  to  published  spectra  [3,9-1 1].  However,  the  2  K  spectrum,  not  shown  in  the  referenced 
literature,  leads  us  to  reinterpret  the  observed  temperature  dependence.  As  the  temperature 
decreases  from  room  temperature,  peak  B  (1.31  eV)  decreases  and  peak  A  (1.39  eV)  grows.  At  2  K 
a  new  feature  C  replaces  peak  B.  Following  the  notation  of  Limpijumnong  et  al.  [14],  the 
absorption  transitions  are  related  to  the  lowest  conduction  band  ci  and  the  third  conduction  band  c3. 
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Fig.l  E||c  absorption  spectrum  of  n- 
type  (n~lxl017  cm'3)  6H  SiC 
measured  at  four  temperatures.  The 
inset  schematically  represents  the 
interpretation  discussed  in  the  text. 

- Energy  (eV) 
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Fig.  2  Elc  absorption  spectra  of  n- 
type  (n~lxl018  cm'3)  6H  SiC 
measured  at  three  temperatures.  The 
insets  schematically  represent  the 
interpretation  discussed  in  the  text. 


Both  bands  have  Ui  symmetry  along  the  M-L  line  on  the 
Brillouin  zone  boundary,  so  that  ci-»c3  transitions  are 
allowed  for  E||c.  The  ionization  energies  of  nitrogen 
donors  in  6H  SiC  are  81  meV,  137  meV  and  143  meV  for 
the  hexagonal  (h)  and  two  quasicubic  (kj  and  k2)  sites, 
respectively,  as  determined  by  analysis  of  infrared 
absorption  data  [15].  The  schematic  diagram  shown  as  an 
insert  on  Fig.  1  shows  the  shallowest  nitrogen  donor 
level,  marked  Nh  and  the  two  relevant  conduction  bands. 
Also  shown  is  a  resonant  donor  level,  marked  N’, 
associated  with  the  c3  conduction  band.  Bassani  et  al. 

[16]  review  the  theory  of  donor  induced  resonances  in  the 
conduction  band.  Such  resonances  have  been  proposed  to 
explain  infrared  absorption  spectra  associated  with  Te, 

Se,  and  Si  doped  n-type  GaP  [17,18].  At  2  K  all 
transitions  must  originate  in  the  shallow  nitrogen  level 
Nh.  In  this  interpretation,  the  deeper  k-site  nitrogen  donor 
levels  are  not  observed  because  the  absorption  cross 
sections  are  smaller  due  to  tighter  binding.  The  features 
marked  A  and  C  on  Fig.  1  are  assigned  to  transitions  from 
Nh  to  conduction  band  c3  and  its  associated  h-site  nitrogen 
resonance  level  N’,  respectively.  To  obey  the  selection 
rules,  we  assume  that  both  Nh  and  N’  have  the  same 
symmetry.  We  have  in  mind  that  they  are  both  ls-like, 
analogous  to  the  interpretation  of  Goldys  et  al.  [18].  With 
increasing  temperature,  electrons  are  thermally  excited 
from  Nh  into  conduction  band  cj.  Thus,  peaks  A  and  C 
decrease  while  peak  B,  which  we  assign  to  inter¬ 
conduction  band  transitions  Ci-»c3,  grows. 

Fig.  2  shows  EJ_c  absorption  spectra  of  an  n-type 
(n~lxl018  cm'3)  6H  SiC  Lely  sample,  taken  at  2  K,  77  K 
and  295  K.  This  sample  is  relatively  free  of  internal 
stress.  Because  the  three  spectra  were  measured  using 
different  setups,  it  is  not  possible  to  directly  compare  the 
magnitudes  of  the  absorption.  The  peak  at  4800  A 
(labeled  E),  observed  as  a  shoulder  by  Biedermann  [2], 
exhibits  essentially  no  temperature  dependence  from  2  K 
to  295  K.  There  is  no  evidence  for  changes  in  occupation 
of  a  conduction  band  versus  nitrogen  donor  levels,  and  no 
shift  of  the  wavelength  position.  The  fundamental 
indirect  energy  gap  of  6H  SiC  shifts  about  30  meV  over 
this  temperature  range.  Following  the  notation  of 
Limpijumnong  et  al.  [14],  peak  E  is  assigned  to 
ci(Ui)->C6(U3)  inter-conduction  band  transitions  (The 
initial  states  might  also  be  the  donor  states  associated 
with  the  cj  band.),  which  are  allowed  for  polarization 
E_Lc.  The  data  imply  that  the  energy  separation  of  these 
bands  is  independent  of  temperature  between  2  K  and  295 
K.  A  stronger  peak  F  is  observed  near  6260  A  at  2  K 
with  a  long  wavelength  shoulder  G  near  6900  A.  At  77  K 


Relative  Absorption  Coefficient  (a.u.) 


Materials  Science  Forum  Vols.  338-342 


553 


— - - Energy  (eV) 

2.4  2.3  2.2  2.1  2.0  1.9  1.8 


Fig.  3  E||c  absorption  spectrum  of  an 
n-type  (n~mid-1017  cm-3)  4H  SiC 
boule  sample  measured  at  five 
temperatures.  The  inset  schematically 
represents  the  interpretation  discussed 
in  the  text. 
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Fig.  4  E_Lc  absorption  spectrum  of  an 
n-type  (n~mid-1017  cm' )  4H  SiC 
boule  sample  measured  at  five 
temperatures. 


peak  F  shows  a  slight  redshift,  while  shoulder  G  is  little 
changed.  At  295  K  peak  F  is  shifted  to  6400  A  (a  shift 
of  about  59  meV  from  its  position  at  2  K)  and  the 
shoulder  G  is  weaker.  This  temperature  dependence  is 
consistent  with  the  relative  shift  of  the  two  conduction 
bands  with  temperature,  which  tends  to  be  weak  at  low 
temperatures.  In  the  notation  of  Limpijumnong  et  al. 
[14],  peak  F  is  associated  with  ci(Ui)^c4(U3)  inter¬ 
conduction  band  transitions  (The  initial  states  might 
also  be  nitrogen  donor  levels.) ,  which  are  allowed  for 
polarization  Elc.  To  the  best  of  our  knowledge,  the 
shoulder  G  is  new,  although  we  do  not  observe  the 
sharper  features  reported  by  Kolesnikov  et  al.  [8].  The 
origin  of  shoulder  G  is  uncertain,  but  it  is  possible  that 
the  shape  of  the  F-G  band  can  be  explained  by 
application  of  the  arguments  for  broadening  discussed 
by  Limpijumnong  et  al.  [14]. 

4H  SiC 

Fig.  3  shows  measued  E||c  absorption  spectra  of 
an  n-type  (estimated  n~mid- 1 01  cm'3)  4H  SiC  boule 
sample  measured  at  five  temperatures  from  2  K  to  295 
K.  To  the  best  of  our  knowledge,  detailed  data  on  the 
temperature  dependence  of  this  absorption  band  have 
not  been  previously  published.  The  295  K  spectrum 
shows  a  peak  I  near  5900  A  and  a  shoulder  on  the  long 
wavelength  side.  With  decreasing  temperature,  the  peak 
I  decreases  and  shifts  to  longer  wavelengths  and  a 
sharper  peak  J  near  6200  A  grows.  The  2  K  spectrum 
also  shows  a  long  wavelength  shoulder  near  6500  A 
marked  K.  The  description  of  this  spectrum  in  terms  of 
only  three  features  may  be  oversimplified.  It  is  not 
possible  to  explain  the  observed  temperature 
dependence  in  terms  of  nitrogen  donor  levels  vs 
conduction  band  initial  states  because  the  low  energy 
features  J  and  K  are  strongest  at  the  lowest  temperature. 
Based  on  the  calculations  of  Limpijumnong  et  al.  [14], 
this  absorption  band  is  associated  with  ci(Mi)->c3(Mi) 
transitions,  which  are  allowed  for  polarization  E||c.  The 
energy  shifts  of  features  J  and  K  with  respect  to  peak  I 
imply  the  existence  of  final  states  below  the  c3 
conduction  band.  To  explain  the  temperature 
dependence,  we  once  again  propose  the  existence  of 
nitrogen  donor  resonances  associated  with  higher 
conduction  bands.  The  absolute  minimum  of  the 
conduction  band  c3  is  calculated  to  be  about  0.6  of  the 
way  along  M-L  line  and  about  0.24  eV  below  the 
energy  of  c3  at  the  M  point  [19].  We  suggest  that  the 
line  J  might  be  a  shallow  donor  level  to  shallow  donor 
resonance  transition.  In  this  case,  the  donor  induced 
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resonance  final  state  is  associated  with  a  minimum  along  the  M-L  line,  not  the  M  point.  Peak  I 
might  be  due  to  nitrogen  donor  to  c3(Mi)  and/or  Ci(Mi)-»c3(Mi)  inter-conduction  band  transitions. 
Further  study  is  required  to  achieve  a  detailed,  convincing  explanation  of  the  temperature 
dependence  of  this  absorption  band. 

Fig.  4  shows  measured  E±c  absorption  spectra  of  the  same  n-type  4H  SiC  boule  material  as 
presented  in  Fig.  3.  At  2  K  there  is  an  absorption  peak  with  a  shoulder  on  the  high  energy  side.  The 
shoulder  disappears  and  the  peak  undergoes  a  redshift  with  increasing  temperature.  The  energy 
difference  between  the  shoulder  and  the  peak  is  roughly  equal  to  the  binding  energy  of  the  shallow 
h  site  nitrogen  donor.  Gorban’  et  al.  [4]  observed  similar  behavior  and  discussed  as  an  explanation 
the  changing  population  of  the  nitrogen  donor  ls(Ai)  and  ls(E)  levels  for  nitrogen  donors  at  the  h 
and  k  sites  with  temperature.  For  a  sufficiently  lightly  doped  sample  that  impurity  banding  and 
band  tailing  are  absent,  it  is  clear  that  the  initial  states  at  low  temperature  must  be  the  nitrogen 
donor  levels  rather  than  states  near  the  bottom  of  the  lowest  conduction  band.  At  room  temperature, 
n  is  a  significant  fraction  of  Nd-Na.  In  the  notation  of  Limpijumnong  et  al.  [14]  the  transitions  are 
associated  with  Ci(Mi)— »C4(M3),  which  are  allowed  for  EJLc. 

Conclusion 

Absorption  spectra  of  nitrogen  doped  SiC  polytypes  provide  a  wealth  of  information  about 
the  conduction  bands  as  well  as  the  nitrogen  donors  themselves.  Continuing  progress  in  both  the 
growth  of  both  high  quality  boule  material  and  very  thick,  unstrained,  low  doped  epitaxial  films  will 
aid  in  elucidating  what  is  at  present  a  puzzling  set  of  questions. 

Acknowledgements 

We  thank  the  Office  of  Naval  Research  and  NASA  for  partial  support  of  this  work.  We  also 
wish  to  thank  Dr.  G.  Augustine  of  Northrop-Grumman  and  the  Cree  Research  Inc.  crystal  growth 
group  for  generously  making  boule  samples  of  4H  and  6H  SiC  available  to  us. 

References 

[1]  Lyle  Patrick  and  W.J.  Choyke,  Phys.  Rev.  186  (1969),  p.  775. 

[2]  E.  Biedermann,  Solid  State  Commun.  3  (1965),  p.  343. 

[3]  G.B.  Dubrovskii,  A.A.  Lepneva  and  E.I.  Radovanova,  Phys.  Stat.  Sol.  (b)  57  (1973),  p.  423. 

[4]  I.S.  Gorban,  A.P.  Krokhmal,  V.I.  Levin,  A.S.  Skirda,  Yu.M.  Tairov  and  V.F.  Tsvetkov,  Sov. 
Phys.  Semicond.  21  (1987),  p.  119. 

[5]  B.I.  Seleznev  and  Yu.M.  Tairov,  Sov.  Phys.  Semicond.  7  (1973),  p.  680. 

[6]  G.B.  Dubrovsky  and  E.I.  Radovanova,  Phys.  Lett.  28A  (1968),  p.  283. 

[7]  G.B.  Dubrovskii  and  E.I.  Radovanova,  Sov.  Phys.-Solid  State  11  (1969),  p.  545. 

[8]  A.A.  Kolesnikov,  E.A.  Makarov  and  G.N.  Guk,  Sov.  Phys.-Solid  State  15  (1973),  p.  1105. 

[9]  I.S.  Gorban’,  Yu.A.  Marazuev  and  A.S.  Skirda,  Sov.  Phys.-Solid  State  14  (1972),  p.  664. 

[10]  O.V.  Vakulenko  and  O.A.  Govorova,  Sov.  Phys.-Solid  State  12  (1970),  p.  1478. 

[11]  O.V.  Vakulenko,  O.A.  Govorova  and  B.M.  Shutov,  Sov.  Phys.-Solid  State  14  (1972),  p.  242. 

[12]  O.V.  Vakulenko  and  B.M.  Shutov,  Sov.  Phys.  Semicond.  13  (1979),  p.  1166. 

[13]  W.R.L.  Lambrecht,  S.  Limpijumnong,  S.N.  Rashkeev  and  B.  Segall,  Mater.  Sci.  Forum  264- 
268  (1998),  p.  271. 

[14]  S.  Limpijumnong,  W.R.L.  Lambrecht,  S.N.  Rashkeev  and  B.  Segall,  Phys.  Rev.  B  59  (1999),  p. 
12890. 

[15]  W.  Suttrop,  G.  Pensl,  W.J.  Choyke,  R.  Stein  and  S.  Leibenzeder,  J.  Appl.  Phys.  72  (1992),  p. 
3708. 

[16]  F.  Bassani,  G.  Iadonisi  and  B.  Preziosi,  Rep.  Prog.  Phys.  37  (1974),  p.  1099. 

[17]  A.  Onton,  Phys.  Rev.  B  4  (1971),  p.  4449. 

[18]  E.  Goldys,  P.  Galtier,  G.  Martinez  and  I.  Gorczyca,  Phys.  Rev.  B  36  (1987),  p.  9662. 

[19]  Walter  Lambrecht,  private  communication. 


Materials  Science  Forum  Vols.  338-342  (2000)  pp.  555-558 
©  2000  Trans  Tech  Publications ,  Switzerland 


Determination  of  the  Polarization  Dependence  of  the  Free-Carrier- 
Absorption  in  4H-SiC  at  High-Level  Photoinjection 

Vytautas  Grivickas1,  Augustinas  Galeckas1,2,  Paulius  Grivickas1 

and  Jan  Linnros2 

1  Institute  of  Materials  Research  and  Applied  Sciences,  Vilnius  University, 
Sauletekio  10,  LT-2054  Vilnius,  Lithuania  GUS 

2  Department  of  Solid  State  Electronics,  Royal  Institute  of  Technology, 

Electrum  229,  SE-16440  Stockholm,  Sweden 


Keywords:  Free  Carrier  Absorption,  Interband  Optical  Transitions,  Optical  Anisotropy 


Abstract  Strong  polarization  anisotropy  of  the  free-carrier-absorption  (FCA),  induced  by  a  pulsed 
pump  beam,  has  been  observed  in  low-doped  4H-SiC.  The  FCA  cross-sections  are  determined  at 
four  energies  for  the  electrical  vector  E  being  perpendicular  and  parallel  to  the  c-axis.  The 
connection  to  Biedermann’s  inter-conduction-band  transitions  is  found  by  comparing  the  FCA 
cross-sections  with  those  measured  in  the  n-type  heavily  doped  substrate.  The  energy  dependencies 
of  the  FCA  cross-section  value  also  provide  evidence  for  the  existence  of  an  additional  FCA 
intraband  optical  transition  for  E_Lc.  An  astonishing  effect  of  the  fractional  absorption  damping  is 
identified  in  the  FCA-transient  at  lower  detected  energies  for  the  E||c  cases. 

Introduction.  Silicon  carbide  of  hexagonal  structures  is  characterized  by  anisotropy  in  many 
optical  and  electric  properties.  In  the  sixties,  absorption  with  polarized  light  was  extensively  used  to 
help  identify  optical  properties.  In  this  way,  Biedermann  [1],  Patrick  and  Choyke  [2],  and  Ellis  and 
Moss  [3]  observed  anisotropy  of  the  FCA  spectra  for  heavily  doped  SiC  polytypes.  The  spectra  have 
shown  that  n-type  samples  below  the  fundamental  absorption  edge  exhibit  polarization-dependent 
absorption.  Biedermann’s  bands  can  be  clearly  resolved  and  were  interpreted  as  inter-conduction- 
band  optical  transitions.  Theoretical  treatment  of  these  vertical  transitions  has  been  performed 
recently  by  Lembrecht  et  al.  [4].  While  the  theory  can  explain  the  positions  of  the  main  peaks  and 
the  polarization  dependence,  the  widths  are  however  strongly  underestimated  by  the  theory.  It  was 
suggested  that  impurity  effects  introduced  by  heavily  doping,  including  the  shift  of  states  and  a 
partial  breakdown  of  the  vertical  selection  rule  (Ak  =  0),  can  explain  the  differences  in  broadening 
and  the  small  differences  in  peak  positions. 

Epitaxial  growth  of  high-quality  low-doped  films  with  impurity  level  of  1014  cm'3  has  enabled 
new  optical  investigations  of  FCA.  In  4H-SiC,  spatially-  and  time-resolved  FCA  has  been  our 
diagnostic  workhorse,  enabling  us  to  learn  a  great  deal  about  the  excess  earner  recombination  and 
transport  [5-7].  In  this  work,  the  capability  to  perform  photoinduced  measurements  of  FCA 
transients  in  4H-SiC  epilayers  is  applied  further  to  investigations  of  the  free  carrier  absorption 
mechanism  itself.  The  results  presented  below  can  be  of  particular  importance  for  band  structure 
theoretical  study. 

Experimental.  The  samples  investigated  here  are  from  34  pm-thick  4H-SiC  n-type  epilayer 
grown  by  chemical  vapor  deposition  on  N  doped  substrate  with  8°  off  orientation  with  respect  to  the 
c-axis  of  the  material.  The  extrinsic  electron  concentration  «0  is  7xl014  cm'3  in  the  epilayer  and 
6.1xl018  cm'3  in  the  substrate,  respectively.  The  0.43-1  mm  wide  strips  were  sawed  and  polished  to 
optical  quality.  FCA  measurements  at  296  K  were  performed  in  the  orthogonal  geometry  between 
the  pump  and  the  probe  beam  (Fig.  1  a).  We  have  used  continuous  wave  lasers  as  a  polarized  probe- 
beam  at  four  wavelengths:  0.6328  pm  (ft©  »  1.96  eV),  0.861  pm  (ft©  »  1.44  eV  eV),  1.3  pm  (ft©  « 
0.953  eV)  and  1.54  pm  (ft©  »  0.8  eV).  In-depth  scanning  was  provided  by  motorized  sample 
translation.  In  this  way,  the  diameter  of  the  focused  probe  beam  determines  the  resolution,  which  is 
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about  3-8  pm,  depending  slightly  on  the  wavelength.  The  polarization  of  the  probe-beam  is  rotated 
using  the  Berel  compensator,  maintaining  a  polarization  ratio  of  about  1 :200.  In  Fig.  1  b,  we  show 
the  depth  dependence  of  the  transmitted  intensity  at  the  detected  energy  of  1.96  eV.  Transmission  in 
the  epilayer  is  determined  barely  by  reflection  losses  and  has  no  polarization  dependence.  While,  in 
the  substrate,  absorption  by  extrinsic  electrons  is  evident.  This  absorption,  a0,  has  a  strong 
polarization  dependence. 

For  uniform  e-h  pair  excitation  in  the  epilayer  we  have  used  2.5  ns  duration  pulses  of  a 
Nd:YAG  laser  at  355  nm  wavelength.  Photoinduced  transients  of  absorption  Aa(/)  were  detected  in 
the  center  of  the  epilayer  (Fig.  1  a)  with  a  10  ns  time  resolution  [5,6].  The  FCA  cross-section  was 
calculated  at  variable  photoinjection  level  as  aeh  =  AaJAn,  where  Aa  is  the  absorption  peak  value 
and  An  =  Ap  are  the  injected  electron  and  hole  concentrations.  The  An  values  are  calculated 
providing  calibration  to  the  overall  photon  pulse  density  absorbed  in  the  material  and  the  reflection 
losses  at  355  nm  [7].  Simultaneously,  in  a  heavily  doped  ^-substrate,  the  FCA  cross-section  was 
determined  as  ae  =  a0/«o  after  transmission  measurements  such  as  shown  in  Fig.  1  b. 


Fig.  1.  (a)  Schematic  of  the  depth-resolved  absorption  measurements  in  4H-SiC.  The  specimen  can  be  translated  to 
produce  FCA  measurements  in  the  low-doped  thin  epilayer  (with  pump  beam  on)  or  in  the  heavily  doped  n-substrate 
(with  pump  beam  off).  The  orientation  of  the  c-axis  is  indicated,  (b)  Two  depth-scans  at  detected  energy  1.96  eV 
with  indicated  polarization.  The  pump  beam  is  off. 

Results  and  Discussion.  In  Fig.  2  we  show  the  angular  dependencies  of  the  peak  FCA  cross- 
sections  at  three  detection  energies.  A  strong  anisotropy  for  aeh  is  found  in  the  photoexcited 
epilayer,  which  is  equivalent  to  the  ae  dependency  in  n-substrate.  The  orientation  of  anisotropy  is 
opposite  with  respect  to  the  c-axis  at  0.953  eV  and  1.96  eV  energies.  Much  weaker  FCA  anisotropy 
with  opposite  orientation  for  aeh  and  ae,  is  detected  at  1.44  eV.  We  have  examined  the  injection 
dependence  of  aeh  at  eight  principal  cases  when  E||c  and  E_Lc.  With  the  exception  of  two  case  (at 
lower  energies,  E||c),  which  is  described  below,  we  have  found  a  linear  relationship  with  the  excess 
carrier  concentrations  ranging  between  1015-1019  cm"3.  This  shows  that  in  these  cases  FCA 
polarization  is  independent  of  the  level  of  occupation  of  states  in  the  valence  and  the  conduction 
bands,  and  that  the  aeh  is  an  invariable  experimental  parameter  which  describes  FCA  optical 
transitions. 

In  Fig.  3  we  provide  a  comparison  of  the  spectral  distributions  for  aeh  and  ae.  Measured  values 
in  n-substrate  (<tc,  small  squares)  are  in  a  good  agreement  with  spectra  obtained  by  Biedermann  [1]. 
Large  circles  in  Fig.3  represent  the  determined  FCA  cross-section  creh  in  the  low-doped  epilayer 
when  the  pump  is  on.  The  similarity  of  the  polarization  dependencies  demonstrates  that  the  same 
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inter-conduction-band  mechanism  appears  in  the  excited  and  in  the  heavily  doped  4H-SiC.  The 
pronounced  polarization  peaks  and  polarization  anisotropy  can  be  assigned  to  optical  transitions, 
which  are  allowed  between  conduction  bands  of  the  same  symmetry  for  E||c  and  different  symmetry 
for  E-Lc  [4]. 

A  closer  inspection  of  the  results  in  Fig  3  reveals,  however,  a  few  important  differences.  For 
Elc,  a  gradual  enhancement  of  aeh  respect  to  ae  with  decreasing  energy  is  evident.  Such 
enhancement,  however,  is  small  for  the  E||c  case.  Assuming  that  the  overall  FCA  cross  section  can 
be  written  as  aeh  =  ae  +  ah,  where  ah  is  the  cross-section  in  the  valence  band,  the  enhancement  of 
CTeh  can  be  understood  if  ah  has  the  usual  quadratic  increase  with  decreasing  wavelength.  Note  that 
such  dependence  is  expected  for  intraband  phonon-assisted  transitions  in  the  valence  band.  In  fact,  it 
was  confirmed  in  Biedermann’s  work  for  p-type  doped  6H-SiC  [1].  Biedermann  also  has 
demonstrated  that  absorption  in  p-type  6H-SiC  is  lower  for  E||c  than  for  Elc  case  by  a  factor  of  1 .5- 
2.  We  speculate  that  the  small  enhancement  of  aeh  for  E||c  also  may  be  explained  by  lower  ah  values 
at  E||c  for  the  valence  band  of  4H-SiC. 


►  n-substrate 
— o — epilayer,  pump  on 

5 


Fig.  2  Polar  plots  of  the  angular  dependence  of  the  FCA 
cross-sections  in  the  n-substrate  with  pump  off  (filled 
symbols)  and  in  the  epilayer  with  pump  on  (open  symbols). 
Results  for  three  detection  energies  are  shown.  The 
polarization  direction  is  indicated;  Elc  at  zero  degree  and 
E||c  at  90°. 


Fig.  3.  Comparison  of  the  spectral  distributions  of 
the  FCA  cross-sections.  Solid  lines  and  filled 
symbols  are  for  Elc,  and  dashed  lines  and  open 
symbols  are  for  E||c.  Measured  values  in  n-substrate 
(<jc,  small  squares)  are  in  a  good  agreement  with 
published  spectral  dependencies  from  Ref.  [1]. 
Large  circles  represent  the  FCA  cross-section  aeh  in 
low-doped  epilayer  when  the  pump  is  on. 
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Next  we  examined  FCA 
transients  at  different  energy 
and  polarization.  We  obtained 
that  FCA  transients  are 
equivalent  in  six  principal 
cases,  which  indicates  identical 
recombination  mechanism  for 
the  carriers.  The  characteristic 
recombination  lifetime  at 
moderate  injection  level  is 
about  0.42  ps  as  shown  in  Fig. 
4  a.  For  the  lower  energies  and 
E||c,  in  contrast,  we  have 
observed  an  astonishing  effect 
of  fractional  absorption 
damping  in  the  beginning  of  the 
transient.  This  is  blown  up  on 
an  expanded  time  scale  in  Fig. 
4  b  for  a  detected  energy  0.953 
eV.  After  the  end  of  laser  pulse,  the  absorption  slowly  rises  and  almost  doubles  within  0.1  ps.  The 
rest  of  the  decay  has  the  same  shape  as  for  all  other  cases.  In  addition,  at  very  high  injection  levels 
of  An  >1018  cm'3,  we  have  observed  a  dramatic  rise  in  FCA  signals,  which  is  followed  by  a  fast  FCA 
decay  within  0.1  ps  (not  shown  here).  Therefore,  we  tentatively  suggest  that  this  effect  may  result 
from  supporting  photoinduced  phenomenon.  More  work  should  be  performed  to  study  this  effect. 

Conclusions.  We  have  shown  that  similar  inter-conduction  band  absorption  mechanism 
appears  in  the  excited  and  in  the  heavily  n-type  doped  4H-SiC.  The  phonon-assisted  FCA  in  valence 
band  can  be  responsible  for  absorption  enhancement  at  lower  energy  for  E_Lc.  Several  details  of 
absorption  should  be  investigated  more  carefully  for  better  understanding. 
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Fig.  4.  The  decays  of  the  FCA  at  three  detected  energies  and  two  polarization 
directions:  EXc  (solid  lines)  and  E||c  (dotted  lines).  The  differences  at  the 
detection  energy  0.953  eV  in  the  initial  portion  of  two  transients  are  shown 
(b)  on  an  expanded  time-scale. 
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Abstract 

We  present  experimental  data  on  the  bandstructure  and  high  mobility  transport  properties  of  6H  and 
4H-SiC  epitaxial  films  based  on  optically  detected  cyclotron  resonance  investigations.  From  the 
orientational  dependence  of  the  electron  effective  mass  in  6H-SiC  we  obtain  direct  evidence  for  the 
camels  back  nature  of  the  conduction  band  between  the  M-  and  L-points.  The  broadening  of  the 
resonance  signal  in  4H-SiC  as  a  function  of  temperature  is  used  to  extract  information  on  electron 
mobilities  and  to  conclude  on  the  role  of  the  different  scattering  mechanisms. 

Introduction 

We  have  recently  reviewed  the  cyclotron  resonance  (CR)  determination  of  the  electron  effective 
masses  in  the  three  polytypes  of  SiC,  3C,  4H  and  6H  [1].  The  experimental  findings  are  in  general 
agreement  with  theoretical  calculations  [2,3,4],  although  fine  details  in  the  conduction  band  of  6H 
SiC  such  as  a  camel’s  back  structure  have  escaped  experiments.  Since  then  we  have  extended  the 
CR  experiments  and  it  is  now  possible  to  present  experimental  evidence  for  the  camel’s  back  nature. 
From  temperature  dependent  measurements  we  are  also  able  to  conclude  on  the  nature  of  the 
scattering  mechanisms  at  low  temperatures. 

Experimental  Details 

The  4H-  and  6H  -  SiC  epitaxial  films  were  grown  by  the  hotwall-chemical  vapour  deposition 
technique  on  off-axis  substrates.  The  films  were  nominally  undoped  and  n-type  with  free  carrier- 
densities  between  2  and  5  x  1014  cm'3  and  Hall  mobilities  around  1000  cm2/Vs  at  room  temperature. 
The  sample  thickness  was  93  pm  for  the  4H-SiC  film  and  varied  from  15  -  35  pm  for  the  6H-SiC 
films.  For  the  determination  of  the  electron  effective  mass  and  the  transport  properties  optically 
detected  cyclotron  resonance  (ODCR)  experiments  were  conducted  at  36  GHz.  Excitation  of  the 
photoluminescence  was  performed  using  a  HeCd  laser  at  a  wavelength  of  325  nm  (above  band  gap). 
Results  and  Discussion 

For  the  ODCR  measurements  the  D-A  pair  band  was  used  as  a  monitor.  The  ODCR  spectrum  for 
the  magnetic  field  parallel  to  the  c-axis  is  shown  in  Fig.  1.  The  resonance  is  centered  at  0.62  T  and 
from  the  line  position  one  calculates  an  effective  mass  in  the  basal  plane  of  m  m-k  =  0.48  ±  0.03  m<>. 
As  in  the  case  of  4H-SiC  one  expects  an  anisotropic  mass  (tensorial  mass)  and  therefore^angular 
dependent  measurements  were  performed  with  rotations  of  the  magnetic  field  in  the  (1120)  and 
(llOO)  planes.  In  both  cases  the  resonance  was  only  observable  up  to  angles  of  60°  and  its  field 
position  at  this  angle  was  within  experimental  error  identical.  This  corresponds  to  spheroidal  energy 
surfaces  which  are  oriented  parallel  to  the  c-axis.  A  complete  angular  dependence  for  a  rotation  in 
the  (llOO)  plane  is  shown  Fig.  2.  For  comparison  the  effective  masses  determined  at  9  GHz  for 
parallel  and  perpendicular  orientations  are  shown  using  full  circles. 

In  order  to  determine  the  mass  parallel  to  c-axis,  m*u,  a  fit  to  the  data  points  was  performed.  Under 
the  assumption  of  an  isotropic  mass  within  the  basal  plane  the  mass  is  given  by: 
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Fig.l:  Optically  detected  cyclotron  resonance  of  6H-SiC  at  36  GHz  and  T  =  1.6  K  for  an  orientation 
of  the  magnetic  field  parallel  to  the  c-axis  a),  and  60°  off. 

Fig.2:  Orientation  dependence  of  the  electron  effective  mass  in  6H-SiC  obtained  by  rotating  the 
sample  in  the  (1 1 00)  plane.(S  =  0°  corresponds  to  B||c.  Experimental  data  are  given  by  full  squares 
and  circles,  the  drwan  line  is  a  fit  (see  text). 

-1/2 

where  0  is  the  angle  between  the  magnetic  field  B  and  the  c-axis. 
The  resulting  values  are  given  in  Table  1. 

One  notes  that  the  perpendicular  mass  is  about  15  %  higher  for  the  36  GHz  measurements.  Even 
more  astonishing  is  that  the  parallel  mass  has  an  infinite  value,  but  was  2  in  the  9  GHz  experiments 
[5].  In  order  to  understand  this  surprising  behaviour  we  take  a  closer  look  at  the  bandstructure  in  the 
light  of  recent  theoretical  calculations.  Lambrecht  et  al.  [3]  derived  for  the  masses  in  the  hexagonal 
plane  two  values  m  Mr  =  0.77  mo  and  m  mk  =  0.24  m©.  In  the  c-direction  the  value  m*ML  is  1.42  mo. 
The  minimum  of  the  conduction  band  is  in  the  direction  M  to  L,  approximately  in  the  middle 
between  the  symmetry  points.  This  results  in  six  equivalent  energy  ellipsoids.  Through  the  three 
equivalent  M-points  two  valleys  are  connected  with  a  barrier  of  9.5  meV  in  between,  a  “camel’s 
back“  structure.  For  the  cyclotron  mass  in  the  basal  plane  one  hence  obtains 

m  ~  yjmMr  *  mMK  =  0.429mo  in  good  agreement  with  the  experimental  result  of  Son  et  al.  [5].  For 
the  mass  parallel  to  the  c-axis  the  nonparabolicity  of  the  conduction  band  plays  a  key  role. 
Lambrecht  et  al.  [8]  predicted  that  the  mass  will  increase  from  1.1  to  2.0  (maximum  energy  at  the 
barrier  height)  depending  on  the  electron  energy.  Similar  results  were  obtained  by  Persson  et  al.  [4]. 
The  barrier  height  is  5.3  meV.  For  the  masses  see  Table  1.  With  this  information  we  are  able  to 
explain  the  results  of  Fig.  3.  According  to  Son  et  al.  [5]  the  ODCR  measurements  at  9  GHz  were 
conducted  with  a  microwave  power  of  100  mW.  Depending  on  the  quality  factor  of  the  resonator 
the  microwave  electric  field  can  reach  values  up  to  102  V/cm.  With  a  scattering  time  of  x  =  10'11  s 
the  carriers  can  gain  10  meV  in  energy  which  is  close  to  the  barrier  height  and  the  mass  of  2.0  mo  is 
in  agreement  with  the  theoretical  values.  The  ODCR  measurement  at  36  GHz  used  200  mW  (  2  x 
102  V/cm).  The  electron  energy  is  approximately  40  meV  using  the  x  of  5  x  10‘n  s  and  a  mass  of  2 
mo.  The  energy  would  hence  be  four  times  higher  than  the  barrier  and  thus  an  highly  increased  mass 
might  be  plausible. 
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Table  1:  Comparison  of  the  effective  electron  masses  in  6H-SiC 


For  the  determination  of  the  carrier  mobility  we  performed  temperature  dependent  ODCR 
measurements  at  36  GHz  at  a  microwave  power  of  10  mW.  The  scattering  time  deduced  from  the 
resonance  halfwidth  and  the  mobility  calculated  according  to  fi  =  ex/m*.  We  assume  that 
Mathiesen’s  rule  is  valid  and  the  total  scattering  time  is  the  sum  of  the  individual  scattering 
processes  [6].  The  data  are  shown  in  Fig.  3  as  full  squares.  In  addition  the  value  from  Hall  effect 
measurements  [7]  at  room  temperature  is  shown  (full  triangle).  The  mobility  increases  slightly  up  to 
a  temperature  of  9  K  and  then  steadily  decreases  up  to  22  K.  Above  22  K  the  ODCR  signal  has 
vanished  in  the  noise.  This  behaviour  can  be  described  by  three  main  scattering  processes  [see  e.g. 
refs.  6  and  8]  -  scattering  by  impurities,  for  which  one  has  to  distinguish  between  neutral  and 
ionized  impurities  and  scattering  by  acoustical  phonons  dominating  at  higher  temperatures  (see  Fig. 
3,  dashed  lines).  In  most  semiconductors  scattering  by  impurities  dominates  at  low  temperature.  For 
the  scattering  by  neutral  impurities  with  a  concentration  N  we  have  the  following  relation  [6]: 

e  m*/m0  (!) 

20a  Bft  sN 

with  the  Bohr  radius  aB  and  the  dielectric  constant  e. 

For  scattering  by  ionised  impurities  we  used  the  relation  from  Brooks  and  Herring  [6],  which  gives 
good  results  for  low  carrier  densities  and  not  too  high  carrier  velocities.  If  one  assumes  that  the 
concentration  of  ionized  impurities  Ni  is  constant,  we  obtain  for  the  mobility: 

27/2(4  nes0)\kBT)V2  _  (2) 

M  7r3/2Z2e3 (rn  / mQ )1/2 Nt [ln(l  +  fi2)- 0,434/?2  /(I  +  fi2)] 


(m  / m0) 


— 3kBT)1/2LD  and  LD 

ill  /  hIa 


Ni  is  the  total  concentration  of  ionized  impurities  in  the  crystal,  Ld  is  the  Debye  screening  length 
with  the  parameter  n,  which  gives  the  concentration  of  free  carriers.  All  other  symbols  have  their 
usual  meanings.  The  scattering  by  acoustic  phonons  is  given  by: 


2>/27t  _ eft4 Ci _ rp-3/2 

3  (m*  /m0)5/2(kB)3/2e^c 


(3) 


Ci  is  the  longitudinal  elastic  modulus,  6  x  1012  dyn/cm2  and  eac  —  20  eV  the  deformation  potential 
[9].  Polar  optical  scattering  is  not  of  importance  at  low  temperatures  (see  Fig.3).  Due  to  the  high 
Debye  temperature  of  1200  K  it  contributes  only  at  temperatures  above  room  temperature.  Although 
Eqs.l  to  3  include  may  simplifications  which  may  be  questionable  for  SiC  the  calculated  total 
mobility  explains  the  experimental  data  very  well.  The  necessary  parameters  which  enter  into  the 
equations  are  only  partly  known  for  4H-SiC.  For  the  neutral  impurity  scattering  the  concentration  of 
impurities  enters.  From  the  Hall  effect  measurements  the  donor  concentration  was  determined  to  be 
2  x  1014  cm-3,  a  possible  compensation  by  acceptors  was  not  considered.  In  order  to  reach  the  high 
mobility,  the  impurity  concentration  must  be  less  than  5  x  1014  cm3.  It  is  difficult  to  estimate  the 
contribution  of  ionised  impurities,  since  the  total  number  as  well  as  the  free  carrier  concentration 
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Fig.  3: 

Mobility  in  4H-SiC  as  a  function  of 
temperature.  Full  squares  are  the  data  from 
ODCR,  the  triangle  is  from  Hall  effect 
measurements  at  room  temperature.  The 
dashed  lines  are  calculated  mobilities  for 
scattering  by  neutral  (1)  and  ionised  (2) 
impurities,  as  well  as  the  acoustic  deformation 
potential  (3)  and  polar  optical  (4)  scattering. 
The  drawn  line  takes  into  account  all  four 
processes. 


has  to  be  known.  Free  carriers  are  mainly  generated  by  optical  excitation.  With  a  laser  power  of  10 
mW  and  an  average  lifetime  of  10‘6  s  one  calculates  about  n  =  1  x  1015  cm*3. 

Taking  the  number  of  ionised  impurities  as  a  free  parameter  one  obtains  a  value  of  1  xlO13  cm*3 
from  a  fit  to  the  data.  This  corresponds  to  an  average  distance  between  the  scattering  centres  of 
about  300  nm.  With  a  cyclotron  radius  Jh/eB  =  35  nm  only  a  fraction  of  the  electrons  would  be 
scattered  by  ionised  impurities.  Nevertheless  it  is  the  dominating  scattering  process  for  T  <  10  K. 
For  temperatures  T  >  15  K  the  mobility  is  determined  by  acoustic  deformation  potential  scattering. 
Also  the  mobility  at  room  temperature  fits  to  this  behaviour.  Due  to  the  contacts  and  averaging  over 
a  whole  sample  the  Hall  mobilities  are  always  lower  than  mobilities  from  cyclotron  resonance. 
Summary 

Photoluminescence  and  optically  detected  cyclotron  resonance  experiments  have  been  performed  on 
4H-  and  6H-SiC  epitaxial  films  grown  by  the  hotwall-chemical  vapour  deposition  technique.  From 
the  ODCR  experiments  on  6H-SiC  at  36  GHz  we  obtain  direct  evidence  for  the  camels  back  nature 
of  the  conduction  band.  The  minimum  is  located  between  the  M-  and  the  L-point.  From  temperature 
dependent  ODCR  experiments  in  4H-SiC  we  extract  information  on  electron  mobility  and  on  the 
contributions  of  different  individual  scattering  processes  to  it.  For  temperatures  T  >  15  K  the 
mobility  is  determined  by  acoustic  deformation  potential  scattering,  which  also  explains  the 
mobility  at  room  temperature. 
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Abstract:  Optically  detected  cyclotron  resonance  (ODCR)  at  X-band  frequency  (-9.23  GHz)  was 
used  to  study  electron  and  hole  effective  masses  in  4H  SiC.  In  addition  to  the  known  ODCR  signal 
related  to  the  cyclotron  resonance  (CR)  of  electrons  we  have  observed  in  4H  SiC  epitaxial  layers 
grown  by  chemical  vapor  deposition  (CVD)  a  new  ODCR  peak  at  higher  magnetic  field,  which  is 
attributed  to  the  CR  of  the  holes.  The  angular  dependence  of  the  hole  CR  peak  can  be  described  by 
the  usual  cyclotron  mass  relation  for  the  case  of  an  elliptical  energy  surface,  with  the  values  of  the 
transverse  mass  m_|_=(0.66±0.02)  mo  and  the  longitudinal  mass  m|p(1.75±0.02)  mo.  The  principal 
axis  of  the  ellipsoid  is  parallel  to  the  c  axis. 

1.  Introduction 

The  effective  masses  of  electrons  and  holes  in  semiconductors  are  fundamental  parameters,  which 
are  required  for  many  analyses.  The  characterization  of  the  energy  band  structure  and  effective 
masses  are  therefore  of  vital  importance.  The  most  direct  method  for  determination  of  effective 
masses  is  cyclotron  resonance  (CR).  The  observation  of  a  well-defined  CR  requires  cot>1,  here  co  is 
the  frequency  (usually  the  microwave  frequency)  used  in  the  experiments  and  t  the  carrier 
scattering  time.  In  SiC  crystals  available  nowadays,  the  carrier  mobility  is  usually  low  due  to  short 
carrier  scattering  time  caused  by  high  concentrations  of  defects  and  residual  impurities.  It  is 
therefore  very  difficult  to  satisfy  the  requirement  of  cox>l  for  conventional  CR  experiments  in  SiC, 
especially  for  holes,  which  often  have  a  much  lower  mobility  than  that  of  electrons.  In  the  past,  CR 
experiments  have  been  performed  at  far-infrared  wavelengths  and  high  magnetic  fields  to 
determine  electron  effective  masses  in  3C  SiC  [1].  However,  even  at  such  high  frequencies  and 
magnetic  fields,  a  detailed  study  of  the  hole  effective  masses  was  still  not  possible  [1].  Recently, 
using  optically  detected  cyclotron  resonance  (ODCR)  technique  [2]  with  its  advantages  of 
improving  the  mobility  due  to  photoneutralization  of  impurities  [3],  we  were  able  to  determine  the 
electron  effective  masses  in  6H  and  4H  SiC  at  X-  and  Q-band  frequencies  [4-6].  In  the  4H 
polytype,  the  electron  effective  masses  have  been  studied  by  both  experiment  [5,6]  and  theory  [7- 
13].  The  hole  effective  masses,  however,  have  so  far  been  predicted  only  by  theory  [7,11-13]  but 
not  experimentally  determined.  In  this  work,  using  low-doped  4H  SiC  epitaxial  layers  grown  by 
chemical  vapor  deposition  (CVD)  we  could  detect  ODCR  signals  of  both  electrons  and  holes. 

2.  Experiment 

The  samples  used  in  this  work  are  low-doped  4H  SiC  grown  by  CVD.  The  concentration  of 
residual  nitrogen  donors  in  the  layers  is  below  10 14  cm'3  as  determined  from  the  photoluminescence 
(PL)  of  the  N-bound  excitons  and  free  excitons.  The  samples  are  slightly  compensated,  but  the 
concentration  of  A1  acceptors  is  in  the  mid  1013  cm'3  range.  The  substrates  have  been  removed  by 
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polishing  and  the  thickness  of  these  free-standing 
layers  is  about  80  pm.  The  ODCR  measurements 
were  performed  on  a  modified  Bruker  ER-200D  X- 
band  (-9.23  GHz)  ESR  spectrometer  using  a 
cylindrical  TE001  cavity  with  optical  access  in  all 
directions.  The  cavity  is  fitted  with  an  Oxford 
helium-continuous-flow  cryostat,  which  allows  a 
regulation  of  the  sample  temperature  from  4  K  to 
room  temperature.  The  334  nm  line  of  an  argon  ion 
laser  was  used  as  the  excitation  source.  In  order  to 
reduce  the  power  density  of  the  excitation,  the  laser 
beam  was  defocused  on  a  large  spot  and  the  laser 
power  was  kept  below  6  mW.  The  change  of  PL 
intensity  in  the  visible  region  (400-600  nm)  due  to 
the  amplitude-modulated  microwave  (MW)  field 
was  detected  using  a  photomultiplier  and  recorded 
by  a  lock-in  amplifier.  The  angular  dependence 
studies  of  the  ODCR  signals  were_made  with  the 
magnetic  field  rotating  in  the  (11  20)  and  (1100) 
planes.  For  most  of  the  measurements  the  MW 
power  was  in  the  range  2-10  mW. 

3.  Results  and  discussion 

At  low  temperatures,  all  samples  show  strong  PL 
emissions  from  the  free  excitons  and  N-bound 
excitons.  The  PL  from  Al-bound  excitons  was  also 
weakly  detected.  Fig.  1  shows  ODCR  signals 
observed  in  4H  SiC  layers  for  different  directions 
of  the  magnetic  field.  In  these  experiments,  the 
band-edge  PL  emissions  (in  the  range  400-600  nm) 
were  monitored  using  different  optical  filters  and 
the  MW  power  was  kept  at  low  levels  (2-10  mW) 
to  avoid  line-broadening  effect.  For  B  parallel  to 
the  c  axis  [Fig.  1(a)],  two  broad  and  partly 
overlapping  ODCR  peaks  were  detected  in  the 
region  140-250  mT.  The  very  sharp  line  at  around 
73  mT  is  an  ODMR  signal  of  an  unidentified 
defect.  The  samples  were  specially  mounted  to 
avoid  strain  in  the  film  and  to  ensure  that  no  strain- 
induced  splitting  occurred.  When  rotating  the  magnetic  field  away  from  the  c  axis  the  low-field 
peak  moved  to  the  lower  magnetic  field  while  the  other  moved  to  the  opposite  direction.  The 
separation  between  them  is  largest  in  the  direction  of  B  perpendicular  to  the  c  axis  [Fig.  1(b)].  The 
angular  dependence  studies  of  these  two  ODCR  peaks  were  performed  with  the  magnetic  field 
rotating  in  the  (1 1  20)  and  (1100)  planes^  At  the  X-band  frequency,  the  angular  dependencies  of 
these  peaks  measured  in  the  (1 1  20)  and  ( 1 100)  planes  are  the  same  within  experimental  errors.  At 
the  direction  where  these  peaks  are  well  separated  [Fig.  1(b)],  each  peak  appears  to  be  symmetric  in 
line  shape,  even  measuring  with  the  lowest  possible  MW  power.  Therefore  each  peak  was 
considered  as  corresponding  to  only  one  cyclotron  mass  value  m*=(eB)/co.  Here  co  is  the  MW 
frequency  and  B  the  magnetic  field.  Fig.  2  shows  the  angular  dependencies  of  the  cyclotron  masses 
corresponding  to  these  two  ODCR  peaks  with  the  magnetic  field  rotating  in  the  (11  20)  planes. 


0  100  200  300  400  500  600 
Magnetic  Field  (mT) 


Fig.l.  ODCR  signals  observed  in  4H  SiC 
with  monitoring  the  near  band-edge  PL  for 
the  magnetic  field  B  (a)  parallel  and  (b) 
perpendicular  to  the  c-axis.  In  both  figures, 
the  peak  at  lower  magnetic  field  corresponds 
to  the  CR  of  the  electrons,  while  the  higher 
field  peak  is  due  to  the  CR  of  the  holes.  The 
very  sharp  peak  at  -73  mT  in  (a)  is  an 
ODMR  signal  of  an  unidentified  defect.  The 
sample  was  excited  by  the  334  nm  line  of  an 
Ar  ion  laser  with  an  output  power  of  4  mW. 
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Comparing  the  obtained  angular  dependence  with 
that  of  the  electron  cyclotron  masses  in  4H  SiC 
measured  also  at  X-band  frequency  [5],  it  can  be 
concluded  that  the  low-field  peak  corresponds  to 
the  ODCR  of  the  electrons.  From  the  experimental 
[5,6]  and  theoretical  [7-13]  studies  of  effective 
masses  and  energy  band  structure  of  4H  SiC,  it  can 
be  excluded  that  the  high-field  peak  is  related  to 
another  component  of  the  electron  effective  mass 
tensor.  The  peaks  are  already  separately  observed 
for  B  parallel  to  the  c  axis  and  at  all  directions  their 
separation  is  too  large  to  compare  with  the  splitting 
due  to  the  anisotropy  of  the  electron  mass  tensor.  It 
is  also  not  possible  that  the  second  peak  is  related 
to  the  ODCR  of  the  electrons  occupying  the  second 
lowest  conduction  band  minimum,  since  the  MW 
power  used  in  this  case  is  too  low  to  be  able  to 
excite  electrons  to  that  band,  which  is  about  122 
meV  above  the  conduction  band  minimum  [12]. 
The  intensity  ratio  between  these  two  peaks  did  not 
change,  with  increasing  the  MW  power.  This  result 
also  indicates  that  the  peak  is  not  related  to  the 
higher  band.  The  high-field  peak  is  therefore 
attributed  to  the  ODCR  of  the  holes.  The  angular 
dependence  of  the  hole  cyclotron  mass  can  be 
described  by  the  usual  relation  for  the  case  of  an 
elliptical  energy  surface 


Angle  (degrees) 


Fig.2.  Angular  dependencies  of  the  electron 
(open  circle)  and  hole  (filled  circle)  cyclotron 
masses  in  4H  SiC  measured  in  units  of  the  free 
electron  mass  (m0)  with  the  magnetic  field 
rotating  in  the  (112  0)  plane.  The  curves 
represent  the  fits  using  Eq.  (1)  and  the 
effective  mass  values:  mi=0.45  m0  and 
m||=0.30  m0  for  the  electrons,  and  mi=0.66  mo 
and  m|j=l  .75  m0  for  the  holes.  The  zero  angle 
corresponds  to  B\\c while  90°  corresponds  to 
Blc  and  5||[TlOO]. 


/  ^ 
cos20 

mJL 


sin20 

m_i_m|| 


1/2 


(1) 


where  0  denotes  the  angle  between  B  and  the  c  axis.  The  transverse  mass,  mj.,  is  the  mass  on  the 
basal  plane  and  the  longitudinal  mass,  m||,  is  the  mass  parallel  to  the  c  axis.  From  the  best  fit,  the 
values  m_L=(0.66±0.02)  m0  and  mjp(l.' 75+0.02)  m0  were  obtained. 

The  hole  effective  masses  in  4H  SiC  have  been  calculated  by  several  groups.  The  ab  initio 
calculations  by  Kackell  et  al  [7]  predicted  very  large  values  for  the  hole  effective  masses,  which  are 
anisotropic  in  the  basal  plane  (the  longitudinal  mass:  mrA=l-73  mo;  on  the  basal  plane:  mrx=0-77 
mo  and  mrM=0-45  mo  or  their  average  values  mx=0.59  m0).  In  recent  calculations,  Lambrecht  et  al 
[11]  and  Persson  et  al  [12,13]  have  both  predicted  parabolic  energy  surfaces  for  the  highest  valence 
band  around  T  point  of  the  Brillouin  zone  of  4H  SiC  and  very  similar  hole  effective  masses.  With 
taking  into  account  the  dependence  on  atomic  positions  in  the  hexagonal  lattice,  the  hole  effective 
masses  in  4H  SiC  were  determined  as  mj_=0.61  m0  and  m||=1.62  m0  [13].  It  should  be  noticed  that 
these  are  the  “bare”  effective  mass  values  since  the  effect  on  the  carrier  mobility  caused  by  the 
coupling  of  the  holes  to  optical  phonons  [14]  (known  as  the  polaron  effect)  was  not  considered  in 
those  cases.  Including  this  effect,  the  polaron  hole  masses  can  be  calculated  from  the  “bare”  values 
using  the  relation  [15]  obtained  by  assuming  parabolic  bands: 


mpj  =  mj/(l-a/6), 


(mj=mi,  mu). 


(2) 
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Here  a=(e2/87TE0  fi  (OLo)(2mdcoLo/^  )1/2[(l/eoo)-(l/so)]  with  md=(m2im||),/3  the  density  state  of  the 
effective  masses.  Using  the  values  given  for  6H  SiC  [16]:  So±=9.66,  so|f=  10.03,  eoo±=6.52, 8oof=6.7 
and  optical  phonon  energy  for  4H  SiC,  fi  colo=0.12  eV,  the  polaron  masses  can  be  derived  from  the 
values  given  in  Ref.  13  as  mpi=0.66  mo  and  mpf=1.76  mo.  These  values  are  almost  the  same  as 
those  determined  in  our  experiments.  This  remarkably  good  agreement  between  theoretical 
calculations  and  our  experimental  determination  is  a  strong  support  for  our  identification  of  the 
hole  ODCR  signal.  The  MW  power-dependence  studies  of  the  hole  ODCR  signal  with  B  in 
different  planes  and  parallel  to  the  c  axis  were  performed,  and  no  noticeable  changes  in  the  position 
of  the  peaks  have  been  detected  in  the  MW  power  range  1-15  mW.  This  indicates  that  the  energy 
surface  is  parabolic  in  the  vicinity  of  the  valence  band  maximum,  which  is  also  in  agreement  with 
the  theoretical  predictions  [11-13].  The  MW  power  dependence  of  the  ODCR  signal  at  higher  MW 
powers  is  currently  investigated. 

In  summary,  we  have  observed  the  ODCR  of  holes  in  4H  SiC  epitaxial  layers  grown  by 
CVD  at  X-band  frequency.  For  the  first  time  the  hole  effective  masses  have  been  directly 
determined  for  this  polytype.  The  constant  energy  surface  of  the  valence  band  near  its  maximum 
can  be  considered  as  ellipsoids  with  the  principal  axis  along  the  c  axis  and  the  hole  effective  masses 
are  determined  as:  mj_=(0.66±0.02)  m0  and  m||=(1.75±0.02)  mo. 
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Abstract  New  differential  absorption  spectra  showing  the  spin-orbit  (SO)  and  crystal  field  (CF) 
splittings  of  the  valence  band  in  4H  SiC  are  presented  here.  The  values  of  the  two  splittings  are 
measured  to  be  6.8±0.6meV  for  SO  and  about  60meV  for  CF  splitting. 

Introduction 

For  the  hexagonal  SiC  polytypes,  the  crystal  field  (CF)  interaction  causes  a  splitting  of  the 
topmost  valence  bands  at  the  F  point  into  a  two-fold  degenerate  and  a  single  non-degenerate  band 
(neglecting  electron  spin).  Several  calculations  of  the  valence  band  structure  in  the  different  SiC 
polytypes  have  been  reported  in  the  recent  literature  [1-3].  Based  on  their  calculations,  Lambrecht  et 
al.[l]  predict  a  linear  increase  of  the  CF  splitting  of  the  valence  band  with  the  hexagonality  of  the 
polytypes.  Reliable  experimental  support  for  this  linear  dependence  is  however  lacking.  Recently 
we  reported  the  experimental  measurement  of  the  SO  and  CF  splittings  of  the  valence  bands  in  6H 
SiC  [4].  In  this  paper  we  present  the  results  of  our  differential  absorption  measurements  of  the 
valence  band  splittings  in  4H  SiC  and 
compare  them  with  the  recent 
calculations. 


Experimental 

High  quality  4H  SiC  boule  material 
with  very  low  micropipe  density  was 
grown  at  Cree  Research  Inc.  Slices  of 
the  boule  were  cut  parallel  to  the  (a) 
face  into  thicknesses  of  2.3cm,  0.9cm, 

0.43cm,  0.145cm  and  0.055cm  and 
polished.  This  allowed  us  to  make 
measurements  in  both  E  _L  c  and  E  ||  c 
polarizations  where  c  indicates  the 
axis  of  uniaxial  symmetry. 

Measurements  were  made  using  a 
specially  designed  wavelength 
modulated  spectroscopy  apparatus.  As 
shown  in  Fig.  1,  a  collimated  beam  of  light  from  a  Xe-arc  lamp  is  torsionally  modulated  at  50Hz 
with  an  oscillating  quartz  plate  after  being  focused  at  the  entrance  slit  of  the  monochromator.  The 
refraction  of  the  incident  light  by  the  oscillating  quartz  plate  results  in  a  modulation  of  the  grating 
dispersion  across  the  exit  slit.  The  photomultiplier  tube  (PMT)  then  measures  dl/dX,  where  I  is  the 
transmitted  intensity.  By  taking  a  ratio  of  the  derivative  signal  and  the  chopped  217Hz  incident 


Sample  Holder 


Fig.  1  :  Schematic  drawing  of  the  differential  absorption 
setup. 
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intensity  signal  we  obtain  1/1  dl/dX,. 
According  to  the  Beer-Lambert's  law 
[5],  if  a  is  the  absorption  coefficient 
of  a  sample  and  I*  is  the  incident 
radiation  just  inside  the  front  surface 
of  the  sample,  then  the  transmitted 
intensity  is  given  by 

I  =  Ii  exp(-at), 

where  t  is  the  thickness  of  the  sample. 
If  we  take  the  derivative  with  respect 
to  wavelength  on  both  sides  of  this 
equation  we  get 

1/1  dl/dX  =  -t  da/dX  +  1/1*  dlJdX. 
Based  on  experimental  measurements, 
we  are  able  to  neglect  1/1*  dI*/dA,, 
where  I*  is  the  incident  intensity  so 
that  1/1  dl/dX.  is  proportional  to  da/d>*. 
Measurements  were  made  at  2K  using 
an  immersion  type  liquid  He  cryostat. 


Results  and  Discussion 

Fig.  2(a)  and  2(b)  show  the  plots  of 
da/dX  vs.  X  in  E  _L  c  and  E  ||  c 
polarizations,  respectively.  The 
energy  positions  of  the  various  peaks 
observed  in  our  differential  spectra 
were  compared  with  those  of  the 
intrinsic  lines,  observed  in  the 
photoluminescence  (PL)  spectra  of 
low  doped  4H  SiC  epilayers  [6].  In 
Fig.  2a,  the  peak  at  3.343eV  was  thus 
identified  with  the  76meV  LA 
phonon.  From  this  assignment  we 
obtain  the  value  of  the  exciton 
bandgap  Egx~  3.267eV,  which  is  in 
good  agreement  with  the  value  of 
3.266eV  obtained  from  PL 
measurements  [6].  By  comparing  the 
peak  energies  in  the  two  polarizations 
observed  in  our  differential  spectra  with  those  reported  in  Ref.  [6],  we  are  able  to  assign  some  of  the 
peaks  to  known  phonon  energies.  These  are  labeled  in  Fig.  2(a)  and  2(b).  For  each  phonon  the 
corresponding  peak  related  to  the  spin-orbit  split  valence  band  has  also  been  indicated  on  the  two 
plots.  From  these  assignments  we  obtain  an  average  value  of  spin-orbit  splitting  as  6.8±0.6meV. 

The  features  marked  with  an  asterisk  (*)  are  remnants  of  peaks  in  the  other  polarization. 

As  mentioned  above,  in  the  hexagonal  polytypes,  under  crystal  field  interaction,  the  three  fold 
degenerate  valence  band  splits  into  a  two  fold  degenerate  band  with  T 5  symmetry  in  C6V  [7]  and  a 
single  F j  symmetry  non-degenerate  band.  Group  theoretical  analysis  to  determine  polarization 
selection  rules  governing  the  PL  spectra  in  4H  SiC  was  discussed  in  Ref.  5.  We  conducted  a  similar 
analysis  of  the  absorption  process  to  determine  the  allowed  phonon  assisted  transitions  from  the  r5 


3700  3650 

- —  Wavelength  (A) 

Fig.  2:  Plots  of  da/dX  vs.  X,  Fig.  2(a)  for  E  ±  c 
polarization  and  Fig.  2(b)  for  E  ||  c  polarization.  The 
peak  labels  correspond  to  known  phonon  energies.  The 
observed  spin-orbit  splitting  is  also  indicated  in  the 
figures.  The  peaks  labeled  in  larger  font  are  tentatively 
associated  with  the  crystal  field  splitting. 
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Table  1:  Possible  transitions  from  the  initial  and  the  Ti  valence  bands  to  the  conduction  band 

states  (|i ))  which  are  the  r5  valence  band  and  minimum  at  the  M  point  [3].  Table  1  lists  the 

the  Ti  crystal  field  split  off  band,  to  the  final  selection  rules  for  transitions  involving  phonons  of 

state  (|f  »,  which  is  the  bottom  of  the  different  symmetry  in  the  two  polarizations.  The 

conduction  band,  are  listed.  The  symmetries  transitions  have  been  determined  for  all  possible 

of  the  different  phonons  are  listed  in  the  symmetries  of  the  conduction  band  minimum.  In  all 

column  "fi".  The  checks  (✓)  mark  the  cases  the  following  observations  are  made.  First, 

allowed  phonons  and  the  (x)  mark  the  n°t phonons  are  allowed  in  transitions 

phonons  which  are  not  allowed.  originating  from  the  T ,  crystal  field  split  off  band 

(CFB).  E.g.,  if  we  take  the  symmetry  of  the 
conduction  band  minimum  to  be  M4,  then  M2 
phonons  are  not  allowed  in  transitions  from  the 
CFB.  Second,  in  all  cases,  for  a  particular  phonon, 
the  transitions  from  the  T 5  valence  band  and  the  F 1 
CFB  occur  in  opposite  polarizations.  We  use  this 
second  observation  to  assign  peaks  in  our 
differential  spectrum  as  transitions  involving  the 
CFB. 

The  peaks,  101.5meV,  llOmeV  and  155meV, 
labeled  in  a  larger  font  in  Fig.  2(a)  and  2(b),  could 
not  be  assigned  to  any  known  phonon  energies  or  to 
the  corresponding  spin-orbit  split  counterpart  of  any 
known  phonon.  Using  the  criteria  mentioned  above, 
it  is  interesting  to  see  that  the  peaks  at  1  lOmeV  and 
155meV  in  E  ||  c  are  about  60meV  from  the  peaks 
at  50.8meV  and  95.8meV,  in  E  _L  c.  Also  the  peak 
at  101.5meV  in  E  _L  c  is  about  60meV  from  the 
40.9meV  peak  in  E  ||  c.  We  therefore  tentatively 
assign  these  three  peaks  to  the  CFB  and  obtain  a 
value  of  about  60  meV  for  the  CF  splitting. 

Table  2  lists  the  recent  calculated  values  of  the 
CF  splitting  by  three  different  groups  along  with  our 
experimentally  measured  values.  As  can  be  seen, 
our  measurements  are  in  good  agreement  with  the 
values  calculated  by  Lambrecht  et  al.  [1]  and  are  in 
fair  agreement  with  the  calculations  of  the  other  two 
groups.  To  our  knowledge  the  only  other 
measurement  of  the  CF  splitting  in  4H  SiC  was 
done  by  electroabsorption,  by  Dubrovskii  and  Sankin  [8]^  They  reported  a  value  of  83meV  for  CF 
splitting  in  4H  SiC.  However  their  results  are  questionable  as  they  did  not  see  any  polarization 
dependence  of  the  lines  in  their  spectra,  which  is  contrary  to  our  results  and  the  PL  results  in  Ref. 

[6]- 

It  is  unclear  why  only  three  peaks  related  to  the  CFB  are  seen  in  our  differential  spectra  even 
though  many  more  transitions  are  allowed  by  group  theory.  One  possibility  is  that  while  group 
theory  predicts  the  possible  transitions,  it  does  not  predict  their  relative  intensities.  Therefore,  peaks 
related  to  the  CFB  could  be  masked  by  strong  peaks  related  to  the  top  of  the  valence  band. 

It  should  be  mentioned  that  the  group  theory  analysis  presented  here  was  not  done  in  the  case  of 
6H  SiC  [4].  According  to  the  authors  of  Ref.  [3]  the  symmetry  of  the  conduction  band  minimum  in 
6H  SiC  is  the  same  as  in  4H  SiC.  Therefore  the  selection  rules  determining  the  phonon  assisted 


570 


Silicon  Carbide  and  Related  Materials  - 1999 


Table  2:  Comparison  of  the  experimentally  determined  values  of  the  CF  splitting  in  the  different 
polytypes  with  the  calculated  values  by  different  theoretical  groups. 


Polytypes 
(%  hexagonality) 

Lambrecht  et  al. 

Wellenhofer  and 
Rossler 

Persson  and 
Lindefelt 

Experimental 

6H  SiC  (33) 

46meV 

44meV 

53meV 

42-44meV  * 

15R  SiC  (40) 

54meV 

- 

- 

_ 

4H  SiC  (50) 

66meV 

74meV 

72meV 

~60meV  ** 

2H  SiC  (100) 

132meV 

144meV 

1 60meV 

- 

*  Ref.  [4].  **  This  work. 

transitions  from  the  and  F i  valence  bands  in  6H  SiC  are  the  same  as  presented  in  this  paper.  If 
we  use  the  above  selection  rules  specified  by  group  theory,  we  obtain  a  crystal  field  splitting  of 
about  41meV,  which  is  close  to  our  previous  assignment. 

Conclusion 

We  have  determined  the  spin-orbit  and  crystal  field  splittings  of  the  valence  band  in  4H  SiC  to  be 
6.8±0.6meV  and  about  60meV,  respectively,  using  wavelength  modulated  spectroscopy.  The  value 
of  CF  splitting  obtained  from  our  measurements  shows  good  agreement  with  the  splitting  calculated 
by  Lambrecht  et  al.  [1].  When  compared  with  our  recently  reported  value  of  the  CF  splitting  in  6H 
SiC,  we  see  an  almost  linear  increase  of  this  splitting  with  hexagonality,  as  predicted  by  theory  [1]. 
We  are  currently  investigating  the  possibility  of  conducting  these  measurements  in  1 5R  SiC. 
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ABSTRACT 

The  ordinary  and  extra-ordinary  dielectric  functions  of  semi-insulating  4H-SiC  in  the  energy 
range  1.5-4. 5  eV  are  determined  by  spectroscopic  ellipsometry  using  a  recently  developed 
anisotropic  incoherent  reflection  model.  This  model  is  further  developed  to  perform  rapid 
birefringence  measurements.  Below  the  minimum  band  gap  the  dielectric  function  is  extracted  using 
the  Sellmeier  dispersion  relation.  The  complex  dielectric  function  response  above  the  band  gap  was 
extracted  and  extrapolated  using  both  the  Fourouhi  and  Bloomer  and  Tauc  Lorentz  dispersion 
models. 

INTRODUCTION 

Silicon  carbide  exists  in  many  different  crystal  polytypes,  with  each  structure  having  unique 
electrical  and  optical  properties  [1].  In  fact,  the  dielectric  tensor  of  silicon  carbide,  depends  strongly 
on  anisotropy  factors  influenced  by  the  crystal  polytype.  Few  detailed  dielectric  function  studies 
have  been  performed  thus  far  for  4H-SiC,  with  the  result  that  experimentally  extracted  values  are 
not  well  established  [2-5].  A  precise  knowledge  of  the  anisotropy  properties  of  the  material  is  thus 
required  for  the  further  development  of  optoelectronic  and  process  monitoring  applications  [2-5]. 
The  anisotropic  dielectric  function  of  the  most  common  polytypes  has  been  estimated  previously 
using  ab  initio  methods  [6].  The  imaginary  part  of  the  dielectric  function  is  found  to  exhibit  uniaxial 
anisotropy,  largely  due  to  the  difference  in  the  optical  transition  element  [6].  Spectroscopic 
ellipsometry  (SE)  was  employed  for  the  birefringence  characterisation  of  semi-insulating  4H-SiC 
[7].  This  work  is  based  on  experimental  observations,  that  ellipsometric  measurements  of  thick 
transparent  anisotropic  double  side  polished  wafers,  exhibit  oscillations  after  reflection.  These 
oscillations  arise  from  the  product  of  the  thickness  and  the  difference  between  the  ordinary  and 
extra-ordinary  refractive  indices  [7].  In  this  paper,  the  dielectric  function  of  4H-SiC  is  extracted 
through  the  use  of  various  approximate  dispersion  models  used  in  conjunction  with  an  anisotropic 
incoherent  reflection  model.  The  dielectric  response  below  the  minimum  band  gap  energy  can  be 
adequately  described  using  the  Sellmeier  dispersion  equation.  Other  popular  dispersion  models  such 
as  the  Fourouhi  and  Bloomer  (FB)  [8]  or  the  Tauc  Lorentz  (TL)  [9]  were  used  to  predict  the 
complex  anisotropic  dielectric  function  above  the  minimum  band  gap. 

EXPERIMENTAL 

The  UVISEL  Phase  Modulated  Spectroscopic  Ellipsometer  (PMSE)  (of  Instruments  SA 
Jobin-Yvon)  [10]  was  used  to  perform  the  UV- Visible  spectroscopic  ellipsometric  measurements. 
Measurements  were  carried  out  with  a  resolution  of  0.01  eV  at  angles  of  incidence  of  65  and  70  °.  A 
commercially  available  semi-insulating  (resistivity  >  105  Ocm)  {0001}  on  axis  double  side  polished 
4H-SiC  wafer  was  used  in  this  study.  Ellipsometry  is  capable  of  partially  determining  the  Mueller 
matrix  of  a  sample  used  to  describe  the  interaction  of  polarised  light  with  generally  depolarising 
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linear  optical  media  [1 1].  In  PMSE,  measured  quantities  depend  on  the  configuration  used.  In  what 
is  known  as  configuration  II  one  measures  the  so-called  “intensities”  defined  as  Is  =  sin2^sinA 
and  Ic2  =  sin2^cosA,  while  configuration  m  measures  Is  and  Ic3  =  cos(2^) ,  where  ^and  A  are 
the  standard  ellipsometric  parameters.  The  measured  quantities  Is,  and  1^  correspond  to  elements 
of  the  Mueller  matrix,  and  can  be  expressed  in  terms  of  the  averaged  products  of  the  reflection 
coefficients  : 


1=2 


<rsrp  > 


<  rsrs  >  +  <rprp  >/ 


2  Re 


<  rsrp  > 


\<rA  >  +  <rprp  >, 


<rr  > 


<rrn  > 

p  p 


<  rsrs  >  +  <  r  r  > 


where  rp  and  rs  are  the  sample  reflection  coefficients  for  p  and  s  polarisations  respectively,  the 
asterisk  stands  for  complex  conjugate  and  the  brackets  (“<>”)  denote  the  ensemble  average  over  the 
varying  quantities.  Under  normal  coherent  conditions  (no  depolarisation  present)  the  degree  of 

polarisation  defined  as  P  =  +  I2cl  +  /c23  =  1.  In  the  current  investigations  the  coherence  length  of 

the  light  is  shorter  than  the  thickness  of  the  wafer,  and  hence  P  <  1  [7]. 


THEORY 


A  full  description  of  the  anisotropic  incoherent  reflection  model  goes  beyond  the  scope  of 
this  work  and  has  been  omitted,  however  a  full  treatment  is  given  elsewhere  [7].  The  averaged 
products  required  to  fully  calculate  the  PMSE  measurements  in  case  of  a  thick  uniaxial  layer  with  an 
anisotropy  axis  along  its  surface  normal,  was  given  as  [7]: 


~r0h!r0l  p 


+ 


(^oi/oi/i  X*ia/ioP  )ir\isr\2p)e 


(i) 


The  r0is,p  and  ri2s,P  are  the  ambient/anisotropic  layer  and  anisotropic  layer/semi-infinite-medium 
reflection  coefficients  for  5  and  p  polarisation  respectively,  given  by  the  modified  Fresnel  relations 
[1 1].  Similarly  t0is,  tois,  tioP,  tIOp  are  the  ambient/anisotropic-substrate  transmission  coefficients  [11]. 
In  this  work  we  are  particularly  interested  in  exploiting  the  oscillating  contribution  of  Eq.  1.  The 
oscillating  “optical  thicknesses”  ps  and  (3p  are  defined  by: 

P,  =  2*4A2-^in>„  and  PP  =  2;r4^2-2sm>„  (2) 

A  A  ne 

where  d  is  the  thickness  of  the  layer,  n0  and  ne  are  the  ordinary  and  extraordinary  refractive  indices 
of  the  layer,  n  is  the  ambient  refractive  index,  A  is  wavelength  of  light  and  (pQ ,  the  angle  of 
incidence.  Given  the  experimentally  acquired  data,  the  anisotropic  behaviour  of  the  dielectric 
function  may  then  be  extracted  using  this  model  in  conjunction  with  an  appropriate  dispersion 
model. 


The  real  part  of  the  dielectric  function,  which  is  related  through  the  Kramers-Kronig  (KK) 
relationship  to  the  imaginary  part,  produces  thus  a  small  birefringence,  or  refractive  index  difference 
that  may  be  observed  below  the  band  gap.  The  real  part  of  the  anisotropic  dielectric  function  is 
determined  below  the  minimum  band  gap  by  fitting  our  ellipsometric  data  with  a  modified 
Sellmeier  dispersion  model: 


£tl(E)=nl(E)  =  em 


< 1  " 


ordinary ,  direction  perpendicular  to  c-  axis 
extra  -  ordinary ,  direction  parallel  to  c-  axis 


(3) 


In  previous  work  [3],  £«,  is  set  to  1,  but  it  was  proposed  that  background  contributions  could  arise 
from  higher  electronic  transitions  [5].  The  oscillator  strength  fq  is  assumed  to  be  the  key  parameter 
responsible  for  the  birefringence;  mainly  due  to  the  optical  transition  element  for  direct  band  gap 
transitions  around  5.8  eV  [6].  A  direct  “half-wave”  method  presented  in  detail  in  ref.  12,  was  also 
applied  to  estimate  the  birefringence  by  using  two  successive  maxima  in  the  k  curve  in  Fig.  1 . 
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Figure  1.  PMSE  measured  and  model  fitted  intensities 
Is  and  Ic  using  band  gap  dispersion  models. 


RESULTS  AND  DISCUSSION 

The  model  described  was  used  in  order 
to  fit  the  below  band  gap  PMSE 
measurements  in  Fig.  1.  The  model 
included  Si02  overlayers  on  both  sides 
of  the  wafer,  fitted  simultaneously  with 
it  the  parameters  of  the  dispersion  models 
in  Eq.  3.  The  resulting  refractive  index 
functions  are  shown  in  Fig.  2. 

The  difference  in  refractive  index 
An=(ne  -  n0)  at  1.8  eV,  is  found  to  be 
0.05,  in  agreement  with  previous 
studies  [2,6].  The  Si02  overlayers  were 
estimated  to  be  30  A  thick.  The  “half¬ 
wave”  method  was  also  used  to 
calculate  the  birefringence  of  the  wafer, 
and  the  results  are  also  shown  in  Fig.  2. 


It  is  observed  from  Fig.  2,  that  the  birefringence  estimated  from  the  “half-wave”  method  follows  the 
fitted  birefringence  for  low  wavenumber  values,  while  values  closer  to  the  minimum  band  gap  are 
overestimated.  This  is  attributed  to  the  change  in  birefringence  nominally  neglected  in  the  “half¬ 


wave  “  method  [12].  The  correction  for  the  latter  is  also  given  in  Fig.  2. 

Further  information  may  be  extracted  via  approximate  dispersion  models  incorporating 
parameters  related  to  the  minimum  band  gap  and  allowed  higher  transitions,  such  as  the  FB  model 
[8]  or  the  TL  model  [9].  Both  models  are  based  on  the  Tauc  Gap  approximation  of  the  minimum 
gap,  and  a  Lorentzian  type  model  for  the  main  direct  transition.  Both  models  were  chosen  given  the 
relatively  few  parameters  required  for  fitting  compared  to  the  Adachi  type  Eo,  EiA,b,c  dispersion 
models  for  zincblende  and  wurtzite  hexagonal  semiconductors  [13,14].  For  both  TL  and  FB  models, 
parameters  relating  to  the  ordinary  dielectric  function  were  fitted  to  coherent  measurements, 
assuming  in  this  case  isotropic  behaviour  [2,4,5].  The  resulting  dielectric  function  was  found  to  be 
in  good  agreement  with  previously  measured  values  of  4H  SiC  [2-4].  The  probability  of  transition 
of  the  dominating  Ei  like  transition  for  the  extra-ordinary  component  was  then  increased  relative  to 
the  ordinary  one,  until  the  interference  fringes  were  reproduced.  All  parameters  were  then  fitted 

simultaneously.  The  corresponding  fit 


using  the  TL  model,  and  the  resulting 
dielectric  function  is  shown  in  Figs.  1 
and  3  respectively.  The  results  obtained 
using  the  TL  model  displayed  better 
fits  above  and  below  the  minimum 
band  gap  compared  to  the  FB  model, 
and  were  furthermore  in  good 
agreement  with  the  values  extracted 
using  the  Sellmeier  dispersion  relation. 
Data  from  the  TL  dispersion  model  was 
further  extrapolated  to  reveal  band 
structure  details,  for  comparison  with 
ab-initio  calculations  [6].  Fig.  3  thus 


E[eV] 


shows  the  simultaneously  fitted 


Figure  2.  Fitted  n0  and  ne,  and  resulting  An  (bottom  anisotropic  dielectric  function  of  4H 
dashed  line),  together  with  An  obtained  from  the  "half-  SiC,  using  the  TL  model  in  conjunction 

wave-points"  approximation,  with  and  without  with  the  anisotropic  incoherent 

correction.  reflection  model.  Fig.  3  also  shows  the 
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tabulated  dielectric  function  of  4H  SiC. 
[2,3].  In  this  work,  we  adopt  the 
terminology  of  the  hexagonal  wurzite 
structures,  and  denote  multiple  Ei 
transitions,  as  Eia  (5.2-5.8  eV),  E!B  (7 
eV)  [6,12].  It  is  observed  that  the 
broadened  oscillator  position  of  the 
ordinary  component  may  represent  an 
Ejb  type  direct  transition  [13,14].  The 
extra-ordinary  component  shows  a 
downshift  of  the  central  energy 
position  of  the  dominating  optical 
transition.  The  latter  may  be  attributed 
to  the  “Eia”  transition  being  much 
stronger  for  parallel  polarisations.  The 
optical  absorption  in  Fig.  3,  is  believed 
to  be  overestimated,  but  the 
extrapolated  dielectric  functions 
supplies  the  general  trend  of  the 
anisotropic  dielectric  function. 

SUMMARY  AND  CONCLUSION 

A  newly  formulated  anisotropic  incoherent  reflection  model  has  been  applied  for  the  first 
time  to  extract  the  dielectric  function  of  semi-insulating  4H-SiC,  using  standard  ellipsometric 
measurements.  The  anisotropic  dielectric  function  can  be  accurately  described  by  a  modified 
Sellmeier  dispersion  relation  below  the  minimum  gap.  The  “half-wave”  method  reveals  a  dispersion 
dependence  requiring  a  correction  factor  to  accurately  predict  results  of  the  birefringence  for  higher 
wavenumbers.  In  addition,  the  FB  and  TL  dispersion  models  were  evaluated.  The  TL  model  was 
found  to  best  describe  the  ordinary  and  extra-ordinary  optical  properties  above  and  below  the 
minimum  band  gap.  In  conclusion  we  have  demonstrated  that  conventional  SE  can  accurately 
characterise  birefringence,  provided  the  material  under  study  is  in  the  form  of  a  optically  thick  slab, 
allowing  for  the  study  of  anisotropy  related  band  structure  characteristics. 
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Figure  3.  TL  fitted  Re(solid)  and  Im(dashed)  part  of 
ordinary  (o)  and  extra-ordinary  (e)  dielectric  functions 
of  4H-SiC,  together  with  tabulated  Re(()  and  Im(A)  part 
of  ordinary  component  of  4H  [2]  up  to  6.5  eV,  and  6H 
[3]  above  6.5  eV. 
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Abstract 

A  variable  angle  of  incidence  spectroscopic  ellipsometer  equipped  with  a  compensator  has  been 
used  to  determine  the  dielectric  functions  in  the  0.74  -  6  eV  photon  energy  range  of  n-type  bulk 
4H-SiC  with  doping  concentrations  between  1017  and  1019  cm'3.  The  resulting  dielectric  function 
for  different  SiC  wafers  depends  on  the  doping  concentration,  especially  around  the  absorption 
onset  and  higher  photon  energies.  Measurements  on  different  wafers  with  the  same  doping  show 
good  reproducibility.  Simulations  and  preliminary  measurements  show  that  eilipsometry  might  be 
useful  for  thickness  determination  of  thin  (<1  pm)  homoepitaxial  films. 

Introduction 

Due  to  its  favorable  electronic  properties,  SiC  is  recognized  as  one  of  the  most  promising  materials 
for  high-power,  high-frequency  and  high  temperature  devices  [1].  SiC  also  possesses  excellent 
mechanical  properties  making  it  even  more  attractive.  However,  in  order  to  frilly  understand  the 
possibilities  and  limitations,  a  thorough  characterization  of  the  optical  and  electrical  properties  has 
to  be  done.  Up  to  this  date,  there  are  few  publications  on  the  optical  properties  (e.g.  the  dielectric 
function,  e)  of  SiC  [2-5],  This  is  mainly  due  to  the  earlier  lack  of  high  quality  SiC,  especially  of  the 
4H  polytype. 

Presently,  the  published  dielectric  data  are  confined  to  one  doping  and  also  often  in  a  rather 
narrow  photon  energy  range.  The  aim  of  this  paper  is  to  present  dielectric  functions  of  4H-SiC  for  a 
larger  range  of  doping  concentrations.  The  optical  properties  are  determined  by  spectroscopic 
eilipsometry,  a  powerful,  non-destructive  technique  for  high  accuracy  measurements.  The 
technique  is  surface  sensitive  and  allows  measurements  in  air.  One  advantage  with  eilipsometry 
compared  to  some  other  techniques  is  that  no  Kramers-Kronig  transformation  is  needed. 


Experimental  details 

In  this  study  a  variable  angle  spectroscopic  ellipsometer  (VASE)  with  rotating  analyzer  from 
J.A.Woollam  Co.  Inc.  has  been  used.  Measurements  were  made  at  several  angles  of  incidence 
ranging  between  55°  and  75°  and  at  photon  energies  between  0.74  -  6  eV  (200-1700  nm).  The 
ellipsometer  was  equipped  with  a  compensator,  making  it  possible  to  measure  the  low-absorbing 
bulk  samples  with  high  accuracy  [6].  Measurements  were  made  at  nine  different  input  polarization 
states  with  both  positive  and  negative  signs  in  order  to  reduce  systematic  errors.  The  measurements 
were  made  at  the  center  of  the  wafers.  All  samples  were  measured  both  before  and  after  sample 
cleaning.  The  cleaning  procedure  used  is  a  five-step  process  consisting  of  three  baths:  pyrralidone, 
acetone,  and  ethanol  in  ultra  sonic  environment.  Thereafter  follows  two  steps  with  cleaning  at  80°C 
in  hydrogen  peroxide  solutions  with  a  high  and  a  low  pH  value,  respectively.  These  two  steps  are 
specially  designed  to  remove  organic  and  metallic  contaminants  [7].  The  Si-faced  4H-SiC 
substrates  used  in  this  study  were  from  Cree  Research  Inc.  The  wafers  had  n-type  doping 
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concentrations  specified  to  be  7.7-1017,  1.01018,  7.4-1018,  7.5-1018,  MO19  and  3.3-1019cm'3.  The 
angle  between  the  surface  normal  and  the  hexagonal  axis  i.e.  the  miscut  was  about  8°.  All 
measurements  were  made  with  air  as  an  ambient  and  at  room  temperature.  Anisotropy  and 
depolarization  effects  were  neglected  since  they  are  believed  to  have  very  little  impact  on  the  result 
in  the  measured  energy  region  [4].  Analysis  of  the  measurements  was  carried  out  using  the 
WVASE  software. 


Results  and  Discussion 

The  pseudo-dielectric  function  <s>  was  obtained  by  inversion  of  the  measured  complex  reflectance 
ratio  in  terms  of  the  ellipsometric  angles  A  and  v| /.  <e>  does  not  represent  the  dielectric  function  of 
4H-SiC  since  corrections  have  to  be  made  for  surface  overlayers  such  as  an  oxide  or  surface 
roughness.  Thus,  in  order  to  determine  a  correct  representation  of  the  dielectric  function,  the  oxide 
and/or  surface  roughness  has  to  be  taken  into  account.  The  obtained  <e>  data  were  compared  to  an 
air/oxide  layer/bulk  model,  where  the  oxide  layer  was  represented  by  SiC>2  reference  data  [2].  The 
SiC>2  thickness  was  then  determined  by  assuming  that  the  resulting  imaginary  part  of  the  dielectric 
functions  of  SiC  should  be  zero  below  the  band  gaps.  The  obtained  SiCh  thicknesses  were  around  2 
nm.  The  dielectric  functions  determined  on  an  energy-by-energy  basis  after  numerically  removing 
the  oxide  overlayer  for  three  of  the  investigated  wafers  are  shown  in  Fig.  1. 


Fig.  1.  The  real  and  imaginary  part  of  the 
dielectric  function,  ei  and  e2,  of  three  different 
4H-SiC  wafers  with  doping  concentrations  of 
7.7*  1017  (dashed  curve),  7.5-1018  (dotted  curve) 
and  3.3-1019  cm'3  (solid  curve).  The  separation 
between  the  curves  is  larger  for  higher  photon 
energies  but  there  is  also  more  noise  in  the 
spectra.  This  is  mainly  due  to  the  lower  intensity 
of  the  light  source  used  for  high  energies.  All 
curves  show  a  feature  around  5.54  eV,  which  is 
believed  to  be  a  critical  point. 
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The  data  agree  well  with  previously  published  data  [4,  5]  for  wafers  in  the  mid  10  cm  range.  In 
an  alternative  approach,  the  surface  overlayer  was  modeled  with  a  roughness  layer  using  a 
Bruggeman  effective  medium  approximation  layer  [8]  consisting  of  equal  parts  of  SiC  and  voids. 
However,  within  the  accuracy  of  our  measurements,  the  obtained  dielectric  functions  are  the  same 
using  this  approach.  This  is  an  indication  that  it  is  difficult  to  distinguish  between  effects  from  an 
oxide  and  surface  roughness.  Using  a  parametric  approach  by  employing  e.g.  Lorentz  or  Sellmeier 
models  subsequently  followed  by  an  energy-by-energy  fit  resulted  in  the  same  optical  properties. 
The  sample  cleaning  gave  slightly  reduced  overlayer  thicknesses  and  improved  signal-to-noise 
ratios,  especially  in  the  high-energy  region  of  the  spectra,  but  did  not  show  new  features  in  the  s 
curves.  The  dielectric  functions  presented  in  this  paper  are  all  from  measurements  on  cleaned 

samples.  ,  . 

The  dielectric  functions  for  the  different  SiC  wafers  depend  on  the  doping  concentration, 

especially  around  the  absorption  onset  and  at  higher  photon  energies.  The  difference  in  absorption 
onsets  with  different  doping  agrees  well  with  band  structure  calculations  [9].  Very  small 
differences  in  doping  concentration  are  difficult  to  detect,  due  to  noise  limitations  in  experimental 
data.  However,  with  our  experimental  setup,  less  than  one  order  of  magnitude  in  doping  difference 
was  easily  resolved  in  the  1017-1019  cm'3  range.  The  reproducibility  of  the  measurements^  very 
good  as  shown  in  Fig.  2  for  three  different  wafers  with  doping  concentrations  near  7.5-10  cm  . 
The  same  reproducibility  was  achieved  for  other  doping  concentrations. 


Fig.  2.  The  dielectric  functions  of  three  different  4H-SiC  wafers  with  doping  concentrations  near  7.5-1018  cm’3  showing 
an  excellent  reproducibility  in  the  measurements.  The  different  curves  are  indistinguishable. 

All  measurements  show  a  shoulder  feature  around  5.54  eV,  which  is  expected  to  be  a  Mi  critical 
point,  [9,  10].  A  line-shape  analysis  shows  good  agreement  with  previously  published  results  by 
Zollner  et  al  [4].  No  other  critical  point  is  found  in  the  spectra. 

Simulations  and  some  preparatory  measurements  of  4H-SiC  wafers  with  thin  (typically  <1 
\im)  homoepitaxially  grown  layers  were  also  done.  In  the  simulations  the  obtained  dielectric 
functions  were  used  in  epilayer/bulk  models.  According  to  these  results  a  layer  with  a  thickness 
between  100  nm  -  1000  nm  is  detectable  when  the  doping  concentration  between  the  substrate  and 
the  epilayer  differ  by  one  order  of  magnitude  or  more.  This  is  comparable  to  FTIR  (Fourier 
Transform  Infrared  Reflectance)  thickness  measurements  where  the  thickness  of  the  epilayer  is 
required  to  be  at  least  a  couple  of  micrometers  in  order  to  produce  interference  oscillations  [11]. 
Preliminary  ellipsometry  measurements  in  combination  with  cross-sectional  scanning  electron 
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microscopy  studies  show  that  it  is  possible  to  obtain  values  of  thin  epilayer  thicknesses  if  the 
thickness  is  known  within  ±  50  nm.  With  further  developments  of  the  measurements  and  analysis  it 
remains  to  be  determined  which  accuracy  that  can  be  achieved  in  the  thickness  determination.  It 
also  remains  to  be  investigated  if  non-uniform  doping  profiles  seriously  prevent  accurate 
measurements. 


Conclusions 

We  have  determined  the  dielectric  function  of  n-type  SiC  in  the  0.74  -  6  eV  photon  energy  range 
for  several  doping  concentrations  in  the  range  of  1017-  1019  cm-3  using  a  high  accuracy 
spectroscopic  ellipsometer  equipped  with  a  compensator.  The  results  correspond  well  with 
previously  published  results  on  wafers  with  a  doping  concentration  in  the  mid  1018  cm'3  range. 
Measurements  before  and  after  cleaning  have  been  examined.  A  critical  point  at  5.54  eV  was  found 
in  agreement  with  both  theory  and  previously  published  optical  data  [4].  Simulations  of  the  epilayer 
structures  show  a  possibility  to  use  ellipsometry  for  thickness  determination  of  thin  (<1  jim) 
epilayers.  The  advantage  of  using  ellipsometry  compared  to  FTIR  thickness  measurements  is  that  a 
smaller  thickness  can  be  accurately  determined  since  the  photon  energy  used  is  higher.  It  should  be 
pointed  out  that  the  dielectric  function  is  obtained  using  an  isotropic  approach  since  it  has  been 
pointed  out  that  the  anisotropy  in  the  energy  region  concerned  is  small.  A  more  thorough 
investigation  of  the  anisotropy  is  necessary,  especially  for  high  energies  (>  5  eV).  The  effect  of  the 
8  off  -  axis  needs  to  be  included  in  such  an  investigation.  It  could  also  be  discussed  if  the  native 
oxide  present  is  composed  entirely  of  SiC>2  or  if  there  are  other  materials  present.  However,  the 
effect  of  any  other  material  present  is  believed  to  be  small  which  is  motivated  be  the  fact  that  the 
obtained  dielectric  functions  are  the  same  if  modeled  with  a  Bruggeman  effective  media 
approximation  layer  of  almost  the  same  thickness  as  the  oxide  overlayer. 
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Abstract:  Substituting  12C  by  the  13C  isotope  in  SiC  changes  the  Raman  frequencies.  We  have  used 
isotopic  substitution  in  several  polytypes  of  SiC  (4 H,  6 H:  15i2)  to  study  the  change  in  the  phonon 
dispersion  relation  of  SiC  and  compare  the  results  with  calculations  based  on  a  linear-chain  model. 
In  a  second  set  of  experiments  we  use  isotopic  substitution  to  study  the  incorporation  of  carbon  from 
the  crucible  during  the  growth  of  SiC  by  the  modified  Lely  technique.  To  this  end,  a  stoichiometric 
mixture  of  silicon  and  pure  13C  was  used  as  the  charge.  The  incorporation  of  13C  in  the  grown  crystal  as 
monitored  by  spatially  resolved  Raman  spectroscopy  yields  a  gradient  of 13  C  that  increases  beginning 
at  the  seed  crystal  and  reaches  a  maximum  of  ~  40  %  within  300  /im;  the  equilibrium  concentration 
of  13C  is  a  mere  27%  after  1.5  mm  growth. 


1  Introduction 

The  vibrational  properties  of  semiconductors  and  their  lattice  parameter  depend  on  the  mass 
of  the  atoms  and  can  thus  be  changed  by  isotopic  substitution  [1].  This  effect  has  been  studied 
by  Raman  scattering  in  diamond  [2],  Ge  [3],  and  ZnSe  [4].  A  limitation  of  first-order  Raman 
spectroscopy  is  that,  in  principle,  only  phonons  with  wave  vector  q  =  0  (F  point  of  the  Bril- 
louin  zone,  BZ)  are  accessible  due  to  momentum  conservation.  For  silicon  carbide  (SiC)  it  was 
shown  that  the  phonon  dispersion  curves  of  the  poly  types  of  SiC  in  the  c-axis  direction  can 
be  successfully  interpreted  as  folded  dispersion  curves  of  cubic  SiC  [5].  As  a  result,  the  poly- 
typism  of  SiC  gives  access  to  modes  with  (/-vectors  different  from  zero  when  referred  to  the 
Brillouin  zone  of  cubic  SiC.  Thus,  the  phonon  dispersion  curves  of  3C-SiC  along  [111]  can  be 
constructed  from  the  study  of  Raman  spectra  of  different  SiC  polytypes.  By  replacing  natural 
silicon  with  30Si  Widulle  et  al.  have  shown  that  Raman  spectroscopy  can  provide  information 
about  the  phonon  eigenvectors  throughout  the  Brillouin  zone  of  cubic  SiC  [6].  Here,  we  study 
the  effect  of  replacing  the  natural  carbon  isotope  12C  by  13C  on  the  dispersion  relation  of  SiC. 
In  a  second  set  of  experiments,  we  use  isotope  substitution  together  with  Raman  spectroscopy 
to  investigate  the  incorporation  of  C  from  the  crucible  during  the  growth  of  SiC. 

2  Experimental  details 

SiC  crystals  (AH,  6H,  15 R)  were  grown  using  a  modified  Lely  technique  (physical  vapor  trans¬ 
port  method)  [7]  from  a  source  material  that  was  obtained  by  sintering  a  stoichiometric  mixture 
of  99%  pure  13C  and  silicon  powder  with  natural  isotopic  composition  (m$i  =  28.09  u)  in  a 
graphite  crucible.  Lely  platelets  of  4 H,  6i7,  and  15 R  with  natural  carbon  isotopic  composition 
(me  =  12.01  u)  were  used  as  seed  crystals.  Spatially  resolved  Raman  spectra  were  recorded  in  a 
Raman  microprobe  setup  in  backscattering  configuration  using  the  514.5  nm  Ar-ion-laser  line. 
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From  the  samples  grown  cross-sectional  slices  parallel  to  the  growth  direction  were  cut  in  order 
to  investigate  the  isotopic  composition  as  a  function  of  the  distance  from  the  seed  crystal. 


3  Results  and  Discussion 


Representative  Raman  spectra  of  a  6H- SiC  isotopically  substituted  sample  at  different  distances 
from  the  seed  crystal  are  shown  in  Fig.  1  in  the  frequency  range  of  the  TO  phonon  modes.  In 
the  spectrum,  recorded  from  the  seed  crystal  (bottom),  the  three  characteristic  TO  modes  of 
6tf-SiC  can  be  seen.  The  modes  are  labelled  by  their  wave  vector  in  the  extended  zone  scheme: 
njm  corresponds  to  q  =  ( n/m )  •  (7 r/c),  where  c  is  the  distance  between  two  Si-C  double  layers. 
The  isotopic  composition  x  can  be  calculated  from  the  frequency  of  the  TO(O)  mode,  since  the 
square  of  its  frequency  is  proportional  to  the  inverse  of  the  reduced  mass  /i  (k4O(0)  oc  fi~l)  with 

n  =  (1  /me  +  l/wiSi)-1  ,  (1) 


where  mc  is  the  average  mass  of  carbon  atoms  in  a  mixture  of  12C  and  13C  (13CX  12Ci_x)  defined 
by: 

me  =  (12  +  a;)  •  atomic  units  .  (2) 

The  relative  concentration  x  of  13  C  is  calculated  for  each  spectrum  and  shown  in  Fig.  1 
next  to  the  corresponding  spectrum.  As  x  increases  all  modes  shift  to  lower  frequencies  and  the 
peaks  broaden  considerably.  At  the  same  time  a  broad  structure  is  observed  below  the  Raman 
spectrum  between  730  cm-1  and  790  cm-1  that  increases  in  intensity  with  x.  We  ascribe  the  peak 
broadening  to  elastic  scattering  by  the  isotopic  disorder  that  results  from  the  random  mixture  of 
the  two  isotopes.  The  scattering  is  fastest  for  phonons  with  energies  were  the  phonon  density-of- 
states  is  large  [8].  The  TO  (6/6)  mode  originates  from  vibrational  states  at  the  3<7-SiC  Brillouin 
zone  boundary.  There,  the  density-of-states,  and  hence  the  scattering  induced  line  broadening, 
is  largest  [9]  and  the  TO(6/6)  mode  disappears  for  x  >  0.33. 


Raman  shift  (cm  x) 


Fig.  1.  Raman  spectra  of  isotopically 
enriched  6H-S\C  with  different  isotopic 
composition  13Cx12Ci_x  of  carbon  in 
the  range  of  the  TO  mode.  All  spectra 
are  normalized  to  the  amplitude  of  the 
TO(2/6)  mode. 
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Fig.  2.  13C  concentration  x  as  func¬ 

tion  of  the  distance  from  the  seed  crys¬ 
tal.  The  vertical  line  marks  the  interface 
between  seed  crystal  and  grown  SiC.  The 
seed  crystal  was  6H-SiC  with  natural  iso¬ 
topic  carbon  composition  (x  =  0.01). 


The  spectra  of  Fig.  1  were  taken  at  different  distances  from  the  substrate.  More  spectra  were 
taken  and  evaluated  for  x  in  order  to  study  the  13C  incorporation  during  sublimation  growth. 
The  result  is  shown  in  Fig.  2,  where  x  is  plotted  as  a  function  of  the  distance  from  the  seed 
crystal.  Within  the  first  300 /mi  the  concentration  of  13C  increases  to  a  maximum  of  ~  40%, 
after  which  it  drops  gradually  to  ~  27%  at  1.5  mm.  We  argue  that  at  the  beginning  of  growth 
the  crucible  and  the  seed  crystal  act  as  sources  for  12C,  resulting  in  the  low  13C  concentration 
within  the  first  few  hundred  microns.  A  surprising  result  is,  however,  that  during  the  whole 
growth  less  than  40  %  of  the  carbon  in  SiC  is  provided  by  the  source  charge. 

We  have  systematically  investigated  the  Raman  spectra  of  TO  and  LO  modes  for  4 H,  6#, 
and  15 R  SiC  polytypes  with  a  composition  x  =  0.25.  Using  these  data  we  construct  the  phonon 
dispersion  curves  of  SiC  for  that  isotopic  composition  according  to  Ref.  [5]  and  compare  the 
result  with  the  dispersion  curve  of  SiC  with  natural  carbon  composition  in  Fig.  3.  In  addition 


6H  15R  6H  15R  4H 


Fig.  3.  Phonon  dispersion  curves  of  the 
optical  branches  determined  from  Raman 
scattering  (symbols)  and  calculated  with 
a  linear-chain  model  [10]  (lines).  The 
polytype  from  which  the  data  were  ob¬ 
tained  is  indicated  at  the  top  of  the  fig¬ 
ure.  The  (q  =  0)  TO-mode  was  used  to 
determine  x. 
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to  the  experimental  data,  calculated  dispersion  curves  using  a  linear-chain  model  [10]  are  shown. 
The  calculations  reproduce  the  dispersions  and  also  the  differences  between  the  two  isotopic 
compositions  in  general  quite  well.  An  exception  are  the  modes  at  the  BZ  boundaries.  Also 
the  description  of  the  acoustic  modes  (not  shown  here)  is  less  than  satisfactory.  We,  therefore, 
believe  that  the  phonon  eigenvectors  are  not  well  reproduced  in  the  calculation  with  the  set 
of  force  constants  used  in  the  linear  chain  model.  A  tuning  of  the  parameters  for  this  model 
appears  to  be  required. 

4  Conclusion 

We  have  grown  4  ff,  6i7,  and  15i?  poly  types  of  SiC  using  as  source  material  sintered  SiC  enriched 
with  99  %  13C.  In  the  Raman  spectra  of  these  samples  an  isotope  induced  shift  of  the  phonon 
lines  is  observed.  We  use  the  frequency  shift  of  the  highest  lying  TO  mode  to  derive  the 
isotopic  composition  as  a  function  of  sample  thickness.  We  find  that  the  13C  concentration  is 
not  constant,  but  increases  within  the  first  few  hundred  microns  and  levels  off  thereafter  to  a 
surprisingly  low  value  of  less  than  30  %. 

The  effect  of  isotopic  substitution  on  the  phonon  frequencies  of  these  polytypes  is  discussed 
in  the  large  Brillouin  zone  of  cubic  SiC.  In  addition  to  the  influence  of  the  carbon  mass  on  the 
phonon  frequencies  we  find  a  line  broadening  that  is  largest  for  modes  which  lie  in  regions  of 
high  phonon  density-of-states. 
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Abstract:  We  undertook  a  study  of  the  intensities  of  optical  vibrational  modes  in  the  Raman  spec¬ 
trum  of  6H-SiC  as  a  function  of  excitation  energy  between  2.4  eV  and  4.9  eV.  A  disappearence  of  the 
LO0  mode  which  is  the  longitudinal  optical  mode  with  the  highest  frequency  is  observed  at  4.38  eV. 
The  result  is  explained  in  the  framework  of  a  bond-Raman-polarizability  model  for  the  Raman  scat¬ 
tering  cross  section  as  due  to  the  cancellation  of  the  energy  dependent  bond-Raman  polarizabilities  of 
intra-  and  inter-bilayer  bonds  that  connect  the  Si  and  C  planes  in  SiC. 


1  Introduction 

Raman  spectroscopy  is  commonly  used  as  a  tool  for  polytype  determination  of  SiC.  In  the 
Brillouin  zone  folding  concept  the  phonon  dispersion  curves  of  any  polytype  for  a  direction 
perpendicular  to  the  Si-C  double  layers  are  regarded  as  folded  replica  of  the  dispersion  curves 
of  cubic  SiC  [1].  Modes  are  thus  classified  by  their  relative  position  in  the  3C-SiC  Brillouin  zone 
along  [111].  In  the  case  of  6H-SiC  the  k-conservation  for  Raman  scattering  selects  modes  with 
k- vectors  that  are  0,  2/6,  4/6  and  6/6  of  the  dimension  of  the  3C-SiC  Brillouin  zone  in  [111] 
direction.  These  fractions  are  used  as  an  index  to  distinguish  different  lines  belonging  to  the 
same  principle  phonon  branches.  That  simple  selection  rule,  however,  does  not  account  for  the 
intensities  of  the  Raman  modes.  For  the  transversal  modes  (TA  and  TO)  a  quantitatively  correct 
calculation  of  the  intensities  of  folded  phonon  modes  has  been  performed  for  back  scattering 
along  the  c-axis  in  the  framework  of  a  bond-Raman-polarizability  model  [2,  3]. 

Recently,  a  selective  resonance  of  folded  modes  in  6H,  4H,  and  15R-SiC  using  UV-excitation 
was  observed  and  traced  back  to  excitation  energy  dependent  bond-Raman  polarizabilities  of 
different  bond  groups  in  SiC  [4].  In  order  to  investigate  these  effects,  we  have  undertaken  a 
systematic  study  of  optical  phonon  modes  in  6H-SiC  as  a  function  of  laser  wavelength.  We  find 
in  addition  to  the  resonances  a  distinct  antiresonance  for  the  LOo  mode  and  show  that  the 
intensities  are  well  accounted  for  by  the  bond  polarizability  model. 


2  Experimental  details 

Raman  spectra  were  recorded  in  back  scattering  configuration  for  6H-SiC  (0001)  using  a  SPEX 
1404  double  monochromator.  For  excitation  a  tunable  picosecond  TiSa-laser  was  frequency 
doubled  and  tripled  to  provide  photon  energies  between  3.8  eV  <  Eexc  <  5eV.  Excitation 
intensity  and  spectral  band  width  were  about  40  mW  and  25  cm-1,  respectively.  Highly  resolved 
Raman  spectra  were  recorded  at  2.41  eV  by  the  use  of  an  Ar  ion  laser. 
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3  Results 


Raman  spectra  of  the  TO  and  LO  phonon 
branches  normalized  to  the  TO-intensity  are 
shown  in  Fig.  1  arranged  in  order  of  increas¬ 
ing  Eexc  from  top  to  bottom.  For  2.41  eV,  three 
transversal  (TO0,  T02/6,  and  T06/6)  and  two 
longitudinal  modes  (LO0  and  the  L04/6-doublet) 
are  observed.  Note,  that  the  folded  LO*/6  peaks 
have  less  than  0.4%  intensity  relative  to  the 
strongest  TO-mode.  For  the  UV-spectra  the 
transversal  modes  could  not  be  resolved.  Scat¬ 
tering  from  the  LO0  and  L04/6  modes  is  ob¬ 
served  with  relative  intensities  that  depend  on 
Eexc-  For  UV-excitation  the  L04/6-peak  is  by 
more  than  one  order  of  magnitude  more  inten¬ 
sive  than  for  visible  excitation,  in  agreement  with 
Ref.  [4].  In  contrast,  the  LOo  intensity  initially 
increases  and  then  drops  to  nearly  zero  at  4.38  eV. 
Above  that  energy  the  mode  appears  again  and 
reaches  an  intensity  larger  than  that  of  the  TO- 
modes  at  Eexc~ 4.93  eV. 

In  Fig.  2  the  intensities  of  LO0  and  L04/6 
modes  normalized  to  the  TO-intensity  are  shown 
as  a  function  of  Eexc.  The  L04/6  intensity  is  large 
compared  to  its  value  of  0.3%  at  visible  exci¬ 
tation  (Eexc=2  Al  eV)  over  the  whole  range  of 
Eexc  shown,  with  a  distinct  resonance  at  Eexc= 
4.25  eV.  The  intensity  of  the  unfolded  LOo  mode, 


Raman  Shift  (cm'1) 

Fig.  1.  Raman  spectra  of  optical  phonons 
in  6H-SiC  for  different  excitation  energies. 
Note,  that  except  for  the  uppermost  spec¬ 
trum  the  TO-modes  are  not  resolved  due  to 
the  large  spectral  band  width  of  the  tunable 
laser  used. 


however,  has  a  minimum  at  Eexc=4:.38  eV,  as  was  anticipated  from  inspection  of  the  correspond¬ 
ing  Raman  spectrum  (see  Fig.l).  In  the  following  we  will  show,  how  the  disappearence  of  the 
LOo  peak  can  be  explained  as  the  competing  contributions  of  two  kinds  of  bond  groups  to  the 
Raman  polarizabilities  in  SiC. 


4  Theory 


In  classical  theory  the  Raman  intensity  is  described  by: 


I  Raman,  A  ^ 


(1) 


where  A  denotes  the  phonon  mode,  ej  and  es  are  incident  and  scattered  polarization  vectors, 
respectively,  \  the  susceptibility  tensor,  and  the  phonon  normal  coordinates. 

In  the  bond  polarizability  approach  the  modulation  of  the  polarizability  by  a  phonon  (mode 
A)  implied  by  ^  in  Eq.  1  is  expressed  as  a  sum  over  the  modulations  of  the  polarizabilities 
of  individual  bonds  due  to  the  motion  of  their  end  atoms  [2]: 


Nb 
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Fig.  2.  Intensity  of  the  LOo  phonon  mode  (a)  and  of  the  LC>4/6  mode  (b)  as  a  function  of 
excitation  energy.  The  data  are  normalized  to  the  total  intensity  of  the  TO-lines. 


Here,  NB  is  the  number  of  bonds,  that  are  indexed  by  n.  an  is  the  bond  polarizability  tensor 
of  the  n’th  bond  and  AuU}x  the  bond  stretching  vector  for  that  bond  in  the  vibronic  mode  A. 
For  longitudinal  modes  propagating  along  the  c-axis,  /4un>A  is  the  one  dimensional  variation  of 
the  distance  between  neighboring  lattice  planes  (Az).  Grouping  together  all  bonds  arranged  in 
planes  perpendicular  to  the  c-axis  for  6H-SiC  we  thus  arrive  at  a  sum  over  12  bonds  per  unit 
cell  after  the  appropriate  polarization  vectors  have  been  inserted  into  Eq.  2: 


/ Raman, X  &■ 


12 


^  ^  dn  •  Azn}  \ 


n— 1 


(3) 


For  dn  inter-  and  intra-bilayer  bond  groups  have  to  be  distinguished  and  the  inter  bilayer  bond 
groups  are  further  differentiated  according  to  cubic  and  hexagonal  stacking  sequence: 


(  a  :  intra  bilayer 

dn  =  <  ec :  inter  bilayer,  cubic 

[  eh  :  inter  bilayer,  hexagonal 

(4) 

For  the  time  being,  we  ignore  the  difference  between  cubic  and  hexagonal  stacking  by  replacing 
ec  and  eh  with  an  effective  bond-Raman  polarizability  eeff.  For  the  LOo  vibronic  mode  close  to 
the  T-point  the  Si  and  C  sublattices  vibrate  against  each  other,  so  that  Azn  «  -~Azn+ 1  and 
we  arrive  at: 

I  Raman,  X  |6(&  —  Geff)|  •  (^) 

The  result  implies  that  the  scattering  intensity  does  vanish  if  the  bond-Raman  polarizabilities 
of  inter-bilayer  and  intra-bilayer  bond  groups  are  equal.  This  is  apparently  what  occurs  at 
the  excitation  energy  Eexc= 4.38  eV,  where  we  observe  the  disappearence  of  LOo  scattering 
intensity.  Under  the  assumption  that  no  strong  energy  dependence  for  the  TO-modes  exists,  we 
have  calculated  the  energy  dependence  of  the  ratio  eeff/a  from  the  data  of  Fig.  2a)  and  show  the 
result  in  Fig.  3.  The  two  solutions  correspond  to  the  two  possible  roots  of  Eq.  5  that  reproduce 
the  experimentally  determined  intensity. 

A  discussion  of  the  intensity  of  the  LO4/6  mode  (see  Fig.  2b)  is  only  possible,  if  the  bond- 
Raman  polarizabilities  for  cubic  and  hexagonal  stacking  (ec  and  e*)  are  distinguished  [4,  5], 
and  is  beyond  the  scope  of  this  paper. 
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5  Conclusion 


We  have  measured  the  Raman  spec¬ 
tra  of  the  LO  modes  in  6H-SiC  as  a  func¬ 
tion  of  excitation  energy.  Whereas  for  the 
folded  mode  with  a  wave  vector  of  4/6  of 
the  dimension  of  the  3C-SiC  Brillouin  zone 
a  distinct  resonance  is  observed  at  Eexc— 
4.25  eV,  the  intensity  of  the  highest  fre¬ 
quency  LO0  mode  vanishes  at  4.38  eV.  We 
explain  that  result  in  the  framework  of  a 
bond  polarizability  model  in  which  the  con¬ 
tributions  to  the  polarization  of  the  intra¬ 
bilayer  Si-C  bonds  and  the  inter-bilayer 
bonds  interfere  destructively.  The  destruc¬ 
tive  interference  is  a  result  of  the  differ¬ 
ent  energy  dependencies  of  the  two  bond- 
Raman  polarizabilities. 


Fig.  3.  Ratio  of  the  bond-Raman  polarizabilities  of 
inter-  and  intra-bilayer  bonds  as  a  function  of  en¬ 
ergy.  A  value  of  unity  for  eeff /a  at  4.38  eV  implies 
a  vanishing  intensity  of  the  LO0  mode  (see  Fig.  1). 
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Abstract:  The  excitation  energy  dependence  of  the  Raman  intensities  of  folded  longitudinal  phonon 
modes  in  various  SiC  polytypes  was  measured  in  near  resonant  conditions.  Selective  enhancement  of 
the  folded  longitudinal  phonon  modes  relative  to  the  non-folded  longitudinal  phonon  mode  was 
observed.  We  used  a  bond-Raman-polarizability  model  to  analyze  this  selective  enhancement  effect. 
In  this  model,  bond-Raman-polarizabilities  of  three  bond  arrangement  are  supposed  to  have  different 
excitation  energy  dependence.  By  using  this  model,  the  excitation  energy  dependence  of  the  relative 
intensities  of  the  folded  longitudinal  phonon  modes  is  successfully  interpreted. 

Introduction 

It  is  well  known  that  silicon  carbide  (SiC)  has  many  polytypes  which  can  be  regarded  as  natural 
superlattices  (homo-superlattices).  SiC-superlattices  have  the  periodic  structures  consisting  of  a 
sequence  of  the  Si-C  bonds  that  have  two  different  environment  (hexagonal  and  cubic).  These 
structures  are  of  interest  from  a  viewpoint  of  physics,  because  they  provide  various  slightly  different 
structures  which  are  useful  for  investigating  the  electron-phonon  interactions. 

The  resonant  Raman  effect  has  long  been  used  to  investigate  the  mechanism  of  electron-phonon 
interaction.  In  artificial  superlattices  such  as  the  GaAs-AlAs  system  (hetero-superlattices),  the 
resonant  Raman  spectroscopy  has  been  used  to  show  the  coupling  of  specific  phonons  with  the 
electronic  states  of  the  constituent  materials  [1].  This  kind  of  effect  is  basically  understood  in  terms 
of  electron  phonon  coupling  in  each  (bulk-like)  material.  In  contrast  to  this  rather  simple  case,  the 
resonant  Raman  effect  in  the  SiC-superlattices  will  provide  a  chance  for  studying  microscopic 

mechanisms  of  the  electron-phonon  interaction. 

However,  there  is  no  experimental  nor  theoretical  report  on  the  resonant  Raman  effect  in  SiC  within 
the  best  knowledge  of  the  authors.  In  this  study,  we  measured  the  resonant  Raman  spectra  of  various 

SiC  polytypes.  . 

In  a-SiC,  which  has  n-times  larger  unit  cell  than  that  of  0-SiC  (3C-SiC),  the  Brillouin  zone  is  1/n  of 
that  of  p-SiC.  Then,  the  phonon  dispersion  curves  of  p-SiC  are  folded  and  give  an  new  intersection 
at  r  point  which  is  termed  FLO(m/n),  FLA(m/n)  and  so  on. 

Experiment  and  results 

The  Raman  spectra  have  been  measured  in  back  scattering  geometry  using  a  triple  monochromator 
(SPEX  1877)  equipped  with  a  cooled  CCD  camera.  We  took  the  spectra  at  seven  different 
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wavelengths  using  various  lasers  for  excitation  in  the  visible  and  ultraviolet  regions.  514.5,  488.0  and 
457. 9nm  (2.41,  2.54  and  2.71eV)  lines  were  obtained  from  an  Ar  ion  laser.  For  the  442  and  325nm 
(2.81  and  3.81eV)  lines,  we  used  an  He-Cd  laser.  The  second  harmonic  of  a  dye  laser  (Rh6G) 
synchronously  pumped  by  a  mode  locked  YAG  laser  was  used  at  302nm  (4.11eV).  The  fourth 
harmonic  of  the  Q-switched  YAG  laser  was  used  as  the  266nm  (4.66eV)  light  source. 

The  SiC  samples  used  in  this  study  are  flake  like  crystals  having  (0001)  as-grown  surfaces  produced 
with  Acheson  process  or  modified  Lely  process.  All  samples  are  n-type  and  the  impurity  levels  are 
below  2x1 017cm'3. 

Excitation  density  dependence  of  the  LO-phonon  plasmon  coupled  mode  (LOPC)  were  studied 
under  resonant  conditions  with  a  pulsed  laser  at  266nm.  Then,  we  used  the  low  excitation  density 
limit  to  avoid  the  effect  of  the  LOPC,  which  reduces  the  intensities  of  the  FLO(0)  mode. 

The  relative  intensity  of  the  folded  longitudinal  phonon  modes  will  not  be  affected  by  the 
geometrical  configuration,  because  all  the  observable  folded  longitudinal  phonon  modes  have  Ai 
symmetry  [2],  Therefore,  we  did  not  analyze  the  polarization  of  the  scattered  light  in  this 
measurement.  The  spectral  response  of  the  experimental  system  was  checked  by  using  a  tungsten 
standard  lamp,  and  the  sensitivity  was  found  to  be  practically  flat  within  the  wavenumber  range  of 
each  Raman  spectrum. 


Fig.  1:  Raman  spectra  of  6H-SiC.  Solid  and  dotted 
lines  correspond  to  266nm  and  488nm  excitation, 
respectively.  The  solid  curve  is  shifted  by  0.1  along  the 
ordinate. 
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Fig.  2:  Excitation  energy  dependence  of  the 
relative  intensity  of  the  folded  longitudinal 
phonon  modes  for  6H-SiC.  Filled  symbols 
correspond  to  experimental  data  and  open 
symbols  with  broken  lines  correspond  to 
calculated  results. 


The  Raman  spectra  of  6H-SiC  are  shown  in  Fig.  1.  The  solid  line  corresponds  to  266nm  excitation, 
and  the  broken  line  to  488nm.  These  spectra  were  normalized  to  the  FLO(O)  mode. 

The  spectra  show  enhancement  of  the  intensity  of  the  folded  longitudinal  phonon  mode  relative  to 
the  non-folded  FLO(0)  mode  for  ultraviolet  excitation.  In  6H-SiC,  the  FLO(4/6)  and  FLA(4/6) 

modes  found  for  visible  excitation  are  enhanced  for  ultraviolet  excitation. 

The  excitation  energy  dependence  of  the  intensity  of  folded  longitudinal  phonon  modes  relative  to 
the  FLO(O)  mode  in  6H-SiC,  4H-SiC  and  15R-SiC  is  shown  in  Fig.  2,  Fig.  3  and  Fig.  4  by  filled 
symbols,  respectively.  When  the  peaks  were  not  discernible,  the  noise  levels  are  plotted  with  error 
bars  to  indicate  the  upper  limit  of  the  peak  intensities.  In  these  figures,  it  can  be  seen  that  the 
normalized  intensities  of  folded  longitudinal  phonon  modes  are  strongly  enhanced  for  ultraviolet 
excitation.  It  is  also  worth  noting  that  the  relative  intensities  of  these  folded  phonon  modes  change. 
For  example,  the  intensities  of  FLO(4/6)  and  FLA(4/6)  are  different  by  about  ten  times  at  2.4eV 
while  they  are  almost  the  same  at  4.6eV. 
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Analysis 

In  order  to  understand  the  observed  phenomena,  we  calculated  the  Raman  intensity  by  using  the 
bond-Raman-polarizability  model.  The  eigenvector  of  each  phonon  mode  was  determined  as  a 
previous  step  in  this  calculation.  The  displacement  of  each  atomic  plane  is  calculated  in  a  one¬ 
dimensional  model,  described  by  the  equations  of  motion. 


Here,  D  rj  j+,  stands  for  the  interplanar  force,  M  the  mass  of  each  atom,  u  the  displacement  of  each 
atomic  plane,  n  the  label  of  unit  cells,  and  j  the  label  of  atomic  plane  in  the  unit  cell,  r  equals  0,  ±1 
corresponding  to  the  neighboring  unit  cells  and  s  equals  0,  ±1,  ±2,  ±3  corresponding  to  the 
interplanar  force  up  to  the  third  neighbor. 

In  this  calculation,  we  considered  the  force  constants  up  to  third  neighbor  interactions  by  taking  into 
account  the  stacking  dependence  of  force-field.  The  nearest  neighbor  force  constants  were 
distinguished  into  hexagonal,  cubic  and  inter-bilayer  environments.  The  second  neighbor  interactions 
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Fig.  3:  Excitation  energy  dependence  of  the  relative 
intensity  of  the  folded  longitudinal  phonon  modes  for 
4H-SiC.  Filled  symbols  correspond  to  experimental 
data  and  open  symbols  with  broken  lines  correspond 
to  calculated  results. 
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Fig.  4:  Excitation  energy  dependence  of  the 
relative  intensity  of  the  folded  longitudinal 
phonon  modes  for  15R-SiC.  Filled  symbols 
correspond  to  experimental  data  and  open 
symbols  with  broken  lines  correspond  to 
calculated  results. 


have  only  two  variations,  that  is  silicon-silicon  and  carbon-carbon  interactions.  As  the  third  neighbor 
interactions,  we  assume  three  force  constants  depending  on  the  stacking  sequence.  The  same  set  of 
parameters  was  used  to  reproduce  the  energies  of  all  the  observed  phonon  modes  in  three  polytypes, 
simultaneously.  The  calculated  energies  of  folded  longitudinal  phonon  modes  reproduces  the 
experimental  ones  within  1  percent. 

The  Raman  polarizability  of  the  X^th  folded  longitudinal  phonon  mode  can  be  expressed  as, 


=  Zdj{  ttW(y)-u(A)0'+l)  l  (2) 

j 

using  the  calculated  displacement  of  each  atom  obtained  from  eq.  (1).  Here,  dj  is  the  bond-Raman- 
polarizability.  We  supposed  that  the  bond-Raman-polarizability  has  different  values  for  different 
stacking  orders  as  shown  in  eq.  (3): 

:  (hexagonal  stacking) 

dj  =  -  ec  :  (cubic  stacking)  (3) 

a :  (inter  bilayers) 
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It  is  obvious  that  these  bond-Raman-polarizabilities  are  not  constant,  but  depend  on  excitation 
energy.  In  addition,  we  assume  different  excitation  energy  dependence  for  the  three  bond-Raman- 
polarizabilities  given  in  eq.  (3). 

The  scattering  intensity  of  the  X-th  folded  phonon  mode  (W^)  can  be  obtained  from, 

ww=su(.«>w)+\a)\2 


CO 


W 


(4) 


where,  is  Bose  factor  and  S  is  a  constant  independent  of©  [3]. 

The  values  of  bond-Raman-polarizability  (ec,  eh,  a)  were  adjusted  to  fit  the  experimental  data  for 
each  excitation  energy.  It  should  be  noted  that  the  values  of  bond-Raman-polarizability  and  force 
constants  can  be  commonly  used  for  three  polytypes. 

The  calculated  intensities  of  the  folded  longitudinal  phonon  modes  relative  to  the  FLO(O)  mode  are 
shown  in  Fig.  2,  Fig.  3,  and  Fig.  4  by  open 
symbols  with  broken  lines.  As  can  be  seen,  the 
calculated  intensities  reproduces  well  the 
experimental  data  except  the  FLO(2/5)  mode  in 
15R-SiC. 

The  ratios  of  bond-Raman-polarizabilities  thus 
determined  for  various  energies  are  shown  in  Fig. 

5.  From  this  figure,  it  is  seen  that  the  values  of  ec 
and  eh  are  enhanced  in  ultraviolet  region,  relative 
to  a.  Going  toward  the  direct  band  gap  energy  at 
the  T  point,  which  lies  around  5eV  in  various  SiC 
polytypes,  ec  and  ej,  increase  [4].  Furthermore,  the 
difference  between  ec  and  eh  also  becomes  larger 
in  ultraviolet  region.  The  intensities  of  folded 
longitudinal  phonon  mode  relative  to  the  FLO(O) 
mode  are  not  sensitive  to  the  magnitude  of  ec  and 
en,  but  to  the  difference  between  them. 
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Fig.  5:  Excitation  energy  dependence  of  the  ratios 
of  bond-Raman-polarizabilities,  ec/a  and  eh/a . 


The  difference  of  resonance  energies  between  ec  and  d,  is  supposed  to  be  small,  because  only  third 
neighbor  arrangement  differs  between  these  two  bonds.  However,  the  difference  of  ec  and  eh  is 
enhanced  near  the  resonance  conditions,  because  of  the  large  excitation  energy  dependence  of  ec  and 
eh- 


Conclusion 

Selective  enhancement  in  the  relative  Raman  intensities  of  the  folded  longitudinal  phonon  modes 
was  found  under  ultraviolet  excitation.  The  excitation  energy  dependence  of  the  intensities  of  folded 
longitudinal  phonon  modes  relative  to  FLO(O)  mode  are  successfully  reproduced  by  using  a  bond- 
Raman-polarizability  model  by  supposing  different  excitation  energy  dependence  for  three  bond- 
Raman-polarizabilities.  The  calculation  shows  that  the  Raman  intensities  of  the  folded  longitudinal 
phonon  modes  are  dominated  by  the  difference  between  ec  and  eh. 
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Abstract  :  Raman  intensity  profiles  of  folded  longitudinal  optic  and  acoustic  modes  in  SiC 
polytypes  have  been  examined  under  off  resonant  condition.  The  Raman  bands  for  the  folded 
longitudinal  modes  are  weak  except  for  the  modes  corresponding  to  phonon  modes  at  the  T  point  in 
the  3C  polytype.  The  spectral  features  of  these  modes  are  interpreted  based  on  the  bond  Raman 
polarizability  model  taking  into  account  the  stacking  dependence  of  the  bond  Raman  polarizability. 


Introduction 

It  is  well  known  that  long  period  SiC  polytypes  show  a  number  of  Raman  lines  which  arise 
from  the  zone  folding  of  the  phonon  dispersion  in  the  basic  polytype  (3C  polytype)  [1],  Raman 
intensity  profiles  of  a-SiC  have  been  well  examined  for  folded  transverse  optic  and  acoustic  modes 
which  propagate  along  the  c  direction  [1,  2].  However,  only  a  few  studies  have  so  far  been  made 
on  the  spectra  of  the  folded  longitudinal  modes  [3],  because  their  intensities  are  very  weak  except 
for  a  mode  corresponding  to  the  T  point  in  the  basic  polytype,  LO(T),  and  quantitative  analysis  is 
difficult.  Furthermore,  the  role  of  the  long  range  polarization  field  associated  with  longitudinal 
vibrational  modes  in  polar  SiC  crystals  has  not  fully  been  understood. 

In  this  work  we  have  studied  Raman  intensity  profiles  of  folded  longitudinal  optic  and 
acoustic  (FLO  and  FLA)  modes  in  several  polytypes  under  the  off-resonant  condition.  One  of  the 
aims  of  this  work  is  to  provide  the  theoretical  basis  for  the  resonant  Raman  effect  of  the  FLO  modes 
which  has  recently  been  found  [4].  The  Raman  spectra  of  the  FLA  and  FLO  modes  are  calculated 
based  on  a  bond  Raman  polarizability  model  and  a  one-dimensional  lattice  dynamics  model.  The 
calculated  Raman  intensity  profiles  are  compared  with  the  experimental  profiles. 
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Raman  intensity  profiles  of  folded  longitudinal  modes 

In  the  calculation  of  the  Raman  intensity  profiles  of  the  FLO  and  FLA  modes,  we  take  into 
account  the  stacking  dependence  of  the  bond  Raman  polarizability:  The  bond  Raman  polarizability 
is  assumed  to  be  different  for  the  bonds  in  cubic  and  hexagonal  environments  as  shown  in  Fig.l. 

The  Raman  intensity  of  the  X-th  mode  is  given  by 

Wx  -  S  [n  (<o)  +  1]  co-1 2  [  c*  a'(K)  ef  ,  (1) 

where  S  is  a  constant  of  proportionality,  co  is  the  frequency  of  the  phonon  mode,  n(co)  is  the  Bose 
factor  and  e;  and  efi  are  the  polarization  vector  of  the  incident  and  scattered  light,  respectively.  The 
Raman  polarizability  a’(X)  consists  of  the  bond  Raman  polarizabilities. 

The  bonds  in  a-SiC  are  divided  into  three  groups[2]:  two  groups  of  bonds  inclined  against  the  c- 
axis  and  a  group  of  a  bond  parallel  to  the  c-axis.  The  bond  Raman  polarizability  tensors  of  the  FLO 
and  FLA  modes  are  assumed  to  have  the  same  sign  and  magnitude  for  the  two  inclined  bond  groups 
regardless  of  the  environment.  Furthermore,  we  assume  that  for  the  parallel  bonds  the  bond 
Raman  polarizability,  e(j),  depends  on  the  stacking  as  shown  in  Fig.(l) 
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Fig.  1(a)  Bond  Raman  polarizabilities  and  (b)  force  constants  for  hexagonal  and  cubic  stackings 


For  the  Raman  intensity  of  FTA  and  FTO  modes,  the  contribution  from  the  bonds  inclined  to  the  c- 
axis  is  dominant  and  a  stacking  independent  bond  polarizability  model  gives  a  good  agreement 
between  the  experimental  and  calculated  results  [2],  On  the  other  hand,  the  bond  parallel  to  the  c- 
axis  P!ays  a  dominant  role  in  the  Raman  intensity  of  the  FLO  and  FLA  phonons,  because  the  bond 
stretching  occurs  dominantly  for  this  bond.  Under  this  assumption,  the  Raman  polarizability  of 
the  X  -th  FLO  and  FLA  modes  is  reduced  to  the  following  form 

«PP(X)=  a2[A^)-AxfU]+  2ea>[Ax'(zj)-A,'(zjtl)],  (2) 

where  we  put  e(j)  =  e  c  for  the  cubic  environment ,  and  e(j)  =  e  h  for  the  hexagonal  environment. 
Here  we  assume  that  the  bond  Raman  polarizability  for  the  inclined  bonds  does  not  depend  on  the 
environment.  Ac  (z,)  -  Ac  (z  i+1)  is  the  relative  displacement  of  the  atomic  planes  connected  by 
bonds  parallel  to  the  c  axis  (parallel  bond).  The  summation  is  taken  over  a  unit  cell.  When  e(j) 
differs  for  cubic  and  hexagonal  environments,  the  second  term  gives  a  nonzero  value,  although  it  is 
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small. 

In  the  Raman  intensity  calculation,  displacements  of  the  atomic  planes  must  be  determined. 
They  are  obtained  from  a  lattice  dynamics  model  in  which  short  range  force-fields  up  to  third 
neighbor  forces,  and  a  stacking  dependence  of  the  force  field  are  taken  into  consideration  for  K,  and 
Ks.  The  displacement  amplitudes  of  the  atomic  planes  are  obtained  as  solutions  of  the  equation  of 

motion, 

MjCoVnJ)  =  2Dj>su(n  +  r,j  +  s)  (3) 

r,s 

where  u(n,j)  and  Mj  are  the  displacement  and  mass  of  the  j-th  rigid  plane  in  the  n-th  unit  cell, 
respectively  and  D  rjj+a  is  the  interplaner  force  constant. 

The  frequency  of  the  folded  phonon  modes  are  determined  from  the  secular  equation, 

IMj  to26y  -Du(q)l  =  0  ,  (4) 

where 

Djj  =  SDn,j  exp(-iqzn)  .  (5) 

The  Si-C  bond  chain  and  the  force  parameters  for  cubic  and  hexagonal  stackings  are  shown  in  Fig.l. 
The  6H  polytype  contains  two  hexagonal  and  four  cubic  stackings  in  the  unit  cell.  The  interplanar 
forces  are  taken  into  account  up  to  the  third  neighbor  plane. 

Results  and  discussion 

Raman  spectra  were  measured  at  room  temperature  using  the  488  nm  line  of  an  Ar  laser. 
The  phonon  Raman  spectra  show  no  remarkable  resonance  enhancement  for  the  laser  light  with 
wavelengths  from  456.5  to  514.5  nm.  A  quasi-back  scattering  geometry  was  employed  with  the 
(0001)  face.  For  this  configuration  the  phonon  modes  propagating  along  the  c  direction  are 
observed.  The  scattered  light  was  dispersed  by  a  monochromator  and  detected  by  a  cooled  CCD 
(charge  coupled  device)  detector.  We  chose  samples  with  the  carrier  concentrations  less  than  5x 
1016  cm'3,  because  the  peak  intensity  of  the  LO  phonons  decreases  with  increasing  carrier 
concentration. 

Figure  2  shows  the  Raman  profiles  of  FLA  and  FLO  modes  in  15R  and  6H  polytypes. 

The  Raman  intensity  of  these  modes  relative  to  that  of  the  LO(0  mode  is  very  weak, 
being  10'2  -10  3 .  The  dispersion  curves  of  the  longitudinal  modes  in  the  3C  polytype  were  deduced 
from  the  frequencies  of  FLO  and  FLA  modes  in  various  polytypes  [1].  The  force  constants  have 
been  determined  so  that  the  calculated  phonon  dispersions  for  the  3C  polytype,  the  splitting  of  the 
FLA  modes  and  also  Raman  intensity  profile  fit  the  experimental  results. 

Table  I  Force  constant  parameters  and  bond  Raman  polarizabilities _ 

T:  K3cc  K4  K5h(104dyn/cm)ec/a  e^a 

n  025  -09  035  06  075 


14.8  14.2  32 
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The  force  constant  parameters  and  bond  Raman  polarizabilities  thus  determined  are  listed  in  Table  1. 
The  calculated  Raman  intensities  are  shown  by  horizontal  arrows  in  Fig.2.  The  calculated  Raman 
intensities  normalized  to  the  LO(T)  mode  intensity  are  comparable  to  the  experimental  values, 
though  the  relative  intensity  of  the  two  components  in  the  doublet  is  not  well  reproduced. 


50  150  250  350  450  550 

RAMAN  SHIFT  (cm1) 


RAMAN  SHIFT  (cm1) 


Fig.2 


Raman  spectra  of  the  folded  longitudinal  acoustic  and  optic  modes  of  15R  and  6H  SiC. 
The  horizontal  arrows  indicate  the  values  of  the  calculated  intensity. 


This  agreement  indicates  that  our  treatment  of  the  Raman  intensity  based  on  the  bond  Raman 

polarizability  model  is  valid  for  the  longitudinal  modes  as  well  as  the  transverse  modes  in  SiC 
polytypes. 

The  results  of  the  calculation  for  the  Raman  intensity  profiles  reveal  that  the  difference  in  the 
bond  Raman  polarizability  as  well  as  the  force  field  should  be  taken  into  account  to  explain  the 
observed  Raman  intensity  profiles  of  the  longitudinal  folded  modes  in  SiC  polytypes. 
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Abstract:  We  measured  Raman  spectra  of  free-standing  polycrystalline  films  of  3(7-SiC  as  a  function 
of  the  tunable  biaxial  strain  in  micromachined  diaphragms.  The  results  are  used  to  determine  the 
Raman  stress  coefficients  ??J0’L0  for  uniaxial  stress  along  the  [100]-axis.  Prom  the  stress  induced  shifts 
of  TO-  and  LO-phonon  frequencies  the  residual  strain  in  3C-SiC  layers  on  Si(100)  are  determined  as 
a  function  of  the  layer  thicknesses.  Largest  tensile  stress  is  found  in  thin  films;  it  relaxes  for  thicker 
films  to  a  value  imposed  by  the  different  thermal  expansion  coefficients  of  SiC  and  Si.  Accompanying 
the  strain  relaxation  we  observe  a  narrowing  of  the  Raman  lines  that  indicate  an  improved  crystalline 
quality. 


1  Introduction 

One  important  application  of  SiC  is  the  fabrication  of  pressure  sensors  that  can  operate  at 
high  temperature  and/or  in  chemically  aggressive  environments.  For  that  purpose  the  chemical 
vapor  deposition  (CVD)  technique  has  been  used  to  grow  3C-SiC  epilayers  on  silicon  wafers  of 
large  area  [1].  Due  to  the  lattice  mismatch  between  3C-SiC  and  Si  (about  20%)  and  differences 
in  thermal  expansion  coefficients  these  epilayers  show  in-plane  tensile  strain  that  might  cause 
problems  in  further  processing  steps.  It  is  important  to  have  an  convenient  and  fast  method  to 
measure  the  residual  strain,  preferably  in  a  spatially  resolved  way. 

Phonon  Raman  spectroscopy  is  useful  for  that  purpose  because  the  phonon  frequencies 
depend  among  other  things  on  stress.  Raman  spectroscopy  has  been  successfully  applied  to 
measure  stress  in  bulk  semiconductors  under  hydrostatic  pressure  and  uniaxial  stress  [2].  For 
3(7-SiC,  however,  only  measurements  under  hydrostatic  pressure  have  been  reported  [3,  4].  Due 
to  the  lack  of  uniaxial/ biaxial  stress  measurements  several  groups  tried  to  estimate  stress  in 
SiC  quantitatively  by  using  the  known  hydrostatic  stress  coefficients  [5,  6].  That  attempt  is 
bound  to  yield  erroneous  results.  This  paper  is  intended  to  provide  the  Raman  stress  coefficient 
that  is  needed  to  allow  a  quantization  of  biaxial  stress. 

2  Theoretical  treatment 

In  order  to  analyze  biaxial  stress  with  Raman  spectroscopy  the  relationship  between  phonon 
frequencies  and  stress  is  required.  It  was  shown  by  Feng  et  al  [6]  that  a  general  stress  con¬ 
figuration  can  be  regarded  as  a  superposition  of  hydrostatic  and  uniaxial  stress  components 
X  and  P,  respectively.  For  the  biaxial  stress  configuration  that  we  deal  with  here,  P  is  along 
the  direction  perpendicular  to  the  surface  and  opposite  to  the  hydrostatic  stress  component 
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(P——X),  since  the  epitaxial  layer  can  relax  in  that  direction.  The  frequency  shifts  of  TO  and 
LO  phonons  (i?TO  and  J?L0)  under  in-plane  biaxial  stress  X  in  3C-SiC  are  then  described  by 


=  -(2^°  +  ^sL0)'X 


QL0  -  Q\° 


(1) 

(2) 


where  J?^°’LO  are  the  corresponding  phonon  frequencies  without  stress  given  in  cm-1.  The 
Raman  stress  coefficients  r?H  and  rf$  for  hydrostatic  and  uniaxial  strain  components,  respectively, 
can  be  written  as  functions  of  the  phonon  deformation  potentials  p  and  q  [2]  and  the  elastic 
compliance  constants  (Sn  and  £12) 


TO,LO 

% 


(pT°>LO+2gTO>LO)(5ii+25l2) 

/  to,lo\  2 
6  (w0  J 


0TO,LO 

> 


(3) 


TO.LO  _ 
%  — 


(pTO’LO  _  gTO,LO)(Sii  _  Sa) 

2  (^oT°'LO)2 


nJ°'LO 


(4) 


Here,  a;^0,L0  is  the  phonon  frequency  in  units  of  s_1.  It  is  important  to  distinguish  the  phonon 
deformation  potentials  for  TO  and  LO  modes  [7]  in  order  to  account  for  the  large  stress  de¬ 
pendence  of  the  TO-LO  splitting  of  3C-SiC  [3].  Note,  that  this  distinction  has  not  been  con¬ 
sidered  in  Ref.  [6],  From  Hooke’s  law  the  in-plane  biaxial  strain  is  obtained  by  e\\  =  Aa\\/a0  = 
(S11  +  S12 )  •  X.  Only  the  hydrostatic  stress  coefficients  rj^°,LO  have  been  determined  exper¬ 
imentally  in  the  past  [3,  4],  but  rfe0,L0  needs  also  to  be  known,  in  order  to  obtain  accurate 
information  about  biaxial  in-plane  stress  from  Raman  measurements. 


3  Experimental  details 

The  3(7-SiC  layers  studied  here  were  grown  on  Si(100)  substrates  by  CVD  at  a  temperature  of 
1280°C  [1].  Silane  (5%  in  hydrogen)  and  propane  (15%  in  hydrogen)  mixed  with  hydrogen  as 
carrier  gas  with  a  flow  rate  of  25  slm  (standard  liter  per  minute)  were  used  as  source  gases.  The 
flow  rate  of  the  silane  and  propane  precursor  gas  was  100  seem  and  25  seem  (standard  cubic 
centimeter  per  minute),  respectively.  A  square-shaped  window  of  1  x  1mm2  size  was  etched 
into  the  silicon  substrate  in  order  to  manufacture  a  free-standing  SiC  film.  The  window  was 
stressed  by  applying  a  differential  nitrogen  pressure  across  the  membrane  and  thus  stretching 
it  in  a  controlled  fashion.  The  deformation  was  measured  interfero metrically  and  from  that 
the  corresponding  biaxial  in-plane  strain  Aa^/ao  was  calculated.  Raman  spectra  were  recorded 
in  backscattering  geometry  with  an  argon-ion  laser  operating  at  514.5  nm  and  a  spot  size  of 
~  l pm. 


4  Results  and  Discussion 

Two  membranes  with  different  thicknesses  d  (Membrane  1:  1.5  pm,  Membrane  2:  1.8  pm)  were 
investigated.  Raman  spectra  of  the  TO  and  LO  modes  were  recorded  as  a  function  of  differential 
nitrogen  pressure  and  the  peak  positions  obtained  from  these  spectra  are  plotted  as  function 
of  the  biaxial  in-plane  strain  Aa\\/a$  in  Fig.  1.  A  linear  decrease  of  the  phonon  frequency  with 
increasing  strain  is  observed  for  both  modes. 
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Strain  Aa\\/a^  (10  3) 


Fig.  1.  Raman  shift  of  the  TO  and  LO 
mode  as  function  of  the  biaxial  strain 
(Axy/ao)  for  two  membranes  with  dif¬ 
ferent  thickness.  Note  the  existence  of  a 
residual  strain  even  without  applied  pres¬ 
sure  that  is  marked  as  eg161111  and  eg161”2, 
respectively.  The  solid  lines  are  least- 
square  fits  to  the  experimental  data. 


The  linear  regression  shown  as  lines  demonstrates  that  the  strain  dependence  of  TO  and 
LO  modes  can  be  well  described  by 


qto  ^a)! 

- -  =  (795.9  ±  0.1)  -  (1125  ±  20)  •  — 1  , 

cm-1  clq 


nLO  Aa., 

- -  =  (974.1  ±  0.1)  -  (1585  ±32) - H  . 

cm-1  a0 


(5) 

(6) 


Note,  that  both  membranes  show  the  same  strain  dependence,  although  the  residual  strain  (e0) 
without  deformation  of  the  membrane  as  marked  by  arrows  greatly  differs  for  the  two  samples. 
We  shall  return  to  this  point  below. 

With  the  elastic  compliance  constants  from  Ref.  [8]  ( Su  =  3.67  x  10_3/GPa,  Su  =  —1.05  x 
10“3/GPa)  and  the  hydrostatic  Raman  stress  coefficients  calculated  from  Ref.  [4]  we  obtain 
the  uniaxial  Raman  stress  coefficients  t/s  in  (lOO)-direction  from  Eqs.  (1)  and  (2).  The  results 
together  with  the  values  of  the  hydrostatic  stress  coefficients  are  given  in  the  following  table: 


TO 

LO 

7}H(cm  1/GPa) 

1.38 

1.64 

«js(cm-7GPa) 

-0.56  ±0.16 

1.31  ±0.13 
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Fig.  2.  Raman  shift  of  the  TO  mode 
(left  scale)  and  biaxial  strain  (right  scale) 
vs  film  thickness.  The  strain  was  calcu¬ 
lated  with  Eq.  (1).  The  solid  line  marks 
the  residual  strain  expected  on  account 
of  the  different  thermal  expansion  coeffi¬ 
cients  of  SiC  and  Si.  The  dotted  line  is  a 
visual  guide. 
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Thickness  (nm) 


Fig.  3.  Linewidth  of  the  TO  mode  as  a  function 
of  the  film  thickness.  The  dotted  line  through  the 
experimental  data  is  a  visual  guide. 


Using  these  results  we  now  determine  the 
strain  in  hetero epitaxial  3C-SiC  layers  on  Si(100) 
as  a  function  of  film  thickness.  The  data  are 
shown  in  Fig.  2.  The  left  scale  gives  the  TO  peak 
positions  obtained  from  Raman  spectra,  whereas 
the  right  scale  gives  the  biaxial  strain  calculated 
from  Eq.  (1).  The  strain  is  maximum  for  the 
thinnest  samples  and  is  reduced  to  about  half 
of  its  initial  value  over  the  first  1500  nm  or  so. 
It  appears  that  for  thick  samples  the  residual 
strain  saturates  at  a  level  indicated  by  the  line 
that  is  set  by  the  different  thermal  expansion 
coefficients  of  SiC  and  Si  under  the  assumption 
that  the  film  is  stress  free  at  the  growth  temper¬ 


ature.  We  ascribe  this  strong  strain  relaxation 
to  the  effect  of  misfit  dislocations  parallel  to  the  film-substrate  interface  [9].  Also,  stacking 
faults  and  microcracks  created  at  the  SiC/Si  interface  have  been  reported  to  reduce  the  initial 
strain  that  exists  after  the  nucleation  of  epitaxial  SiC  on  Si  [5].  If  these  arguments  are  correct, 
the  crystalline  quality  is  expected  to  improve  with  film  thickness.  Indeed,  that  expectation  is 
supported  by  a  linewidth  analysis  of  the  Raman  spectra  (see  Fig.  3).  The  linewidth  decreases 
from  about  18  cm-1  for  the  thinnest  films  to  about  6  cm-1  at  3  fi m. 


5  Conclusion 

We  have  measured  Raman  spectra  of  TO-  and  LO-phonon  lines  of  3C-SiC  layers  on  Si.  Using  a 
pressure  sensor  made  from  these  films  we  could  tune  the  biaxial  strain  by  applying  a  differential 
nitrogen  pressure.  We  measure  the  influence  of  that  strain  on  the  phonon  line  positions  and 
derive  the  Raman  stress  coefficients  and  r}^°  for  uniaxial  strain  in  the  (lOO)-direction.  With 
these  coefficients  the  strain  in  heteroepitaxial  3C-SiC  layers  was  determined  from  the  Raman 
spectra  as  a  function  of  thickness.  We  observe  large  strain  in  thin  films  and  a  strong  strain 
relaxation  with  increasing  film  thickness. 
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Abstract : 

We  report  on  3C-SiC  deposited  on  <100>  Si  and  SOI  wafers  using  hexamethyldisilane  (HMDS) 
as  unique  precursor  gas.  The  growth  temperature  was  1350°C  and  the  layer  thicknesses  ~  4  pm.  The 
layer  properties  were  systematically  checked  using  AFM,  IR  reflectivity,  DDX,  Low-Temperature 
Photoluminescence  and  micro-Raman  spectroscopy.  We  compared  with  3C-SiC  films  grown  under 
the  same  conditions,  using  standard  precursors. 

Introduction 

Since  the  early  work  of  Nishino  et  al.  [1]  at  NASA  in  1983,  the  hetero-epitaxial  growth  of  cubic 
(3C  or  P)  SiC  on  Si  using  a  high  temperature  (1360°C)  carbonization  step  and  a  two  gas  (silane  and 
propane)  precursor  system  has  become  a  well  documented  subject  [2].  However,  despite  impressive 
success,  there  are  two  main  drawbacks  which  affect  this  popular  material  system.  One  is  safety  and, 
with  this  respect,  silane  which  is  a  very  flammable  and  toxic  gas  should  be  avoided.  The  other  one  is 
the  constant  need  to  grow  at  elevated  temperature.  In  the  case  of  micromachining  applications  where 
the  intrinsic  mechanical  properties  of  the  bulk  Si  substrate  play  a  major  role,  this  is  not  acceptable. 

This  is  particularly  true  in  the  case  of  sensors  designed  to  work  at  elevated  temperature  for 
automotive  applications  [3]  and,  in  order  to  protect  the  bulk  of  the  Si-wafer,  the  use  of  compliant 
substrates  like  SOI  (Silicon  On  Insulator)  has  been  proposed  [4,  5].  The  difficulty  is  that,  during  the 
high  temperature  (~1350°C)  deposition  step,  either  the  Buried  OXide  (BOX)  or  the  thin  Silicon 
OverLayer  (SOL)  or  both,  may  be  severely  damaged  [6].  This  degrades  the  sensors  performance  in 
an  uncontrolled  way  and  makes  mass  production  hardly  feasible.  To  reduce  the  temperature  growth 
of  3C-SiC  deposited  by  CVD,  more  and  more  organic  compounds  are  being  tested.  Among  them, 
HexaMethyIDiSilane  {(CH3)6Si2  or  HMDS}  appears  very  appealing  [7,  8], 

The  main  goal  of  this  work  is  to  make  a  comparative  investigation  of  the  physical  properties  of 
3C-SiC  layers  deposited  on  bulk  Si  and  SOI  substrates  using  HMDS  at  1350°C  and  to  compare  with 
state  of  the  art  3C-SiC  grown  using  Standard  Precursors  (SPs)  propane  and  silane. 
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Growth  procedure 

The  deposition  experiments  were  carried  out  at  atmospheric  pressure  in  a  vertical  CVD  reactor, 
using  specially  purified  HMDS.  The  purification  of  the  crude  material  was  performed  using  a 
“freeze/pump/thaw”  cycling  procedure,  followed  by  fractional  distillation  to  obtain  a  product 
containing  no  permanent  foreign  gas  by  gas  phase  chromatography.  The  SiC  layers  were  grown  on 
exactly  <100>  oriented  Si  (55  Cl- cm)  or  Unibond®  wafers.  In  the  case  of  Unibond®,  the  SOL  and 
BOX  thicknesses  were  200  nm. 

The  growth  procedure  is  schematically  drawn  in  Fig.  1  :  step  (1)  results  in  a  carbonization  layer  of 
(typically)  1  to  2  nm  thickness;  step  (2)  permits  to  lower  the  high  temperature  H2  reduction  effect 
and  limits  the  in-situ  attack  of  the  SiC  buffer  layer  [9];  step  (3)  is  the  growth  step.  It  was  done  using 
HMDS  diluted  into  H2  (10  slm)  with  a  flow  rate  of  0.6  seem. 


Temp  (°C) 


Figure  1:  Schematic  diagram 
of  the  SiC  deposition  process 
used  in  this  work. 


Thin  films  characterization,  results  and  discussion 

All  layers  investigated  had  mirror-like  surface  and  exhibited  AFM  roughness  around  3  nm  when 
measured  on  a  5x5  pm2  template.  This  includes  the  large  height  difference  frequently  associated  with 
antiphase  domains.  The  Full  Width  at  Half-Maximum  (FWHM)  of  DDX  rocking  curves  collected  for 
the  {200}-SiC  reflection  was  -650  arcsec  (0.18°).  For  comparison,  we  list  in  Table  1  a  summary  of 
literature  data.  Of  course  they  depend  on  extrinsic  factors  like  the  growth  rate  or  the  layer  thickness 
which  vary  from  authors  to  authors  but,  given  a  temperature  window,  we  believe  that  they  are  more 
or  less  representative  of  state  of  the  art  3C-SiC/Si  deposited  using  HMDS  [8]  and  SP  [11,  12]. 

To  compute  the  growth  rate,  we  have  collected  IR  reflectivity  spectra  in  the  range  400-7500  cm'1 
and,  from  oscillator  fits,  we  have  deduced  values  of  the  film  thickness  and  optical  roughness  at  the 
SiC  surface  and  SiC/Si  interface  [10].  Our  typical  growth  rate  using  HMDS  was  4.4  pm/h,  to  be 
compared  with  3.3  pm/h  using  the  SPs  propane  and  silane.  In  good  agreement  with  AFM  data,  the 
“optical”  surface  roughness  was  low.  The  interface  roughness  was  150-200  nm,  slightly  higher  than 
the  value  (-  100  nm)  obtained  when  using  SPs  at  the  same  temperature.  This  may  come  from  the 
higher  growth  rate  achieved  with  HMDS. 


Growth 

temperature  (°C) 

Precursor 

gas 

<200>-SiC 
FWHM  (°) 

Layer  thickness 
.  (nm) 

Growth  rate 
(pm/h) 

1250-1300 

SPs 

0.18 

5 

1.5 

1350 

HMDS 

0.6-0. 9 

1.2-9. 1 

4.3 

1350 

HMDS 

0.18 

4.4 

4.4 

this  work 

1360 

SPs 

-0.3 

2-3 

2.4 

■unn 

1400 

SPs 

0.18 

3.3 

3.3 

this  work 

Table  1  :  DDX  analysis  of  3C-SiC  layers  grown  on  bulk  Si  substrates  using  two  different 
precursors.  All  layers  have  been  grown  on  <100>-oriented  Si  substrates. 
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To  get  information  about  the  carrier  concentration  and  mobility,  we  have  performed  Hall 
measurements  at  room  temperature.  Small  (3000  A  thick)  nickel  dots  were  sputtered  at  the  comers 
of  5x5  pm2  samples  and  annealing  at  500°C  during  10  mn.  This  gives  for  SiC/Si,  ~5.5xl017  cm3  and 
140  cm2/V-s,  respectively.  Obviously,  this  establishes  the  good  purity  of  the  starting  material. 

Because  of  improved  strain  relaxation,  which  is  usually  found  in  the  bulk  of  the  silicon  substrate 
when  using  SOI  rather  than  Si  [13],  we  have  also  deposited  on  SOI.  We  have  not  found  any  (drastic) 
change  in  DDX  rocking  curves,  but  observed  a  lower  density  of  residual  carriers  (3xl017  cm 3)  and  a 
50%  increase  in  mobility  (210  cm2/V-s).  This  suggests  a  reduction  in  growth  defects.  Because, 
usually,  they  originate  from  the  interface  and  migrate  into  the  bulk  of  the  layer,  this  has  been  checked 
using  micro-Raman  spectroscopy.  We  focused  on  a  cleaved  edge  of  the  sample  in  the  transverse 
configuration  <X(J-)X >  where  is  sensitive  to  the  TO  frequencies  [13]  and  moved  from  the  SiC/Si 
interface  towards  the  free  SiC  surface,  on  both  the  SiC/Si  and  SiC/SOI  samples.  In  both  cases  a  clear 
decrease  in  FWHM  of  the  SiC-TO  Raman  mode  is  observed.  This  shows  that  the  density  of  defects 
decreases  rapidly  from  the  interface  and  becomes  very  reasonable  after  -1  pm.  The  interesting  point 
is  that,  independent  of  the  spot  position  with  respect  to  the  SiC/Si  interface,  we  find  a  systematic 
narrowing  when  considering  the  sample  deposited  on  SOI  with  respect  to  the  one  on  bulk  Si.  This  is 
shown  in  Fig.  2. 


Figure  2  :  FWHM  values  extracted 
from  Micro-Raman  spectra 
collected  on  3C-SiC  films 
(transverse  configuration) 
deposited  on  (a)  Si  bulk  and  (b) 
SOI  substrates  using  HMDS  as 
single  precursor. 


*0  1  2  3  4  5 

distance  from  interface  (pm) 

Since  they  are  very  sensitive  to  all  non-radiative  centers,  like  defects  in  the  SiC  layer,  we  have 
investigated  the  LTPL  (Low  Temperature  PhotoLuminescence)  spectra  of  both  materials.  Results 
are  shown  in  Fig.  3.  The  PL  spectra  are  dominated  by  the  N  bound-exciton  (N-BE)  lines  around  2.3 
eV,  and  their  second  order  phonons  replicas  around  2. 15  eV.  The  no-phonon  line  (at  2.3779  eV  for  a 
stress-free  film  of  3C-SiC  [14])  is  not  detected. 

Comparing  with  the  work  of  Ref.  [8]  (Fig.  3-a),  the  striking  feature  is  less  impurity  related  BO-line 
and  corresponding  phonon  replicas.  The  G  band,  which  is  related  to  dislocations  and  interface 
defects,  appears  but  with  reasonably  small  intensity.  The  ratio  of  intensities  of  the  weak  G  band  and 
the  strongest  N-BE  transverse-optical  transition  (TO)  can  be  used  as  a  figure  of  merit  of  crystalline 
perfection  in  3C-SiC  layers.  Values  of  ~0.3  are  found.  These  values  are  lower  than  previously 
reported  for  similar  thickness  (5  pm)  SiC  films  [14].  This  confirms  a  relatively  good  quality  of  our 
SiC  layers  grown  with  HMDS.  We  notice  also  a  larger  PL  signal  when  deposited  on  SOI  (Fig.  3-c) 
with  respect  to  bulk  (100)-Si  (Fig.  3-b).  This  comes  from  the  lower  density  of  non-radiative 
(interface  and/or  bulk)  recombination  centers  which  have  been  formed  in  this  case. 
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Wavelength  (nm) 

680  660  640  620  600  580  560  540  520 


1  8  1.9  2.0  2.1  2.2  2.3  2.4 


Energy  (eV) 


We  have  used  hexamethyldisilane  as  the  single  precursor  gas  for  3C-SiC  deposition.  We  have 
shown  that  one  can  grow  good  quality  material  at  1350°C  with  a  4.4  pm/h  growth  rate.  We  have 
obtained  better  results  and  less  defects  on  SiC  films  deposited  on  SOI  substrates  than  on  Si  bulk.  A 
lower  growth  temperature  is  now  expected  to  decrease  the  negative  effect  of  high  temperatures  on 
SOI  stability  during  the  growth  process. 
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Abstract.  Electrical  and  crystalline  properties  around  micropipe  defects  have  been  studied  in  n- 
type  4H-SiC  bulk  crystals  by  using  Raman  imaging  technique.  We  have  observed  clear  decrease  in 
carrier  concentration  and  mobility  in  the  vicinity  of  micropipe,  indicating  existence  of  carrier 
trap  ping  centers.  Experiments  at  high  temperatures  up  to  1200°C  showed  that  thermal  excitation 
of  carriers  was  negligibly  small.  This  suggests  that  the  trap  levels  are  relatively  deep. 

Introduction 

It  is  generally  considered  that  threading  defect  or  micropipe  will  deteriorate  electrical  characteristics 
of  SiC  power  devices  such  as  the  breakdown  voltage.  However,  it  is  not  well  known  how  electrical 
and  crystalline  properties  show  anomalies  in  the  vicinity  of  micropipe  under  high -volt  agp-  or  high- 
temperature  operation.  As  a  first  step  to  answer  this  question,  we  have  investigated  here  electrical 
and  crystalline  properties  around  micropipe  defects  in  n-type  4H-SiC  bulk  crystals  by  using  an 
imaging  technique  of  Raman  spectra.  We  have  observed  clear  decrease  in  carrier  concentration  and 
mobility  in  the  vicinity  of  micropipe,  indicating  existence  of  high  density  of  carrier  trapping  centers. 
We  have  also  discussed  the  depth  of  carrier  trap  levels  from  the  high  temperature  characteristics  up 
to  1200°C. 

Experimental  Results  and  Discussion 

In  this  study,  we  have  tested  some  n-type  4H-SiC  wafers  with  c-plane,  grown  by  the  modified-Lely 
method  and  both  sides  mechanically  polished.  The  carrier  concentration  ranged  in  n= 1-6  x  1018  cm'3 
according  to  Hall  measurements.  Raman  spectra  were  observed  in  backscattering  ^ometry  from 
the  c-plane  using  the  Ar+  laser  at  488  nm  for  excitation.  The  spectral  slit  width  was  about  0.6  cm'1. 
Local  area  around  relatively  thick  micropipe  was  investigated  by  Raman  microprobe  imaging.  Here 
we  first  describe  a  result  for  a  samp  le  with  .4  x  1 018  cm"3.  Figure  1  shows  the  probing  method 
schematically:  A  micropipe  has  a  cross  section  of  an  donated  elliptic  hole  of  about  20  pm  x  7  pm  at 
the  surface  (dark  spot  in  Fig.1).  The  laser  beam  was  linearly  expanded  by  a  cylindrical  lens  to  about 
400pm  x  10pm  (dotted  region),  covering  the  cross  section  of  the  micropipe,  and  probed  to  a  few 
tens  of  pm  in  depth.  Scattered  ligjit  from  the  illuminated  region  was  collected  to  a  double 
monochromator  and  the  Raman  signal  was  observed  by  a  CCD  detector.  Figure  2  shows  the  signal 
image  for  the  E2  (TO)  phonon  mode  at  ~776  cm"1  (left  side)  and  the  axial  LO  phonon  mode  at  ~964 
cm’1  (right  side).  Here,  the  vertical  and  horizontal  axes  correspond  to  the  observed  position  and 
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the  Raman  shift,  respectively.  The  LO-phonon 
image  (right)  shows  clearly  that  the  Raman  peak 
for  point  A  (vicinity  of  micropipe)  is  located  at 
lower  frequency  than  for  other  positions  such  as 
the  point  B  (marked  by  a  cross  in  Fig  1,  which 
is  about  100  gm  away  from  the  micropipe).  This 
difference  is  more  clearly  recognized  by 
comparing  the  spectra  at  each  point  as  shown  in 
Fig.3. 

On  the  contrary,  the  E^-phonon  mode  is 
sharp  and  uniformly  peaked  in  the  probed  region 
as  seen  in  Fig2.  This  evidences  that  there  is  no 
observable  anomaly  in  the  ciystallinity,  such  as 
mixture  of  different  poly  types,  inclination  of 
crystal  axes,  and  lattice  distortion. [1]  These  observations  imply  that  the  carrier  concentration  is 
relatively  low  in  the  vicinity  of  the  micropipe.  This  is  because,  as  is  well  known, [2]  the  LO- 


Raman  Shift  (cm-1) 


Fig-2  Raman  imge  forthe  E2  phonon  mode  at  -776  cm'1  (left  side)  and  axial  LO  phonon  mode  at  -964  cm'1  (right  side) 

phonon  mode  in  n-type  SiC  strongly  couples  with  the  plasma  oscillation  of  free  carriers,  and  is 
broadened  and  shifted  to  higher  frequency  with  the  increase  of  carrier  concentration  as  seen  in  Fig.4. 
We  have  evaluated  the  carrier  concentration  n  as  well  as  the  carrier  mobility  /i  by  a  lineshap e-fitting 
analysis  [2]  to  the  observed  profiles  as  n= 3.2  x  1017  cm'3  and  fx=20  cm2/(Vs)  for  point  A,  and 
n- T.3  x  1018  cm 3  and  fi=32  cm2/(Vs)  for  point  B.  The  carrier  concentration  at  B  well  agrees  with 
that  obtained  from  Hall  measurement  (1 .4  x  1018  cm"3).  It  should  be  emphasized  that  the  point  A 
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Fig.  3  LO-phonon  spectra  near  the  defect  (A)  and  far  Fig  4  Variation  of  LO-phonon  profile  (axial 

tom  the  defect  (B).  Solid  and  dashed  lines  give  mode)  with  the  feeder  concentration  in 

observed  profiles  and  best-fit  calculations,  respectively.  4H-SiC  (from  Ref.2). 


gives  slightly  lower  mobility  than  B,  although  the  point  A  gives  four  times  less  earner  concentration 
than  B.  This  fact  suggests  that  there  are  high  density  of  carrier  trapping  centers  in  the  vicinity  of  the 
micropipe,  which  reduce  the  carrier  concentration  as  well  as  the  mobility.  We  observed  similar 
results  for  most  of  the  micropipe  defects  in  the  tested  SiC  samples.  Figure  5  shows  a  LO-phonon 
image  (left)  around  a  micropipe  in  a  more  heavily  doped  sample  (n=6  x  1018  cm3  by  Hall 
measurement)  and  its  spectra  (right)  near  the  micropipe  (A)  and  far  from  the  micropipe  (B).  The 
local  carrier  density  at  A  is  estimated  to  be  about  3  times  smaller  than  that  for  B  from  the  line-shape 
analysis. 


Raman  Shift  (cm'1) 


Fig.  5  Raman  image  (left)  and  spectra  (right)  for  the  LO  phonon  region  in  a  heavily  doped  sample.  The  earner 
densities  were  evaluated  by  the  fitting  analysis  (thin  solid  lines  are  observed  profiles). 
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If  carriers  trapped  at  micropipe  defects  are  efficiently  activated  by  thermal  energy,  the 
effect  will  appear  clearly  in  high  temperature  region.  From  this  viewpoint,  we  have  heated  the 
sample  used  in  Fig.2  up  to  1200°C  and  compared  the  LO-phonon-plasmon-coupled  mode  profile 


between  the  point  A  (near  the  micropipe)  and  B  (far 


400  800  1200  1600 

Temperature  (K) 

Fig.  6  Peak  frequency  of  the  LO-phonon-plasmon- 
coupled  mode  vs  temperature.  A  and  B  (mark  and 
dashed  line)  correspond  to  positions  near  and  far  from 
the  micropipe  defect,  respectively.  Results  for  a  defect- 
free  sample  are  shown  for  comparison  (solid  line). 


from  micropipe).  Figure  6  shows  variation  of 
the  peak  frequency  with  the  temperature. 
Here,  a  result  for  a  defect -free  bulk  sample 
with  almost  the  same  carrier  concentration 
at  room  temperature  as  point  A  is  also 
shown  for  comparison  (solid  line).  All  the 
results  show  frequency  downshift  at  high 
temperatures  because  of  lattice  dilation  as 
reported  before. [3]  This  figure  shows 

further  that  there  is  no  difference  between 
the  point  A  and  the  defect-free  sample,  and 
that  the  point  A  always  shows  somewhat 
lower  peak  frequency  than  B.  These  results 
indicate  that  there  is  no  efficient  activation 
of  carriers  in  the  vicinity  of  micropipe  or,  in 
other  words,  the  trapping  level  is  relatively 
deep  compared  with  the  thermal  energy. 


Summary 

Characterization  by  Raman  imaging  in  n-type  SiC  in  the  vicinity  of  micropipe  clearly  revealed  the 
decrease  in  earner  concentration  and  mobility.  This  suggests  existence  of  efficient  carrier  trapping 
centers  around  micropipe  defects.  Experiment  up  to  1200°C  showed  that  thermal  activation  of 
carriers  can  be  neglected,  which  means  that  the  trapping  levels  are  relatively  deep. 
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Abstract.  Raman  scattering  spectra  for  p-type  6H-SiC  bulk  crystals  have  been  measured  in  detail 
for  various  carrier  concentrations.  The  spectra  show  very  different  features  as  compared  with 
those  for  n-type  materials:  (i)  The  LO-phonon  mode  shows  no  frequency  shift  due  to  coupling  with 
plasma  oscillation  of  free  carriers,  (ii)  A  continuum  band  due  to  inter-valence-band  transition  clearly 
appears  in  the  low  frequency  region,  together  with  Fano  interference  features  on  sharp  phonon  lines. 
It  is  proposed  that  the  continuum-band  intensity  and  the  Fano  interference  parameters  can  be 
conveniently  used  as  a  measure  of  free  carrier  concentration  in  p-type  SiC. 

Introduction 

Raman  scattering  is  a  powerful  tool  in  characterizing  electronic  properties  as  well  as  crystalline 
properties  in  SiC.[l]  In  n-type  materials,  e.g.,  the  LO-phonon-plasmon  coupled  mode  shows  a 
drastic  change  in  lineshape  with  the  carrier  doping  condition,  and  we  can  easily  evaluate  electrical 
transport  parameters  such  as  free  carrier  density  and  mobility  by  analyzing  the  lineshape.  [2] 
However,  as  we  shall  see  below,  coupled  mode  profiles  in  p-type  materials  are  much  less  sensitive 
to  the  carrier  doping  condition,  and  such  analysis  is  difficult.  It  is  shown  here  that  in  p-type 
materials  a  continuum  Raman  band  appears  in  the  low  frequency  region  and  sensitively  varies  in 
intensity  with  the  hole  concentration.  In  heavily  doped  materials,  furthermore,  a  Fano-type 
interference  between  the  continuum  and  sharp  phonon  bands  is  clearly  observed.  These  features 
could  be  used  as  a  measure  of  free  carrier  concentration. 


Experimental  Results  and  Discussion 

We  have  tested  several  p-type  6H-SiC  bulk  crystals  grown  by  the  modified-Lely  method.  The  hole 
concentration  was  evaluated  mainly  by  Hall  measurements,  which  ranged  in  1016 — 1 020  cm3.  Raman 
microprobe  spectra  were  observed  at  room  temperature  in  the  backscattering  geometry  from  the  c- 
face  of  plate  samples  using  the  514.5  nm  Ar+  laser  for  excitation.  The  spectral  slit  width  was  about 
0.6  cm'1.  Figure  1  shows  typical  Raman  spectra,  the  intensity  of  which  are  normalized  by  the  peak 
height  of  the  strongest  E2  phonon  mode  at  789  cm'1.  This  figure  shows  that  (i)  A  continuum  band  in 
the  lower  frequency  region  grows  in  intensity  with  the  increase  of  hole  concentration,  extending  up 
to  -800  cm'1  or  more.  This  intensity  variation  is  shown  more  clearly  in  Fig.2,  where  the  continuum 
band  intensity  at  200  cm"1  is  plotted  agiinst  the  hole  density  p  after  dividing  by  the  peak  height  of 
the  E2  mode.  Figure  1  shows  further  that  (ii)  the  low-frequency  E2  phonon  modes  at  145, 149  and 
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Fig.l  Raman  spectra  forp-type  6H-S1C  with  different  carrier  concentrations. 


265  cm'1  are  distorted  from  Lorentzian  lineshape 
due  to  a  Fano- interference  effect.[3]  Figure  3 
shows  a  close-up  of  the  140-160  cm"1  region  of 
Fig.1.  It  is  clearly  observed  that  the  E2  mode 
peaked  at  149  cm"1  for  small  p  values  broadens 
and  shifts  to  lower  frequency  and  its  asymmetric 
feature  becomes  more  apparent  with  the  increase 
of  p.  The  weaker  E^-phonon  mode  at  145  cm"1 
shows  similar  behavior. 

As  previously  observed  in  p-type  silicon, [4] 
the  continuum  band  is  assigned  to  the  inter¬ 
valence-band  transition  of  hole.  Since  the  band 
intensity  varies  drastically  with  p  as  shown  in 
Fig.2,  it  can  be  conveniently  used  as  a  measure 
of  hole  concentration.  The  Fano  interference  on 
the  phonon  bands  arises  because  of  coupling  in  the  Raman  transition  matrix  between  the  continuum 
(hole  transition)  and  discrete  (phonon)  transit  ion.  [5]  Its  profile  1(d)  is  theoretically  described  by  a 
simple  formula: 


Hole  Density  (cm'3) 


Fig.2  Continuum  band  intensity  (at  200  cm"1) 
divided  by  the  peak  height  ofthe  E2-phononband 
(at  789  cm"1)  in  p-type  6H-SiC  with  different  hole 
concentrations. 


I(a>)=(q+e)2/(l+e2).  (1) 

Here  q  is  the  asymmetry  parameter,  and  e  is  a  dimensionless  frequency  defined  by  e=((D-Q0-dQ)/T 
with  co  being  the  Raman  shift,  Q0  being  the  phonon  frequency  without  interference,  and  SQ  and 
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Fig.  3  Variation  of  the  low-frequency 
E2-phonon  modes  with  p.  Solid  and 
dashed  lines  correspond  to  observed  and 
best-fit  calculations,  respectively. 


p  being  the  peak  shift  and  broadening  due  to  the  interference 
effect,  respectively.  These  characteristic  parameters  are 

related  to  the  Raman  matrix  elements  and  the  hole  concentration 
as  follows;  [5] 

5Q  =  V2R(co)  (2) 

r  =  jtV2p(co)  (3) 

q  =  [FTp/Te  +V2R(cq)  ]  / [n  V2p(co)  ] 

=  [VTP/Tc  +  dQ]/r  (4) 

Here  7p  and  7e  are  the  Raman  matrix  elements  for  the  phonon 
and  hole  transition,  respectively,  Fis  the  matrix  element  for  the 
couplingterm,  p(w)  is  the  hole  density  of  states,  and  R(co)  is  its 
Hilbert  transform.  These  values,  5Q,  T  and  q  can  be  evaluated 
by  fitting  Eq.(l)  to  the  observed  profile.  Figure  4  shows  the 
best-fit  parameters  obtained  at  various  hole  concentrations. 
There  is  a  clear  one-to-one  correspondence  between  these 
parameters  and  the  hole  concentration,  and  we  can  estimate  the 
hole  concentration  from  the  observed  interference  parameters 
by  comparing  with  this  figure. 


Fig.4  Fano  interference  parameters  in  p-type  6H-SiC. 


Variation  of  the  LO-phonon  spectra  (A1L  in  Fig.1)  with  p  is  shown  in  detail  in  Fig.5  The 
result  for  n-type  6H-SiC  is  shown  for  comparison  in  Fig.6.  [2]  In  n-type  SiC,  the  peak  clearly 
shifts  to  higher  frequency  and  broadens  asymmetrically  with  the  increase  of  carrier  concentration, 
because  of  a  strong  LO-phonon-plasmon  coupling,  This  enabled  us  precise  evaluation  of  electrical 
parameters  such  as  carrier  concentration  and  mobility  from  a  lineshape  analysis.  [2]  However,  in 
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p-type  materials,  there  is  little  frequency  shift  as  seen  here,  and  such  analysis  is  difficult.  A 
simulation  on  the  LO-phonon-hole-plasmon-coupled  mode  [2]  shows  that  such  a  weak  coupling  is 
attributed  to  fairly  large  carrier  damping  rates  of  hole,  or,  in  other  words,  low  carrier  mobility  in  p- 
type  SiC. 


Fig. 5  LO-phonon  spectra  for  different  carrier 
concentrations  in  p-type  6H-SiC. 


Fig.  6  LO-phonon  spectra  for  different  carrier 
concentrations  in  n-type  6H-SiC  (from  Ref.2). 


Summary 

Raman  scattering  spectra  for  p-type  6H-SiC  bulk  crystals  were  measured  for  various  carrier 
concentrations.  A  continuum  band  due  to  inter-valence-band  transition  was  observed  in  the  low 
frequency  region,  together  with  clear  Fano-interference  features  for  sharp  phonon  lines  superposed 
on  this  continuum.  The  continuum-band  intensity  and  the  Fano  interference  parameters  could  be 
conveniently  used  as  a  measure  of  free  carrier  concentration.  In  contrast  to  n-type  materials, 
frequency  shift  of  the  LO-phonon  mode  is  not  observed  probably  because  of  heavy  damping  of 
hole-plasma  oscillation. 
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Abstract.  Photothermal  ionization  spectroscopy  ( PTIS  )  measurements  were  carried  out  on  a  high 
purity  and  high  quality  4H-SiC  epitaxial  layer  at  various  temperatures.  The  two  step  photothermal 
ionization  process  is  clearly  reflected  in  the  temperature  dependence  of  the  photoconductivity.  The 
spectrum  at  the  temperature  of  25.6  K  reveals  five  well  resolved  electronic  transition  lines  associated 
with  the  shallow  nitrogen  donor.  The  ionization  energy  of  the  shallow  nitrogen  donor  is  concluded  to 
be  60.2  ±0.5  meV.  Furthermore,  PTI  magnetospectroscopy  measurements  were  performed  to 
investigate  the  symmetry  properties  of  these  transitions.  The  results  show  no  linear  Zeeman  splitting 
only  diamagnetic  shift,  which  is  consistent  with  the  fact  that  the  effective  mass  tensor  of  4H-SiC  has 
three  different  diagonal  components. 

Introduction 

Nitrogen  is  the  main  donor  in  all  SiC 
polytypes  and  dominates  the  electrical 
properties  of  n-type  SiC.  Nitrogen  atoms 
substitute  for  carbon  in  the  SiC  lattice  and 
may  occupy  two  inequivalent  lattice  sites 
(one  hexagonal  site  and  one  cubic  site)  in 
4H-SiC.  We  investigated  the  infrared 
absorption  spectra  of  nitrogen  donors  in  4H- 
SiC  bulk  material  with  a  nitrogen 
concentration  of  8  x  1017  cm'3  at  three 
different  temperatures  (  the  polarization  E  ± 
c  ).  Three  broad  electronic  transition  lines  at 
367,  397  and  450  cm'1  are  observed  at  8K  as 
shown  in  Fig.  1.  Similar  to  Ref  [1],  we 
assign  them  to  the  shallow  nitrogen  donor. 

At  85  K,  two  additional  absorption  lines  at 
307,  337  cm'1  can  be  observed,  resulting 
from  the  thermal  population  due  to  valley-orbit  splitting  of  60  cm*1  of  the  ground  state.  It  is  difficult 
to  observe  electronic  transitions  related  to  another  deeper  nitrogen  donor  at  higher  energies  due  to 
the  oscillator  strength  of  an  electronic  transition  decreasing  rapidly  with  increasing  the  ground  state 
binding  energy  and  the  strong  background  absorption  of  the  reststrahlen  band. 

Although  the  infrared  absorption  spectra  of  4H-SiC  bulk  material  reveal  some  important  features 
of  the  shallow  nitrogen  donor  states,  it  is  obvious  that  transition  lines  are  too  broad  to  obtain  the 
electronic  transition  fine  structures.  An  accurate  experimental  determination  of  electronic  transitions 
is  essential  to  investigate  the  excitation  spectrum  of  the  shallow  nitrogen  donor.  In  order  to  minimize 
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Fig.  1:  Infrared  transmission  spectra  of  the  4H- 
SiC  bulk  material  with  the  polarization  E  _L  c  at  8, 
85,300  K. 
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line  broadening  which  originates  mainly  from  concentration  broadening  and  internal  strain  effects,  we 
used  free-standing,  highly  pure  epitaxial  layers  with  the  thickness  of  about  50  pm.  They  are  one  of 
the  purest  and  best  quality  4H-SiC  samples  available  at  present.  However,  due  to  the  low  absorption 
coefficient  resulting  from  the  low  nitrogen  concentration  and  the  low  thickness  of  the  epitaxial 
layers,  conventional  infrared  absorption  spectroscopy  by  transmission  experiments  is  impossible.  The 
technique  of  Fourier  transform  infrared  photothermal  ionization  spectroscopy  (  PTIS  )  uses  the 
sample  itself  as  a  detector  and  offers  a  very  low  concentration  detection  limit  [2,  3].  It  gives  a 
photoconductivity  spectrum  which  shows  sharp  discrete  lines  corresponding  to  electronic  transitions 
from  the  ground  state  to  the  excited  states  of  the  impurity  in  a  semiconductor.  The  photoresponse  is 
based  on  a  two-step  ionization  process  of  the  impurity,  which  consists  of  an  optical  excitation  of  a 
bound  electron  from  the  ground  state  to  an  excited  state  and  subsequent  thermal  ionization  of  the 
electron  from  the  excited  state  to  the  conduction  band.  The  technique  of  PTIS  has  been  widely 
applied  to  Si,  Ge,  GaAs  and  has  been  proved  to  be  an  extremely  sensitive  method  to  study  the 
shallow  impurity  states.  In  this  work,  we  performed  PTIS  measurements  on  the  4H-SiC  free¬ 
standing  epitaxial  layer  at  various  temperatures.  Sharp  and  well  resolved  electronic  transition  lines  of 
the  shallow  nitrogen  donor  were  observed  and  investigated. 


Energy  ( meV ) 


Experimental 

n-type  nitrogen  doped  4H-SiC  bulk  material,  grown  by  the  modified  Lely  process,  was  used  for 
infrared  absorption  measurements.  A  free-standing  epitaxial  layer  was  used  in  PTIS  measurements, 
with  the  low  nitrogen  concentration  in  the  1014  cm'3  range  and  the  thickness  of  about  50  pm.  It  was 
grown  on  a  highly  nitrogen  doped  4H-SiC  substrate  by  the  CVD  method.  The  sample  was  obtained 
by  removing  the  substrate  by  mechanical  polishing.  The  high  quality  of  the  epitaxial  layer  was 
confirmed  by  low  temperature  photoluminescence  spectra.  The  size  of  the  sample  is  about  4  mm  x  2 
mm.  Two  ohmic  contacts  were  fabricated  on  one  surface  of  the  sample  by  evaporating  nickel  with 
subsequent  heat  treatment.  The  PTIS  experiments  were  performed  with  a  Bruker  IFS-113v  Fourier 
transform  spectrometer,  in  combination  with  a  He  contact  gas  cryostat  and  a  1 1  T  superconducting 
magnet.  The  temperature  was  controlled  by  a  heater  and  monitored  by  an  adjacent  Cemox  resistor. 
The  experimental  error  for  the  temperature 
is  less  than  0.5  K.  The  infrared  radiation 
from  the  spectrometer  was  transferred  onto 
the  samples  via  a  polished  brass  light  pipe 
system  with  a  black  polyethylene  film 
window.  The  photoconductivity  signal  of 
the  sample  was  amplified  by  a  preamplifier 
and  then  transferred  to  the  external 
detector  input  of  the  spectrometer.  All 
spectra  were  recorded  with  unpolarized 
light  ( the  polarization  of  nearly  E 1  c )  at  a 
resolution  of  ±  0.5  cm'1. 


Results  and  Discussion 

Fig.  2  shows  the  photoconductivity  spectra 
of  the  4H-SiC  epitaxial  layer  with  the 
polarization  of  nearly  E  1  c  at  four 
different  temperatures  from  4.2  K  to  25.6 
K.  All  these  spectra  are  corrected  by 
removing  the  influence  of  the  window  and 
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Fig.  2:  Photoconductivity  spectra  of  the  4H-SiC 
epitaxial  layer  at  4.2,  14.1,  21.0  and  25.6  K. 
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are  normalized  to  the  same  continuum  band  height  around  570  cm 1  for  comparison.  At  4.2  K,  only 
the  broad  continuum  band  above  the  wavenumber  of  460  cm-1  can  be  observed.  It  is  mainly  caused 
by  direct  optical  transitions  from  the  ground  state  into  the  conduction  band.  Several  peak  structures 
in  the  continuum  band  arise  mainly  from  the  Fabry-Perot  interference  since  the  interference  spacing 
of  about  22  cm'1  corresponds  to  the  thickness  of  the  sample  [4].  At  14.1  K,  two  well  resolved 
discrete  lines  at  450.8  and  453.7  cm'1  related  to  electronic  transitions  from  the  ground  state  to  the 
higher  excited  states  of  the  shallow  nitrogen  donor  begin  to  appear.  With  increasing  temperature  T, 
more  and  higher  energy  phonons  are  provided  for  the  thermal  ionization  process,  the  strengths  of  the 
electronic  transition  lines  increase  greatly,  and  the  lower  energies  transitions  from  the  ground  states 
to  the  lower  excited  states  can  be  observed.  The  best  working  temperature  in  our  experiments  is  at 

25.6  K.  The  PTIS  spectrum  at  25.6  K  displays  five  strong,  well  resolved  electronic  transition  lines  at 
367.9,  397.3,  337.5,  450.8  and  453.7  cm'1.  It  can  be  seen  that  PTIS  results  are  in  agreement  with  the 
infrared  absorption  results.  Moreover,  the  linewidths  of  the  lines  at  367.9,  397.3  and  337.5  cm1 
which  are  observed  as  broad  lines  (  Tjr~  25  cm"1 )  in  the  infrared  transmission  spectra,  are  only  about 

2.6  cm’1  ( rpn)in  PTIS  spectra  ( the  ratio  of  IW  Ir  -  0.1  ).  The  closely  spaced  transition  lines  at 
450.8  and  453.7  cm'1  are  clearly  resolved  whereas  they  appear  as  a  broad  line  around  450  cm’1  in 
infrared  transmission  spectra.  Similar  to  the  line  at  337.5  cm  \  the  weak  line  at  390.0  cm 1  is  related 
to  the  valley-orbit  splitting  corresponding  to  the  transition  at  450.8  cm-1.  The  origin  of  the  line  at 
437.3  cm’1  remains  unknown. 

An  electronic  transition  line  intensity  in  PTIS  spectrum  depends  on  the  photoabsorption  cross 
section  and  the  thermal  ionization  probability.  The  thermal  ionization  probability  Pth  from  an  excited 
state  to  the  conduction  band  is  given  by  [5], 
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where  AE  is  the  binding  energy  of  an  excited  state.  If  there  is  no  influence  of  the  valley-orbit  splitting 
and  the  photoabsorption  cross  section  is  assumed  to  be  constant  over  the  measured  temperature 
interval,  the  strength  of  a  line  has  the  same  temperature  dependent  relation  as  the  thermal  ionization 
probability  when  the  spectra  at  various  temperatures  are  normalized  to  the  same  continuum  band 
height.  As  a  result,  the  ionization  energy  of  the  shallow  nitrogen  donor  can  be  evaluated  from  the 
temperature  dependence  of  the  strengths  of  the  lines  according  to  Eq.  1.  In  order  to  minimize  the 

influence  of  valley-orbit  splitting,  we 
choose  the  lines  at  450.8  cm’1  and  453.7 
cm’1  at  14.1  K  and  21.0  K  to  evaluate  the 
related  excited  states  binding  energies  AE 
by  a  fit  procedure.  AE  are  taken  as 
adjustable  parameters.  AE  of  the  excited 
states  corresponding  to  the  lines  at  450.8 
cm'1  (  55.9  meV  )  and  453.7  cm’1  (  56.3 
meV  )  are  deduced  to  be  4.2  ±  0.5  meV 
and  3.9  ±  0.5  meV,  respectively. 
Therefore,  the  ionization  energy  of  the 
shallow  nitrogen  donor  is  deduced  to  be 
60.2  ±  0.5  meV. 

Magnetospectroscopy  of  shallow 
impurities  can  provide  additional 
information  on  the  involved  impurities 
Fig.3:  PTIS  spectra  at  25.6  K  as  a  function  of  states  by  the  investigation  of  the 

magnetic  field  in  Faraday  configuration  (  c  ||  B  ||  k  )  symmetry  properties  of  electronic 

from  0  T  to  7.8  T. 
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transitions.  Fig.  3  displays  the  PTIS  spectra  as  a  function  of  magnetic  field  in  Faraday  configuration 
(c||B||k)  from  B  =  0  T  up  to  B  =  7.8  T.  No  Zeeman  splitting  of  the  lines  is  observed.  All  five 
electronic  transition  lines  show  a  diamagnetic  shift  in  their  energy  positions.  The  line  at  367.9  cm'1 
shifts  to  lower  energies  and  the  other  four  lines  shift  to  higher  energies.  In  Faraday  configuration 
(c||B||k),  all  three  effective  mass  ellipsoids  of  the  conduction  band  minima  are  equivalent  with  respect 
to  the  magnetic  field  (  all  have  B||c||ML  ).  The  fact  that  no  linear  Zeeman  splitting  and  only  a 
diamagnetic  shift  of  the  lines  is  observed,  indicates  that  the  excited  states  of  the  shallow  nitrogen 
donor  are  nondegenerate  at  zero  magnetic  field.  The  excited  states  are  only  influenced  by  the 
quadratic  Zeeman  effect.  This  is  consistent  with  an  effective  mass  tensor  of  three  different  diagonal 
components.  The  excited  states  of  the  shallow  nitrogen  donor  in  4H-SiC  can  be  described  by 
Hamiltonian  H  within  the  single  valley  effective  mass  approximation.  Similar  to  our  argument  for 
6H-SiC  in  Ref  [6],  for  a  Hamiltonian  H  including  three  different  effective  mass  components, 
magnetic  quantum  numbers  are  no  longer  good  quantum  numbers.  The  excited  states  with  magnetic 
quantum  numbers  ±  m  which  are  degenerate  in  the  case  of  two  effective  mass  components  will  split 
into  two  nondegenerate  states  at  zero  magnetic  field.  In  addition,  the  strengths  of  the  diamagnetic 
shifts  of  electronic  transitions  provide  information  about  the  principle  quantum  numbers  of  the 
involved  excited  states.  Let  us  have  a  look  at  the  quadratic  Zeeman  effect  on  nondegenerate  po  donor 
states  in  Si.  The  energy  shift  of  the  p0  states  increases  with  the  increase  of  the  principal  quantum 
number  n  as  n2(n2-l)B2  dependence  on  magnetic  field  [7].  For  this  reason  in  the  case  of  4H-SiC, 
there  is  strong  evidence  that  the  lines  at  367.9,  397.3  and  337.5  cm'1  are  related  to  transitions  from 
the  ground  states  to  lower  excited  states  of  the  shallow  nitrogen  donor,  while  the  transitions  at  450.8 
and  453.7  cm 1  are  associated  with  higher  excited  states  of  the  shallow  nitrogen  donor. 

Summary 

PTIS  measurements  of  a  free  standing  4H-SiC  epitaxial  layer  reveal  five  well  resolved  electronic 
transition  lines  associated  with  the  shallow  nitrogen  donor.  The  ionization  energy  of  the  shallow 
nitrogen  donor  is  concluded  to  be  60.2  ±0.5  meV.  PTI  magnetospectroscopy  measurements  show 
no  linear  Zeeman  splitting  only  diamagnetic  shift  of  electronic  transitions.  It  is  consistent  with  the 
fact  that  the  effective  mass  tensor  of  4H-SiC  has  three  different  diagonal  components. 

Acknowledgments:  We  are  indebted  to  R.  Rupp  and  A.  Wiedenhofer  in  the  Siemens  Research 
Laboratory  in  Erlangen  for  supplying  samples.  C.  Q.  Chen  acknowledges  financial  support  by  the 
Volkswagen  Stiftung.  This  work  was  supported  by  TMR  Programme  under  contract  n° 
ERBFMGECT950077  and  DFG  Sonderforschungsbereich  292. 

References 

[1]  W.  Gotz,  A.  Schoner,  G.  Pensl,  W.  Suttrop,  W.  J.  Choyke,  R.  Stein,  and  S.  Leibenzeder,  J.  Appl 
Phys.  73,  (  1993  ),  p.3332. 

[2]  S.  M.  Kogan  and  T.  M.  Lifshits,  Phys.  Stat.  Sol.  (a)  39,  (  1977  ),  p.ll. 

[3]  G.  E.  Stillman,  C.  M.  Wolfe,  and  J.  O.  Dimmock,  in  R.  K.  Willardson  and  A.  C.  Beer  (  Eds.  ), 
Semiconductors  and  Semimetals,  Vol.  12,  Academic  Press,  New  York,  (  1977  ),  p.  169. 

[4]  D.  R.  Bosomworth,  R.  S.  Crandall  and  R.  E.  Enstrom,  Phys.  Lett.  28A,  (  1968  ),  p.320. 

[5]  G.  Bambakidis  and  G.  J.  Brown,  Phys.  Rev.  B  33,  (  1986  ),  p.8180. 

[6]  F.  Engelbrecht,  S.  Huant,  and  R.  Helbig,  Phys.  Rev.  B  52,  (  1995  ),  p.  11008. 

[7]  S.  Zwerdling,  K.  J.  Button,  and  B.  Lax,  Phys.  Rev.  1 18,  (1960),  p.975. 


Materials  Science  Forum  Vols.  338-342  (2000)  pp.  615-618 
©  2000  Trans  Tech  Publications,  Switzerland 


Characterization  of  Silicon  Carbide  using  Raman  Spectroscopy 

J.C.  Burton1,  F.H.  Long1,  Y.  Khlebnikov2, 1.  Khlebnikov2,  M.  Parker2 

and  T.S.  Sudarshan2 

1  Department  of  Chemistry,  Rutgers  University,  610  Taylor  Road, 
Piscataway,  NJ  08854-8087,  USA 

2  Department  of  Electrical  and  Computer  Engineering,  University  of  South  Carolina, 

Columbia,  SC  29208,  USA 

Keywords:  Electronic  Raman  Scattering,  Lateral  Epitaxial  Overgrowth,  Nitrogen  Doping 


Abstract 

Electronic  Raman  scattering  from  nitrogen  defect  levels  in  4H-SiC  and  6H-SiC  has  been 
seen  to  be  significantly  enhanced  with  excitation  by  red  (633  nm,  1.98  eV)  or  near  infrared  (785 
nm,  1.58  eV)  laser  light  at  room  temperature.  Peaks  observed  in  the  spectra  of  4H-SiC  are  seen  to 
shift  to  lower  frequency  with  increasing  nominal  doping  concentration.  We  have  used  confocal 
Raman  microscopy  to  investigate  Lateral  Epitaxial  Overgrowth  (LEO)  of  SiC.  Epitaxial 
overgrowth  on  a  4H-SiC  substrate  covered  with  a  graphite  mask  with  circular  holes  of  70  p.m  has 
been  observed  to  produce  hexagonal  and  misshapen  hexagonal  mesa  island  structures  with  some 
mixed  polytype  structure,  especially  at  the  edges. 

Electronic  Raman  Scattering  from  Nitrogen  Defect  Levels 

Electronic  Raman  scattering  from  nitrogen  defect  levels  in  SiC  has  been  seen  to  be 
significantly  enhanced  with  excitation  by  red  (633  nm,  1.98  eV)  or  near  IR  (785  nm,  1.58  eV) 
laser  light  at  room  temperature.  [1] 

Four  additional  peaks,  which  we  'g 
attribute  to  nitrogen,  are  observed  in  ►§ 

6H-SiC  (at  shifts  of  380,  430,  510,  and 
638  cm'1)  and  three  peaks  in  4H-SiC  (at  & 

400,  530,  and  570  cm'1).  The  origin  of  ^ 
the  resonant  enhancement  is  the  near  IR  ^ 
absorption  band  associated  with  the  ^ 
green  color  characteristic  of  rc-type  SiC.  g 
Fig.  1,  at  right,  shows  three  room  ^ 
temperature  Raman  spectra  from  a 
single  4H-SiC  sample,  using  three  -s 
different  laser  wavelengths.  Additional 
peaks,  labeled  Na,  Nb  and  Nc  in  the  inset, 
appear  as  the  excitation  is  moved  to  the 
red  and  IR.  The  data  shown  in  Fig  1  has 
been  normalized  to  the  peak  at  111  cm'1.  Fig- 1  •  Wavelength  dependence  of  4H-SiC  Raman  spectrum. 
This  effect  is  also  apparent  at  low  temperature.  Similar  modes  have  long  been  observed  in  6H-SiC 
using  green  laser  light  at  77  K.  [2]  These  modes  are  also  enhanced  using  red  or  infrared  laser  light. 
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There  is,  however,  an  interesting  effect  observed  in  the  spectrum  of  4H-SiC,  which  also 


Fig.  2.  Change  in  4H-SiC  Raman  spectrum 
with  nitrogen  concentration. 


exhibits  a  shift  in  these  resonantly 
enhanced  modes  at  room  temperature, 
This  shift  is  not  seen  in  the  6H-SiC 
polytype.  These  modes  in  4H-SiC  are 
seen  to  increase  in  intensity  and  shift  to 
lower  frequency  as  the  nominal  doping 
concentration  is  increased,  as  can  be 
seen  in  Fig.  2,  at  left.  The  mode 
labeled  Nb  shifts  by  about  10-11  cm"1 
at  room  temperature  using  785  nm 
(1.58  eV)  excitation.  The  spectra  are 
organized  in  order  of  nominal  doping 
concentration,  from  semi-insulating  and 
2.1  x  1018  cm'3  at  the  bottom,  to  7.1  x 
1018  cm"3  at  the  top.  As  with  Fig.  1,  the 
spectra  are  normalized  to  the  peak  at 
111  cm'1.  A  similar  effect  with 
enhanced  peaks  is  also  seen  at  95  K. 


This  shift  in  the  electronic  Raman  spectrum  with  increasing  nitrogen  concentration  may  be  due  to 


clustering  effects. 


We  have  also  observed  differences  in  the  spectra  of  6H-SiC  samples  grown  by  different 
methods.  Using  laser  excitation  at  647  nm  (1.98  eV),  and  a  cryostat  cooled  to  95  K  with  liquid 
nitrogen,  spectra  were  taken  of  6H-SiC  wafers  and  a  6H-SiC  platelet  grown  by  the  Lely  process. 
The  resonant  peaks  in  the  spectrum  of 
the  platelet  are  more  intense  than  those  /g 
in  the  spectra  of  the  ‘state  of  the  art’  j3 
wafers.  All  the  other  peaks  are  of  ^ 
comparable  intensities.  On  closer  g 
examination,  it  is  also  clear  that  there  £ 
are  additional  peaks  in  the  spectrum  of 
the  Lely  grown  platelet.  Additional  |T 
structure  is  visible  in  the  spectrum  of  S 
the  platelet  at  frequencies  both  higher  ~ 
and  lower  than  the  main  peaks,  which  > 
are  at  about  488  cm"1  and  506  cm"1.  % 

This  is  illustrated  by  Fig.  3,  right.  The  ^ 
extra  peaks  may  be  due  to  local  modes 

of  the  nitrogen  atom,  but  the  l 

differences  may  be  due  to  a  variety  of  Raman  Shift  (cm  ) 

factors.  The  mechanisms  of  growth  Fig.  3.  Comparison  of  Raman  spectra  of  Lely  grown 
and  of  the  incorporation  of  dopants  platelet  and  state  of  the  art  wafer, 

into  the  crystal  lattice  have  a  large  influence  in  the  properties  of  the  sample.  Work  to  further 
understand  these  effects  is  ongoing. 
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Investigation  of  Lateral  Epitaxial  Overgrowth  of  SiC  by  Raman  Microscopy 

We  have  very  recently  begun  a  study  of  Lateral  Epitaxial  Overgrowth  (LEO)  of  SiC  using 
confocal  Raman  microscopy.  To  the  best  of  our  knowledge,  this  is  the  first  report  of  Raman 

spectra  of  LEO  SiC.  The  sample  under 
investigation  consisted  of  a  substrate  of 
4H-SiC,  which  was  overlaid  with  a 
graphite  mask.  The  mask  was  2 
microns  thick  and  had  an  array  of 
circular  openings  of  diameter  70 
microns.  On  this  substrate,  SiC  was 
grown  by  physical  vapor  transport.  We 
have  observed  that  the  circular 
openings  allow  growth  of  mesa  island 
structures  that  are  predominantly 
hexagonal,  although  some  of  them  are 
misshapen.  A  picture  of  these 
structures  taken  through  a  5x- 
microscope  objective  is  shown  in  Fig. 
4,  left.  At  the  stage  of  growth  of  this 
sample,  it  is  found  that  there  is  no 
evidence  of  SiC  growth  in  the  open  areas  of  mask  between  the  mesa  structures,  but  there  is  a  trace 
of  SiC  just  off  the  edge  of  the  structure. 

The  Raman  spectrum  at  the  surface  of  the  center  of  most  of  the  mesa  structures  is  that  of 
4H~SiC.  It  has  long  been  known  that  the  Raman  spectrum  of  SiC  is  polytype  dependent,  making 
Raman  especially  useful  for  polytype  identification.  [4]  Using  the  confocal  Raman  microscope,  a 
depth  profile  was  measured  down  to  8 
microns  beneath  the  surface,  in  steps  of 
1  micron  each.  This  showed  that  the 
polytype  at  this  particular  center  was  5 
consistently  4H-,  but  that  the  doping  g* 
level  changed  with  depth.  Fig.  5,  right, 
shows  the  spectrum  at  the  surface  <j 
compared  with  the  spectrum  at  8  ^ 
microns  below  the  surface.  The  shape  | 
and  position  of  the  Ai(LO)  phonon  is  g 
sensitive  to  the  doping  concentration,  « 
which  we  have  previously  used  to  ]g 
spatially  map  the  doing  concentration  in  g 
SiC  wafers. [5]  At  the  surface  the  peak 
is  at  a  Raman  shift  of  965  cm"1  and  at  8 
microns  below  that  the  shift  is  970  cm"1 
(with  a  broader  peak)  which,  while  it 
does  not  indicate  a  high  doping 
concentration,  is  a  significantly  higher 
doping  level  than  at  the  surface.  Investigation  of  a  wide  range  of  mesa  structures  reveals  that 
some  do  not  exhibit  a  similar  change  in  the  doping  concentration,  though  most  are  consistently 
4H-SiC  at  all  depths. 


Fig.  5.  Comparison  of  surface  and  8  micron  deep  Raman 
spectra  at  center  of  mesa  structure. 


Fig.  4.  LIT)  SC  hexagonal  mesa  structures. 
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A  series  of  surface  micro-Raman  spectra  taken  from  the  center  toward  the  edge  of  the 
structure  reveal  that  the  polytype  gradually  changes  from  the  single  4H-  at  the  center  to  the 
mixture  at  the  edge.  At  the  edge  of  the  mesa  structure,  a  peak  is  observed  in  the  Raman  spectrum 
of  4H-SiC  at  788  cm'1.  There  is  no  Raman  allowed  phonon  peak  at  788  cm'1  for  4H-SiC. 


Surface 
Depth  8  p 


III 


However,  this  is  the  position  of  an  E2 
symmetry  mode  for  6H-SiC. 
Furthermore,  the  relative  intensity  of 
other  4H-  Raman  peaks  is  distorted  from 
expected  values.  We  have  therefore 
concluded  that  the  edges  of  the  SiC  mesa 
are  of  mixed  polytype.  Fig.  6,  left, 
shows  a  comparison  of  two  spectra  taken 
at  the  edge  of  the  mesa  structure.  These 
spectra  both  show  a  mixture  of 
polytypes,  with  peaks  due  to  4H-  and 
6H-SiC  both  visible.  There  is  a  clear 
difference  between  the  surface  spectrum 
and  the  one  at  8  microns  below  the 
surface.  The  mixture  shows  more  6H- 
polytype  character  as  the  depth  increases. 
There  does  not  appear  to  be  any 
significant  change  in  the  doping 
concentration  with  depth  at  the  edge  of  the  structure.  In  other  mesas,  a  clear  progression  can 
sometimes  be  seen  from  a  pure  4H-SiC  spectrum  in  the  center,  through  the  mixed  spectrum,  to  a 
pure  6H-SiC  spectrum  at  the  edge,  not  just  the  change  of  polytype  with  depth  at  the  edge.  A  few 
isolated  mesa  structures  are  found  to  consist  of  predominantly  6H-SiC  at  the  edge  and  center.  A 
systematic  study  will  be  undertaken  in  order  to  investigate  the  findings  reported  here,  and  explain 
the  effects  that  have  been  observed.  Further  investigation  of  these  materials  is  ongoing. 


200  400  600  800  1000 

Raman  Shift  (cm'1) 

Fig.  6.  Comparison  of  surface  and  8  micron  deep  Raman 
spectra  at  edge  of  mesa  structure. 
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Abstract.  From  a  systematic  study  of  highly  doped  n-type  4H-SiC  epilayers  we  observe  a 
photoluminescence  spectrum,  which  was  previously  associated  with  the  recombination  of  a 
bound  exciton  at  the  neutral  boron  acceptor.  Electrical  measurements  performed  on  these  layers 
show  clearly  n-type  conductivity.  It  was  feasible  to  dope  and  measure  reproducibly  the  layers 
from  low  1017  to  mid  1018  cm*3.  It  was  not  possible  to  determine  the  doping  from  Capacitance 
Voltage  measurements  for  the  samples  grown  with  the  highest  doping  (>6T018  cm*3).  However 
Secondary  Ion  Mass  spectrometry  did  not  reveal  any  boron  impurities  in  the  layers  and  shows 
good  agreement  with  electrical  measurements  regarding  the  nitrogen  concentration. 

Introduction. 

Whereas  the  electronic  structure  of  intrinsic  SiC  is  fairly  well  established  theoretically,  and  to  a 
certain  extend  also  experimentally,  there  is  very  little  known  about  the  band  structure  in  highly 
doped  SiC.  The  change  of  the  electronic  properties  of  heavily  doped  SiC  is  of  practical  as  well 
as  basic  interests.  Contact  layers  for  devices  usually  require  highly  doped  layers.  The  effect  of 
heavy  doping  on  the  electronic  properties  of  a  semiconductor  can  be  described  in  terms  of  a 
reduction  of  the  band  gap  and  has  been  studied  experimentally  and  theoretically  in  various 
semiconductors  [1-3].  In  SiC  for  our  knowledge  no  experimental  work  has  been  done  until  now 
and  only  very  recently  theoretical  calculations  have  been  performed  [4].  An  estimation  of  the 
critical  Mott  concentration  for  the  metal/non-metal  transition  has  been  achieved  which  shows  a 
value  of  about  5.6- 1018  cm*3  for  n-type  4H-SiC  [5] 

We  present  here  results  of  a  systematic  study  of  highly  doped  n-type  4H-SiC  epilayers  and 
compare  the  data  obtained  from  various  experimental  characterization  techniques  such  as 
photoluminescence  (PL),  electrical  measurements  and  secondary  ion  mass  spectrometry  (SIMS). 

Experimental. 

The  studied  layers  were  grown  in  a  hot-wall  chemical  vapor  deposition  (CVD)  reactor  [6]  with  a 
SiC  coated  susceptor  on  4H-SiC  n-type  (1.2*  1018  cm*3)  substrates  with  a  8°  miscut  from  the  c- 
axis.  The  thickness  of  these  layers  was  typically  5-6  pm.  The  high  n-type  doping  was  achieved 
by  additions  of  N2. 

Schottky  contacts  (1.2  mm  diameter)  were  fabricated  by  evaporating  Ni  on  the  epitaxial  layer.  A 
nickel-gold  alloy  was  used  on  the  opposite  side  of  the  sample  (substrate)  to  produce  an  ohmic 
contact.  The  net  carrier  concentration  of  the  layers  was  determined  by  capacitance-voltage  (CV) 
using  a  HP4284  LCR  meter  operating  at  a  frequency  of  1  MHz. 

The  profile  of  the  N  doped  layers  was  obtained  by  SIMS  measurements  with  a  Camera  IMS  4f 
microanalyser.  Possible  contamination  of  the  layers  by  Boron  and  Aluminum  was  also 
investigated. 
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Low  temperature  photoluminescence  (LTPL)  experiments  were  performed  in  a  bath  cryostat 
with  liquid  helium  pumped  below  the  lambda  point  (T=2K).  The  244  nm  line  of  a  FreD  laser 
(double  frequency  of  the  488  nm  of  an  Ar+  ion  laser)  was  used  as  the  excitation  source.  The 
luminescence  was  dispersed  by  a  single  monochromator  (JY  HR460)  fitted  with  one  1200 
groves/mm  grating  blazed  at  330  nm  and  detected  by  a  UV  sensitive  CCD  camera.  The  usual 
geometry  used  to  record  the  PL  spectra  is  very  close  to  the  so-called  back-scattering  geometry. 


Results. 

By  addition  of  N2  flow  to  the  carrier  and  precursor  gases  during  the  growth  high  n-type  doping 
has  been  achieved  and  all  layers  were  showing  n-type  conductivity.  It  was  feasible  to  dope  and 
measure  reproducibly  the  layers  from  low  l(r7  to  mid  1018  cm'3  range  with  CV  measurements 

(crosses  in  Fig.l).  However  it  was  not 
^20  possible  to  determine  the  doping  from 

10  |  '  . 1  1—7  . . 1  .  the  CV  measurements  for  the  samples 

grown  with  the  highest  doping  (> 
6- 1018  cm'3).  No  Schottky  behavior  was 
^  1019  -  ••  observed  and  only  Ohmic  contact  was 

#  •  x  obtained. 

^  «  X  X  SIMS  analyses  were  performed  on  the 

^  jo18  -  highest  doped  layers.  As  can  be  seen  in 

I  Fig.2  no  impurities  were  detected  in  the 

xx  x  x  cv  layer  whereas  boron  has  a 

‘  ^  •  SIMS  concentration  around  41016  cm'3  in  the 

1017  . . — 1,11 11,11 — 1111 substrate.  We  would  like  to  point  out 

0,1  1  10  100  here  that  the  background  level  to  detect 

N  flow  (ml/min)  N  Md  B  impurities  is  about  2-1016  and 

2-1014  cm'3,  respectively.  The  profile 
Fig.l:  Nitrogen  doping  concentration  as  measured  for  both  the  nitrogen  and  the  boron 
with  CV  (crosses)  and  SIMS  (closed  circles)  as  the  allowed  determining  the  thickness  of 
function  of  the  N2  flow  used  during  growth.  the  layer  with  a  good  agreement  with 

estimation  from  the  growth  parameters. 
21  shows  typical  PL  spectra 

^  I'  “  ‘  . . 1 . 1  .........  1  recorded  on  various  samples.  The 

J  1020  r  substrate  used  in  this  study  was  a 

o  1019  l  relatively  low-doped  substrate  (1.2-1018 

<  !  1  cm'3)  and  its  LTPL  spectrum  shows 

g  1018  r  ^  onty  nitrogen  bound-exciton  (N-BE) 

‘3  17  ■  — uN  with  very  weak  feature  for  the 

g  1  I  . „  u  shallowest  donor  (P0  and  its  phonon 

|  1016  r  j  replica). 

£  15  :  j  As  can  be  seen  in  Fig. 3. a,  a  slight 

§  10  f  j  broadening  of  the  Q0  N-BE  no-phonon 

£  1014  line  was  observed.  Without  addition  of 

0  1  2  3  4  5  6  N2  flow  only  N-BE  lines  are  observed 

Depth  [pm]  together  with  the  free-exciton  (FE) 

phonon  replica  lines  such  as  I76 

Fig.2  :  SIMS  profile  of  N  and  B  impurities  in  a  (Fig-3-b). 
heavily  doped  (n=l  .2- 1019  cm*3)  layer. 


Fig.l:  Nitrogen  doping  concentration  as  measured 
with  CV  (crosses)  and  SIMS  (closed  circles)  as  the 
function  of  the  N2  flow  used  during  growth. 
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Photon  Wavelength  (A) 

Fig.3:  PL  spectra  recorded  at  2K  for  a)  the  1.2-1018  cm'3  doped  substrate,  b)  undoped  layer 
(doping  about  1.M015  cm*3  )  and  doped  layers  with  increasing  N2  flow  of  c)  2.5  ml/min,  d)  5 
ml/min,  e)  8ml/min,  f)  12  ml/min,  g)  20  ml/min  and  h)  200  ml/min.  Note  that  the  CVD  growth 
parameters  (such  as  persursors  flows)  were  different  for  both  the  undoped  sample  b)  and  the 
highest  doped  sample  h). 


Photon  Wavelength  (A) 

Fig.4:  LTPL  spectrum  at  2K  of  a  heavily  doped 
(1.2*1019cm*3)  layer. 


The  relative  intensity  of  the  Qo  N-BE 
line  and  the  FE  I76  line  allowed  the 
estimation  of  the  doping  concentration 
[7]  to  about  1.11015  cm*3  with  good 
agreement  with  the  CV  result.  With 
very  small  N2  flow  the  N-BE  Qo  line  is 
broadened  (Fig.3.c).  With  further 
increase  of  the  N2  flow  a  broad  band 
(BB)  is  observed,  first  as  a  shoulder  of 
the  Qo  N-BE  line  (Fig.3. c  and  d)  and 
after  that  as  the  only  luminescence 
observed  in  the  spectra  (Fig.3. d-h).  Its 
phonon  replicas  (Fig.4)  accompany  the 
BB  band  with  momentum  phonons 
energy  of  about  50,  76,  96  and  106 
meV.  The  energy  position  of  the  BB 
band  shifts  towards  lower  energy  when 
the  N2  flow  increases. 


Discussion. 

Recently  a  peak  near  3838  A  appearing  in  the  low  temperature  photoluminescence  (LTPL) 
spectra  of  4H-SiC  has  been  associated  with  the  recombination  of  a  bound  exciton  at  the  neutral 
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shallow  boron  acceptor  [8].  This  bound  exciton  could  appear  as  a  sharp  peak  but  also  as  a  quite 
broad  band  The  intensity  of  the  broad  band  was  increased  with  added  boron  during  growth  and 
also  with  increasing  C/Si.  A  large  variation  in  the  width  suggested  that  this  complex  is  very 
sensitive  to  environmental  conditions  as  local  strains  and  to  growth  conditions.  No  shift  in 
energy  position  of  this  broad  band  was  mentioned. 

However,  we  did  observe  this  broad  band  BB  also  on  highly  n-type  doped  substrates  [9].  For  n- 
type  bulk  material  with  doping  concentration  below  2-1018  cm'3,  N-BE  related  lines  were 
observed  whereas  highly  doped  substrates  showed  a  broad  band  related  spectrum  for  which  the 
peak  position  could  change  from  sample  to  sample  and  from  spot  to  spot  on  the  same  wafer.  The 
fact  that  this  LTPL  spectrum  resembled  the  previously  reported  broad  spectrum  of  the  shallow 
boron  acceptor  influenced  us  to  tentatively  propose  a  hopping  mechanism  for  the  exciton  bound 
to  the  N  atoms  in  heavily  doped  samples,  which  will  quench  the  recombination  at  the  N-neutral 
centers  and  favors  recombination  of  excitons  at  non-radiative  center  or  boron  related  centers. 
Moreover,  we  also  mentioned  that  this  substrate  luminescence  could  easily  be  observed  when 
the  epitaxial  layer  was  of  high  quality  and  low  doped  even  when  using  the  244  nm  line  as 
excitation  for  luminescence  from  relatively  thick  layers  [9]. 

The  work  presented  in  this  paper  clearly  shows  that  the  broad  band  is  due  to  the  heavy  nitrogen 
doping  itself.  The  observed  luminescence  in  the  case  of  highly  doped  layer  is  expected  to  come 
only  from  the  layer  without  contribution  of  substrate  luminescence.  The  penetration  depth  of  the 
excitation  line  (244  nm)  is  less  than  the  microns  [10]  and  due  to  the  high  doping  of  the  layer 
exciton  diffusion  to  the  substrate  is  not  expected  to  occur.  The  B  concentration  is  below  the 
SIMS  detection  limit  in  our  layers  and  rules  out  the  possibility  to  associate  the  BB  with  B-BE. 

A  shift  of  20  meV  is  observed  when  the  doping  is  increased  from  3- 1018  cm'3  to  a  few  1019  cm'3. 
These  results  should  be  compared  with  recently  published  calculation  of  band  gap  narrowing  in 
SiC  [4].  The  energy  position  of  the  BB  could  be  used  for  a  calibration  to  obtain  the  N 
concentration  in  heavily  doped  n-type  4H-SiC. 
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Abstract.  6H-SiC  was  enriched  with  13C  during  the  sublimation  growth  in  a  modified  Lely  furnace. 
The  samples  were  investigated  by  low  temperature  photoluminescence  (LTPL).  We  report  on  an 
isotopic  effect  on  the  optical  momentum-conserving  phonon  lines  of  the  exciton  recombination  as 
well  as  on  the  zero  phonon  exciton  recombination  lines. 

Introduction 

Atomic  masses  strongly  influence  the  electronic  and  vibrational  properties  of  semiconductors  and, 
therefore,  are  a  subject  of  current  investigations  for  different  semiconductor  materials.  Most  papers 
are  dealing  with  elemental  semiconductors,  like  germanium  (Ge)  and  diamond  [1,  2].  The 
semiconductor  with  the  largest  mass  spread  is  Ge  [70Ge,  73 Ge,  74Ge,  76Ge].  Investigations  of 
compound  semiconductors  especially  of  SiC  were  given  by  Widulle  et  al.  [3].  In  [3],  the  isotope 
composition  in  SiC  was  modified  between  natural  Si  (92.2%  28Si-atoms)  and  30Si,  in  contrast  we 
used  substituted  12C  by  I3C.  The  isotope  13C  in  favor  of  30Si  was  chosen  because  of  the  higher 
relative  mass  difference. 

In  this  investigation,  we  have  measured  the  photoluminescence  emission  spectrum  of  6H-SiC  at 
low  temperature  (1.9  K).  SiC  is  an  indirect  semiconductor  and  the  emission  spectrum  involves 
different  electronic  and  vibronic  processes  and  shows  the  influence  of  the  isotopic  composition  on 
the  different  recombination  processes. 

Experimental 

The  investigated  6H-SiC  samples  are  nitrogen  doped.  They  have  been  grown  by  the  modified  Lely 
method  [4]  using  13C  powder  and  natural  silicon  powder  («28Si)  in  a  graphite  crucible.  As  a 
reference,  a  6H-SiC  boule  has  been  grown  under  identical  conditions,  however,  using  12C  instead  of 
13C.  The  ratio  of  13C  to  12C  in  the  samples  was  analyzed  with  secondary  ion  mass  spectrometry 
(SIMS)  in  a  ATOMIKA  A-DIDA  3000-30  system  (12  keV  02+  beam). 

For  LTPL  the  SiC  samples  were  immersed  in  superfluid  helium  in  a  bath  cryostat  at  a 
temperature  of  1.9  K.  The  excitation  was  done  by  a  He-Cd  laser  at  a  wavelength  of  325  nm  and  a 
power  of  40  mW  in  back  scattering  geometry.  To  avoid  the  detection  of  plasma  emission  lines  of 
the  laser  and  to  suppress  the  scattered  UV  light,  two  filters  (Schott:  UG1 1  and  GG13)  were  used.  A 
Czemy-Tumer-monochromator  (Spex  1700-III)  with  1200/mm  grating  blazed  at  5000  A  and  slit 
widths  of  50  pm  and  25  pm  gives  a  resolution  of  the  photoluminescence  light  of  0.27  meV  and 
0.14  meV,  respectively.  A  S20  photomultiplier  tube  operating  in  a  photon-counting  mode  was  used 
as  detector. 

Results 

SIMS  measurements  have  shown  that  the  ratio  of  13C  to  12C  is  about  0.77±0.18  in  sample  SN46. 
The  ratio  of  12C  to  13C  in  sample  SN52  (~  0.43)  is  discussed  elsewhere  in  this  journal  by  S. 
Rohmfeld  et  al.  by  means  of  Raman  measurements  [5]. 
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Fig.  1:  Nitrogen-related  LTPL  spectra  of  6H-SiC  samples:  (a)  reference  sample  (12C,  monochromator  slit 
width  50  pm),  (b)  sample  SN52  (13C,  slit  width  50  pm),  (c)  sample  SN46  (13C,  slit  width  50  pm),  (d) 
sample  SN46  (13C,  slit  width  25  pm). 


The  LTPL  spectra  of  nitrogen  related 
zero  phonon  lines  and  their  momentum 
conserving  phonon  lines  as  well  as  the 
titanium  related  zero  phonon  lines  and 
their  localized  modes  lines  are  shown  in 
Fig.  1  and  Fig.  2,  respectively.  To 
eliminate  an  absolute  shift  of  the  spectra 
due  to  the  experimental  setup,  a 
reference  spectrum  of  sample  SN45 
grown  with  12C  has  always  been 
recorded  (see  Figs,  la)  and  2a)).  The 
LTPL  spectra  of  sample  SN52  are 
shown  in  Figs,  lb)  and  2b)  and  of 


2.85  Energy  (eV)  ^ 


4300  4350  4400  4450  4500 

Wavelength  (A) 


sample  SN46  in  Figs,  lc)  and  2c)  taken  Fig  2:  Titanium-related  LTPL  spectra  of  6H-SiC  samples:  (a) 
with  a  monochromator  slit  width  of  reference  sample  (12C,  monochromator  slit  width  50  pm),  (b) 
50  pm.  To  obtain  a  better  resolution  of  sample  SN52  (13C,  slit  width  50  pm),  (c)  sample  SN46  (13C,  slit 
the  spectra  (however  with  loss  of  width  50  pm),  (d)  sample  SN46  (13C,  slit  width  25  pm), 
intensity),  we  used  a  25  pm  slit  width  to 


measure  sample  SN46  (see  Figs.  I  d)  and  2d)). 

The  spectra  show  that  the  shift  of  the  nitrogen  related  zero  phonon  LTPL  lines  relative  to  the 
reference  sample  in  SN46  (~1.5  meV)  is  larger  than  in  SN52  (-1.1  meV)  (Tab.  1).  The  optical 


Materials  Science  Forum  Vois.  338-342 


625 


Tab.  1:  Energies  of  zero-phonon  lines  and  phonon-replica  obtained  from  the  LTPL  data  of  Fig.  1  and  Fig. 
2. 


momentum-conserving  phonon  energies 


acoustic  phonons  (meV* 


P36  * 

35.9 

36.0 

35.9 

35.9 

P46 

45.7 

45.6 

45.7 

45.6 

P53 

52.9 

53.0 

53.2 

52.7 

P77 

76.0 

76.4 

76.1 

76.0 

-optical  phonons  (meV) 

The  ratio  of  the  phonon  energies  of  the  13C  enriched  to  the  12C  reference  sample  are  given  in  brackets  (% 


x  11c  iauu  vii  111 

P95 

93.5 

92.2  (98.6) 

92.0  (98.4) 

92.0  (98.4) 

P96 

94.4 

P 104 

103.6 

102.6  (99.0) 

101.7  (98.1) 

101.5(98.0) 

P 107 

106.3 

105.9  (99.6) 

105.2  (99.0) 

105.3  (99.1) 

RS95/96 

95.0 

94.0  (99.0) 

93.5  (98.4) 

92.6  (97.5) 

RS 104/107 

104.4 

105.1  (100.7) 

102.6  (98.3) 

103.3  (98.9) 

A90 

89.8 

87.2  (97.1) 

89.4  (99.6) 

87.0  (96.9) 

89.2  (99.3) 

87.4  (97.3) 

89.4  (99.6) 

*  AE=  zero-phonon  line  ofI3C  enriched  sample  minus  zero-phonon  line  of  reference  (e.g.  SN45) 


phonons  also  show  a  greater  shift;  whereas  the  acoustic  phonons  show  no  shift.  The  Ti-related  shifts 
of  the  zero  phonon  lines  are  less  than  0.7  meV . 


Discussion  and  Conclusion 

As  shown  in  Tab.  1,  we  have  to  discuss  different  radiative  recombination  processes  and  their 
observed  isotopic  shifts. 

Recombination  of  bound  excitons  without  phonon  emission  (P0~,  Ro~,  S0-lines): 

These  emission  lines  were  identified  as  radiative  recombination  of  excitons  bound  to  neutral 
nitrogen  donors  at  different  lattice  sites  [6].  If  we  neglect  the  dependence  of  the  binding  energy  of 
excitons  to  a  neutral  impurity  on  the  isotope  masses,  then  the  isotopic  shift  of  the  Po-,  Ro-,  S0-lines 
is  determined  by  the  shift  of  the  energy  gap  due  to  isotopic  composition. 

At  a  first  glance,  increasing  masses  vibrate  with  smaller  amplitudes  and  the  anharmonic 
contribution  to  the  lattice  free  energy  leads  to  a  smaller  lattice  constant  manifested  in  a  larger  band 
gap,  as  was  observed  by  the  shift  of  these  recombination  lines  by  hydrostatic  pressure  [7] . 

From  first  principles,  the  anharmonic  terms  are  only  one  contribution  to  the  isotopic  shift  of  the 
band  gap.  The  main  part  of  the  isotopic  shift  of  the  band  gap  is  due  to  the  renormalization  of  the 
electron  phonon  interaction  [1,2]  and  is  not  yet  discussed  in  detail  for  a  compound  semiconductor. 
We  like  to  point  out  that  the  shift  of  the  P0-,  Ro-,  S0-lines  is  proportional  to  a  factor  of  0.9996  as  we 
go  from  l2C  to  13C.  This  gives  a  hint  to  the  expected  dependence  on  the  mass  ratio 

fSiuC  /  SiuC  «0.988  for  a  100%  13C  substitution,  if  the  motion  of  SiC-molecules  in  the  different 
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sublattices  is  dominating  the  electron  phonon  interaction.  If  we  take  into  account  that  our  13C/12C 
substitution  is  about  77%,  a  satisfactory  agreement  with  the  experimental  data  is  reached. 
Additionally  we  should  mention  that  sample  SN46  and  sample  SN52  have  slightly  different  13C/12C 
ratios  [5]  because  of  their  different  shift  of  lines. 

Emission  lines  due  to  internal  electronic  transitions  at  an  impurity  (e.g.  Ao-line): 

The  A0  emission  line  was  identified -as  an  internal  electronic  transition  at  a  Ti  impurity  [8];  the 
influence  of  the  masses  of  the  host  crystal  on  the  energy  of  this  transition  is  expected  to  be  very 
small,  whereas  a  small  isotope  shift  on  the  energy  of  the  localized  vibrational  modes  for  this 
transition  should  exist  (e.g.  spliting  of  the  A90  line).  Both  observations  are  firmed  in  Fig.  2  and 
Tab.  1. 

Emission  lines  due  to  phonon  replica  of  radiative  recombination  of  bound  excitons  (P36  to  Pjoj): 

The  radiative  recombination  of  bound  excitons  (e.g.  at  neutral  nitrogen  donors,  P0,  R0,  S0-lines) 
under  emission  of  phonons  ("little  explosions")  is  a  common  recombination  process  in  polar 
semiconductors.  Since  6H-SiC  is  a  indirect  semiconductor,  we  can  observe  the  contribution  of 
different  phonons  to  these  recombination  processes.  The  expectation  that  all  these  transitions  show 
an  isotopic  shift  is  too  simple. 

For  acoustic  phonons  with  k-vectors  near  the  L-point  of  the  Brillouin  zone,  we  observed  no 
isotopic  shift.  In  contrast  samples  enriched  with  30Si,  the  isotopic  shift  for  the  LA-  and  the  TA- 
phonons  show  a  maximum  [3],  but  in  this  case  only  the  isotopes  of  the  Si-sublattice  are  changed. 

We  have  observed  a  maximal  isotopic  shift  for  the  mass  ratio  *JSiuC  I  Sil3C  *0.988.  This 
experimental  result  has  to  be  analyzed  in  detail  by  the  corresponding  phonon  eigenvectors  at  the  L- 
point  of  the  Brillouin  zone. 

Summary 

We  have  shown  that  the  influence  of  the  isotopic  composition  of  an  indirect  compQund 
semiconductor  on  the  LTPL-spectrum  includes  different  contributions  of  the  electron  phonon 
interaction.  Especially  for  SiC,  it  is  promising  to  investigate  the  LTPL-spectra  of  samples  with 
different  Si-isotopes. 
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Abstract:  We  have  developed  a  novel  system  to  obtain  a  photoluminescence  (PL)  image 
with  a  resolution  in  a  range  of  sub- /mi  at  15  K.  At  a  line-shaped  surface  defect  in  a  4H-SiC 
homoepitaxial  layer,  a  PL  image  of  an  emission  ascribed  to  excitons  bound  to  neutral  nitrogen 
atoms  showed  a  dark  line,  indicating  that  a  non-radiative  recombination  dominates  the  excitonic 
emission  at  the  surface  defect.  The  spatial  distribution  of  cubic  and  hexagonal  phases  of  GaN 
grown  on  sapphire  by  MBE  was  discriminated  with  a  resolution  of  0.4  /mi.  The  microscopic  PL 
imaging  is  promising  for  characterization  of  distributions  of  polytypism,  defects,  and  impurities 
in  sub-/tm  scale  for  SiC  and  GaN. 

Introduction 

Many  efforts  have  been  made  to  obtain  a  photoluminescence  (PL)  image  of  a  semiconductor 
with  a  resolution  around  0.1  fim  by  using  a  scanning  near-field  optical  microscope  (SNOM)[l,2]. 
Because  of  the  nature  of  evanescent  light,  however,  the  PL  signal  exponentially  decreases  with 
improving  spatial  resolution  in  SNOM[2].  The  low  signal  yield  of  SNOM  limits  its  application 
to  characterization  of  very  luminescent  materials  such  as  InAs-related  quantum  dots.  On  the 
other  hand,  a  microscopic  PL  equipment  using  ordinary  optics  has  a  potential  to  obtain  a  PL 
image  with  both  a  much  higher  signal  yield  than  SNOM  and  a  spatial  resolution  in  an  order  of 
the  wavelength  of  light.  This  leads  to  a  high  throughput  and  an  improved  signal-noise  ratio. 
In  addition,  compared  to  cathode  luminescence  (CL),  the  PL  system  has  the  advantage  of 
controllability  of  both  the  energy  and  the  intensity  of  excitation  light. 

The  spatial  resolution  A,  defined  by  the  full  width  of  the  half  maximum  (FWHM)  of  the 
intensity  of  the  focused  light,  is  expressed  as  A  =  Q.b2\/NA  based  on  the  conventional  optics. 
Here,  NA  is  the  numerical  aperture  of  an  objective,  A  the  wavelength  of  light.  The  value  of  NA 
is  defined  as  NA  =  rising)  where  n  is  the  refractive  index  of  the  medium  between  an  objective 
and  a  sample,  and  < p  =  arctan(D/2F)  using  the  diameter  of  the  objective,  D ,  and  the  focal 
length,  F.  The  larger  value  of  NA  results  in  a  more  improved  spatial  resolution.  Furthermore, 
the  large  NA  improves  the  optical  outputs  of  PL  signal  in  the  form  of  NA. 

The  large  value  of  NA  coincides  with  a  small  focal  length,  resulting  in  a  small  working 
distance  between  a  sample  and  the  objective.  An  available  objective  with  a  high  NA  for  sub¬ 
orn  resolution  has  a  small  working  distance  less  than  1  mm.  While  it  is  not  difficult  to  realize 
a  spatial  resolution  of  sub- /mi  in  PL  observation  at  room  temperature,  it  has  been  difficult  to 
carry  out  PL  measurement  with  the  high  spatial  resolution  at  a  cryogenic  temperature  because 
of  difficulty  in  thermal  insulation  at  the  small  gap  (<  1  mm)  between  a  cooled  sample  and  an 
objective [3, 4].  In  this  study,  a  PL  image  with  a  resolution  of  sub-/xm  was  obtained  at  20-30  K 
in  the  newly  developed  microscopic  PL  system. 
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Cryogenic  PL  microscope  with  sub-/xm  resolution 

In  the  newly  developed  microscopic  PL  system,  both  an  objective  and  a  sample  are  equipped 
in  a  vacuum  chamber.  The  sample  holder  was  able  to  be  cooled  down  to  15  K  using  a  cryostat 
with  circulated  liquid- He  flow.  In  vacuum,  the  small  working  distance  is  enough  to  make  thermal 
insulation  between  the  sample  and  the  objective.  The  thermal  conduction  by  radiation  between 
the  objective  and  the  sample  was  estimated  to  be  much  less  than  the  cooling  capability  of  the 
cryostat  equipped  in  the  chamber.  The  excitation  light  emitted  from  He-Cd  laser  (wavelength: 
325  nm)  is  focused  on  the  sample  via  an  objective  consisting  of  quartz  with  Na  of  0.5  and 
a  working  distance  of  1  mm.  The  spatial  resolution  defined  as  A  =  0.52\/NA  is  calculated 
to  be  0.4  fjm  at  a  wavelength  of  400  nm.  The  PL  emission  from  the  sample  was  acquired  by 
the  same  objective,  and  transmitted  to  a  monochromator  via  lenses  and  an  optical  fiber.  PL 
signal  was  detected  by  a  photomultiplier  with  a  photon  counting  system.  The  sample  can  be 
two-dimensionally  scanned  by  a  piezo  actuator  with  a  spatial  resolution  of  0.1  /im  and  a  travel 
of  25  mm  for  PL  mapping. 

Influence  of  surface  defect  on  PL  in  4H-SiC  epilayer 

A  homoepitaxial  4H-SiC  layer  with  a  thickness  of  30  ptm  was  obtained  using  step-controlled 
epitaxial  growth  on  off-oriented  4H-SiC{0001}  faces  at  1500  °C  by  atmospheric  pressure  CVD 
using  a  SiH4-C3H8-H2  system[5].  The  net  donor  concentration  of  the  epilayer  was  determined 
to  be  1  x  1016  cm-3  based  on  the  capacitance- voltage  measurement.  In  the  micro-PL  system, 
PL  spectra  of  a  4H-SiC  homoepitaxial  layer  at  30  K  showed  a  main  peak  Q0  at  3.25  eV  ascribed 
to  recombination  of  excitons  bound  to  neutral  nitrogen  donors  [6]  as  shown  in  Fig.l.  In  this 
measurement,  the  intensity  of  the  laser  beam  with  a  diameter  of  ~  l^m  was  measured  to  be 
5  /iW  that  corresponds  to  an  order  of  100  W/cm2.  A  broad  peak  ascribed  to  recombination 
of  donor(N)-acceptor(B)  pairs  is  observed  in  a  range  between  2.2-2. 7  eV  [7]  as  also  shown  in 
Fig.l.  Emissions  ascribed  to  free  excitons  and  phonon  replicas  of  the  Q0  peak[8]  were  observed 
as  a  broad  emission  in  a  range  form  3.0  to  3.2  eV  in  Fig.l  owing  to  a  low  wavelength  resolution 
of  the  monochromator  with  a  widely  open  slit  to  obtain  an  intense  signal. 


PHOTON  ENERGY  (eV) 
Fig.  1:  PL  spectra  of  4H-SiC. 
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Fig.  2:  Real  image  of  line-shaped  surface  defect 


PL  images  were  obtained  at  30  K  for  an  area  including  a  line-shaped  surface  defect.  Figure  2 
shows  a  real  image  of  the  defect  observed  by  a  Nomarski  optical  microscope.  The  line  shape  is 
formed  along  the  direction  to  the  off-angle  of  the  substrate:  a  screw  dislocation  of  the  substrate 
probably  disturbs  the  step-flow  during  the  growth,  which  results  in  the  defect.  As  shown  in 
Fig.l,  the  excitonic  PL  peak  is  suppressed  in  the  case  that  the  excitation  beam  focused  on  the 
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defect.  On  the  other  hand,  the  PL  intensity  of  the  donor-acceptor  pairs  on  the  defect  almost 
equals  to  that  at  a  position  outside  the  defect.  An  image  of  the  excitonic  peak  intensity  at  3.25 
eV  shows  a  dark  line  coincident  with  the  line-shaped  defect  as  shown  in  Fig.3(a).  The  intensity 
of  dark  line  is  evaluated  to  be  70  %  of  that  outside  the  defect.  In  an  image  of  the  emission  from 
the  donor-acceptor  pairs  measured  at  2.37  eV  as  shown  in  Fig.3(b),  the  area  in  which  the  dark 
line  is  observed  in  Fig.3(a)  is  surrounded  by  a  slightly  bright  zone.  The  zone  coincident  with 
the  edge  of  the  defect  is  possibly  caused  by  a  reported  gettering  effect  in  which  an  emission 
from  donor-acceptor  pairs  was  enhanced  at  the  defect  [9].  The  inside  of  the  defect  shows  the 
almost  same  PL  intensity  as  the  outside  of  the  bright  zone.  In  other  words,  the  PL  image  at 
2.37  eV  in  Fig. 3  (b)  does  not  show  a  distinct  fluctuation  in  the  same  dynamic  range  of  the  PL 
intensity  in  Fig.  3(a)  except  the  tiny  bright  zone.  Therefore,  the  nitrogen  donors  are  uniformly 
incorporated  into  the  epilayer  independent  of  the  existence  of  the  defect.  The  dark  line  in  the 
PL  image  at  the  excitonic  peak  indicates  that  a  non-radiative  recombination  competitive  to 
the  excitonic  recombination  is  enhanced  at  the  defect  including  dislocations  and  point  defects. 


Fig.  3:  PL  image  of  4H-SiC  ascribed  to  (a)  excitons  bound  to  neural  N,  Q0, 
and  (b)  donor (N)-acceptor(B)  pairs. 

Discrimination  of  polytypism  in  GaN  epilayer 

GaN  heteroepitaxial  layers  were  grown  on  sapphire{0001}  by  MBE  using  Ga  metal  and 
nitrogen  radicals  generated  in  an  rf  plasma  (13.6  MHz,  250  W).  The  sapphire  substrate  was 
nitrided  with  an  irradiation  of  nitrogen  radicals  for  5  min  prior  to  GaN  growth.  A  buffer  layer 
consisting  of  GaN  or  AIN  was  not  grown  before  GaN  growth.  The  Ga  flux  was  changed  from 
0.8  x  10-7  to  11  x  10"7  Torr  with  a  constant  N2  supply  of  1.0  seem.  In  the  case  of  small  Ga. 
flux  less  than  3  x  10~7  Torr,  the  growth  rate  increased  with  the  Ga  flux  (Ga-supply  controlled 
region),  and  the  grown  layer  showed  smooth  surface.  In  the  case  of  Ga  flux  more  than  3  x  10~7 
Torr,  the  growth  rate  was  kept  constant  probably  limited  by  the  constant  supply  of  nitrogen 
(N-supply  controlled  region),  and  the  grown  surface  became  rough  including  Ga  droplets. 

Figure  4  shows  examples  of  PL  spectra  of  GaN  grown  at  N-supply  controlled  region.  The 
spectra  were  obtained  at  UK  with  a  He-Cd  laser  (325  nm,  1  mm  in  diameter  of  the  laser 
beam).  The  peak  at  around  3.45  eV  is  ascribed  to  an  excitonic  emission  from  hexagonal  GaN. 
The  spectra  also  include  an  excitonic  peak  of  the  cubic  phase  at  3.27  eV,  indicating  mixture  of 
cubic  and  hexagonal  phases  [10].  Figure  5  shows  an  image  of  the  ratio  between  the  PL  intensity 
at  3.27  eV,  7cub,  and  that  at  3.45  eV,  7hex,  at  20  K.  The  image  indicates  a  mixture  of  cubic  and 
hexagonal  phases  in  a  resolution  of  around  0.4  /im.  In  the  case  of  the  sample  with  Ga  flux  of 


630 


Silicon  Carbide  and  Related  Materials  - 1999 


PHOTON  ENERGY  <eV) 


2jim 


Fig.  4:  PL  spectra  of  GaN  Fig. 5:  PL  image  of  peak  intensity  ratio  hub/ hex 

4.0  x  10~7  Torr  in  which  the  formation  of  Ga  droplets  was  fairy  suppressed  compared  to  the  case 
of  Ga  flux  =7.5  x  10-7  Torr,  the  contribution  of  the  hexagonal  phase  became  much  small  in  the 
PL  image.  The  formation  of  Ga  droplets  in  the  N-supply  controlled  region  probably  enhances 
the  formation  of  the  hexagonal  phase.  The  epilayer  grown  at  the  Ga-supply  controlled  region 
showed  a  fairy  uniform  PL  image  with  a  domination  of  the  hexagonal  phase. 


Summary 

We  have  developed  a  novel  system  to  obtain  a  PL  image  with  a  resolution  of  0.4  fim  at 
a  low  temperature.  At  a  line-shaped  surface  defect  in  a  4H-SiC  homoepitaxial  layer,  a  PL 
image  ascribed  to  excitons  bound  to  neutral  nitrogen  atoms  showed  a  dark  line  coincident 
with  the  defect.  The  PL  emission  from  donor(nitrogen)-acceptor(boron)  pairs  was  spatially 
uniform  independent  of  the  presence  of  the  defect.  This  indicates  that  the  spatial  distribution 
of  nitrogen  atoms  in  the  4H-SiC  epilayer  is  fairy  uniform,  and  a  non-radiative  recombination 
dominates  the  excitonic  emission  at  the  surface  defect.  The  spatial  distribution  of  cubic  and 
hexagonal  phases  of  GaN  grown  by  MBE  was  discriminated  with  a  resolution  of  0.4  fim.  The 
microscopic  PL  imaging  is  promising  for  characterization  of  spatial  distributions  of  polytypism, 
defects,  and  impurities  in  SiC  and  GaN. 
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Abstract 

The  V4+  (3d1)  center  in  4H  SiC  is  investigated  using  photoluminescence  (PL)  and  photolumi¬ 
nescence  excitation  (PLE).  The  energy  position  of  the  ground  state  of  the  defect  is  determined 
to  be  2.1  ±  0.1  eV  below  the  conduction  band  for  both  the  hexagonal  and  the  quasi-cubic  site. 
A  broad  peak  in  the  PLE  spectrum  is  tentatively  ascribed  to  the  excited  A\  state,  previously 
believed  to  be  located  in  the  conduction  band. 

1  Introduction 

Vanadium  in  SiC  has  been  identified  in  different  polytypes  [1],  but  the  understanding  of  the 
internal  transition  within  the  open  d-shell  for  both  the  hexagonal  and  quasi-cubic  sites  is  not 
complete.  The  ordinary  level  scheme  of  the  defect  (Fig.  1)  predicts  an  additional  excited  state 
(Ai)  which  was  not  observed  in  previous  investigations.  This  upper  excited  state  was  assumed 
to  be  located  in  the  conduction  band  and  therefore  escaped  detection. 


Fig.  1.  Crystal  field  model  of  the  (3d1)  applied  to  the  hexagonal  site.  Successive  level 
splittings  due  to  the  cubic  field  (Td),  the  trigonal  field  (C3v)  and  the  spin-orbit  interaction 
(SO)  [2], [3]. 

In  this  investigation  we  have  performed  photoluminescence  excitation  (PLE)  experiments 
to  determine  the  energy  position  of  the  ground  state  of  the  V  center.  We  have  also  tried  to 
locate  the  excited  state  (Ai),  see  Fig.  1. 
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2  Experiments 

Most  studies  of  V  in  SiC  have  concentrated  on  the  6H  poly  type.  4H  SiC  is  somewhat  less 
complicated  than  6H  SiC  with  one  hexagonal  site  and  only  one  quasi-cubic  site  instead  of  two. 
The  larger  bandgap  of  4H  SiC  may  allow  the  excited  state  (A\)  to  be  in  the  bandgap  instead 
of  in  the  conduction  band  as  assumed  for  the  6H  polytype.  The  sample  used  in  this  study  is  a 
commercial  semi-insulating  4H  SiC  wafer. 

The  PL  measurements  were  done  at  low  temperature  (10  K)  using  a  Fourier  transform 
technique.  The  sample  was  excited  with  the  ultraviolet  lines  (351.1-363.8  nm)  of  an  Ar+ 
laser,  and  the  luminescence  was  detected  with  a  Bomem  DA8  Fourier  transform  spectrometer 
equipped  with  a  quartz  beamsplitter  and  a  North  Coast  Ge  detector. 

Two  different  kinds  of  PLE  techniques  were  used  in  this  study;  (1)  a  Fourier  transform 
technique  (FTPLE)  performed  at  10  K  and  (2)  a  conventional  PLE  technique  using  a  lamp 
performed  at  15  K.  In  the  FTPLE  technique  the  sample  was  excited  with  modulated  light  from 
a  Bomem  DA8  Fourier  transform  spectrometer  equipped  with  a  quartz  halogen  lamp  and  quartz 
beamsplitter.  The  detection  were  done  with  a  Spex  0.22m  double  grating  monochromator  and 
a  North  Coast  Ge  detector.  In  the  conventional  PLE  setup  a  50W  Xenon  lamp  together  with  a 
0.25m  ISA  Jobin  Yvon  H25  monochromator  were  used  as  excitation  source.  The  luminescence 
were  dispersed  by  an  ISA  Jobin  Yvon  HRD1  monochromator  and  detected  by  a  North  Coast 
Ge  detector. 


3  Results  and  Discussion 

In  the  FTPL  spectrum  in  Fig.  2  we  have  completely  resolved  not  only  the  no-phonon  lines 
(NPLs)  at  the  hexagonal  and  quasi-cubic  sites  but  also  the  phonon-assisted  spectrum.  By 
comparing  with  published  PL  data  from  V  doped  SiC  [1]  it  is  concluded  that  the  a  NPLs  is 
related  to  the  hexagonal  site  and  /?  NPLs  to  the  quasi-cubic  site.  The  a  NPLs  can  be  resolved 
into  four  sharp  lines,  while  the  /?  NPLs  only  into  two  lines. 


Photon  Energy  (meV) 


Fig.  2.  FTPL  measurement  on  V  doped  4H  SiC.  Energy  values  are  given  in  meV. 
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The  phonon-assisted  spectrum  can  be  explained  by  two  local  phonons  (LPX:  85  meV,  LP2: 
88  meV)  and  two  optical  lattice  phonons  (TO:  99  meV,  LO:  105  meV).  The  same  local 
phonons  have  earlier  been  observed  for  V  doped  6H  SiC  [1]  and  they  have  similar  energies  to 
those  reported  for  Cr  doped  SiC  [4].  Note  that  for  the  a-LP2  all  the  four  a  NPLs  are  replicated. 

The  energy  position  of  the  V  defect  at  the  two  different  sites  is  determined  by  PLE  with 
a  Xenon  lamp.  In  Fig.  3a  and  3b  the  PLE  spectra  are  shown  after  filtering  using  standard 
Savitsky-Golay  smoothing  [5].  The  a  NPLs  and  the  /3  NPLs  were  used  as  monitor  signals  for 
the  defect  at  the  hexagonal  and  the  cubic  sites,  respectively. 

Two  different  processes  may  in  principle  give  rise  to  the  spectra  in  Fig.  3.  Either  the  electron 
at  the  V  defect  is  promoted  to  the  conduction  band  and  then  later  captured  to  the  defect  again 
or  electrons  and  holes  are  generated  via  another  deep  defect  not  visible  in  PL,  which  after 
diffusion  are  captured  to  the  V  defect.  In  the  latter  case  the  two  spectra  should  be  identical. 
Since  they  deviate  slightly  from  each  other  we  can  conclude  that  the  PLE  spectra  in  Fig.  3  are 
related  to  the  V  defect  itself. 
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Photon  energy  (eV) 


Photon  energy  (eV) 


Fig.  3.  PLE  spectrum  of  V  doped  4H  SiC  when  a)  the  a  NPLs  b)  the  p  NPLs  are  used  as 
monitor  signals. 

From  Fig.  3a  the  energy  position  of  V  at  the  hexagonal  site  is  determined  to  2.1  ±  0.1  eV 
from  the  conduction  band,  which  is  the  same  value  as  obtained  for  V  at  the  quasi-cubic  site, 
see  Fig.  3b.  The  bandgap  absorption  edge  at  3.3  eV  is  clearly  observed.  The  two  broad  peaks 
at  2.65  eV  and  3.1  eV  are  not  related  to  the  V  defect  but  originate  from  the  lamp. 

To  confirm  the  PLE  measurement  presented  above  selective  photoluminescence  measure¬ 
ments  were  performed.  This  was  done  with  the  FTPL  setup  described  in  section  2,  but  now 
with  the  Xenon  lamp  together  with  a  monochromator  as  excitation  source  instead  of  an  Argon 
laser.  A  weak  PL  spectrum  like  the  one  in  Fig.  2  could  be  detected  when  the  monochromator 
was  set  to  2.25  eV  but  no  photoluminescence  was  observed  when  the  excitation  energy  was 
decreased  to  1.95  eV. 

In  the  FTPLE  measurements,  Fig.  4,  we  observed  both  the  a  and  the  ft  NPLs.  The  a  NPLs 
are  25  times  stronger  than  the  ft  NPLs,  since  here  PL  from  the  a-related  phonon  replicas  was 
monitored.  The  lines  between  1050  and  1100  meV  originate  from  phonon-assisted  absorption 
of  the  a  NPLs.  These  phonons  are  LPi,  LP2,  TO  and  LO  with  energies  given  in  Fig.  2. 

In  the  crystal-field  approach  for  the  hexagonal  site,  the  splitting  between  the  two  excited 
states  was  estimated  to  be  74  meV  for  the  6H  polytype  [6].  In  4H  SiC  it  should  be  roughly 
the  same,  at  least  of  the  same  order.  In  the  FTPLE  measurement  in  Fig.  4,  excitation  up  to 
300  meV  above  the  lowest  excited  state  (E)  was  used.  The  only  structure  found  besides  the 
phonon  assisted  absorption  of  the  a-NPLs  is  a  broad  peak  at  1000  meV  (33  meV  above  the 
a-NPLs),  with  the  width  of  approximately  15  meV.  Although  we  cannot  explain  the  broadness 
we  assume  that  this  peak  is  related  to  the  excited  A\  state. 
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Photon  Energy  (meV) 


Fig.  4.  FTPLE  measurement  on  V  doped  4H  SiC.  Energy  values  are  given  in  meV. 


4  Conclusion 

In  summary,  the  energy  position  of  V  in  4H  SiC  is  about  2.1  eV  below  the  conduction  band 
for  both  the  hexagonal  and  the  quasi-cubic  site  as  determined  from  PLE  measurements.  The 
FTPLE  result  show  a  new  broad  peak  33  meV  above  the  hexagonal  no-phonon  line.  We 
tentatively  ascribe  this  peak  to  the  excited(  Ax  state. 
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Abstract 

We  report  a  study  on  the  V47V3+  deep  acceptor  level  in  non  intentionally  vanadium  doped  6H  and 
4H  n-type  SiC  grown  by  the  Lely  modified  method  using  Optical  Absorption  (OA)  and  Deep  Level 
Optical  Spectroscopy  (DLOS).  Comparison  of  DLOS  and  OA  spectra  measured  on  6H  and  4H 
substrate  allows  us  to  identify  OA  lines  and  DLOS  resonance  band  as  V3+  internal  transition  between 
the  ground  state  3A2  to  excited  states.  We  deduce  the  V3+  configuration  in  the  6H  and  the  4H-SiC 
band  gap  with  energetic  positions.  Some  of  the  DLOS  spectra  thresholds  are  interpreted  as  transition 
from  the  V3+  ground  level  to  the  successive  conduction  band  minima. 

I  -  Introduction 

The  interest  of  Vanadium  (V)  in  SiC  is  well  documented  in  a  series  of  papers  showing  that  semi- 
insulating  SiC  had  been  obtained  by  vanadium  doping  [1-6].  It  is  known  that  vanadium  acts  as  an 
amphoteric  impurity  causing  both  deep  donor  states  (V4+(3d1)/V5+(3d0))  and  deep  acceptor  state 
(V4+(3  d!)/V3+(3  d2)).  V4+  charge  state  has  been  intensively  studied  by  optical  characterization 
techniques.  The  purpose  of  this  investigation  is  to  give  more  information  about  V3+  charge  state  in 
SiC  using  Optical  Absorption  (OA)  and  Deep  Level  Optical  Spectroscopy  (DLOS). 

II  -  Experiments 
A-  Samples 

Bulk  6H  and  4H-SiC  crystals  were  grown  by  the  modified  Lely  method.  Samples  were  n-type  and 
non-intentionally  V  doped.  Schottky  diodes  were  fabricated  by  evaporating  Au  dots  500  pm 
diameter  onto  one  side.  Ohmic  contacts  were  realized  with  Au  large  contact  area  on  the  back  side 
after  KOH  etching.  DLOS  measurements  require  light  transmission  through  the  Schottky  diode, 
achieving  by  a  small  thickness  contact  (<  250  A). 

B-  Experimental  set-ups 

Absorption  measurements  have  been  performed  with  a  Michelson  Fourier-Transform  interferometer, 
equipped  with  a  tungsten  quartz-halogen  source,  a  quartz  beam  splitter,  and  a  cooled  InAs  detector. 
The  samples  are  cooled  in  a  continuous  flow  helium  cryostat.  The  polarization  of  the  light  beam  is 
perpendicular  to  the  c-axis  of  the  crystals. 

DLOS  allowed  us  to  measure  at  a  fixed  temperature  the  optical  photoionization  cross  section  an°  of 
a  deep  level  detected  by  DLTS.  The  basic  point  of  DLOS  is  to  control  accurately  via  DLTS  set  up, 
the  initial  trap  population  before  to  measure  the  photocapitance  transient.  The  details  about  the 
experimental  methodology  (filling  pulse  bias,  light  illumination  conditions,  data  analysis)  can  be 
found  in  reference  [7].  Photoionization  spectrum  of  a  transition  metal  can  be  interpreted  as 
transitions  towards  conduction  band  minima  or  towards  the  excited  sates  which  can  be  near  or 
resonant  with  the  conduction  band. 
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m  -  Results  and  Discussion 
A-  DLTS  Results 

DLTS  results  have  been  presented  in  a  previous  paper  [8],  DLTS  measurements  on  6H-SiC  reveal 
two  levels  related  to  V  acceptor  state  (V^/V4*)  in  6H-SiC,  at  Ec  -  0,68  eV  for  the  cubic  sites  and  at 
Ec-  0,74  eV  for  the  hexagonal  site  [8-11].  For  4H-SiC,  only  one  level  associated  to  the  V  acceptor 
state  is  found  at  Ec  -  0,8  eV  [8]. 

B-  OA  Results 

OA  measurements  on  6H-SiC  (fig.  1(a))  reveal  classical  absorption  spectrum  of  V4+  (3d1)  [8].  We 
can  also  distinguish  connected  additional  lines  between  4800  cm’1  and  5100  cm'1  and  other  structures 
between  5400  cm'1  and  5900  cm'1.  Based  on  DLTS  results  showing  high  vanadium  contamination 
and  according  to  works  done  on  V3+  OA  in  III-V  compound  [12],  we  suppose  that  these  lines  are 
correlated  to  V3+  internal  transitions.  With  this  hypothesis,  we  confirm  V3+  internal  transition 
observation  by  MCD-ESR  made  by  Kunzer  et  al.  [13].  Lines  at  4860  cm'1  and  5002  cm'1  are  due  to 
the  3A2  ->  3T2  internal  transition  of  the  V3+  center.  Lines  between  5400  cm'1  and  5900  cm'1  are 
phonon  replicas.  Moreover  we  can  distinguish  absorption  structures  close  to  V4+  lines  absorption. 
There  could  be  related  to  3A2->3Ti  V3+  transition. 

Figure  1(b)  shows  OA  spectrum  for  4H-SiC  sample  with  no  evidence  of  classical  V4+  absorption 
lines  [8].  But  the  spectrum  exhibits  new  lines  and  structures  indicated  by  arrows.  The  spectrum 
interpretation  has  been  done  considering  V3+  configuration  in  tetrahedral  symmetry  relevant  for  cubic 
site  in  4H-SiC  and  showed  on  figure  2  [12].  The  doublet  (1)  observed  at  5400  cm'1  is  analog  to  the 
one  observed  for  6H  substrate  and  related  to  3A2->3T2  V3+  transition.  Structures  between  5600  and 
6300  cm'1  are  phonon  replicas.  Moreover,  according  to  studies  made  on  V  doped  GaAs  or  InP,  we 
suppose  that  lines  and  structures  on  figure  2(b)  are  related  to  V3+  internal  transition  in  4H-SiC  [12], 
We  confirm  that  the  3A2->3Ti  transition  (3)  allowed  by  the  crystal  field  is  more  important  than  the 
3A2->3T2  transition  (1)  forbidden  by  the  crystal  field  but  allowed  by  the  spin  orbit  coupling.  Table  1 
gives  4H  OA  spectrum  interpretation. 

Besides,  PL  measurements  on  4H-SiC  revealed  a  line  at  5000  cm'1.  This  result  is  presented  in  a 
previous  paper  [8].  This  line  is  associated  to  the  OA  doublet  1  and  attributed  to  3T2“>3A2  transition 
of  V3+.  Up  to  now  no  PL  line  has  been  observed  for  6H  substrates  in  this  energy  range. 


Fig  1 :  (a)  6H-SiC  OA  spectrum  revealing  classical  V4+  absorption  lines  and  additional  lines  or 


Wavenumber  (1/cm)  Wavenumber  (1  /cm) 

structures  (indicated  by  arrows)  attributed  to  V3+  transition. 

(b)  4H-SiC  OA  spectrum  showing  new  structures  attributed  to  V3+  intracenter  transitions.  Lines 
marked  by  arrows  are  respectively  on  5397  and  5403  cm'1  for  doublet  1,  7012  cm'1  for  line  2,  7641 
cm'1  for  structure  3  and  9202  cm'1  for  structure  4. 
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Fig.  2:  Crystal  field  level  scheme  of  a  3d2 
ion  in  tetrahedral  symmetry  [12]. 
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Table  1:  4H-SiC  OA  lines  and  structures 
interpretation  as  V3+  intracenter  transition. 


C-  DLOS  Results 

For  DLOS  measurements,  temperatures  were  such  that  V  acceptor  level  thermal  emission  rate  was 
negligible.  By  using  a  filling  pulse,  we  make  sure  that  the  level  is  in  the  V3+  charge  state.  Then  DLOS 
spectra  must  be  interpreted  as  V3+  photoionization  spectra. 


Wavenumber  (cm*1)  Wavenumber  (crrr1) 


Fig.  3:  (a)  Comparison  of  6H-SiC  DLOS  spectrum  (200  K)  and  optical  absorption  spectrum  (6K). 
(b)  Comparison  of  4H-SiC  DLOS  spectrum  (300  K)  and  optical  absorption  spectrum  (6K). 


Figure  3  presents  DLOS  and  OA  spectra  for  4H-SiC  and  6H-SiC.  Optical  ionization  cross  section  of 
V47v3+  level  is  well  correlated  with  the  shape  of  OA  spectra.  First  of  all,  4H-SiC  DLOS  spectrum 
threshold  at  0,65  eV  is  correlated  to  the  first  OA  line  and  attributed  to  V3+  fundamental  state 
photoionization  towards  the  excited  state  3T2  followed  by  a  thermal  emission  towards  the  band 
conduction.  This  thermal  effect  is  proved  by  a  decrease  in  DLOS  signal  with  decreased  measurement 
temperature  :  at  200  K,  the  DLOS  threshold  appears  at  0.8  eV  and  is  interpreted  as  the  transition  of 
the  V3+  fundamental  state  towards  the  first  conduction  band  (CB)  minimum.  Then  a  large  part  of  the 
DLOS  spectrum  is  interpreted  as  V3+  transitions  towards  its  excited  states  according  to  OA 
interpretation  from  table  1  (fig  4).  However,  two  other  thresholds  at  about  0.95  eV  and  1.35  eV  can 
be  distinguished.  We  tentatively  attribute  them  to  V3+  photoionization  towards  the  successive  CB 
minima.  According  to  Chen  et  al  [14],  4H  conduction  band  has  four  successive  minima  [14].  The 
first  one  is  at  the  M  point  of  the  Brillouin  zone,  the  others  are  on  M,  L  and  H  points.  We  can  then 
estimate  the  second  M  minimum  at  0.15  eV  from  the  first  one  in  good  agreement  with  theoretical 
calculations  [15-17],  Threshold  at  1.35  eV  is  attributed  to  V3+  photoionization  towards  the  L 
minimum  situated  at  0.55  eV  from  the  M  minimum  [14]. 
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The  same  analysis  has  been  done  on  6H  DLOS  spectrum  concerning  the  various  V3+  transitions 
towards  excited  states  (fig  4).  Concerning  transitions  towards  successive  CB  minima,  it  confirms  the 
relative  flatness  between  U,  L  and  M  minima.  A  threshold  at  about  1.05  eV  is  attributed  to  the  V3+ 
ionization  towards  M  minimum  at  about  0.3  eV  from  the  U  one  in  good  agreement  with  Smith  et  al 
results  obtained  by  optical  admittance  spectroscopy  [18], 

IV  -  Conclusions 

According  to  our  DLOS  and  OA  measurements  on  4H  and  6H-SiC,  we  can  give  a  complete  V3+ 
configuration  in  both  polytypes  with  respective  positions  of  ground  and  excited  states  (fig  4).  We  can 
also  distinguish  CB  minima  with  relative  position  determined  by  our  interpretation. 


0.82  eV 


1.14  eV 
0.95  eV 
0.86  eV 


0.65  eV 


3A2(F) 


0.68-0.74  eV 


1.2  eV 


0.9  eV 


0.6  eV 


3a2{F) 


4H-SiC  V3+  Fundamental  state  6H-SiC 


Fig.  4:  V3+  configuration  in  4H  and  6H-SiC  with  relative  positions  for  fundamental  and  excited 
states.  Representation  of  conduction  band  minima  for  both  polytypes. 
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Abstract.  Very  sharp  spectra  are  obtained  with  low  temperature  photoluminescence  of  4H 
and  6H  SiC  implanted  with  low  doses  of  Erbium  (3  x  1015  cm”3  to  1  x  1017  cm-3)  at  energies 
up  to  15  MeV.  A  new  temperature  dependence  of  the  luminescence  is  found  at  low  temperature 
and  attributed  to  an  excitation  barrier  between  nitrogen  donors  and  defect  centers  associated 
with  the  Erbium.  DLTS  measurements  on  dilutely  implanted  samples  of  4H  SiC  suggest  a  deep 
Erbium  center  in  n-type  material  but  results  for  p-type  material  are  unclear  at  present. 

Introduction 

The  introduction  of  Erbium  into  semiconductors  has  been  under  intense  study  since  1983  [1, 2]. 
It  has  been  motivated  by  the  fact  that  the  intra  4f-shell  4/i3/2  4As/2  transition  of  Er3+ 

occurs  at  1.54  gm,  which  is  at  the  attenuation  minimum  of  silica  based  optical  fibers.  At 
several  hundred  kilovolts  the  implants  are  very  shallow  and  in  order  to  see  a  reasonable  sig¬ 
nal,  concentrations  of  1019  cm”3  have  frequently  been  used.  Under  these  conditions,  in  many 
semiconductors,  the  intensity  of  the  Er3+,  1.54  pm,  light  emission  is  a  maximum  at  low  tem¬ 
peratures  and  drops  off  drastically  as  one  approaches  room  temperature.  In  SiC,  implanted  at 
concentrations  of  10 19  cm-3,  the  integrated  luminescence  intensity  over  all  1.54  pm  transitions 
(from  1.49  pm  to  1.64  pm)  is  observed  to  decrease  only  above  room  temperature  making  this 
host  very  attractive  from  a  practical  point  of  view.  We  have  previously  reported  spectra  from 
heavily  implanted  SiC  [3-6].  With  the  new  ion  accelerator  of  the  University  of  Jena,  Er  im¬ 
plants  up  to  15  MeV  are  possible,  yielding  a  projected  range  of  about  2.2  pm.  This  suggests 
experiments  with  far  more  dilute  Er  concentrations  which  might  enable  us  to  undertake  new 
and  detailed  studies  of  the  excitation  mechanism  of  Er3+  in  the  SiC  host.  Since  it  has  previously 
been  suggested  [6]  that  the  excitation  in  4H  and  6H  SiC  requires  both  the  nitrogen  donor  as 
well  as  a  deep  trap  we  are  now  revisiting  this  problem  with  a  combination  of  low  temperature 
photoluminescence  (LTPL)  and  deep  level  transient  spectroscopy  (DLTS). 

Experimental 

For  our  photoluminescence  experiments  we  use  n-type  4H  and  6H  CVD-grown  SiC  doped  with 
nitrogen  in  the  range  from  3  x  1014  cm”3  to  1  x  1016  cm”3.  Doping  with  Erbium  is  done  by 
multiple-energy  implantation  with  energies  of  2.5,  4.0,  6.0,  8.5,  11.5,  and  15.0  MeV  at  room 
temperature.  The  individual  fluences  are  adjusted  to  obtain  a  quasi-rectangular  depth  profile 
of  Er  in  the  depth  interval  0.3  -  2.5  pm.  The  samples  are  annealed  at  1500°C  for  two  hours 
in  a  SiC  crucible  in  five-nines  Argon  at  atmospheric  pressure.  Er3+  ions  are  excited  by  above 
bandgap  optical  pumping  using  a  HeCd  laser  at  3250  A.  Optical  measurements  are  made  with  a 
modified  Nicolet  740  (FTIR)  spectrometer.  The  integrated  luminescence  intensity  is  measured 
from  1.49  pm  to  1.64  pm. 
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For  DLTS  studies,  we  use  lightly  doped  (mid-1015  cm ~3)  epitaxial  layers  of  n-type  and 
p-type  4H-SiC.  Implantation  energies  are  restricted  to  the  four  lowest  energies  (2.5  to  8.5  MeV) 
leading  to  a  quasi-rectangular  concentration  in  a  depth  interval  0.3  -1.3  pm,  which  is  sufficient 
for  the  depth  region  probed  by  DLTS.  The  average  concentration  of  the  implanted  Er  ions  is 
1015  cm “3.  We  also  use  Rapid  Thermal  Annealing  (RTA)  at  1900  K  in  Ar  for  5  minutes.  After 
both  annealings,  the  preparation  of  good  Schottky  contacts  requires  an  additional  oxidation 
(1600  K,  02,  1-2  h,  followed  by  oxide  removal)  prior  to  the  contact  deposition  (evaporation  of 
Ni  on  n-type,  Ti  on  p-type).  DLTS  spectra  are  taken  as  described  elsewhere  [7].  Measuring 
voltages  are  adjusted  to  probe  a  depth  interval  of  approximately  0.4  —  1.1  well  embedded 
within  the  implanted  region.  For  the  spectra  shown,  the  reference  time  constant  (defining  the 
peak  position)  is  12.4  ms. 


Results  and  Discussion 
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Despite  the  fact  that  our  implants  contain 
two  to  three  orders  of  magnitude  fewer  er¬ 
bium  atoms  than  in  typical  shallow  implant 
experiments  we  nevertheless  obtained  ap¬ 
preciable  signals  from  our  samples.  Fig.  1 
shows  the  spectra  of  4H  SiC  implanted  with 
Erbium  to  5  x  1016  cm-3  at  2  K,  77  K  and 
295  I<.  The  line  widths  at  2  K  and  77  K  are 
instrumentally  limited  and  in  many  ways 
superior  to  our  previous  results  using  Er¬ 
bium  concentrations  of  1019  cm-3.  Fig.  2 
shows  the  temperature  behavior  of  the  inte¬ 
grated  intensity  for  4H  and  6H  SiC  samples 
implanted  with  Er  at  concentrations  of  1  x 
1019  cm“3,  5xl016  cm~3,  and  6xl015  cm-3. 

The  1  x  10 19  cm~3  curves  in  Fig.  2a  show 
the  form  of  the  temperature  variation  that 
has  been  observed  in  almost  all  semicon¬ 
ductors  to  date  [1].  We  now  find  that  the 
situation  in  dilutely  implanted  4H  and  6H 
SiC  is  quite  different.  For  the  5  x  1016  cm~ 3 
and  6  x  1015  cm-3  curves  in  Figs.  2b  and 
c  we  have  a  new  result  in  that  the  inte¬ 
grated  intensity  at  2  K  is  far  below  that  at 
77  K  and  295  K.  A  detailed  model  cannot 
be  presented  here  but  if  we  assume  that  the 
energy  transport  of  the  Er3+  proceeds  via 
the  nitrogen  donor  to  a  defect  associated 
with  the  Erbium,  then  it  is  also  plausible 
that  this  process  is  governed  by  a  barrier 
between  the  donor  and  the  defect.  At  high 

cm-3,  the  close  proximity  of  the  donor  and  Erbium  atoms  effectively  wipes 


Figure  1:  Photoluminescence  spectra  of  4H  SiC:Er 
at  (a)  2  K,  (b)  77  K,  and  (c)  295  K  at  1cm”1 
resolution.  The  sample  is  doped  with  Erbium  at 
5  x  1016  cm~ 3.  The  nitrogen  concentration  is  n  ~ 
1 


>16 


doping,  1  x  1019  cm-3, 

out  this  barrier  even  at  2  K.  At  Erbium  concentrations  below  1  x  1017  cm~3  the  donor-defect 
separation  becomes  such  that  at  2  K  the  energy  transport  is  effectively  controlled  by  a  barrier 
which  is  a  function  of  separation. 

It  is  our  hope  that  electrical  measurements  such  as  DLTS  will  elucidate  on  the  nature  of 
the  Erbium  related  defect.  We  now  report  on  preliminary  DLTS  spectra  which  were  taken  on 
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Figure  2:  The  temperature  dependence  of  the  integrated  intensity  for  4H  and  6H  SiC. 


implanted  and  reference  areas  on  a  number  of  samples  processed  under  similar  conditions  to 
the  samples  used  for  the  optical  experiments.  The  spectra,  Figs.  3a  and  3b,  clearly  demonstrate 
that  several  deep  levels  originate  from  the  Er  implantation  in  both  n-type  and  p-type  material. 
The  level  parameters  are  given  in  Table  1.  The  RTA  process  is  obviously  less  efficient  than 
the  long-time  anneal,  resulting  in  higher  trap  concentrations  in  n-type  material  and  completely 
failing  to  anneal  p-type  SiC  sufficiently.  The  levels  N\  to  N4  are  drastically  reduced  after 
long-time  annealing  compared  to  RTA.  The  levels  Nq  to  iV8  exist  in  the  reference  spectra  as 
well.  The  height  of  the  largest  peaks  in  Fig.  3a  correspond  to  deep  level  concentrations  of 
7  x  1013  cm"3 .  In  p-type  SiC,  deep  level  concentrations  are  significantly  higher  (3  x  1014  cm-3) 
and  the  peaks  in  the  reference  spectrum  are  not  observable  on  the  scale  of  Fig.  3b. 

The  question  arises  whether  any  of  the  deep  levels  detected  are  due  to  an  Er  atom  (or 
complex).  Deep  levels  with  parameters  nearly  identical  to  /V2,  N3,  and  N4  have  already  been 
reported  after  ion  implantation  of  other  elements  or  electron  irradiation  [8,9].  Therefore,  we 
interpret  these  levels  as  implantation-induced  defects.  Levels  A^,  N 7,  and  N&  are  present  in  the 
reference  as  well  and  are,  thus,  not  Er-related.  Level  N5  is  hardly  influenced  by  the  type  of  an¬ 
nealing  used.  To  our  knowledge,  no  deep  level  with  similar  parameters  has  been  reported.  This 
is.  however,  a  weak  argument  since  MeV-implantation  of  heavy  elements  in  SiC  has  not  been 
studied  up  to  now.  Summarizing,  level  N$  remains  a  possible  candidate  for  an  Ei-ielated  level 
in  the  upper  part  of  the  band  gap,  but  this  is  by  no  means  a  definite  assignment.  In  the  lower 
part  of  the  band  gap,  studied  by  DLTS  on  p-type  SiC,  the  interpretation  is  more  vague  since 


Figure  3:  DLTS  spectra  of  Er  implanted  4H  SiC:  (a)  n-type  and  (b)  p-type.  A  reference 
spectrum  from  an  unimplanted  sample  area  is  included.  Voltages  Vr  and  Vp  are  reverse  and 
pulse  bias,  respectively. 
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Peak 

Ni 

n2 

n3 

n4 

n5 

n6 

Pi 

P* 

P3 

P4 

Energy  (eV) 

-0.23(2) 

-0.41(2) 

-0.58(3) 

-0.66(2) 

-0.75(2) 

-0.83(2) 

0.60 

0.74 

0.80 

1.05 

a  (10-14  cm1) 

5 

20 

7 

20 

10 

8 

9 

10 

3 

7 

Table  1.  Energy  levels  and  capture  cross  section  <j  (assumed  to  be  independent  of  temperature) 
of  band  gap  states  observed  in  Er-implanted  SiC.  Negative  energies  designate  position  relative 
to  the  conduction  band,  positive  values  refer  to  the  valence  band. 


there  is  little  literature  with  which  to  compare.  The  level  parameters  of  P1  are  similar  to  the 
boron-related  D-center  and  P3  has  also  been  detected  previously  after  ion  implantation  [10].  In 
electron  irradiated  p-type  SiC,  we  found  five  defect  levels  between  0.6  and  1  eV  (unpublished) 
with  parameters  similar  to  the  levels  found  here.  At  present,  there  is  no  strong  evidence  that 
any  of  the  levels  Pi  to  P4  is  related  to  an  Er  center. 

Conclusions 

High  energy  (15  MeV)  dilute  implantation  of  Erbium  and  annealing  at  1500°C  leads  to  ex¬ 
tremely  sharp  LTPL  lines  enabling  new  studies  of  the  structure  of  the  Er3+  spectrum  in  poly¬ 
types  of  SiC.  A  surprise  discovery  is  the  fact  that  below  1  x  1017  cm~ 3  Erbium  the  integrated 
light  intensity  at  temperatures  below  77  K  decreases  rapidly  with  decreasing  temperature.  It 
is  suggested  that  the  excitation  of  the  Er3+  is  governed  by  a  barrier  between  the  donors  and 
the  defect  centers  associated  with  the  Erbium.  The  lower  the  Erbium  concentration  for  a  given 
nitrogen  concentration  the  lower  the  relative  light  output  at  low  temperatures.  The  DLTS 
measurements  give  some  indication  of  an  Erbium  specific  deep  center  in  n-type  material.  For 
p-type  samples  the  situation  is  not  clear  at  the  moment.  Further  experiments  are  in  progress 
and  greater  details  will  appear  in  future  publications. 
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Abstract:  Results  of  spin-polarized  ab  initio  calculations  are  reported  for  the  silicon  and  carbon 
vacancies  in  3C-  and  4H-SiC.  The  calculated  electronic  structures  are  compared  with  recent 
experimental  findings. 

In  SiC  a  variety  of  vacancies  exists  due  to  (i)  the  two  different  Si  and  C  sublattices,  (ii)  the 
inequivalence  of  the  sublattice  sites  with  cubic  (k)  or  hexagonal  (h)  character,  and  (iii)  the  different 
charge  states.  In  the  presence  of  a  monovacancy  the  system  may  gain  energy  at  least  by  three 
mechanisms.  The  first  mechanism  is  related  to  the  lattice  relaxation  which  frequently  lowers  the 
local  symmetry  around  the  vacancy.  The  basic  mechanism  for  the  symmetry  breaking  is  the  Jahn- 
Teller  effect.  For  3C-SiC  crystallizing  in  zinc -blende  structure  with  a  local  Td  symmetry,  the  four 
dangling  bonds  left  at  the  neighbouring  atoms  of  a  vacancy  give  rise  to  a  completely  filled  non¬ 
degenerate  aj  and  a  partially  filled  threefold  degenerate  t2  defect  state  in  the  fundamental  gap,  i.e., 
the  Td  symmetry  gives  rise  to  a  degenerate  ground  state.  According  to  the  Jahn-Teller  theorem,  a 
degenerate  ground  state  is  usually  expected  to  be  unstable  with  respect  to  the  formation  of  a  non¬ 
degenerate  ground  state  by  means  of  a  symmetry-breaking  distortion.  Consequently,  vacancies  in 
3C-SiC  should  exhibit  a  lower  local  symmetry  than  Td .  Similar  lattice  relaxations  should  also 
happen  in  hexagonal  SiC,  e.g.  in  4H,  since  the  individual  bonding  tetrahedra  are  close  to  an  ideal 
tetrahedron.  The  second  driving  force  concerns  the  arrangement  of  the  electron  spins  occupying  the 
vacancy  levels  in  high-spin  configurations  according  to  Hund’s  rule.  The  third  mechanism  is  related 
to  the  so-called  negative- U  property.  A  defect  with  such  a  property  strengthens  the  binding  energy 
of  the  carriers  (electrons  or  holes)  when  capturing  additional  carriers.  Consequently,  recharging  of 
vacancies  happen.  All  mechanisms  influence  the  electronic  structure  of  the  vacancies  in  the  ground 
state  as  well  as  in  the  excited  states. 

In  order  to  study  the  influence  of  the  different  relaxation  mechanisms,  the  chemical  nature  of  the 
vacancy,  and  the  SiC  polytype  on  the  electronic  structure  of  vacancies  we  perform  first-principles 
calculations.  The  calculations  are  based  on  the  density  functional  theory  in  the  local  density 
approximation  (LDA)  as  well  as  local  spin  density  approximation  (LSDA).  Explicitly  a  plane-wave¬ 
supercell  approach  is  combined  with  ultrasoft  Vanderbilt  pseudopotentials  to  allow  converged 
calculations.  Extremely  large  supercells  with  216  atoms  (3C)  or  128  atoms  (4H)  are  used  to  avoid 
too  strong  vacancy- vacancy  interactions  and  electrostatic  effects.  We  study  the  atomic  structure,  the 
energetics,  and  the  charge-  and  spin-dependent  vacancy  states  by  optimizing  the  corresponding  total 
energies.  All  atomic  coordinates  are  varied  until  the  total  energy  reaches  its  minimum.  The  donor 
ionization  levels  (and  acceptor  levels,  respectively)  result  from  total  energy  differences.  For 
instance,  the  donor  ionization  energies  measured  with  respect  to  the  conduction  band  minimum  Ec 
are  given  as 


eD(q  -  l/q)=  Ec  +  Etot(v’)-Etot(vr' ), 


(1) 
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where  (q-1)  characterizes  the  charge  state  of  the  vacancy  in  the  initial  state  on  a  X  =  Si,  C  site.  The 
resulting  energy  level  schemes  are  plotted  in  Figs.  1  and  2. 


Si  vacancy  C  vacancy 


Fig.  1  Energy  level  schemes  for  silicon  and  Fig.  2  Energy  level  schemes  for  Si  and  C 

carbon  vacancy  centers  in  3C-SiC.  vacancies  at  cubic  and  hexagonal  sites  in  4H- 

SiC. 

Independent  of  the  polytype,  3C  or  4H,  the  generation  of  the  C-site  vacancy  is  generally 
accompanied  by  a  remarkable  Jahn-Teller  distortion  apart  from  the  double  positively  charged  one. 
Disregarding  the  small  deformations  of  the  tetrahedra  in  4H  the  local  symmetry  around  a  vacancy  is 
changed  from  Td  to  D2d  in  both  polytypes.  The  corresponding  Jahn-Teller  distortion  is  a 
combination  of  an  inward-breathing  mode  and  a  pairing  mechanism.  For  the  positively  charged 
vacancy  the  pairing  effect  is  reduced  and  the  breathing  mode  changes  the  sign.  The  huge 
geometrical  changes  in  the  V®  case  in  comparison  to  the  V£  and  V£+  vacancies  have  remarkable 
consequences  for  the  electronic  structure  of  the  vacancy.  The  normal  sequence  of  the  donor  levels 
(+/++)  and  (0/+)  is  interchanged  (cf.  Figs.  1  and  2).  The  lowest  vacancy  level  is  (0/+).  The  reason  is 
a  negative-t/  behaviour  of  the  C-site  vacancy  in  SiC  very  similar  to  that  found  in  silicon  [2].  Due  to 
the  lattice  relaxation  the  effective  interaction  of  two  holes  is  attractive.  In  the  case  of  4H  (cf.  Fig.  2) 
we  predict  such  a  negative- U  behaviour  also  for  the  negatively  charged  vacancy.  Negative- U 
centers  have  been  recently  observed  in  4H-  and  6H-SiC  [3]. 

The  situation  is  quite  different  for  the  Si-site  vacancies.  Because  of  the  strong  localization  of  the  C 
dangling  bonds,  only  an  outward  breathing  relaxation  occurs.  For  the  systems  with  less  electrons, 
V++  and  V+ ,  the  ground  states  are  %  and  2T2  according  to  the  total  spins  S  =  0  and  S  =  Vi.  The 
picture  is  completely  changed  for  the  neutral  and  negatively  charged  Si-site  vacancies.  The  spin 
degeneracy  of  the  single-particle  ?2-level  is  lifted  and  high-spin  states  occur  in  agreement  with 
Hund’s  rule.  The  ground  states  3Tj  (5=1,  V° ),  %  (S  =  3/2,  V~  ),  and  3Tj  (5=1,  )  are  stabilized 

by  a  spin-exchange  coupling  [1,4].  For  V~  this  effect  is  also  observed  experimentally  and 
theoretically  by  other  authors  [5-7]. 

The  crystal-field  splitting  of  the  upper  vacancy  levels  does  not  principally  modify  the  properties  of 
the  vacancies  in  the  hexagonal  polytypes.  The  inequivalent  sites  give  however  rise  to  site-related 
shifts  of  the  electronic  states.  The  main  influence  of  the  polytypism  is  related  to  the  widening  of  the 
energy  gap  from  3C  to  4H  by  about  0.9  eV.  As  a  consequence  the  double  negatively  charged  C-site 
vacancy  is  stable  in  4H-SiC  but  not  in  the  cubic  polytype  (cf.  Figs.  1  and  2).  The  energetical 
distances  of  the  various  vacancy  levels  with  respect  to  the  top  of  the  valence  bands  vary  only 
weakly  with  the  polytype.  In  principle  the  vacancy  levels  can  be  used  to  align  the  band  structures  of 
3C  and  4H  and  to  determine  the  valence-band  discontinuity  according  to  the  Langer-Heinrich  rule. 
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The  electronic  systems  of  the  vacancies  can  be  excited,  e.g.  by  incident  light.  Excited  electronic 
states  are  obtained  by  minimizing  the  system  energy  with  the  constraint  of  keeping  a  hole  in  an  fly- 
like  single-particle  vacancy  orbital.  However,  multiplet  effects  [8]  cannot  be  taken  into  account 
within  LSDA.  The  transition  energy  from  a  ground  state  into  an  excited  state  is  given  as 

=  Etot  (v’ ,  excited)-  E,0,  (v’ )  ,  (2) 

at  least  for  intravacancy  transitions  without  changing  the  charge  state.  In  evaluating  the  excitation 
energies  ftco,  the  positions  of  the  cores  were  kept  fixed  at  the  equilibrium  structure  of  the  ground 
state  in  accordance  with  the  Frank-Condon  principle.  On  the  other  hand,  we  made  the  observation 
that  the  transition  energies  calculated  according  to  Eq.  (2)  can  be  also  obtained  by  taking  the 
difference  of  the  single-particle  energy  values  8t,  -  eai  (eb,  -  £ai ),  so  far  these  eigenvalues  are 

calculated  for  the  considered  charge  state  q.  We  make  use  of  this  observation  by  estimation  of  a 
dispersion  correction.  From  a  tight-binding  fit  to  the  single-particle  vacancy  bands  [9]  we  derive  the 
"  true  level  energies" 

We  focus  our  attention  to  single-particle  transitions  a\  —>  t2  (Td  symmetry)  or  a\  —>  b2 .»  e  (D2d 
symmetry).  The  corresponding  electronic  transitions  are  observable  in  optical  absorption, 
luminescence  and  photoluminescence  excitation  spectra.  The  results  for  several  monovacancies 
with  a  certain  electron  configuration  and  transitions  are  given  in  Table  1.  In  addition  the  total  spin  S 
of  the  vacancy  electronic  system  is  given.  The  limitation  of  the  used  supercells  gives  rise  to  an 
artificial  vacancy- vacancy  interaction,  so  that  the  vacancy  levels  are  broadened  to  bands.  The 
accompanying  band  dispersion  falsifies  the  transition  energies.  The  3C  values  for  V£  in  Table  1  are 
reduced  by  the  dispersion  corrections.  By  careful  analysis  in  the  V5*  case  we  find  an  energy 
lowering  of  0.35  eV  (0.20  eV)  for  the  excited  electron  in  the  same  spin  level  (another  level)  as  the 
other  h  electrons.  For  4H-SiC  we  calculate  similar  values  for  the  intravacancy  transitions  using  the 
single-particle  values.  Apart  from  the  fact  that  no  reduction  due  to  the  dispersion  corrections  is  used 
in  the  4H  case,  the  differences  to  3C  in  Table  1  are  of  the  order  of  magnitude  of  the  variations  in  the 
donor  levels  between  Figs.  1  and  2.  However,  there  is  an  additional  complication  due  to  the  crystal- 
field  splitting  of  the  higher  vacancy  levels,  e.g.  t2. 

Table  1:  Lowest  intravacancy  excitations  in  3C-  and  4H-SiC.  The  site  dependence  in  4H  is 
indicated  by  k  and  h. 


vacancy 

spin 

transition 

3C:ta  (eV) 

4H:  k,  k.Ti (O  (eV) 

v+ 

vSi 

Vt 

1.06 

1.42,  1.77 

a?t J 

1.27 

1.44,  1.74 

v° 

VSi 

1 

aftIT  ->  aft ™ 

1.07 

1.44,  1.82 

vs- 

3/2 

1.40 

1.57,  1.40 

Vs" 

1 

1.23 

1.73,  1.68 

Vc++ 

0 

a?  -*  a* t) 

2.87 

3.38,2.85 

Vc+ 

V2 

aft>2  ~ *  ai'^)2i 

2.53 

— 

Vc° 

0 

3.61 

4.28,  4.27 
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In  electron-irradiated  4H  samples  Sorman  et  al.  [10,11]  observed  two  sharp  zero-phonon 
luminescence  lines  at  photon  energies  of  1.35  and  1.44  eV  (called  v2  and  Vi).  In  3C-SiC  a 
photoluminescence  at  1.12  eV  occurs.  Because  of  the  results  of  the  optically  detected  magnetic 
resonance  (ODMR)  measurements  they  argued  that  the  lines  in  4H  originate  from  an  internal 
transition  of  the  neutral  silicon  vacancy,  at  least  a  silicon  vacancy  with  an  even  number  of  electrons 
in  order  to  explain  the  high-spin  state  S  =  1.  The  occurrence  of  two  different  lines  in  4H  is  related  to 
the  two  different  inequivalent  lattice  sites  for  the  generation  of  a  Si  vacancy.  Sorman  et  al.  [10] 
relate  the  photoluminescence  line  at  1.12  eV  in  3C  to  a  S  =  Vi  centre,  probably  V+.  In  principle,  we 
follow  this  interpretation.  According  to  Table  1  transitions  within  the  C-site  vacancy  can  be  clearly 
excluded  because  of  too  large  excitation  energies.  For  V^in  3C  intravacancy  transitions  cannot 
occur  because  of  the  small  energy  gap  (cf.  Table  1).  Moreover,  the  optical  transition  2E  ->  2T2  in 
Vsi  electric-dipole  allowed.  We  agree  that  in  4H  the  experimental  findings  could  be  related  to  a 

transition  either  a\t\^  — >  af or  within  the  electron  configurations  of 

and  VSi  ,  respectively.  This  is  supported  by  the  S  =  1  spin  state  and  the  calculated  transition  energy. 
Unfortunately,  the  calculated  values  are  not  accurate  enough  to  give  a  final  decision.  Nevertheless, 
we  favour  the  neutral  silicon  vacancy.  However,  we  claim  that  the  line  splitting  is  a  consequence  of 
the  crystal-field  splitting  of  the  t2  level  into  ai  and  e  ones.  The  calculated  transition  energies  at  cubic 
sites  are  much  larger.  Consequently,  they  should  not  occur  in  the  photoluminescence  spectra. 

Another  type  of  secondary  radiation  has  been  related  to  a  strongly  luminescent  D;  center  in  neutron- 
irradiated  samples  [12].  The  maximum  photon  energy  of  the  characteristic  emission  band  depends 
directly  on  the  band  gap  energy.  A  sharp  peak  occurs  at  the  position  of  about  1.97  eV  (3C)  and  2.91 
eV  (4H).  These  energies  are  in  rather  good  agreement  with  the  donor  ionization  energies  £d(+/++) 
of  about  2.05  eV  in  3C,  3.20  eV  in  4H  (cubic  site),  and  3.18  eV  in  4H  (hexagonal  site).  Therefore, 
we  do  not  exclude  an  interpretation  that  the  measured  lines  are  accompanied  by  transitions  of 
conduction  electrons  into  levels  of  the  V++  vacancy.  However,  other  interpretations,  e.g.  of  the  2.9 

eV  transition  in  4H  as  a  Fc++  intravacancy  one  (cf.  Table  1),  are  possible  [13].  Moreover,  defect 
complexes  seem  to  be  more  likely  [14]. 
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Abstract  We  report  on  the  properties  of  two  well  known  bound  excitons  (BE)  in  silicon  carbide,  the 
DrBE  and  a  hydrogen  related  BE,  here  called  the  H-BE.  We  find  that  in  both  cases  the  BE  may  be 
regarded  as  a  pseudo-donor,  a  strongly  localised  hole  serving  as  the  positive  core.  In  order  to  study 
the  donor-like  states  of  the  BE,  we  use  photoluminescence  excitation  (PLE)  spectroscopy.  Where 
possible,  we  have  compared  our  results  with  the  predictions  of  effective-mass-theory. 

Introduction  Donors  and  acceptors  have  excess  electrons/holes,  and  thus  a  defect  region  with  a 
positively/negatively  charged  core.  Isoelectronic  defects  on  the  other  hand  have  no  net  charge  in  the 
local  bonding  region,  but  may  be  able  to  bind  particles  by  a  short  range  potential  induced  by  either 
an  electronegativity  difference  (e.g.  when  a  crystal  atom  is  replaced  by  another  atom  isovalent  to  the 
crystal  atom)  or  by  a  local  strain  field  at  the  defect.  Once  an  isoelectronic  defect  has  bound  a  particle 
it  becomes  charged.  A  second  particle  may  then  be  bound  in  the  resulting  Coulomb  potential,  in  a 
similar  fashion  as  particles  are  bound  to  donors  and  acceptors.  The  electron-hole  pair,  that  is  in  this 
way  localised  at  an  isoelectronic  defect  is  usually  called  a  bound  exciton  (BE).  If  the  second  particle 
is  an  electron  the  BE  is  called  a  pseudo-donor,  if  it  is  a  hole  the  BE  is  called  a  pseudo-acceptor. 

We  have  studied  two  excitons  in  SiC  bound  at  isoelectronic  defects,  namely  the  DrBE  and  a 
hydrogen  related  BE,  here  called  H-BE.  Emission  due  to  annihilation  of  Di-BE's  usually  dominates 
the  photoluminescence  (PL)  spectrum  of  SiC  after  any  kind  of  bombardment  (ions,  neutrons  or 
electrons)  followed  by  high  temperature  annealing,  whereas  emission  due  to  H-BE  annihilation 
dominates  the  PL  spectrum  of  SiC  implanted  with  hydrogen.  The  defect  responsible  for  the  Di-BE 
has  been  suggested  to  be  intrinsic  [1],  but  its  structure  is  not  known.  The  defect  responsible  for  the 
H-BE  is  known  to  include  a  C-H  bond  [2],  and  has  been  tentatively  assigned  to  a  H  decorated  Si- 
vacancy  [3,  4].  Fig.l  shows  the  DrBE  PL  spectrum  in  4H-SiC,  and  the  H-BE  PL  spectrum  in  6H- 
SiC.  In  order  to  study  the  electronic  structure  of  the  Dr,  and  H-BE's,  we  have  used  PL  excitation 
(PLE)  spectroscopy. 

Results  and  discussion  PLE  spectroscopy  is  a  useful  tool  for  investigating  excited  states  of  BE's 
[5-7].  In  Fig.  2  we  show  the  PLE  spectrum  of  the  Di-BE  in  3C-,  and  4H-SiC,  whereas  Fig.  3  shows 
the  PLE  spectrum  of  one  of  the  H-BE's  in  6H-SiC.  In  all  cases,  a  series  of  states  resembling  a 
hydrogenic  series  of  excited  states  is  observed. 

We  have  recently  reported  a  detailed  investigation  of  the  magneto-optical  properties  of  the 
Di-BE  in  3C-,  and  4H-SiC  [8].  The  Zeeman  splitting  is  isotropic  in  3C-SiC,  whereas  it  is 
anisotropic  in  4H-SiC.  The  anisotropy  in  the  latter  case  is  due  to  the  uniaxial  ciystal  field  present  in 
hexagonal  polytypes.  The  detailed  splitting  pattern  in  both  polytypes  is  consistent  with  a  simple 
electron-hole  pair,  composed  of  an  s-like  electron  and  a  strongly  localised  p-like  hole.  The  strong 
localisation  of  the  hole  is  deduced  from  the  reduced  orbital  g-value  and  spin-orbit  parameter 
compared  to  the  values  associated  with  free  holes.  Also,  in  the  case  of  the  H-BE,  magneto-optical 
studies  on  6H-SiC  indicate  a  strong  localisation  of  the  hole  [4]. 

Since  the  holes  of  the  Dr,  and  H-BE  are  strongly  localised,  the  electron  must  be  the  weakly 
localised  particle  giving  rise  to  the  excited  states  observed  in  the  PLE  spectra  (Figs.  2  and  3).  That 
is,  the  states  are  donor-like  states.  A  good  approximation  to  the  states  of  shallow  donors  in  cubic 
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Wavelength  (A)  Wavelength  (A) 


Fig.  1.  PL  spectra  at  2  K  due  to  the  DrBE  in  4H-SiC  (left)  and  the  H-BE  in  6H-SiC  (right).  Only  transitions 
associated  with  the  lowest  energy  states  of  the  BE's  are  observed  since  thermal  population  of  other  states  is 
insignificant  at  2  K.  There  is  only  one  DrBE  in  4H-SiC.  On  the  other  hand,  there  are  three  H-BE's  in  6H- 
SiC,  and  thus  three  no-phonon  lines  Hi, 2,3  (we  are  not  concerned  here  with  the  so-called  secondary  H-PL 
spectrum  also  present  in  6H-SiC  [3,  4]).  Phonon  replicas  characteristic  for  the  Dr  and  H-BE  spectra  are 
indicated 

semiconductors  can  be  obtained  by  using  effective-mass-theory  (EMT).  Usually,  a  one  valley  EMT 
is  used,  and  thus  splittings  due  to  many  valley  effects  in  indirect  bandgap  semiconductors  are  not 
included.  These  so-called  valley-orbit  (VO)  splittings  are  only  important  for  low  order  S-like  states 
however.  The  excitation  spectrum  of  the  carbon  site  nitrogen  donor  (N-donor)  in  3C-SiC  [9]  is  seen 
to  be  fit  well  by  a  one  valley  EMT  if  one  allows  for  a  VO-splitting  of  the  IS  ground  state.  For  other 
SiC-polytypes  such  as  4H-,  and  6H-SiC  the  situation  is  less  clear.  The  reason  is  twofold:  Firstly, 
published  donor  excitation  spectra  for  these  polytypes  [10,  11]  are  of  much  lower  quality  than  in  the 
case  of  3C-SiC;  Secondly,  the  electron  effective  mass  in  4H-,  and  6H-SiC  has  three  independent 
components  (instead  of  two  in  3C-SiC),  and  the  dielectric  constant  is  anisotropic  (instead  of 
isotropic  for  3C-SiC).  This  makes  EMT  calculations  difficult,  and  to  our  knowledge  such 
calculations  have  not  been  reported. 

In  Fig.  2  we  compare  the  excited  states  of  the  DrBE  in  3C-SiC  with  a  series  of  calculated 
effective-mass-like  electron  states  (S-,  P+-,  and  Po-like).  For  the  comparison  we  use  the  calculations 
of  Faulkner  [12]  using  the  transverse  and  longitudinal  effective  masses  of  the  electron  in  3C-SiC, 
m*  =0.247 mo  and  m,  =  0.667  m0,  as  determined  by  cyclotron  resonance  [13].  Using  these  masses, 
linear  interpolation  of  Faulkner’s  tables  gives  the  series  of  effective-mass-like  states  as  a  function  of 
the  static  dielectric  constant  es  (approximately  9.7  for  3C-SiC  [14,  15]).  The  absolute  energy  of  the 
series  limit  for  the  calculated  states  is  a  free  parameter,  and  has  been  chosen  so  as  to  optimize  the  fit 
of  the  calculated  2S,  2P+,  3S  and  3Do  states  to  peaks  in  the  PLE  spectrum.  According  to  selection 
rules,  excitons  are  created  in  even  parity  states.  However,  experiments  show  that  this  rule  is  not 
always  strictly  obeyed  [16],  and  one  can  thus  expect  to  observe  also  transitions  to  odd  parity  states 
in  the  PLE  spectrum,  albeit  weakly.  This  may  explain  the  apparent  observation  of  the  2P±  state  in 
the  PLE  spectrum.  The  IS  ground  state  of  the  DrBE  in  3C-SiC  is  split  due  to  a  number  of 
interactions  [8],  the  strongest  being  the  valley-orbit  (VO)  interaction.  Estimating  it  from  the 
separation  between  M  and  M2  PLE  peaks  gives:  -9.5  meV.  The  VO-splitting  depends  on  the 
amplitude  of  the  electron  wavefunction  at  the  defect.  In  higher  order  states  the  electron 
wavefunction  is  more  spread  out  and  VO  interaction  is  thus  less  important.  The  exchange 
interaction  between  the  electron  and  the  hole  also  decreases  since  it  depends  on  the  electron-hole 
overlap.  In  a  crude  approximation  one  can  predict  the  VO-splitting  to  scale  as  the  probability 
density  of  hydrogenic  s-states  at  the  origin.  According  to  this,  the  expected  VO-splitting  in  the  28- 
state  of  the  Di-BE  is  eight  times  less  than  the  VO-splitting  in  the  IS  state,  or  approximately 
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Energy  relative  to  L-line  (meV)  Energy  relative  to  L1  line  (meV) 


Fig.  2.  PLE  spectra  of  the  DrBE  in  3C-,  and  4H-SiC  at  2  K.  The  high  energy  parts  of  the  spectra  were 
obtained  by  monitoring  the  L  and  Li  no-phonon  lines  respectively,  whereas  the  low  energy  parts  were 
obtained  by  monitoring  in  the  phonon  assisted  part  of  the  PL  spectra.  Also  shown  in  the  figure,  are  the 
positions  of  calculated  effective-mass-like  electron  states  in  3C-,  and  4H-SiC  (S-like,  P0-like  and  P±-like). 
Our  assignments  to  VO-splitting  of  the  IS  and  2S  states  are  indicated.  In  the  case  of  4H-SiC  the  mMK  and 
mML  electron  masses  are  assumed  to  be  equal  and  anisotropy  in  es  is  neglected. 


Energy  relative  to  H3  line  (meV) 

Fig.  3.  PLE  spectrum  of  the  H3-BE  in  6H- 
SiC.  The  PL  was  monitored  at  the  H3  no¬ 
phonon  line.  Our  assignment  to  VO-splitting 
of  the  IS  state  is  indicated. 


1.2. meV.  The  splitting  between  the  two  PLE  peaks  at 
the  position  of  the  calculated  2S  state  is  ~0.9  meV.  We 
attribute  this  splitting  to  VO  interaction.  As  mentioned 
previously  the  effective  mass  of  an  electron  in  4H-SiC 
is  described  by  three  independent  components. 
Furthermore,  the  dielectric  constant  is  anisotropic, 
characterized  by  two  components:  es(-Lc-axis)  and 
es(||c-axis).  Therefore,  in  principle,  Faulkner’s 
calculations  cannot  be  used  to  describe  the  effective- 
mass-like  states  in  4H-SiC  (the  P+  states  are  for 
instance  expected  to  be  split  into  two  components).  The 
values  of  the  three  masses  are  according  to  cyclotron 
resonance  measurements  [17],  =  (0.58  ±  0.0 \)m0 , 

mMK  =(0.31±0.0l)m0,  and  mML  =  (0.33 ±0.0 l)m0 ,  where 
r,  M,  L  and  K  are  high  symmetry  points  in  the  Brillouin 
zone  .  The  two  masses,  mMK  and  mML  perpendicular  to 


are  very  similar  and  can  to  a  good  approximation  be  considered  as  identical.  If  we  furthermore 
make  the  approximation  that  £s  is  isotropic  in  4H-SiC,  we  can  estimate  the  effective-mass-like 
states  of  the  electron  by  using  Faulkner’s  calculations.  To  our  knowledge,  there  are  no  reported 
values  for  £s  for  4H-SiC.  Room  temperature  values  for  6H-SiC  have  been  reported  however,  and 
are:  £S(J-c-axis)  =  9.66  and  £S(||c-axis)  =  10.03  [14].  We  obtain  a  rather  good  fit  to  the  PLE 
spectrum  of  the  DrBE  in  4H-SiC  by  using  £S=9.6,  and  the  upper  bounds  of  the  effective  masses 
determined  by  cyclotron  resonance  measurements  (the  fitting  aimed  at  achieving  a  good  agreement 
between  peaks  in  the  spectrum  and  the  series  of  calculated  S-like  states  above  IS,  as  well  as  the 
calculated  2P0  and  2P±  states).  The  transverse  and  longitudinal  masses  used  in  the  calculation  are 
thus:  m*  =  «0.33m0  and  m*  =mMr  =059m0.  The  series  of  states  (S-,  P±-,  and  P0-like)  is 

shown  in  Fig.  2.  As  in  the  case  of  3C-SiC  we  have  assigned  part  of  the  splitting  in  the  IS  and  2 S 
states  to  VO  splitting.  Faulkner's  calculations  appear  to  provide  a  good  fit  to  the  Dj-PLE  spectrum 
in  4H-  as  well  as  3C-SiC.  This  supports  the  pseudo-donor  model  for  the  DrBE.  Since  good  quality 
donor  excitation  spectra  have  been  lacking  for  4H-SiC,  the  Di-BE  spectrum  may  prove  to  be  of 
importance  in  the  future  for  comparison  with  more  elaborate  EMT's  for  4H-SiC. 
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Both  experiment  [18]  and  theory  [19]  indicate  that  all  three  components  of  the  electron  effective 
mass  in  6H-SiC  differ  substantially  from  each  other.  Faulkner's  calculations  are  thus  probably  a  bad 
approximation  in  this  case,  and  we  are  therefore  not  able  to  carry  out  an  approximate  analysis  of  the 
H-BE  PLE  spectrum  as  in  the  case  of  the  DrBE  in  4H-SiC.  There  is  nevertheless  an  indirect 
indication  from  the  H-BE  PLE  spectra  which  supports  a  donor-like  behaviour.  Absorption  and 
Raman  [10,  20]  studies  indicate  that  the  VO  splitting  associated  with  the  three  inequivalent  sites  of 
the  nitrogen  donor  in  6H-SiC  is  very  different.  It  is  close  to  13  meV  for  the  hexagonal  site  but 
several  times  larger  for  the  two  cubic  sites.  The  separation  between  the  H3T  peak  and  the  a3  peak  in 
the  H3  PLE  spectrum  is  13.8  meV  (see  Fig.  3).  On  the  other  hand,  we  do  not  observe  any  ot  peaks  in 
the  Hi  and  H2  PLE  spectra  (not  shown  here).  Since  the  Hi  and  H2  lines  are  much  closer  to  the  FE 
absorption  edge  (FEAE)  than  the  H3  line,  their  PLE  spectra  span  a  narrower  energy  range  than  the 
H3  PLE  spectrum.  But  even  so,  the  spectra  show  that  the  a  state  of  the  HrBE  must  be  more  than  35 
meV  above  the  Hu  state,  and  the  a  state  of  the  H2-BE  more  than  45  meV  above  the  H2T  state.  If  we 
assume  the  H-BE  behaves  as  a  pseudo-donor,  the  above  behaviour  is  easily  explained  by  associating 
the  separation  between  the  H3  and  a3  peaks  with  VO-splitting.  In  analogy  with  the  Nc  donors,  we 
can  then  explain  the  apparently  large  VO  splitting  in  the  case  of  the  Hi  and  H2-BE’s  by  associating 
them  with  the  two  cubic  sites,  and  consequently  the  H3-BE  with  the  hexagonal  site. 

Conclusions  We  have  shown  that  two  DrBE  and  the  H-BE  in  SiC  behave  as  pseudo-donors,  a 
strongly  localised  hole  serving  as  the  positive  core.  In  both  cases  previous  magneto-optical  studies 
have  indicated  strong  localisation  to  the  hole  of  the  BE.  The  analysis  of  the  PLE  spectra  of  these 
BE's  further  supports  that  the  secondary  particle  of  the  BE  is  donor-like. 
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Abstract.  We  report  on  the  metastability  behavior  of  a  hydrogen  related  defect  in  6H-SiC.  This 
defect  gives  rise  to  a  low  temperature  photoluminescence  spectrum  and  several  excited  states  have 
been  observed  using  photoluminescence  excitation.  A  quenching  of  the  luminescence  intensity  is 
observed  when  using  prolonged  optical  excitation  either  with  energy  higher  than  the  threshold  for 
phonon  assisted  free-exciton  formation  or  when  the  excitation  energy  is  resonant  with  an  excited 
state  of  the  hydrogen  related  bound  exciton.  Depending  on  the  initial  conditions  different  types  of 
behavior  can  be  observed. 

Introduction 

Metastability  has  been  the  subject  of  many  studies  in  various  semiconductors.  This  behavior  has 
been  observed  using  various  experimental  techniques.  Low  temperature  photoluminescence  (LTPL) 
is  one  of  them,  and  often  the  decrease  in  intensity  of  a  LTPL  spectrum  is  observed  together  with 
the  appearance  followed  by  an  increase  until  saturation  of  a  second  LTPL  spectrum  (see  as  example 
the  chalcogen  in  Si  [1]).  In  SiC  the  metastablity  of  very  few  defects  has  been  studied  until  now  and 
electrical  measurements  were  used  in  these  cases  [2]. 

Hydrogen  has  been  studied  in  many  semiconductors  due  to  its  interesting  properties.  As  a  small  and 
light  atom  it  can  diffuse  fast  and  it  has  also  the  property  to  passivate  both  deep  and  shallow  donor  or 
acceptor  levels.  Hydrogen  is  involved  in  many  steps  for  the  fabrication  of  SiC  devices,  starting  with 
the  material  growth  (bulk  or  epilayer)  and  continuing  with  various  processes  (cleaning,  etching  ...). 
After  implantation  with  hydrogen  atoms,  the  LTPL  spectrum  of  SiC  reveals  strong  bound  exciton 
(BE)  lines  which  were  observed  in  4H-,  6H-  and  15R  polytypes  but  not  in  the  3C  material  [3,4], 
The  PL  spectra  after  H  and  D  implantation  are  very  similar  and  differ  only  for  the  energy  position 
of  some  phonons  assisted  side-bands  lines  which  were  associated  with  C-H  or  C-D  bond-stretching 
vibrational  modes,  respectively.  The  defect  that  gives  rise  to  the  LTPL  spectrum  was  proposed  to 
consist  of  an  H  (or  D)  atom  bonded  to  one  of  the  four  C  atoms  neighboring  a  Si  vacancy.  This 
LTPL  spectrum  is  also  observed  from  SiC  epilayers  grown  by  chemical  vapor  deposition  [5].  After 
intense  excitation  at  low  temperature  the  H-BE  spectrum  decreases  in  intensity.  Annealing  at  room 
temperature  can  restore  the  original  intensity  of  the  spectrum. 

We  present  here  results  for  the  so-called  primary  H3-BE  and  use  results  from  photoluminescence 
excitation  (PLE)  study  which  reveals  several  excited  states  of  the  H3-BE. 

Experimental 

The  sample  used  in  this  study  was  a  thick  epilayer  (180  pm)  which  was  grown  on  Si  face  on-axis 
6H-SiC  substrate  by  high  temperature  chemical  vapor  deposition  [6].  The  substrate  was  removed 
after  growth  for  the  LTPL  measurements.  LTPL  and  PLE  spectra  were  recorded  at  2K.  For  the 
LTPL  the  351  nm  line  of  an  Ar+  ion  laser  was  used  as  excitation^above  band-gap),  whereas  for  the 
PLE  spectroscopy  a  tunable  dye  laser  (in  the  range  4000  -  4300  A)  pumped  with  the  UV  multi  lines 
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of  the  Ar+  ion  laser  was  used  with  a  power  between  10  to  25  mW  depending  on  the  wavelength.  The 
luminescence  was  spectrally  resolved  by  a  0.85  m  SPEX  1404  double  monochromator  fitted  with 
1800  groves/mm  gratings,  and  detected  by  a  UV  sensitive  photomultiplier  tube  operating  in  photon 
counting  mode. 

Results. 


Figl.a)  LTPL  spectrum  of  the  H-BE  in  6H-SiC  and  b)  PLE  spectrum  of  the  H3-BE  line. 

FEAE  denoted  the  free-exciton  absorption  edge. 

When  using  above  band  gap  excitation  a  typical  H-BE  LTPL  spectrum  is  observed  (Fig.  La).  The  R 
and  S  lines  are  the  no-phonon  (NP)  lines  associated  to  the  nitrogen  bound  exciton.  The  peaks  at 
about  4178  and  4187A  are  to  our  knowledge  of  unknown  origin.  The  H1.3  lines  are  the  NP  lines 
associated  with  the  primary  H-BE’s  and  the  H4-5  arc  the  NP  lines  related  to  the  secondary  H-BE. 
They  are  attributed  to  exciton  recombination  at  two  different  charge  states  of  the  same  centers. 

The  PLE  spectrum  detected  at  the  H3  NP  line  at  2K  is  shown  in  Fig.  Lb.  The  high  energy  part  of  the 
spectrum  shows  clearly  the  step-like  absorption  edge  due  to  the  creation  of  the  free-exciton  (FE) 
with  the  assistance  of  momentum  conserving  lattice  phonons.  Some  Raman  peaks  are  also  observed 
such  as  R1-2,  which  are  easily  identified  when  shifting  the  detection  wavelength  from  the  H3  NP 
line.  The  other  peaks  (H3T,  a3  and  63)  are  related  to  various  excited  states  of  the  H3-BE. 

It  has  been  previously  reported  that  with  above  band-gap  excitation  a  slow  decrease  of  the  H3-BE 
line  is  observed  [5].  Room  temperature  annealing  can  restore  the  original  intensity  of  the  signal. 
Two  explanations  have  been  proposed:  1)  a  transition  of  the  defects  due  to  the  illumination  into  a 
different  charge  state  [7]  could  influence  the  LTPL  spectrum  intensity  or  2)  a  dissociation  due  to  a 
recombination-enhanced  [8]  defect  reaction. 

In  Fig.2  the  decrease  of  the  H3-BE  line  is  shown  as  a  function  of  time  when  exciting  at  the  a3 
excited  state  energy  position.  Similar  behavior  was  observed  when  exciting  resonantly  at  the  H3T  or 
63  lines.  After  one  minute  of  excitation  the  signal  has  decreased  to  about  70%  of  its  original 
intensity  and  after  one  hour  only  10%  of  the  initial  signal  is  detected. 

The  intensity  of  the  H3-BE  line  was  studied  while  going  through  a  sequence  of  different  excitation 
energies.  After  a  quenching  during  1  minute  (to  obtain  about  70%  of  its  initial  intensity),  the 
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Fig.  3:  Intensity  of  the  H3-BE  line  as  a 
function  of  time  at  2K  during  laser 
excitation  above  the  FEAE,  a)  without 
previous  excitation  and  b)  after  resonant 
excitation. 

wavelength  excitation  was  then  changed  to  an  off-resonant  wavelength,  which  did  not  coincide  v/ith 
the  position  of  any  of  the  PLE  peaks  below  the  FE  absorption  energy  (FEAE)  and  kept  there  for  one 
hour.  The  excitation  was  then  changed  back  to  the  a3  position.  The  H3-BE  line  intensity  was  the 
same  as  before  the  off-resonant  excitation  (70%).  This  experiment  was  repeated  for  various  energies 
at  off-resonant  excitation.  This  shows  that  the  quenching  during  off-resonant  excitation  is 
negligible. 

The  quenching  observed  here  has  a  non-exponential  behavior  but  that  does  not  rule  out  the 
possibility  to  have  a  direct  quenching  of  the  H-BE.  To  be  able  to  observe  rapidly  a  quenching,  the 
laser  spot  needs  to  be  focused  on  the  sample  since  the  higher  the  excitation,  the  faster  the 
quenching.  However,  the  detected  luminescence  contains  contribution  from  different  regions:  The 
intensity  at  the  center  of  the  laser  spot  is  higher  than  that  at  the  periphery.  Weak  luminescence 
coming  from  regions  outside  the  laser  spot  due  to  exciton  diffusion  from  the  laser  spot  area  can  also 
influence  the  results. 

In  an  other  experiment  the  sample  was  cooled  in  complete  darkness  and  the  H3-BE  line  intensity 
was  recorded  when  excited  with  a  photon  energy  above  the  FEAE  (Fig.3.a).  A  decrease  of  the 
intensity  was  observed  until  a  steady  state  was  observed  which  corresponded  to  about  50%  of  its 
initial  intensity.  Thereafter  the  H3-BE  line  was  quenched  with  resonant  excitation  at  the  a3  position 
during  more  than  90  minutes  to  reach  only  a  few  %  of  its  initial  value.  The  excitation  was  then 
changed  to  above  the  FEAE.  An  increase  in  intensity  of  the  H3-BE  line  was  observed  and  the 
intensity  was  reaching  about  the  same  steady  state  value  as  previously  (Fig.3.b). 

Discussion. 

We  tentatively  explain  the  results  obtained  in  this  study  by  proposing  the  existence  of  two  forms  of 
the  H-defect,  one  stable  A  giving  rise  to  the  observed  LTPL  and  a  second  metastable  B  which  does 
not  give  rise  to  a  LTPL  (at  least  not  within  the  energy  region  studied  here).  The  transformation  from 
stable  to  metastable  (A  ->  B)  can  be  done  by  capture  and  recombination  of  a  FE  or  a  resonantly 
excited  BE  whereas  transformation  from  metastable  to  stable  (B  ->  A)  can  be  obtained  by  the 
capture  and  recombination  of  FE. 


1  ■  1  ■  >  1  1  ■  >  >  1  1 1 1  1  i  ■  ■  ■  1  t  ■  1  1  i  1  1  1 
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Fig.2  :  Decay  of  the  H3-BE  line  at  2K 
during  resonant  excitation. 
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When  the  excitation  is  resonant  with  the  H-BE  only  the  transformation  from  stable  to  metastable  (A 
~ >  B)  is  possible,  giving  rise  to  an  almost  complete  quenching  the  H-BE  LTPL  lines. 

When  the  excitation  is  above  the  FEAE,  both  transformations  operate.  If  all  H-defects  are  in  the 
stable  state  initially  (cooling  from  room  temperature  to  2K  in  darkness),  the  H-BE  PL  line  will 
decrease  until  there  are  enough  H-defects  in  the  metastable  form  to  make  the  transformation  B  ->  A 
as  probable  as  the  transformation  A  B.  This  fact  explains  the  results  illustrated  in  Fig.3.a,  where 
the  observed  quenching  is  never  complete. 

These  both  forms  A  and  B  could  be  either  two  different  charge  states  of  the  same  H-defect,  or  two 
configurations  of  the  same  charge  state  of  the  H-defect.  When  using  resonant  excitation  the 
transformation  A  — » B  is  observed  to  be  very  efficient,  this  means  that  the  excitation  of  the  H-defect 
depends  of  the  BE  formation.  In  this  case  an  electron  cannot  be  released  or  captured  at  the  H-defect 
which  could  change  the  state  charge  of  the  defect.  The  second  possibility  is  to  change  the  charge 
state  of  the  H-defect  if  an  Auger  process  is  involved  in  the  H-BE  recombination.  However  this  type 
of  process  will  be  very  fast  (few  nanoseconds)  and  does  not  agree  with  the  experimental  observed 
lifetime  of  the  H-BE  (in  the  hundred  of  microsecond  range  [3]).  The  change  of  charge  state  is  thus 
not  the  plausible  explanation  for  the  quenching  of  the  H-BE.  We  tentatively  propose  the  existence 
of  two  configurations  of  the  same  charge  state.  The  most  probable  mechanism  by  which  the  BE 
induces  the  change  of  the  configuration  is  through  vibrational  excitation  released  by  the 
recombination  of  the  BE.  The  local  vibrational  energy  could  help  the  defect  to  overcome  the  barrier 
to  the  other  configuration. 
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Abstract 

Infrared  reflection  measurements  at  near  normal  incidence  between  400-7800  cm'1  have  been 
performed  on  ion-implanted  and  excimer  laser  irradiated  bulk  4H-SiC  wafers.  A  simulated 
annealing  algorithm  was  used  to  fit  a  Lorenz-Drude  model  to  the  Reststrahlen  region.  The 
parameters  of  this  model  are  directly  related  to  the  structure  and  electronic  properties  of  the 
material.  By  examining  the  real  and  imaginary  parts  of  the  refractive  index  we  are  able  to  observe 
both  damage  induced  by  ion-bombardment  and  lattice  recovery  induced  by  excimer  laser  irradiation. 
The  optimum  laser  fluence  for  lattice  recovery  is  close  to  1  J  cm'2,  after  which  the  laser  appears  to 
damage  the  SiC  surface.  Ultraviolet/visible  reflectivity  and  photoluminescence  provide  additional 
evidence  of  an  optimal  annealing  fluence.  A  consequence  of  the  modeling  is  the  deduction  of 
estimates  for  the  plasma  frequency  and  carrier  densities  in  annealed  material. 

Introduction 

Silicon  Carbide  (SiC)  receives  strong  attention  for  high  power,  high  frequency,  high  temperature 
and  radiation  resistant  devices  [1,  2].  Essential  for  the  realisation  of  Field  Effect  Transistors 
(FET’s),  are  source/drain  contacts  with  very  low  ohmic  characteristics  [3,  4].  In  general  contact 
regions  are  heavily  doped  in  order  to  reduce  the  barrier  height,  but  extrinsic  doping  of  SiC  presents 
a  considerable  challenge  to  device  engineers.  Thermal  diffusion  is  not  a  feasible  technology  for  self- 
aligned  structures.  The  thermal  diffusion  coefficient  of  SiC  is  extremely  low  [5]  and  while  diffusion 
can  be  enhanced  at  temperatures  -1800K  dielectric  masking  layers  begin  to  dissociate  [6]. 
Similarly,  thermal  annealing  of  ion-implantation  lattice  damage  presents  difficulties  and  other 
methods  of  recovering  the  lattice  while  maintaining  the  polytype  structure  are  essential  in  SiC.  In 
this  paper  we  present  results  of  experiments  on  the  use  of  excimer  lasers  to  activate  the  dopants. 
Excimer  laser  irradiation  has  the  advantage  that,  with  a  typical  pulse  duration  ~25ns,  the  high  pulse 
power  enables  very  high  surface  temperatures  to  be  achieved  with  minimal  lateral  heat  flow.  We  use 
Fourier  Transform  InfraRed  (FTIR)  reflection  spectroscopy  as  a  diagnostic  technique  to  characterise 
the  surface  and  subsurface  modifications  following  ion  implantation  and  excimer  laser  annealing.  A 
simulated  annealing  algorithm  has  been  developed  to  optimise  a  Lorenz-Drude  description  in  order 
to  quantify  the  electrical  and  physical  properties  of  the  modified  SiC  surface. 

Experimental 

Experimental  investigations  were  made  on  three  different  wafers  of  4H-SiC  bulk  crystals  from  Cree 
Research,  Inc.  As-grown  p-type,  epitaxial  p-type,  and  implanted  p-type  material.  Samples  #A,  #B 
and  #D  were  (0001)  oriented  and  implanted  with  N14  ions  at  doses  in  the  ratio  0.57:0.29:0.14  at 
energies  of  140,  80,  30keV  respectively  to  achieve  a  flat  dopant  profile.  Sample  #B  was  capped  with 
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100-200nm  of  Si3N4  as  an  attempt  to  prevent  sublimation.  An  epitaxial  sample,  #E,  was  implanted 

at  20,  40,  and  60keV  to  a  total  dose  of  1  x  10 15  cm'2 .  Prior  to  irradiation  the  samples  were  cleaned  in 
a  standard  ethanol  rinse  in  an  ultrasonic  bath  and  spun  dry  with  de-ionized  water. 

The  laser  irradiation  was  carried  out  using  a  Lumonics  TE-840-L  XeCl  excimer  laser  with  a  pulse 
duration  -25ns.  The  sample  chamber  was  pressurised  to  35  bar  in  order  to  sustain  melting.  A 
combination  of  a  spherical  and  cylindrical  lens  was  used  to  form  a  250  jLtmx  5mm  image  of  a  square 
aperture.  The  sample  was  placed  behind  a  proximity  mask  and  translated  horizontally  across  the 
beam  to  produce  an  irradiated  area  4.5mmx4.5mm.  Neutral  density  filters  were  used  to  select  the 
laser  fluences  in  the  range  of  0.7  to  1.5  Jem”2  at  2,  5,  and  10  pulses. 

PL  and  ultra  violet/visible  reflectivity  measurements  were  carried  out  using  an  Ocean  Optics  S2000 
CCD  array  spectrometer  with  a  bifurcated  fibre  reflection  probe  situated  normal  to  the  sample 
surface.  A  broad  band  PL  spectrum  between  350  and  700nm  at  77K  was  measured  with  a  resolution 
~2nm. 


Room  temperature  infrared  reflectance  measurements  were  carried  out  on  near  normal  incidence 
(16°)  using  a  Perkin-Elmer  Paragon  1000  FTIR  spectrometer.  Each  sample  received  64  scans  at  a 
resolution  of  1  cm-1  between  400  and  7800  cm”1 . 

The  infrared  reflectivity  of  the  SiC  wafer  was  modelled  as  an  air/damaged-SiC/bulk-SiC  system 
using  the  matrix  algorithm  introduced  by  Harbecke  [7],  in  which  the  complex  index  of  refraction 
and  the  thickness  of  the  SiC  layer  determine  the  matrix  elements.  The  substrate  is  modelled  as  half¬ 
infinite  bulk  material  because  the  rough  backside  of  the  materials  scatters  the  radiation  and  a 
negligible  amount  is  reflected  back. 

The  complex  dielectric  function  e  for  silicon  carbide  in  the  infrared  was  calculated  using  the 
formalism  given  in  [8,  9] 


£=(n  +  ik)2  =£«,- 


£  V. 


fy 


v(v+iy) 


vz  +  iTv 


(Eq.  1) 


where  n  is  the  refractive  index,  k  is  the  extinction  coefficient,  i  -  V-l,  v  is  the  infrared  frequency, 
is  the  high-frequency  dielectric  constant,  vp=V(Ne2/(7i:  m *&*>))  is  the  plasma  wavenumber  due  to  free 
carrier  of  density  N ,  effective  mass  m*  and  electron  charge  e,  ^e/(m*|i)  is  the  free-carrier  damping 
constant  for  carriers  with  mobility  jll,  f  is  the  oscillator  strength,  VYo  is  the  resonant  frequency 
(transverse  optical  mode)  and  /"is  the  phonon  damping  coefficient. 

The  modelled  and  the  measured  infrared  spectrum  were  compared  and  a  least  square  sum  was  used 
to  assess  the  quality  of  the  fit.  Global  minimisation  of  this  least  square  sum  was  achieved  using  a 
simulated  annealing  algorithm  [10]. 

Results  and  Discussion 

Fig.  1  shows  the  infrared  reflection  measurements  on  the  as-grown  material  and  material  implanted 
with  doses  of  lxlO14  cm'2  and  3xl015  cm'2.  The  reflectivity  maximum  of  the  Reststrahlen  band 
decreases  with  implantation  dose  compared  to  the  as-grown  material.  Shown  in  the  same  graph  is 
the  real  part  of  the  complex  refractive  index  of  the  damaged  layer  which  illustrates  the  difference  in 
optical  behaviour  between  the  as-grown  and  modified  material.  The  high  reflectivity  in  the 
Reststrahlen  region  is  due  not  to  the  real  part  of  the  refractive  index,  where  n  <  1,  but  to  the 
extinction  coefficient  which  is  very  high.  Hence  the  absorption  takes  place  very  close  to  the  surface. 
Figs.  2  and  3,  show  the  optical  behaviour  of  the  sample  implanted  at  a  dose  of  lxl014cm”2. 
Recovery  appears  to  have  taken  place  at  a  laser  fluence  of  1.0  J  cm'2 ,  where  it  can  be  seen  that  the 
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Fig.  1  IR  reflection  spectra  and  refractive  index  of 
nitrogen  ion  implanted  and  as-grown  4H-SiC 
(Dose:  — as-grown,  —  MO14  cm2,  ■—  3- 1015  cm2) 


700  750  800  850  900  950  1000 
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Fig.  3  Extinction  coefficient  for  laser  annealed  sample 
of  4H-SiC 


Wavelength  [nm] 

Fig.  4  Photoluminescence  spectra  for  4H-SiC  at  77K 
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Fig.  5  Plasma  wavenumbers  for  laser  annealed  4H-SiC 
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Fig.  6  Reflectivity  of  excimer  laser  annealed  4H-SiC 
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refractive  index  and  extinction  coefficient  are  vastly  different  from  both  the  implanted  and  laser 
damaged  material. 

Fig.  4  shows  the  PL  intensity  as  a  function  of  incident  laser  fluence.  The  maximum  PL  intensity 
occurs  at  1.0  J  cm 2  and  the  reduction  at  higher  fluences  is  consistent  with  n  and  k  data  in  Figs.  2 
and  3,  which  indicate  some  degree  of  lattice  disorder.  Fig.  5  shows  the  plasma  frequencies  of  the 
laser  irradiated  material  along  with  the  values  found  for  as-implanted  material  (horizontal  lines). 
Ultraviolet/visible  reflectivity  data  between  300  and  450nm  of  excimer  laser  irradiated  material  for 
the  low  dose  implanted  sample,  (lxl0,4cm-2)  are  shown  in  Fig.  6.  Here  it  can  be  seen  that  the 
reflectivity  increases  with  laser  fluence.  The  top  curve  corresponds  to  the  theoretical  reflectivity  of 
bare  silicon  [11]  and  the  peak  ~360nm  matches  the  emerging  peak  in  SiC.  This  indicates  the 
existence  of  elemental  polycrystalline  silicon  which  is  consistent  with  the  thermodynamic  argument 
[12]  that  SiC  dissociates  into  molten  Si  with  dissolved  carbon  at  temperatures  close  to  the  melting 
point.  This  strongly  suggests  that  lattice  recovery,  as  indicated  in  figs.  2  and  3,  occurs  at  fluences 
such  that  the  surface  is  below  the  melting  point  and  only  at  higher  fluences  does  the  surface  melt. 
Most  interestingly,  however,  the  shift  in  plasma  frequency  deduced  from  the  modelling  occur  at  the 
higher  fluence  and  is  still  increasing  with  fluence.  It  is  possible  that  lattice  recovery  using  pulsed 
excimer  laser  annealing  is  not  coincident  with  dopant  activation  and  that  the  high  carrier  densities 
are  a  direct  consequence  of  the  laser  induced  damage  to  the  surface.  Comparisons  can  be  made  with 
file  low  contact  resistivity  data  of  Lliadis  [13]  et  al  where  surface  modifications  using  Ga  focused 
ion  beams  lower  the  surface  barrier  by  increasing  the  amount  of  disorder. 

Conclusion 

We  are  able  to  observe  the  recovery  of  the  lattice  and  the  onset  of  activation.  From  the  modelling  of 
the  reflectivity  spectra  we  conclude  that  material  annealed  at  the  optimal  fluence  resembles  closely 
the  as-grown  material.  We  have  also  deduced  estimates  of  the  plasma  frequencies  and  carrier 
concentrations,  but  it  appears  that  the  optimum  fluence  for  carrier  activation  is  not  the  same  as  the 
optimum  fluence  for  lattice  recoveiy. 
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Abstract  A  series  of  hot  (600°C)  and  room  temperature  (RT)  C-Al  ion  co-implanted  6H-SiC 
epilayers  were  studied  by  micro-Raman  scattering  and  photoluminescence.  The  damage  and 
amorphization  of  SiC  layer  by  co-implantation,  and  the  elimination/suppresion  of  the  implantation 
induced  amorphous  layer  via  high  temperature  annealing  are  observed.  The  recovery  of  the 
crystallinity  and  the  activation  of  the  implant  acceptors  are  confirmed.  The  results  from  hot  or  RT 
co-implantation  are  compared. 

1.  Introduction 

Ion  implantation  is  a  promising  technique  for  the  SiC-based  device  development.  It  is,  in 
particular,  suitable  for  the  selective  doping  in  SiC  device  fabrication.  The  n-type  doping  with  a  high 
density  of  donor  activation  in  SiC  can  be  obtained  by  N  ion  implantation  [1].  N*  implantation  into 
p-type  6H-  and  4H-SiC  epilayers  at  room  and  elevated  temperatures  has  also  been  successful  [2]. 
Efforts  on  the  p-type  A1  and  B  ion-implantation  into  6H-SiC  have  been  explored  [3,4].  To  find  a 
good  way  to  improve  the  acceptor  implant  activation  in  SiC,  we  have  explored  the  C-Al  co¬ 
implantation  [5-7].  Electrical  characterization  has  shown  a  large  reduction  of  both  the  sheet 
resistivity  in  the  C-Al  co-implanted  6H-SiC  epilayer  and  the  specific  contact  resistivity  of  A1 
contacts  made  on  C-Al  implanted  layer,  indicating  enhanced  acceptor  activation  efficiency  [5,6]. 
Preliminary  optical  measurements  have  also  provided  the  evidence  on  the  activation  of  acceptors 
and  the  recrystallization  of  C-Al  co-implanted  6H-SiC  by  high  temperature  annealing  [7].  In  this 
report,  we  further  studied  the  effects  of  Al-C  ion  co-implantation  on  epitaxial  n7n+  6H-SiC  and  high 
temperature  (1550°C)  annealing  by  way  of  micro-Raman  scattering  (p-RS)  and  micro¬ 
photoluminescence  (p-PL)  spectroscopy.  Focus  is  on  the  comparison  of  results  from  the  hot  (600°C) 
and  room  temperature  implantation  with  different  implanted  dose  levels. 

2.  Experiment 

Table  I  Ion  implantation  concentration  and  temperature 


type/concentration  (cm'3)  temperature  and  sample  No. 


C+:  6xl020,  Al+:  6xl020 

600°C 

(E2) 

RT 

(E3) 

C+:  8xl020,  Al+:  8xl020 

s 

o 

o 

O 

(E5) 

RT 

(E6) 

C+:  lxlO21,  Al+:  lxlO21 

600°C 

(F2) 

RT 

(F3) 

C+:  2xl021,  Al+:  2xl021 

600°C 

(F4) 

RT 

(F5) 

Four  pairs  of  C+-A1+  co-implanted  (with  implant  energies  of  50-200  keV)  6H-SiC  epitaxial 
films,  ~10  pm  thick,  n-type  doped  with  nitrogen  to  ~lxl016  cm'3  and  grown  on  n+  (~lxl018  cm"3) 
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6H-SiC  substrates,  were  studied.  The  multiple-energy  implantation  was  used  to  create  box  profiles 
of  0.2  pm  deep  with  uniform  concentrations  of  both  C  and  A1  based  on  profile  simulation  as  shown 
in  Table  I.  Each  pair  consists  of  two  samples  with  the  same  C+-A1+  implanted  concentrations  but 
under  hot  (600°C)  or  room  temperature  (RT),  listed  in  Table  I.  Two  Renishaw  Raman  microscope 
systems  with  514  nm  and  325  nm  excitations  were  used  for  Raman  and  photo  luminescence  (PL) 
measurements  at  RT. 

3.  Raman  scattering  under  514.5  nm  visible  excitation 

Figure  1  shows  micro-Raman  spectra 
from  several  6H-SiC  samples.  The  spectrum  for 
the  non-implanted  comer  exhibits  the  main 
Raman  modes  for  a  perfect  6H-SiC  crystal  [7]. 

After  C+-A1+  co-implantation  at  RT  with 
different  concentrations,  three  broad  Raman 
bands  appeared,  as  shown  in  Figs,  la-lc.  They 
are  caused  by  Si-Si,  Si-C  and  C-C  vibrations, 
respectively,  which  are  typical  for  amorphous 
SiC  [8].  Single  crystalline  6H-SiC  characteristic 
Raman  bands  [9]  of  two  E2(TO)  and  one  Ai(LO) 
are  weakly  superposed  on  the  top  of  the  Si-C 
amorphous  band.  These  indicate  the  damage  of 
6H-SiC  crystallinity  and  the  formation  of 
amorphous  phase  due  to  the  ion  implantation. 

However,  after  annealing  at  1550°C  for  30 
minutes,  these  broad  features  are  almost 
eliminated,  and  a  Raman  spectrum  similar  to  that 


from  a  single  crystalline  6H-SiC  appears  as  shown  in 
Fig.  Id,  implying  the  recovery  of  the  SiC  crystalline 
structure. 

Samples  under  C+-A1+  hot  implantation  at 
600°C  and  before  annealing  showed  quite  different 
Raman  spectral  shapes.  They  did  not  show  the  three 
strong  amorphous  bands  as  shown  in  Figs,  la-lc, 
instead,  they  showed  only  very  weak  amorphous 
features,  as  shown  in  Fig.  2a,  with  major  features 
from  crystalline  6H-SiC.  This  indicates  that  the  hot 
implantation  causes  much  less  damage  in  6H-SiC 
than  that  for  RT  ion  co-implantation.  After  annealing 
at  1550°C  for  30  minutes,  they  exhibited  p-RS  of  Fig. 
2b,  which  is  close  to  Fig.  Id.  Comparing  two 
magnified  (by  a  factor  10)  spectra  in  Figs.  2a-2b,  it 
can  be  found  that  after  high  temperature  annealing, 
200  400  eoo  boo  iooo  1200 1400 1600 1800  2000  the  weak  a-SiC  features  have  been  further 
Raman  Shift  {cm  )  suppressed.  The  Raman  spectrum  from  the  hot- 

Figure  2.  Raman  spectra,  excited  under  514  implanted/annealed  sample  is  very  close  to  that  from  a 
nm,  from  a  hot  (600°C)  C+-A1+  co-implanted  perfect  crystalline  6H-SiC. 

6H-SiC,  F4,  with  a  concentration  of  2x1 021 
cm'3  for  CVA1+,  (a)  before  and  (b)  after 
annealing  at  1550°C  for  30  minutes. 


Figure  1.  Raman  spectra,  under  514  nm  excitation, 
from  three  n'/n+  epitaxial  6H-SiC  with  C-Al  ions 
co-implanted  at  RT  with  different  concentrations, 
(a)-(c),  and  an  annealed  sample,  (d). 
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Figure  3.  RT  p-PL  probing  from  n'/n+ 
epitaxial  6H-SiC:  (a)  non-implanted,  (b) 
non-annealed  and  (c)  annealed  (1,550°C) 
Al+-C+  hot  (600°C)  co-implanted  with  C- 
A1  concentration  of  8xl020  cm'3,  (d)  non- 
annealed  and  (e)  annealed  RT  Al+-C+  co¬ 
implanted  with  C-Al  doses  of  8xl020  cm'3, 
and  (f)  annealed  RT  Al+-C+  co-implanted 
with  C-Al  doses  of  2xl021  cm'3. 


4.  Micro-PL  under  325  nm  excitation 

Figure  3  exhibits  RT  p-PL  spectra  of  several  hot 
and  RT  C+-A1+  co-implanted  6H-SiC.  The  non- 
implanted  comer  shows  a  strong  RT  PL  band  at  2.93 
eV,  due  to  the  free-to-bound  transition  involving 
nitrogen,  FBN,  with  a  100  meV  phonon  side  band  in  its 
low  energy  side  [10].  A  deeper  and  very  broad  band 
with  the  peak  energy  at  ~2.1  eV  might  be  due  to  the 
defects  related  emissions  and  its  origin  is  unknown  yet. 
After  the  C+-A1+  co-implantation,  these  PL  emissions, 
in  particular  the  FBn  band,  are  weakened  considerably, 
as  shown  in  Figs.  3b  and  3d,  indicating  the  severe 
damage  of  the  crystalline  structure.  However,  the  PL 
spectrum  in  Fig.  3b  for  a  hot  implanted  sample  E5  still 
showed  the  FBn  band  and  the  2.1  eV  band  weakly, 
while  the  spectrum  in  Fig.  3d  for  a  RT  implanted  one 
showed  no  features  at  2.1  eV  and  only  a  very  broad 
bump  between  2. 5 -3. 4  eV.  This  comparison  indicates 
that  the  hot  implanted  sample  has  less  damage  than  the 
RT  implanted  one. 

Through  annealing  at  1550°C  for  30  minutes  on 
implanted  samples,  the  FBn  band  was  re-covered  with 
its  peak  intensity  close  to  the  value  before  implantation 
in  both  cases  (Figs.  3c  and  3e).  For  the  hot-implanted 
/annealed  sample,  a  new  broad  PL  band  with  a  peak 
energy  at  ~2.4  eV  appeared  (Fig.  3c),  superimposed  on 
the  2.1  eV  defects  related  band.  This  is  due  to  the  A1 
acceptor  [10]  or  C-Al  complex.  However,  for  the  RT 
implanted/annealed  sample  with  the  same  amount  of 


implanted  doses  and  after  annealing  under  the  same  conditions,  there  exists  a  very  broad  band 
spreading  over  1. 7-2.7  eV.  It  is  most  likely  due  to  a  combination  of  the  deep  defect  2.1  eV  band  and 
the  Al-activated  2.4  eV  band.  Furthermore,  Fig.  3f  exhibits  a  PL  from  a  RT  implanted/annealed 


sample  with  the  implanted  concentration  much  higher  than  the  one  in  Fig.  3e.  The  FBn  band  in  Fig. 
3f  is  much  weaker  than  that  in  Fig.  3e,  and  its  Al-acceptor  activated  2.4  eV  band  component  is 


weaker  than  one  in  Fig.  3e  also.  This  indicates  that  too 
high  an  implantation  dose  will  make  it  difficult  to 
anneal  out  implantation  damage  completely. 

5.  Raman  scattering  under  325  nm  UV  excitation  g 

To  better  understand  the  spectral  behavior  from  & 
these  co-implanted  samples,  further  Raman  J 
measurements  using  other  excitation  wavelengths, 
such  as  488  nm  and  325  nm,  were  performed.  When 
the  488  nm  excitation  was  applied,  the  RT  implanted 
samples  showed  Raman  spectra  with  three  Si-Si,  Si-C  600  soo  1000  1200  1400  ieoo 

and  C-C  amorphous  bands  similar  to  that  of  Figs,  la-  Raman  shift  (cm'1) 


lc,  but  without  the  superposed  sharp  crystalline  6H  Figure  4.  Raman  spectra  from  a  n7n+ 
SiC  features  of  E2(TO)  and  Ai(LO)  (not  shown  here).  epitaxial  6H-SiC,  E-6,  excited  under  325  nm, 
This  indicates  that  the  488  nm  laser  line  can  probe  the  for  (a)  non-implanted  comer,  and  Af-C+  co¬ 


implantation  induced  a-SiC  layer  but  can  not  penetrate  implanted  region  (b)  before  and  (c)  after 
through  it  to  probe  the  underneath  crystalline  6H-SiC.  annealing. 
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Figure  4  shows  the  UV  (325  nm)  excited  jx-RS  probe  on  a  n'/n+  epitaxial  6H-SiC  with  RT 
implantation  doses  of  2xl021  cm"3  for  both  C+  and  Al+.  From  the  non-implanted  comer,  6H-SiC 
characteristic  E2(TO)  and  A2(LO)  modes  are  exhibited.  After  C+-A1+  RT  co-implantation,  neither 
these  Raman  features  nor  the  broad  amorphous  bands  can  be  detected  under  the  same  measurement 
conditions,  unlike  the  case  of  514  nm  excitation  as  shown  in  Figs,  la-lc.  However,  after  high 
temperature  annealing,  the  crystalline  6H-SiC  characteristic  Raman  E2(TO)  and  A2(LO)  features  are 
re-covered  as  shown  in  Fig.  4c.  Because  the  laser  probe  depth  of  the  325  nm  excitation  is  much  less 
than  that  of  the  514  and  488  nm  excitations,  this  shows  that  the  near  surface  6H-SiC  layers  were 
badly  damaged  under  RT  C+-A1+  co-implantation,  however,  after  high-T  annealing,  the  implanted 
layers  are  recovered  with  good  crystallinity. 

The  dramatic  changes  in  above  micro-probing  RS-PL  spectra  for  6H-SiC  can  be  explained 
from  the  behavior  of  the  absorption  coefficient  of  the  implantation  induced  a-SiC  layer  [7].  The 
above  results  show  that  the  514  nm  light  can  penetrate  through  the  0.2  pm  a-SiC  layer  slightly,  the 
488  nm  light  can  not,  and  the  325  nm  light  can  probe  the  very  top  thin  layer  of  SiC  only. 

Further  temperature-dependent  studies  of  p-RS  were  also  performed  (data  not  shown  here). 
The  major  Ai(LO)  and  E2(TO)  6H-SiC  modes  can  be  detected  from  all  the  C+-A1+  co¬ 
implanted/annealed  samples  over  a  wide  range  of  temperature,  80-870  K  and  they  are  very  close  to 
the  spectra  from  non-implanted  6H-SiC.  These  provide  a  further  evidence  of  the  recrystallization  of 
the  C-Al  co-implanted/annealed  6H-SiC  and  the  activation  of  implant  acceptors.  Further  analyses 
will  provide  more  supports  on  our  conclusions  in  details. 

6.  Conclusion 

In  summary,  a  series  of  hot  (600°C)  and  RT  C+/A1+  co-implanted  6H-SiC  epitaxial  films 
were  studied  by  means  of  micro-Raman  and  PL  spectroscopy.  Visible  Raman  probing  on  all  the  RT 
implanted  samples  before  annealing  showed  broad  amorphous  bands  corresponding  to  Si-Si,  Si-C 
and  C-C  vibrations,  while  the  hot  implanted  samples  exhibited  different  spectra  with  weak  a-SiC 
features  and  strong  characteristic  6H-SiC  modes.  High  temperature  annealing  recovered  the 
crystalline  6H-SiC  modes  for  both  cases.  Wavelength  dependent  Raman  scattering  has  probed 
different  depth  of  SiC  layer,  showing  different  features.  UV  PL  micro-probing  reveals  the 
marvellous  variations  of  RT  PL  spectra  for  samples  without  implantation,  C+-A1+  co-implanted  but 
before  annealing,  and  implanted/annealed.  The  annealing-recovered  A1  related  2.4-eV  PL  band  is 
stronger  in  hot  implanted  sample  than  the  RT  implanted  one.  Too  high  a  co-implantation  dose 
beyond  2xl021  cm"  led  to  a  poor  activation  of  A1  acceptors.  This  work  provides  a  non-destructive 
and  convenient  way  to  investigate  the  effects  of  ion  implantation/annealing  on  SiC  materials. 
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Abstract:  We  have  investigated  the  defect  accumulation  and  amorphisation  in  14N+  implanted  6H- 
SiC  as  a  function  of  ion  fluence  using  confocal  micro-Raman  scattering.  Raman  spectra  are  very 
sensitive  to  changes  in  the  chemical  short-range  order  and  to  the  formation  of  Si-Si-  and  C-C- 
bonds,  which  are  not  present  in  the  unimplanted  material.  The  technique  also  allowed  the 
determination  of  the  optical  absorption  coefficient.  It  increases  proportional  to  the  ion  dose  until  the 
formation  of  the  amorphous  layer,  and  this  increase  is  related  to  the  formation  of  absorbing  centers. 


1. -  Introduction 

Silicon  carbide  (SiC)  is  an  interesting  material  for  the  fabrication  of  electronic  and  optoelectronic 
devices  operating  under  extreme  conditions  (high  temperatures,  reactive  environments).  In  the 
device  processing  ion  implantation  is  an  important  technological  step,  and  seems  to  be  the  only 
feasible  technique  for  local  doping  of  SiC.  However,  the  implantation  process  causes  radiation 
damage,  which  has  to  be  removed  for  most  of  the  applications.  Therefore,  the  study  of  ion-beam 
induced  damage  formation  in  SiC  is  of  scientific  as  well  as  of  technological  interest.  On  the  other 
hand,  nitrogen  has  become  the  most  common  donor  implant  dopant  in  SiC.  Nitrogen  occupies  C 
lattice  sites,  its  low  atomic  mass  offers  low  implant  lattice  damage  and  flexible  ion  range.  In 
addition,  the  N  donor  has  a  low  carrier  ionization  energy  (~80  meV),  which  results  in  a  high  carrier 
concentration  even  at  room  temperature. 

Raman  spectroscopy  has  proved  to  be  a  powerful  characterization  technique  for  the  analysis  of 
damage  effects.  This  technique  is  sensitive  to  the  alterations  of  the  chemical  short-range  order  and 
bond  types  in  semiconductors.  One  of  the  main  drawbacks  of  the  use  of  a  conventional  micro- 
Raman  spectrometer  is  the  poor  depth  resolution.  In  this  way,  at  low  absorption  levels,  most  of  the 
scattered  light  originates  from  the  virgin  portion  of  the  sample,  masking  all  traces  coming  from  the 
damaged  part  of  the  crystal.  In  the  last  years,  the  development  of  the  confocal  micro-Raman  setup 
has  significantly  improved  the  depth  profile  analysis.  In  a  previous  work  [1]  we  have  characterized 
the  changes  in  the  lattice  damage  of  Al+  implanted  6H-SiC,  changing  the  implantation  energy  at  a 
constant  ion  dose  below  the  amorphisation  threshold.  The  aim  of  the  present  work  is  to  correlate 
the  changes  in  the  Raman  spectra  to  the  lattice  damage  resulting  from  N+  implantation  at  a  constant 
energy  of  160  KeV  varying  the  ion  fluence. 

2. -  Experimental 

The  starting  material  was  single  crystalline  3°  off-axis  <000 1>  oriented  6H-SiC  wafers  supplied  by 
CREE  Research.  They  were  implanted  at  room  temperature  with  14N  at  a  fixed  energy  of  160  keV 
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and  ion  fluences  ranging  from  5xl013  cm’2  up  to  5xl015  cm*2.  The  simulation  [2]  of  the  depth 
profiles  of  displaced  silicon  atoms  and  14N  ion  concentration  gives  an  estimate  of  ~  0.3  ^m  for  the 
damaged  depth.  The  Raman  scattering  measurements  were  performed  at  room  temperature  in  a 
backscattering  geometry  using  a  Jobin-Yvon  T64000  spectrometer  coupled  with  an  Olympus 
metalographic  microscope  that  contains  an  X-Y-Z  stage.  The  microscope  stage  could  be  adjusted 
with  an  accuracy  of  0.2  |im  along  the  optical  axis.  The  spectra  were  excited  with  the  514.5  nm  line 
of  an  Ar  ion  laser.  The  light  was  focused  and  collected  trough  a  xlOO  short  working  length  objective 
with  a  numerical  aperture  value  of  0.90.  In  our  confocal  set-up  the  adjustable  pinhole  has  been  kept 
closed  to  100  pm. 

3.-  Results  and  discussion 

Figure  1  shows  typical  Raman  data  for  unimplanted  and  N+-implanted  6H-SiC.  The  perfectly 
ordered  crystal  consists  of  sp3-type  Si-C4-  and  C-Si4-bonds,  respectively.  Every  Si  atom  is  thus 
surrounded  by  four  C  atoms  and  vice  versa.  This  structural  feature  marks  the  chemical  short-range 
order  in  the  crystalline  material,  with  no  homonuclear  C-C-  and  Si-Si-bonds  being  present.  The 
ability  of  Raman  spectroscopy  to  discriminate  between  different  type  of  bonds  gives  information  on 
the  alterations  of  the  chemical  short-range  order  and  bond  types  induced  by  ion  implantation  [3]. 
The  Raman  features  present  in  the  spectrum  from  the  virgin  sample  are  identifiable  from  previous 
studies  [4].  The  E2  planar  acoustic  doublet  appears  at  145  and  149  cm"1.  The  Ei  planar  acoustic 
doublet  is  located  at  235  and  240  cm'1.  The  E2  planar  acoustic  mode  at  266  cm'1  corresponds  to  the 
folding  of  the  transversal  acoustic  (TA)  mode  of  the  zone  edge  of  the  basic  Brillouin  zone.  The 
505.0,  513.5  cm'1  doublet  is  an  Ai  axial  or  longitudinal  acoustic  (LA)  mode.  Two  planar  or 
transversal  optic  (TO)  modes  of  E2  symmetry  at  767.5  cm"1  and  788.0  cm"1,  and  an  Ai  longitudinal 
optic  (LO)  phonon  at  966.5  cm  \  The  mode  at  796.0  cm"1  is  a  planar  optical  mode  of  Ei  symmetry, 
forbidden  in  this  scattering  geometry,  it  may  however  become  observable  due  to  the  large  collection 
angle  of  the  microscope  objective.  The  mode  at  888.5  cm'1  corresponds  to  an  Ai  axial  optic  mode. 
The  optical  branch  of  the  second-order  Raman  spectrum  expands  the  region  between  1350  cm"1  and 
1800  cm"1,  being  the  largest  Raman  intensity  in  the  spectral  range  1510-1580  cm"1.  The  spectral 
features  observed  in  the  second  order  Raman  spectra  of  6H-SiC,  have  been  recently  discussed  by 
Burton  et  al.  [5]. 

At  low  ion  dose  implantation  (<  5xl014  cm"2)  the  Raman  spectra  consist  of  a  superposition  of 
weakened  sharp  bands  arising  from  the  underlying  undamaged  crystal  and  four  broad  bands 
centered  at  200-300,  550,  770  and  900  cm"1.  These  bands,  which  reflect  the  6H-SiC  phonon  density 
of  states  [6]  are  activated  by  the  breaking  of  translation  symmetry  in  the  disordered  implanted  layer. 
The  low  energy  modes  (200-550  cm"1)  can  be  related  to  the  formation  of  Si-Si  homonuclear  bonds. 
At  the  high  energy  side,  a  new  phonon  band  emerges  at  1430  cm'1,  even  for  ion  implantation  doses 
as  low  as  5xl013  cm’2,  this  band  cannot  be  interpreted  as  a  two  phonon  process  because  it  does  not 
correspond  to  the  combination  of  high  density  phonon  states.  The  band  at  1430  cm"1  is  characteristic 
of  C-C  homonuclear  bonds. 

As  a  consequence  of  the  increasing  disorder  in  the  implanted  layer  increasing  ion  fluence,  the 
absorption  coefficient  also  increases.  This  fact  leads  to  a  decrease  in  the  intensity  of  the  sharp  first- 
and  second-order  Raman  lines  arising  from  the  underlying  bulk  material,  and  to  a  rising  of  the 
Raman  signal  originated  in  the  implanted  layer.  For  ion  dose  implantation  above  5xl014  cm'2  the 
Raman  spectra  in  the  full  energy  range  show  the  evolution  to  an  amorphous  state  with  broad  phonon 
bands  at  250  and  520  cm'1,  associated  to  Si-Si  bonds,  800-900  cm"1  assigned  to  Si-C  bonds,  and 
1430  cm'1  corresponding  to  the  C-C  bonds. 
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Figure  1:  Raman  spectra  of  6H-SiC  before  and  after  implantation  with  160  keV  14bT  ions  at  various 
fluences  up  to  5xl015.cm*2.  The  spectra  are  terminated  by  a  horizontal  line,  which  designates  the 
zero  of  the  intensity  scale  for  each  spectrum. 

In  a  previous  work  [1],  we  have  shown  that  the  disorder  induced  changes  in  the  optical  absorption 
coefficient  of  the  implanted  layer  can  be  extracted  from  the  depth  profiling  of  the  966  cm  LO- 
mode  intensity  of  the  undamaged  portion  of  the  sample,  using  confocal  micro-Raman  scattering. 
The  Raman  intensity  of  the  LO  mode  is  affected  by  the  light  absorption  in  the  damaged  portion  of 
the  epilayer.  Raman  scattering  has  to  be  regarded  as  an  integration  technique  that  evaluates  the 
absorption  all  over  the  damaged  portion  of  the  sample  (ad),  regardless  of  the  defect  profile,  it 
provides  then  information  on  the  integrated  damage.  In  our  case,  since  the  implantation  energy  is 
constant  for  all  fluences,  the  spatial  distribution  of  the  damage  profile  should  be  very  similar  for  all 
samples. 

Following  the  method  developed  in  reference  [1]  we  have  plotted  in  figure  2  the  changes  in  the 
absorbance,  ad,  as  a  function  of  the  implanted  ion  dose.  The  evolution  of  the  Raman  spectra  and  the 
absorption  with  increasing  implantation  dose  shows  that  bombardment  with  ion  fluences  below  a 
critical  value,  ~5xl  014  cm*2,  results  in  nucleation  and  accumulation  of  defect  agglomerates  or  small 
amorphous  zones,  in  a  still  crystalline  surrounding.  This  nucleation  regime  is  characterized  by  the 
appearance  of  Si-Si-  and  C-C-homonuclear  bonds,  and  with  the  linear  dependence  of  the  integrated 
absorption  with  the  ion  fluence.  This  picture  agrees  with  the  work  of  Wolse  et  al.  [3]  who 
performed  X-ray  absorption  fine  structure  spectroscopy  (EXAFS)  and  Raman  scattering  to  obtain 
information  on  the  chemical  short-range  order  and  the  type  of  bonds  formed  during  ion 
bombardment  of  SiC.  At  higher  fluences,  in  the  so  called  growth  regime,  the  absorption  approaches 
a  saturation  value.  The  saturation  of  disorder  is  a  consequence  of  the  amorphisation  of  the  whole 
implanted  thickness  when  increasing  the  ion  dose.  A  laterally  coherent  amorphous  layer  forms, 
which  is  buried  at  the  depth  of  maximum  energy  deposition  by  elastic  collisions.  In  SiC 
amorphisation  occurs  spontaneously  after  a  critical  defect  density  is  accumulated  in  spatially 
overlapping  collision  cascade  zones  in  the  still  crystalline  matrix,  independent  of  the  ion  nature  and 
its  energy.  Further  radiation  at  higher  fluences  results  in  the  growth  of  this  amorphous  layer  towards 
the  surface  and  into  larger  depths  at  decreasing  rate. 
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Figure  2:  Evolution  of  the  measured  absorbance  as  a  function  of  the  ion  fluence. 

Similar  behavior  was  found  by  Musumeci  et  al.  in  ref.  [7],  were  the  authors  have  performed  in  situ 
transmittance  and  reflectance  measurements  during  SiC  ion  implantation,  to  extract  the  absorption 
coefficient. 

4.  Conclusions 

The  damage  produced  in  6H-SiC  single  crystals  by  14N+  ion  implantation  was  investigated  by 
confocal  micro-Raman  spectroscopy  as  a  function  of  the  implantation  dose.  The  Raman  spectra 
show  the  evolution  to  an  amorphous  structure  with  no  chemical  short  range  order  at  high  fluences. 
The  damage  accumulation  is  approximately  linear  with  fluence  until  amorphisation  occurs  when  the 
elastic  energy  deposited  by  the  ions  overcomes  a  critical  value. 
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ABSTRACT 

We  present  the  results  of  our  investigation  of  producing  nanoclusters  of  gold  and  tin  in 
6H-SiC  and  changes  in  the  linear  optical  properties  induced  by  Au,  Sn  and  Si  implantation.  This  is 
accomplished  by  implanting  1.0  MeV  Au,  160  keV  Sn  and  5.0  MeV  Si  into  the  Si  face  of  SiC  at 
room  or  elevated  temperature  followed  by  annealing  at  various  temperatures.  Using  optical 
absorption  spectrophotometry,  we  determined  the  location  of  the  absorption  band  for  each  metal 
nanocluster  in  SiC.  Elevated  temperature  implantation  reduces  optical  absorption  due  to  ion 
implantation  induced  defects.  Using  the  Mie  theory,  we  determined  the  index  of  refraction  in  the 
implanted  volume  and  estimated  the  size  of  the  Au  nanoclusters. 

INTRODUCTION 

Introducing  metal  colloids  such  as  gold  into  an  optical  material,  such  as  glass  matrix,  has 
been  used  to  change  the  color  of  glasses  for  decoration  and  recently  for  fabricating  optical  devices. 
In  recent  years,  more  attention  has  been  given  to  both  linear  and  nonlinear  properties  of  the  material 
caused  by  optical  absorption  due  to  the  surface  plasmon  resonance  frequency,  which  depends  on  the 
index  of  refraction  of  the  host  substrate  and  the  electronic  properties  of  the  colloids  formed  in  the 
host  material.  The  nonlinear  properties  allow  the  manufacturing  of  a  wide  range  of  optical  devices. 
Ion  implantation  followed  by  thermal  annealing  has  been  used  to  introduce  similar  effects  near  the 
surface  as  well  as  to  change  the  nonlinear  optical  properties  [1-5]. 

It  has  long  been  known  that  small  metallic  particles  or  colloids  embedded  in  dielectrics 
produce  colors  associated  with  optical  absorption  at  the  surface  plasmon  resonance  frequency  [6,7]. 
For  clusters  with  diameters  much  smaller  than  the  wavelength  of  light  (k),  the  theories  of  Mie  [8] 
can  be  used  to  calculate  the  absorption  coefficient  (cm1)  of  the  composite: 

ISnQnl  £2  m 

a  *  (ei+2  «o)2+£2 

where  Q  is  the  volume  fraction  occupied  by  the  metallic  particles,  n0  is  the  refractive  index  of  the 
host  medium,  and  E\  and  £2  are  the  real  and  imaginary  parts  of  the  frequency-dependent  dielectric 
constant  of  the  bulk  metal.  Equation  1  is  a  Lorentzian  function  with  a  maximum  value  at  the  surface 
plasmon  resonance  frequency  (cop),  where 


£\(cop)  +  2nl  =  0 


(2). 
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Values  of  e,  for  the  metals  as  a  function  of  wavelength  are  tabulated  in  [9]  and  the  published 
index  of  refraction  for  SiC  is  2.655.  The  index  of  refraction  measured  by  prism  coupling  for  the  SiC 
used  in  this  work  was  2.26.  From  Equation  (2)  one  can  predict  the  photon  wavelengths  for  the 
surface  plasmon  resonance  frequencies  for  metallic  colloids  in  the  photorefractive  host  materials,  as 
shown  in  Fig.  1.  This  figure  shows  that  taking  n0  =  2.7,  the  theoretical  value  of  n0  for  SiC,  the 
absorption  bands  should  be  near  688  nm  and  446  nm  for  Au  and  Sn  colloids,  respectively. 

RESULTS 


Figure  2  shows  the  optical  absorption  spectra  for  SiC  bombarded  by  1.5  MeV  Si  ions  at 
various  fluences,  at  room  temperature  and  at  500°C,.  The  room  temperature  bombardment  caused 
severe  darkening,  even  at  fluences  as  low  as  4  x  1016/cm2,  red-shifting  the  absorption  edge  from  350 
nm  to  650  nm  and  causing  an  overall  increase  in  the  absorption  baseline.  Implantation  at  elevated 
temperature,  500°C,  displayed  markedly  reduced  damage. 

Figure  3  shows  typical  optical  absorption  spectra  for  6H  Al-doped  SiC  implanted  with  160 
keV  Sn  at  room  temperature  and  annealed  at  200°C  in  argon  for  one  hour.  This  figure  also  shows 
that  as  implantation  fluence  increases  the  absorption  baseline  increases.  Using  the  experimentally 
determined  absorption  peak,  406  nm,  the  permittivity  from  Fig.  1,  and  equation  (2),  the  calculated 
index  of  refraction  for  SiC  at  the  implanted  volume  is  2.4.  That  this  value  is  lower  than  the  accepted 
value  of  n  =  2.7  for  SiC  is  almost  certainly  due  to  the  implantation  damage  and  disruption  of  the 
lattice  [10].  Observation  of  the  formation  of  Sn  nanoclusters  in  SiC  using  visible  optical 
photospectrometry  was  made  possible  because  of  the  high  index  of  refraction  of  the  host  material. 
Otherwise,  the  absorption  band  would  have  been  located  in  the  UV  region.  After  heat  treatment  at 
400°C  and  600°C  the  peak  at  406  nm  disappeared. 

Figure  4  shows  optical  absorption  spectrum  for  a  6H,  N  doped  SiC  sample  implanted  with  3 
x  1057  Au/cm2  at  1.0  MeV  and  at  a 


temperature  of  500°C  then  and  annealed  at 
1000°C  in  an  argon  ambient  for  one  hour. 
Also  shown  is  the  absorption  spectrum  of 
the  sample  prior  to  implantation  and  the 
difference  between  the  two.  At  Au  fluences 
less  than  3  x  10  i7/cm2  no  peaks  due  to 
plasmon  resonance  were  discernible.  It  is 
clear  from  the  difference  spectrum  that 
significant  implantation  damage  remains 
after  the  heat  treatment.  Similar  effects 
were  observed  in  6H, Al-doped  SiC,  as 
shown  in  Fig.  5.  The  peak  was  at  535  nm 
after  heat  treatment  at  1100°C  in  air.  The 
peak  was  expected  to  appear  in  the  range  of 
630  to  680  nm,  depending  upon  the  value 
of  the  refractive  index  after  implantation. 
Using  Eq.  2  and  Fig.  1  the  index  would 
need  to  change  from  2.7  to  1.5  to  account 
for  the  location  of  the  plasmon  resonance 
peak.  One  possible  explanation  is  that  Si02 
is  formed  during  the  annealing  process.  If 
this  is  so  it  indicates  that  the  Ar  atmosphere 
used  in  annealing  the  sample  is  Fig.  4  failed 


250  300  350  400  450  500  550  600  650  700  750  800 

Wavelength  (nm) 

Figure  1.  Permittivity  vs  Wavelength  for  Au  and  Sn. 
Expected  resonances  for  given  indices  are  indicated. 
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Figure  2.  Optical  Density  vs  Wavelength 
for  5  MeV  Si  implanted  into  SiC  at  30  and 
500°C  to  fluences  of  0.4,  1,  and  3  x  1017 
ion/cm2 . 


Figure  3.  Optical  Density  vs  Wavelength  for  160 
keV  Sn  implanted  into  SiC  at  30°C  to  fluences  of 
0.5,  5,  and  10  x  1016  ion/cm2  then  heated  at 
200°C. 


to  purge  the  O  completely.  Preliminary  Rutherford  backscattering  analysis  has  indicated  the 
presence  of  oxygen  in  the  both  implanted  and  unimplanted  areas  of  the  sample. 

The  size  of  the  Au  clusters  can  be  estimated  from  the  peak  position  and  the  width  of  the 
resonance  through  the  relation  r  =  AmVf/Aov2  [1]  where  Am  is  a  constant,  taken  to  be  1.5  for  Au,  Vf  is 
the  Fermi  velocity  of  gold  and  Aco*  is  the  full  width  at  half  maximum  of  the  absorption  peak.  From 
Fig.  4  the  Au  cluster  diameter  is  estimated  at  5  nm.  The  cluster  diameters  in  Fig.  5  are  estimated  to 
be  at  least  4  nm  for  the  5  x  1017  ion/cm2  implant  and  6  nm  for  the  3  x  1017  ion/cm2  implant. 

CONCLUSIONS 

Metallic  nanocluster  formation  was  observed  in  SiC  implanted  with  Sn  and  Au  ions. 
Implantation  at  room  temperature  results  in  a  much  larger  increase  in  optical  absorption  than  high 
temperature  implantation.  The  optical  signature  of  Sn  clusters  disappeared  upon  heat  treatment 
above  200°C  whereas  Au  cluster  formation  was  not  seen  until  annealing  temperatures  reached 
1000°C.  The  approximately  5  nm  diameter  Au  clusters  appeared  to  be  surrounded  by  Si02  rather 
than  SiC.  Further  analysis  in  needed  determine  the  thickness  of  the  Si02  around  the  Au  clusters  and 
to  determine  whether  the  implantation  has  enhanced  the  oxidation  rate. 
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Figure  4.  Optical  Density  vs.  Wavelength  for 
1  MeV  Au  implanted  at  room  temperature  into 
6H,  N-doped  SiC.  Ion  fluence  was  3  x 
1017/cm2.  Sample  was  heated  in  Ar  to  1100°C. 


Figure  5.  Optical  Density  vs.  Wavelength 
for  1  MeV  Au  implanted  at  500°C  into  4H, 
Al-doped  SiC  then  heated  in  air  to  1 100°C 
for  1  hr.  Bottom  trace  is  optical  absorption 
of  the  unimplanted  sample. 
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Abstract.  A  Fourier-transient-grating  technique  is  applied  for  the  measurement  of  carrier  diffusivity 
in  low-doped  K-type  4H-SiC  epitaxial  layers.  It  is  shown  that  the  diffusion  coefficient  can  be 
extracted  in  a  wide  excitation  range,  5x10  3  -  3x1 017  cm'3,  which  covers  the  transition  region  from 
the  minority  carrier  diffusion  to  the  ambipolar  case.  The  minority  hole  and  ambipolar  diffusion 
coefficients  have  been  determined:  Dh  =  2.35  ±  0.4  cm2/s  and  Da  =  4.2  ±  0.4  cm2/s,  respectively. 
These  values  are  20%  lower  than  the  ones  extracted  from  the  Einstein  relation  using  4H-SiC  Hall- 
mobility  data  presented  in  the  literature. 


Introduction.  Silicon  carbide  (SiC)  has  been  recognized  as  a  superior  semiconductor  in 
high-temperature,  high-frequency  and  high-power  applications  [1].  However,  in  spite  of  the 
successful  achievements  in  practical  device  manufacturing,  numerous  fundamental  physical 
parameters  of  the  material  are  still  unknown.  Of  particular  interest  are  electrical  ones,  which  are 
directly  involved  in  theoretical  device  simulation  as  well  as  in  functional  engineering.  Among  them, 
the  carrier  diffusivity  is  a  key  parameter,  which  determines  the  minority  carrier  collection  efficiency 
for  a  p-n  junction  (solar  cell,  photo  diode,  etc.),  and  affects  several  aspects  of  bipolar  device 
operation  (e.g.  power  devices).  Diffusivity  in  SiC  can  be  only  approximately  evaluated  through  the 
Einstein  relation  using  mobility  values  presented  in  the  literature.  Furthermore,  only  the  majority 
carrier  mobility  is  available,  which  is  measured  with  a  Hall-effect  technique  in  moderately  doped 
samples  [2].  Such  mobility  does  not  necessarily  correspond  to  the  diffusion  mobility  in  intrinsic 
material  or  under  high-injection  conditions.  Evidence  for  a  definite  difference  between  diffusion 
and  drift  mobility  has  been  revealed  in  silicon  and  germanium  and  has  been  incorporated  in  several 
theoretical  models  based  on  transport  calculations  [3,4,5]. 

Experiment.  In  this  work  the  Fourier-transient-grating  (FTG)  technique  was  adapted  for 
diffusion  coefficient  measurements  in  the  4H-SiC  epitaxial  layers.  The  measurement  is  complicated 
in  two  ways:  the  perceivable  carrier  interdiffusion  process  has  to  be  faster  than  the  relatively  low 
lifetime  of  the  4H-SiC  material  (0.53  ps  in  our  case).  This  requires  the  use  of  low  modulated  and 
shortly  spaced  transient  gratings,  which  approach  the  dimension  of  the  probe  beam  diameter.  The 
second  complication  is  related  to  the  fact  that  until  now  intrinsic  4H-SiC  is  only  available  as 
epilayers  which  have  tens  of  microns  thick.  Thus,  compared  to  silicon,  time-  and  spatial-resolution 
have  to  be  increased  by  factors  of -100  and  -10,  respectively. 

We  have  investigated  w-type  low  doped  (6x1 014  cm'3)  4H-SiC  films  of  40  pm  thickness, 
grown  by  chemical  vapor  deposition  on  a  heavily  nitrogen-doped  (6xl018  cm'3)  4H-SiC  substrate. 
To  fit  the  experimental  conditions,  narrow  strip  bars  have  been  sawed  from  the  4H-SiC  wafers,  and 
cross-cut-walls  of  samples  were  polished  to  an  optical  quality.  Measurements  were  performed  at  T 
=  296  K  using  a  pump  and  probe  configuration  shown  in  Fig.  1(a).  Pump  beam  pulses  of  2.5  ns 
duration  and  at  355  nm  wavelength  are  generated  by  a  Nd:YAG  laser  at  a  repetition  rate  of  20-100 
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Fig.  1.  (a)  Schematic  for  FTG  measurements  in 
perpendicular  probe-excitation  geometry. 

(b)  Scan  profile  of  the  epilayer  in  the  x-direction. 


Fig.  2.  Typical  transient  grating  measurement  data 
in  3D  representation.  The  inset  shows  main 
components  of  the  grating  extracted  after  the 
Fourier  analysis. 


Hz.  The  top-hat  intensity  profile  of  the  4  mm 
diameter  pump  beam  and  the  low  absorption 
coefficient  (< aex )  in  4H-SiC  [6]  ensured  a 
uniform  concentration  of  the  electron-hole 
plasma  excitation  within  the  epilayer  (x-  and  y- 
directions  in  Fig.  1(a)).  A  spatial  modulation  of 
the  pump  intensity  is  obtained  in  the  z-direction 
by  placing  on  the  optical  pathway  a  grid  with 
period  in  the  range  40  -  80  pm.  Thus,  the 
transient  grating  is  perpendicular  to  the  optical 
c-axis  of  the  4H-SiC. 

A  1300  nm  wavelength  cw  laser  entering 
from  the  polished  crosscut  side  of  the  sample 
(Fig.  1(a))  is  used  to  detect  absorption  changes. 
The  probe  beam  is  perpendicularly  polarized 
with  respect  to  the  c-axis  of  the  material  in  order 
to  optimize  the  absorption  cross  section  [7].  The 
absorption  decay  is  recorded  by  a  digital 
oscilloscope  at  a  sampling  rate  of  105  samples/s. 
The  dynamics  of  the  excess  carrier  density  An  of 
electron-hole  pairs  (e-h)  is  monitored  by  the 
probe  beam  absorption  changes  Aa  eh(t): 
An(t)  =  Aaeh(t)  /  <Teh  =  ln[/0  /  I(t)\l  crehd  (1), 

where  aeh  =  4.5xl0‘17  cm2  stands  for  the  free 
carrier  absorption  cross  section  in  4H-SiC  [8],  Io 
and  I(t)  are  incoming  and  transmitted  probe 
beam  intensities,  respectively.  According  to  Eq. 
(1),  the  probed  path  d  has  to  be  relatively  large 
in  order  to  achieve  high  sensitivity  at  low 
excitation  regimes.  Therefore,  the  width  of  one 
sample  (in  the  y-direction)  was  chosen  to  be 
1000  pm  (with  respect  to  40  pm  epilayer 
thickness  in  the  x-direction).  Such  dimensions  of 
the  sample  structure  required  a  precise  probe 
beam  alignment  within  the  epilayer  plane.  The 
success  of  this  mechanical  procedure  is  tested 
by  probe  beam  scanning  in  the  x-direction,  as 
illustrated  in  Fig.  1(b).  Two  relatively  sharp  and 
uniform  slopes  of  the  probe  beam  intensity 
embracing  the  epilayer  signify  a  good 
parallelism  of  the  beam  (the  dip  of  the  intensity 
at  air-epilayer  interface  is  due  to  the  probe  beam 
scattering  in  the  surface  plane).  In  addition,  the 


intensity  slopes  identify  the  effective  waist  of 
the  probe  beam  in  the  sample  being  -10  pm.  The  carrier  grating  detection  position  was  located  in 
the  middle  of  the  epilayer  in  order  to  minimise  any  influence  of  surface  recombination  on  the 


diffusion  data  [6,8]. 


Measurement  data  was  collected  in  a  scanning  manner:  The  modulating  grid  was  stepwise 
shifted  in  the  x-direction  with  a  computer-guided  micropositioner.  A  typical  data  set  in  a  three- 
dimentional  representation  is  shown  in  Fig.  2,  where  the  three  peaks  correspond  to  a  scan  over  three 
strips  in  the  grid.  This  grating-induced  modulation  of  the  carrier  plasma  erases  with  ~0.5  ps  by 
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diffusion.  The  carrier  plasma  interdiffusion  process  and  recombination  processes  (continuous  decay 
of  average  carrier  concentration)  could  be  separated  by  an  analytical  solution  of  the  characteristic 

lifetimes  [5]:  l/rg  =l/rr  +  47r2D/ A2  (2),  where  xg  represents  the  “erasure”  time  of  the  grating 

with  period  A  (in  our  case  A  corresponds  to  modulation  grid  period),  xr  stands  for  the  recombination 
lifetime  and  D  is  the  carrier  diffusion  coefficient.  The  given  solution  is  valid  for  a  sinusoidal  type 
grating  and  for  an  injection-independent  carrier  recombination.  The  inset  of  Fig.  2  shows 
amplitudes  of  the  sinusoidal  Fourier  components  extracted  at  a  time  0.05  ps  after  the  excitation.  The 
Fourier  component  number  is  related  to  the  spatial  frequency  of  the  grating:  The  most  intensive 
component  #0  represents  the  average  carrier  concentration  while  component  #3  corresponds  to  the 
fundamental  modulation  (see  three  main  peaks  in  Fig.  2).  Component  #6  with  a  low  amplitude  is 
the  double  frequency  overtone  which  is  omitted  in  the  following  analysis. 

Results.  Individual  decays  of 
is  component  #3  for  different  grid  periods  have 
been  measured  at  a  constant  excitation  level 
as  shown  in  Fig.  3(a).  Since  the  average 
io^  concentration  (component  #0)  remained  the 
same  for  all  cases,  it  is  represented  by  one 
C:  curve  (open  symbols).  The  decay  of  this 

uT  curve  is  determined  by  the  recombination 

5  lifetime  xr  —  0.53  ±  0.01  ps  in  the  epilayer. 

Characteristic  lifetime  for  each  of  the  curves 
is  indicated  at  the  bottom  of  the  figure, 
o  Clearly,  the  grating  erasure  time  decreases 

with  gratings  of  smaller  period.  According  to 
Eq.  (2),  the  diffusion  coefficient  D  can  be 
Fig.  3.  (a)  Fourier  amplitude  decays  of  the  relative  extracted  using  the  slope  of  the  plot  l/tg  vs. 
component  #3  for  different  periods  of  the  grating.  4tt2/A2  as  given  in  Fig.  3(b).  On  the  other 

(b)  Transient  grating  inverse  erasure  lifetime  l/xg  hand,  the  diffusion  coefficient  can  also  be 

versus  47t2/A2.  calculated  at  a  single  A  from  the  difference 

\/xg  -  \!xr.  The  relative  error  of  such 
procedure  is  reduced  for  smaller  periods  (higher  \/xg  values  respect  to  l/xr),  although  the  grating 
contrast  is  lost  and  the  decay  is  influenced  by  noise  as  the  period  approaches  the  probe  beam 
diameter  (see  Fig.  3(a)  at  A  =  40  pm).  As  a  consequence,  we  have  relied  on  the  more  simple 
measurement  with  the  single  A  =  50  pm  period,  which  exhibited  almost  the  same  accuracy  as  the 

slope  measurement.  .  . 

The  diffusion  coefficient  measurements  were  performed  within  four  orders  of  excitation 
range  (5xl013  -  3xl017  cm'3)  and  the  result  is  shown  in  Fig.  4  by  single  dots  with  error  bars.  The 
expected  dependence  of  the  diffusion  coefficient  at  this  injection  level  is  indicated  by  a  dashed 
curve.  This  dependence  origins  from  the  analytical  expression  of  the  ambipolar  diffusion 
coefficient:  Da  =  [n0  + An  + Ap\/[(n„  + An)/ Dh  + Apl De]  (3),  where  An  =  Ap  are  the 
concentrations  of  the  excited  carriers.  De  and  A,  are  electron  and  hole  diffusion  coefficients, 
respectively,  calculated  from  the  Einstein  relation  (De,h  =  kT\ieJ/q)  using  extrapolated  low-doping 
electron  and  hole  Hall-mobility  values:  \ie  =  1000  cm2/Vs  and  pi*  =  115  cmVVs,  respectively  [2], 
The  ambipolar  diffusivity  arises  from  the  fact  that  an  internal  electric  field  develops  due  to  the  fast 
moving  electrons  with  respect  to  the  more  slowly  moving  holes.  This  ties  electrons  and  holes 
together  in  a  coupled  diffusive  motion.  Eq.  (3)  implies  that  the  ambipolar  diffusivity  is  applicable 
when  the  injected  carrier  concentration  exceeds  by  a  factor  ~20  the  equilibrium  electron 
concentration  in  the  epilayer  (n0  =  6xl014  cm-3  in  our  case).  As  indicated  in  Fig.  4,  the  measured 
ambipolar  diffusion  coefficient  peaks  at  a  value  Da  =  4.2  cm/s2  at  the  injection  level  10  cm  and  is 
slightly  lower  than  the  expected  theoretical  one  of  5.3  cm2/s  (dashed  curve  saturation  level  at  high 


0  0.25  0.50  0.75  0  1  2 

Time  (pis)  4^7a  (10  cm' ) 


674 


Silicon  Carbide  and  Related  Materials  - 1999 


injections).  The  measured  dependence  is 
also  lower  over  all  excitation  range.  The 
same  result  within  the  error  range  was 
obtained  at  different  probe  positions  of 
several  samples.  This  demonstrates  that  the 
measured  diffiisivity  is  an  inherent 
characteristic  of  the  4H-SiC  polytype.  A 
better  theoretical  fit  to  the  measured  values 
can  be  obtained  using  a  lower  minority  hole 
diffusion  coefficient  of  Dh  =  2.35+0.4  cm2/s 
(instead  of  predicted  2.95  cm2/s)  as  shown 
by  the  solid  curve  in  Fig.  4.  This 
discrepancy  with  respect  to  majority  hole 
mobility  data  imply  either  that  the  minority 
hole  mobility  is  reduced  with  respect  to  that 
of  majority  one  or  that  the  hole  mobility 
value  in  general  should  be  lower  than 
previously  reported  [1]  (indeed,  very  few 
data  on  p/7  exist  in  the  literature  for  4H- 
SiC),  i.e.  \ih  ~  90  cm2/Vs. 

Another  important  feature  of  the  measured  injection  dependence  is  that  an  appreciable 
reduction  of  the  ambipolar  diffusivity  is  observed  at  high  injections  (An  >  3x1 016  cm'3).  A  similar 
reduction  of  diffusivity  has  been  experimentally  observed  in  crystalline  silicon  [5].  It  has  been 
interpreted  as  a  combined  effect  from  (i)  dynamic  band  gap  shrinkage,  (ii)  indirect  influence  from 
electron-hole  scattering  and  (iii)  excitonic  effects  [9].  While  there  may  be  similar  models  invoked 
for  the  explanation  of  this  dependence  in  4H-SiC,  we  note  that  more  experimental  results  should  be 
obtained  at  injection  levels  above  1017  cm'3  and  at  different  temperatures,  in  order  to  clarify  these 
results. 

Summary.  We  have  utilized  a  Fourier-transient-grating  technique  for  the  measurement  of 
carrier  diffusivity  in  low-doped  n- type  4H-SiC  epitaxial  layers.  We  have  determined  4H-SiC 
ambipolar  and  minority  hole  diffusion  coefficients:  Da  =  4.2  ±  0.4  cm2/s  and  Dh  =  2.35  ±  0.4  cm2/s, 
respectively. 
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Fig.  4.  Experimental  results  of  carrier  diffusivity 
(single  dots  with  the  error  bars)  versus  the  injected 
carrier  density  with  comparison  to  the  theory  (dashed 
curve  -  expected  and  solid  curve  -  adjusted 
dependencies,  respectively). 
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Abstract  We  have  measured  the  photoluminescence  (PL)  decay  time  of  free  exciton  (FE)  and 
bound  excitons  (BE)  related  to  nitrogen  in  epitaxial  4H-SiC  layers  with  different  doping 
concentration.  It  is  shown  that  the  recombination  mechanism  for  FE  is  not  connected  with  capture 
of  e-h  pair  to  defects  related  to  nitrogen.  The  PL  decay  times  for  the  Q  BE ,  as  well  as  for  excitons 
bound  to  Ga,  A1  or  B,  are  determined  by  the  FE  recombination  time  with  the  PL  decay  time  values 
about  8  -15  ns  at  low  temperature.  That  is  different  for  P  BE,  for  which  the  time  decay  is  about  40 
ns  at  T  =  2  K.  In  addition,  detailed  temperature  studies  of  the  PL  decay  were  performed. 

Introduction 

The  low  temperature  photoluminescence  spectrum  of  high  quality  4H  SiC  is  typically 
dominated  by  the  emission  from  free  excitons  and  excitons  bound  at  the  neutral  nitrogen  donor 
(BE:N).  In  4H  SiC  there  are  two  different  BE  related  to  N,  known  as  P  and  Q,  due  to  the  two 
possible  non-equivalent  carbon  lattice  sites.  In  some  samples  the  emission  from  bound  exciton 
related  to  other  impurities  such  as  Al,  B  or  Ga  can  also  be  seen  in  the  near  bandgap  region.  The 
intensity  relation  between  the  FE  and  the  BE:N  is  often  used  to  determine  the  nitrogen 
concentration,  using  an  empirically  determined  relation  [1]. 

Only  a  few  previous  investigations  of  exciton  decay  in  SiC  have  been  presented  before. 
This  includes  studies  in  3C:SiC  [2,  3]  and  in  6H:SiC  [4]. 

In  this  work  we  have  made  a  detailed  study  of  the  decay  kinetics  of  primarily  the  FE  and 
the  BE:N  in  a  series  of  4H:SiC  samples  with  different  nitrogen  concentrations,  in  the  temperature 
range  from  2  K  to  120  K.  We  have  also  studied  the  recombination  process  related  to  Al,  B  and  Ga. 
The  purpose  of  this  investigation  is  to  understand  the  recombination,  formation  and  interaction 
mechanism  between  bound  and  free  exciton  states.  This  knowledge  will  eventually  make  it 
possible  to  use  relative  photoluminescence  intensities  for  further  and  more  detailed  assignments  of 
impurity  content  in  the  material. 

Experimental 

The  SiC  samples  used  in  this  study  were  epitaxial  SiC  layers  grown  with  the  hot  wall  CVD 
technique,  with  a  thickness  of  more  than  30  pm.  The  optical  decays  were  studied  using  the  third 
harmonics  (kexc  =  266  nm)  from  a  Ti: sapphire  laser  as  a  pulse  excitation  source.  The 
photoluminescence  was  detected  by  a  time-correlated  photon  counting  system  with  a  time 
resolution  of  better  than  200  ps,  or  with  a  synchroscan  streak-camera  with  20  ps  time  resolution, 
for  the  fastest  decays. 
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Results  and  discussion 

The  low  temperature  PL  spectra  for 
three  4H  SiC  samples  with  different 
nitrogen  concentrations  are  shown  in 
Fig.l.  The  spectra  are  dominated  by  the 
emission  of  the  intrinsic  free  exciton  (FE) 
and  the  two  (BE:Np  and  BE:Nq)  excitons 
bound  at  the  neutral  nitrogen  donor, 
together  with  their  respective  phonon 
replicas  [5].  Since  all  phonon  replicas  have 
the  same  temporal  kinetics  we  have 
concentrated  our  study  on  the  most 
dominant  and  most  well  resolved  emission 
for  each  exciton.  These  are  the  no-phonon 
replica  of  BE:NQ,  and  the  77  meV  LA 
phonon  replica  of  the  FE  and  BE:NP. 

Typical  decay  curves  for  FE  and 
BEs  are  shown  in  Fig.  2.  The  measured 
values  for  the  FE  decay  depend  only 
weakly  on  nitrogen  concentration  and  vary  only  from  13  to  8  ns,  even  though  the  nitrogen  doping 
in  the  samples  increases  with  more  than  2  orders  of  magnitude,  i.  e.  from  <10 14  cm'3  to  3  10  ^cm 
.  This  indicates  that  the  main  recombination  mechanism  for  the  FE  is  not  connected  to  a  capturing 
process  of  the  electron-hole  pair  to  the  neutral  nitrogen  donor.  The  most  probable  recombination 
mechanism  is  instead  the  exciton  Auger  process  [6],  where  the  FE  recombine  in  the  vicinity  of  a 
deep  impurity  level.  One  particle  from  the  FE  is  captured  by  the  defect  and  the  other  particle  takes 
the  excess  energy  in  an  Auger  process,  and  is  excited  into  its  respective  band.  The  previously 
reported  relationship  between  the  ratio  of  the  FE  and  BE:N  emission  intensity  and  the  nitrogen 
concentration  [4]  could  also  be  explained  even  if  the  population  of  FE’s  is  not  directly  determined 
by  the  nitrogen  concentration.  With  increasing  nitrogen  doping,  or  more  generally  with  any 
additional  doping  which  binds  excitons,  a 
competition  arises  for  the  photoexcited 
carriers,  which  eventually  will  increase  the 
BE  emission  and  reduce  the  FE  emission. 

The  decay  of  the  BE:Nq  has  in  all 
samples  a  similar  value  as  the  decay  of  the 
FE.  This  is  most  probably  due  to  a  feeding  of 
the  BE  population  from  the  FE  state,  which 
then  determines  the  measured  decay  time. 

The  actual  decay  of  the  BE:Nq  is  probably 
faster,  but  bound  excitons  will  be  created  as 
long  as  there  exist  FE’s.  The  BE:NP  on  the 
other  hand  has  a  longer  decay  about  40  ns, 
which  also  is  constant  in  all  samples. 

The  interaction  between  the  FE  and 
BE’s  can  also  be  seen  on  the  initial  rise  time 
on  the  decay  curve  (see  BE:Nq  in  Fig.2).  The 
evaluation  of  the  rise  time  was  done  assuming 
a  feeding  to  each  BE  state  from  a  population 
with  an  exponential  decay,  determined  by  a 
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Fig.2.  PL  decay  curves  for  the  FE  and  BEs 
measured  at  2  K,  in  a  sample  with  ND  =1  1014 
cm'3. 
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Fig.l.  Low-temperature  PL  spectra  for  three  4H- 
SiC  epilayers  with  different  nitrogen 
concentration. 
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decay  constant  Tr.  This  decay  constant  will  then  be  the  rise  time  of  the  BE  emission  which  will 
then  have  an  exponential  decay,  id-  The  rate  equations  for  this  model  can  be  expressed  using  the 
following  equations: 

r  t 

m  =  A(i*  -eTr)  , 


which  were  used  to  fit  the  measured  decay  curves  and  to  extract  the  rise  time  and  the  decay  time  of 
the  BE  emission,  respectively.  Good  agreement  was  obtained  between  the  model  and  the 
experimental  results.  From  the  fitting  we  observe  that  the  rise  time  of  the  BE:NQ  is  substantially 
longer  in  low  doped  samples  than  the  corresponding  rise  time  of  the  FE  and  the  BE:Np.  The  rise 
time  increases  with  temperature  to  reach  a  maximum  value  at  about  12  K,  and  is  then  drastically 
reduced.  The  observed  rise  time  does  not  directly  correspond  to  the  measured  decay  of  the  FE,  and 
the  cause  for  the  observed  rise  time  on  the  BE:Nq  is  not  fully  understood.  The  difference  between 
the  rise  time  of  the  BE:NQand  BE:NP,  is  also  surprising  but  could  be  related  to  different  capture  or 
formation  processes  of  the  BE  to  respectively  defect  state. 

From  a  detailed  study  of  the  recombination  lifetime  as  a  function  of  the  temperature,  it  was 
found  that  the  temperature  dependence  of  the  PL  decay  for  the  FE  and  BE  is  rather  complicated. 
At  temperature  about  15-20  K  the  PL  decay  time,  as  well  as  the  intensity,  for  the  P  BE  drops 
when  the  BE  is  thermally  ionized  from  the  neutral  nitrogen  donor.  The  decay  of  the  FE  decreases 
slightly  with  increasing  temperatures  up  to  30-40  K,  as  seen  in  Fig.  3.  With  further  increase  of  the 
temperature  the  recombination  lifetime,  which  at  all  these  temperatures  is  the  same  for  all 
observed  emissions  and  reflects  the  minority  carrier  lifetime,  increases  rapidly  and  then  starts  to 
level  out  at  approximately  70  K.  For  samples  with  lower  doping  the  lifetime  values  grow  much 
faster  with  temperature  and  level  out  at  slightly  higher  temperature.  The  increase  in  decay  time, 
starting  at  30-40K,  is  followed  by  an  increase  of  the  total  PL  intensity  of  the  FE.  A  similar 
behavior  of  the  carrier  lifetime  was  also  observed  in  Si,  and  could  in  this  case  be  explained  using 
the  model  for  excitonic  Auger  process.  The  increase  is  then  explained  as  due  to  the  ionization  of 
shallow  defects  acting  as  recombination  centers.  If  the  same  explanation  should  be  valid  for  SiC, 


the  only  possible  defect,  certainly 
present  in  the  material,  is  the  nitrogen 
donor.  The  most  shallow  of  the  two  ^ 
donor  levels,  the  P-level,  starts  to  ionize  £ 
in  this  temperature  range  and  could  be  ^ 
the  explanation  of  the  increase  of  the  ^ 
lifetime.  This  is  also  consistent  with  ^ 
doping  dependence  seen  in  Fig.  3.  Also  ^ 
the  decrease  of  the  FE  decay  time,  in  <1 
the  temperature  range  from  2  K  to  20 
K,  is  consistent  with  this  suggestion  Q 
since  a  BE  on  the  nitrogen  donor  should  J 
lower  the  possibility  for  the  defect  to 
act  as  recombination  center  in  the 
Auger  process.  When  the  BE  on  the 
neutral  donor  are  thermally  ionized  the 
concentration  of  recombination  centers 
increase,  until  the  electron  on  the  donor 
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are  ionized.  Fig.3.  Temperature  dependence  of  the  decay  time  for 

Finally,  in  low  doped  samples,  p£  measured  in  three  samples  with  different 
below  lxlO13  cm' ,  an  additional  and  concentration  of N. 

relatively  broad  emission  is  observed  at 
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3.231  eV.  This  has  previously  been 
related  to  B  in  the  epi-layer  [7],  or  to  B 
[8]  or  N  [9]  in  the  substrate.  With  time- 
resolved  measurements  we  have 
observed  that  the  onset  of  this  emission 
has  a  time  delay,  as  compared  to  the 
other  exciton  emissions,  as  can  be  seen  in 
Fig.  4.  This  delay  is  different  from  the 
rise  time  observed  for  the  BE’s,  and 
could  in  our  opinion  only  be  explained  as 
due  to  an  exciton  diffusion  from  the 
surface,  where  excitons  are  created  by 
the  photoexcitation,  towards  the  bulk 
where  the  emission  occurs.  The  delay  of 
this  substrate  emission  is  in  the  order  of  3 
ns  for  a  30  pm  thick  epilayer.  The  dashed 
line  in  the  lowest  decay  curve  in  figure  4 
is  the  result  of  a  fitting  assuming  a  delay 
time  together  with  a  rise  time  for  this 
emission.  We  conclude  that  the  observed 
delay  time  in  the  onset  of  this  emission  is 
consistent  with  that  it  originates  from  the 
bulk,  and  that  the  delay  is  caused  by 
exciton  diffusion  through  the  epi-layer. 
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Abstract  Photoluminescence  is  used  to  investigate  the  radiative  lifetime  in  n-type  4H  sili¬ 
con  carbide  homoepitaxial  films  under  pulsed  excitation  for  three  laser  wavelengths:  266  nm, 
337  nm,  and  355  nm.  The  differences  between  the  responses  to  these  excitation  sources  are 
discussed  in  terms  of  surface  recombination  and  temperature  dependence.  Integrated  pulse 
photoluminescence  spectra  are  measured.  The  observed  spectral  lines  are  assigned  to  phonon 
assisted  free  exciton  recombination. 

Introduction 

It  has  been  shown  that  4H  SiC  can  be  successfully  applied  to  high-voltage  electronics:  bipolar 
power  devices,  power  Schottky  rectifiers,  etc.  Low  loss  power  devices  require  thick  epilayers 
with  minority  carrier  lifetimes  on  the  order  of  several  hundred  nanoseconds  to  microseconds  [1]. 
In  practice,  room  temperature  lifetime  measurements  at  initial  high  injection  level  (when  the 
nonequilibrium  concentration  of  excess  carriers  exceeds  the  equilibrium  concentration  of  major¬ 
ity  carriers)  will  become  important  for  many  power  device  fabrication  lines.  Lifetimes  as  high 
as  2.1  pts  for  a  60  ptm  of  4H  SiC  at  room  temperature  have  already  been  reported  [2,3]. 
However,  there  are  still  few  reports  on  lifetimes  at  high-level  injection  [4, 5].  Here  we  report 
on  direct  optical  measurements  based  on  the  photoluminescence  decay  of  the  excited  carriers. 
The  study  is  performed  in  an  initial  high  injection  mode  achieved  using  pulse  excitation  on 
low  doped  n-type,  n  ~  2  x  1015  cm~3,  4H  SiC  homoepitaxial  layers  grown  by  chemical  vapor 
deposition.  We  concentrate  not  so  much  on  the  values  of  the  carrier  lifetimes  but  rather  on  the 
origins  and  temperature  and  excitation  wavelength  dependence  of  the  observed  decays. 

Experimental 

We  use  three  excitation  wavelengths  Aex  to  produce  an  excess  of  electron-hole  pairs:  the  337  nm 
line  of  a  pulsed  nitrogen  laser  (excitation  pulsewidth  10  ns)  and  the  fourth  (266  nm)  and  third 
(355  nm)  harmonics  of  the  fundamental  frequency  of  a  Q-switched  Nd:YAG  laser  (excitation 
pulsewidth  3-5  ns).  The  energy  of  the  pulse  is  sufficient  to  achieve  high-injection,  i.e.,  the 
nonequilibrium  concentration  of  excess  majority  carriers  immediately  after  the  excitation  ex¬ 
ceeds  the  equilibrium  concentration.  A  9863  filter  is  used  to  eliminate  residual  second  harmonic 
light  of  the  YAG  laser  (532  nm),  and  a  5850  filter  is  put  in  front  of  the  entrance  slit  of  the 
monochromator  to  block  any  stray  light.  The  photoluminescence  is  dispersed  using  a  Spex 
1700,  0.75  m  Czerny-Turner  monochromator  equipped  with  an  1800  1/mm  grating  blazed  at 
4000  A  and  detected  using  a  Hamamatsu  R3788  uv-enhanced  photomultiplier.  The  signal  is 
averaged  by  a  digital  oscilloscope  with  a  500  MHz  bandwidth.  The  luminescence  intensity, 
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Figure  1:  Integrated  pulse  photoluminescence 
spectra  of  a  4H  SiC  sample  taken  at  (a)  85  K, 
(b)  145  K,  (c)  295  K.  Subscripts  indicate  the 
energies  of  momentum  conserving  phonons  in 
meV.  Xex  ~  337  nm. 


Wavelength  (A)  — — 
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Figure  2:  Photoluminescence  spectra  of  an  un¬ 
doped  4H  SiC  sample  taken  at  (a)  2  K,  cw  ex¬ 
citation,  and  (b)  83  K,  pulsed  light  excitation. 
The  2  K  spectum  is  dominated  by  free  exciton 
lines. 


which  is  assumed  to  be  proportional  to  the  concentration  of  nonequilibrium  minority  carriers, 
is  obtained  by  measuring  the  area  under  the  average  of  a  number  of  pulse  decay  curves.  The 
lifetimes  (or,  decay  constants)  are  determined  by  fitting  an  exponential  to  the  data  over  the 
time  interval  for  which  the  decay  is  linear  on  a  semilogarithmic  plot. 

Results  and  Discussion 

Fig.  1  shows  the  integrated  pulse  photoluminescence  spectra  of  a  50  fim  thick  n-type  4H  SiC 
layer  taken  at  85  K,  145  K,  and  295  K.  The  nitrogen  concentration  of  this  sample  is  about 
2  x  1015  cm  3.  The  2  K  spectrum  of  this  sample  (not  shown),  obtained  using  244  nm  cw 
excitation,  is  dominated  by  bound  exciton  lines.  These  lines  are  thermally  quenched  at  85  K. 
Fig.  2a  and  Fig.  2b  show  2  K  and  83  K  spectra  of  an  undoped  epitaxial  4H  SiC  film  excited  by 
continuous  244  nm  radiation.  In  Fig.  2a  the  2  K  spectrum  is  dominated  by  free  excitons.  In  Fig. 
2b  the  free  exciton  peaks  are  broadened  but  clearly  identifiable  and  the  bound  exciton  peaks 
are  quenched.  The  comparison  between  Fig.  2b  and  Fig.  la  allows  us  to  assign  the  observed 
lines  to  phonon  assisted  free  exciton  recombination.  The  assignment  is  facilitated  by  the  fact 
that  the  free  exciton  line  has  a  characteristic  shape  due  to  the  combination  of  a  parabolic  free 
exciton  band  and  a  Boltzmann  distribution  of  free  exciton  center-of-mass  kinetic  energies  [6, 7]. 
We  measured  the  radiative  lifetime  of  the  minority  carriers,  or  free  excitons  in  this  particular 
case,  at  the  wavelengths  indicated  on  Fig.  1.  Although  the  lifetime  is  measured  optically  using 
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the  free  exciton  spectrum,  it  is  likely  strongly  influenced  by  nonradiative  processes  including 
surface  and  film-substrate  interfacial  recombination.  The  second  factor,  of  course,  should  take 
place  only  if  the  penetration  depth  for  a  given  excitation  wavelength  (defined  as  a  where 
a  is  the  absorption  coefficient)  and/or  diffusion  allow  minority  carriers  to  reach  the  substrate. 
In  this  case,  diffusion  of  carriers  plays  a  significant  role,  and  interfacial  recombination  due  to 
different  growth- related  defects  decreases  the  effective  radiative  lifetime  [5].  It  has  already  been 
shown  [3]  that  the  measured  minority  carrier  lifetime  increases  as  a  function  of  epitaxial  layer 
thickness.  There  were  two  principal  explanations  offered:  either  the  quality  of  epitaxial  layers 
increases  with  film  thickness,  or  the  concentration  of  deep  levels  responsible  for  non-radiative 
recombination  (by  the  Auger  process,  for  example)  is  higher  closer  to  the  interfaces  of  the  film. 
Therefore,  we  studied  the  minority  carrier  lifetime  as  a  function  of  the  excitation  wavelength. 
The  penetration  depth  of  the  exciting  radiation  varies  dramatically  with  its  wavelength.  The 
penetration  depths  in  4H  SiC  at  room  temperature  for  Xex  =  266  nm,  337  nm,  and  355  nm  are 
0.3  (im  (estimate),  14  fj,m,  and  48  (J,m ,  respectively  [8]. 

At  room  temperature  the  decay  measured  using  the  excitation  wavelength  Aex  =  266  nm  shows 
non-exponential  behavior  for  the  first  400  ns  of  the  decay  (Fig.  3a).  Apparently,  there  is  no 
well  defined  value  for  the  lifetime  in  this  region  and  one  can  only  talk  about  an  instantaneous 
lifetime  given  by  rinst  =  -  J^/di'  The  non-exponential  character  of  the  recombination  process 
prevails  in  the  first  stage  of  the  decay  [9].  Therefore,  to  be  specific  we  have  chosen  for  analysis 
the  linear  portion  of  the  decay  on  a  semilog  scale.  Fig.  3b  and  especially  Fig.  3c  show  nearly 
exponential  decay  over  the  entire  interval.  When  fitted  to  a  straight  line,  the  last  two  cases 
give  approximately  equal  values  for  the  decay  constant.  The  spot  on  the  sample,  both  the 
position  and  the  diameter,  where  we  focused  the  laser  beams  was  the  same  in  all  the  cases.  So, 
the  difference  in  the  luminescence  response  cannot  be  explained  by  inhomogeneity  of  the  film 
(see  Ref.  [2]).  It  is  reasonable  to  attribute  the  lower  lifetime  and  non-exponential  character 
of  the  decay  curve  in  the  case  of  266  nm  excitation  to  the  fact  that  nonradiative  surface 
recombination  makes  a  more  significant  contribution  in  this  case  when  measuring  the  radiative 
lifetime.  Most  of  the  generated  excess  carriers  are  confined  in  a  0.3  fim  layer.  This  creates 
an  initial  nonequilibrium  density  of  electron  hole  pairs  after  excitation  (  ~  1020  cm  3  )  about 
a  factor  of  one  hundred  greater  than  excitation  using  Aex  =  355  nm.  Since  the  mobility  at 
room  temperature  in  4H  SiC  doped  to  ~  1015  cm~ 3  is  about  800  [10],  we  use  the  Einstein 

relation  to  estimate  the  diffusion  length  as  L  =  (D  •  r)1/2  =  26/jm  (nondegenerate  conditions 
assumed).  This  implies  that  even  at  the  excitation  wavelength  Aex  =  266  nm  diffusion  removes 
excess  carriers  from  the  front  surface  very  quickly  and  we  are  able  to  give  a  more  or  less  correct 


Time  (ns)  Time  (ns)  Time  (ns) 


Figure  3:  Photoluminescence  decay  curves  of  a  4H  SiC  epilayer  (same  sample  as  shown  in 
Fig.  1)  measured  at  3910  A,  corresponding  to  the  J74.8  free  exciton  phonon  assisted  transition. 
Measurements  were  taken  using  excitation  wavelengths:  (a)  Aex  =  266  nm,  (b)  Aex  =  337  nm, 
and  (c)  Xex  =  355  nm. 
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estimate  of  the  bulk  radiative  lifetime  if  we  neglect  the  initial  300  -  400  ns  transient  behavior 
corresponding  to  one  time  constant  r. 

We  have  also  measured  the  temperature  dependence  of  the  decay  time.  We  find  that  the 
measured  lifetime  decreases  as  the  temperature  is  increased  for  Aex  =  266  nm  and  337  nm, 
but  increases  for  Aea;  =  355  nm.  A  possible  explanation  for  the  observed  effect  is  that  the 
front  surface  captures  carriers  more  efficiently  at  Aex  =  266  nm  and  337  nm,  for  which  the 
optical  penetration  depth  is  smaller  compared  to  Aea;  =  355  nm.  We  are  continuing  work  on 
the  problem  of  the  temperature  behavior. 

Conclusions 

By  a  comparison  of  integrated  pulse  photoluminescence  and  continuous  excitation  photolumi¬ 
nescence  we  have  shown  that  under  high  injection  optical  excitation  the  spectral  response  may 
be  attributed  to  free  excitons.  Conditions  have  been  found  for  which  the  minority  carrier  life¬ 
times  are  comparable  using  excitation  at  Aea;  =  266  nm,  337  nm,  and  355  nm.  The  temperature 
dependence  of  the  lifetime  has  been  studied  and  found  to  decrease  with  temperature  for  shallow 
penetration  of  the  excitation  and  increase  with  temperature  for  deep  penetration  of  the  light. 
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Abstract.  Time-  and  spectrally  resolved  electron-hole  ( e-h )  recombination  radiation  from  forward- 
biased  kV-class  4H-SiC  p+rin  structures  is  studied  by  combining  an  intensified  gated  charge 
couple  device  (ICCD)  camera  with  backside  and  cross-sectional  emission  microscopy  techniques. 
We  demonstrate  the  capability  of  this  method  to  visualize,  spectrally  analyze  and  map  intrinsic  and 
processing-induced  structural  defects  in  the  active  region  of  devices.  Moreover,  carrier  diffUsivity 
and  lifetime  parameters  can  be  readily  obtained  by  analyzing  the  spatial  distribution  and  dynamics 
of  injected  carriers. 

Introduction 

Reliability  and  reproducibility  of  applications  in  the  area  of  SiC-based  electronics  depend 
essentially  on  the  control  efficiency  of  material  and  processing  properties.  Performance-limiting 
factors  in  SiC  devices  have  scarcely  been  understood  so  far,  though  it  is  generally  agreed  that  the 
presence  of  macro-defects  severely  diminishes  the  high-blocking  capability.  Thus,  a  diagnostic 
technique  capable  to  provide  a  direct  insight  into  both  material  properties  and  dynamic  processes 
taking  place  in  an  operative  SiC  device  is  highly  imperative  in  device  engineering  and  optimization 
of  test  structures.  In  this  work,  we  report  on  an  optical  characterization  technique,  which  meets  the 
main  requirements  for  defect  localization  and  analysis  in  a  pm- scale  and  demonstrate  its  potential 
by  imaging  electroluminescence  (EL)  emission  from  forward  biased p+rin+  structures. 


Experimental  Technique 

The  examined  4H-SiC  diodes  were  different  evaluation-type  p+rin+  structures  with  Al/B-implanted 
or  epitaxially  grown  p  layers.  In  all  cases  the  low-doped  ri  base  comprises  a  30  pm-thick  epilayer 
grown  by  CVD  on  a  commercial  n  substrate.  A  strip-shaped  specimen  with  centermost  located 
diodes  was  cut  out  from  the  wafer  for  emission  imaging  in  a  cross-sectional  geometry.  One  of  the 
sidewalls  was  then  polished  straight  to  the  edge  of  the  diode.  For  imaging  of  EL  emission  in 
backside  geometry,  the  cathode  metallization  was  removed  from  the  diodes  and  the  rear  surface  was 
polished  to  optical  quality.  A  sketch  of  experimental  the  technique  is  shown  in  Fig.  1 .  The  optical 
emission  microscopy  setup  included  a  Hamamatsu  type  C4880-10  LN-cooled  digital  CCD  camera 
combined  with  a  gated  image  intensifier,  a  2  nm-resolution  PC2000  fiber-optic  spectrometer  and  a 
modified  Nikon  microscope,  containing  a  zero-aperture  diaphragm  in  the  image  plane  and  a 
retractable  light-collecting  module  for  an  optical  fiber.  The  optional  variable-aperture  component 
inside  the  microscope  enables  spatially  resolved  measurements  of  emission  spectra  from  the 
selected  emitting  areas  down  to  a  few  microns  in  size.  Finally,  optical  interference  filters  positioned 
in  front  of  the  ICCD  camera  facilitate  spectrally  selective  imaging  of  the  emission  from  the  whole 
area  of  test  structures.  The  spectral  response  of  the  system  is  in  the  200-950  nm  wavelength  range, 
whereas  the  spatial  resolution  is  defined  by  the  1000x1000  pixels  of  the  CCD  sensor.  The  acquired 
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images  were  stored  and  processed  in  12-bit  mode  thus 
providing  4096  levels  of  gray.  Timing  of  the  imaging 
process  could  be  implemented  by  activating  a  high¬ 
speed  intensifier  unit.  The  electronic  shutter  was 
synchronized  with  a  pulsed  forward  bias  generator  and 
operated  at  5  kHz.  The  adjustable  gating  delay  permits  a 
continuous  scan  of  the  ICCD  exposure  window 
throughout  both  on-state  and  off-state  transients.  The 
minimum  exposure  time  of  the  system  is  5  ns.  The  test 
specimen  was  clamped  between  contacts  so  that  either  a 
polished  backside  surface  or  a  cross-section  of  the  diode 
structure  was  exposed  to  the  microscope  objective,  as 
shown  in  Figs.  1(a)  and  1(b),  respectively.  A  ring-shape 
top  contact  was  utilized  to  minimize  electric  field 
inhomogeneity  in  backside  imaging  experiments. 
Injection  of  excess  carriers  was  accomplished  by  pulsed 
forward  biasing,  yielding  current  densities  in  the  range  1 
-  1000  A/cm2. 

Results 

Backside  emission.  Figure  2  outlines  typical  features  of 
EL  emission  imaged  in  backside  geometry,  i.e.  through 
the  optically  translucent  n  substrate,  while  keeping 
focus  in  the  proximity  of  the  p ri  junction  plane.  Most 
common  types  of  imperfections  -  micropipe -type  defects,  electrically  inactive  areas  and  stress- 
current  induced  bright  line  formations  are  denoted  by  markers  A,  B  and  C  in  Fig.  2,  respectively. 
Enhanced  electrical  field  in  the  vicinity  of  structural  imperfections  may  give  rise  to  locally 
intensified  EL  emission.  In  addition,  the  strain  field  around  the  macro-defects  attracts  impurities  and 
point  defects,  which  may  considerably  add  to  the  EL  process.  Note  a  circular  pattern  of  enhanced 
emission,  clearly  decorating  a  micropipe  in  Fig.  2  (a).  Extensive  dark  areas  in  the  EL  images 
complement  an  irreversible  formation  of  bright  line  network,  similar  to  that  reported  in  Ref.  [1]. 
The  most  likely  cause  is  a  displacement  of  adjacent  crystal  planes  onwards  each  other,  resulting 
from  a  non-uniform  heating  induced  stress.  The  density  of  the  line-defects  is  found  in  direct 


Fig.  2.  Backside  imaging  of  e-h  recombination  radiation  from  a  forward  biased  4H-SiC  p+/n-/n+ 
structure,  (a)  Characteristic  imperfections  -  p-pipe  type  defects  (marker  A),  electrically  inactive  dark 
areas  (marker  B).  (b)  Overall  EL  emission  pattern  from  a  diode,  (c)  Spectrally  selective  EL  image 
(555±20  nm)  of  electrical  overstress  induced  bright  line  formations  (marker  C). 


Fig.  1.  Schematics  of  the  optical  emission 
microscopy  setup  in  backside  (a)  and  cross- 
sectional  (b)  imaging  configurations:  ICCD 
-  intensified  CCD  camera,  S  -  spectrometer, 
F  -  optical  fiber,  IF  -  interference  filter,  L  - 
lens,  M-  mirror,  A  -  adjustable  aperture. 
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proportion  with  the  electrical  overstress  time.  Following  displacement  of  crystal  planes,  the  current 
flow  across  the  split  area  is  constrained,  resulting  in  a  darker,  literally  non-emitting  area  on  the 
emission  pattern. 

Time-resolved  imaging.  Time-resolved  imaging  of  light  emission  during  voltage  transients  was 
accomplished  in  cross-sectional  geometry  by  utilizing  a  gated  intensifier  unit  (see  Fig.  1  b).  An 
overview  of  the  temporal  and  spatial  EL  distributions  after  removal  of  the  forward  bias  is  displayed 
in  Fig.  3.  Note  a  nonlinear  character  of  the  EL  transients,  which  can  be  approximated  by  limiting, 
i.e.  fast  and  slow,  time  constants.  The  fast  component  is  fairly  similar  in  both  ri  base  and  n 
substrate  and  is  characterized  by  a  ~35  ns  decay  time.  The  subsequent  slow  decay  asymptotically 
approaches  a  n  ~  350  ns  time  constant,  which  is  in  good  agreement  with  typical  lifetimes  for  30 
pm-thick  4H-SiC  epilayers  [2].  The  considerably  faster  decay  (r2  <  200  ns)  observed  in  the  n 
substrate  is  an  inherent  feature  of  a  highly  doped  material.  Furthermore,  the  obtained  EL  intensity 
profiles  stretching  from  the  rin  interface  into  the  bulk  of  the  substrate  provide  an  insight  into 
minority  carrier  transport  properties.  The  recombination  radiation  profiles  in  the  substrate  suggest 
an  average  Leff  =  15  jam  diffusion  length  for  holes,  which  agrees  well  with  diffusivity  determined 
from  mobility  in  4H-SiC  [3],  Given  the  actual  effective  lifetime  rand  diffusion  length  Zeff  values, 
the  diffusivity  at  a  particular  area  of  interest  can  then  be  quantified  from  the  relationship  D  =  Zeff  / r- 
Finally,  analysis  of  the  time  evolution  of  the  EL  profiles  discloses  the  mutual  role  of  pri  and  rin 
interfaces  in  the  overall  carrier  relaxation  process.  A  considerable  carrier  leakage  through  the  p+n 
junction  can  be  observed  after  removing  the  forward  bias.  Conversely,  an  apparently  negligible 
leakage  at  the  nn  interface  suggests  that  the  effect  of  minority  carrier  confinement  due  to  the  built- 
in  high-low  junction  take  over  the  effect  of  recombination  at  the  epilayer-substrate  boundary. 


Spectral  analysis.  Figure  4  shows  a  typical  EL  spectrum,  measured  by  integrating  emission  from 
the  whole  luminescent  area  of  the  diode.  A  deconvolution  of  experimental  data  applying  Gaussian 
fits  provides  a  basic  multi-peak  layout  of  the  EL  spectrum.  The  optical  signatures  of  transitions  with 
A-donor,  Al- acceptor,  shallow  5-acceptor  and  deep  boron  related  D-center  can  be  distinguished  in 

the  emission  spectrum.  The  dominating 


blue  peak  in  the  region  of  400  nm  basically 
comprises  free-to-bound  transitions, 
involving  A-donor  and  ^/-acceptor  levels.  A 
broad  green  peak  around  514  nm  is 
attributed  to  optical  transitions  of 
conduction  electrons  to  neutral  deep  B- 
acceptor.  In  addition,  intrinsic  and  post¬ 
implantation  defects  give  rise  to 
energetically  deep  levels  in  the  band  gap  [4, 
5]  with  the  corresponding  peaks  in  the  red 
region  of  the  EL  spectrum.  We  have 
observed  a  prominent  variation  of  EL 
spectral  yield  versus  injection.  The  EL 
spectra  as  a  function  of  forward  current  in 
the  range  5-58  A/cm2  is  summarized  in  the 
inset  to  Fig.  4.  At  low  injection,  only  a 
broad  emission  peak  in  the  green  region  of 


Fig.  3.  Evolution  of  EL  emission  after  removing  of  the  spectrum  is  detected.  With  the  current 

forward  biasing.  Asymptotic  straight  lines  indicate  increased,  the  blue  peak  rapidly  emerges 

effective  diffusion  length  Leff  for  holes  and  lifetimes  in  and  completely  dominates  luminescence  at 

the  4H-SiC  epilayer  n  =  350  ns  and  substrate  r2  <  200  high  injections.  A  more  detailed  analysis, 

ns,  respectively.  however,  has  implied  self-heating  effects  to 
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Energy  (eV) 

3.5  3  2.5  2  1.5 


Fig.  4.  EL  spectrum  (dots)  and  Gaussian  fit  (solid  curve) 
along  with  corresponding  deconvolution  components.  Inset 
shows  EL  spectra  as  a  function  of  injection.  The  actual 
temperature  of  device  is  indicated  next  to  current  values. 


Summary 


be  responsible  for  the  increase  of  blue 
emission,  presumably  due  to  thermal 
activation  of  V-donors.  This  assumption 
is  supported  by  the  fact  that,  in  contrast 
to  green  spectral  components,  which  are 
emitted  mostly  from  the  space  charge 
region,  the  source  of  blue  EL  component 
is  not  localized  in  depth,  and  radiation 
comes  from  the  whole  ri  volume. 

To  clarify  the  origin  of  electrical  stress- 
induced  line  formations,  spatially 
resolved  emission  measurements  were 
accomplished  by  utilizing  adjustable 
aperture  inside  microscope,  which 
enabled  acquisition  of  emission  from 
selected  regions  less  than  10  pm  in  size. 
The  preliminary  inspection  has  revealed 
an  apparent  build-up  of  near-infrared 
emission  with  peak  position  out  of  our 
spectral  sensitivity  range.  A  more 
detailed  investigation  of  deep  level 
impurities  around  stress-induced  line- 
formations  and  their  contribution  to  EL 
is  underway. 


Our  results  suggest  that  imaging  of  light  emission  from  the  e-h  recombination,  which  is  inherent  to 
forward  biased  p-n  junction  structures,  is  a  direct,  noninvasive  and  informative  technique  for  defect 
localization  and  device  performance  control.  We  demonstrate  the  capability  of  this  technique  to 
visualize  and  analyze  intrinsic  and  stress-induced  defects.  The  basic  characteristics  like  carrier 
lifetime,  diffusivity  and  injection  efficiency  can  be  derived  from  experiments  along  with  the  spatial 
distributions  of  these  parameters  over  the  active  device  area. 
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Abstract  The  electroluminescence  from  pn-diodes  with  (1)  aluminum  doped  epitaxially  grown,  (2) 
aluminum  implanted  or  (3)  aluminum  and  boron  implanted  p-layer  have  been  investigated.  The 
temperature  dependence  for  both  the  spectra  and  the  decays  of  the  major  spectral  components  have 
been  investigated  at  temperatures  from  80  K  to  550  K.  The  implanted  diodes  show  implantation 
damage  in  the  form  of  the  Di  center  and  lack  of  emission  from  the  aluminum  center.  The  epitaxial 
diodes  show  luminescence  from  the  aluminum  center.  The  band  edge  luminescence  is  visible  above 
150  K  for  the  epitaxial  diode  and  above  300  K  for  the  implanted.  The  emission  from  deep  boron  can 
be  seen  in  the  aluminum  and  boron  co-implanted  diode  and  in  the  epitaxially  grown  diode  that  have 
an  unintentional  boron  doping  below  10 17  cm'3. 

Introduction 

During  the  growth  of  the  material  and  the  processing  of  devices  defects  will  be  introduced.  The 
performance  of  the  device  will  be  determined  by  these  defects.  The  nature  of  these  defects  and  the 
influence  they  have  on  the  performance  of  the  device  need  to  be  investigated  and  understood. 
Diodes  are  normally  characterized  with  electrical  methods  such  as  IV,  CV,  admittance  spectroscopy 
and  deep  level  transient  spectroscopy.  Optical  methods  are  usually  not  used  because  the  difficulties 
in  focusing  on  the  small  volume  of  the  pn-junction.  Electroluminescence  (EL)  bridges  the  electrical 
and  optical  methods  making  it  possible  to  optically  study  the  small  volume  of  the  pn-junction  under 
operation  like  conditions.  This  gives  further  information  on  the  pn-junction  and  makes  it  possible  to 
retrieve  information  of  the  lifetimes.  The  luminescence  spectra  can  be  recorded  as  well  as  the 
decays  after  voltage  pulses  from  specific  emissions. 

Experiment 

In  this  work  we  have  investigated  several  different  pn-diodes  in  4H  SiC.  All  samples  had  a  low 
doped  n"-type  base  layer  grown  by  hot  wall  CVD  [1].  The  p-layer  were  made  either  with  ion 
implantation  of  A1  or  co-implantation  of  A1  and  B,  followed  by  a  high  temperature  anneal,  or  by  an 
epitaxially  grown  Al-doped  SiC  layer. 

The  samples  were  mounted  in  an  Oxford  cryostat  with  a  temperature  range  from  77  K  to  550  K.  EL 
measurements  were  made  with  forward  voltage  applied  in  pulsed  mode,  using  a  voltage  pulse 
generator.  The  forward  voltage  pulses,  of  3-6  V  and  20-40  mA,  had  a  duration  of  10  jus  with  a 
repetition  frequency  of  5  kHz.  The  variations  of  voltage  and  current  depend  on  the  different  current 
voltage  characteristics  and  its  temperature  dependence.  The  emission  from  the  edge  of  the  diode 
was  collected  and  dispersed  through  a  monochromator  and  detected  by  a  photomultiplier  tube  using 
photon  counting  techniques.  The  emission  from  the  diodes  were  detected  either  spectrally  or  as  a 
function  of  time.  During  spectral  measurements  a  gating  technique  was  used  to  detect  the  signal 
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during  two  different  conditions.  One  measurement  was  made  during  the  last  5  (is  of  the  forward 
voltage  pulse,  corresponding  to  DC  operation.  The  other  measurement  started  0.5  ps  after  the 
forward  pulse  was  turned  off  and  was  5  ps  long.  The  delay  was  longer  than  the  minority  carrier 
lifetime  at  room  temperature,  and  the  measurement  was  made  to  enhance  or  separate  emissions 
related  to  carriers  trapped  to  defects.  Time  decay  measurements  during  70  ps  after  the  forward 
pulse  was  made  for  all  emission  energies  to  further  determine  the  dynamics  of  each  recombination. 
The  response  of  the  optical  system  was  not 

calibrated.  5 

10s 

Electrical  measurements  such  as  current 
voltage  characteristics  as  a  function  of  1q4 
temperature  and  capacitance  voltage  ^ 

characteristics  were  made  to  get  general  3 

information  about  the  diodes.  The  ^  , 

electrical  characterization  of  defects  was  £> 
made  by  Deep  Level  Transient  § 

Spectroscopy  (DLTS)  for  deep  majority  J  1q2 
and  minority  traps  and  Admittance 
Spectroscopy  for  shallow  majority  carrier  w 
traps. 

Results  and  discussion 

The  normalized  EL  emission  spectra  at 
room  temperature  are  shown  in  Fig.  1  for 
the  three  different  studied  diodes,  where 
the  spectra  are  shifted  vertically  for 
clarity.  The  spectra  are  dominated  by 
four  different  emissions.  Close  to  the 
bandgap  at  3.18  eV  there  is  an  emission 
related  to  free  carriers  where  the  main 
recombination  most  probably  is  the  free 
exciton  recombination.  At  an  energy  of 
2.92  eV  there  is  a  broader  emission 
assigned  to  the  donor-acceptor  pair 
(DAP)  recombination  involving  the 
nitrogen  donor  and  the  shallow  A1 
acceptor.  This  is  relatively  stronger  in  the 
epitaxially  grown  diode  while  it  is  almost 
not  observed  in  the  implanted  diodes.  At 
lower  energies,  with  an  emission 
maximum  at  2.48  eV,  the  DAP  emission 
from  the  nitrogen  donor  and  the  deeper 
boron  acceptor  [2]  are  seen  in  the  A1  and 
B  implanted  diode  as  well  as  in  the 
epitaxial  diode.  In  the  latter  case  the 
boron  are  introduced  unintentionally 
(<1017  cm'3)  during  the  growth  of  the  Al- 
doped  p-layer.  The  DAP  recombinations 
involving  N  and  A1  or  B  are  at  higher 
temperatures  shifted  towards  higher 


a)  epitaxial  diode ,  b)  A 1  and  B  implanted  diode 
and  c)  A  l  implanted  diode. 


Figure  2.  The  temperature  dependence  from  80  K 
to  530  K  in  50  K  steps  of  the  Al  and  B  implanted 
diode.  The  curves  are  shifted  vertically  for 
clarity. 
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energies  due  to  the  contribution  of  free  to 
bound  recombinations.  The  A1  implanted 
sample  has  a  similar  broad  emission  at 
lower  energies.  However  this  emission  is 
slightly  shifted  towards  higher  energies, 
as  compared  to  the  other  samples,  with  a 
peak  at  about  2.58  eV.  It  also  lacks  the 
slow  decay  at  temperatures  around  350  K 
that  the  A1  and  B  implanted  sample  have 
as  can  be  seen  in  Fig.  3b  and  Fig.  4b. 
Since  we  do  not  expect  any  boron  in  this 
sample  an  alternative  explanation  is 
needed.  One  possible  explanation  could 
be  a  DAP  involving  the  deep  A1  acceptor 
as  previously  observed  [3]  in  EPR.  This 
has  however  not  previously  been 
observed  optically  or  electrically,  so  a 
definite  assignment  of  the  observed 
emission  can  not  be  made. 

At  temperatures  below  150  K  a  sharp 
emission  line  at  2.91  eV  can  be  seen  in 
the  two  implanted  diodes  but  is  absent  in 
the  epitaxially  grown  diode.  This  line, 
and  another  line  at  2.902  eV  at 
temperatures  below  30  K,  as  well  as  the 
phonon  structure  at  lower  energies  is 
known  to  originate  from  the  center  Di  [4] 
which  is  well  established  from 
Photoluminescence  (PL)  of  irradiated  and 
annealed  material.  The  Di  center  is 
believed  to  be  an  intrinsic  defect  here 
caused  by  the  damage  created  by  the  ion- 
implantation  of  acceptors.  The  Di 
emission  originates  from  an  isoelectronic 
bound  exciton  which  is  thermally 
quenched  at  150  K.  The  defect  level 
does,  however,  remain  at  higher 
temperatures  and  could  also  be  involved 
in  a  DAP  recombination. 
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Figure  3.  The  temperature  dependence  of  the  EL 
during  the  pulse  (upper)  and  directly  after  the 
pulse  (lower).  The  logarithmic  intensity  is  shown 
as  a  grayscale  with  black  as  0  and  white  as  4.5  in 
arbitrary  units. 


All  the  diodes  have  a  broad  luminescence  around  2.58  eV  from  a  DAP  involving  N  and  a  deep 
acceptor  level.  The  decays  of  these  pair  emissions  become  very  fast  at  250  K  when  the  N  is  ionized. 
In  the  epitaxially  grown  diode  the  recombinations  with  A1  are  most  probably  originating  from  the 
p-layer.  The  n'-layer  has  Nd=1015  cm'3  and  Na=10n  cm'3  while  the  p-layer  has  Nd=1016  cm'3  and 
Na=1019  cm'3.  During  the  implantation  high  concentrations  of  vacancies  are  created  and  the 
implanted  species  can  together  with  a  vacancy  create  deep  levels.  The  lack  of  luminescence  from 
shallow  A1  in  the  A1  implanted  diode  is  probably  due  to  a  high  degree  of  Al-Vc  pairs  forming  deep 
Al.  The  A1  and  B  implanted  diode  also  lacks  luminescence  from  shallow  acceptors  for  the  same 
reason. 
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The  epitaxially  grown  diode  and  the  A1  and  B 
co-implanted  diode  have  both  an  emission 
around  2.48  eV  with  a  slow  decay,  that  can  be 
seen  in  Fig.  4b,  at  temperatures  from  300  K  to 
450  K.  This  is  the  emission  from  the  free  to 
bound  recombination  with  deep  boron.  The 
intensity  from  this  emission  is  weaker  in  the 
epitaxially  grown  diode. 

The  emission  from  free  carrier  recombination  is 
observed  at  an  energy  of  3.18  eV.  The 
epitaxially  grown  diode  have  free  carrier 
recombination  above  150  K  whereas  for  the 
implanted  diodes  the  emission  is  only  visible 
above  300  K,  as  can  be  seen  for  the  A1  and  B 
co-implanted  diode  in  Fig.  2.  This  is  due  to  the 
fewer  deep  levels  and  radiation  induced 
recombination  paths  for  the  epitaxial  diode 
compared  to  the  implanted  diodes.  With  DLTS 
the  deep  boron  level  is  found  in  the  diode 
implanted  with  both  boron  and  aluminum. 

Conclusions 

The  comparison  between  implanted  and 
epitaxially  grown  p-Iayers  shows  that  the 
implantation  process  creates  more  deep 
acceptor  levels  on  the  expense  of  the  shallow 
acceptor  levels.  The  implanted  diodes  also  have 
less  band  edge  emission  at  lower  temperatures 
and  less  emission  from  shallow  acceptors  as  a 
result  of  higher  concentration  of  defects.  This 
implies  that  the  epitaxial  diode  will  have  an 
advantage  over  the  implanted  diodes.  The 
existence  of  the  deep  boron  in  the  epitaxial 
diode  will,  however,  reduce  its  performance 
and  unless  A1  doped  p-layers  with  less  boron  can 
be  grown,  implantation  with  A1  may  still  be 
favorable. 
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Figure  4.  The  decay  at  350  K  of  the 
bandedge,  3.18  eV  (upper)  and  the  deep 
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Abstract.  Room  temperature  electroluminescence  was  obtained  from  silicon  carbide  diodes.  The 
spectrum  was  recorded  in  the  1.1  to  3.2  eV  energy  range.  In  forward  bias,  the  intensity  maximum 
occurs  at  2.64  eV  and  in  avalanche  breakdown  at  2.2  eV.  The  lifetime  of  the  latter  is  179  ns.  In 
forward  bias,  the  lifetime  was  previously  measured  to  be  2.3  ps.  It  is  concluded  that,  in  SiC, 
forward  and  reverse  bias  emissions  have  different  origins,  and  the  reverse  bias  emission  cannot  be 
band  to  band.  The  SiC  data  supports  the  view  that  the  mechanisms  of  avalanche  breakdown 
electroluminescence  are  bremsstrahlung  and  intraband,  involving  hot  carriers. 

Introduction 

Light  emission  by  hot  carriers  has  been  observed  in  reverse  biased  pn  junctions  based  on  silicon 
(Si)  [1,2],  germanium  [3],  gallium  phosphide  [4],  gallium  arsenide  (GaAs)  [5],  and  silicon  carbide 
(SiC)  [6].  The  origin  of  this  emission  is  still  debated.  The  mechanisms  proposed  involve  quantum 
interband  and  intraband  transitions,  and  classical  bremsstrahlung  radiation.  The  quantum  interband 
model  depends  on  the  gap  of  the  material,  whereas  the  classical  model  is  less  sensitive  to  it.  Since 
the  emission  of  the  classical  model  falls  in  the  infrared,  electroluminescence  (EL)  from  wide  gap 
material  can  help  to  establish  the  mechanism  of  light  emission  in  avalanche  breakdown  diodes.  In 
this  work,  spectral  and  time  dependent  data  from  SiC  diodes  are  presented,  and  compared  with 
similar  published  data  on  Si  [2]  and  GaAs  [7]  pn  junctions.  The  SiC  data  presented  here  confirm 
the  conclusion  reached  in  Refs.  2  and  7  that  reverse  bias  electroluminescence  does  not  contain 
interband  transitions,  but  is  related  to  the  hot  carriers  generated  by  the  field. 

Experimental 

SiC  diodes,  CREE  Research  Incorporation  900  series,  were  commercially  bought.  In  forward  bias, 
I-V  curves  were  obtained  using  a  standard  parametric  analyzer.  In  reverse  bias,  the  breakdown 
voltage  was  above  60  V  and  the  I-V  curves  could  not  be  obtained.  For  spectral  recording  of  the 
light  emitted,  a  constant  voltage  source  was  applied.  The  light  was  dispersed  with  a  Jarrell-Ash  1  m 
spectrometer  and  recorded  with  a  Hamamatsu  photomultiplier  R636-10  operating  in  the  photon 
counting  mode.  For  the  lifetime  measurements,  a  Hewlett  Packard  HP  3325B  square  wave 
generator  served  to  modulate  the  current  and  trigger  a  Tektronic  TDS  360  oscilloscope.  The 
detector  was  a  Hamamatsu  R406  photomultiplier.  The  detailed  circuit  used  in  the  lifetime 
measurements  has  appeared  [8]. 
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Material 

Eg(eV) 

Observed  peaks  in  avalanche  breakdown  operation  (eV) 

Si 

1.12 

1.8 

GaAs 

1.43 

1 .44  and  1 .9 

SiC 

2.89 

2.2  ±0.1 

Table  I :  Materials  investigated,  their  gap,  and  observed  transitions  in  avalanche  breakdown  operation  of 
Si,  GaAs  and  SiC  junctions. 

Theory 

The  bandgap  of  the  materials  investigated  is  given  in  Table  I.  In  forward  bias  operation,  the  light 
emitted  corresponds  to  an  electron-hole  recombination  across  the  band  gap.  In  indirect  gap 
materials,  phonon  assistance  is  required.  In  reverse  bias  operation,  light  is  emitted  in  the  avalanche 
region,  but  its  origin  has  yet  to  be  determined.  The  interband  model  attributes  it  to  electron-hole 
recombinations  across  the  bandgap.  The  intraband  model  attributes  it  to  transitions  between  sub¬ 
bands  in  the  conduction  or  valence  bands.  The  bremsstrahlung  model  attributes  it  to  electrons 
accelerated  by  ions. 

Results 

Fig.  1  shows  the  I-V  curve  in  forward  bias  operation.  Fig.  2  shows  the  EL  spectrum  in  forward  and 
reverse  bias.  In  reverse  bias,  it  is  rather  broad,  with  a  maximum,  labeled  a,  between  2.1  and  2.3 
eV.  In  forward  bias,  EL  is  shifted  towards  the  blue.  The  energy  of  the  weak  peak  labeled  c,  is  2.89 
eV  and  corresponds  to  the  optical  gap  of  the  SiC-8H  polytype  [9,  10].  The  energy  of  the  major 
signal  labeled  b,  is  2.64  eV,  and  being  smaller  than  that  of  the  gap,  corresponds  to  transitions 
involving  defect  states  within  the  gap. 
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Photon  Energy  (eV) 

Fig.  2.  Room  temperature  electroluminescence  spectrum  of  SiC  LED  in  forward  (4  V)  and  reverse 
bias  operation  (100  V).  The  left  scale  applies  to  reverse  bias,  and  the  right  to  forward  bias. 

These  observations  in  SiC  can  be  compared  to  Si  and  GaAs  avalanche  breakdown  emissions. 
For  silicon  junctions,  the  maximum  occurs  at  1.8  eV,  corresponding  to  a  yellow  color,  and  for 
GaAs  diodes,  two  peaks  are  observed,  at  1 .44  and  1 .9  eV.  See  Table  I. 

Fig.  3  shows  the  time  resolved  spectrum  of  the  EL  in  reverse  bias  operation.  The  measured 
response  is  252  ns.  The  system  response  was  measure  to  be  73  ns,  and  the  lifetime  of  the  SiC 
avalanche  emission  is  estimated  to  be  179  ns.  For  the  same  diodes,  the  lifetime  in  forward  has  been 
published;  it  is  2.3  |Lls  [1 1]. 


Discussion 

In  silicon  junctions,  the  energy  of  the  light  emitted  in  reverse  bias  operation  is  larger  than  that  of 
the  optical  gap.  In  GaAs  diodes,  the  light  emitted  in  reverse  bias  consists  of  two  well  resolved 
transitions.  The  one  at  1.9  eV  is  close  to  that  emitted  in  silicon  junctions,  but  is  larger  than  the 
GaAs  bandgap.  The  other  at  1.44  eV  is  band  to  band.  The  GaAs  data  clearly  shows  that  the  1.9  eV 
transition  cannot  be  band  to  band.  In  SiC  diodes,  the  transitions  in  forward  and  reverse  bias  are 
also  well  resolved.  Moreover,  the  reverse  bias  peak  occurs  at  an  energy  smaller  than  that  of  the 
SiC  bandgap.  This  observation  that  the  reverse  bias  emission  can  be  smaller  or  larger  than  the 
bandgap  strongly  suggests  that  it  is  not  gap  related.  The  SiC  data  confirm  the  view  that  the  reverse 
bias  emission  is  not  interband  in  nature  [2,  7]. 

Similarly  the  difference  in  lifetime  confirms  this  conclusion.  In  Si,  the  lifetime  in  reverse  bias 
has  not  been  measured,  although  it  is  known  to  be  less  than  3  ns  [12].  In  GaAs,  the  reverse  bias 
lifetime  has  not  been  measured.  For  SiC,  the  lifetime  was  measured  in  direct  [11]  and  in  reverse 
bias  (present  work)  operations.  They  are  quite  different. 

These  observations  suggest  that  the  interband  mechanism  is  not  the  origin  of  the  yellow  light 
emission  occurring  in  reverse  biased  Si  pn  junctions.  The  Bremsstrahlung  and  the  intraband  models 
remain.  In  Bremsstrahlung,  electrons  placed  in  the  ionization  continuum,  called  "hot",  are  attracted 
by  the  ions  and  emit  light.  For  SiC,  modeling  the  data  for  energies  between  2.3  and  3.2  eV  requires 
temperatures  of  thousands  of  degrees.  However,  in  the  classical  physics  mechanism,  the  intensity 
of  the  light  emitted  decreases  monotonically  with  energy,  which  is  not  observed  for  energies  less 
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Fig.  3.  Room  temperature  temporal  decay  of  SiC  reverse  biased  LED.  The  constant  current 
was  1 0  mA. 


than  2.3  eV.  Carrier  collisions  with  the  lattice  could  further  slow  them  down,  with  the  result  that 
the  Bremsstrahlung  mechanism  ceases  to  operate  at  small  energies.  The  slowed  down  electrons 
could  emit  photons  and  reach  discrete  levels.  These  are  intraband  transitions  between  sub-bands  of 
the  conduction  band.  Further  theoretical  work  is  needed  to  identify  the  discrete  levels  involved. 

In  Table  I,  the  energy  of  the  breakdown  regime  transition  is  dependent  on  material.  The 
dependence  could  be  due  to  ionization  energy,  which  depends  on  material. 

Conclusion 

Reverse  bias  EL  from  SiC  diodes  is  different  from  that  of  Si  and  GaAs  diodes  because  its  energy  is 
smaller  than  the  bandgap.  This  observation  and  the  different  lifetime  exclude  the  interband 
mechanism  of  the  light  emission  process.  It  support  the  bremsstrahlung  and  intraband  models. 
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Abstract:  We  have  considered  6H  and  4H  SiC  n-MOSFETs  from  two  different  origins  and 

studied  the  photon  emission  coming  from  the  channel  of  the  devices  biased  in  the  saturation  regime. 
We  have  simultaneously  measured  the  drain  and  the  substrate  currents,  which  enabled  us  to 
establish  a  specific  relationship  between  the  currents  and  the  emission  intensity.  Additionally,  we 
performed  a  spectral  analysis  which  clearly  indicates  the  contribution  of  one  or  more  recombination 
center(s)  inside  the  bandgap  of  silicon  carbide. 

1  Introduction 

Photon  emission  measurements  on  SiC  devices  are  of  various  interests.  In  addition  to  the 
localization  of  technologically  induced  defects  characterized  by  local  leakage  currents  and  high 
electric  fields,  they  can  give  detailed  information  about  the  mechanisms  involved  in  hot  carriers 
relaxation  phenomena.  Compared  to  silicon,  for  which  most  of  the  previous  investigations 
considered  energy  ranges  above  the  material’s  bandgap  [1-5],  our  measurements  lie  below  the 
silicon  carbide  bandgap.  They  unambiguously  show  that  the  emission  mechanisms  are  different 
from  those  of  silicon  in  the  same  conditions. 

2  Devices  and  experimental  set-up 

We  investigated  two  series  of  devices  made  on  p-type  epilayers: 

-  6H  &  4H-SiC  inversion-mode  n-channel  MOSFETs  from  RWTH,  Aachen  (labeled  “S”), 

-  6H-SiC  inversion-mode  n-channel  MOSFETs  from  DaimlerChrysler  AG  (labeled  “N”). 
The  channel  doping  levels  are  5.8  1016  cm'3  for  the  4H  devices  and  2.9  1016  cm'3  and  1  1016 

cm'3  for  the  6H  devices  from  RWTH  and  DaimlerChrysler,  respectively.  The  channel  lengtii  of  all 
devices  is  3  pm.  The  channel  width  is  500  pm  for  devices  from  RWTH  and  106  pm  for  device  from 
DaimlerChrysler.  The  gate  oxide  thickness  is  36  nm  for  devices  from  RWTH  and  50  nm  for  device 
from  DaimlerChrysler.  The  apparent  surface  mobility  has  been  measured  as  6  cnf.V'hs'1  for  the  4H 
polytype,  31  cm^V'hs*1  for  the  6H  device  from  RWTH,  and  44  cmlV’.s'1  for  the  6H  device  from 
DaimlerChrysler  (for  more  details,  see  [6,7]). 

The  emission  behavior  of  the  different  devices  was  studied  using  the  following  procedure: 
the  transistors  were  biased  in  the  saturation  regime  and  the  photon  emission  coming  from  the 
channel  was  focused  by  a  microscope  on  a  CCD  camera  (Hamamatsu  C4880).  The  camera  output 
was  transferred  to  a  computer  and  the  data  were  processed  using  an  image  control  system.  Emission 
profiles  of  the  channel  were  calculated  and  then,  each  profile  was  averaged  over  the  channel  width 
on  a  distance  related  to  the  field  of  the  camera  (about  100  pm).  For  each  biasing  condition,  the 
maximum  light  intensity  (Iv)  was  measured  as  well  as  the  drain  and  the  substrate  currents  (ID  and 
ISUB,  respectively).  Note  that  the  light  intensity  Iv  corresponds  to  an  integration  over  the  spectral 
sensitivity  range  of  the  CCDs  (1.2  to  3.2  eV).  The  spectra  were  measured  using  a  set  of  discrete 
filters  with  wavelengths  ranging  from  400  to  1100  nm  (bandwidth  ranging  from  6  to  16  nm).  The 
whole  system  had  previously  been  calibrated  using  a  known  light  source. 
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3  Results  and  discussion 


Figure  la  shows  the  light  emission  intensity  normalized  by  the  drain  current  density  as  a 
function  of  (VD-VDsat)  for  three  6H  devices  and  one  4H  device.  VDsat  is  extracted  from  ID(VD) 
characteristics  using  the  method  proposed  by  Jang  et  al  [8]  The  difference  between  4H  and  6H 
reflects  for  one  part  the  different  impact  ionization  efficiencies  of  the  two  polytypes.  However,  we 
will  see  below  that  the  light  emission  intensity  is  not  directly  correlated  to  the  substrate  current  so 
that  one  must  be  careful  when  interpreting  such  a  plot. 


10  15  20  25  30 

VD-VDsat(V) 


Photon  Energy  (eV) 


Figure  la  : 

Normalized  maximum  light  intensity  versus  (VD-VDsat) 
for  one  4H  and  three  6H  SiC  devices.  A :  4H  device, 
□  :  6H  device  SI,  ■  :  6H  device  S2,  ♦ :  6H  device  N. 


Figure  lb  : 

Emission  spectra  of  device  N  and  device  S.  The 
spectra  are  corrected  taking  into  account  the 
polysilicon  gate  absorption  ,  using  the  data  in  [16]. 


Figures  2  and  3  show  the  relation  between  the  light  intensity  and  the  drain  and  substrate 
currents.  In  Figure  2,  we  have  plotted  Iv  as  a  function  of  ISUB  only.  Had  one  done  the  same  for  a 
silicon  device,  one  would  have  found  a  straight  line  [5,9].  It  is  clearly  not  the  case  for  silicon 
carbide  since  we  obtain  a  cloud  of  data  points.  Figure  3  reveals  the  appropriate  relation  between  Iv 
and  ISUB  in  the  case  of  SiC.  Plotting  Iv  as  a  function  of  the  product  ISUBxID  makes  all  the  points 
converge  to  a  single  line:  the  light  emission  is  proportional  to  (ISUBxID)a  ar|d  we  find  the  coefficient 
a  to  be  0.50  for  device  N  and  0.56  for  device  S. 


Figure  2  : 

Maximum  light  intensity  versus  substrate  current  for 
device  N. 


Figure  3  : 

Maximum  light  emission  versus  the  product  ISUBX  Id  f°r 
device  N  and  device  S. 
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Figure  lb  shows  the  spectral  distribution  of  the  emitted  light  in  a  logarithmic  scale.  The  spectra 
have  been  corrected  by  our  experimental  set-up  spectral  sensitivity  as  well  as  the  polysilicon  gate 
absorption.  They  are  characterized  by  a  strong  emission  peak  whose  maximum  is  located  around  1.6 
eV.  This  value  (nearly  the  middle  of  the  gap  for  6H-SiC)  can  be  compared  to  the  position  of  the 
vanadium  deep  donor  level  (Ev  +1.55  eV)  found  by  optical  admittance  measurements  by  Evwaraye 
et  al  [10]  (they  also  determined  the  vanadium  acceptor  level  to  be  located  at  Ec  -  0.6  eV).  Device  S 
shows  a  secondary  emission  peak  around  2.5  eV.  Device  N  does  not  exhibit  this  peak  but,  for 
energies  greater  than  2.5  eV,  the  emission  was  very  faint  due  to  the  rapidly  increasing  absorption 
caused  by  the  thick  polysilicon  gate  (700  nm  for  device  N  to  be  compared  with  150  nm  for  device 
S).  This  secondary  peak  could  be  due  to  donor- acceptor  pair  recombinations. 


Emission  mechanisms :  The  mechanisms  involved  in  photon  emission  from  SiC  MOSFETs 

biased  in  saturation  are  different  from  those  found  in  their  silicon  counterparts. 

In  silicon  MOSFETs,  experimental  results  [4,5,11]  as  well  as  theoretical  calculations  [12] 
attribute  the  photon  emission  to  intraband  transitions  of  electrons  inside  the  conduction  bands.  The 
carriers  excited  in  the  silicon  conduction  bands  by  the  high  electric  field  relax  towards  the  bottom  of 
the  band,  partly  by  emitting  photons  and  partly  by  impact  ionizing  valence  band  electrons.  This 
leads  to  the  nearly  exponentially  decreasing  behavior  of  the  spectra  measured  by  several  authors  as 
well  as  by  ourselves.  Most  authors  [5,9]  (including  ourselves  [13])  find  a  simple  proportional 
relation  between  the  emitted  light  and  the  substrate  current.  Although  the  reason  for  this  is  still  not 
clear,  it  clearly  indicates  that  the  origin  of  both  phenomena  is  common. 

In  the  case  of  silicon  carbide,  we  found  a  different  behavior.  First,  the  emitted  light  is  not 
directly  proportional  to  the  substrate  current  (Figure  la).  One  must  take  into  account  both  the 
substrate  current  (ISUB)  and  the  drain  current  (ID)  for  a  proper  correlation  with  the  light  intensity 
(Iv).We  found  that  the  emission  intensity  is  roughly  proportional  to  the  square  root  of  the  product 
ISUBxID  (lv  °c  VrsuB  x  ID  )  (Figure  3).  This  means  that  the  probability  of  emission  depends  on  the 

free  electron  density  (via  ID)  as  well  as  the  free  hole  density  generated  in  the  depletion  region  (ISUB). 
Second,  the  emission  spectra  do  not  exhibit  the  same  exponential  behavior  as  those  measured  on 
silicon  [1-5,11].  In  contrast,  they  reveal  a  main  emission  peak  located  near  midgap.  These  two 
features  lead  us  to  conclude  that  the  emission  is  associated  to  recombination  mechanisms  via  a  deep 
level  in  the  bandgap  of  silicon  carbide.  Due  to  its  position,  this  deep  level  could  be  due  to  vanadium 
impurities. 


Ionization  coefficients:  Semi-empirical  impact  ionization  models  [14]  show  that  in  silicon 

MOSFETs,  the  substrate  current  can  be  approximated  as  : 


I  sub  “  Id 


Ai 

Bi 


(VD  -  VDsat)  •  exp 


Bi 


(VD  -  VDsat)J 


(1) 


Where  ISUB  is  the  substrate  current,  ID  the  drain  current,  VD  the  drain  voltage,  VDsat  the  drain  voltage 
at  which  the  channel  electrons  reach  their  saturation  velocity,  ld  is  the  effective  ionization  length, 
and  Ai  and  Bi  are  the  ionization  constants.  Following  [14],  we  define  ld  as  ((%c/8ox)'t0x'Xj)05,  where 
Xj  is  the  source/drain  junction  depth  arid  tox  the  gate  oxide  thickness. 

The  formula  was  originally  developed  for  silicon  but  a  previous  work  [15]  shows  that  it  still  holds 
for  silicon  carbide  devices.  Our  measurements  also  confirm  this  result  so  that  we  can  use  (1)  in  our 
analysis.  In  SiC  MOSFETs,  since  we  found  Iv  to  be  related  to  ISUB  by  the  relation 

Iv  =  P  (lSUB  x  Id)t,  it  is  possible  to  extract  Bi  without  measuring  ISUB.  Indeed,  using  this  relation 


and  (1),  Bi  can  be  extracted  from  the  slope  of  In 


V(VD  Yosat)' 


as  a  function  of 


(V„-VD 


.  Figure 


5  shows  such  a  plot  for  devices  S  and  N  and  the  extracted  coefficients  are  compared  with  those 
obtained  using  ISUB  (Figure  6). 
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1/(Vd-VDs„)(V') 


1/(Vd-Vd»,)(V‘) 


Figure  5  : 

Extraction  of  the  impact  ionization  coefficient  Bi 
using  the  maximum  light  intensity.  Extracted  values 
of  Bi  are  indicated  on  the  graph. 


Figure  6 : 

Extraction  of  the  impact  ionization  coefficient  Bi 
using  the  substrate  current.  Extracted  values  of  Bi  are 
indicated  on  the  graph. 


The  coefficients  extracted  by  both  methods  compare  well,  the  difference  being  at  most  10% 
for  Device  S.  These  two  plots  deserve  a  further  comment:  Figure  6  shows  that  the  substrate  current 
(hence  the  impact  ionization  efficiency)  is  very  similar  for  both  devices,  since  their  curves  almost 
superpose.  It  is  different  in  the  case  of  the  light  emission  (Figure  5):  “N”  emits  more  than  “S”  for 
the  same  conditions.  This  can  be  due  to  a  difference  in  the  recombination  center  concentration. 


4  Conclusion 

We  investigated  the  photon  emission  characteristics  of  6H  and  4H-SiC  MOSFETs  biased 
under  saturation  conditions.  The  devices  were  from  two  different  origins  and  showed  the  same 
behavior.  First,  the  integrated  light  intensity  is  not  a  function  of  the  substrate  current  alone  as  in 
silicon  MOSFETs.  In  contrast,  it  is  a  function  of  the  product  of  the  substrate  current  by  the  drain 
current.  This  in  turn  allows  us  to  extract  the  ionization  coefficient  Bi  without  measuring  the 
substrate  current.  Second,  the  emission  spectra  exhibit  a  main  peak  located  around  midgap  (1.6  eV). 
A  secondary  peak  occurs  at  about  2.4  eV  for  one  series  of  devices.  We  conclude  that  the  measured 
emission  is  due  to  the  recombination  of  channel  hot  electrons  inside  the  depletion  region  near  the 
drain  via  one  or  more  deep  level(s).  The  first  peak  could  be  associated  to  vanadium  donor  levels 
while  the  secondary  peak  is  likely  to  be  due  to  donor-acceptor  pair  recombinations. 
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Abstract  A  non-contact  ac  photovoltage  technique  is  reported  for  measuring  capacitance  and 
conductance  of  a  buried  junction  in  SiC.  The  photovoltage  signal  is  generated  by  applying  a 
chopped  UV  light  source  and  is  detected  with  a  specially  designed  capacitive  electrode.  The  values 
of  junction  capacitance  and  conductance  are  extracted  from  the  real  and  the  imaginary  parts  of  the 
photovoltage.  A  new  non-contact  approach  to  perform  C-V  measurements  of  doping  near  the 
junction  interface  is  suggested. 


Introduction 

A  growing  interest  in  SiC  as  a  promising  material  for  power  electronics  has  stimulated  a  need 
for  non-contact  methods  to  characterize  the  properties  of  SiC  substrates  and  epi-layers. 
Photovoltage-based  techniques  that  allow  important  semiconductor  parameters  to  be  determined 
without  touching  the  surface  of  the  wafer  are  actively  used  in  the  silicon  industry.  Non-contact 
photovoltage  methods  to  characterize  a  buried  junction  in  Si  have  been  reported  [1].  Another  reason 
to  use  the  ac  photovoltage  as  a  method  to  measure  depletion  region  impedance  is  that  the 
requirement  to  minimize  series  resistance  in  the  bulk  and  contacts  of  a  semiconductor,  a  potentially 
limiting  factor  for  conventional  C-V  measurements,  is  significantly  reduced  [2]. 


Method  description 


Photovoltage  can  be  generated  by  UV  light  irradiating  a  SiC  sample  with  a  junction  near  the 
surface.  The  junction  could  be  a  buried  p-n  junction  or  depletion  type  surface  barrier.  If  the 
excitation  light  is  amplitude  modulated,  a  capacitive  electrode  utilizing  a  dielectric  spacer  or  even 
an  air-gap  can  be  used  to  detect  the  generated  ac  photovoltage. 

A  simple  equivalent  circuit  for  the  process  described  is  shown  in  Fig.  1.  Here  Iph  is  the 
photocurrent;  Cj  and  Gj  are  the  total  junction  capacitance  and  conductance,  respectively,  that  may  in 
general  include  depletion  capacitance  and  conductance,  diffusion  capacitance  and  conductance,  as 
well  as  any  other  contribution  from  traps  at  the  surface  or  in  the  bulk  of  the  material;  Ceiectrode  is  the 
capacitance  of  the  spacer  of  the  capacitive  electrode.  If  the  input  resistance  of  the  measuring  device 
is  sufficiently  high  to  ensure  negligible  voltage  drop  on  the  Ceiectrode>  the  ac  photovoltage  Vph,  is 
given  by 


=  /. 


Gj  +  jaCj 


(1) 


where  Iph  is  the  photocurrent,  which  is  frequency-independent  at  the  low  frequency  range  of 
interest.  The  real  and  imaginary  parts  of  ac  photovoltage  are  given  by 
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*zVph=Iph* 


G2  +  co2Cj2 


I ™vph=iph* 


-coCj 


G2+o)2C2 


(2) 


By  measuring  the  real  and  imaginary  part  of  the  photovoltage  while  properly  calibrating  the 
photocurrent  the  total  capacitance  and  conductance  can  be  determined  from  the  following  formulas 
[3]: 


I  * 

LPh 


ReV, 


ph 


mvphf+amvphY 


aC,  =  lnh  * 

J  ph 


-ImV, 


Ph 


(ReV^  +  dm^y 


(3) 


Fig.  1  Equivalent  circuit  for 
photovoltage  measurements. 
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Fig.  2.  Experimental  set-up  for  phase-resolved 
photo  voltage  measurements. 


Experimental  set-up 

In  our  experiments,  the  measurements  were  performed  on  different  4H-SiC  substrates  with 
and  without  an  epitaxial  layer  on  the  top.  The  substrates  were  obtained  from  Cree  Research  and  the 
4H  epitaxial  layers  were  grown  in  the  Emerging  Materials  Research  Laboratory  at  Mississippi  State 
University  by  chemical  vapor  deposition. 

The  experimental  set-up  to  measure  phase-resolved  ac  photovoltage  is  shown  in  Fig.  2.  A  low 
intensity  UV  beam  from  an  Ar  laser  with  a  wavelength  varied  between  275  nm  and  528  nm  and 
modulated  with  a  mechanical  chopper  at  different  frequencies  from  10  Hz  to  3  kHz  was  used  to 
generate  a  photovoltage.  The  beam  irradiated  the  surface  of  the  sample  through  a  semitransparent 
capacitive  electrode  formed  by  a  patterned  metal  film  on  a  quartz  plate.  In  these  first  experiments,  a 
transparent  mylar  spacer  was  used  instead  of  an  air-gap  in  order  to  simplify  the  control  of  the 
spacing  between  the  sample  and  the  electrode.  The  generated  ac  photovoltage  was  detected  by  using 
a  backside  metal  electrode  under  the  sample  in  series  with  the  capacitive  semi-transparent  electrode. 
The  photovoltage  was  measured  by  a  Stanford  SR830  DSP  lock-in  amplifier.  It  was  observed  that 
the  measured  value  of  the  photovoltage  is  reduced  in  comparison  to  the  true  value  because  a  part  of 
the  voltage  drops  on  the  capacitive  electrode  at  low  frequencies.  This  problem  was  overcome  by 
incorporating  a  unity  gain  preamplifier  in  the  measurement  circuit,  which  increased  the  input 
impedance  of  the  lock-in  amplifier.  Since  at  low  frequencies  there  is  no  phase  shift  between  the  ac 
modulated  light  and  the  photocurrent,  the  phase  shift  between  the  photovoltage  and  the  photocurrent 
can  in  fact  be  measured  as  a  phase  shift  between  the  photovoltage  and  the  modulated  light.  To 
calibrate  the  phase  of  the  modulated  light,  a  part  of  the  light  was  scattered  on  the  input  slit  of  a 
spectrometer  and  was  measured  by  a  Hamamatsu  R928  photomultiplier  tube  (PMT).  The  final 
phase  shift  was  determined  as  a  phase  difference  between  the  photovoltage  and  the  PMT  current. 
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Results  and  discussion 

Measurements  from  a  sample  with  a  p-type  epitaxial  layer  on  a  n-type  substrate  showed  a 
strong  photovoltage  signal  apparently  generated  at  the  p-n  junction  formed  between  the  substrate 
and  the  epitaxial  layer.  The  shape  of  the  frequency  dependence  of  the  magnitude  of  the 
photovoltage  from  the  same  sample  (Fig.  3)  is  similar  to  that  measured  from  Si  wafers  with  a  pm 
junction  formed  near  the  surface  [1]  and  can  be  described  by  Eq.  1. 


Fig.  3  Frequency  dependence  of  the  magnitude 
(solid  line),  the  real  (squares),  and  the  imaginary 
(triangles)  parts  of  the  non-contact  photovoltage, 


Fig.  4  Photovoltage  measured  capacitance  ploted  vs 
light  induced  forward  bias.  Near-the-junction 
doping  determined  from  the  slop  of  the  dependense  is 
of  the  order  of  lei 5  cm-3. 


The  frequency  dependence  of  the  real  and  the  imaginary  parts  of  the  photovoltage  is 
proportional  to  f  _1,  which  is  in  accordance  with  a  theoretical  model  for  the  case  when  the  diffusion 
capacitance  and  conductance  are  either  negligible  or  their  frequency  dependence  can  be  neglected  at 
the  given  frequency  range.  It  is  reasonable  to  suggest  that  at  low  excitation  intensity  the  diffusion 
component  of  junction  capacitance  is  small  in  SiC  and  thus  we  measure  the  depletion  capacitance. 

The  measurements  were  done  on  different  samples  in  order  to  qualitatively  correlate  the 
doping  in  the  epi-layers  on  n-type  substrates  and  the  value  of  the  depletion  capacitance  measured. 
For  samples  with  epi  layers  doped  n-type  on  n-type  substrates  the  photovoltage  could  not  be 
detected.  The  highest  value  of  the  depletion  capacitance,  measured  in  relative  units,  was  observed 
for  intentionally  doped  p-type  epi-layers.  In  closely  compensated  p-type  epi-layers,  in  which  the 
series  resistance  was  too  high  to  permit  measuring  the  doping  profile  with  the  traditional  C-V 
technique,  the  value  of  capacitance  was  significantly  smaller  than  for  higher  doped  p-type  layers. 

The  technique  was  applied  to  monitor  the  doping  homogeneity  across  a  sample.  The  values  of 
Cj  and  Gj  were  measured  at  a  few  different  points  on  a  4H  SiC  sample  with  a  closely  compensated 
p-type  4H  SiC  epitaxial  film.  Variations  in  the  value  of  Cj  were  of  the  order  of  5%,  thus 
demonstrating  a  satisfactory  doping  homogeneity  across  the  sample.  Variations  in  the  value  of  Gj 
were  more  significant,  presumably  reflecting  a  non-homogeneous  distribution  of  defects  at  the  epi- 
substrate  interface. 

A  new  approach  was  developed  to  permit  traditional  C-V  doping  profiling  in  non-contact 
capacitance  measurements.  With  this  approach  we  were  able  to  apply  a  small  forward  bias  to  the 
junction  and  extract  a  value  of  doping  near  the  junction  interface  from  the  slope  of  the  C-V 
dependence.  Because  the  major  part  of  an  externally  applied  voltage  drops  across  the  insulator  of 
the  non-contact  electrode,  it  is  extremely  difficult  in  practice  to  apply  a  controlled  dc  bias  to  the 
junction  in  the  non-contact  experimental  arrangement.  We  suggest  an  approach  to  provide  a  bias  by 
illuminating  the  sample  with  a  stronger  dc  light  (biasing  light)  in  addition  to  the  small  ac  light  used 
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for  the  photovoltage  measurements.  It  is  known  that  at  high  light  intensity  an  accumulation  of  non¬ 
equilibrium  carriers  on  different  sides  of  a  junction  may  induce  an  electric  field  strong  enough  to 
cause  modification  of  the  barrier  height.  This  effect  was  verified  for  our  SiC  samples.  The 
characteristic  saturation  of  the  photovoltage  at  high  light  intensity  was  observed.  The  process  is 
equivalent  to  application  of  a  forward  bias.  In  order  to  determine  the  value  of  this  Light-Induced 
Forward  Bias  (LIFB)  the  measurements  were  performed  in  two  stages.  In  the  first  stage,  the  small- 
signal  ac  photovoltage  were  measured  for  a  given  intensity  of  the  dc  light.  The  value  of  Cj  was 
extracted.  In  order  to  determine  a  corresponding  value  of  the  LIFB,  the  dc  biasing  light  was  also 
modulated  and  the  corresponding  photovoltage  was  measured  in  a  similar  manner.  To  insure  that 
the  amplitude  of  the  ac  photovoltage  measured  in  this  second  stage  is  equal  to  the  value  of  the  LIFB 
under  dc  light  conditions,  the  modulation  frequency  was  selected  low  enough  to  keep  the  operating 
point  at  the  horizontal  part  of  the  frequency  curve  in  Fig.  3,  but  high  enough  to  eliminate  the 
influence  of  the  impedance  of  the  non-contact  electrode.  The  expected  increase  of  the  capacitance 
with  the  forward  bias  was  observed.  The  value  of  1/Cj2  is  plotted  versus  the  LIFB  in  Fig.  4.  The 
doping  near  the  junction  interface  in  the  low  doped  side  of  the  junction  can  be  determined  from  the 
slope  of  this  dependence  even  thought  the  epi  series  resistance  is  too  high  to  measure  with 
conventional  CV  techniques.  However,  because  the  value  of  Cj  was  extracted  using  an  estimated 
value  of  the  photocurrent,  the  value  of  the  doping  shown  in  Fig.  4  can  only  be  considered  an 
estimate. 

Conclusion 

The  non-contact  ac  surface  photovoltage  technique  was  shown  to  be  effective  for 
measurements  of  junction  impedance  in  4H  SiC  epi-layers  on  4H  SiC  substrates  at  low  frequencies. 
It  was  demonstrated  that  the  measurements  can  be  useful  for  monitoring  homogeneity  at  the  epi- 
substrate  interface.  The  application  of  a  light  induced  forward  bias  allowed  a  modified  C-V 
approach  to  measure  doping  near  the  junction  interface. 
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Abstract 

Comparisons  are  made  between  the  carrier  concentrations,  ionization  energies,  and 
electron  mobilities  in  4H-SiC  samples  implanted  with  similar  doses  of  nitrogen  or  phosphorus, 
and  annealed  at  1300°C  or  1700°C  for  10  min  in  argon.  Ionization  energies  of  53  meV  and  93 
meV  are  measured  from  phosphorus-implanted  4H-SiC,  and  are  assigned  to  the  hexagonal  and 
cubic  lattice  positions  in  4H-SiC,  respectively.  The  corresponding  ionization  energies  for 
nitrogen-implanted  4H-SiC  are  42  meV  and  84  meV,  respectively.  Phosphorus  is  not  activated 
to  the  same  extent  that  nitrogen  is,  and  the  carrier  concentrations  are  about  a  factor  of  five  lower 
for  phosphorus-implanted  4H-SiC  annealed  at  1300°C  than  for  nitrogen-implanted  4H-SiC 
annealed  at  the  same  temperature.  A  higher  mobility  measured  from  phosphorus-implanted  4H- 
SiC  is  observed,  but  is  not  sufficiently  high  to  offset  the  lower  carrier  concentration  of  this 
material.  For  the  doses  considered  in  this  study,  the  resistivity  of  nitrogen-implanted  4H-SiC  is 
lower  than  the  resistivity  of  phosphorus-implanted  4H-SiC  following  anneals  at  either  1300°C  or 
1700°C. 

Introduction 

Ion  implantation  is  a  viable  technology  for  both  p-type  and  n-type  doping  of  silicon 
carbide  (SiC)  electronic  materials.  Nitrogen  is  the  most  frequently  used  implanted  dopant  for  n- 
type  SiC.1,2  Nitrogen  simultaneously  possesses  two  important  characteristics:  low  atomic  mass 
and  low  ionization  energy.  In  4H-SiC,  the  ionization  energy  for  nitrogen  is  45  meV. 

At  first  glance,  there  appears  to  be  little  motivation  to  develop  other  implant  donor 
species  for  SiC,  such  as  phosphorus,  that  are  heavier  than  nitrogen  and  generate  more  lattice 
damage  during  implantation.  If  a  significantly  reduced  ionization  energy  were  associated  with  a 
heavier  donor  ion,  such  as  phosphorus,  interest  in  finding  alternatives  for  nitrogen  would 
increase.  However,  phosphorus  has  been  implanted  into  6H-SiC,  and  the  measured  ionization 
energies  of  80  meV  and  110  meV  for  the  hexagonal  and  cubic  lattice  sites,  respectively,  are 
found  to  be  nearly  equivalent  to  those  measured  for  nitrogen.4  Recent  sheet  resistance  data  from 
4H-SiC,  though,  suggests  there  is  an  advantage  in  replacing  nitrogen  with  phosphorus  for 
applications  where  low  sheet  resistances  are  required.5’7  Sheet  resistances  in  phosphorus- 
implanted  4H-SiC  are  as  much  as  an  order  of  magnitude  lower  than  those  measured  in  nitrogen- 
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implanted  4H-SiC  with  comparable  doping  and  thermal  processing.5  Since  the  sheet  resistance 
depends  on  the  mobile  carrier  concentration  and  the  electron  mobility,  comparing  these 
parameters  in  nitrogen-  and  phosphorus-implanted  4H-SiC  is  needed  to  better  understand  donor 
implantation  in  this  material.  For  these  reasons,  this  article  presents  direct  comparisons  of  the 
electron  mobilities,  carrier  concentrations,  and  ionization  energies  measured  from  similarly- 
dosed  4H-SiC  samples  implanted  with  phosphorus  or  nitrogen. 

Experiment 

Samples  in  this  study  consist  of  a  2  pm-thick,  Al-doped  epitaxial  layer  (2  x  1015  cm'3) 
grown  on  a  semi-insulating  4H-SiC  substrate.  One  half  of  the  epiwafer  is  implanted  with 
phosphorus  at  600°C  to  a  total  dose  of  2.0  x  1013  cm'2,  and  the  other  half  is  implanted  with 
nitrogen  at  600°C  to  a  total  dose  of  2.0  x  1013  cm  2.  Energies  of  the  specific  implantation  steps 
are  adjusted  to  obtain  box  profiles,  which  extend  to  a  depth  of  350  nm  for  both  implantations. 
Following  implantation,  1  cm  x  1  cm  pieces  are  cut  and  annealed  at  either  1300°C  or  1700°C  for 
20  min  in  argon.  Measurements  of  the  Hall  effect  are  performed  from  10  K  to  1000  K  using 
Ni/Au  contacts  arranged  in  a  van  der  Pauw  configuration.  Contacts  are  annealed  at  950°C  for  5 
min  in  forming  gas. 

Results  and  Discussion 

Temperature-dependent  mobile  carrier  concentrations  for  all  sample  types  are  displayed  in 
Fig.  1.  Carrier  concentrations  (n)  are  derived  from  the  measured  Hall  constant  (RH)  according  to 
the  relationship,  n  =  rH/(qRH),  where  the  Hall  scattering  factor  (rH)  is  assumed  to  equal  1.0.  The 
existence  of  inequivalent  lattice  sites  requires  that  two  donor  levels  be  included  in  the  fit  of  the 
carrier  concentration  profile  to  the  charge  neutrality  equation.8  These  sites  are  referred  to  as 
hexagonal  (h)  and  cubic  (k)  lattice  sites,8  and  there  are  an  equal  number  of  each  site  in  4H-SiC. 
Ionization  energies  extracted  from  fitting  the  data  are  42  meV  (h)  and  84  meV  (k)  for  nitrogen, 
and  53  meV  (h)  and  93  meV  (k)  for  phosphorus. 

Ionization  energies  are  presented  only  for  the  samples  annealed  at  1300°C  for  10  min. 
Ionization  energies  derived  from  fits  to  the  data  obtained  from  the  1700°C  annealed  samples  are 
affected  by  substantial  hopping  conduction  in  these  samples,  which  is  evident  in  the  low- 
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temperature  region  of  Fig.  1.  The  ionization  energies  measured  from  phosphorus-implanted  4H- 
SiC  (4H-SiC:P)  are,  on  average,  10  meV  higher  than  those  measured  from  nitrogen-implanted 
4H-SiC  (4H-SiC:N).  The  data  in  Fig.  1  suggests  that  nitrogen  is  more  completely  activated  than 
phosphorus  following  1300°C/10  min  anneals.  However,  differences  in  activation  are  not 
responsible  for  the  difference  in  ionization  energies.  Fully  activated  samples  would  have  a 
carrier  concentration  of  5.7  x  1017  cm3.  Defining  activation  as  n(max)/5.7  x  10  ,  where  n(max) 
is  the  maximum  carrier  concentration  observed  in  the  epilayers,  activation  ratios  following 
1300°C  annealing  are  0.14  and  0.79,  respectively,  for  4H-SiC:P  and  4H-SiC:N.  Troffer,  et  al, 
observed  activation  ratios  between  0.09  and  0.40  in  phosphorus-implanted  6H-SiC  (6H-SiC:P), 
corresponding  to  carrier  concentrations  of  less  than  1.0  xlO18,  and  reported  no  effect  of 
activation  on  ionization  energies.4  Moreover,  the  near  equivalence  of  the  room  temperature 
carrier  concentrations  following  1700°C/10  min  annealing  of  4H-SiC:N  and  4H-SiC:P  indicates 
the  nitrogen  and  phosphorus  doses  are  similar  in  the  present  study.  The  conclusion  about  the 
difference  in  ionization  levels  seen  here  is  that  it  is  inherent  to  4H-SiC  and  is  not  an  artifact  of 
the  experimental  conditions. 

Electron  mobility  data  as  a  function  of  temperature  are  plotted  in  Fig.  2.  The  peak 
mobility  decreases  with  increasing  annealing  temperature  for  both  4H-SiC:N  and  4H-SiC:P.  ^For 
4H-SiC:N  annealed  at  1300°C,  the  peak  mobility  is  800  cm2/Vs  at  85  K,  but  drops  to  680  cm  /Vs 
at  100  K  after  1700°C  annealing.  Similarly  for  4H-SiC:P,  peak  mobilities  at  100  K  of  1380 
cm2/Vs  and  1000  cm2/Vs  are  measured  after  1300°C  and  1700°C  anneals,  respectively.  The 
mobility  at  room  temperature  is  higher  in  4H-SiC:P  (414  cm2/Vs  after  1300  C  anneal)  than  in 
4H-SiC:N  (299  cm2/Vs  after  1300°C  anneal).  This  is  attributed  to  there  being  fewer  ionized 
charges  in  4H-SiC:P  that  act  as  scattering  centers.  The  decreasing  electron  mobility  with 
increasing  annealing  temperature  contradicts  the  observations  of  Troffer,  et  al,  for  6H-SiC:P. 
There  are  important  differences  between  the  two  studies  that  account  for  the  different 


Temperature  (K) 


Figure  2  Mobility  as  a  function  of  temperature  for  the  element/anneal  temperature 
combinations  of  (□)  nitrogen/1 300°C,  (o)  nitrogen/ 1700°C,  (■)  phosphorus/  1300°C,  and  (•) 
phosphorus/1 700°C. 
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observations.  Troffer,  et  at,  performed  phosphorus  implantations  at  room  temperature  and  at 
higher  doses  than  in  the  current  study,  leading  to  more  residual  lattice  damage  after  implantation. 
The  disappearance  of  defect  lines  in  their  photoluminescence  data  was  attributed  to  the 
elimination  of  charged  defects  generated  by  implantation.  Our  600°C  implantation  conditions  are 
less  severe,  and  less  residual  damage  is  expected.  Consequently,  the  dependence  of  low- 
temperature  mobility  on  annealing  temperature  observed  here  is  believed  to  truly  represent  the 
behavior  of  bulk  carrier  transport  with  annealing  temperature.  The  higher  mobility  of  4H-SiC:P 
does  not  offset  the  lower  carrier  concentration  in  this  material,  so  resistivity  values  of  4H-SiC:P 
are  greater  than  the  resistivity  of  4H-SiC:N  following  anneals  at  either  1300°C  or  1700°C.  For 
example,  the  room  temperature  resistivities  of  4H-SiC:P  and  4H-SiC:N  following  1300°C 
annealing  are  0.37  Qcm  and  0.09  Qcm,  respectively.  Therefore,  for  the  doses  considered  here, 
nitrogen  appears  to  be  the  better  choice  for  implantation  into  4H-SiC. 
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Abstract.  N-type  4H-SiC  crystals  are  studied  by  Hall  effect  and  Raman  spectroscopy.  The  transport 
parameters,  n  and  p,  obtained  by  both  procedures  are  compared  for  a  series  of  samples  with  different  nitrogen 
concentrations.  A  good  agreement  between  both  is  obtained.  A  Raman  study  in  the  temperature  range 
between  300  and  650  K  is  also  carried  out,  the  temperature  dependence  of  phonon  parameters  and  plasmons 
is  reported,  and  the  results  are  compared  with  high  temperature  Hall  effect  measurements. 


Introduction 

SiC  has  generated  great  interest  for  high  temperature  electronics.  The  excellent  electric  and  thermal 
properties  of  SiC  permit  devices  to  operate  at  temperatures  as  high  as  400°C.  It  is  important  to  obtain 
information  about  the  transport  properties  at  high  temperature.  Transport  measurements  are  usually  done  by 
means  of  the  Hall  effect  [1],  which  requires  electrical  contacts  and  only  provides  average  values  of  the 
transport  properties  over  large  areas.  However,  bulk  SiC  presents  marked  inhomogeneities  that  can  affect  the 
doping  concentration  and  the  thermal  properties.  In  this  context  small  size  probes  are  very  promising  for  a 
complete  characterization  of  SiC  in  the  temperature  range  at  which  these  devices  usually  operate. 
MicroRaman  spectroscopy  is  a  promising  technique  for  these  purposes,  since  it  is  contactless,  has  a 
micrometer  probe  size  and  gives  a  variety  of  information,  such  as  die  transport  parameters,  thermal  properties 
and  stress  with  minimal  sample  preparation  [2-4]. 

We  present  herein  a  Raman  study  of  doping  and  mobility  in  bulk  n-type  4H-SiC  in  the  temperature  range 
between  RT  (Room  Temperature)  and  625  K.  The  results  are  compared  with  those  obtained  in  the  same 
samples  by  Hall  effect.  A  good  agreement  is  obtained,  showing  the  great  expectations  of  microRaman 
spectroscopy  for  studying  the  local  transport  parameters  in  SiC  and  the  characteristics  of  SiC-based  devices 
under  operation. 

Experimental  and  samples 

Bulk  n-type  4H-SiC  crystals  from  different  suppliers  grown  by  the  physical  vapor  transport  (PVT)  technique 
with  different  nitrogen  concentrations  were  studied.  The  samples  were  cut  with  their  c  axis  perpendicular  to 
the  surface. 

Temperature  dependent  Hall  effect  measurements  were  done  using  the  Van  der  Pauw  method  with  Ni-Au 
contacts.  Hall  data  were  measured  up  to  750K  (for  more  details  see  ref.  5). 

Raman  measurements  were  done  with  a  DILOR  XY  Raman  spectrometer  attached  to  a  metallographic 
microscope.  The  excitation  was  performed  with  an  Ar+  (514.5  nm  line).  Both  the  excitation  and  the  scattered 
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light  were  collected  through  a  long  distance  work  microscope  objective  with  a  large  numerical  aperture, 
allowing  a  spatial  resolution  in  the  micrometer  range.  The  Raman  signal  was  detected  with  a  liquid  nitrogen 
cooled  CCD  that  provided  an  excellent  signal  to  noise  ratio  and  short  acquisition  time.  The  samples  were 
mounted  on  a  miniature  furnace  adapted  to  the  X-Y  stage  of  the  microscope.  Temperatures  up  to  625  K  were 
reached  with  an  accuracy  better  than  0. 1 K. 

Results  and  discussion 


1.2e+18 


8.0e*17 


4.0e+17 


0  2  4  6  8  10  12  14 
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Fig.l.  nHvs.  IOVt  ( sample N0066-A) 


Nitrogen  is  the  main  donor  impurity  in  SiC.  In  the 
4H-SiC  polytype,  it  can  replace  C  in  the  two 
inequivalent  lattice  sites  (cubic  like,  k,  and 
hexagonal  like,  h)  giving  shallow  donor  levels 
with  activation  energies  of  ~  45  meV  for  the 
hexagonal  like  site  and  ~  100  meV  for  the  cubic 
like  site  [1].  Van  der  Pauw  experiments  were 
carried  out  in  samples  with  different  nitrogen 
concentrations.  A  typical  n  vs  103/T  plot  is  shown 
in  Fig.l.  These  data  were  fitted  to  the  neutrality 
equation  to  obtain  the  corresponding  activation 
energies.  The  fit  was  optimal  for  two  donor  levels, 
and  the  activation  energies  were  in  good 
agreement  with  those  reported  for  the  two 
nitrogen  related  donor  levels.  The  Hall  data  have  a 
systematic  error  arising  from  the  Hall  scattering 
factor,  for  which  the  temperature  dependence  is 
unknown,  then  it  was  assumed  to  be  temperature 
independent. 


The  Raman  spectrum  of  4H-SiC  obtained  in  the  spatial  configuration  of  our  measurements  is  characterized  by 
three  main  peaks  with  symmetry  Ai,  Ei  and  E2.  The  planar  E2  mode  is  observed  at  777cm’1,  the  Ej  transverse 
optic  (TO)  mode  at  797  cm 1  and  the  A\  longitudinal  optic  mode  (LO)  at  965  cm’1.  The  Raman  spectrum  in 
doped  materials  is  characterized  by  phonon-plasmon  coupling,  which  in  the  case  of  phonon  damping  results 
in  a  deformation  of  the  LO  mode.  The  lineshape  of  this  coupled  mode  was  described  by  Inner  et  al.  [6], 
according  to  whom  the  Raman  intensity  is  given  by  the  following  expression: 


!(«»)  =  (1) 
where  e(cg)  is  the  dielectric  function  for  the  Brillouin  zone  center. 

A(cd)  =  1  +  2C®2  ^^(cot-co2)-^2^2-?2-^)]  ( c (Oj)  (4  [y(col  ~  co2)  +  r(oj  -  2  co2)  +  co2 r(co2  +  y2)] 

A  l  A  J  (©L-ffl2) 

with 

A  =  ©p  y[(cot -co2)2  +  co2 r2]  +  co2  T((al  -  co2)((o2  +  Y2)  (3) 

(ool  and  oT  are  the  frequencies  of  the  longitudinal  and  transverse  optic  phonons,  T  the  linewidth  of  the  LO 
phonon  and  C  is  the  Faust-Henry  coefficient).  The  plasma  frequency,  cop,  and  the  plasmon  damping  constant, 


Materials  Science  Forum  Vols.  338-342 


709 


y,  are  fitting  parameters  and  allow  the  calculation  of  the  electron  concentration  and  the  mobility  according  to 
the  following  expressions: 

G)p2=47me2/ecom*  (4) 

y=e/|xm*  @) 

The  transport  parameters  were  obtained  at  room  temperature  by  Hall  and  Raman  (Table  I).  Note  the  good 
agreement  between  the  two  data  sets,  in  agreement  with  previous  reports  [7]. 


Sample 

®h»h  (cm-3) 

UH.n(cmVV.s) 

fflofcm*1) 

YoCcm’1) 

Man3) 

UR(cm2/V.s) 

N0066-A 

5.43xl017  1 

219.45 

159.31 

155.94 

5.48x10'' 

221.24 

N0022-8 

5.44  xlO1’ 

254.18 

161.61 

188.95 

5.63x10'’ 

182.6 

H0373 

4.27x  10" 

73.3 

356.34 

529.7 

2.64xl018 

65 

D6015-5 

2x10” 

— 

— 

Table  I.  Transport  parameters  at  room  temperature  obtained  from  Hall  and  Raman  data.  The  heavily  doped  sample  (D6015-5)  did 
not  allow  reliable  Raman  fitting.  (C=0.35,  m*=0.27  mo,  S«>=6.8) 


Also  the  transport  parameters  were  obtained  by  Raman  spectroscopy  in  the  temperature  range  between  300 
and  650  K.  First,  the  temperature  dependences  of  the  frequencies  and  linewidths  of  the  phonon  modes,  col  and 
Tl,  and  0) t  and  Tt,  were  obtained  in  semiinsulating  4H-SiC  in  order  to  input  those  data  into  equation  1.  The 
temperature  dependence  of  both  frequency  and  line  width  was  fitted  to  a  second  order  polynomial,  indicating 
the  contribution  to  the  anharmonicity  of  three  and  four  phonon  processes  (©L=966.9  -1.8*  10'2  T  -1.48*10'5T2, 
©t=778.6  -8.8*  10*3  T  -1. 16*  10'5  T2,  rL=4.25  -1.6*  10'4  T  +  7.9*  10*  T2).  These  data  were  used  for  fitting  the 
coupled  phonon-plasmon  modes  of  the  doped  samples  to  Eq.  1.  Fig  3  shows  the  Raman  spectra  of  a  doped 
sample  at  three  different  temperatures.  The  planar  mode  E2  shifts  to  lower  frequency  for  increasing 
temperature.  The  temperature  dependence  of  the  peak  frequency  of  the  coupled  phonon-plasmon  mode  is 
determined  by  a  combination  of  two  effects,  a  shift  to  lower  frequency  due  to  the  temperature  increase  and  a 
shift  to  higher  frequency  due  to  the  increase  of  n  with  increasing  temperature. 
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Fig.3.  Raman  spectra  of  n-type  4H-SiC  for  different  temperatures  (1) 

T=303K,  2)  493K  and  3)  513  K) 

As  was  the  case  for  the  Halt  scattering  factor  the  temperature  dependence  of  the  static  dielectric  constant,  8«, 
and  the  effective  mass,  m*,  were  unknown.  An  error  is  introduced  into  calculated  values  of  n  and  |i  if  one 
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assumes  constant  values  for  8®  and  m*.  In  order  to  reduce  this  error,  empirical  expressions  for  the 
temperature  dependence  of  e®  and  m*  were  deduced  using  the  Hall  data  of  sample  N0066-A  as  a  reference. 
The  Hall  carrier  concentration  and  mobilities  were  substituted  into  equations  4  and  5  together  with  the  values 
Op  and  y  deduced  from  the  Raman  fitting  to  obtain  empirical  results  for  8®  and  m*  vs  T.  While  the  variation 
of  e®  was  small,  a  significant  variation  was  observed  for  m*  at  temperatures  above  500K.  These  empirical 
values  were  used  to  calculate  n  and  p  in  the  other  samples. 


loVrtK1) 

Fig-4.  Electron  concentration  vs  I05/T  calculated  by 
Raman  (dark  circles)  and  Hall  (empty  circles).  Triangles 
correspond  to  Raman  data  without  taking  into  account  the 
temperature  dependence  of  m*  and  e*  (sample  N0022-8). 

Conclusion 


The  results  obtained  were  compared  with  Hall 
data,  giving  a  good  agreement.  The  electron 
concentrations  calculated  between  300  and  650 
K  by  Hall  and  Raman,  respectively,  are  shown 
in  Fig.  4.  The  values  obtained  by  Raman 
without  the  correction  of  the  temperature 
dependence  of  8®  and  m*  are  also  plotted, 
showing  the  important  error  introduced  when 
neglecting  such  temperature  dependence.  This 
correction  was  not  considered  in  a  previous 
paper  by  Harima  et  al.  (8),  where  no  direct 
comparison  between  Hall  and  Raman  data  was 
reported. 

Once  the  temperature  dependence  of  8®  and 
m*  was  considered  the  agreement  between 
Hall  and  Raman  transport  parameters  was  fair, 
showing  that  Raman  can  be  successfully  used 
for  studying  transport  properties  in  doped  SiC. 


A  reasonable  agreement  between  Hall  and  Raman  transport  measurements  was  obtained.  Raman 
spectroscopy  appears  to  be  a  powerful  technique  for  studying  the  transport  properties  of  SiC  at  high 
temperature,  though  the  knowledge  of  the  temperature  dependence  of  m*and  s®  is  needed.  The  variety  of 
information  obtained  by  Raman  spectroscopy  and  the  high  resolution  of  the  microRaman  probe  warrant  the 
possibility  of  a  local  study  of  SiC  based  devices  under  operation. 
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Abstract 

3C-SiC  epitaxial  layers  were  grown  on  Si  substrates  using  Si2(CH3)6  as  Si  and  C  source  material  in 
place  of  SfflU+CsHs  system.  Electrical  properties  of  3C-SiC  layers  were  investigated  by  Hall-effect 
measurements  at  temperatures  between  85K  and  500K.  Room  temperature,  earner  concentration 
decreased,  and  the  mobility  increased  as  the  SiC  film  thickness  increased.  The  ionization  energies 
of  several  kinds  of  donors  obtained  from  the  temperature  dependence  of  carrier  concentration  are  7- 
14meV,  46-5 4meV,  97-120meV.  Electrical  properties  obtained  from  LO-phonon-plasmon- 
coupled  modes  of  Raman  spectra  were  compared  with  results  obtained  by  Hall  measurements. 
From  Raman  spectra,  it  was  determined  that  tensile  stress  still  exists  in  the  SiC  film  to  a  thickness 
of  at  least  32  nm. 

Introduction 

Silicon  carbide  (SiC)  is  an  excellent  semiconductor  for  high  power  and  high  temperature  electronic 
devices  due  to  its  superior  material  properties.  3C-SiC  has  been  widely  grown  on  Si  substrates  by 
chemical  vapor  deposition  (CVD)  using  S1H4+C3H8+H2  system.  However  ,  from  the  view  point  of 
safety,  it  is  desirable  to  grow  epilayers  using  other  Si  source  materials,  because  SiH*  is  very 
flammable.  3C-SiC  films  were  grown  using  HMDS  (hexamethyldisilane: Si2(CH3)6)  as  Si  and  C 
source  material,  and  the  electrical  properties  of  the  epilayers  were  investigated.  In  this  work, 
temperature  dependencies  of  carrier  concentration  and  Hall  mobility  of  the  3C-SiC  epilayers  are 
reported.  Electrical  properties  obtained  from  LO-phonon-plasmon-coupled  modes  of  Raman  spectra 
were  compared  to  those  obtained  by  Hall  measurements. 

Experimental 

Non-doped  single  crystalline  3C-SiC  films  were  heteroepitaxially  grown  on  Si  (100)  substrates  by 
atmospheric  pressure  CVD  using  HMDS+H2  gas  system.  HMDS  was  transferred  to  the  reaction 
tube  by  bubbling  H2  through  the  liquid  HMDS  in  a  cylinder.  The  Si  substrate  was  put  on  a  SiC- 
coated  graphite  susceptor  in  the  reaction  tube,  and  then  heated  by  an  rf  generator  at  a  frequency  of 
400kHz.  The  temperature  of  the  substrate  was  measured  by  a  pyrometer.  Prior  to  the  growth,  the 
surface  of  the  Si  substrate  was  etched  by  HC1  (10%  in  H2)  at  1175TC,  and  was  carbonized  by  CsH* 
(5%  in  H2)  at  1350C.  Thereafter,  HMDS  was  introduced  into  the  reaction  tube,  and  3C-SiC  was 
grown  on  the  carbonized  Si  substrate  at  1350°C.  The  growth  rate  was  about  4.3/zm/h  and 
thicknesses  of  the  epilayers  were  between  7  and  32 Mm.  Carrier  concentration  and  mobility  of  the 
epilayers  were  measured  by  the  van  der  Pauw  method  at  temperatures  between  85  and  500K.  The 
epilayers  were  cut  into  pieces  of  5  x  5mm2.  Before  the  measurements,  Si  substrates  were  removed 
by  chemical  etching.  Ohmic  contacts  of  about  0.5mm  diameter  were  made  on  self-standing  SiC 
films  by  depositing  A1  metal,  on  the  four  comers  of  the  sample.  A  magnetic  field  of  5kG  was  used 
for  all  the  measurement  temperatures.  Raman  scattering  spectra  were  measured  at  room  temperature 


712 


Silicon  Carbide  and  Related  Materials  - 1999 


using  the  Ar+  laser  line  at  488nm.  The  TO-and  LO-phonon  bands  were  observed  in  the 
backscattering  geometry.  The  scattered  light  was  collected  by  a  camera  lens  onto  a  slit  of  a  double 
monochromator,  which  had  a  focal  length  of  0.85m.  The  spectra  were  observed  with  a  cooled 
charge-coupled-device  (CCD)  detector. 


Results 

The  SiC  epilayers  grown  with  HMDS  are  single  crystals  of  3C-SiC,  and  the  (100)  plane  of  SiC  is 
parallel  to  the  substrate  surface,  which  was  confirmed  by  reflection  high-energy  electron  diffraction 
(RHEED)  analysis. 

All  the  undoped  epilayers  showed  n-type  conduction,  and  were  light  yellow  transparent  films. 
Carrier  concentration,  n,  was  1.3-6 Xl017cm*3,  and  the  mobility,  //„,  was  200-450  cmVVs  at  room 
temperature.  Carrier  concentration  decreased,  and  the  mobility  increased  as  the  SiC  film  thickness 
increased.  The  surface  morphology  of  grown  layers  with  various  thicknesses  was  observed  by  use 
of  an  atomic  force  microscope  (AFM).  Wedge  shapes  perpendicularly  intersecting  each  other  were 
observed  in  all  the  epilayers.  However,  these  wedge  shapes  became  broader  as  the  SiC  film 
thickness  increased.  This  indicates  that  antiphase  domains  (APDs)  became  broader  and 
concentration  of  antiphase  boundaries  (APBs)  was  reduced  as  the  SiC  film  thickness  increased. 
Therefore,  we  think  that  the  improvement  of  electrical  properties  was  caused  by  decrease  of  defects 
such  as  APDs  and  APBs.  Figures  1  and  2  show  temperature  dependencies  of  carrier  concentration 
and  the  mobility,  respectively.  The  earner  concentration  decreases  monotonically  with  decreasing 
temperature,  and  the  mobility  varies  as  15  above  room  temperature.  This  is  believed  to  be 

due  to  the  fact  that  in  3C-SiC,  acoustic  phonon  scattering  dominates  the  scattering  processes  in  this 
temperature  range.  To  estimate  the  concentration  and  energy  levels  of  the  several  kinds  of  donors 
from  the  temperature  dependence  of  carrier  concentration,  the  data  was  evaluated  using  the  function 
H(T,Eref)  of  the  product  of  n(T)  and  1/kT.  In  this  analysis,  the  function  H(T,Eref)  is  given  by 


H(T,Eref)  s 


n(Tf 

^exp 


where  T  is  temperature,  k  is  the  Boltzmann's  constant  and  Eref  is  a  parameter.  H(T,Eref)  has  peaks 
corresponding  to  each  dopant  level.  From  each  peak  value  and  peak  temperature,  the  concentration 
and  energy  level  of  the  corresponding  dopant  can  be  accurately  determined[l].  Various  energy 
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Fig.l  Temperature  dependencies  of  the 
carrier  concentrations  of  3C-SiC  epilayers 


Temperature  :  [KJ 

Fig.2  Temperature  dependencies  of  the 
Hall  mobilities  of  3C-SiC  epilayers 
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Table  1:  Donor  ionization  energies  Eek,  donor  concentrations  Nek,  and  acceptor 


8.3  Mm 

16  m  m 

32m  m 

Edi  (meV) 

10 

14 

Ndi  (cm-3) 

4.7X101* 

ED2  (meV) 

46 

46 

54 

Nd2  (cm-3) 

2.0  X 1017 

8.1X1016 

107 

97 

120 

1.1X1017 

1.3X1011 

1.0X1011 

Ed4  (meV) 

157 

- 

- 

Nd4  (cm-3) 

4.6  X 1016 

- 

- 

Na  (cm-3) 

1.3X101* 

9.9X1015 

5.7X1015 

levels  of  donors  in  undoped  epilayers  were  obtained.  Film  thickness  data  and  the  corresponding 
energy  levels  obtained  from  this  method,  are  given  in  table  1.  The  ionization  energies  of  the  donor 
level,  Edi,  (7-14meV)  were  close  to  the  values  reported  for  either  ionization  energy  of  N  or  defects 
(13-22meV)[2][3][4].  The  ionization  energy  Ed2  (46-54meV)  agrees  with  the  ionization  energy 
(53-54meV)  of  N  donor  reported  from  photoluminescence  measurements [5].  The  ionization 
energies  ED3  (97-120meV)  were  close  to  the  values  reported  for  ionization  energy  of  either  N  or  P 
(95-118meV)[6][7].  A  value  of  157meV  for  an  unknown  donor  in  8.3 //m  epilayer  was  also 
obtained.  However  donor  ionization  energy  levels  of  this  range  were  also  observed  in  other 
epilayers.  But  their  concentration  could  not  be  calculated.  The  donor  concentrations  Ndi,  Nd2 
decrease  as  the  SiC  film  thickness  increases,  while  Nd3  does  not  vary  as  much. 

Raman  scattering  from  LO-phonon-plasmon-coupled  modes  has  been  extensively  studied  in  HI 
-V  semiconductors^].  From  the  analysis  of  the  frequency  and  band  shapes  of  the  coupled  modes. 


wave  number :  [cm*1]  wave  number :  [cm*1] 

(a)TO  phonon  (b)LO  phonon 

Fig.3  The  film  thickness  dependent  Raman  spectra  of  (a)  TO  and  (b)  LO  phonons 
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carrier  concentration  and  the  drift  mobility  have 
been  determined[9].  The  carrier  concentration  and 
drift  mobility  obtained  from  LO-phonon-plasmon- 
coupled  modes  of  Raman  spectra  were  compared 
with  results  obtained  by  Hall  measurements  in  3C- 
SiC.  Figure  3  shows  the  Raman  spectra  of  the  TO 
and  LO  phonon  modes  obtained  from  the  samples 
used  for  Hall  measurements  and  from  a  stress-free 
bulk  3C-SiC,  respectively.  From  this  data,  carrier 
concentrations  were  estimated.  However,  the 
results  from  the  LO  mode  of  the  Raman  spectra 
did  not  agree  with  those  obtained  from  Hall 
measurements.  It  is  well  known  that  stresses  cause 
a  shift  in  the  Raman  peaks,  but  the  stress  and 
strain  are  not  considered  in  the  fit  to  the  theoretical 
curve  to  obtain  carrier  concentration^].  From  Fig. 

3,  the  TO  and  LO  phonon  peaks  are  shifted  to 
higher  frequencies,  and  the  difference  between  the 
two  decreases  as  the  SiC  film  thickness  increases. 

This  indicates  that  the  tensile  stress  in  films  decreases  gradually.  The  stresses  and  strains  still 
remain  in  the  SiC  film  to  at  least  32 Mm.  The  stresses  were  estimated  from  the  shift  in  the  TO  and 
LO  phonon  peak  of  the  epilayers  as  compared  to  a  stress-free  bulk  3C-SiC  (n=3x  1017cm'3)[10]. 
Figure  4  shows  the  stresses  of  3C-SiC/Si  epilayers  and  3C-SiC  free  films.  The  stresses  were  tensile 
in  all  the  samples,  and  decreased  as  the  SiC  film  thickness  increased.  From  Fig.  4,  it  could  be 
deduced  that  the  films  would  be  free  of  tensile  stress  at  45  u  m. 

The  C/Si  ratio-dependence  of  the  electrical  property  was  studied  by  adding  CsHg  as  C  source 
for  the  growth  of  epilayer.  However  single  crystals  of  3C-SiC  could  not  be  obtained  at  the  moment. 
Further  investigations  are  under  way. 

Conclusion 

Single  crystals  of  3C-SiC  on  Si  (100)  plane  were  reproducibly  obtained  using  HMDS+H2  reaction 
gas  system  at  135010.  The  electrical  properties  of  the  epilayers  were  as  follows:  the  carrier 
concentration  was  1.3-6  xl017cnr3,  and  the  electron  mobility  mh  was  200-450cm7Vs  at  room 
temperature.  Calculated  values  of  donor  levels  and  concentrations  were  obtained  from  the 
temperature  dependence  of  carrier  concentration.  At  least  3  levels  of  donors,  with  ionization 
energies  of  7-14meV,  46-54meV,  97-120meV  exist  in  all  the  epilayers.  From  Raman  scattering,  it 
was  deduced  that  tensile  stress  existed  to  thicknesses  of  32  u  m. 
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Abstract : 

4H-  and  6H-SiC  On  Insulator  structures  (SiCOI)  are  successfully  obtained  using  the  Smart-Cut® 
process.  As  previously  published  [1,2],  initial  SiCOI  samples  exhibited  an  unacceptable  high 
resistivity  due  to  deep  levels  generated  by  implantation  of  large  dose  of  protons  required  to  induce 
thin  film  exfoliation.  Hall  effect  measurements  and  EPR  (Electron  Paramagnetic  Resonance) 
measurements  were  performed  to  determine  the  concentration  and  the  microscopic  structure  of  the 
compensating  defects  in  layers  obtained  as  the  process  conditions  evolve.  From  the  resistivity 
variation  with  temperature  the  activation  energy  of  the  compensating  defect  pinning  the  Fermi  level 
is  found  to  be  500  meV.  The  compensating  defect  content,  as  extracted  by  Hall  effect  measurement 
analysis,  has  been  lowered  down  to  a  few  1016  cm‘3since  the  process  reached  maturity. 

Introduction  : 

The  Smart-Cut  process,  developed  by  LETI  and  used  by  SOITEC  to  produce  large  volume  high 
quality  SOI  wafers,  is  based  on  proton  implantation  and  wafer  bonding  [3].  It  has  been  also 
successfully  applied  to  different  materials  such  as  SiC,  GaAs  and  InP  [4,5,6].  This  technical 
approach,  based  on  thin  film  separation  from  bulk  wafer  and  transfer  onto  a  low  cost  and  large  size 
substrate  such  as  oxidized  silicon,  is  of  prime  importance  for  the  development  of  low  cost  structures 
for  SiC  devices  processing. 

Little  is  known  about  the  nature  of  SiC  defects  induced  by  hydrogen  implantation  and  their  electrical 
activity.  DLTS  (Deep  Level  Transient  Spectroscopy)  measurements  have  shown  that  the  Zi/Z2 
defect  is  the  most  common  and  most  unavoidable  defect  introduced  in  bulk  SiC  samples,  either  by 
electron  or  heavier  ions  irradiation  [1,7,8].  Moreover,  only  one  EPR  study  of  ion  implantation 
induced  defects  has  been  published  on  this  subject  [9]. 

This  study  presents  the  results  of  electrical  (C(V)  and  Hall  effect)  and  EPR  studies  of  the 
compensating  defects  in  n-type  SiCOI  Smart-Cut  processed  layers. 

Experimental  procedure :  _3 

N-type  nitrogen  doped  6H-SiC  epitaxial  layers  (of  initial  doping  in  the  1x10  -  1x10  cm  range) 
grown  on  6H-SiC  bulk  substrates  were  transferred  by  the  Smart-Cut  process  onto  oxidized  silicon 
wafer  to  produce  SiCOI  structures.  In  this  study,  the  SiCOI  structure  has  a  thin  SiC  layer  of  typical 
thickness  of  500-600  nm  and  a  buried  oxide  layer  of  1  pm.  This  structure  corresponds  to  process 
conditions  detailed  elsewhere  [4]. 

EPR  measurements  were  performed  with  an  X-band  spectrometer  in  the  4-77  K  range.  Absolute  spin 
concentrations  were  determined  with  a  calibrated  Ruby  standard  sample.  Hall  effect  measurements 
were  carried  out  in  the  40  K  -  420  K  range.  The  Van  der  Paw  test  patterns  were  realized  with  a  mesa 
structure  taking  advantage  of  the  SOI  like  structure. 
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Experimental : 

After  splitting  at  the  temperature  of  900°C,  C(V)  measurements  exhibit  a  compensation  level  higher 
than  lxl019cm"3  [1].  A  higher  annealing  temperature  is  necessary  for  the  partial  recovery  of  the 
electrical  activity  by  annealing  the  hydrogen  implantation  introduced  defects.  After  a  1300°C 
annealing  step,  SiC  films  with  a  N  doping  concentration  above  lxlO18  cm'3  exhibit  an  electrical 
activity  measured  by  C(V). 

These  samples  were  analysed  by  Hall  effect  measurements.  Good  fits  of  the  neutrality  equation  with 
the  experimental  Hall  data  are  achieved  for  a  compensation  level  NA  in  the  range  of 
lxl018cm'3.  Figure  1  shows  the  Hall  effect  results  obtained  for  an  SiC  film  with  an  initial  doping  level 
of  3xl018cm*3.  Experimental  data  are  compared  with  theoretical  curves  simulated  for  different  levels 
of  compensation.  The  best  fit  is  obtained  for  a  compensation  equal  to  31.3%  of  the  starting  doping 
level  i.e.  9.4. 1017cm*3. 


1000/T  [K'1] 


Temperature  [K] 


Fig.  1:  Free  electron  concentration  (left)  and  mobility  (right)  of  SiCOI  layer  with  initial  doping  level  of  3xl018 
cm 3  after  1300°C  annealing  where  Eh  and  Eki,k2  are  respectively  the  hexagonal  and  cubic  levels 


The  value  of  NA  includes  compensating  centres  introduced  by  the  Smart-Cut®  process  itself  plus 
acceptors  introduced  during  the  epitaxial  process.  The  last  term  can  be  neglected  since  a  well 
controlled  epitaxial  process  induces  less  than  lxlO15  cm'3  compensating  centres.  In  this  study,  a  good 
fit  is  obtained  using  hexagonal  and  cubic  levels  at  respectively  60  meV  and  150  meV  below  the 
conduction  band.  The  hexagonal  level  value  is  slightly  different  from  92  meV,  commonly  accepted 
for  low  doped  epitaxial  layers  in  6H-SiC  [10].  Indeed,  this  level  is  known  to  decrease  with  dopant 
concentration  [11]  and  compensation  defects  content  due  to  the  influence  of  a  random  field  on  the 
activation  energy  [12].  On  the  other  hand,  the  cubic  level  is  too  deep  in  the  band  gap  to  be  affected. 
Besides  carrier  concentration  reduction,  carrier  mobility  also  suffers  from  interaction  with 
compensating  centres  (fig.  1,  right  part).  In  this  case,  the  initial  300  K  mobility  of  130  cm2 NT1. s'1, 
consistent  with  a  3xl018  cm'3  doping  level,  in  6H  SiC,  is  decreased  to  75  cm2.V1.s*1  after  SiCOI 
process. 

These  samples  were  also  analysed  by  EPR  spectroscopy.  The  EPR  spectrum  of  the  neutral  N  donor 
is  observed  at  thermal  equilibrium  conditions  at  4K  (fig.  2)  only  for  initial  nitrogen  doping  levels 
higher  than  lxl018cm3.  The  EPR  spectra  of  the  6H-SiC  sample  with  an  initial  doping  level  of 
3x10  cm'3  after  the  Smart-Cut  process®  confirm  the  electrical  results  (fig.  2)  :  after  1300°C 
annealing,  only  the  EPR  spectra  of  nitrogen  donors  at  the  quasi-cubic  sites  are  observed.  This 
demonstrates  a  remaining  compensation  equal  or  higher  than  the  nitrogen  concentration  on  the 
hexagonal  sites,  i.e.  typically  one  third  of  the  total  donor  concentration  (approximately  lxlO18  cm’3). 
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Fig.  2  :  EPR  spectra  of  the  N  donors  in  1300°C  annealed 
6H-SiC  SiCOI  layers  with  [ND]=5xl017,  3xl018  and 
6xl0,8cm*3.  T=4K,  B//c. 


Fig.  3  :  EPR  spectrum  of  a  6H-SiC  SiCOI  layer 
with  an  initial  doping  concentration  of 
5.5xl017  cm-3  after  the  Smart-Cut®  process; 
T=4K,  B//  [1120] 


The  evolution  of  the  implantation  induced  defects  with  the  annealing  temperature  has  already  been 
reported  in  a  previous  study  [2]:  after  splitting,  the  main  paramagnetic  defects  are  carbon  dangling 
bonds  centres  in  the  1018cm'3  concentration  range;  as  the  annealing  temperature  is  increased  from 
900°C  to  1100°C  these  defects  decrease  in  intensity  and  a  di-vacancy  centre  is  observed.  Finally, 
after  1300°C,  one  defect  is  remaining,  which  may  be  responsible  for  the  carrier  compensation;  it  is 
not  clearly  identified  but  its  EPR  parameters  suggest  that  it  could  be  related  to  silicon  clusters 
present  in  the  SiC  film. 

Under  these  process  conditions  which  leave  lxl018cm'3  compensating  defects,  SiCOI  films  with  an 
initial  doping  level  of  lxlO17  cm'3  are  electrically  insulating  at  300  K  with  a  resistivity  of 
5.106£lcm  (obtained  by  extrapolation  of  high  temperature  resistivity  measurements).  The  Arrhenius 
plot  gives  a  thermal  activation  energy  of  500meV  (fig.  4).  This  result  is  in  good  agreement  with 
previous  DLTS  measurements,  which  have  shown,  in  1300°C  annealed  hydrogen  implanted  SiC 
material,  a  main  defect  Zi/Z2  located  at  Ec-  0.65  eV  [1]. 


1000/T  [K1] 

Fig.  4  :  Resistivity  of  SiCOI  layer  after  1300°C  annealing  with  initial  doping  level  of  1.1017  cm'3 

The  same  characterization  has  been  applied  for  SiCOI  samples  fabricated  using  improved  process 
conditions.  Hall  effects  results  are  shown  in  figure  5  for  a  6H-SiC  film  with  an  initial  doping  level 
equal  to  5.5. 1017  cm'3. 

A  good  fit  of  the  neutrality  equation  with  the  experimental  Hall  data  is,  in  this  case,  achieved  for  a 
compensation  level  approximately  of  4xl016  cm'3  (fig.  5).  Fit  parameters  are  respectively  92  meV  and 
150  meV  for  the  nitrogen  donor  levels.  Because  of  the  low  concentration  of  compensating  defects 
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(-6,9%),  the  hexagonal  level  is  not  lowered  in  this  case.  The  deviation  from  the  fitting  curve  at  low 
temperature  (below  120  K)  is  explained  by  hopping  conduction  due  to  residual  compensation  [13]: 
free  electron  concentration  increases  and  carrier  mobility  drops  drastically.  However,  the  carrier 
mobility  above  300K  is  not  affected  by  the  Smart-Cut®  process  and  is  comparable  with  high  quality 
epilayer.  4H-SiC  films  exhibit  the  same  compensation  concentration  with  an  higher  mobility. 


Fit  parameters: 

Nd=  5.5x1  018  cm'3 

Eh=  92  meV 
Ek|1(t2=  150  meV 

U=  3.8x1 016  cm*3 
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Fig.  5  :  Free  electron  concentration  (left)  and  carrier  mobility  (right)  of  SiCOI  layer  with  initial  doping  level  of 
5.5x10  cm'  after  process  evolution  (carrier  mobility  before  process  is  shown  as  reference) 


This  analysis  is  confirmed  by  the  EPR  results:  in  contrast  with  the  first  process,  the  EPR  spectrum  of 
the  neutral  N  donor  is  now  observed  (fig.3)  under  thermal  equilibrium  conditions  at  4K  even  for  an 
initial  doping  level  of  5.5xl017cm"3 


Conclusion: 

Pseudo-substrates  were  already  feasible  using  this  process.  It  has  been  shown  that  the  remaining 
defect  level  in  thermally  annealed  transferred  layers  lies  at  Ec-0,5eV  in  the  band  gap.  Hall  effect  and 
EPR  techniques  give  a  consistent  estimation  of  the  compensation  level  introduced  by  the  process. 
The  concentration  of  the  compensating  defects  has  been  reduced  to  4xl016cm'3.  This  result  is  very 
encouraging  since  SiCOI  wafers  are  now  compatible  with  device  requirements.  Device  processing  is 
under  investigation  to  demonstrate  both  technical  and  economical  interests  of  SiCOI  structures. 
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Abstract.  We  present  a  theoretical  investigation  of  how  n-  and  p-type  doping  affect  the  band 
structure  around  the  band  gap  of  3C-,  2H-,  4H-,  and  6H-SiC.  For  comparison  we  also  consider  Si. 
We  have  calculated  for  various  values  of  the  dopant  concentration  (i)  the  shift  in  energy  of  the 
bottom  (top)  of  the  conduction  (valence)  band,  (ii)  the  band  gap  narrowing,  (iii)  the  shift  of  the 
optical  band  gap,  and  (iv)  the  doping-induced  changes  in  conduction  band  curvature,  i.e.,  changes  in 
effective  electron  masses  in  n-type  materials.  In  addition  we  have  also  (v)  estimated  the  critical 
concentration  for  Mott  transitions  and  (vi)  calculated  the  shifts  in  conduction-  and  valence  bands 
caused,  not  by  doping,  but  by  injection  of  an  electron-hole  plasma  of  various  concentrations.  To 
study  the  effects  of  doping  we  have  considered  a  system  consisting  of  impurity  ions  immersed  in  a 
(high-density)  gas  of  majority  carriers  and  a  low-density  gas  of  minority  carriers.  The  changes  in 
the  bands  relative  to  the  idealised  crystal  are  then  regarded  as  being  due  to  interparticle  Coulomb 
interactions  and  associated  particle  correlation  in  and  between  the  gases,  as  well  as  to  electron  and 
hole  interactions  with  the  randomly  distributed  ions.  We  have  considered  two  models.  The  simplest 
model  for  band  edge  displacements  is  analytical  and  based  on  relatively  simple  assumptions  like 
parabolic  energy  bands  and  simple  modelling  of  electron  correlation  effects.  The  second  model  is 
numerical  and  includes  full  band  non-parabolicity,  and  the  electron  and  hole  gas  interactions  are 
treated  in  the  random-phase  approximation. 

Introduction. 

Since  semiconductor  electronics  devices  contain  regions  of  n-  and  p-type  doping  of  various 
concentrations,  it  is  clear  that  deviations  from  the  ideal  band  structure  due  to  doping  (e.g.,  band  gap 
narrowing  and  changes  in  charge  carrier  effective  masses)  can  have  important  effects  on  device 
performance.  Dopants  generally  shift  the  conduction  band  downwards  in  energy  and  the  valence 
bands  upwards,  leading  to  a  dopant  concentration-dependent  shrinkage  of  the  band  gap.  Electrons 
and  holes  travelling  across  regions  with  different  dopant  concentrations  will  thus  experience  an 
energy  barrier  as  a  result  of  the  doping-induced  band  edge  shifts.  This  influences  the  transport  of 
carriers  across  the  junctions.  For  instance,  the  injection  of  carriers  from  emitters  into  the  base  of  a 
diode  or  transistor  is  generally  deteriorated  by  the  band  gap  narrowing  in  the  heavily  doped 
emitters.  Also  from  an  academic  point  of  view  it  is  of  course  important  to  build  up  knowledge  and 
an  understanding  of  how  doping  may  affect  the  basic  material  properties. 

Doping  also  affects  the  shape  of  the  conduction-  and  valence  bands,  thus  leading  to  a  change  of 
the  effective  masses.  Since  the  effective  masses  affect  the  scattering  properties  as  well  as  the  direct 
response  of  a  charge  carrier  to  an  electric  field,  doping-induced  changes  of  the  effective  masses 
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should  be  taken  into  account  in  detailed  transport  studies  based  on  for  instance  the  Monte  Carlo 
method.  Another  effect  of  a  change  of  the  effective  masses  is  that  the  Fermi  level  is  also  influenced. 
This  can  show  up  as  an  additional  contribution  to  the  shift  of  the  optical  band  gap.  Not  only  doping, 
but  also  an  electron-hole  plasma  (injected  either  by  electrical  means  as  typically  in  power  devices, 
or  through  optical  excitation)  will  affect  the  band  edges  and  give  rise  to  band  gap  narrowing. 

The  physical  picture. 

Consider  an  n-doped  semiconductor  at  the  finite  absolute  temperature  T.  The  effect  of  the 
temperature  is  to  ionise  a  certain  (typically  a  major)  fraction  of  the  donors,  leading  to  a 
concentration  of  ionised  donors  having  donated  their  electrons  to  the  conduction  band.  We 
assume  that  the  donor  ions  are  randomly  distributed  in  the  lattice.  The  electrons  in  the  conduction 
band  form  a  (majority  carrier)  electron  gas  of  density  n  ~N+D.  Compared  to  the  undoped  material, 
an  electron  in  the  conduction  band  thus  feels  the  Coulomb  interaction  with  the  other  electrons  in  the 
conduction  band  electron  gas,  as  well  as  the  Coulomb  interaction  with  the  donor  ions.  These 
interactions,  not  present  in  the  undoped  material,  cause  a  shift  in  the  position  of  the  conduction  band 
edge  Ec  and  also  a  change  in  the  band  curvature  around  the  conduction  band  minimum,  i.e.,  a 
change  in  the  conduction  band  effective  mass,  compared  to  the  undoped  material.  But  also  the  holes 
in  the  top  of  the  valence  band  (minority  carrier  gas)  interact  with  the  electron  gas  and  with  the 
donor  ions,  causing  a  shift  of  the  position  of  the  valence  band  edge  Ev  compared  to  the  undoped 
material.  In  our  model  for  doping-induced  effects  on  the  band  structure  around  the  band  edges, 
these  are  the  interactions  that  are  included.  We  thus  neglect  interactions  involving  bound  donor 
electrons  (or  holes  bound  to  acceptors). 

Before  we  continue  to  describe  the  model  in  some  more  detail,  let  us  introduce  some  useful 
concepts  and  notations.  In  this  context  the  term  ’’self-energy”  (often  denoted  TiL} ,  but  here  we  will 

use  the  simpler  notation  'Lj )  is  used  to  denote  the  contribution  to  the  conduction  band  electron  (j  = 

c)  or  valence  band  hole  (j  =  v)  energies  stemming  from  interactions  not  present  in  the  undoped 
material.  Furthermore,  we  let  “electron  gas”  (of  density  n)  mean  the  gas  of  (conduction  band) 
electrons  in  a  neutralising  uniform  positive  background  charge  of  density  n,  and  “system  of  ionised 
donors”  mean  the  positive  ions  in  a  neutralising  uniform  negative  background  charge  of  density  n. 
Note  that  in  the  combined  system,  consisting  of  the  “electron  gas”  and  “system  of  ionised  donors”, 
the  two  background  charge  densities  cancel,  corresponding  to  the  ions  being  immersed  in  a  gas  of 
electrons.  This  will  be  our  model  system. 

Thus,  in  n-type  materials,  the  conduction  band  shift  A Ec  and  the  valence  band  shift  A Ev  can, 
according  to  the  description  earlier,  be  expressed  as 

AEc=r;+rcd  ;  a e,  =  z?+z?  d> 

where  X" ,  ,  X^  and  X“  are  the  self-energies  for:  a  (conduction  band)  electron  (e)  interacting 

with  the  electron  gas,  the  interaction  of  the  conduction  band  electrons  with  the  system  of  ionised 
donors  (d),  the  interaction  of  the  valence  band  holes  (h)  with  the  conduction  band  electron  gas,  and 
the  interaction  of  the  valence  band  holes  with  the  system  of  ionised  donors,  respectively. 

The  situation  for  p-type  doping  is  completely  analogous.  With  the  same  notation  we  have 

A £v=Xf+X^  ;  A£c  =X'*+X“  (2) 

where  the  index  ’a’  refers  to  acceptor  ions.  The  (positive)  band  gap  narrowing  is  defined  as 

AEg=-AEc+AEv  (3) 

Our  task  is  to  evaluate  the  magnitude  of  these  band  edge  shifts,  i.e.,  the  self-energies,  as 
functions  of  ionised  donor  and  acceptor  concentrations.  This  will  be  done  using  two  methods  to  be 
described  next,  one  relatively  simple  analytical  theory  and  one  more  complex  and  more  exact 
numerical  method.  To  facilitate  the  presentation,  we  assume  n-type  material;  p-type  material  is 
completely  analogous. 
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The  analytical  model. 

To  shed  some  light  on  the  mechanisms  involved  causing  the  band  edge  displacements  and  on  the 
relative  importance  of  the  various  contributions,  it  is  useful  to  start  with  a  relatively  simple 
theory!  1].  One  of  the  basic  approximations  in  this  model  is  to  assume  parabolic  bands.  We  consider 
one  conduction  band  and  the  two  uppermost  valence  bands.  The  two  valence  bands  are  furthermore 
assumed  to  be  spherically  symmetric  in  wave  vector  (k-)  space. 

In  the  Hartree-Fock  (HF)  approximation  for  the  homogeneous  electron  gas,  the  average 
interaction  between  a  given  electron  and  the  other  electrons  (the  so-called  direct  Coulomb  term)  is 
exactly  cancelled  by  the  interaction  between  the  electron  and  the  uniform  positive  background 
charge,  so  that,  apart  from  the  kinetic  energy,  only  the  exchange  energy  survives.  In  the  HF 
approximation,  the  exchange  self-energy  per  electron  at  the  band  minimum  is  given  by  (in  eV) 


(4) 


wherefl0  is  the  Bohr  radius,  k  is  the  static  relative  dielectric  constant  of  the  host  semiconductor 
(thus  taking  into  account  the  fact  that  the  host  material  is  screening  the  electron-electron  interaction) 
and  Nb  is  the  number  of  equivalent  electron  valleys.  The  reduction  by  Nb  appears  because  the  HF 
exchange  energy  is  proportional  to  the  Fermi  wave  vector,  which  depends  on  the  number  of 
electrons  occupying  states  in  each  valley.  To  improve  on  the  HF  approximation  and  include  some 
correlation  energy,  it  was  suggested  by  Jain  and  Roulston[2]  to  multiply  the  HF  exchange  energy  by 

a  factor  0.75.  Thus,  using  this  approximation  we  obtain  X"  =  0.75  •  Xf' HF  -n^  .  This  self-energy 


is  negative,  corresponding  to  a  downward  shift  of  the  conduction  band.  The  physical  reason  for  the 
negative  sign  of  X"  is  that  the  electrons  avoid  each  other  for  two  different  reasons.  Electrons  with 
the  same  spin  avoid  each  other  for  statistical  reasons  (basically  the  Pauli  exclusion  principle),  which 
is  described  by  the  HF  exchange  term  (Eq.  4).  Furthermore,  all  electrons  independently  of  relative 
spin  directions  avoid  each  other  because  of  the  Coulomb  repulsion.  Therefore,  the  vicinity  of  each 
electron  is  depleted  of  electronic  charge.  Since  there  is  a  constant  positive  background  charge,  each 
electron  is  effectively  surrounded  by  a  positively  charged  exchange  and  correlation  ‘hole’,  which 
lowers  the  energy  of  the  electron,  i.e.,  the  conduction  band  is  shifted  downwards. 

Eq.  4  is  valid  for  spherically  symmetric  conduction  bands.  The  corresponding  expression  in  the 
general  case  of  three  different  effective  mass  components  can  be  found  in  [1]. 

Assuming  a  random  distribution  of  donor  ions,  the  self-energy  Xc  has  been  calculated  to  second 
order  in  perturbation  theory,  assuming  that  the  donor  ions  are  screened  by  the  conduction  band 
electrons  using  the  Thomas-Fermi  approximation^].  The  analytical  result  can  be  found  in  [1], 

where  it  is  shown  that  Xf  ~  - n ^ .  This  contribution  is  also  negative,  corresponding  to  an  electron 


build-up  around  each  (positive)  ion.  This  further  lowers  the  electron  energies,  causing  the 
conduction  band  to  shift  downwards.  With  the  same  approximations  it  is  found  that[l,3]  Xf  n^2 , 


giving  an  upward  shift  of  the  valence  band  edge,  corresponding  to  the  decrease  in  hole  energy 
caused  by  the  depletion  of  holes  around  the  positive  ions  and  the  pile-up  of  holes  in  the  negatively 
charged  regions  between  the  ions  (in  the  system  of  ionised  donors).  To  obtain  the  self-energy  X/ 
for  a  hole  interacting  with  the  conduction  band  electron  gas  we  have  used  the  plasmon-pole 
approximation  (which,  contrary  to  the  Thomas-Fermi  approximation,  takes  into  account  dynamic 

screening  effects)  to  describe  the  electron  screening  of  the  holes.  This  gives[l]  Xje  .  The 
positive  sign  expresses  the  fact  that  the  build-up  of  an  electron  screening  charge  around  each  hole 
lowers  the  energy  of  the  hole,  giving  an  upward  shift  of  the  valence  band  edge. 

Adding  the  various  contributions  results  in  the  following  simple  expressions: 
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A E=A. 


A E„  =  A_ 


Similar  expressions  hold  for  p-type  doping[l].  Using  the  theory  sketched  above  to  calculate  the 
various  coefficients  A  and  B  in  Eq.  5  gives  the  results  in  Tables  II  and  III  in  [1]. 


A  more  accurate  numerical  model. 

The  approximations  in  the  analytical  model  that  perhaps  appear  to  be  the  crudest  are  the 
modelling  of  the  sum  of  exchange  and  correlation  energies  (as  0.75  times  of  the  HF  exchange 
energy)  and  the  assumptions  of  parabolic,  and  for  the  valence  bands  also  spherically  symmetric, 
energy  bands.  We  have,  however,  developed  a  more  accurate  method  in  which  these  assumptions 
can  be  abandoned.  The  improved  theory  allows  us  not  only  to  get  rid  of  these  assumptions,  but  also 
to  investigate  how  doping  affects  the  effective  masses  (influencing  for  instance  the  density-of-states 
and  the  Fermi  level)  and  to  investigate  how  an  electron-hole  plasma  effects  the  positions  of  the  band 
edges.  Furthermore,  by  a  slight  extension  of  the  theory,  it  also  allows  us  to  estimate  the  critical 
concentration  for  the  Mott  (metal-non  metal)  transition  in  n-  and  p-type  materials. 

The  basic  ingredients  in  this  theory  are  the  following[4]:  The  self-energies  X*c(k)  and  Xjc(k) 
are  calculated  as  functions  of  wave-vector  k  around  the  respective  band  extrema  using  a  well- 
established  many-particle  approximation  theory  for  the  electron  gas  known  as  the  Random  Phase 
Approximation  (RPA).  The  ionic  self-energies  Xf  (k)  and  X"(k)  are  calculated  in  very  much  the 
same  way  as  in  the  analytical  model  (second  order  perturbation  theory  and  a  random  distribution  of 
ions),  except  that  the  electronic  screening  of  the  ions  is  described  in  terms  of  a  dielectric  function 
obtained  within  the  RPA  (instead  of  using  the  less  accurate  Thomas-Fermi  approximation  as  in  the 
analytical  model)  and  except  that  the  full  (non-parabolic)  band  structure  has  been  used  instead  of  a 
simple  analytical  band  structure.  Since  the  self-energies  are  k-dependent  and  represent  the  change 
in  energy  of  a  given  band  at  a  wave  vector  k  due  to  doping,  we  can  by  simple  differentiation 
evaluate  the  changes  in  effective  masses  caused  by  the  doping. 

We  have  also  considered  plasma-induced  effects  by  performing  the  calculations  for  mutually 
interacting  gases  of  electrons  and  holes  when  the  concentrations  of  electrons  (n)  and  holes  (p)  are 
equal.  In  this  case  no  ions  are  present,  and  each  electron,  for  instance,  interacts  with  all  other 
electrons  and  all  holes.  Similarly,  each  hole  interacts  with  all  other  holes  and  with  all  electrons. 
First  the  total  energy  of  the  interacting  electron-  and  hole  gases  is  calculated,  and  then  the  self¬ 
energies  for  electrons  (holes)  are  obtained  by  differentiating  the  total  energy  with  respect  to  the 
electron  (hole)  occupation  number.  The  resulting  band  edge  shifts  can  very  accurately  be 
parameterised  using  an  expression  like 


The  values  of  the  coefficients  A  and  B  can  be  found  in  [4]. 

The  optical  band  gap  for  n-type  material  is  the  energy  difference  between  the  lowest  unpopulated 
conduction  band  state  and  the  top  of  the  valence  band.  The  doping-induced  narrowing  of  the  optical 
band  gap  is  given  by  A E°gpt  =  A Eg  +EF ,  where  EF  is  the  Fermi  energy  of  the  electron  gas.  In  this 
formulation,  the  conduction  band  curvature  is  allowed  to  change  due  to  doping  (affecting  EF ). 

Another  quantity  of  both  practical  and  academic  interest  is  the  so-called  critical  Mott 
concentration  NMott  at  which  a  doped  semiconductor  goes  from  a  semiconducting  phase  to  a 
metallic  phase  by  a  simultaneous  ionisation  (at  T  =  OK)  of  Ml  dopants  if  the  dopant  concentration 
becomes  larger  than  Nmo«.  To  estimate  Nmoh  for  donors  we  have  followed  a  method  expounded  by 
Semelius  and  Berggren  [5,4].  In  this  method  the  total  energy  per  electron  of  the  system  of  bound 
but  interacting  donor  electrons  is  modelled  and  compared  with  the  total  energy  (per  electron)  of  the 
electron  gas  in  the  metallic  phase.  The  donor  concentration  at  which  these  two  energies  are  equal 
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marks  the  critical  Mott  concentration.  The  results  are  given  in  Table  1  for  SiC  doped  with  Nitrogen 
(SiC:N),  and  Si:P  for  comparison.  A  measured  value  for  Si:P  [6]  is  3.5xl018  cm'3. 


n-type _ SEP _ 3C-SiC:N  4H-SiC:N  6H-SiC:N 

Nmoh  (cm'3)  4.9xl018  3.5xl018  2.8xl018  8.8xl018 

Table  1:  Estimated  critical  (Mott)  concentrations  for  metal-nonmetal  transitions.  For  4H-  and  6H-SiC,  which 
both  have  more  than  one  ground-state  donor  level,  the  Mott  transition  has  been  calculated  for  the  more 
shallow  level. 

A  selection  of  results. 

Because  of  the  space  limitation,  only  a  few  results  can  be  shown.  For  more  information,  the 
reader  is  referred  to  [1,4]. 

In  Fig.l  (Fig.2)  the  energy  shifts  AEC  and  AEV  as  functions  of  ionised  donor  (acceptor) 
concentration  are  shown  using  various  approximations  (full  calculation,  full  calculation  but 
assuming  parabolic  bands,  and  analytical  model). 


Fig.l 


Fig.2 


Ionized  donor  concentration  (cm-3)  Ionized  acceptor  concentration  (cm  ) 


Fig.l:  Energy  shifts  of  the 
lowest  conduction  band  and 
uppermost  valence  band  as 
functions  of  ionised  donor 
concentration  for  hexagonal 
polytypes  of  SiC.  The  solid 
lines  represent  the  full 
calculation,  the  dotted  lines 
represent  the  corresponding 
calculations  assuming  para¬ 
bolic  energy  bands,  and  the 
dashed  lines  are  from  the 
analytical  model  in  [1]. 

Fig.2:  Same  as  in  Fig.l  but 
for  p-type  doping. 

In  Fig.3  we  compare  the 
doping-induced  shifts  of 
the  fundamental  and  opti¬ 
cal  band  gaps.  For  suffi¬ 


ciently  high  concentrations  the  Fermi  level  increases  faster  than  the  reduction  in  the  fundamental 
band  gap,  resulting  in  a  minimum  in  the  optical  band  gap  narrowing  at  around  3xl020  cm'3.  Fig.4 
shows  an  example  of  how  the  doping  can  influence  the  band  structure  and  effective  masses  for  the 
lowest  conduction  band  in  6H-SiC.  It  is  clear  that  the  effective  mass  near  the  conduction  band 


minimum  can  change  considerably  in  this  material  due  to  doping.  Figs.5  and  6,  finally,  show  the 
results  for  plasma-induced  band  edge  displacements.  The  concentration  axis  extends  only  up  to  a 
few  times  1018  cm'3,  since  under  normal  circumstances  in  power  devices,  Auger  recombination 


limits  the  electron-hole  plasma  concentration. 
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mi 


Fig.4 


L  M  L 


Fig.3:  Energy  shifts  of 
the  fundamental  band 
gap  (solid  lines)  and 
optical  band  gap 
(dashed  lines)  in 
hexagonal  n-type 
polytypes  of  SiC.  The 
dotted  lines  show  the 
optical  band  gap 
shifts  assuming  the 
band  curvatures  to  be 
unaffected  by  the 
doping. 


Impurity  concentration  (cm  3)  Wave  vector  k-kM  (A  ])  Fig-4- Lowest  conduc¬ 

tion  band  in  6H-SiC 

along  the  symmetry  line  LML  for  a  donor  concentration  5xlOi9  cm‘3(solid  line).  Dashed  lines  are  for  the 
intrinsic  material,  and  dotted  line  corresponds  to  a  parabolic  approximation  in  the  self-energy  calculations. 


Fig.5  Fig.6 


Fig.5:  The  plasma- 
induced  energy  shifts  of 
the  lowest  conduction 
band  and  uppermost 
valence  band  in  3C-SiC 
and  Si. 


Fig.6:  Same  as  Fig.5 
but  for  2H-,  4H-  and 
6H-SiC. 
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Abstract  The  electron  drift  mobility  ratios  in  4H-  and  6H-SiC  have  been  calculated  accounting  for 
the  acoustic  phonon  and  the  ionized  impurity  scattering.  A  comparison  of  our  theoretical  calculations 
and  published  experimental  data  suggest  that  the  acoustic  deformation  potential  tensor  of  4H-  and 
6H-SiC  is  rather  isotropic  with  a  constant  E\  =  10  ±  0.5  eV  for  both  4H-  and  6H-SiC.  A  factor, 
strongly  influencing  the  electron  mobility  anisotropy  is  the  electron  effective  mass  tensor,  which  may 
be  rather  anisotropic  as  in  case  of  6H-SiC. 

Introduction 

Experimental  investigations  [1-4]  of  various  hexagonal  and  rhombohedral  n-type  silicon  carbide 
(SiC)  polytypes  have  been  revealed  a  strong  electrical  conductivity  anisotropy  in  direction  parallel  to 
c  axis  and  perpendicular  to  c  axis.  An  early  paper  [1]  reported  on  anomalously  large  conductivity 
ratio  ctj^  faHc  up  to  104  observed  in  many  a-SiC  samples.  More  reliable  anisotropy  data  measured 
in  carefully  selected  and  prepared  SiC  samples  have  been  published  in  [2].  The  strongest  electron 
conductivity  anisotropy  and  its  temperature  dependence  was  observed  in  21R  and  3 3  OR  polytypes. 
Hexagonal  polytypes  4H  and  6H  showed  at  7,=  300K  o,lr/o'^c  =0.76  and  3.2,  respectively. 
Recent  Hall  mobility  anisotropy  measurements  [3,  4]  confirm  results  of  [2]  in  case  of  4H-SiC,  but 
deviate  significantly  in  case  of  6H-SiC. 

In  contrast  to  the  number  of  experimental  works  only  few  theoretical  papers  on  conductivity 
anisotropy  have  been  published  [5,  6].  In  this  paper  we  report  some  preliminary  results  on  4H~  and 
6H-SiC  electron  conductivity  anisotropy  calculations  based  on  the  carrier  anisotropic  scattering 
theory  published  by  Samoilovich  et  al.  in  [7,  8]  and  later  on  in  an  extensive  monograph  [9]. 

Theoretical  models 

In  this  study,  the  following  assumptions  and  simplifications  have  been  made: 

1.  Only  the  intravalley  acoustic  deformation  potential  and  the  ionized  impurity  scattering  are 
considered  in  relaxation  time  approximation  for  electrons  in  the  lowest  conduction  band  (CB). 

2.  The  real  ellipsoidal  constant  energy  surfaces  in  the  vicinity  of  the  CB  minima  are  substituted  for 
approximate  ellipsoids  of  revolution  (spheroids)  in  the  same  principal  axis  system.  Thus,  the 
electron  effective  mass  tensor  is  assumed  to  be  diagonal  comprising  components  mt  and  ml . 

3.  The  acoustic  deformation  potential  tensor  is  assumed  to  be  diagonal  in  the  CB  valley  principal 

axis  system  with  two  components  Dt  =  Cj  and  Dj  =  +  C2 .  In  case  of  negligible  deformation 

potential  anisotropy  Dt  -  Dl  the  conventional  acoustic  deformation  potential  constant  for 
longitudinal  acoustic  modes. 
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4.  4H-  and  6H-SiC,  the  crystals  with  hexagonal  symmetry  are  treated  as  acoustically  isotropic 
media  characterized  by  two  average  sound  velocities  Sj  and  st  for  longitudinal  and  transverse 
modes,  respectively. 

Following  the  theory  [9],  the  relaxation  time  tensor  components  may  be  expressed  as: 

-=-g,V.W 

where  i  =  t  or  l  and  £e  is  the  electron  kinetic  energy. 

In  case  of  ionized  impurity  scattering  ye~lon  =-3/2  and 
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In  the  sound  velocity  calculations,  due  to  the  hexagonal  symmetry  of  4H-  and  6H-SiC  crystals  a 
relatively  simple  exact  solution  of  the  ChristofFel  equation  is  available  [10].  Thus,  for  any  direction  of 
the  wave  front  propagation  there  exists  one  purely  transverse  mode  polarized  along  the  c  axis.  The 
phase  velocity  Si  of  that  may  be  expressed  as 

Sl  =C0+C3-  (7) 

Modes  with  phase  velocities  £0  and  s2  are  mixed  longitudinal  and  mixed  transverse  ones,  respectively: 


s0,2  =c0  +^cl  +C2  ±l/(fi  -c2  )2  +4CjC2  cos2 


(8) 
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In  Eq.  1,  and  Eq.  2,  the  original  notation  of  [10]  has  been  retained.  Thus 

pc0  =  C44  cos2  0  +  (cjj  —  Cjg  —  C44  )sin2  G,  pcx  =  c44  +  cu , 

pc 2  —  (c33  "c13  ”  ^C44  )C0S2  9 —  (cxx  —C13  “2^44  )sin  0 
where  Cy  are  the  elastic  constants,  p  is  the  mass  density,  and  0  is  the  angle  between  the  wave  front 
propagation  direction  and  the  c  axis. 

Recently,  a  set  of  elastic  constants  measured  on  4H-  and  6H-SiC  has  been  published  by 
Kamitanietal.  [11]:  cn  =  501±4,  c33  =  553±4,  C44=163±4,  Ci2=111±5,  Ci3=52±9,  all  in  units 
of  GPa.  As  stated  in  [11],  the  data  of  4H-  and  6H-SiC  were  undistinguishable  within  experimental 

uncertainties.  Using  Eq.  7,  Eq.  8  and  Cy  from  [1 1]  the  average  sound  velocities  sl  =  12.6  x  10^  cm/s 

and  st  =  7.9xl05  cm/s  were  calculated.  It  is  worth  mentioning  that  the  difference  between  the 

average  sound  velocities  and  the  exact  velocities  of  respective  acoustic  modes  is  less  than  10%. 
Consequently,  the  hexagonal  4H-  and  6H-SiC  crystals  may  be  considered  in  acoustic  phonon 
scattering  calculations  as  acoustically  nearly  isotropic  media. 

The  electron  effective  masses  of  approximate  spheroids  were  recalculated  regarding  ellipsoidal 
effective  mass  values  reported  in  [12].  Thus,  using  experimental  data  from  Table  1  in  Ref.  12  we 

obtained  m,  =  (mMKmML)l/2  =0.32 m0,  m,  =mMr  =0.58m0  (the  latter  in  perpendicular  to  the 

c  axis)  for  4H-SiC,  and  mt  =  (mi[MrmiMKf/2  =  O.42w0,  m,  =mML  =2.0 m0  (the  latter  in 
parallel  to  the  c  axis)  for  6H-SiC. 

To  our  knowledge,  the  deformation  potential  tensor  components  are  so  far  unknown  for  4H- 
and  6H-SiC.  Therefore,  relevant  constants  C\  and  C2  are  considered  here  as  fitting  parameters. 

Results  and  discussion 

In  the  present  mixed  scattering  mobility  calculations  the  variational  method  [13]  was  employed. 
This  enables  us  to  extend  easily  the  mobility  model  including  of  scattering  mechanisms  that  cannot  be 
treated  in  the  relaxation  time  approximation.  The  overall,  i.e.  the  multi-valley  electron  mobility  was 
calculated  regarding  the  positions  and  orientations  of  the  ellipsoids  reported  in  [12]. 


Table  1.  Experimental  and  theoretical  conductivity  anisotropy  ratios  for  4H-  and  6H-SiC. 


Material, 

!v\\c 

Doping, 

Sample 

Reference 

n-type 

J=300K 

T=  500K 

cm 

type 

4H-SiC 

0.78* 

Nd-Na  =  (2-s-3)x  1018 

bulk 

[2] 

0.83b 

0.84b 

Nd+Na~  lxlO17 

epilayer 

[3] 

0.86” 

0.94b 

Nd  =  2.6x1018 

bulk 

[4] 

O 

oo 

o 

O 

bo 

O 

Nd~  6x\016,Na  =  lxlO16 

bulk 

[5] 

0.79d 

0.1T 

Nd=  lxlO17 

bulk 

this  work 

6H-SiC 

3.2a 

3.3a 

Nd-Na  =  6x1017 

bulk 

[2] 

5b 

4.6b 

Nd  +  Na  =  lxlO17 

epilayer 

[3] 

4.8b 

4.2b 

^d  =  4.5x1016 

bulk 

[4] 

4.5' 

4.0C 

Nd+Na  —  lxlO17 

bulk 

[14] 

4.49d 

4.69d 

Nd  =  lxlO17 

bulk 

this  work 

*  Schnabel’s  method  measurements,  c  Monte  Carlo  calculations, 

b  Hall  measurements,  d  Low-field  BTE  calculations. 


As  a  result,  for  electron  mobilities  in  the  crystallographic  axis  system  we  obtain: 
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Ah c=M,,  Air  =  (a,  +  A/)/2  for  4H-SiC,  fiu c=n,,  =A,  for6H-SiC. 


Fig.  1.  The  calculated  electron  drift  mobility  ratio 
Mir  / M\\c  versus  ionized  donor  concentration  in  4H- 
and  6H-SiC  at  temperatures  7=300  and  500  K. 


Adjusting  of  deformation  potential 
constants  at  different  temperatures  and 
doping  concentrations  yielded  the  best  fit 
to  the  measured  electron  mobilities  [3] 
and  the  mobility  anisotropy  ratios  [2-4], 
if  C2  =  0  and  C\  =  10  ±  0.5  eV  for  both 
4H-  and  6H-SiC.  Thus,  our  calculations 
indicate  that  the  acoustic  deformation 
potential  tensors  of  these  hexagonal 
polytypes  should  be  rather  isotropic. 
Therefore,  the  final  calculations 
presented  in  this  work  were  performed 
taking  C2=0  and  C\^E\=  10 eV.  As 
expected  the  anisotropy  of  the  electron 
effective  mass  tensor  is  the  main  factor 
influencing  the  electron  mobility 
anisotropy  in  4H-  and  6H-SiC. 
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Abstract:  We  report  on  the  theoretical  calculation  of  the  electron  Hall  mobility  in  nitrogen 
doped  n-type  4H-  and  6H-SiC  as  a  function  of  temperature,  net-doping  concentration  ([Nd]- 
[Na]),  and  compensation  ratio  ([Na]/[Nd]).  The  electron  Hall  mobility  is  found  for  two 
temperatures,  T=77K  and  300K,  covering  a  wide  range  of  the  net-doping  concentration 
(10  -1019[cm"3])  and  the  compensation  ratio  (0-0.6). 

Introduction 

The  electron  Hall  mobility  in  4H-  and  6H-SiC  depends  strongly  on  the  geometrical 
configurations  of  the  Hall  measurement  due  to  the  anisotropic  structure  of  conduction  bands. 
[1]  Our  previous  works  revealed  that  the  large  anisotropy  of  the  electron  transport  was 
explained  very  well  by  the  anisotropy  in  the  effective  mass  tensors.  [2,3]  Unlike  the  results 
of  Monte  Carlo  simulation  which  neglects  the  effect  of  the  magnetic  field,  [4-7]  our 
analytical  Hall  mobility  calculation  makes  it  possible  for  the  first  time  to  compare  directly 
with  the  experimentally  measured  Hall  mobility  with  the  externally  applied  magnetic  field. 
Based  on  this  success,  we  calculate  the  electron  Hall  mobility  as  a  function  of  temperature, 
net-doping  concentration,  and  compensation  ratios  in  this  work.  Fig.  1  shows  three  distinct 
configurations  for  the  Hall  measurements;  (a)  [jlc,  B//c],  (b)  [jlc,  Blc],  and  (c)  [j//c,  Blc], 
where  j  is  the  externally  applied  current  vector,  B  is  the  magnetic  field,  and  c  is  the  direction 
of  the  c-axis  of  a  hexagonal  unit  cell.  This  work  focuses  on  the  Hall  measurement 
configuration  [jlc,  B//c]  since  most  of  the  Hall  measurements  on  the  device  quality  4H-  and 
6H-SiC  thin  films  are  performed  in  this  manner. 


(a)  Qlc,  B//c],  (b)  Die,  Blc],  and  (c)  D//c,  Blc]. 


Method  and  Model 

Our  model  is  based  on  the  conduction  band  structure  determined  recently  by  first-principle 
calculations.  [8,9]  We  assume  that  there  are  six  semiellipsoidal  and  parabolic  constant 
energy  surfaces  centered  exactly  at  M-points  in  the  first  Brillouin  zone  for  both  4H-  and  6H- 
SiC.  Our  strategy  for  obtaining  the  Hall  mobility  consists  of  the  following  steps.  First,  we 
derive  an  expression  of  the  conductivity  tensor  including  the  magnetic  field  for  one  ellipsoid 
from  the  Boltzmann  transport  equation,  using  relaxation  time  approximation  and  Maxwellian 
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approximation.  Then,  we  place  three  ellipsoids  in  proper  positions  in  the  reciprocal  space. 
Finally,  we  obtain  the  total  conductivity  tensor  by  adding  the  contribution  from  each  of  the 
three  ellipsoids.  This  procedure  leads  to  analytical  expressions  for  the  drift  and  Hall  mobility 
as  a  function  of  the  average  electron  relaxation  time  and  the  effective  masses.  Table  1  lists 
the  effective  masses  employed  for  4H-  and  6H-SiC. 

In  order  to  calculate  the  momentum  relaxation  time,  we  have  considered  five  scattering 
mechanisms:  ionized  impurity  scattering,  acoustic  phonon  deformation  potential  scattering, 
polar  optical  phonon  scattering,  zero-order  inter-valley  phonon  deformation  potential 
scattering,  and  first-order  inter-valley  phonon  deformation  potential  scattering.  Brooks- 
Herrings  theory  is  used  for  ionized  impurity  scattering.  Table  2  lists  parameters  we  employed 
in  this  work. 


Table  1.  Effective  masses. 


4H-SiC[m0J 

6H-SiC[mo] 

mM_r 

0.57 

0.75 

mM-K 

0.28 

0.24 

IUm-L 

0.31 

1.83 

Table  2.  Parameters  used  to  calculate  relaxation  time. 


4H-SiC 

6H-SiC 

Static  relative  permittivity 

9.7 

9.7 

Optical  relative  permittivity 

6.5 

6.5 

Density  [g/cm3] 

3.166 

3.166 

Sound  velocity  [104  m/s] 

1.37 

1.37 

Acoustic  deformation  potential  [eV] 

10.9 

10.8 

Inter-valley  coupling: 

Zero-order  [109  eV/cm] 

2.2 

2.0 

First-order  [eV] 

5 

5 

Inter-valley  phonon  energy 
Zero-order  [meV] 

85.4 

85.4 

First-order  [meV] 

33.2 

33.2 

Polar  optical  phonon  energy  [meV] 

120 

120 

Results  and  Discussion 

Fig.2  (a)  and  (b)  show  the  comparison  of  our  Hall  mobility  calculations  with  the  Hall  effect 
measurements  in  the  configuration  [jlc,  B//c]  for  4H-  and  6H-SiC,  respectively.  The  4H-SiC 
sample  is  an  epitaxially  grown  thin  film  having  ND=7.0xl015cm"3  and  NA=1.3xl015cm"3  [10] 
and  the  6H-SiC  sample  is  an  epitaxially  grown  thin  film  having  ND=1.05xl016cm'3  and 
NA=1.0xl014cm'3.  [11]  Nd  and  NA  are  concentrations  of  donors  and  acceptors,  respectively. 
The  calculation  for  both  4H-SiC  and  6H-SiC  agrees  very  well  with  the  experiment.  [Fig.2 
(a),  (b)]  In  our  calculation,  the  most  dominant  scattering  mechanism  for  both  4H-  and  6H- 
SiC  changes  from  inter-valley  scattering  to  acoustic  phonon  scattering  at  the  temperature 
between  200K  and  300K.  The  change  of  slope  at  this  temperature  can  be  seen  in  the 
experimental  data. 

Fig.3  shows  the  electron  Hall  mobility  as  a  function  of  the  net-doping  concentration  and 
the  compensation  ratio  at  77K  and  300K.  As  shown  in  Fig.3,  the  electron  Hall  mobility 
depends  strongly  on  the  compensation  ratio.  At  T=77K,  the  difference  between  the  curves, 
compensation  ratio  =  0  and  0.1,  is  large  for  both  4H-  and  6H-SiC  [Fig.3  (a),  (c)]  because 
ionized  impurities  scattering  by  compensating  donors  and  compensated  acceptors  dominates 
the  total  mobility.  In  Fig.3  (b)  and  (d),  the  electron  Hall  mobilities  of  different  compensation 
ratios  converge  to  a  constant  value  when  the  net-doping  concentration  becomes  smaller  than 
10 14  cm"3  because  the  contribution  of  the  ionized  impurity  scattering  to  the  total  mobility 
becomes  negligibly  small. 

Conclusion 

We  have  performed  the  theoretical  calculation  of  the  electron  Hall  mobility  in  both  4H-  and 
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Fig.2.  Direct  comparison  of  our  Hall  mobility  calculations  (solid  curve)  with  the  Hall  effect 
measurements  (filled  circles)  in  the  configuration  [jlc,  B//c]  for  (a)  4H-SiC  and  (b)  6H-SiC.  The 
contribution  of  various  scattering  mechanisms  to  the  total  electron  Hall  mobility  is  also  shown. 
Experimental  date  of  4H-SiC  and  6H-SiC  are  taken  from  Ref.  10  and  Ref.  11,  respectively. 


Net  Doping  Concentration  Nq-Na  [cmJj 


Fig.3.  Electron  Hall  mobility  in  the  configuration  [jlc,  B//c]  as  a  function  of  the  net-doping 
concentration  and  compensation  ratio  for  (a)  4H-SiC  at  T=77K,  (b)  4H-SiC  at  T=300K,  (c)  6H-SiC  at 
T=77K,  and  (d)  6H-SiC  atT=300K. 
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6H-SiC  in  a  wide  range  of  temperature,  net-doping  concentration,  and  compensation  ratio. 
The  contribution  of  various  scattering  mechanisms  to  the  total  electron  Hall  mobility  has 
been  found  for  both  4H-  and  6H-SiC. 
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Abstract  Reliable  values  of  the  Hall  scattering  factor  of  4H  SiC  are  obtained  by  measurements  on 
four  n-type  4H  SiC  homoepitaxial  films  over  the  temperature  range  40-290  K  using  magnetic  fields 
1  up  to  30  T.  Good  fits  are  obtained  to  the  measured  temperature  dependent  Hall  mobility  using  a 
simulation  that  includes  the  inelastic  process  of  polar  optical  phonon  scattering  without  recourse  to 
the  relaxation  time  approximation.  Two  deformation  potentials  are  the  adjustable  parameters.  The 
model  is  tested  by  comparing  calculated  results,  with  no  further  adjustments  of  the  parameters,  with 
the  measured  temperature  dependence  of  the  Hall  scattering  factor. 

Introduction 

The  accurate,  determination  of  the  charge  transport  properties  of  4H  SiC  is  a  necessary  step 
in  the  development  of  the  knowledge  base  required  for  the  design  and  fabrication  of  electronic 
devices.  Several  groups  have  measured  [1-3]  and  modeled  [3-8]  electron  transport  properties  in 
hexagonal  SiC  polytypes,  mostly  based  on  measurements  using  moderately  to  highly  doped  SiC 
boule  samples  grown  by  the  Lely  or  the  modified  Lely  methods.  The  Hall  scattering  factor  rH,  where 
rh  =  rH/(en),  influences  the  donor  activation  energies  extracted  from  temperature  dependent  Hall 
measurements.  We  [9,10]  previously  measured  the  Hall  scattering  factor  of  4H  and  6H  SiC  using 
magnetic  fields  up  to  9  T,  which  proved  to  be  inadequate  to  determine  rH  accurately  at  temperatures 
above  approximately  200  K.  Here  we  present  new  measurements  of  the  Hall  scattering  factor  using 
magnetic  fields  up  to  30  T  using  high  mobility  homoepitaxial  layers  of  4H  SiC.  Very  good  fits  to  the 
measured  Hall  mobility  are  obtained  using  a  model  based  on  the  Rode  iteration  method  [11,12], 
which  is  not  based  on  the  relaxation  time  approximation,  for  solving  the  Boltzmann  equation  for  the 
chosen  set  of  electron  scattering  mechanisms,  which  includes  polar  optical  phonon  scattering. 
Comparison  of  the  simulation  of  rH  with  the  independently  measured  data  allows  one  to  test  the 
model. 

Experiment 

The  four  samples  (A,  B,  C  and  D)  used  in  this  study  are  lightly  nitrogen  doped  3-8  pm  thick 
homoepitaxial  layers  grown  on  p-type  substrates  oriented  8°  off  the  crystal  c-axis.  For  the  samples 
fabricated  at  Northrop  Grumman,  Ti/Ni  electrical  contacts  are  deposited,  and  clover  leaf  patterns  are 
defined  using  reactive  ion  etching.  The  samples  fabricated  at  DaimlerChrysler  have  annealed  Ti 
contacts. 

Low  field  (B  =  0.741  Tesla)  temperature  dependent  Hall  measurements  are  performed  from 
90  K  to  410  K  using  a  cold  finger  cryostat  suspended  in  an  iron  core  electromagnet.  A  cryostat  with 
a  9  T  superconducting  solenoid  is  used  to  measure  the  Hall  coefficient  at  magnetic  fields  ranging 
from  0. 1  to  9  T  at  six  temperatures  ranging  from  about  40  K  to  290  K.  The  temperature  is  measured 
using  a  Cemox®  thermometer,  which  has  a  very  low  sensitivity  to  magnetic  fields.  Care  is  taken  to 
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maintain  temperature  stability  to  within  ±50 
mK  to  keep  the  concentration  of  free 
electrons  constant.  Additional  experiments  in 
magnetic  fields  from  0. 1  T  to  30  T  are 
performed  using  a  Bitter  magnet  at  the 
National  High  Magnetic  Field  Laboratory 
(NHMFL)  in  Tallahassee,  Florida.  All 
measurements  are  performed  with  the 
magnetic  field  oriented  parallel  to  the  crystal 
c-axis. 

Simulations 

The  temperature  dependent  electron 
mobility  and  Hall  scattering  factor  are 
calculated  numerically  using  a  solution  of  the 
Boltzmann  transport  equation  obtained  using 
the  Rode  iteration  method  [11,12].  The 
effects  of  anisotropy  of  the  electronic  and 
vibrational  properties  of  4H  SiC  on  the 
scattering  processes  are  neglected  in  this 
solution.  We  partly  account  for  the 
consequences  of  the  anisotropy  of  the 
electron  effective  mass  tensor  by  multiplying 
the  calculated  Hall  scattering  factor  by  a  mass 
factor,  based  on  an  argument  of  Brooks  [13]. 
The  mass  factor  can  be  calculated  using  the 
method  of  Herring  and  Vogt  [14].  Kinoshita 
et  al.  [4]  recently  published  results  that  reduce 
to  the  correct  expressions  for  the  mass  factors  of  4H  SiC  applicable  to  the  various  Hall  geometries. 
The  density  of  states  effective  mass  m*  =  (m1m2m3)1/3,  where  the  vc\  (i  =  1,  2,  3)  are  the  elements  of 
the  diagonal  effective  mass  tensor  [15],  is  used  as  the  isotropic  electron  mass  parameter  in  the 
numerical  evaluations.  The  elements  of  the  effective  mass  tensor  also  appear  in  the  evaluation  of  the 
mobility.  The  temperature  dependence  of  the  electron  mobility  is  modeled  by  choosing  scattering 
mechanisms  likely  to  be  of  importance:  elastic  deformation  potential  acoustic  intravalley  scattering 
[16],  intervalley  scattering  [11],  ionized  impurity  scattering  (Brooks-Herring  formula  [13]),  and 
inelastic  polar  optical  phonon  (POP)  scattering  [11].  Under  the  conditions  discussed  by  Herring  and 
Vogt  [14],  the  first  three  scattering  mechanisms  are  consistent  with  the  relaxation  time 
approximation.  However,  the  relaxation  time  approximation  does  not  apply  to  POP  scattering.  Two 
parameters,  the  intravalley  acoustic  deformation  potential  Ej  and  the  intervalley  deformation 
potential  De,  are  adjusted  to  fit  measured  temperature  dependent  mobility  data.  For  intervalley 
scattering  a  single  phonon  energy,  /koLA  =  76.6  meV,  is  used.  For  POP  scattering,  we  use  7zg>po  =  120 
meV.  We  stress  again  that  the  formulae  used  to  describe  the  scattering  processes  were  derived  for 
isotropic  parabolic  bands  under  nondegenerate  (Maxwell-Boltzmann)  conditions.  Further  details 
concerning  the  calculations,  including  all  parameter  values,  will  be  provided  in  a  separate  publication. 

Results  and  Discussion 

Fig.  1  shows  the  best  fit  of  the  model  to  the  measured  temperature  dependence  of  the  low 
field  Hall  mobility  for  Sample  B.  Based  on  a  fit  of  the  neutrality  equation  to  the  measured 
temperature  dependence  of  the  conduction  electron  concentration  obtained  from  Hall  data  under  the 
assumption  rH  =  1,  this  4H  SiC  homoepitaxial  film  has  nitrogen  donor  concentrations  Nm  =  Nm  = 


Fig.  1  Measured  (symbols)  and  calculated  (solid  line) 
Hall  mobility  for  Sample  B,  an  n-type  homoepitaxial 
4H  SiC  layer  grown  on  a  p-type  substrate.  Also 
shown  are  the  contributions  of  the  various  scattering 
mechanisms  included  in  the  calculation.  The  curve 
marked  includes  all  the  mechanisms  but 

ionized  impurity  scattering. 
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Fig.  2  Magnetic  field  dependence  of  the  Hall 
scattering  factor  of  an  n-type  4H  SiC  homoepitaxial 
layer  grown  on  a  p-type  substrate,  measured  at  three 
temperatures.  The  “Theoretical  Inflection  Point”  is 
discussed  in  the  text. 


8.2x1 015  cm'3  and  a  compensating  acceptor 
concentration  NA  -  6.4xl014  cm'3.  The 
contributions  of  the  various  scattering 
mechanisms  are  shown  individually,  as  well  as 
the  contribution  of  “lattice  scattering,” 
neglecting  ionized  impurity  scattering.  As 
might  be  expected,  ionized  impurity 
scattering  dominates  at  low  temperatures, 
while  lattice  scattering  takes  over  with 
increasing  temperature.  The  values  of  the 
deformation  potentials  obtained  from  this  fit 
are =  13.3  eV  and  Dc  =  1.46xlOn  eV/m. 
Over  the  set  of  four  samples,  the  nitrogen 
donor  concentration  ranges  from  3.3 xlO15  to 
4.3xl016  cm'3,  the  concentration  of 
compensating  acceptors  from  1.6xl014  to 
7.1xl015  cm'3,  from  11.6  to  13.3  eV,  and 
Dcfrom  1.22xlOn  to  1.54xlOn  eV/m. 

Fig.  2  shows  the  measured  Hall 
scattering  factor  versus  magnetic  field  at 
three  selected  temperatures  for  Sample  A. 
Note  the  high  field  saturation  at  298  K. 

There  are  theoretical  arguments  [17,18]  that 
rH  tends  to  unity  for  large  magnetic  fields. 
Below  room  temperature,  strong  field 
induced  electron  freezeout  occurs  at  high 
fields.  Sample  A  is  a  4H  SiC  homoepitaxial 
layer  with  nitrogen  donor  concentrations  ND1 
=  1.9xl015  cm"3  andND2=  1.4xl015  cm'3  for 
the  hexagonal  and  quasicubic  sites, 
respectively,  and  NA  =  1.6x1 014  cm'3  for  the 
concentration  of  compensating  acceptors,  all 
determined  by  fitting  the  neutrality  equation 
to  Hall  data.  An  inflection  point  is  expected 
at  the  field  for  which  nH(B)B  =  1.  This 
“Theoretical  Inflection  Point”  [9,10]  is 
estimated  using  the  best  estimate  of  RH(°°), 
the  high  field  limit  of  the  Hall  constant,  and 
the  measured  dc  resistivity.  The  “Theoretical 
Inflection  Points”  match  the  inflection  points 
in  the  data  quite  well. 

Fig.  3  shows  the  temperature 

Fig.  3  Measured  (symbols)  and  calculated 
(lines)  temperature  dependence  of  the  Hall 
scattering  factor  for  two  n-type  4H  SiC 
homoepitaxial  layers,  grown  on  p-type 
substrates. 
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dependence  of  the  low  field  Hall  scattering  factor.  The  symbols  indicate  data  points  for  Samples  A 
and  D.  rH  is  above  unity  below  ~60  K  and  decreases  with  increasing  temperature.  Above  60-80  K, 
the  measured  rH  is  less  than  unity  and  shows  relatively  little  temperature  dependence,  although  there 
is  a  slow  increase  as  room  temperature  is  approached.  The  lines  are  calculated  using  the  simulation 
with  the  two  deformation  parameters  set  to  the  values  obtained  by  fitting  the  Hall  mobility  data  for 
each  of  the  two  samples.  The  calculated  curves  considerably  exceed  the  data  points  for  temperatures 
above  200  K.  According  to  the  model,  lattice  scattering  dominates  in  this  temperature  range. 

Reliable  values  of  the  Hall  scattering  factor,  obtained  using  magnetic  fields  up  to  30  T,  can  be 
applied  to  adjust  the  values  of  the  electron  concentration  versus  temperature  obtained  from  low  field 
Hall  measurements.  Fitting  the  neutrality  equation  to  such  corrected  Hall  data  does  not  produce  a 
sufficiently  large  change  in  the  derived  donor  ionization  energies  to  account  for  differences  between 
values  obtained  by  electrical  and  optical  methods. 

Conclusion 

Reliable  values  of  the  low  field  Hall  scattering  factor  are  obtained  by  performing  high  field 
measurements  up  to  30  T,  which  is  sufficiently  large  to  observe  saturation,  over  the  temperature 
range  40-290  K.  The  measured  temperature  dependence  of  the  Hall  mobility  can  be  successfully 
modeled  using  the  Rode  iteration  method  with  broad  simplifying  assumptions  concerning  the 
scattering  mechanisms  plus  a  mass  factor  to  account  for  the  anisotropy  of  the  effective  mass  tensor. 
We  stress  that  this  success  does  not  demonstrate  conclusively  the  contributions  of  the  various 
scattering  mechanisms.  Comparison  between  the  calculated  and  measured  temperature  dependence 
of  the  Hall  scattering  factor  provides  a  test  of  the  model.  A  quantitative  understanding  of  the 
electron  scattering  mechanisms  in  SiC  polytypes  remains  a  lofty  goal  for  future  work. 
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Abstract:  Electron  mobility  and  free  carrier  density  have  been  measured  in  6H-SiC  MOS  inversion 
layers  using  the  Hall  effect  to  study  unexpectedly  low  transconductance  in  SiC  MOSFETs.  We  find 
that  the  Hall  mobility  can  be  much  larger  than  the  effective  mobility  extracted  from  transconduc¬ 
tance  data.  In  addition,  the  actual  free  electron  density  is  found  to  be  smaller  than  predicted  by  the 
charge-sheet  model,  which  is  caused  by  substantial  electron  trapping  at  the  SiC/Si02  interface. 

Introduction:  SiC  MOSFETs  with  high  current  drive  are  needed  for  high  power  devices.  SiC  has  a 
major  potential  advantage  for  MOS  devices  because  an  Si02  gate  insulator  can  be  grown  by  thermal 
oxidation  of  SiC.  The  MOS  gate  insulator  must  have  a  high  quality  SiC/Si02  interface  with  a  high 
electron  inversion  layer  mobility  (|!e)  and  a  low  interface  trap  density  (Djt).  There  has  been  signifi¬ 
cant  recent  progress  in  producing  SiC  MOS  capacitors  with  low  Dit  [1].  However,  reported  inver¬ 
sion  layer  mobilities  for  SiC  MOSFETs  are  typically  much  less  than  half  of  the  bulk  mobility,  a  ra¬ 
tio  which  is  normally  achieved  in  silicon  MOS  devices  [2-4]. 

To  investigate  the  possible  causes  of  this  low  mobility,  electron  mobility  pe  and  free  carrier  density 
ns  have  been  measured  in  SiC  MOS  inversion  layers  using  the  Hall  effect.  Previous  experiments  use 
analysis  of  MOSFET  transconductance  (i.e.,  drain  current  Ids  vs.  gate  voltage  Vg  data)  to  determine 
“drift”  mobility.  In  that  approach  ,  values  for  ns  are  assumed  based  on  the  charge-sheet  model  [5], 
In  this  work,  pe  and  ns  are  measured  independently  using  the  Hall  effect.  Results  here  demonstrate 
that  actual  ns  values  can  be  smaller  than  predicted  by  the  charge-sheet  model.  Consequently,  the 
calculated  drift  mobility  underestimates  the  actual  (Hall)  inversion  layer  mobility. 

MOS  devices:  N-channel,  poly-silicon  gate 
MOSFETs  were  fabricated  on  6H-SiC  wafers 
using  a  non-self-aligned  process.  The  starting 
Si-face  wafers  (from  CREE  Research)  have  a  10 
pm  thick,  lightly  doped  (~3xl015  /cm3)  p-type 
epi  over  a  heavily  doped  P+  substrate.  After  a 
standard  RCA  clean,  a  32  nm  wet  gate  oxide 
was  grown  at  1100°C  for  3  hours,  followed  by  a 
wet  re-oxidation  at  950°C  for  2.5  hours  to  obtain 
a  low  mid-gap  D*  (~l-3xl0u  traps/cm2-eV)  [1]. 

A  thick  (-900  nm)  Si02  layer  is  used  for  field 
isolation.  Other  details  of  the  fabrication  proc¬ 
ess  are  described  elsewhere  [6].  A  typical  MOS- 


a  typical  large  area  (W/L-l)  6H-SiC  MOSFET. 
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FET  drain  current  characteristic  is  shown  in  Fig.  1.  The  MOSFET  threshold  voltage  V*  is  low 
0+0.5  to  +1.5V),  junction  leakage  is  negligible  (<10  pA),  and  the  subthreshold  slope  is  reasonably 
steep  (100-150  mV/dec).  Hall  measurements  were  made  on  multiple  wafers  from  three  SiC  MOS 
process  lots.  Hall  parameters  were  measured  as  a  function  of  Vg  and  temperature  using  MOS  Hall 
bars.  (Bar  geometry  is  20  \xm  x  162  pm  with  2  voltage  taps  per  side.)  Values  of  the  Hall  mobility 
were  extracted  assuming  a  Hall  scattering  factor  of  1.00  (supported  by  recent  data  [7]). 


Mobility  and  free  carrier  density:  Experimental 
mobility  and  free  electron  density  data  are  shown  in 
Fig.  2  as  a  function  of  Vg  at  296K.  To  facilitate  the 
mobility  comparison,  the  “field  effect”  mobility 
(the  incremental  mobility  associated  with  the 
change  in  electron  density  at.  each  gate  voltage)  is 
shown  for  both  Hall  and  drift  data.  The  most  strik¬ 
ing  feature  of  these  data  is  that,  for  gate  voltages 
just  above  threshold,  the  Hall  mobility  is  substan¬ 
tially  higher  than  the  drift  mobility.  The  maximum 
Hall  mobility  is  -100  cm2/V-s,  which  is  -50% 
higher  than  the  drift  mobility  for  this  particular 
sample.  These  results  are  representative  of  the  best 
samples  from  several  wafers.  Although  we  have 
observed  significant  sample-to-sample  variation  in 
these  values,  the  maximum  Hall  mobility  was  al¬ 
ways  considerably  higher  than  the  drift  mobility. 

The  lower  section  in  Fig.  2  shows  the  measured 
change  in  free  electron  density  ns  (per  volt  change 
in  Vg)  vs.  the  change  predicted  by  the  charge-sheet 
model  [5].  These  results  show  that  at  low  Vg  (i.e., 
just  above  threshold),  the  actual  ns  is  much  smaller 
than  predicted.  Because  the  charge-sheet  model  is 
derived  from  electrostatics,  the  model  correctly  pre¬ 
dicts  the  total  number  of  electrons  induced  in  the 
inversion  layer.  The  difference  between  experiment 
and  prediction  is  caused  by  electron  trapping  at  the 
interface;  i.e.,  many  of  the  induced  electrons  are  not 


Vgate  (V) 

Figure  2.  (upper)  Comparison  of  field  effect 
Hall  and  “drift”  mobilities  for  a  6H-SiC  MOS  in¬ 
version  layer  vs.  gate  voltage,  (lower)  Change  in 
Hall  free  electron  density  compared  to  predicted 
value  from  charge-sheet  model. 


free  to  contribute  to  the  source-to-drain  current.  As  Vg  increases.  Hall  and  drift  mobilities  gradually 
come  into  agreement,  as  does  the  experimental  ns  with  the  charge-sheet  model.  This  occurs  be¬ 
cause,  in  very  strong  inversion,  the  change  in  SiC  surface  potential  with  Vg  becomes  small,  and  so 
electron  trapping  tends  to  saturate. 


Trap  density:  An  estimate  of  the  interface  trap  density  Dit  close  to  the  conduction  band  edge  Ec  can 
be  derived  from  the  data  in  Fig.  2.  The  integral  from  Vg=Vth  to  +15V  of  the  difference  between  the 
measured  ns  and  the  predicted  value  gives  the  total  number  of  trapped  electrons.  This  equals 
1.56x10  e/cm  .  We  calculate  that  this  change  in  Vg  corresponds  to  a  change  in  surface  potential 
from  -0^23  to  +0.06  eV  with  respect  to  Ec.  Thus  the  average  Dit  in  this  range  is  -5.4xl012 
traps/cm  -eV.  This  result  is  in  good  agreement  with  Dit  values  near  Ec  measured  in  the  mid-1012 
range  obtained  using  “low-frequency”  C-V  on  a  different  chip  from  the  same  wafer  [8]. 
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Temperature  dependence:  The  dependence  of 
the  free  carrier  density  ns  on  temperature  and 
gate  voltage  above  threshold  is  shown  in  Fig.  3. 
The  predicted  ns  from  the  charge-sheet  model  is 
shown  by  the  dashed  line.  At  low  temperatures, 
ns  deviates  most  strongly  from  the  model.  At  the 
highest  temperature  (473K),  good  agreement  is 
obtained.  This  behavior  can  be  understood  from 
the  fact  that  Dit  has  been  shown  to  increase  rap¬ 
idly  approaching  Ec  [8,9].  At  low  temperatures, 
inversion  begins  closer  to  Ec  where  D*  is  high, 
causing  a  high  level  of  electron  trapping.  Con¬ 
sequently,  ns  is  much  lower  than  predicted  by 
the  model  (which  does  not  take  trapping  into  ac¬ 
count).  On  the  other  hand,  at  high  temperatures, 
inversion  begins  closer  to  mid-gap  where  Dit  is 


(Vg-Vth)  (V) 


Figure  3.  Dependence  of  free  electron  density 
(Hall  data)  on  temperature  and  gate  voltage  above 
threshold. 


lower.  Thus,  electron  trapping  is  reduced,  and  ns  is  in  better  agreement  with  the  model. 


The  inversion  layer  mobility  is  also  found  to 
depend  strongly  on  temperature.  In  Fig.  4,  the 
maximum  Hall  mobility  pe  (obtained  at  Vg= 
~Vth)  is  shown  as  a  function  of  temperature  for 
two  samples:  a  “typical”  sample  (similar  to  the 
samples  in  Figs.  2-3),  and  a  “high  Dit”  sample 
from  a  damaged  wafer.  For  the  “typical”  sam¬ 
ple  at  -320K  and  above,  pe  decreases  ap¬ 
proximately  with  T'2  (dashed  line),  which 
would  be  expected  for  lattice  scattering.  (The 
temperature  dependence  of  the  Hall  mobility 
for  an  n-type  epitaxial  layer  is  ~T'2'3  [10].)  At 
low  temperatures,  |ie  appears  to  saturate  at 
-110  cm/V-s.  The  most  likely  cause  of  this 
saturation  is  increased  scattering  from  trapped 
electrons,  since  more  electrons  are  trapped  at 
low  temperatures.  This  interpretation  is  quali¬ 
tatively  supported  by  the  results  from  the  “high 
Dit”  sample,  where  the  saturation  value  for  the 
from  a  higher  density  of  trapped  electrons. 


0 - 1 - 1 - ‘ ‘ - ' 

200  300  400  500 


Temperature  (K) 

Figure  4.  Temperature  dependence  of  the  Hall  mo¬ 
bility  for  low  and  high  Dlt  samples.  Mobility  values 
shown  are  the  maximum  values  obtained  just  above 
threshold. 

Hall  mobility  is  lower  due  to  increased  scattering 


Electric  field  dependence:  In  Fig.  5,  the  effective  Hall  electron  mobility  at  295K  of  a  typical  6H- 
SiC  MOS  sample  is  shown  as  a  function  of  effective  (average)  electric  field  in  the  inversion  layer. 
This  is  displayed  as  a  ratio  to  the  bulk  mobility  (using  320  cm2/V-s  [10]).  For  comparison,  similar 
data  from  the  literature  is  shown  for  silicon  MOS  devices  [11,12].  The  SiC  data  start  at  higher 
fields  compared  to  the  silicon  data  because  the  field  at  threshold  is  higher  due  to  the  wider  bandgap 
of  6H-SiC  (3.0  vs.  1.1  eV,  respectively).  For  comparison,  similar  6H-SiC  MOSFET  drift  mobility 
data  from  the  literature  are  also  shown  in  Fig.  5  [1,3].  Results  here  show  that  the  SiC  mobility  ratio 
approaches  the  ratio  obtained  in  silicon  at  high  fields ,  but  the  mobility  is  lower  than  expected  (or 
hoped  for)  at  lower  fields. 
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In  all  MOS  samples  in  Fig.  5,  the  mobility  de¬ 
clines  with  increasing  normal  field  due  to  sur¬ 
face  (roughness)  scattering.  However,  the  SiC 
mobility  appears  less  dependent  on  the  field 
compared  to  silicon.  The  cause  of  this  reduced 
field  dependence  in  SiC  is  not  clearly  under¬ 
stood.  However,  this  behavior  does  suggest 
that  surface  roughness  scattering  is  not  domi¬ 
nant  even  at  high  fields  in  the  SiC  samples, 
which  would  cause  a  stronger  dependence  of 
mobility  on  field  strength  [11].  Therefore,  re¬ 
sults  in  Figures  3  and  5  suggest  that  a  higher 
mobility  may  be  achieved  in  SiC  if  a  lower  in¬ 
terface  trap  density  can  be  achieved. 

Summary:  In  this  paper,  we  report  the  first  (to  fective  nonmft  electric  fidd  m  the'mvereion  layer, 

our  knowledge)  measurements  of  Hall  mobility  Results  here  are  compared  with  previous  6H-SiC 

and  free  carrier  density  in  6H-SiC  MOS  inver-  and  silicon  data  (for  drift  mobility), 
sion  layers.  The  Hall  mobility  is  typically  found 

to  be  considerably  larger  than  the  mobility  derived  from  the  MOSFET  transconductance.  This  oc¬ 
curs  because  the  free  carrier  density  in  the  inversion  layer  is  lower  than  predicted  by  the  charge- 
sheet  model.  This  effect  is  almost  certainly  caused  by  trapping  of  inversion  electrons  at  high  densi¬ 
ties  of  interface  traps  near  the  conduction  band  edge  Ec.  Electron  trapping  is  found  to  increase  at 
lower  temperatures  and  decrease  at  higher  temperatures.  Both  the  high  level  of  electron  trapping, 
and  its  temperature  dependence,  are  consistent  with  recent  reports  that  Dit  in  SiC  MOS  devices  in¬ 
creases  rapidly  as  Ec  is  approached  [7-9],  These  results  show  that  Hall  experiments  are  clearly  an 
invaluable  tool  to  understand  the  behavior  of  inversion  layers  in  SiC  MOSFETs. 
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Abstract 

Spreading  resistance  (SR)  measurements  on  A1  implanted  6H-SiC  samples  have  been  carried  out 
after  different  surface  treatments.  Methods  like  polishing  with  diamond  emulsion,  annealing  steps 
and  ion  sputtering  of  the  surface  have  been  used.  After  surface  sputtering  with  2  keV  Ar+  ions  the 
measured  resistance  was  reduced  more  than  one  order  of  magnitude  compared  to  measurements 
after  beveling.  The  measured  profiles  are  discussed  in  correlation  to  SIMS  profiles. 


1.  Introduction 

Since  the  end  of  the  1960’s  spreading  resistance  measurements  have  become  a  routinely  used 
technique  for  determining  charge  carrier  profiles  in  silicon.  For  wide  band  gap  semiconductors 
however  the  application  of  this  method  is  difficult  because  of  the  high  contact  barrier  at  the 
interface  between  the  probe  tips  and  the  semiconductor  surface.  The  measured  resistance  is  strongly 
dominated  by  the  contact  resistance. 

A  strong  dependence  of  the  spreading  resistance  (SR)  values  on  the  material  and  its  grain  size  used 
for  beveling  and  polishing  was  reported  for  the  wide  band  gap  semiconductor  GaAs  [1].  For  laser 
annealed  6H-SiC  [2]  and  for  3C-SiC  [3]  SR  measurements  have  been  reported.  The  used  measuring 
voltages  were  relatively  high  (1  to  5  V)  compared  to  usual  measurements  on  Si  (10  mV).  Ahmed  et 
al.  [2]  found  an  electric  activation  of  more  than  100%  which  points  to  problems  in  the  interpretation 
of  the  measurement. 

If  a  SR  system  designed  for  measurements  on  silicon  with  a  fixed  voltage  is  used,  two  different 
approaches  are  possible  in  order  to  lower  the  contact  barrier.  First,  the  material  of  the  tips  could  be 
changed  with  respect  to  its  work  function.  However,  this  choice  is  limited  because  of  the  required 
mechanical  properties  of  the  tips  concerning  high  hardness  and  low  brittleness.  The  other  way  is  to 
lower  the  barrier  by  influencing  the  surface  states  of  the  semiconductor  material.  This  is  actually 
more  promising. 

The  present  study  is  devoted  to  the  use  of  several  methods  for  surface  treatment.  The  influence  of 
polishing  with  diamond  emulsion,  further  annealing  of  the  bevel  and  finally  sputter  cleaning  on  the 
SR  measurements  was  investigated. 
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2.  Experimental 

CREE  6H-SiC  (n  -  type,  epi  -  layer,  5  pm  thick)  of  research  grade  quality  has  been  used.  The 
samples  were  produced  by  implantation  at  RT  and  400°C  with  Al+  ions  at  multiple  energies  of  450, 
240,  115  and  50  keV  to  form  a  500  nm  thick  homogeneously  doped  layer.  The  achieved  plateau 
concentrations  were  in  the  range  of  51019to  5-1021  cm'3. 

Various  post  annealing  processes  have  been  performed  to  cover  a  broad  range  of  resistivities 
(0.01  ..  3  £2cm)  with  the  samples.  Furnace  annealing  was  carried  out  at  temperatures  from  1500  to 
1750°C  for  10  min  and  flash  lafnp  annealing  at  2000°C  for  20  ms.  Resistivities  were  obtained  from 
Hall  measurements  [4] . 

The  6H-SiC  -  surface  was  beveled  with  a  diamond  emulsion  on  a  rotating  glass  plate.  Grain  sizes  of 
1.0  pm  and  0.1  pm  were  used.  The  bevel  angle  was  in  the  range  0.1  ..  0.5  °. 

After  beveling  several  of  the  samples  were  thermally  treated  or  sputtered  by  means  of  Ar+  ions. 
Thermal  treatment  was  carried  out  under  vacuum  for  5  min  at  temperatures  of  1300  to  1400°C.  Ion 
sputtering  of  the  bevel  was  performed  using  Ar+  ions  with  an  energy  of  2  keV  at  a  current  density  of 
50  pAcm'2  for  300  s.  During  the  process  the  temperature  of  the  sample  was  about  60  °C  and  the 
sputtering  rate  about  0.03  nm/s. 

For  SR  profiling  a  SENTECH  SR-210  device  was  used.  The  probe  tips  were  made  of  sintered 
tungsten  carbide  with  a  tip  radius  of  5  pm.  The  measuring  voltage  was  kept  constant  at  10  mV 
allowing  to  measure  resistance  values  up  to  1  GQ.  The  highest  spatial  resolution  of  the  apparatus 
was  5  nm  and  the  probe  tip  load  during  the  measurements  0.09  N. 


3.  Results  and  Discussion 

It  was  found  that  polishing  with  diamond  emulsion  of  smaller  grain  size  (0.1  pm)  leads  to  lower 
resistances  than  for  1.0  pm  grains.  This  behavior  is  comparable  to  the  results  which  are  known  for 
p-type  GaAs  with  AI2O3  emulsion  from  Ref.  [1]. 

After  thermal  treatments  following  the  polishing  a  thin  graphite  layer  (about  1  nm  thick)  at  the 
surface  was  detected  by  means  of  AES.  This  layer  caused  a  decrease  of  the  barrier  resistance.  The 
measured  resistance  was  lowered  up  to  a  factor  of  three.  Statistical  variations  however  increased. 
The  influence  of  ion  sputtering  (Ar+,  2  keV)  on  the  bevel  before  the  measuring  procedure  was 
studied.  Compared  to  measurements  after  beveling  SR  measurements  after  sputtering  showed  a 
more  than  one  order  of  magnitude  lower  resistance  (Fig.  1).  The  shape  of  the  preserved  depth 
profile  after  sputtering  remained  comparable  to  that  of  polished  surfaces.  The  statistical  error  of  the 
measured  resistances  dropped  significantly.  For  depth  regions  below  700  nm  measurements  on  the 
beveled  surface  exceed  the  measuring  range  of  1  G£2,  whereas  the  sputtered  samples  give  values  of 
about 108  £1 

In  Fig.  1  also  the  A1  -  distribution  measured  by  SIMS  is  presented.  The  range  of  the  SR  profile 
with  lower  resistances  agrees  with  the  plateau  of  the  SIMS  profile.  Minimum  resistance  values 
occur  at  the  maxima  of  the  SMS  profile. 

Samples  with  resistivities  larger  than  0.2  Qcm  had  not  been  measurable  after  beveling  but  after 
subsequent  sputtering.  The  resistivity  range  in  which  SR  measurements  can  be  carried  out  was 
extended  to  3  £2cm.  Our  investigations  of  SR  depth  profiles  using  this  sputtering  method  show  a 
very  good  reproducibility  at  remarkably  small  variations  of  the  measured  values. 
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Depth  ( nm ) 


Fig.  1: 

Depth  profile  of 
measured  resistance  after 
polishing  and  after  sput¬ 
tering  compared  to  the 
A1  -  concentration  deter¬ 
mined  by  SIMS 
(plateau  A1  concentration 
51020  cm'3). 


In  Fig.  2  SR  profiles  of  samples  with  a  plateau  A1  concentration  of  5  1020  cm'3  are  compared. 
Implantation  and  annealing  conditions  have  been  varied.  Before  the  SR  measurements  a  sputtering 
procedure  of  the  surface  was  carried  out.  The  sample  implanted  at  RT  shows  a  relatively  smooth 
profile  and  no  distinctive  structures  in  contrary  to  those  implanted  at  400°C.  This  can  be  explained 
by  the  amorphization  due  to  implantation  at  RT  and  the  formation  of  a  polycrystalline 
microstructure  during  the  annealing  process.  This  can  lead  on  one  hand  to  an  enhanced  diffusion  of 
the  dopants  and  hence  to  a  smoothening  of  the  profile.  On  the  other  hand  the  presence  of 
semiconducting  SiC  grains  separated  by  highly  conductive  Al-rich  grain  boundaries  can  induce 
different  spreading  conditions  compared  to  monocrystalline  material. 


Fig.  2: 

Depth  profile  of  measured  resistance 
after  sputtering  (for  a  plateau  A1  con¬ 
centration  of  5T020  cm'3  after  different 
annealing  of  the  samples) 


Depth  ( nm ) 

The  influence  of  the  sputtering  damage  was  tested  with  an  ion  beam  which  was  focused  to  a 
diameter  of  about  2.5  mm.  This  size  of  the  ion  beam  leads  to  a  certain  degrees  of  inhomogenity  of 
the  sputtering  damage.  The  bevel  area  was  scanned  by  multiple  SR  depth  profiling.  Using  a  sample 
implanted  with  a  mean  concentration  of  51019  cm'3  after  beveling  the  measured  resistances  were 
found  to  be  above  the  limit  of  1  GH.  Therefore  no  SR  -  profile  could  be  determined.  However,  after 
sputtering  the  influenced  area  showed  reduced  resistances.  In  the  upper  part  of  Fig.  3  a  two 
dimensional  SR  scan  of  the  bevel  is  shown.  The  x  -  coordinate  represents  the  length  of  the  sample, 
the  y  -  coordinate  the  length  of  the  bevel  which  gives  the  information  about  depth.  This  experiment 
gives  the  evidence  that  this  kind  of  surface  treatment  does  only  influence  the  barrier.  If  the 
measuring  effect  would  only  be  caused  by  sputtering,  the  resistances  in  y  -  direction  should  be  of 
the  same  value  over  the  whole  sputter  crater  because  of  the  ratio  between  the  x  and  y  -  scale  which 
is  about  40.  The  results  however  only  show  a  profile  up  to  the  typical  depth  of  about  600  nm. 
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The  diagram  in  Fig.  3  below  the  scan  shows  a  cross  section  through  the  sputtered  region  parallel  to 
the  edge  of  the  bevel.  One  can  see  clearly  the  influenced  region  and  the  dependency  of  the 
sputtering  damage  on  the  edges  of  the  sputtered  area. 


0,0  0,5  1,0  1,5  2,0  2,5  3,0  3,5  4,0 


x  ( mm ) 

Fig.  3:  Spreading  resistance  scan  over  sample  with  a 
sputter  crater  of  about  2  mm  diameter.  Brighter 
colors  are  related  to  lower  resistances.  Areas  around 
the  sputter  crater  showed  no  measurable  effect.  The 
plot  below  the  scan  presents  a  cross-section  of  the 
profile  parallel  to  the  edge  of  the  bevel. 


P  (ficm) 

Fig.  4:  Measured  resistance  after  sputtering 
of  the  surface  vs.  resistivity.  The  p  -  values 
have  been  obtained  by  Hall  measurements. 


A  first  calibration  of  the  measured  resistance  to  the  resistivity  of  the  samples  is  plotted  in  Fig.  4. 
The  used  SR  values  characterize  the  mean  resistance  in  the  homogeneously  doped  layer. 
Resistivities  of  the  doped  layers  have  been  determined  by  Hall  measurements.  The  SR  method 
combined  with  surface  sputtering  can  cover  a  resistivity  range  up  to  3  Q.cm.  The  variation  of  the 
calibration  data  could  have  been  induced  by  the  differences  of  the  samples  preparation  concerning 
implantation  and  annealing  conditions,  which  was  also  visible  in  Fig  2. 

4.  Conclusion 


SR  depth  profiles  of  Al+  implanted  6H-SiC  have  been  obtained  using  a  standard  SR  system  for 
measurements  on  silicon.  After  surface  polishing  with  diamond  emulsion  (0.1  pm)  further  thermal 
treatments  of  the  surface  lead  to  a  decrease  of  the  resistance  of  a  factor  of  three.  Ion  sputtering  of 
the  surface  using  2  keV  Ar+  ions  resulted  in  a  lowering  of  the  measured  resistance  of  more  than  one 
order  of  magnitude.  This  can  be  explained  by  a  lowering  of  the  contact  barrier  due  to  the  generation 
of  surface  states.  Due  to  optimization  of  the  sputtering  process  the  measuring  range  should  be 
extendible.  Further  measurements  with  well  defined  prepared  samples  are  necessary  to  improve  the 
calibration  curve.  To  obtain  charge  carrier  profiles  calibration  data  from  Hall  measurements  have  to 
be  used. 
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Abstract. 

We  present  a  theoretical  model  beyond  the  small-signal  approximation  for  Schottky  junction 
differential  admittance  for  the  general  case  of  an  arbitrary  temperature,  measurement  signal 
frequency  and  amplitude,  and  doping  occupation  number.  Shockley-Read-Hall  statistics,  an 
equilibrium  nondegenerate  free  carrier  distribution,  a  uniform  impurity  concentration,  and  a 
negligible  minority  carrier  concentration  are  assumed.  To  show  the  influence  of  the  carrier  freeze- 
out  effects  we  calculate  the  frequency  dependence  of  a  Schottky  junction  capacitance  for  the  case  of 
N-doped  SiC.  We  compare  results  of  calculations  using  the  new  model  and  models  based  on  the 
truncated  space  charge  approximation  and  small-signal  approximation. 

Background. 

It  has  been  recognized  for  a  while  that  deep  levels  can  significantly  affect  the  ac  admittance 
of  semiconductor  junctions  and  introduce  errors  in  the  doping  profiles  extracted  from  capacitance- 
voltage  data  [  1  ].  The  reason  for  this  is  that  the  interpretation  usually  used  with  the  differential 
admittance  method  relies  on  the  assumption  that  the  doping  impurity  is  fully  ionized  throughout  the 
semiconductor.  The  depletion  region  charge  change  in  response  to  the  applied  ac  measurement 
signal  is  then  due  only  to  the  movement  of  free  carriers  at  the  depletion  region  boundary,  and  the 
concentration  of  free  carriers  in  the  semiconductor  bulk  is  equal  to  the  net  doping  concentration.  If 
the  semiconductor  contains  an  impurity  which  is  in  a  partial  carrier  freeze-out,  not  only  the  above 
assumption  of  the  equality  of  the  free  carrier  concentration  and  the  net  doping  concentration 
becomes  invalid,  but  also  an  additional  error  can  be  introduced  in  the  measured  junction  admittance 
due  to  the  impurity  level  occupation  number  change  because  of  the  level  movement  with  respect  to 
the  Fermi  level  by  the  applied  ac  measurement  signal.  If  the  capture  and  emission  rate  of  the 
impurity  is  low  relative  to  the  measurement  signal  frequency,  its  charging-discharging  lags  the  ac 
signal  and  additional  junction  admittance  contains  a  nonzero  conduction  component.  This  fact  is  the 
basis  of  the  admittance  spectroscopy  technique.  In  SiC  the  common  dopants,  such  as  N,  Al,  and  B, 
have  energy  levels  which  can  be  in  a  partial  freeze-out  even  at  room  temperature,  and  therefore  are 
subject  to  the  investigation  of  their  influence  on  the  junction  capacitance  and  conductance  behavior. 

The  approaches  commonly  used  to  study  the  influence  of  deep  levels  on  the  semiconductor 
junction  admittance  are  usually  based  on  the  truncated  space  charge  approximation  [2,3]  and/or  the 
small-signal  approximation  [4].  The  former  describes  the  situation  adequately  only  if  the  Fermi 
level  intersects  the  impurity  level  somewhere  in  the  depletion  region,  but  becomes  inapplicable  if 
the  Fermi  level  is  below  the  impurity  level  in  the  bulk.  The  latter  can  fail  if  the  measurement  signal 
amplitude  is  larger  than  kBT/q ,  where  kB  is  the  Boltzmann  constant,  T  is  temperature,  and  q  is  the 
electron  charge.  This  may  be  true,  for  example,  for  a  typical  measurement  signal  of  30  mV  rms, 
particularly  for  below  room  temperature  measurements. 
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Model. 

The  purpose  of  this  study  is  to  determine  the  influence  of  carrier  freeze-out  effects  on 
Schottky  junction  differential  admittance  for  the  case  of  an  arbitrary  temperature,  measurement 
signal  frequency  and  amplitude,  doping  occupation  number  distribution,  and  constant  doping 
concentration.  The  differential  admittance  of  a  Schottky  junction  per  unit  area  is  the  ratio  of  ac 
current  density  to  applied  ac  voltage.  Taking  into  account  that  current  is  the  same  at  all  points  of  the 
circuit,  that  impedance  meters  filter  out  all  harmonics  of  the  current  but  the  first  one,  and  using 
Gauss’s  law  we  obtain  the  following  expression  for  the  junction  admittance  per  unit  area  [4] 

dx 


Y  =  -/cod 


(1) 


A=° 


where  0)  is  the  measurement  signal  circular  frequency,  8  is  the  semiconductor  permittivity,  (pi  is  the 
amplitude  of  the  fundamental  of  the  ac  band  potential  with  respect  to  the  bulk  potential,  and  the 
point  x  -  0  corresponds  to  the  semiconductor  surface. 

To  find  the  band  potential  cp(x)  we  need  to  solve  the  Poisson’s  equation  — —  =  ,  where  p 

dx2  e 

is  the  charge  density.  We  assume  a  single  Shockley-Read-Hall  donor  level.  The  relaxation  time  of 
the  free  carrier  distribution  is  very  short  compared  to  the  typical  measurement  frequency  period  [5], 
so  we  can  assume  that  the  free  carriers  are  always  in  thermal  equilibrium  among  themselves.  Then 
for  an  ideal  Schottky  diode  under  a  reverse  or  small  forward  bias  the  continuity  equation  contains 
only  generation-recombination  terms.  For  a  wide-bandgap  semiconductor  we  can  neglect  interaction 
of  the  donor  level  with  the  valence  band.  The  generation-recombination  equation  then  becomes 

?E-  =  en(N-N')-C„nN\  (2) 

where  en  is  the  emission  coefficient,  Cn  is  the  capture  coefficient,  N  is  the  concentration  of  donors, 
N*  is  the  concentration  of  ionized  donors,  and  n  is  the  free  carrier  concentration.  In  a  nondegenerate 

case  n  can  be  written  as  n  =  jVc^~£f)/p  =  nQe~^ ,  where  p  is  the  Fermi  level,  Ec  is  the  conduction 
band  edge  energy,  Nc  is  the  effective  density  of  states  near  the  conduction  band  minimum, 

P  =  kBT  /  q ,  and  n0  is  the  free  carrier  concentration  in  the  bulk. 

We  now  note  that  for  an  arbitrary  periodic  potential  9  the  junction  will  be  in  a  steady  state 
on  average,  and  the  free  carrier  concentration  and  the  donor  occupation  number  will  be  periodic.  All 


/jfcow 


these  quantities  can  be  expressed  in  a  Fourier  series  form:  N+  =  Nq  akeikm  ,  9  =  p  ckek 

k=-°°  Jfc=-«o 

n-n 0  ^bkelk(M  ,  where  N*  is  the  concentration  of  ionized  donors  in  the  bulk.  Substituting  the 


*=- 


Fourier  expansions  in  (2)  and  taking  into  account  that  exponential  terms  of  different  order  are 
linearly  independent,  the  generation-recombination  equation  is  transformed  into  the  system  of  linear 
equations  for  ak 


ak  (iak  +  r1 )+  Cnn0  £  ambk_m  =(U*0, 


m=- « 
m*k 


N 


(3) 


v1  +  C„«o  =  en  77T 


m=-° 
m* 0 


n: 


where  x'1  =  en+Cnnob0.  For  a  small  sinusoidal  measurement  signal  with  amplitude  V^«P  all  ak  and 
bk  with  \k | >1  vanish.  In  the  limit  |  c,  |  -»0,  we  have  |  ax  |  -^0,  |  bx  \  ^0,  and  the  equation  for  a0 
reduces  to 
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en(N-a0N+)-Cnb0n0a0N+  =0. 

Here  botio  is  the  steady  state  free  carrier  concentration,  floM)+  is  the  steady  state  ionized  donor 
concentration,  and  this  equation  expresses  the  fact  that  in  the  above  limit  the  system  must  tend  to 
the  steady  state  with  the  capture  and  emission  processes  equalizing  each  other.  In  the  small-signal 
case  Vm« p  the  solution  for  the  fundamental  of  the  potential  (p  reduces  to  the  solution  given  in  [4]. 

Using  the  Fourier  expansions  for  N*9  n  and  cp  the  Poisson’s  equation  can  be  transformed  into 
the  following  system  of  differential  equations  for  c/ 

=  ~ *  =  0,1,2,...  (4) 

This  is  a  two-point  second  order  boundary-value  problem  for  C/,  which  should  be  solved 
numerically.  The  boundary  conditions  are 

<m = (v5  -  v^/p,  cm = vM/p, 

c,(0)  =  0,  M>1,  (5) 

c/oo)  =  0,/  =  0,1,2,... 

where  Vs  is  the  junction  built-in  potential,  Va  is  the  applied  dc  bias,  and  Vm  is  the  ac  measurement 
signal  amplitude. 

Results  and  discussion. 

We  solve  the  system  of  equations  (4)  together  with  (3)  and  (5)  to  investigate  the  frequency 
dependence  of  SiC  Schottky  junction  differential  capacitance.  The  simulations  were  performed  for 
room  temperature,  zero  applied  bias  and  the  ac  measurement  signal  amplitude  of  42.4  mV  (30  mV 
rms).  In  the  simulations  we  used  the  values  of  activation  energy  EA  of  0.085  eV  and  0.14  eV.  The 
former  approximately  corresponds  to  the  activation  energy  of  nitrogen  donor  at  the  hexagonal  site  in 
6H-SiC  or  at  the  quasicubic  site  in  4H-SiC.  The  latter  corresponds  to  the  N  donor  at  two  quasicubic 
sites  in  6H-SiC  [6].  Because  of  some  uncertainty  in  the  published  values  of  the  electron  capture 
cross-section  a  we  used  the  values  in  the  range  5*10'18-51017  cm2  [7].  The  following  expressions 
were  used  for  the  capture  and  emission  coefficients:  Cn  =  Gvlh ,  en  =  CnNce  E^keT ,  where  v,/,  is  the 

electron  thermal  velocity,  and  Nc  =  4.06- 1015  Tm  cm 3  [6]. 

Fig.  1  (a)  and  (b)  represent  the  calculated  frequency  dependencies.  At  low  frequencies  the 
change  in  depletion  region  charge  is  caused  by  the  free  carrier  sweep-out  and  donor  ionization  at  the 
space-charge  region  boundary.  The  concentration  of  free  charge  removed  from  the  depletion  region 
approximately  equals  the  free  carrier  concentration  in  the  bulk,  and  the  concentration  of  additionally 
ionized  charge  approximately  equals  the  non-ionized  (neutral)  impurity  concentration  in  the  bulk. 
Thus  the  low-frequency  capacitance  corresponds  to  the  capacitance  of  a  fully  ionized 
semiconductor.  At  high  frequencies  the  impurity  occupation  number  changes  little  over  one  ac 
signal  period,  and  thus  the  capacitance  value  principally  carries  information  about  the  free  carrier 
concentration  in  the  semiconductor  bulk. 

Notice  from  the  plots  that  the  capacitance  change  is  larger  at  higher  doping  levels,  which  is 
explained  by  the  greater  degree  of  donor  freeze-out  in  a  more  heavily  doped  material.  An  increase  in 
the  donor  capture  and  emission  rates  at  higher  values  of  the  capture  cross-section  and  higher  doping 
levels  (resulting  in  higher  free  carrier  concentration)  leads  to  the  shift  of  the  region  of  capacitance 
change  to  higher  frequencies.  For  a  more  shallow  level  (Fig.  1  (b))  the  degree  of  carrier  freeze-out  is 
smaller  and  the  free  carrier  concentration  is  larger,  so  the  capacitance  change  is  smaller  and  occurs 
at  higher  frequencies.  In  the  limit  EA-*0  the  commonly  used  extrinsic  semiconductor  conditions  are 
recovered. 
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Fig.  1.  Schottky  junction  capacitance  as  a  function  of  measurement  signal  frequency  normalized  by  the  low 
frequency  value,  (a)  EA  =  0.14  eV  and  (b)  EA  =  0.085  eV.  Dashed  line  is  the  small-signal  capacitance. 

For  comparison  we  have  calculated  the  capacitance  frequency  dependencies  using  the  small- 
signal  approximation  based  model  [4]  (dashed  lines  in  Fig.  1).  Since  the  applied  ac  signal  amplitude 
used  in  the  calculations  was  approximately  equal  to  JcBT/q,  the  value  of  the  fundamental  of  the 
potential  (p  near  the  boundary  of  the  space-charge  region,  where  ionization  of  the  impurity  by  the  ac 
signal  takes  place,  is  small.  Therefore  in  this  case  the  small-signal  approximation  does  not  introduce 
large  error  in  the  calculated  junction  admittance.  The  error  becomes  noticeable  for  larger  (with 
respect  to  kBT/q)  ac  signal  amplitudes. 

Another  comparison  was  made  with  a  simple  truncated  space  charge  approximation  based 
model  [3],  which  is  commonly  used  for  interpretation  of  the  admittance  spectroscopy  data. 
Frequency  dependencies  calculated  using  this  model  exhibit  capacitance  changes  of  several  orders 
of  magnitude  which  occur  at  frequencies  which  differ  somewhat  from  those  predicted  by  more 
accurate  models.  Therefore  using  this  model  for  accurate  interpretation  or  simulation  of  the 
capacitance-frequency  dependencies  will  lead  to  an  error. 

In  conclusion  we  note  that  at  some  values  of  the  semiconductor  parameters  and  at  typical 
measurement  frequencies  even  nitrogen-doped  silicon-carbide  semiconductor  materials  (nitrogen  is 
the  most  shallow  of  the  commonly  used  SiC  dopants)  produce  device  capacitances  from  which 
incorrect  doping  information  may  be  estimated  due  to  carrier  freeze-out  effects.  One  can  expect  that 
for  deeper  dopants,  such  as  aluminum. and  boron  acceptors,  this  error  will  be  even  more 
pronounced. 
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Abstract:  Deep  levels  of  the  group  II  and  III  elements  Zn,  Ga,  Cd,  and  In  are  investigated.  By 
using  radioactive  impurities  as  a  tracer,  the  assignment  between  a  band  gap  state  and  a  certain 
element  is  either  established  or  ruled  out  definitely.  By  means  of  Deep  Level  Transient 
Spectroscopy  on  p-type  SiC,  one  Zn-  and  two  Cd-related  band  gap  states  are  identified.  In  contrast 
to  proposals  based  on  magnetic  resonance  experiments,  there  is  no  deep  level  of  the  group  HI 
elements  Ga  and  In  in  the  lower  part  of  the  band  gap.  In  particular,  these  elements  do  not  contribute 
to  the  formation  of  the  known  D-center. 

Introduction 

For  the  group-III  acceptor  boron,  two  sites  in  SiC  are  well  established  [1]:  a  Si-substitutional 
site  acting  as  an  acceptor  and  being  used  as  p-type  dopant  [2]  as  well  as  a  boron-vacancy  complex 
creating  a  deep  level,  termed  D-center.  For  other  acceptors  of  this  group,  A1  and  Ga,  magnetic 
resonance  experiments  [3]  reveal  many  similarities  to  boron.  Consequently,  a  scenario  similar  to 
boron  has  also  been  proposed  for  A1  and  Ga,  but  for  these  elements  only  the  ordinary  shallow 
acceptor  state  has  been  observed  up  to  now.  Eventually,  the  proposed,  hypothetical  deep  level  of 
these  elements  might  roughly  coincide  with  boron’s  D-center  and  might  thus  be  misinterpreted  as 
B-related  since  B  is  omnipresent  in  SiC. 

To  clarify  the  existence  of  deep  states  of  group-III  elements,  we  performed  radiotracer-DLTS 
(Deep  Level  Transient  Spectroscopy)  experiments  on  group  Bi-acceptors.  Since  there  is  no 
radioactive  isotope  of  A1  with  a  reasonable  half-life  (Ti/2)  available,  we  used  the  nuclear 
transmutations  67Ga  67Zn  (Ti/2  =  3.25  d)[4]  and  lllIn->  mCd  (T1/2  =  2.83  d).  Due  to  the  nuclear 
decay,  the  concentration  of  any  level  correlated  with  one  of  these  elements  will  clearly  be 
identified  [5]  by  a  characteristic  decrease  or  increase  of  concentration  in  the  course  of  subsequent 
measurements,  no  matter  whether  there  is  a  chance  coincidence  with  other  levels  or  not. 

We’d  like  to  remark  that  we  do  not  treat  shallow  levels  here.  The  expected  shallow  acceptor 
levels  of  the  group  BI  elements  are  not  detected  in  the  present  DLTS  experiments  due  to  the 
general  restrictions  of  this  technique.  In  contrast  to  In,  the  shallow  Ga  level  is  already  known  [6]. 

Experiments 

The  experiments  were  done  on  commercial  p-type  epilayers  of  4H  and  6H-SiC  on  p  substrates. 
Doping  with  67Ga  was  done  by  recoil  implantation  [7]  using  the  nuclear  reaction  Zn  (d,n)  Ga. 
This  technique  has  already  been  used  for  radiotracer  DLTS  on  other  elements  in  SiC  [8].  The 
radioactive  isotope  67Ga  is  implanted  with  a  broad  energy  distribution  up  to  0.7  MeV  and  a  rather 
low  fluence  of  3xl010  cm'2.  Inevitably,  there  is  also  a  co-implantation  of  stable  Zn  with  fluence  and 
energy  in  similar  order  of  magnitude.  Because  of  the  low  fluence,  experiments  were  done  on  lightly 
doped  epitaxial  layers  with  a  net  doping  of  3xl015  cm'3.  Though  cut  from  a  nominally  4H  wafer,  all 
samples  turned  out  to  be  of  the  polytype  6H  as  determined  by  Raman  Spectroscopy. 
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Doping  with  U1ln  was  done  by 
standard  ion  implantation  (400  keV)[9]  of 
commercially  available  inIn.  Due  to  the 
much  higher  fluence  («1012  cm'2),  more 
heavily  doped  samples  with  a  p-type 
doping  level  of  2xl017  cm'3  were  used  in 
addition  to  the  doping  level  described 
above.  In  the  case  of  mIn,  all  samples 
were  of  the  polytype  4H. 

The  samples  were  annealed  for  5  min. 
in  argon  at  1900  K  and  subsequently 
oxidized  in  02  at  1600  K  for  1-2  h.  After 
oxide  removal,  Schottky  diodes  were 
prepared  by  evaporation  of  Ti  dots 
(0.5  mm  dia.)  onto  the  epilayer  and  large 
area  Al-contacts  on  the  substrate.  The 
number  of  radioactive  isotopes  remaining 
in  the  sample  during  the  preparation 
process  was  checked  by  y-ray 
spectroscopy.  DLTS  spectra  were  taken 
repeatedly  on  a  time  scale  of  several  days. 

The  time  zero  is  set  to  the  annealing  process.  The  DLTS  system  used  is  described  elsewhere  [8]; 
capacitance  transients  were  digitally  recorded  within  time  windows  of  5  ms,  100  ms,  and  2s.  In  the 
spectra  shown,  the  peak  positions  correspond  to  a  reference  time  constant  of  44  ms. 


Fig.l:  DLTS  spectra  of  p-type  6H-SiC  measured 
subsequently  during  the  transmutation  of  67Ga  to  Zn. 


Transmutation  67Ga  ->  Zn 

The  DLTS  spectra  of  67Ga  doped  samples  (Fig.l)  exhibit  one  peak  labeled  Zn  that  is  increasing 
during  the  elemental  transmutation  as  shown  in  Fig.  1.  This  peak  corresponds  to  a  deep  level  at 
Ezn  =  Ev  +  1.16(2)  eV  (Ey  denotes  the  valence  band  edge)  with  a  capture  cross  section  of 
a=  10'14  cm.  Further  details,  in  particular  the  time  dependence  of  the  peak  height,  as  well  as 
spectra  from  similar  samples  can  be  found  in  Ref.  [4].  The  hole  emission  rate  from  this  Zn  level 
does  not  depend  on  the  electrical  field  strength  [4]. 


Transmutation  mIn  -»  Cd 


During  this  transmutation,  the  DLTS  spectra  exhibit  two  strongly  increasing  peaks  labeled  Cdl 
and  Cd2  as  shown  in  Figs.  2  and  3.  The  sample  shown  in  Fig.  2  has  a  rather  high  mIn 
concentration  compared  to  the  shallow  doping  level.  As  a  consequence,  the  capacitance  of  the 
diode  is  changing  as  well,  i.e.  some  of  the  changes  observed  are  an  indirect  effect.  This  applies  to 
the  relatively  small  signal  changes  at  215  K,  280  K,  and  430  K  (Fig.  2)  that  are  not  correlated  with 
the  nuclear  half  life.  The  peak  at  280  K  corresponds  to  a  deep  level  at  Ev  +0.67  eV;  it  is  present  in 
as-grown  samples  as  well  and  is  interpreted  as  the  known  D-center.  The  peaks  Cdl  and  Cd2  are 
increasing  with  a  time  dependence  expected  for  the  Cd  daughter  element.  The  relative  height  of  the 
two  peaks  strongly  depends  on  DLTS  measuring  parameters  (pulse  bias,  time  window).  This  may 
bei7nde3rstood  b^  the  inhom°geneous  depth  distribution  and  the  high  concentration  (maximum 
10  cm  )  of  the  implanted  radiotracer  isotope.  These  difficulties  prevent  a  quantitative  statement 
about  the  concentration  ratio  of  the  two  Cd  related  levels.  In  the  opposite  case  (Fig.  3)  of  a  sample 
with  higher  initial  p-type  doping  level  and  with  smaller  mIn  concentration  (due  to  out-diffusion 
during  annealing),  the  capacitance  remains  constant  and  is  hardly  temperature  dependent  (not 
shown).  Peak  Cd2  is  superimposed  on  a  negative  DLTS  signal,  whose  origin  is  not  understood. 
From  the  magnitude  of  the  peak  height  changes,  we  derive  a  concentration  ratio  between  Cdl  and 
Cd2  of  1:1  with  an  error  of  30  %.  The  degree  of  electrical  activation,  i.e.  concentration  the  ratio  of 
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Cd-related  gap  states  to  Cd  daughter  atoms,  is  on  the  order  of  unity. 

For  both  types  of  samples,  the  deep  level  parameters  obtained  for  the  Cd-related  levels  are  the 
same:  level  Cdl  Ecdi  =  Ev  +  0.90(3)  eV  o  =  2x10 14  cm2 

level  Cdl  Egb  =  EV+ 1.19(4)  eV  o  =  2xlO'16cmJ 
The  dependence  of  the  emission  time  constant  on  the  electrical  field  strength  was  investigated 
by  variation  of  the  reverse  bias  voltage  Ur  (Fig.  4).  To  keep  the  probed  depth  region  constant  and 
to  avoid  non-exponential  transients  (due  to  the  high  Cd  concentration,  sample  similar  to  the  one 
shown  in  Fig.  2),  we  used  isothermal  Constant-Capacitance  (CC-)DLTS.  By  forming  differences 
between  spectra  taken  with  different  pulse  voltages,  an  identical  depth  interval  is  selected  to  rule 
out  effects  due  to  the  inhomogeneous  depth  distribution.  There  is  a  small  peak  shift  by  less  than  a 
factor  of  2  for  the  Cdl  peak  and  no  effect  for  the  Cd2  peak 


Discussion 

For  both  transmutations  investigated,  band  gap  states  with  a  concentration  increasing  as 
expected  for  the  daughter  element  are  observed.  Since  we  do  not  expect  the  production  of  decay 
induced  defects  because  of  the  low  recoil  energies  of  the  daughter  elements  (6.6  eV  for  Zn, 
0.9  eV  for  niCd)  [10],  this  finding  provides  an  unambigous  chemical  identification  of  these  states 

with  defects  that  either  contain  or  are 
identical  to  one  atom  of  Zn  or  Cd.  Because  of 
the  identical  concentration  of  the  two  Cd 
states,  it  is  suggesting  to  interpret  them  as  two 
charge  states  of  one  configuration.  This 
possibility  well  corresponds  to  the 
expectation  that  a  group  II  element  in  a  group 
IV  semiconductor  should  be  a  double 
acceptor.  In  this  case,  the  center  would  be 
charged  and  the  hole  emission  should  become 
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Fig.2:  DLTS  spectra  (a,b)  and  capacitance  (c)  at  a 
reverse  bias  of  Ur  =  2V  measured  during  the 
transmutation  of  mIn  to  Cd  in  p-type  SiC.  Figs, 
(a)  and  (b)  are  measured  with  zero  and  forward 
pulse  voltages  (Up),  respectively. 


Fig.3:  DLTS  spectra  of  p-type  SiC 
measured  subsequently  during  the 
transmutation  of  lllIn  to  Cd.  Voltages  are 
Ur  =  2V  and  Up  =  0 V. 
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faster  (Poole-Frenkel  effect)  with  increasing  electric 
field  strength.  According  to  theory  [11],  the  peaks  Cdl 
and  Cd2  should  shift  by  a  factor  of  3  and  2, 
respectively,  in  our  experiments.  The  experimental 
effect,  however,  is  either  smaller  or  completely  absent. 

Concerning  deep  states  of  group  III  elements,  our 
experiments  do  not  provide  any  evidence  for  their 
existence.  To  make  this  statement  meaningful,  the 
experimental  detection  limits  have  to  be  discussed: 
Regarding  the  energy  scale,  our  measurements  are 
sensitive  to  any  deep  level  emitting  holes  with  a  time 
constant  between  1  ms  and  2  s  in  the  temperature 
range  from  about  250  K  (freeze-out)  and  650  K. 
Assuming  a  capture  cross  section  in  the  range  of 
[10'17 ;  10'14]  cm2,  this  corresponds  to  an  energy 
interval  of,  at  least,  [0.5;  1.4  eV]  above  Ev.  Regarding 
concentration,  the  detection  limit  is  6%  of  all 
implanted  radioisotopes  for  both  Ga  [4]  and  In. 

Conclusions 

Band  gap  states  of  Ga,  Zn,  In  and  Cd  are 
investigated  by  radiotracer  DLTS.  Within  the  limits 
discussed,  there  are  no  deep  states  of  Ga  or  In  after 
doping  by  ion  implantation  and  annealing.  For  the 
group  II  elements,  one  band  gap  state  of  Zn  at 
Ev  +  1.16  eV  (polytype  6H)  and  two  states  of  Cd  with 
roughly  identical  concentration  at  Ey  +  0.90(3)  eV  and 
at  Ev  +  1. 19(4)  eV  (polytype  4H)  are  identified.  For  all 
of  these  group  II  related  states,  the  influence  of  the 
electrical  field  strength  on  the  hole  emission  is  either 
missing  or  smaller  than  expected  for  (double)  acceptor 
levels. 


DLTS  time  window  (s) 

Fig, 4:  Isothermal  CC-DLTS  spectra  of 
the  two  Cd-related  levels.  The  spectra 
shown  are  differences  of  spectra 
measured  with  pulse  voltages  of  -1  V 
(forward  bias)  and  0  V.  The  two 
different  reverse  bias  voltages  shown 
correspond  to  a  mean  electrical  field 
strength  of  about  100  kV/cm  and  250 
kV/cm  in  the  probed  depth  interval. 
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Abstract:  6H-SiC  samples  were  He+-implanted  with  different  fluences  and  annealed  at  different 
temperatures  (700°C  to  1700°C)  to  generate  intrinsic-related  defect  centers.  Deep  level  transient 
spectroscopy  (DLTS)  and  low  temperature  photoluminescence  (LTPL)  investigations  were  conducted  on 
identical  samples.  The  correlation  of  corresponding  peak  heights  (defect  concentrations)  in  DLTS  and 
LTPL  spectra  as  a  function  of  the  implanted  He+  fluence  and  of  the  annealing  temperature  leads  to  the 
conclusion  that  the  Ei/E2-center  observed  in  DLTS  spectra  and  the  Di  defect  (Lv-lines,  v=l,  2,  3) 
observed  in  LTPL  spectra  are  caused  by  the  same  defect  center.  A  corresponding  identity  could  be 
established  for  the  Zi/Z2-center  (DLTS)  and  the  defect  which  is  responsible  for  the  PL  line  at  4349A. 

Introduction 

Ion  implantation  is  an  important  technique  to  dope  silicon  carbide  (SiC).  In  order  to  electrically 
activate  the  implanted  donor  or  acceptor  species  and  to  largely  remove  the  introducd  lattice  damage, 
an  annealing  step  at  elevated  temperatures  is  required.  As  an  unintentional  side  effect  electrically 
active  defect  centers  are  generated  by  the  implantation  process,  which  partially  survive  temperatures 
up  to  1700°C.  The  chemical  composition  and  microscopic  structure  of  all  these  defect  centers  are 
unknown;  partially  their  electrical  properties  and  thermal  stability  have  been  investigated.  In  4H- 
SiC,  e.  g.  Dalibor  et  al.  [1]  have  demonstrated  that  the  Zi/Z2-center  and  the  Di  defect  observed  in 
DLTS  and  in  LTPL  spectra,  respectively,  have  the  same  origin.  Based  on  detailled  DLTS 
investigations,  Hemmingsson  et  al.  have  shown  that  the  Zi/Z2-center  in  4H-SiC  [3]  and  the  Ei/E2- 
center  in  6H-SiC  [4]  are  negative  U-centers. 

It  is  the  aim  of  this  work  to  elaborate  correlations  between  DLTS  and  LTPL  of  implantation- 
induced  defect  centers  observed  in  identical  6H-SiC  samples. 

Experimental 

For  the  investigations,  we  used  samples  cut  from  an  n-type  6H-SiC  wafer  (CREE  Research),  which 
consisted  of  an  n-type  substrate  overgrown  by  an  n-type  epitaxial  layer  (nitrogen  concentration 
[N]=4xl015  cm"3,  thickness  d=5jim).  The  defect  centers  under  investigation  are  generated  by 
implantation  of  He+  ions.  A  sixfold  He+-implantation  with  ion  energies  in  the  range  between  30keV 
and  650keV  was  employed  to  form  a  box-shaped  damage  profile  to  a  depth  of  1.6  pm  (see  Fig.l).  The 
damage  is  characterized  by  the  total  vacancy  concentration  [Vsi]+[Vc]  calculated  with  the  TRIM_C 
Monte-Carlo  simulation  program  of  J.  P.  Biersack  [5].  This  concentration  value  is  just  an  index  and 
does  not  correspond  to  the  real  vacancy  concentration,  because  the  simulation  program  does  not  take 
into  account  more  complicated  processes  like  recombination  or  clustering.  Three  sets  of  samples  (each 
set  consisting  of  5  samples)  with  different  total  vacancy  concentration  (2xl016  cm 3,  8xl016  cm  and 
2xl017  cm"3,  respectively)  were  prepared.  Samples  of  each  set  received  a  single  annealing  step  at  a 
temperature  Taequal  to  700°C,  800°C,  1000°C,  1400°C  and  1700°C,  respectively,  for  30  min. 
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Annealing  steps  with  a  temperature 
up  to  1000°C  were  conducted  in  a 
rapid  isothermal  annealing  system 
(RIA)  under  vacuum.  Anneals  at 
1400°C  and  1700°C  were  conducted 
in  a  graphite  furnace;  the  samples 
were  protected  in  a  SiC  crucible  and 
kept  in  an  argon  ambient  of  latm. 
Subsequent  to  the  annealing  step,  a 
top  layer  of  300nm  was  removed 
from  each  sample  with  reactive  ion 
etching  (RIE).  Prior  to  the  contact 
preparation  a  standard  chemical 
cleaning  process  was  performed  using 
acetone,  aqua  regia  and  hydrofluoric 
acid.  For  the  DLTS  investigations, 
Schottky  contacts  with  different 
diameters  (0.6mm  to  1mm)  were 
fabricated  by  evaporation  of  nickel. 
The  DLTS  spectra  were  taken  in  a 
temperature  range  between  100K  and  550K;  LTPL  was  conducted  at  2K  using  a  50mW  FreD  laser 
at  244nm  and  a  Fast-Fastie  spectrometer. 

Experimental  results 

Fig.2(a)  displays  the  DLTS  spectrum  of  a  sample,  which  was  annealed  at  1000°C.  A  large  DLTS 
peak  appears  at  about  215K,  which  is  caused  by  the  Ej/E2-center.  Its  ionization  energy  AF,E  obtained 
from  an  Arrhenius-Plot  is  AEe/6h  =  (420±20)meV/(460±20)meV  depending  on  the  temperature 
dependence  of  the  capture  cross  section  a  (see  Table  1).  These  values  correspond  to  mean  values 
obtained  from  an  average  over  DLTS  data  of  all  investigated  samples.  The  second  peak  in  Fig.2(a) 
at  350K  belongs  to  the  Zi/Z2-center;  its  ionization  energy  is  AEZ/6h  =  (640±50)meV/(700±50)meV. 
A  further  peak  appears  as  a  shoulder  on  the  trailing  edge  of  the  Ei/E2-peak;  it  is  termed  RD5 
according  to  the  nomenclature  in  the  literature  [6].  The  corresponding  LTPL  spectrum  of  this 
sample  is  displayed  in  Fig.2(b).  Along  with  the  nitrogen  (N)-  related  lines  Po,  Ro  and  So  and  the 
titanium  (Ti)-related  lines  A0  and  A9o  there  appear  three  LTPL  peaks  Lv  (v=l,  2,  3),  which  are 
assigned  to  the  Di-defect.  A  further  sharp  LTPL  peak  is  observed  at  a  wavelength  position  at  4349A. 
In  Fig.3,  the  corresponding  DLTS  (a)-  and  LTPL  (b)-spectrum  is  taken  on  a  sample,  which  was 
processed  in  the  same  way,  however,  exposed  to  a  an  annealing  step  at  1400°C.  The  DLTS 
spectrum  is  dominated  by  the  Ei/E2-peak;  the  Zi/Z2-center  can  no  longer  be  observed.  Its 
concentration  is  below  the  detection  limit  of  the  DLTS  system  (<  1012  cm"3). 

The  LTPL  spectrum  of  this  sample  is  presented  in  Fig.3(b).  Again  the  N-  and  Ti-related  peaks 
and  also  the  three  peaks  of  the  Drdefect  are  visible.  The  LTPL-peak  at  4349A  is  annealed  out;  its 
amplitude  is  below  the  noise  level. 


Table  1:  Average  peak  temperature  and  energy  position  of  ground  states  of  the  prevailing  peaks 
observed  in  DLTS  spectra  of  He+-implanted  6H-SiC  samples. 


Defect 

Average  peak  temperature 
in  DLTS  spectra  (K) 

Energy  position  of  the  ground  state  (meV) 
(<r=const.)  (Vt~T‘2I 

Ei/E2 

215 

Ec-(420  ±  20) 

Ec-(460  +  20) 

Zi/Z2 

350 

Ec-(640  +  50) 

Ec-(700±50) 

Fig.l:  Implanted  He+  concentration  (left  y-axis,  solid  curve) 
and  total  vacancy  concentration  [Vsi]+[Vc]  (right  y-axis,  dotted 
curve),  respectively,  as  a  function  of  the  depth  x.  The  profiles 
are  calculated  with  the  TRIM_C  Monte-Carlo  simulation 
program  after  [5]. 
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Fig.2:  DLTS  (a)  and  LTPL  (b)  spectrum  taken  on  the  same  He+-impianted  sample  with  a  generated  total 
vacancy  concentration  of  2  x  1016  cm'3;  the  sample  was  exposed  to  an  anneal  at  1000°C  for  30min. 


Fig.3:  DLTS  (a)  and  LTPL  (b)  spectrum  taken  on  the  same  He+-implanted  sample  with  a  generated  total 
vacancy  concentration  of  2  x  1016  cm'3;  the  sample  was  exposed  to  an  anneal  at  1400°C  for  30min. 


It  is  the  aim  of  this  work  to  test  whether  any  DLTS  and  LTPL  peaks  are  caused  by  identical  defect 
centers.  We  attempted  to  discover  such  an  identification  by  comparing  defect  concentrations 
obtained  from  DLTS  and  LTPL  peaks,  respectively,  as  a  function  of  the  implanted  He+  fluence  (or 
total  generated  vacancy  concentration)  and  annealing  temperature.  E1/E2  and  Z1/Z2  defect 
concentrations  were  calculated  from  the  height  of  the  DLTS  peaks  according  to  the  standard 
evaluation  procedure.  A  rough  estimate  for  relative  defect  concentrations  from  LTPL  spectra  was 
obtained  by  taking  the  LTPL  peak  height  at  ^=43 49 A  or  in  the  case  of  the  Di  defect  by  taking  the 
sum  of  the  LTPL  peak  heights  over  the  three  L-lines  and  by  normalizing  these  quantities  by  either 
the  height  of  the  Ao-  or  So-line.  Assuming  that  N  and  Ti  are  laterally  homogenously  distributed  over 

3 

the  investigated  wafer,  the  quantities  £ Lv/S0  and  £(4349A)/Ao  should  provide  a  comparable 

V=1 

relative  concentration  of  corresponding  defect  centers. 


Discussion 

In  Fig.4(a)  the  E\/E2  concentration  obtained  from  DLTS  (left  y-axis)  and  the  normalized  relative  Dr 

3 

defect  concentration  C^LV  I S0 )  obtained  from  LTPL  (right  y-axis)  are  plotted  as  a  function  of  the 

V=1 

annealing  temperature.  The  plot  displays  data  for  three  sets  of  samples  containing  different  vacancy 
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concentrations.  A  corresponding  plot  is  determined  for  the  Ej/E2  concentration  and  the  normalized 
quantity  ^(4349A)/Aq  in  Fig.4(b).  It  turns  out  that  both  plots  result  in  an  one-to-one  correlation  of 

(a)  (b) 


Fig.4a:  Concentration  Ei/E2  (determined  by  DLTS) 

3 

and  normalized  LTPL  peak  height  (YiLv(  SQ )  as  a 

V  =  1 

function  of  the  annealing  temperature  Ta  for  three 
sets  of  samples  containing  a  different  vacancy 
concentration  as  indicated  in  the  figure. 


Fig.4b:  Concentration  Z\/Z2  (determined  by  DLTS) 
function  of  the  annealing  temperature  Ta  for  three 
sets  of  samples  containing  a  different  vacancy 
concentration  as  indicated  in  the  figure. 


corresponding  DLTS  and  LTPL  concentrations  both  as  a  function  of  the  annealing  temperature  and 
as  a  function  of  the  generated  vacancy  concentration.  This  observation  clearly  indicates,  that  the 
Ei/E2-center  and  the  Di  defect  have  the  same  origin.  In  analogy,  we  conclude,  that  the  Zi/Z2-center 
and  the  center  ,  which  is  responsible  for  the  4349A  LTPL  line,  are  identical.  This  work  and  that  of 
Ref.l  make  it  clear  that  in  4H-SiC  the  so-called  Z{/Z2-center  is  to  be  associated  with  the  Di  center 
observed  in  LTPL  whereas  in  6H-SiC  we  must  associate  the  Di  center  with  the  Ej/E2-center.  We 
conclude  that  Zi/Z2  in  4H  corresponds  to  Ei/E2  in  6H-SiC  and  what  has  been  called  Zj/Z2  in  6H-SiC 
in  reality  is  a  different  center  associated  with  the  LTPL  line  at  4349A.  This  correlation  is  in 
agreement  with  the  negative  U-properties  of  the  Zi/Z2(4H)-  and  Ei/E2(6H)-center  observed  by 
Hemmingsson  et  al.  [3, 4]. 

Summary 

DLTS  and  LTPL  investigations  were  performed  in  He+-implanted  6H-SiC.  In  identical  samples, 
correlations  between  electrically  and  optically  determined  defect  concentrations  are  observed  as  a 
function  of  the  generated  vacancy  concentration  and  the  annealing  temperature.  Based  on  these 
observations,  it  is  very  persuasive  that  the  Ei/E2-center  and  the  Di  defect  are  caused  by  one  and  the 
same  defect  center;  an  analogous  identity  is  obtained  for  the  Zi/Z2-center  and  the  center  responsible 
for  the  4349A-line.  Further  analysis  methods  are  required  to  also  identify  the  chemical  nature  and 
the  microscopic  structure  of  both  these  defect  centers. 
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Abstract.  Deep  levels  in  bulk  crystals  of  6H-  and  4H-SiC,  and  epilayers  of  4H-SiC  were  studied 
using  optical-isothermal  transient  spectroscopy  (O-ICTS)  and  conventional  dark  ICTS  methods,  for 
the  first  time.  For  6H-SiC  bulk,  El  with  3x  1015  cm'3  (Ec  -  0.32  eV),  E2  with  5x  1014  cm'3  (Ec  -  0.49 
eV)  and  E3  with  7x  1014cm~3  (Ec  -  0.50  eV)  were  observed  by  dark  ICTS.  Further,  E4  with  lx  1015 
cm’3,  which  was  located  between  below  E3  and  above  Ec  -  1.96  eV,  was  observed  by  O-ICTS.  On 
the  other  hand,  for  4H-SiC  bulk,  one  dominant  deep  level  (E5  with  lx  1015  cm’3  located  at  Ec  -  1.15 
eV)  and  one  minor  level  (E6  with  3  x  1014  cm"3  located  at  deeper  than  E5)  were  observed  by  both 
dark-  and  O-  ICTS.  However,  for  4H-SiC  epilayer,  no  significant  levels  were  observed  either  by 
dark-  or  O-ICTS,  which  is  consistent  with  the  case  of  6H-SiC  epilayer  reported  previously. 

Introduction 

Deep  levels,  and  in  particular  the  mid-gap  states  due  to  defects  and  impurities  in 
semiconductors,  act  as  trapping  centers  and/or  recombination  centers  and  greatly  affect  device 
performance.  SiC  has  been  viewed  as  a  promising  material  for  future  high-power  device  applications, 
but  the  crystal  growth  technology  is  still  immature  and  many  kinds  of  defects  are  incorporated  in  SiC 
crystal.  In  order  to  realize  SiC  power  devices,  investigation  of  mid-gap  states  is  essential.  However, 
because  of  the  wide  band  gap  of  SiC,  little  is  known  about  mid-gap  states  in  SiC[1,2].  The  deep  states 
located  deeper  than  1.0  eV  from  the  conduction  band  edge  ( Ec )  are  difficult  to  detect  by 
conventional  methods  using  thermal  stimulation  process  of  trapped  carriers  at  the  deep  levels,  such 
as  deep  level  transient  spectroscopy  (DLTS)[31  or  isothermal  capacitance  transient  spectroscopy 
(ICTS).[4] 

Recently,  the  optical-ICTS  (O-ICTS)  method  based  on  the  optical  stimulation  process,  a 
powerful  method  for  characterization  of  levels  deeper  than  1.0  eV  from  Ec,  has  been  proposed  and 
successfully  demonstrated  in  the  characterization  of  the  mid-gap  states  in  n-type  GaN  (Eg  ~3.4 
eV)  [5,6]  In  this  workj  we  have  tried  tQ  observe  the  mid-gap  states  in  SiC  using  O-ICTS. 

Experimental 

The  samples  used  in  this  study  were  n-type  SiC  wafers  (4H,  6H  polytypes)  with  or  without 
epitaxially  grown  layers  (10  pm  in  thickness)  which  were  purchased  from  Cree  Research,  Inc.  The 
conditions  of  the  samples  are  shown  in  Table  1. 

Schottky  barrier  diodes  were  fabricated  on  each  sample  by  forming  Ni  Schottky  contacts  with 
a  diameter  of  500  -  800  pm  on  the  (0001)  Si  face,  tilted  3.5  and  8  degrees  toward  the  (11-20) 
direction,  and  Ohmic  contacts  using  Ni  on  the  back  side.  Schottky  contacts  fabricated  on  each 
sample  were  20  ~  30  in  number. 
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Table  1 

Sample  No. 

Polytype 

Bulk/Epilayer 

Carrier  density  [cm'3] 

RIE  clean 

#1 

4H 

Bulk 

1.3xI6l7~ 

No 

#2 

4H 

Epilayer 

2.8xl016 

No 

#3 

4H 

Epilayer 

6.5xl015 

No 

#4 

4H 

Bulk 

1.3xl017 

Yes 

#5 

6H 

Bulk 

2xl017 

No 

Before  forming  the  Ni  Schottky  contacts  on  sample  #4,  the  surface  was  cleaned  by  reactive 
ion  etching  (RIE)  followed  by  sacrificial  oxidation.  RIE  conditions  were  as  follows:  rf  power  300  W, 
pressure  0.2  Torr,  gas  flow  rate  CF4(60  sccm)+02(8  seem),  etch  rate  4  pm/hr,  and  etch  time  60  min. 

A  conventional  (dark-)  ICTS  measurement  was  carried  out  in  10'2  Torr  vacuum. 

In  the  O-ICTS  measurement,  the  optical  emission  process  from  trapped  carriers  at  mid-gap 
states  was  observed  by  stimulating  the  carriers  using  a  He-Ne  laser  (  hv  =  1.96  eV).  The  ICTS 
measurement  conditions  were  as  follows:  reverse  voltage  Vr=-3.0  V,  forward  pulse  voltage  Vp=3.0 
V,  and  pulse  width  Wp=10  msec. 


Results 

<Schottky  diode  characteristics> 

In  ICTS,  high  leakage  current,  higher  than 
the  order  of  pA,  leads  to  inaccuracy.  Current- 
Voltage  (I-V)  characteristics  for  each  sample  were 
measured  before  carrying  out  the  ICTS 
measurement. 

Typical  I-V  characteristics  for  sample  #3  are 
shown  in  Fig.  1.  I-V  characteristics  for  the  2 
epilayers,  sample  #2  and  #3,  were  very  good  with 
low  leakage  current.  The  Schottky  barrier  height 
(SBH)  was  calculated  to  be  SBH=1.3  ~  1.44  eV 
for  sample  #2,  and  SBH=1.4  ~  1.52  eV  for  sample 
#3.  The  difference  in  SBH  is  assumed  to  be  caused 
by  the  doping  density  difference. 

Samples  #1,  #4,  and  #5  showed  leakage 
currents  lower  than  1  pA  @-3  V,  which  is 
sufficient  for  carrying  out  the  ICTS  measurement. 

However,  I-V  characteristics  of  sample  #1 
varied  widely  between  electrodes.  SBH  versus 
ideality  factors  (n-factor)  is  indicated  by  black  dots 
in  Fig.2.  Sample  #4  was  diced  from  the  same  bulk 
wafer  as  sample  #1,  and  its  surface  was  cleaned 
using  RIE  prior  to  Schottky  metallization.  SBH 
versus  n-factor  of  sample  #4  is  indicated  by  white 
dots  in  Fig.  2.  I-V  characteristics  of  sample  #4 
became  more  stable  than  those  of  sample  #1.  It  is 
assumed  that  the  damaged  layer  caused  by  the 
bulk-wafer-surface-polish  may  be  removed  by  the 
RIE  cleaning  method,  which  leads  to  improvement 
of  the  Schottky  diode  I-V  characteristics. 


0  0.5  1  1.5  2  2.5  3 
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Fig.  1  I-V  characteristics  of  sample  #3. 


♦  Sample  #1 

□  Snmnlp  14 

V 

i _ _ 

♦♦ 

% 

♦♦ 

♦ 

1  1.1  1.2  1.3  1.4  1.5  1.6  1.7 

n-fador 


Fig.2  Schottky  barrier  height  vs.  n-factor  of 
sample  #1  and  #4. 
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<  6H-S1C  bulk  > 

ICTS  measurement  of  sample  #5  was 
carried  out  in  the  temperature  range  of  180 

-  360  K.  In  dark-ICTS  spectra  at  190  K, 
carriers  from  level  El  with  3x  1015  cm'3  (Ec 

-  0.32  eV)  are  thermally  emitted  to  the 
conduction  band.  Two  dark-ICTS  peaks 
due  to  levels  E2  with  5x  1014  cm'3  ( Ec  -  0.49 
eV)  and  E3  with  7x  1014  cm'3  (Ec  -  0.50  eV) 
were  observed  at  297  K.  In  O-ICTS  spectra 
at  360  K,  a  peak  E4  with  lxlO15  cm'3  was 
observed  in  the  longer  time  range  than  that 
of  peak  E3,  indicating  that  E4  is  located 
below  E3  and  above  Ec  -  1.96  eV.  Leakage 
current  of  the  Schottky  diodes  at  -3V  did 
not  exceed  the  order  of  jiA  up  to  360  K. 
The  O-ICTS  signal  of  sample  #5  at  360  K  is 
shown  in  Fig.  3. 


0.001  0.01  0.1  1 

Time  [sec] 


Fig. 3  O-ICTS  signal  measured  from  sample  #5, 
fabricated  from  6H-SiC  bulk  wafer  with 
carrier  density  of  2x10 17  cm'3. 


<  4H-SiC  bulk> 

Dark-ICTS  measurement  of  sample  #1, 
fabricated  from  4H-SiC  bulk  wafer,  was 
carried  out  in  the  temperature  range  of  200 
~  460  K.  The  dark-ICTS  spectra  at  380  K, 
420  K  and  460  K  are  shown  in  Fig.  4.  In  the 
temperature  range  of  380  -  460  K,  carriers 
from  level  E5  with  lx  1015  cm'3  (Ec  -  1.15  eV) 
are  thermally  emitted  to  the  conduction  band. 

At  temperatures  420  K  and  460  K,  a  dark- 
ICTS  peak  due  to  level  E6  is  observed  in  the 
longer  time  range  than  that  of  peak  E5. 

However,  enough  data  to  determine  the 
energy  level  of  peak  E6  could  not  be  obtained 
at  460  K.  Higher  measurement  temperature  or 
O-ICTS  is  required  to  estimate  the  energy 
level.  The  electron  trap  concentration  of  E6 
was  estimated  to  be  3  x  1014  cm'3. 

New  peaks  were  not  obtained  by  O-ICTS 
temperature  as  low  as  200  K.  This  indicates  that 
1.96  eV. 


Fig.4  Dark-ICTS  signal  measured  from  sample 
#1,  fabricated  from  bulk  4H-SiC  with 
carrier  density  of  1.3xl017  cm'3. 

,  but  peaks  E5  and  E6  were  observed  even  at  the 
peak  E6  is  located  below  Ec  -  1.15  and  above  Ec  - 


<  4H-SiC  epilayer  > 

ICTS  measurement  was  carried  out  on  the  two  samples  fabricated  from  epilayers,  sample  #2  and  #3, 
in  the  temperature  range  of  240  ~  460  K;  however,  no  peaks  were  observed  either  by  dark-  or  O- 


ICTS. 
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Discussion 

Dark-  and  O-ICTS  measurements  of  sample  #4  were  carried  out,  and  the  results  were  about 
the  same  as  those  for  sample  #1.  Although  the  Schottky  diode  characteristics,  which  are  mostly 
attributable  to  surface  conditions,  were  improved  by  RIE,  ICTS  spectra  were  not  changed  by  RIE. 
This  indicates  that  ICTS  spectra  are  attributable  to  the  bulk  condition  of  the  sample.  Therefore,  the 
peaks  observed  for  sample  #1  are  attributable  to  the  deep  levels  in  the  bulk  crystal,  and  not  to  the 
damaged  layer  caused  by  polishing  the  surface  of  the  bulk  wafer. 

No  peaks  were  observed  either  by  dark-  or  O-ICTS  from  4H-SiC  epilayers,  samples  #2  and 
#3.  Considering  the  measurement  temperature  and  the  time  range,  it  is  possible  to  measure  deep 
levels  located  below  Ec  -  0.4  and  above  Ec-  1.3  eV  with  density  of  more  than  1013  cm*3.  The  present 
results  indicate  either  that  the  4H-SiC  epilayers  do  not  possess  deep  levels  in  the  range  of  Ec  -  0.4 
~EC  - 1.3  eV,  or  that  the  electron  trap  density  is  lower  than  our  detection  limit  (1013  cm*3).  The  fact 
that  no  significant  deep  levels  were  observed  either  by  dark-  or  O-ICTS  in  the  4H-SiC  epilayer  is 
similar  to  the  result  for  the  6H-SiC  epilayer  reported  by  Jang  et  al.t?1 

The  reason  why  no  significant  deep  levels  were  observed  in  both  6H-  and  4H-SiC  is  not 
clarified  in  the  present  work.  However,  the  following  two  possible  reasons  are  suggested:  (1)  The 
densities  of  deep  levels  due  to  defects  and/or  residual  impurities  in  the  epilayer  are  much  less  than 
those  of  the  bulk.  (2)  Although  deep  levels  exist  below  Ec  -  1.3  and  above  Ec  -  1.96  eV,  the  optical 
cross  sections  (an°)  are  so  small  that  the  trapped  carriers  cannot  be  photoionized  to  the  conduction 
band.  In  this  case,  the  deep  levels  cannot  be  measured  by  O-ICTS. 

Conclusion 

Deep  levels  including  mid-gap  states  in  SiC  were  studied  using  dark-  and  O-ICTS  methods.  The 
deep  levels  observed  in  this  study  are  shown  in  Table  2.  Deep  levels  from  4H-SiC  epitaxial  layers 
were  not  detected  in  the  range  of  0.4  ~  1.3  eV  below  Ec ,  and  in  the  detection  limit  of  1013  cm*3. 


Table  2  Deep  levels  observed  in  the  present  work. 


Energy  levels  [eV] 

Electron  Trap  Density  [cm*3] 

6H-SiC  bulk  crystal 

El:  Ec-  0.32 

El:  3x  1015 

E2:  Ec  -  0.49 

E2:  5x  1014 

E3:£c-0.50 

E3:  7  x  1014 

E4:  Ec  -  0.50  -  1.96 

E4:  lx  1015 

4H-SiC  bulk  crystal 

E5:  Ec  -  1.15 

E5:  lx  1015 

E6:£c-  1.15  ~£c-1.96 

E6:  3x  1014 

4H-SiC  epitaxial  layer 

- 

- 
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Abstract 

We  report  improved  measurements  of  the  high-field  drift  velocity  of  electrons  parallel  to  the  basal  plane 
in  4H  and  6H-SiC  as  a  function  of  temperature.  The  electron  saturation  drift  velocity  at  room  temperature  is 
1. 9(2.2)  xlO7  cm/s  in  6H(4H)  SiC.  At  320  °C  the  electron  saturation  drift  velocity  is  1.0(1. 6)  xlO7  cm/s  in 
6H(4H)  SiC. 

Introduction 

Measurements  of  the  high  field  drift  velocity  of  electrons  in  6H-SiC  were  first  reported  by  v.  Mtiench 
and  Pettenpaul  in  1977  [1],  and  more  recent  data  on  6H  and  4H-SiC  was  presented  by  us  at  this  conference  in 
1997  [2].  Von  Miiench  and  Pettenpaul  found  a  saturation  drift  velocity  of  2xl07  cm/s  for  electrons  in  6H-SiC. 
This  value  is  about  a  factor  of  two  higher  than  in  most  other  semiconductors,  and  has  long  been  quoted  as  one  of 
the  benefits  of  SiC  as  an  emerging  material  for  high  performance  devices.  Our  1997  work  [2]  tended  to  confirm 
the  results  of  v.  Miiench  and  Pettenpaul,  but  the  highest  velocities  actually  measured  in  [2]  were  only  about 
1.5xl07  cm/s.  Moreover,  a  number  of  difficulties  with  the  measurement  procedure  were  identified,  indicating 
the  need  for  more  careful  and  thorough  experiments.  In  the  present  paper  we  report  the  results  of  additional 
experiments  [3]  that  add  a  significant  amount  of  new  data  and  extend  the  measurement  regime  to  higher  fields 
and  higher  temperatures. 

Measurement  Technique 

The  measurement  technique  employed  by  v.  Miiench  and  Pettenpaul,  and  also  used  here,  consists  of 
measuring  the  current-voltage  relationship  of  a  narrow  constriction  of  n-type  SiC  material  at  high  fields.  The 
experimental  device,  illustrated  in  Fig.  1,  consists  of  an  n-type  epilayer  of  doping  lxlO17  cm'3  grown  on  a  lightly 
doped  p-type  epilayer  on  a  heavily-doped  p-type  substrate.  The  n-type  epilayer  is  patterned  by  reactive  ion 
etching,  forming  a  constriction  of  dimensions  on  the  order  of  5x5  pm.  Ohmic  contacts  are  established  on  either 
side  of  the  constriction  by  annealed  Ni.  Probe  contact  is  made  to  the  four  ohmic  contacts,  and  a  pulsed  bias  is 
applied  using  the  apparatus  shown  in  Fig.  2.  To  prevent  surface  arcing,  the  samples  are  immersed  in 
Flourinert™.  Bias  pulses  are  applied  to  outer  contacts  L,  and  L4  using  a  Directed  Energy,  Inc.  GRX  1.5  K-E 
pulse  generator,  and  the  voltage  drop  across  the  inner  contacts  L2  and  L3  is  measured  using  the  1  M£2  inputs  of  a 
Tektronix  1 1401  digitizing  oscilloscope.  The  current  through  the  constriction  is  obtained  from  the  voltage  drop 
across  the  50  £2  input  of  the  oscilloscope  in  series  with  L4 .  The  electron  drift  velocity  is  calculated  from  the 
current  using  the  relation 


qwnt  (1) 

where  w  is  the  width  of  the  constriction,  n  is  the  electron  density  per  unit  volume,  and  t  is  the  thickness  of  the 
undepleted  portion  of  the  n-type  epilayer.  The  corresponding  electric  field  is  calculated  from  the  voltage  drop 
between  the  high  impedance  probes  attached  to  L2  and  L3,  with  corrections  for  the  end  resistances  between  the 
inner  ohmic  contacts  and  the  constriction. 
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Constriction  Ohmic  Contacts 


Figure  1.  Isometric  view  of  the  experimental 
device.  In  most  devices,  the  n-type  epi layer  is  4 
pm  thick. 
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Figure  2.  Schematic  diagram  of  the  test 
apparatus. 


Figure  3  shows  transient  current  waveforms  for  several  different  pulse  conditions  of  increasing  applied 
voltage.  As  seen,  for  electric  fields  above  about  20  kV/cm  the  current  decreases  during  the  bias  pulse  due  to 
transient  heating  at  the  constriction.  To  minimize  this  effect,  we  record  the  current  at  the  earliest  possible  point 
in  the  bias  pulse,  typically  within  the  first  50  ns.  The  transient  response  of  the  circuit  becomes  a  limitation  at  the 
highest  fields.  The  transient  response  is  degraded  by  the  parasitic  capacitance  of  the  probes,  so  at  fields  above 
30  kV/cm  we  remove  the  two  inner  probes  and  calculate  the  voltage  drop  across  the  constriction  using  the 
equivalent  circuit  of  Fig.  4.  The  elements  in  Fig.  4  represent  the  contact  impedances  and  the  spreading 
resistances  of  the  n-type.  Resistances  (RC1  +  R,)  and  (RC4  +  R4)  are  obtained  from  four-probe  measurements  at 
low  fields  (no  current  flows  through  RC2  and  RC3  due  to  the  high  impedance  probes  on  L2  and  L3).  At  high 
fields,  the  probes  on  L2  and  L3  are  removed  and  the  voltage  drops  across  (RC1  +  R,)  and  (RC4  +  R4)  are  calculated 
from  the  measured  current  and  known  resistances.  These  voltage  drops  are  then  subtracted  from  the  voltage 
between  probes  Lj  and  L4  to  obtain  the  equivalent  inner  probe  voltage  drop. 

Device  Details 

In  the  experiments  reported  in  1997  [2],  the  n-type  epilayer  thickness  was  1  pm.  This  raised  a  concern 
about  narrowing  of  the  undepleted  n-type  channel  due  to  the  depletion  region  from  the  underlying  pn  junction. 

In  the  present  experiments  [3]  we  increased  the  thickness  of  the  n-type  epilayer  to  4  pm  to  minimize  this  effect, 
and  we  also  included  an  analytical  correction  to  the  channel  thickness  t  to  account  for  the  depletion.  A  variety  of 
constriction  sizes  are  also  included,  with  dimensions  (width  x  length)  =  5x5,  5x10,  5x15,  10x10,  and  10x15  pm. 
To  insure  low  resistance  ohmic  contacts,  a  high  dose  (lxlO19  cm'3)  nitrogen  implant  is  performed  in  the  contact 
regions  and  annealed  at  1400  °C  for  18  minutes  in  argon.  The  doping-thickness  (n*t)  products  for  the  n-type 
epilayers  obtained  from  Hall  measurements  on  each  sample  are  2.4  (3.6)  xlO13  cm'2  for  the  4H  (6H)  samples, 
respectively.  In  these  calculations,  the  Hall  scattering  factor  rH  is  taken  to  be  unity  [4].  These  (n*t)  values  agree 
well  with  separate  TLM  measurements  on  each  sample.  The  lateral  dimensions  of  the  constrictions  are 
determined  within  an  accuracy  of  ±10%  from  SEM  photographs  of  the  completed  structures.  Epilayer 
thickness  and  the  uniformity  of  doping  with  depth  are  verified  by  SIMS. 
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Time  (ps) 

Figure  3.  Transient  current  waveforms  at  various 
Fields. 


Li  L2  L3  L4 


Figure  4.  Equivalent  circuit  showing  parasitic 
resistances. 


Experimental  Results 

Figures  5  and  6  show  velocity-field  data  on  the  4H  and  6H  samples  at  room  temperature,  135,  and  320 
°C.  Measurements  on  constrictions  of  various  sizes  are  included  at  each  temperature.  The  lines  represent 
empirical  fits  to  the  equation 


v(E)  = 


}iE 


(2) 


where  ft  is  the  low  field  mobility,  v$  is  the  saturation  velocity,  and  a  is  a  shape  parameter.  Values  of  the  fit 
parameters  are  listed  in  Table  1.  Saturation  velocities  of  2.2  (1.9)  xlO7  cm/s  are  obtained  for  4H  (6H)  SiC  at 
room  temperature.  These  values  decrease  to  1.6  (1.0)  xlO7  cm/s  for  4H  (6H)  SiC  at  320  °C. 

Summary 

We  have  reported  new  measurements  of  high  field  drift  velocity  of  electrons  parallel  to  the  basal  plane 
in  4H  and  6H-SiC  at  room  temperature,  135,  and  320  °C.  The  saturation  drift  velocity  in  6H-SiC  at  room 
temperature  is  1.9xl07  cm/s,  very  close  to  the  value  reported  by  v.  Miiench  and  Pettenpaul  [1]  in  1977.  The 
saturation  drift  velocity  in  4H-SiC  is  2.2xl07  cm/s.  Saturation  velocities  decrease  with  temperature,  reaching 
1.6  (1.0)  xlO7  cm/s  in  4H  (6H)  SiC  at  320  °C. 
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Field  (V/cm) 

Figure  5.  Velocity-field  relation  for  electrons 
parallel  to  the  basal  plane  in  4H-SiC. 
Constriction  sizes  for  the  various  data  points 
are  given  in  the  figure. 


Field  (V/cm) 

Figure  6.  Velocity-field  relation  for  electrons 
parallel  to  the  basal  plane  in  6H-SiC. 
Constriction  sizes  for  the  various  data  points 
are  given  in  the  figure. 


Temperature 

Parameter 

6H-SiC 

4H-SiC 

Units 

23  °C 

A* 

215 

450 

cm2/Vs 

Vs 

1.9  xlO7 

2.2  xlO7 

cm/s 

a 

1.7 

1.2 

-- 

135  °C 

V 

120 

- 

cm2/Vs 

vs 

1.4  xlO7 

- 

cm/s 

a 

2.5 

- 

- 

320  °C 

56 

130 

cm2/Vs 

Vs 

1.0  XlO7 

1.6  xlO7 

cm/s 

a 

4.0 

2.2 

__ 

Table  1.  Parameters  used  in  (2)  to  fit  the  experimental  velocity-field  data. 
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Abstract.  The  high  field  transport  properties  of  4H-SiC  have  been  studied  using  a  bipolar  full  band 
ensemble  Monte  Carlo  model.  The  impact  ionization  transition  rates  and  the  phonon  scattering  rates 
for  both  electrons  and  holes  have  been  calculated  numerically  from  the  full  band  structure.  The 
simulation  results  show  a  large  anisotropy  in  the  impact  ionization  coefficients  for  both  electrons 
and  holes. 

Introduction 

Silicon  Carbide  has  emerged  as  a  very  promising  semiconductor  for  high  power  devices.  The  large 
band  gap  and  thermal  conductivity  of  silicon  carbide  are  important  advantages  that  can  be  utilized  in 
power  applications.  Silicon  carbide  crystallizes  in  many  different  polytypes.  Technologically,  3C- 
SiC,  4H-SiC  and  6H-SiC  are  the  most  important.  In  this  work  we  focus  on  the  material  properties  of 
4H-SiC.  The  4H  polytype  has  a  higher  mobility  than  6H  and  is  technologically  more  developed  than 
3C-SiC.  The  high  field  transport  properties  of  4H-SiC  have  not  been  studied  very  extensively  and 
the  knowledge  regarding  the  impact  ionization  process  in  4H  is  very  limited.  A  technologically 
immature  material  such  as  4H-SiC  is  plagued  by  a  large  amount  of  defects,  which  makes  it  difficult 
to  obtain  reliable  experimental  measurements  of  its  intrinsic  properties.  Numerical  studies  can  avoid 
all  of  these  technological  problems  and  directly  focus  on  estimating  the  intrinsic  properties  such  as 
the  impact  ionization  coefficients,  saturation  velocity  and  energy  relaxation  time  constants. 

In  this  work  we  present  a  full  band  Monte  Carlo  study  of  the  high  field  properties  of  4H-SiC.  Our 
goal  is  to  present  estimates  of  the  electron  and  hole  initiated  impact  ionization  coefficients.  This 
work  should  be  regarded  as  a  first  step  towards  the  understanding  of  the  high  field  transport  in  4H- 
SiC. 

The  Monte  Carlo  model 

The  Monte  Carlo  model  can  be  divided  into  three  parts,  the  band  model,  the  scattering  model  and 
the  drift  model. 

Band  model.  The  band  model,  presented  in  Fig.  1,  has  been  obtained  using  a  local  empirical  pseudo 
potential  method  (EPM).  Twelve  conduction  bands  and  twelve  valence  bands  have  been  used.  The 
energy  and  energy  gradient  of  each  band  has  been  stored  for  11655  points  in  the  irreducible  wedge. 
These  data  are  used  to  interpolate  the  energy  and  energy  gradients  for  arbitrary  k-points  during  the 
simulation. 
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Scattering  model.  The  following  scattering  mechanisms  are  considered:  acoustic  phonon  scattering, 
non-polar  optical  phonon  scattering,  polar  optical  phonon  scattering,  impact  ionization  and  ionized 
impurity  scattering.  The  phonon  scattering  rates  and  the  impact  ionization  transition  rate  have  been 
calculated  directly  from  the  band  structure  using  available  data  on  phonon  modes  and  sound 
velocities  [1].  The  phonon  coupling  constants  have  been  obtained  by  fitting  the  low  field  mobility  to 
experimental  data  on  mobility  [2].  We  have  used  completely  k-dependent  scattering  rates  instead  of 
the  standard  formulation,  where  the  k-dependent  scattering  rate  is  averaged  over  constant  energy 
surfaces.  The  spread  in  the  k-dependent  scattering  rate  for  points  with  the  same  energy  is  much 
larger  in  4H-SiC  than  in  3C-SiC  [3],  due  to  the  inherent  asymmetry  of  the  4H  unit  cell.  Averaging 
over  constant  energy  surfaces  filters  away  the  high  scattering  rates  present  in  certain  parts  of  the 
Brillouin  zone.  Using  k-dependent  scattering  rates  reduces  the  carrier  energy  and  gives  lower  impact 

ionization  coefficients. 

The  selection  of  the  final  states  after 
scattering  is  completely  k-dependent, 
including  the  k-dependency  of  the  overlap 
integral  calculated  using  the  pseudo  wave 
functions.  The  final  states  after  impact 
ionization  are  selected  according  to  energy 
and  momentum  conservation.  Secondary 
electrons  and  holes  are  dynamically 
created  during  runtime.  This  allows 
injection  of  secondary  electrons  and  holes 
with  high  energy  as  a  result  of  impact 
ionization.  This  injection  is  necessary  in 
order  to  obtain  a  correct  energy 
distribution  at  high  fields. 

Drift  model.  The  electric  field  accelerates 
the  carrier  in  k-space  according  to 
Newton  s  laws.  The  4H-SiC  valence  bands  contain  a  large  number  of  mixing  and  crossing  points.  In 
the  presence  of  a  crossing  point,  the  particles  group  velocity  changes  abruptly  in  a  nonphysical  way. 
The  conservation  of  the  group  velocity  would  require  the  particle’s  band  index  to  change.  In  case  of 
mixing  points  different  bands  are  degenerate  and  have  the  same  group  velocity.  To  assign  the 
correct  path  for  the  particle,  the  overlap  integral  between  the  starting  and  the  final  points  is 
evaluated  for  different  final  bands  after  a  short  drift  step.  The  assignment  of  final  band  index  is 
based  on  a  random  selection  weighted  using  the  overlap  values  for  different  final  bands. 

The  use  of  this  simple  tunneling  model  is  justified  by  the  fact,  that  the  energy  barrier  that  the  carrier 
might  tunnel  over  is  small  (<30  meV).  It  is  found  that  the  inclusion  of  band  crossing  effects  is 
essential  in  the  Monte  Carlo  model  in  order  to  achieve  agreement  with  experimental  measurements 
of  the  impact  ionization  coefficients.  Without  band  changes  at  these  critical  points,  the  impact 
ionization  coefficients  are  calculated  to  be  very  low,  orders  of  magnitude  lower  than  the 
experimental  values. 

The  conduction  bands  have  a  different  structure  than  the  valence  bands.  Along  the  c-axis  the  first 
and  the  second  band  are  separated  from  all  higher  bands  by  an  energy  gap  of  approximately  1.5  eV. 
In  perpendicular  directions,  the  picture  is  more  like  that  in  the  valence  bands.  Electrons  that  undergo 
impact  ionization  events  for  an  electric  field  applied  along  the  c-axis  need  to  overcome  the 
relatively  large  energy  separation  between  bands  2  and  3.  This  can  only  happen  through  a 


T  M  K  r  A  L  H  AM  LK  H 
Fig.  1.  The  empirical  pseudo  potential  (EPM)  band 
structure  used  in  this  work. 
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combination  of  scattering  and  drift.  The  scattering  is  limited  by  the  interaction  energy  or  phonon 
energy,  which  typically  is  very  small  compared  to  the  energy  separation.  It  is  possible  to  surmount 
the  energy  separation  if  the  right  series  of  scattering  events  occurs.  However,  the  probability  for  this 
is  very  low. 

Simulation  results 

In  Fig.  2  the  drift  velocity  as  a  function  of  electric  field  is  presented  for  both  electrons  and  holes. 
The  electric  field  has  been  applied  along  FM  and  TA.  At  high  fields  the  anisotropy  of  the  Brillouin 
zone  has  a  very  large  impact  on  the  velocity.  The  peak  velocities  for  holes  with  the  field  applied  in 
the  TM  and  FA  directions  are  1.1  x  107  cm/s  and  6.5  x  106  cm/s  respectively. 

The  electron  saturation  velocity  for  fields  applied  in  the  FA  direction  is  1.64  x  107  cm/s  and  it  is 
2.26  x  107  cm/s  in  the  TM  direction.  The  TM  value  is  slightly  higher  than  the  experimental  value 
2.1  x  107  cm/s  obtained  for  6H-SiC  [4].  Other  Monte  Carlo  studies  on  4H-SiC  presented  in  the 
literature  [5,6]  predict  a  lower  saturation  velocity,  approximately  2.0  x  107  cm/s.  However,  in  these 
studies  the  formalism  introduced  by  Ferry  [7]  on  zero  and  first  order  intervalley  scattering  have  been 
used.  In  our  case,  we  are  using  a  completely  numerical  formulation  for  the  scattering  and  only  the 
zero  order  mechanism  has  been  included,  since  the  first  order  mechanism  is  already  considered  by 
the  numerical  treatment  of  the  acoustic  phonons.  The  large  scattering  rate  at  high  energies  given  by 
the  analytical  first  order  scattering  model  does  not  occur  in  the  numerical  formulation.  The  long  q- 
vectors,  responsible  for  the  large  scattering  rate  at  high  energies  in  the  analytical  first  order 
scattering  formulation,  are  mitigated  by  the  overlap  integral  in  the  numerical  model. 


Fig.  2.  Drift  velocity  as  a  function  of  electric  Fig.  3.  Impact  ionization  coefficients  as  function  of 
field  applied  along  TM  and  FA  for  electrons  inverse  electric  field, 
and  holes. 

The  electron  and  hole  impact  ionization  coefficients  as  a  function  of  inverse  electric  field  are 
presented  in  Fig.  3.  Our  simulation  results  are  in  good  agreement  with  the  experimental  data 
obtained  by  R.  Raghunathan  and  B .J.  Baliga  [8]  along  the  c-axis  direction.  The  experimental  result 
by  Konstantinov  et  al  [9]  is  significantly  higher  than  our  result.  The  discrepancy  between  the  two 
experiments  is  due  to  differences  in  the  measurement  techniques,  where  the  technique  used  by  R. 
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Raghunathan  and  B  J.  Baliga  [8]  is  considered  to  be  more  accurate.  Konstantinov  et  al  [9]  has 
estimated  the  electron  impact  ionization  coeffients  to  be  substantially  higher  than  what  is  calculated 
in  this  study,  when  tunneling  over  large  energy  separations  is  excluded.  In  a  future  work  we  will 
examine  the  consequences  on  the  electron  impact  ionization  coefficients  of  tunneling  over  large 
energy  separations. 

Summary 

The  high  field  carrier  transport  in  4H-SiC  has  been  studied,  using  a  full  band  ensemble  Monte  Carlo 
technique.  The  peak  velocity  for  holes  (electrons)  was  found  to  be  6.5  x  106  cm/s  (1.64  x  107  cm/s) 
for  an  electric  field  applied  along  TA  and  1.1  x  107  cm/s  (2.26  x  107  cm/s)  for  an  electric  field 
applied  along  FM.  The  anisotropy  of  the  impact  ionization  coefficients  for  both  electrons  and  holes 
was  found  to  be  very  large.  For  electrons,  the  anisotropy  is  extremely  large  with  a  ratio  in  the 
coefficients  of  approximately  100.  This  phenomenon  is  related  to  the  large  energy  separation 
between  conduction  bands  2  and  3  along  the  ML  segment.  There  might  be  an  additional  mechanism 
of  importance  in  the  electron  transport  that  has  not  been  considered  in  this  work,  namely  band  to 
band  tunneling  over  large  energy  separations.  Band  to  band  tunneling  or  the  Zener  effect  is  very 
well  known  in  the  case  of  a  PN-junction.  The  temperature  coefficient  for  Zener  breakdown  has  an 
opposite  sign  compared  to  that  of  avalanche  breakdown.  The  same  characteristics  have  been 
observed  for  the  electron  impact  ionization  coefficients  along  the  c-axis  in  4H-SiC  and  6H-SiC, 
with  a  temperature  coefficient  with  opposite  sign  compared  to  a  normal  avalanche  process  [10],  The 
inclusion  of  band  to  band  tunneling  over  large  energy  separations  may  be  the  key  element  to  explain 
this  peculiar  behavior  of  the  4H  and  6H  polytypes. 
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Abstract 

The  most  important  device-related  characteristic  of  a  semiconductor  crystal  is  its  saturated  drift 
velocity,  which  determines  the  frequency  limits  of  semiconductor  devices  and  consequently  the 
range  of  their  most  efficient  use.  This  remains  true  for  the  case  of  silicon  carbide  polytypes  as 
well.  At  this  time  such  velocities  have  been  determined  for  two  SiC  polytypes  (4H  and  6H)  for  the 
direction  perpendicular  to  the  crystal  c-axis  [1].  As  it  was  shown  these  values  are  equal.  But  there 
is  anisotropy  of  electrical  properties  in  silicon  carbide  polytypes  for  the  direction  along  and 
perpendicular  to  the  axis.  The  crystal  axis  is  also  the  axis  of  the  natural  superlattice  (NSL).  It  is 
well  known  that  the  drift  velocities  in  artificial  superlattices  depend  very  strongly  on  parameters  of 
the  superlattice  (SL),  and  change  from  106  cm/s  for  a  relatively  wide  [2]  miniband  to  104  cm/s  for 
a  narrow  one  [3].  In  [4-6]  it  was  shown  that  the  NSL  creates  a  miniband  electron  spectrum  in 
silicon  carbide  polytypes  that  leads  to  the  existence  of  such  effects  as  Bloch  oscillations,  electro¬ 
phonon  resonances,  interminiband  tunnelling  and  others.  The  miniband  structure  should  affect  the 
values  of  the  vertical  saturated  drift  velocities,  i.e.,  a  correlation  should  be  observed  between  the 
velocities  and  the  parameters  of  the  miniband  spectrum  of  different  polytypes.  Until  now,  such 
data  have  not  been  published.  Probably  some  experimental  difficulties  did  not  allow  one  to  carry 
out  such  experiments.  But  many  devices,  including  high  power  high  frequency  transistors,  are 
being  designed  to  operate  in  this  geometry  so  that  the  determination  of  vertical  saturated  drift 
velocities  is  an  important  problem  both  from  fundamental  and  applied  points  of  view. 

Experimental  method 

Our  method  is  based  on  the  following  idea.  When  in  an  experimental  structure  with  space  charge 
limited  current  a  drift  current  regime  is  realised  the  drift  velocities  may  be  obtained.  This  regime 
may  be  described  by  two  equations  for  the  one  dimensional  case: 

d2  V  /  dx2  =  p  /  es  0) 

J  =  pv  (2) 

where  V,  x,  p,  eS)  J,  and  v  are  the  voltage  across  the  structure,  the  coordinate  along  the  current 
direction,  the  space-charge  density,  the  dielectric  constant  of  the  semiconductor,  the  current 
density,  and  the  drift  velocity,  respectively.  By  some  standard  transformations  we  can  show  that  a 
current-voltage  characteristic  consists  of  two  regions:  the  first  region  where  the  drift  velocity  is 
changed  with  changing  of  an  electrical  field  and  the  second  one  where  velocity  is  saturated  and 
does  not  vary  with  the  field.  If  we  consider  the  velocity  equal  to 

v  =  p  V  /  w,  (3) 


then  the  I  -  V  characteristic  in  the  first  region  will  be  described  by  the  expression 
J  =  2  es  p  V2  /  w3 


(4) 
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Here,  \i  and  w  are  the  mobility  of  the  carriers  and  the  length  of  the  specimen,  respectively.  One 
should  take  into  account  that  in  (4)  p  may  be  a  function  of  the  field  so  that  the  I  -V  characteristic 
will  not  correspond  to  (4). 

In  the  second  region  where  v  -  const  the  I  -  V  characteristic  will  be  the  following: 

J  =  2  bs  Vs  V  /  w2  (5) 

where  vs  is  the  saturated  velocity.  Thus,  when  the  drift  velocity  is  saturated,  we  will  observe  the 
linear  region  in  the  I-V  characteristic. 

Experimental  structure 

The  original  three-terminal  1ST -p-N*  structure  has  been  used  for  these  investigations.  The  structure 
consists  of  three  regions,  called  the  base,  collector  and  emitter  according  to  the  transistor 
terminology.  The  middle  region  or  base  contains  the  silicon  carbide  polytype  chosen  for 
investigation.  It  is  doped  by  the  deep  acceptor  impurity  scandium  to  obtain  the  minimal  free  hole 
concentration  of  about  1010  cm3  at  300  K.  The  base  is  located  between  two  n-regions,  collector 
and  emitter.  The  collector  and  emitter  p-n  junctions  are  the  same,  but  they  differ  from  the  usual 
ones. 

The  forward  biased  junction  can  be  opened  only  by  a  direct  bias  or  by  pulses  with  duration 
tp  >10'  sec.  Naturally,  for  lowering  of  the  potential  barrier,  it  is  necessary  to  deionize  the  deep 
acceptor  impurity  in  the  space  charge  region.  The  characteristic  time  of  this  process  is  more  than 
10  sec  at  a  hole  concentration  of  about  1010  cm’3.  But  when  the  potential  barrier  is  lowered, 
injection,  which  is  a  noninertial  process,  can  be  accomplished  by  pulses  with  tp«10'2  sec. 

There  is  the  following  situation  in  the  reversed  biased  junction.  At  the  reversed  direct  bias, 
the  field  in  the  p-region  is  screened  by  ionised  acceptor  impurities  with  Na-Nd~1017  cm'3.  For  a 
voltage  of  about  several  tens  of  volts,  the  length  of  screening  is  less  than  10-4  cm  and  the  field  in 
the  p-region  is  nonuniform.  However,  the  screening  length  is  larger  than  10*1  cm  in  accordance 
with  the  hole  concentration  of  about  p<1010  cm*3  at  the  reversed  pulse  bias  with  a  duration  tp«ti. 
Here  ti  is  the  time  of  ionisation  for  the  acceptor  impurity.  Therefore,  the  width  of  the  p-region  of 
about  (5-10)xl0  4  cm  allows  one  to  obtain  a  practically  uniform  electric  field.  The  field  has  to  be 
directed  parallel  to  the  superlattice  axis. 

The  working  principle  of  the  structure  is  the  following:  the  collector  junction  is  reversed 
biased  by  the  pulse  voltage  with  tp~10  sec.  The  emitter  junction  is  forward  biased  by  direct 
voltage,  which  causes  injection  into  the  base.  The  electric  scheme  is  analogous  to  the  transistor 
with  a  common  emitter. 

The  pulse  field  spreading  through  the  base  reaches  the  open  emitter  junction  and  causes 
injection  into  the  base.  The  injected  current  increases  with  the  pulse  voltage,  but  it  can  be  limited 
by  the  decrease  of  the  bias  between  emitter  and  base. 

Thus,  there  is  the  uniform  electric  field  in  the  p-region  and  the  current  intensity  is 
controlled  independently  on  the  field  in  the  base  region.  Besides  it  is  highly  important  that  this 
experimental  method  allows  one  to  conduct  measurements  with  the  electron  current  only  without 
the  current  associated  with  the  holes. 

Experimental  results  and  discussion 

The  electronic  transport  in  the  experimental  structure  used  for  the  measurements  is  determined  by 
the  transit  time  mechanism.  It  is  known  that  the  current-field  characteristic  inherent  for  the  transit- 
time  conduction  mechanism  includes  the  linear  region  associated  with  the  space  charge  limited 
current.  This  region  is  observed  when  the  concentration  of  the  carriers  injected  is  as  large  as  an 
ionised  impurity  concentration  in  the  base.  In  a  usual  situation  such  a  condition  is  met  at  a  very 
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large  current  density  and  a  strong  electric  field  when  the  carriers  drift  velocity  reaches  its 
saturation  value. 

The  feature  of  the  experimental  structure  used  for  the  study  is  an  ionised  impurity 
concentration  so  low  that  the  space  charge  limitation  of  the  current  takes  place  at  low  current 
density  when  the  electric  field  is  insufficient  for  the  carriers  velocity  saturation. 

In  this  paper  we  present  the  data  of  I-V  characteristics  investigation  for  the  polytypes  4H, 
6H,  8H,  15R  and  21R  SiC.  The  current-field  characteristic  of  the  experimental  structure  may 
include  the  following  regions  connected  with  the  space  charge  limitation  of  the  current  injected: 
the  region  with  j  ~  V2  (4)  and  the  region  with  j  ~  V  associated  with  electron  velocity  saturation 
(5).  However,  in  real  I-V  characteristics  (Fig.l)  the  current  follows  a  power-law  dependence  J  ~ 
V1'6,  probably  because  of  the  dependence  \i  ~  V0  4,  that  was  indicated  above. 


Fig  1 .  I-V  characteristic  of  the  4H-SC 
three  terminal  structure 


From  the  analysis  of  the  linear  region  of  I  -  V  characteristics  the  values  of  saturated 
electron  drift  velocities  for  4H-,  6H-,  8H-  and  21R-SiC  (Fig.2)  were  obtained,  which  are 
approximately  equal  to  3.3-106,  2  -106,  106  and  4.4  103  cm/sec,  respectively.  The  saturated 
electron  drift  velocity  of  15R-SiC  is  approximately  equal  to  ~  1.2  106cm/s.  The  low  values  of 
velocities,  which  are  significantly  smaller  than  the  well  known  value  vs  =  2  107  cm/sec  for  E 1 C 
[1]  are  of  special  interest.  But  these  values  qualitatively  correspond  to  the  analogous  results  for 
artificial  SL’s.  Both  for  these  SL  and  for  the  NSL  of  SiC  polytypes  the  saturated  drift  velocity 
drops  with  a  decrease  of  the  miniband  width.  The  NSL  periods  of  4H,  6H,  and  8H  SiC  are  equal 
to  5 A,  7. 5 A,  and  10 A,  respectively,  and  their  saturated  electron  drift  velocities  qualitatively 
confirms  the  relation  vs  ~  1/d3  for  miniband  transport  in  SL  [7], 
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Fig.2. 1-V  characteristics  of  6H-  (1),  4H-  (2),  8H-  (3), 
21R-SiC  (4)  three  terminal  structures 


The  threshold  fields  at  which  the  drift  velocity  is  saturated  for  4H,  6H,  and  8H  are  equal 
to  155,  140,  and  135  kV/cm,  respectively.  The  obtained  results  do  not  allow  one  to  determine 
accurate  values  of  the  threshold  fields  for  15R  and  21R  polytypes.  However,  because  of  the  very 
narrow  miniband  for  21R-SiC  the  transport  mechanism  in  strong  field  is  probably  a  hopping  one, 
which  would  explain  the  sharp  drop  of  the  saturated  drift  velocity  in  this  polytype. 

Thus,  the  presented  results  are  new  evidence  of  minizone  structure  of  electron  spectra  in 
SiC  polytypes  and  contribute  to  the  data  base  for  high  power  high  frequency  vertical  transistors. 
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Abstract  High  temperature  effects  on  the  hot  electron  terahertz  complex  mobility  in  3C-SiC  and 
6H-SiC  subjected  to  ac  (200  kV/cm)  and  dc  (up  to  800  kV/cm)  electric  field  intensities  are  studied. 
A  lattice  temperature  increase  favors  a  strong  reduction  of  both  the  frequency  dependent  electron 
mobility  maxima  and  minima,  and  can  even  eliminate  them  when  the  dc  electric  field  intensity  is 
high  enough. 

Introduction  Although  silicon  carbide  polytypes  are  recognized  as  promising  materials  for  high- 
power,  high-temperature,  and  high-frequency  operating  devices,  there  is  still  a  lack  of  results 
necessary  for  a  better  understanding  of  their  properties,  as  for  example  in  the  carrier  transport 
phenomena  domain.  Most  of  the  investigations  on  the  SiC  polytypes  transport  properties  were 
restricted  to  the  steady-state  response  to  constant  electric  fields  E dc  [1-4].  In  respect  to  the  role  of 
the  lattice  temperature,  Monte  Carlo  simulations  of  electron  transport  in  4H-SiC  indicated  a 
decrease  of  the  dc  electron  mobility  with  the  raise  of  the  lattice  temperature  in  the  100  -  700  K 
range  [5,6]. 

Recently,  high  temperature  effects  on  the  velocity  overshoot  of  hot  electrons  in  6H-  and  3C- 
SiC  subjected  to  constant  electric  fields  were  shown  to  be  very  important  [7].  It  was  demonstrated 
that  an  increase  of  the  lattice  temperature  could  reduce  both  the  electron  drift  velocity  and  energy, 
being  even  possible  to  preclude  the  existence  of  the  drift  velocity  overshoot  effect.  On  the  other 
hand,  room  temperature  terahertz  electron  mobility  in  3C-SiC  under  low  (<  50  kV/cm)  Eac+E<& 
electric  fields  was  studied  by  Weng  and  Lei  [8].  They  showed  the  possibility  of  the  existence  of  a 
maximum  (maximum  and  minimum)  in  the  real  (imaginary)  mobility  component  in  the  1-10  THz 
frequency  range  depending  on  the  ratio  of  the  electric  field  intensities  Eac  and  E dc.  However,  the 
influence  of  the  lattice  temperature  on  the  complex  mobility  of  electrons  in  silicon  carbides  was 
disregarded  up  to  now,  even  though  it  is  fundamental  for  high-temperature  operation  of  SiC-based 
devices. 

The  purpose  of  this  work  is  to  investigate  the  behavior  of  the  terahertz  electron  mobility  in 
30  and  6H-SiC  at  lattice  temperatures  300  K,  673  K,  and  1073  K.  The  focus  on  these  silicon 
carbide  polytypes  is  due  to  the  potential  applications  associated  with  their  higher  saturation 
velocities,  particularly  in  the  domain  of  high-temperature,  high-speed/high-field  nanostructures  and 
devices  circuitry.  Balance  hydrodynamic  equations  for  the  electron  drift  velocity  and  energy  are 
solved  numerically,  and  the  frequency  dependent  mobility  is  calculated  through  a  Fourier  transform 
of  the  electron  drift  velocity  after  its  arrival  at  the  steady  state.  It  is  shown  that  in  both  the  silicon 
carbide  polytypes  the  real  part  of  the  mobility  presents  a  relative  maximum  co/2tt:  ~  12  THz,  while 
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the  imaginary  mobility  can  present  a  minimum  (maximum)  around  <d/2ti  ~  2  THz  (12  THz).  Then- 
existence  depends  strongly  on  the  lattice  temperature,  as  well  as  on  the  ratio  of  the  electric  field 
intensities  Eac  and  E do 

The  Complex  Electron  Mobility  The  electron  drift  velocity  v(t,co)  and  mean  energy  s(t,d>) 
evolution  towards  the  steady  state  is  calculated  through  the  numerical  solution  of  Boltzmann-like 
transport  equations  within  the  energy  xe(e)  and  momentum  xp(s)  relaxation  time  approximations  [7]. 
In  this  work,  xe(s)  and  xp(s)  are  obtained  using  the  steady-state  relations  v  x  Edc  and  8  x  Edc 
calculated  by  Weng  and  Cui  [2]  for  3C-SiC  and  6H-SiC  subjected  to  an  electric  field  EF(&,t)=Edc+ 
Ecrccos(tot),  where  ©  is  the  frequency  of  the  oscillatory  component  of  the  electric  field.  The 
electrons  are  scattered  through  the  acoustic-deformation-potential,  the  polar-optical  and  intervalley 
phonon,  and  ionized  impurities. 

The  mobility  p(t)  at  time  t  can  be  defined  as  the  ratio  between  the  drift  velocity  v(*y,t)  and 
the  electric  field  Ep(&>,t).  The  complex  Fourier  spectrum  p(<y)  of  the  time-dependent  mobility  may 
represent  the  dynamic  mobility  of  the  system  under  a  dc  plus  ac  electric  field.  It  is  calculated  in  the 
time  period  T  by  performing  the  following  Fourier  transform  of  the  electron  drift  velocity  after  its 
arrival  at  the  steady  state  at  time  x: 


j  t+T 

M®)  =  Hr  (®)  +  in,  (*>)  =  -  f  — 

T  T  Edc 


v(0 

+  Eac  cos(ctf) 


e  dt 


(1) 


A  lattice  temperature  variation  modifies  the  rate  of  change  of  the  mean  electron  energy, 
which  alters  the  time  evolution  of  the  electron  drift  velocity  through  the  variation  of  the  momentum 
relaxation  time  due  to  the  electron  scattering  processes.  Consequently,  the  complex  mobility  j i(cd) 
should  also  change  with  the  variation  of  the  lattice  temperature,  but  depending  highly  on  the 
frequency  of  the  applied  oscillatory  electric  field.  The  band  structure  characteristics  of  3C-SiC  and 
6H-SiC  are  well  established  [9-12],  but  the  numerical  calculations  are  performed  within  the 
equivalent  isotropic  valley  picture  [1,2,7],  in  which  the  electron  effective  mass  mc  in  the  conduction 
band  is  0.346  nio  (0.30  mo)  for  3C-SiC  (6H-SiC),  where  mo  is  the  free  space  electron  mass.  Band 
nonparabolicity  is  taken  into  account  considering  fi2k2/(2mc)=  s  (1+ae).  a  is  the  nonparabolic  band 
coefficient,  which  is  0.323  eV'1  for  3C-SiC,  and  (l-m</mo)2/Eg  for  6H-SiC,  where  Eg  is  the  6H-SiC 
gap  energy  [1,2,7]. 


High  Temperature  Effects  on  the  Terahertz  Mobility  The  terahertz  frequency  behavior  of  the 
components  of  the  complex  mobility  of  electrons  in  3C-SiC  and  6H-SiC  subjected  to  a  200  kV/cm 
ac  electric  field  intensity  are  presented  in  Fig.  1  and  Fig.  2,  respectively.  For  a  given  dc  electric 
field  intensity  and  frequency,  the  absolute  value  of  both  the  real  [pR(<y)]  and  imaginary  [pi(o>)] 
components  of  the  electron  mobility  in  3C-SiC  is  always  bigger  than  in  6H-SiC,  which  is  a 
consequence  of  the  lower  electron  effective  mass  in  the  former  than  in  the  latter. 

In  both  the  silicon  carbide  polytypes,  pR(«)  presents  a  maximum  around  ©/2rc  -  7  THz  at 
low  dc  electric  fields  (<  450  kV/cm)  and  lattice  temperature  (300  K)  depending  on  the  ratio  of  the 
electric  field  intensities  Eac  and  Edc.  When  the  dc  electric  field  intensity  increases,  the  maximum 
becomes  smoother  up  to  its  disappearance.  The  structure  in  the  pR(<y)  profile  is  considerably 
reduced  for  higher  lattice  temperatures,  and  an  increase  of  about  300  K  can  preclude  the  existence 
of  the  maximum.  At  300  K,  the  imaginary  component  pi(&>)  of  the  electron  mobility  presents  a 
minimum  close  to  2  THz,  and  a  maximum  around  12  THz  for  dc  electric  field  intensities  smaller 
than  550  kV/cm.  However,  both  the  maximum  and  the  minimum  disappear  when  Edc  >  550  kV/cm. 
The  minimum  of  jii(tw)  is  smoothed  strongly  when  the  lattice  temperature  is  673  K,  disappearing 
completely  at  1073  K.  The  maximum  of  pi(<w)  is  also  smoothed  strongly  with  the  increase  of  the 
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lattice  temperature,  but  does  not  disappear  even  at  1073  K.  Comparison  of  the  behavior  of  the  3C- 
and  6H-SiC  mobilities  reveals  that  the  profiles  are  qualitatively  the  same,  especially  at  the  highest 
lattice  temperature  value.  This  is  remarkable  because  the  different  polytypes  have  wide  spread 
physical  properties. 


300  K  673  K  1073  K 


Figure  1  Real  (top)  and  imaginary  (bottom)  components  ot  the  complex  mobility  p(co)  in  3C-SiC  at 
300  K  (left  panel),  673  K  (central  panel),  and  1073  K  (right  panel).  The  ac  electric  field  intensity  is 
200  KV/cm. 


300  K  673  K  1073  K 


Figure  2  Real  (top)  and  imaginary  (bottom)  components  ot  the  complex  mobility  p(o>)  in  6H-SiC 
at  300  K  (left  panel),  673  K  (central  panel),  and  1073  K  (right  panel).  The  ac  electric  field  intensity 
is  200  KV/cm. 
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As  stated  previously,  the  hot  electron  high-frequency  mobility  calculations  in  3C-SiC 
performed  by  Weng  and  Lei  [2]  have  pointed  out  the  existence  of  maxima  and  minima  in  the  real 
and  imaginary  components  of  the  mobility  using  the  Lei-Ting  balance  equation  theory  [13,14],  a 
completely  different  theoretical  approach  in  comparison  with  the  one  considered  in  this  work.  It  is 
interesting  to  remark  that  in  both  the  works,  the  frequencies  in  which  the  maxima  and  minima  of  the 
components  of  the  electron  mobility  occurs  were  shown  to  be  very  close.  However,  a  direct 
comparison  between  their  results  with  those  presented  in  Fig.  1  and  Fig.  2  is  not  possible  since  the 
highest  dc  electric  field  intensity  used  by  Weng  and  Lei  [8]  was  only  42  kV/cm,  well  below  the 
values  of  the  present  work. 

Concluding  Remarks  The  results  presented  in  this  work  indicate  the  important  role  of  the  lattice 
temperature  on  the  terahertz  mobility  of  hot  electrons  in  3C-SiC  and  6H-SiC.  The  most  remarkable 
effect  is  that  an  increase  in  the  lattice  temperature  produces  a  striking  smothing  of  the  structures  in 
both  the  real  and  imaginary  components  of  the  hot  electron  mobility.  The  maxima  and  minima  can 
even  disappear  for  higher  lattice  temperatures  resulting  in  a  very  similar  profile  for  both  polytypes 
investigated  here.  Since  the  approach  used  in  this  work  for  the  solution  of  the  transport  equations 
underestimates  (less  than  10%)  the  peaks  of  the  electron  drift  velocity  [15],  the  variation  of  the 
terahertz  electron  mobility  with  the  3C-SiC  and  6H-SiC  lattice  temperatures  should  be  recognized 
as  an  indication  of  a  behavior  rather  than  offering  accurate  estimates. 
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Abstract:  High-voltage  implanted  4H-SiC  p+n  diodes  have  been  studied  by  means  of  electron 
beam  induced  current  (EBIC)  measurements  for  reverse  voltages  in  the  kV-range.  Several  EBIC 
investigating  techniques  were  employed  in  different  planar  and  cross-section  geometries.  A 
mapping  of  the  multiplication  coefficient  revealed  that  the  current  through  some  defects  saturates 
above  a  certain  negative  bias,  causing  a  reduction  in  the  multiplication  of  the  electron  beam 
generated  charge  carriers.  By  comparing  EBIC  images  with  optical  images  from  CCD 
measurements,  the  presence  of  defects  exhibiting  an  increased  current  without  a  corresponding 
increase  in  light  emission  can  be  detected.  Finally,  the  diffusion  length  of  holes  in  the  low  doped  n- 
region  close  to  the  pn-junction  was  estimated  to  be  1 .5  Jim. 

Introduction 

Due  to  recent  improvements  in  growth  technique,  silicon  carbide  has  emerged  as  a  top-candidate 
among  the  wide  bandgap  semiconductor  materials  for  high  power,  high  frequency  and  high 
temperature  applications.  For  further  improvement  of  material  quality  and  performance  of  SiC- 
based  devices,  techniques  for  measuring  critical  material  as  well  as  device  parameters  need  to  be 
developed. 

Measuring  the  current  through  a  pn-junction  as  a  function  of  the  position  of  a  deliberately 
induced  excess  carrier  distribution  has  traditionally  been  used  as  a  valuable  tool  in  determining  such 
parameters  [1,2].  The  use  of  an  electron  beam  as  the  source  of  excitation  provides  a  non-destructive 
charge  generation  volume  with  a  spatial  resolution  in  the  sub-micron  range. 

The  object  of  this  work  is  to  show  the  potential  of  this  technique  using  different  sample 
geometries  and  to  describe  the  benefits  of  combining  EBIC  measurements  with  optical  CCD- 
images.  Based  on  the  experiments  we  will  also  try  to  explain  the  main  results  and  to  analyze  some 
of  the  material  properties. 

Experimental 

The  diodes  consisted  of  aluminum-  and  boron  implanted  p+n  junctions  with  a  diameter  of  0.8  mm 
surrounded  by  junction  termination  zones,  on  an  epitaxial  layer  of  CVD  grown  low  n-doped  4H-SiC 
[3].  In  figure  1  the  different  sample  geometries  are  shown.  The  contact  metallization  was  removed 
on  the  diodes  intended  for  in-plane  investigations  (fig.  la),  but  not  on  those  subject  to  cross-section 
measurements  (fig.  lb  and  c).  The  diodes  were  polished  in  a  Phoenix  Beta  grinder/polisher  using 
lapping  film  discs  with  a  minimum  surface  roughness  of  0.3  (Lim.  During  the  entire  process  dummy 
pieces  were  attached  tightly  on  each  side  of  the  selected  diode,  in  order  to  reduce  the  induced 
surface  damage  at  the  edges. 
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a)  \  b)  |  c)  | 

Electron  Electron  Electron 

beam  beam  beam 


Figure  1.  Scheme  of  the  different  EBIC  scanning  techniques,  a)  The  diode  is  scanned  across  the  surface  parallel  to  the 
junction  plane,  b)  The  e-beam  is  incident  at  an  angle  of  5.5°  to  the  plane  normal,  onto  a  polished  cross-section  through 
the  junction  (negative  beveling  angle),  c)  Scanning  over  an  area  perpendicular  to  the  plane. 


The  EBIC  measurements  were  conducted  in  a  JEOL  JSM-25S  scanning  electron  microscope, 
using  electron  beam  currents  ranging  from  5  pA  to  3  nA  and  acceleration  voltages  of  5,  15  and  25 
kV.  A  Keithley  237  high  voltage  source  measure  unit  and  a  Stanford  Research  Systems  high  power 
supply  model  PS  305  were  used  for  high-resolution  and  high-voltage  (1-5  kV)  measurements, 
respectively.  Special  sample  holders  were  manufactured  for  planar  and  cross-sectional  high-voltage 
measurements.  The  set-up  was  calibrated  by  measuring  the  extension  of  the  depletion  region  as  a 
function  of  reverse  bias  using  high-voltage  silicon  diodes  with  well  determined  properties,  and 
tested  for  applied  voltages  of  up  to  5  kV. 

Three  EBIC  scanning  modes  were  employed:  (1)  Two-dimensional  scanning  was  used  mainly 
for  investigating  surfaces  and  for  locating  defects.  (2)  Line  scans  were  measured  across  the 
junction,  both  in  order  to  determine  the  extension  of  the  depletion  region  as  a  function  of  reverse 
bias  and  for  evaluation  of  minority  carrier  diffusion  length.  (3)  Point  measurements  of  the  EBIC 
current  were  performed  at  electrically  active  defects,  during  which  the  electron  beam  was  kept  at  a 
constant  position. 

Details  of  the  CCD-  and  I- V  measurements  can  be  found  elsewhere  [4] . 


Discussion  and  results 


Qualitative  analysis  EBIC-/CCD  measurements 


Figure  2.  a)  EBIC-  and  b)  CCD  image  of  a  4H-SiC  p+-n  diode  at  a 
reverse  bias  of  500  V. 


Figure  2  shows  (a)  the  EBIC-  and 
(b)  the  CCD  image  of  one  of  the 
investigated  diodes  at  a  reverse  bias 
of  500  V.  The  majority  of  the  areas 
exhibiting  an  increased  EBIC  signal 
also  show  break  down  emission  at 
similar  positions  (#1-4)  -  but  not  the 
opposite;  the  number  of  CCD-spots 
are  clearly  exceeding  the  number  of 
EBIC-spots.  This  behavior  was 
found  to  be  in  common  for  all 
investigated  diodes. 


The  observed  differences  between  the  EBIC  and  CCD  images  are  most  likely  related  to 
different  sensitivity  and  to  the  higher  current  flow  during  EBIC  measurements  due  to  the  induced 
charge  carriers.  Moreover,  the  EBIC  signal  is  generated  only  in  the  depletion  region,  whereas  the 
light  emission  may  originate  from  any  depth.  Consequently  we  cannot  expect  all  CCD  detected 
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variations  in  light  intensity  to  be  present  as  contrasts  also  in  current  distribution  measured  by  EBIC. 
However,  some  of  the  bright  EBIC  spots  (e.g.  #5)  can  not  be  observed  in  the  CCD-picture, 
suggesting  increased  current  flow  through  the  junction  without  the  corresponding  increase  in  light 
emission.  This  phenomenon  was  confirmed  at  defects  on  several  of  the  investigated  diodes. 

Hence,  an  increase  in  breakdown  emission  without  a  similar  EBIC  contrast  can  be  expected  to 
correspond  to  a  defect  either  situated  outside  the  depletion  region  or  not  being  electrically  active, 
whereas  a  single  EBIC  contrast  without  CCD  response  may  be  related  to  the  differences  in  current 
flow.  Correlating  images  in  this  manner  thus  provides  useful  means  to  differentiate  between 
electrically  and/or  optically  active  defects  located  within  and/or  outside  the  depletion  region. 

Quantitative  EBIC  analysis 

A  mapping  of  the  multiplication  at  electrically  active  defects  was  carried  out  over  the  junction  area, 
employing  the  two-dimensional  planar  scanning  EBIC  technique  in  combination  with  point 
measurements  of  the  current.  Only  defects  not  detectable  in  SEM  mode  were  included  in  the 
investigation.  Structural  defects  may  influence  the  multiplication  in  several  ways,  for  instance  by 
containing  generation  centers  or  by  having  a  smaller  effective  bandgap,  which  aids  the  ionization 
and  thus  enhance  the  creation  of  electron-hole  pairs. 

Figure  3  views  the  current  ratio  WW  as  a  function  of  applied  reverse  bias  at  two  electrically 
active  defects,  both  showing  CCD  detectable  breakdown  emission.  Idef  is  the  defect  current 
measured  locally  at  the  defect  and  Iref  is  the  reference  current  measured  at  an  arbitrary  defect  free 
position.  For  both  currents  the  leakage  current  (i.e.  the  current  measured  with  no  electron  beam 
incident  on  the  diode)  is  subtracted.  Due  to  the  subtraction,  Iref  is  assumed  to  be  a  constant  as  a 
function  of  reverse  voltage  up  to  the  point  where  breakdown  occurs,  and  equal  to  the  current 
originating  from  the  electron  beam  generation  volume.  The  ratio  Idef/W  then  corresponds  to  the 
number  of  charge  carriers  created  per  initially  induced  electron-hole  pair  by  the  electron  beam,  and 
is  a  measure  of  the  multiplication  at  defects. 

This  ratio  was  generally  found  to  exhibit  the 
characteristic  avalanche  effect  as  a  function  of  reverse 
bias,  observed  for  defect  A  in  fig.  3,  Some  defects 
however,  were  found  to  reach  a  saturated  state  after 
which  the  multiplication  of  the  electron  beam 
generated  current  was  again  reduced  to  zero,  as 
characterized  by  defect  B  in  fig.  3.  This  behavior 
indicates  a  limitation  of  current  occurring  at  high 
current  densities,  which  can  be  expected  in  the  small 
region  where  Idef  was  measured.  As  the  voltage  is 
increased  above  a  certain  level  corresponding  to  this 
saturation  current,  the  multiplication  of  the  electron 
beam  generated  carriers  is  reduced.  The  decrease  may 
be  explained  by  multiplication  of  the  intrinsically 
present  charge  carriers  so  that  the  addition  of  the 
o  200  4oo  soo  ooo  iooo  1200  1400  iMo  eiectron  beam  generated  carriers  no  longer 
Reverse  voltage  (-V)  contributes  to  an  increased  current. 

Figure  3.  EBIC  carrier  multiplication 

Furthermore,  the  in-depth  extension  of  the  depletion  region  was  measured  as  a  function  of 
reverse  bias  up  to  -300V  and  was  found  to  be  about  2xl015  cm'3.  The  results  suggest  that  the  method 
is  a  useful  tool  for  determining  the  concentration  of  electrically  activated  charge  carriers  in  the  low 
doped  side  of  the  pn-junction. 


780 


Silicon  Carbide  and  Related  Materials  - 1999 


Diffusion  length  measurements 

The  diffusion  length  was  evaluated  from  EBIC  line  scans  taken  across  the  edge  of  the  depletion 
region  on  polished  cross-sections  of  the  diode.  Assuming  pure  diffusive  transport  of  the  generated 
minority  charge  carriers  and  neglecting  surface  recombination,  the  current  decays  exponentially  as  a 
function  of  distance  x  between  the  EBIC  generation  volume  and  the  junction: 

I  =  I0e~x/L  o  -/«(/  / 10 )  =  x  /  L  (l) 


Distance  from  junction  foim) 
Figure  4.  Lp  in  low  doped  n-region 


The  constant  IQ  is  the  maximum  current  corresponding  to 
a  complete  collection  of  the  generated  charge  carriers. 
The  accuracy  of  such  measurements  is,  however, 
strongly  reduced  close  to  the  junction  when  the 
dimensions  of  the  EBIC  generation  volume  is  of  the 
same  order  of  magnitude  as  the  diffusion  length.  As 
deduced  from  Monte  Carlo  simulations  [5],  most  of  the 
EHP  generated  by  a  15  keV  electron  beam  extends  less 
than  1  pm  in  4H-SiC.  For  the  extraction  of  diffusion 
length  therefore,  only  the  current  measured  more  than  5- 
6  pm  away  from  the  junction  was  used.  From  the  linear 
relation  shown  in  fig.  4  for  -In  (I)  as  a  function  of  x,  an 
estimated  diffusion  length  of  Lp  =  1.5  pm  could  be 
obtained  for  holes  in  the  low  doped  n-region. 


Conclusions 

Correlating  EBIC  and  CCD  measurements  has  been  proven  efficient  for  differentiation  between 
electrically  and/or  optically  active  defects  located  within  and/or  outside  the  depletion  region  of  SiC 
p  n  junctions. 

The  dominating  mechanism  governing  the  reverse  I-V  dependence  at  electrically  active  defects 
exhibits  the  characteristic  avalanche  behavior.  However,  EBIC  measurements  reveal  that  some 
defects  reach  a  saturated  state  in  which  the  multiplication  of  the  electron  beam  generated  carriers  is 
prevented  from  avalanche. 
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Abstract  Charge  carrier  effective  lifetimes  in  4H— SiC  power  diode  n-bases  for  wide  temperature 
range  -7(H+180°C  were  estimated  by  reverse  recovery  charge  measurements  and  parallel 
simulations.  At  room  temperature  lifetime  values  in  the  50-  60  ns  range  were  obtained.  For 
lifetime  temperature-dependence  the  power  law  behaviour  r~Ta  was  confirmed  with  exponent 
values  2. 0-2. 2. 


Introduction 

To  achieve  accuracy  in  device  simulation,  especially  in  the  case  of  relatively  thick  power  structures, 
the  minority  carrier  lifetime  realistic  temperature  dependence  t(T)  is  one  of  the  most  important 
physical  submodels  to  be  included.  In  particular,  the  increase  of  r  at  higher  temperatures  seems  to 
be  the  main  reason  for  forward  voltage  drop  versus  temperature  negative  coefficient  dVF/dT< 0 
often  observed  in  the  case  of  SiC-devices.  On  another  hand,  the  theoretical  reasoning  for  the  r(T) 
dependence  is  very  unclear. 

The  experience  from  Si  power  device  simulations  has  shown  that  rather  acceptable  practical 
results  in  wide  temperature  range  could  be  obtained  by  using  power  function  approximation: 

r(T)  =  Ta  (1) 


with  exponent  ct  numerical  values  around  2  for  Au-controlled  lifetime  and  around  3  for  Pt- 
controlled  lifetime.  For  SiC  there  is  only  very  limited  experience  of  estimating  r(7)  dependence. 
For  instance,  in  [1]  the  linear  approximation 


t(T)  =  t( 300K)- 


\  +  A 


T 

300K 


A  ~  2.17 


(2) 


was  offered  for  4H-SiC  and  temperature  range  300-450 K  by  the  measurements  at  Linkoping 
University. 


Description  of  measurement  and  simulation  techniques 

In  this  paper,  the  inductive  load  reverse  recovery  (ramp  recovery)  charge  measurements  and  parallel 
simulations  with  SiC-DYNAMIT- 1 DT  simulator  [2-4]  are  used  to  estimate  the  realistic  r(7) 
dependence  for  4H-SiC  in  temperature  range  -70  4-  +180°C.  The  investigated  structures  are 
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4H-SiC  p++p+nn+ power  diodes  with  (30-40)  pm  (0.9-2.6)-1015cm~3  epitaxial  n-base  and  with 
thin  1 .4  pm  p++p+-emitters  in  the  form  of  200  pm  diameter  mesa  islands  [  1  ] ,  see  Fig.  1 . 


0200  pm 


Since  initial  on-state  n-base  over-equilibrium  charge  is  directly  proportional  to  effective 
n-base  lifetime  (omitting  some  decrease  due  to  emitters  non-ideality)  and  the  reverse 

recovery  charge  Qr=flRdt  forms  rather  definite  fraction  of  QF  (affected  by  reverse  voltage  level 
and  recombination  losses  during  transient  process),  the  investigation  of  Qrr  behaviour  gives  rather 
direct  characterization  for  t  as  well.  At  that  influence  of  mentioned  disturbing  factors  and  effects 
may  be  minimized  by  use  of  numerical  device  simulator  for  experiment  interpretation.  Due  to  small 
n-base  width  in  comparison  to  mesa  island  diameter,  the  one-dimensional  simulation  is  assumed  to 
be  sufficiently  accurate  in  the  present  case.  Or  in  other  words,  the  possible  influences  of  surface 
recombination  and  nonuniform  lateral  current  distribution  are  implicitly  included  within  the 
obtained  effective  lifetime. 

In  simulations  the  room  temperature  (300K)  lifetime  was  assumed  to  be  «50ns  (52ns  basic 
variant)  in  the  n-base  and  Ins  in  the  p++p+-emitters  and  n+-substrate.  The  lifetime  injection- 
dependence  was  omitted  and  the  same  power  law  temperature-dependence  (1)  was  applied  in  all 
device  layers.  The  effective  cross-section  area  was  taken  by  p++p+-  emitter  island  area 
S=3.14-l(Hcm2. 

Experiments  were  performed  with  pulse  generator  (±10 V,  Rgen=5 0Q)  in  inductive  load 
circuit  (1=1 6pH,  =30  Q)  which  gave  necessary  control  over  the  shape  of  current  waveforms.  Thus 
the  typical  current  decreasing  time  from  the  forward  current  level  100mA  («300A/cm2)  was  70- 
80ns  and  the  duration  of  triangle-shaped  reverse  current  pulse  varied  within  30-100  ns  range. 
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Results  and  conclusion 

The  main  results  of  the  present  work  are  summarized  by  the  Fig.2.  below.  Since  the  n-base 
remaining  charge  in  the  end  of  forward  current  linear  ramp  Qq  is  related  to  initial  on-state  charge 
approximately  as  Q0  =  QF  (T/tramp)[l-exp(-tramp/T)b  in  present  case  of  relatively  short  lifetimes 
(r«  tramp),  the  relation  between  reverse  recovery  charge  and  lifetime  approaches  Qrr~Qo~z2> 

i.e.  the  exposed  Qrr(T)  dependence  actually  amplifies  the  t(T)  dependence. 


Fig.2.  The  comparison  of  temperature-dependences  of  measured  and  simulated  reverse 
recovery  charges.  An  acceptable  accuracy  of  the  n-base  effective  lifetime  temperature 
dependence  r~J2*2  is  confirmed.  Experimental  data  correspond  to  3  different 
structures. 


The  main  conclusions  of  the  present  study  are: 

1.  The  room  temperature  n-base  minority  carrier  on-state  lifetime  range  for  the  investigated  4H-SiC 
structures  was  50-^60  ns. 

2.  In  general  lines  the  acceptable  accuracy  of  power  function  dependence  (1)  was  confirmed.  In 
contrast,  the  linear  approximation  (2)  was  clearly  incorrect  in  the  present  case. 

3.  For  wide  temperature  range  -70  -r  +180°C  the  numeric  value  a=2.2  for  exponent  in  (1)  may  be 
recommended  (see  Fig.2). 

4.  At  higher  temperatures  T>  100°C  the  slope  of  the  Qrr(T)  dependence  becomes  smaller  so  that 
lower  exponent  values  a  <2.0  could  be  more  adequate  for  that  region  (see  Fig.2). 
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Remarks: 

1.  In  his  recent  experimental  work  [5]  Neudeck  observed  remarkable  rise  of  effective  lifetimes  in 
structures  with  larger  diameter.  He  concluded  that  reason  for  that  must  be  the  decreasing  role  of 
strong  surface  recombination.  To  check  his  suggestion,  we  performed  some  control  calculations 
with  2D-simulator,  considering  a  rectangular  structure  with  lateral  size  200  pm.  However,  even 
in  the  case  of  infinite  surface  recombination  rates  over  all  lateral  boundary,  the  influence  of 
surface  recombination  on  reverse  recovery  charge  remained  within  5%.  This  gives  us  basis  to 
assume  that  the  reason  for  Neudeck 's  observations  is  probably  not  the  surface  recombination 
itself  but  decrease  of  n-epilayer  bulk  lifetime  in  structures  with  smaller  p-emitter  diameter, 
caused  by  some  technological  side-effect,  e.g.  by  introduction  of  additional  recombination 
centers  in  n-epilayer  below  p-emitter  perimeter  during  p-emitter  island  processing. 

2.  Some  signs  like  rather  long  backfront  of  the  triangle-shaped  reverse  current  pulse  and  transfer 
from  oscillating  reverse  current  behaviour  at  low  temperatures  to  soft  non-oscillating  behaviour 
at  higher  temperatures  showed  that  there  is  possible  rather  strong  lifetime  gradient  dx/dx  within 
n-base  (higher  x  near  the  n+-substrate).  Anyway,  the  simulations  with  this  gradient  did  not 
change  remarkably  the  overall  conclusions  of  the  present  work.  For  instance,  if  the  4-fold 
lifetime  change  within  the  n-base  exists,  instead  the  proposed  a  =  2.2  the  value  2.0  could  be 
recommended. 

3.  A  rather  small  uncertainty  of  the  present  results  is  associated  with  effective  cross-section  area 
selection  in  one-dimensional  simulator.  If,  e.g.  the  cross-section  area  was  doubled  (to  describe 
lateral  current  spreading)  then  fitting  yields  49  ns  instead  52  ns. 
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Abstract.  The  results  of  EPR  and  ENDOR  investigations  of  N  donors  in  various  SiC  poly¬ 
types  are  critically  reviewed.  It  is  discussed  whether  N  donors  can  be  understood  as  shallow 
donors  with  the  EMT  (Effective  Mass)  theory.  It  is  shown  that  only  in  3C  SiC  they  are  ade¬ 
quately  described  as  being  shallow  and  by  EMT.  The  EPR  spectra  of  P  donors  are  reviewed 
and  reinterpreted  to  be  due  to  B  donors  on  SiC  sites  in  analogy  to  the  findings  of  N  donors 
following  a  recent  suggestion  by  Greulich-Weber.  A  brief  discussion  of  the  A1  acceptors  fol¬ 
lows,  which  have  shallow  EMT  character  according  to  the  present  EPR  data.  Before  discus¬ 
sing  ‘'shallow"  B  acceptors,  the  characteristic  features  of  the  deep  Sc  acceptors  and  their  elec¬ 
tronic  structure  is  discussed.  It  is  then  shown  that  the  shallow  B  acceptors  clearly  have  a  deep 
defect  character  when  reviewing  the  EPR  and  ENDOR  data,  albeit  being  at  a  rather  shallow 
ionisation  level.  A  common  feature  between  Sc  and  B  acceptors  is  the  fact  that  there  are  diffe¬ 
rent  EPR  spectra  and  ionisation  levels  differing  by  a  few  meV  depending  on  the  localisation 
of  the  hole  along  the  c-axis  on  other  bond  directions. 


1.  Introduction 

Shallow  defects  are  usually  regarded  as  a  type  of  defect  well  understood  in  terms  of  the  so- 
called  effective  mass  theory  (EMT).  The  electronic  structure  is  hydrogenic,  the  ionisation  energy 
Ed  and  the  Bohr  radius  are  determined  only  by  the  effective  mass  m*  and  the  dielectric  con¬ 
stant  Sr  of  the  material.  The  hydrogenic  level  is  calculated  by  applying  the  factor  m*  •  1/  s2r  to 
the  classical  result  of  the  hydrogen  atom.  This  yields  values  of  Ed  of  -  40-60  meV  for  typical 
semiconductors  due  to  the  large  value  of  er  and  typical  m*  values.  It  has  largely  been  overlooked 
that  this  simple  picture  seems  oversimplified.  In  a  detailed  study  using  electron  nuclear  double 
resonance  (ENDOR)  [1,2]  of  the  shallow  donors  P,  As  and  Sb  in  silicon,  it  was  shown  that  the 
hyperfine  (hf)  and  superhyperfme  (shf)  interactions  cannot  be  explained  using  EMT  theory, 
also  not  when  including  the  so-called  central  cell  corrections  introduced  to  allow  for  the  "che¬ 
mical"  nature  of  the  various  donors  [1,2].  Since  the  donor  EPR/ENDOR  work  in  SiC,  this  pro¬ 
blem  has  not  been  addressed  anymore  in  detail.  Now,  in  SiC  one  has  the  additional  feature  of 
the  various  inequivalent  sites  for  the  same  donor  in  most  polytypes,  for  example  the  two  quasi- 
cubic  and  one  hexagonal  site  in  6H-SiC.  It  is  well  known  that  N  has  different  ionisation  levels 
depending  on  the  site  which  differ  up  to  a  factor  of  4  compared  to  the  "naive"  EMT  value  cal¬ 
culated  on  the  basis  of  m*  and  8r  (~  40  meV)  for  example  in  6H  SiC.  No  central  cell  correc¬ 
tion  due  to  the  "chemical"  nature  is  feasible  there:  it  is  always  N,  which  would  have  the  same 
central  cell  correction  in  all  sites  of  the  polytype.  The  question  arises  which  theory  is  able  to 
describe  shallow  donors  quantitatively  in  SiC.  In  this  paper  the  experimental  results  obtained 
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in  recent  years  with  EPR  and  ENDOR  on  N  and  P  donors  in  various  polytypes  are  critically 
reviewed  and  compared  with  theoretical  predictions  on  the  basis  of  EMT.  The  question  is  then 
addressed  whether  or  not  there  are  '‘shallow"  acceptors,  which  can  be  understood  by  an  EMT 
picture  and  in  particular  whether  the  most  common  acceptor  B  has  shallow  or  deep  character, 
having  a  not  so  shallow  ionisation  level  at  Ey+300  meV.  Before  discussing  the  acceptors  A1 
and  B,  a  brief  account  is  given  of  the  deep  Sc  acceptor  which  demonstrates  a  unique  feature  of 
acceptors  in  SiC,  which  is  also  present  for  the  B  acceptor:  that  there  is  one  type  of  acceptor  in 
various  configurations  depending  on  which  of  the  bonds  accommodates  the  hole.  Thus,  it  is 
shown  that  defects  in  SiC  have  unique  and  interesting  features  which  are  not  found  in  other 
compound  semiconductors. 


2.  Donors 

The  EPR  spectra  of  N  donors  in  SiC  usually  show  the  N  hf  triplet  structure  (I(14N)=1),  in  par¬ 
ticular  when  measured  at  high  microwave  frequencies,  where  the  various  sites  having  only 
small  g  factor  differences  can  be  resolved  [3].  In  table  1  the  main  results  of  EPR  and  ENDOR 

experiments  are  summarised  for  three  polytypes.  It  is  apparent  that  the  14N  hf  interaction  dif¬ 
fers  very  much  for  different  sites  in  the  same  polytype:  in  6H-SiC  the  isotropic  hf  constant  a/h 
differs  by  a  factor  of  14  between  the  cubic  and  the  hexagonal  sites,  i.e.  the  spin  density  on  the 
N  nucleus  differs  very  much.  The  hf  interaction  of  the  hexagonal  site  is  anisotropic,  that  of  the 


polytype 

3C 

4H 

6H 

band  gap  [eV] 

2.40 

3.28 

3.10 

site 

k 

h 

k 

h 

k2 

Ed  [meV] 

54 

52.1 

91.8 

81.0 

137.6 

142.4 

v.o.  splitting  [meV] 

8.37 

7.6 

45.5 

12.6 

60.3 

62.6 

S|| 

mm 

2.0055 

2.0048 

2.0040 

2.0037 

g± 

KH9 

2.0010 

2.0013 

2.0028 

2.0026 

a/h  [MHz] 

3.500 

50.970 

2.468 

33.221 

33.564 

b/h  [MHz] 

0 

0.080 

0.004 

0.137 

0.004 

mm 

q/h  [MHz] 

0 

0 

0 

0.017 

0.007 

mm 

Table  1:  Various  properties  of  N  donors  in  6H-,  4H-  and  3C-SiC:  14N  hf  and  quadrupole 
interaction  constants  for  SiC  from  analyses  of  ENDOR  spectra.  For  the  values  of  the 
" valley-orbit "  splitting  arid  the  g  tensors  see  [3].  Ed  is  the  experimental  donor  level 
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quasi-cubic  sites  isotropic.  A  qualitative  explanation  for  this  behaviour  was  given  by  Greulich- 
Weber  [3]  considering  the  valley  orbit  (v.o.)  interactions  (see  fig.  1):  the  fully  symmetric 
ground  state  ls(Ai)  in  the  cubic  site  is  60  meV  below  that  of  the  next  site  with  ls(E)  symme¬ 
try  due  to  the  v.o.  splitting  (fig.  la),  while  for  the  hexagonal  site  the  two  states  are  only  -12 
meV  apart,  which  mixes  E  states  into  the  Ai  state  causing  an  anisotropic  hf  interaction  (fig. 
lb)  [3].  In  the  E  state  there  is  no  spin  density  at  the  N  nucleus.  By  comparison  the  hf  results 
for  various  sites  in  various  polytypes  it  was  found  that  the  isotropic  hf  interaction,  i.e.  the  spin 
density  at  the  N  nucleus,  is  approximately  proportional  to  the  value  of  the  v.o.  splitting,  when 
both  values  are  normalised  to  the  expectation  of  the  simple  EMT  [3].  This  explains  quali¬ 
tatively  why  a/h  for  the  cubic  sites  in  3C  is  as  small  as  that  of  the  hexagonal  sites  in  6H-  and 
4H-SiC.  Attempts  to  explain  the  shf  interactions  measured  for  numerous  29Si  and  13C  shells 
in  3C-,  4H-  and  6H-SiC  [3,  4]  with  EMT  failed  for  all  polytypes,  except  for  3C  SiC,  where 
the  agreement  is  very  good,  which  is  surprising.  The  reason  may  be  that  the  v.o.  splitting  is 
very  small  and  that  there  is  only  one  site.  However,  the  ENDOR  experiments  yield  that  N 
must  be  on  a  C  site,  which  was  assumed  but  never  really  shown  [3,  4].  However,  there  is  no 
theory  to  explain  the  ENDOR  data  quantitatively.  From  experiment  it  is  known  that  the  wave 
function  is  very  extended  (more  than  a  dozen  of  29Si  and  13C  shells  have  been  measured),  such 
that  the  methods  describing  deep  states  (e.g.  cluster  methods  etc.)  are  not  adequate,  while  the 
EMT  cannot  be  used  either  for  a  quantitative  description. 

N  donors  are  present  in  all  SiC  samples.  P  donors  can  be  produced  by  neutron  transmutation 
of  30Si.  There  are  at  least  two  samples  of  6H  SiC  available  for  31P.  Various  31P  defects  have 
been  identified  by  EPR  (see  table  2):  a  low  temperature  defect  with  anisotropic  hf  interaction 
and  two  high  temperature  (>  60  K)  defects  with  almost  isotropic  hf  interaction.  Another  P- 
related  defect  had  been  described  by  a  P-vacancy  pair  defect,  in  which  the  vacancy  should  al¬ 
ways  lie  along  the  c-axis  [5].  All  P  defects  have  an  axially  symmetric  hf  interaction  about  the 
c-axis  which  is  very  similar  to  what  was  found  for  N  [3].  It  was  proposed  by  Greulich- Weber 
[3]  to  reinterpret  the  origin  of  the  three  apparent  different  P  donor-type  defects:  there  is  only 
one  type  of  P  donor  on  an  Si  site,  analogous  to  the  N  donor  on  C  site.  The  different  spectra  re¬ 
present  the  two  quasi-cubic  sites  at  low  temperature  (P2)  and  high  temperature  (Pa,  Pb)  and  the 
hexagonal  site  at  low  temperature  (Pi)  and  high  temperature  (P-V)  (for  details  of  the  discus¬ 
sion  on  the  hf  interactions  see  [3]).  This  interpretation  removes  the  old  idea  that  there  should 
be  a  P-V  complex,  where  the  vacancy  is  always  only  along  the  c-axis. 


temperature 

St 

gx 

a  [MHz] 

b  [MHz] 

mm 

T  >  60  K 

2.0040 

2.0029 

156 

0.7 

mm 

T  >  60  K 

2.0040 

2.0025 

145 

0 

P-V 

T  >  60  K 

2.0044 

2.0025 

22 

1.9 

EH 

T<  10K 

2.0049 

2.0031 

1.562 

0.894 

T  <  10  K 

2.0041 

2.0028 

8.7 

4.2 

Table  2:  g  values  and  hf  interaction  constants  of  three  31 P  defects  in  6H-SiC 
doped  by  neutron  transmutation.  The  defect  PQib  and  P-V  was  observed  by 
Veinger  et  al  [5]  and  is  obsen’ed  only  for  T  >  60K.  The  hf  interaction 
constants  were  determined  by  EPR.  The  defect  P}2  is  only  observed  at  T  < 
10K.  The  hf  interaction  constants  were  determined  by  ENDOR  [3J.  All  defects 
have  axial  symmetry  above  the  c-axis  and  thus  only  one  centre  orientation  [3J. 
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3.  Acceptors 

A1  is  an  acceptor  in  SiC,  which  has  characteristic  features  of  a  shallow  defect  with  respect  to 
the  EPR  data.  From  table  3  it  is  seen  for  6H-SiC  and  4H-SiC  that  the  g  factors  deviate 
strongly  from  the  free  electron  value  2.0,  which,  in  this  case,  is  characteristic  for  an  electronic 
state  built  from  valence  band  functions  [6].  gi«0  is  in  agreement  with  theoretical  expectations 
for  a  shallow  state  near  the  top  of  the  valence  band.  See  also  Greulich-Weber  [3],  From  the  hf 
interaction  it  can  be  concluded  that  only  a  small  spin  density  is  found  on  the  27A1  nucleus 
(<5%),  again  characteristic  for  a  shallow  defect.  There  are  no  ENDOR  data  available  yet. 
Thus,  with  the  present  knowledge,  A1  acceptors  appear  to  be  "shallow",  maybe  EMT-like  (the 
ionisation  level  is  at  Ey+200  meV).  Before  discussing  the  B  acceptors,  the  other  "shallow" 
defects  according  to  the  common  assumptions,  the  deep  acceptor  Sc  is  briefly  discussed, 
because  there  are  certain  features  similarly  found  in  the  B  acceptors. 


6H-SiC 

sites  I 

II 

III 

g|l 

2.418(1) 

2.404(1) 

2.336(1) 

g± 

~0 

-0 

~0 

A|,/h  [MHz] 

18.3(1) 

18.9(1) 

20.9(1) 

4H-SiC 

sites  I 

II 

a 

2.469(1) 

2.451(1) 

gi 

-0 

~0 

Aj^h  [MHz] 

17.3(1) 

26.8(1) 

Table  3:  Principal  values  of  g  tensors  and  A  l  hf  interactions  for  the 
shallow  Al  acceptors  in  6H-  and  4H-SiC  as  determined  by  the 
MCDA-EPR  measurements.  The  hf  interactions  are  given  for  A\\  only, 
since  in  other  directions  no  hf  interactions  could  be  resolved.  An 
assignment  of  g  tensors  and  hf  interactions  to  certain  defect  sites 
could  not  be  made. 


In  6H-SiC  one  finds  at  low  temperature  (4.2  K)  an  orthorhombic  spectrum  (spectrum  A  in 
table  4),  where  the  hf  and  g  tensor  z-axis  is  in  the  connection  line  between  the  Sc  site  (C-site, 
see  below)  and  one  of  the  nearest  three  Si  neighbours  not  along  the  c-axis.  At  higher  tempera¬ 
ture  (>  20  K)  the  spectrum  A  disappears  and  two  new  axially  symmetric  spectra  C  and  B  ap¬ 
pear  (fig.  2).  The  hf  and  g  matrix  of  spectrum  C  can  be  understood  by  a  thermal  averaging  of 
the  spectrum  A  about  the  c-axis,  i.e.  the  hole  at  low  temperature  in  the  C-Si  bond  jumps  rapid¬ 
ly  between  the  three  bond  axes.  The  fact  that  Sc  is  on  a  C  site  is  concluded  from  the  resolved 
29Si  shf  interactions  [7,  8],  Thus,  there  are  three  different  kinds  of  Sc  acceptor  EPR  spectra, 
which  all  belong  to  Sc  on  a  C  site,  but  differ  in  the  localisation  of  the  hole:  it  is  either  on  the 
C-Si  bond  on  the  c-axis  or  on  other  C-Si  bonds  at  high  temperature,  the  latter  being  delocali¬ 
sed  by  thermal  activation.  At  low  temperature  the  spectra  of  the  three  C  sites  for  the  hexago¬ 
nal  spectrum  B  could  be  resolved  but  not  so  for  the  orthorhombic  spectrum  A.  An  interesting 
behaviour  is  observed  when  monitoring  the  evolution  of  the  EPR  line  intensities  with  tempe¬ 
rature  (fig.  2).  The  relative  intensities  do  not  follow  the  statistical  expectations.  It  must  rather 
be  concluded  that  the  ionisation  level  of  centres  A  and  B,  i.e.  for  the  hole  along  the  C-Si  bond 
in  the  c-axis  (spectrum  B)  or  in  the  other  bond  directions  differ  by  a  few  meV  (see  fig.  4).  In 
order  to  understand  the  temperature  behaviour  of  the  relative  intensities  of  spectra  B  and  C,  it 
must  be  assumed  that  the  level  A  is  temperature  dependent  and  lowered  with  increasing 
temperature,  which  is  thought  to  be  an  effect  of  entropy  (G  =  H  -  TS(T)),  because  apparently  a 


Materials  Science  Forum  Vols.  338-342 


789 


soft  vibrational  mode  is  coupled  to  the  defect  that  contains  a  large  temperature  depending 
entropy  term  [8,9].  Notably,  as  expected  for  a  deep  defect,  the  g  factors  are  all  very  near  to  2.0 
and  g||  «  gj_  [8].  The  whole  spin  density  is  about  40  %,  also  characteristic  for  a  deeper  state 
with  a  rather  high  spin  localisation. 

Boron,  the  other  very  common  contamination  and  acceptor  in  SiC,  behaves  with  respect  to 
EPR/ENDOR  very  different  from  Al,  but  shows  surprising  similarities  to  the  deep  acceptor 
Sc.  In  6H  SiC,  for  example,  there  are  two  B-related  levels  known  from  DLTS:  one  at  Ey  + 
0.3eV,  which  is  commonly  called  the  "shallow"  B  level,  and  one  at  Ey  +  0.6eV,  which  is  asso¬ 
ciated  with  a  deep  B  defect.  The  EPR  spectrum  in  a  sample,  where  the  Fermi  level  is  pinned 
or  near  the  shallow  B  level,  shows  the  following  characteristic  features.  At  low  temperature 
there  is  a  B  hf  structure  resolved  in  this  EPR  spectrum  with  low  (C21O  symmetry,  for  the 
quasi-cubic  sites  the  z-axis  for  g-  and  hf  tensors  being  in  a  bond  (C-Si)  direction  [11].  For  the 
hexagonal  sites  there  is  an  axially  symmetric  spectrum.  The  B  hf  interaction  is  very  small: 
less  than  1%  hole  spin  density  are  at  the  B  nucleus.  This  would  be  consistent  with  a  shallow 
defect,  if  there  were  not  the  following  additional  features:  there  is  a  large  hf  interaction  with 
one  13C  neighbour  representing  45%  of  the  hole  spin  density,  and  the  g  factors  are  all  very 
near  to  the  free  electron  value  g=2.  Both  the  high  spin  density  at  one  C  neighbour  as  well  as 
the  g  factors  near  g-2  are  very  characteristic  features  for  a  deep  defect  and  a  shallow  one.  At 
higher  temperature  (>50  K),  the  symmetry  of 


spectrum 

tempe¬ 

rature 

symmetry 

gxx 

gyy 

(8ll) 

gzz 

Axx  /  h 

[MHz] 

Ayy  /  h 

[MHz] 

Azz/h,  (A[/h) 
[MHz] 

A 

<  15  K 

monoclinic 

1.999 

1.996 

2.002 

0 

17 

106 

I 

B  II 

III 

4.2- 70  K 

axial 

1.9976 

2.0029 

22.8 

116.6 

1.9975 

2.0026 

22.3 

116.5 

1.9969 

2.0020 

22.7 

116.4 

C 

>25  K 

axial 

2.000 

1.998 

56 

26 

Table  4:  Principal  values  of  g  tensors  and  hf  tensors  of  Sc  defects  measured  in  6H-  and  4H- 
SiC  at  different  temperatures . 
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Fig.  2:  Relative  EPR  line  intensities  of 
spectra  A  (■),  B  (a)  and  C  (#)  at  different 
temperatures.  All  spectra  were  measured 
with  the  same  microwave  power  without 
illumination  of  the  sample. 


the  spectra  becomes  axially  symmetric  for  the  quasi- 
cubic  sites  by  thermal  averaging  similarly  to  what 
was  found  for  Sc.  The  hexagonal  site  spectrum 
remains  unchanged.  With  ENDOR  the  B  hf  structure 
was  investigated  in  great  detail  in  3C,  4H  and  6H  SiC 
[3,11].  Table  5  shows  as  an  example  the  results  for 
the  hexagonal  site  B  in  6H  SiC.  Note,  that  the  signs  of 
the  quadrupole  interaction  and  the  anisotropic  hf 
interaction  have  the  same  sign  while  that  of  the  iso¬ 
tropic  interaction  has  the  opposite  sign.  The  structure 
models  compatible  with  the  EPR/ENDOR  data  are  as 
follows:  (for  6H-SiC)  basically  there  is  a  hole  at  the  C 
site  next  to  Bsi-  In  the  hexagonal  site  the  hole  is  along 
the  c-axis,  for  the  quasi-cubic  sites  along  the  Si-C 
bond  axis  at  low  temperature,  averaged  about  the  c- 
axis  at  higher  temperature.  When  studying  the  tempe¬ 
rature  dependence  of  the  EPR  intensities,  it  becomes 
apparent  that  the  levels  of  the  hexagonal  site  and 
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quasi-cubic  sites  are  not  identical:  they  are  separated  by  about  3meV,  and  it  is  clear  that  the 
temperature  dependence  of  the  EPR  signal  intensities  depend  on  the  position  of  the  Fermi 
level,  i.e.  the  compensation  and  the  sample.  Thus,  the  behaviour  of  the  B  acceptors  is  very 
similar  to  what  was  observed  in  Sc,  except  that  the  hole  is  not  mainly  on  B  but  on  a  C 
neighbour.  The  C  neighbour  is  relaxed  from  its  original  lattice  position.  In  a  certain  sense  the 
B  acceptor  is  a  B-induced  C  acceptor.  Although  shallow  (Ev+  0.3eV),  it  has  the  character  of  a 
deep  defect. 


a 

b 

q 

nB 

+  0.97  MHz 

±2.98  MHz 

±0.25  MHz 

■  ■ 

_ i 

0.1  % 

4.7  % 

4.8  % 

13C 

89.66  MHz 

41.47MHz 

_ 11 

3% 

39% 

42.0  % 

2»Si 

25.6  MHz 

1.80  MHz 

_ n 

1.5% 

4.5  % 

6.0  % 

Table  5:  11 B  hf  interaction  constants  determined  by  ENDOR  and  EPR  [11] 
for  the  hexagonal  site  boron  acceptor  in  6H-SiC. 


4.  Conclusions 

Although  N  and  P  donors  are  shallow  donors,  their  quantitative  understanding  cannot  be 
achieved  with  an  EMT  picture.  A  new  theoretical  approach  is  needed.  N  is  on  C  sites,  and 
there  is  only  one  P  donor  analogous  to  what  is  known  for  the  N  donors. 

A1  and  B  acceptors  are  both  '’shallow"  with  respect  to  their  ionisation  levels,  but  differ  largely 
in  character:  A1  seems  EMT-Iike  as  far  as  knowledge  is  present,  B  is  a  deep  defect  in 
character.  The  Sc  acceptor  is  characteristic  for  an  acceptor  in  SiC:  a  hole  on  one  lattice  site  in 
various  configurations  with  respect  to  neighbours  results  in  a  number  of  different  EPR  spectra 
and  in  different  ionisation  levels. 
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Abstract.  The  temperature  dependences  of  the  ESR  spectra  of  nitrogen  in  the  1S(Ai)  and  1S(E) 
states  were  studied  in  n-type  6H  SiC.  The  temperature  dependencies  of  the  line  intensities  and  widths 
were  used  to  determine  ionization  energies  and  the  valley-orbit  splitting  of  nitrogen  on  the  cubic  and 
hexagonal  sites.  The  optical  recharging  of  nitrogen  in  the  paramagnetic  lS(Ai)  and  1S(E)  states  was 
observed  after  cooling  the  6H  SiC  samples  under  interband  illumination. 

1.  Introduction. 

It  is  well  known  that  an  additional  broad  line  of  unknown  nature  is  observed  in  the  ESR  spectrum 
of  nitrogen  in  SiC  at  high  temperatures,  coinciding  with  the  resonance  field  of  the  nitrogen  central 
triplet  line  [1].  The  additional  line  has  been  interpreted  alternatively  as  an  exchange  line  in  the 
nitrogen  ESR  spectrum  due  to  non-localized  electrons  or  as  a  structural  defect. 

In  this  work,  we  report  the  results  of  ESR  investigations  of  bulk  6H  SiC  samples  with 
uncompensated  donor  concentrations  (ND  -  NA)  from  2*1018cm'3  to  l*1016cm'3  in  the  temperature 
interval  from  20  K  to  160  K  at  9  and  37  GHz  to  establish  the  nature  of  this  additional  line  in  the 
nitrogen  spectrum  and  the  regularities  of  the  temperature  behavior  of  the  nitrogen  ESR  spectra. 

2.  Temperature  behavior  of  donor  spectra  in  6H  SiC. 

Fig.  1  displays  donor  ESR  spectra  in  6H  SiC  taken 

between  77  K  to  145  K  at  a  frequency  of  37  GHz.  At  low 
temperature  the  spectrum  consists  of  two  triplets  of  hyperfine 
(hf)  ESR  lines  Iki,  Ira  due  to  nitrogen  on  the  two  cubic  sites, 
and  a  single  line  Ih  originating  from  nitrogen  on  the 
hexagonal  site.  A  decrease  in  intensity  and  broadening  of  the 
hf  lines  of  nitrogen  ESR  spectra  are  observed  at  higher 
temperature.  At  the  same  time  the  growth  of  the  single  iNk 
line  coinciding  with  the  center  of  gravity  of  the  nitrogen  ESR 
spectra  is  observed. 

Fig.  2  displays  the  temperature  dependencies  of  the 
relative  integrated  intensities  of  the  nitrogen  lines  and  the  INk 
line,  obtained  at  9  and  140  GHz  [2].  The  peaks  observed  in 
these  intensities  can  be  interpreted  as  due  to  successive 
redistribution  of  the  relative  population  of  the  donor  states 
due  to  thermal  excitation.  With  increasing  degree  of 
compensation,  the  region  of  observation  of  the  cubic  nitrogen 
spectra  shifts  toward  higher  temperatures  while  that  of  the 
hexagonal  site  shifts  toward  lower  temperatures,  the 
maximum  in  intensity  occurring  at  about  T  =  15  K  (Table  1). 


13180  13200 


H,  G 

Fig.  1 .  The  thermal  evolution 
of  donor  ESR  spectrum  in 
the  bulk  6H  SiC  with 
(Nd-Na)  «2'10l8cm'3. 
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Fig.  2.  Temperature  dependence  of  the  relative  integrated  ESR  absorption  line  intensities  of  donors  in  6H 
SiC  with  (ND  -  Na):  a  -  2-  1018cm'3,  b  -  8*  1017cm'3  1  -  Id,  2  -  3  -  ^  (The  range  of  saturation  of  the 

nitrogen  ESR  spectrum  is  indicated  by  a  dashed  line). 


Table  1.  Temperature  characteristics  of  nitrogen  ESR  spectra  in  6H  SiC  polytype. 


(Nd-Na) 

2-10'W3 

41017cm'3 

ATk,K 

4.2-110 

4.2  -  125 

4.2  -  130 

4.2  -  145 

Tkm“,  K 

60 

78 

82 

92 

ATW.K 

80-160 

95  -  160 

110-170 

140- 

110 

135 

140 

|at„,k 

4.2  -  85 

4.2  -  70 

4.2  -  60 

4.2-30 

i M— 

15 

15 

ATj  -  temperature  interval  of  observation  of  the  ESR  spectra:  Ik,  Ih,  hk. 
Ti1”5*  -  the  temperature  at  which  the  Ik,  Ih,  Ink  ESR  lines  have  maxima 


The  correlation  between  the  temperature  behavior  of  the  donor  spectra  and  degree  of 
compensation  of  the  samples  can  be  explained  as  follows.  The  intensities  of  the  donor  lines  decrease 
with  increasing  the  temperature  due  to  ionization  of  donor  states.  The  free  carrier  concentration 
depends  on  the  degree  of  compensation  [3]: 


no-  P-Nc 


Np-NA 

Na 


(1), 


where  Nc  and  P  are  the  conduction  band  density  of  states  and  degeneracy,  respectively,  and  ED  is  the 
ionization  energy  of  the  donors.  It  follows  from  (1)  that  equal  free  electron  concentrations  will  occur 
at  different  temperatures  for  different  compensation  ratios,  Nd/Na. 

The  analysis  of  the  temperature  behavior  of  the  ESR  spectrum  of  nitrogen  taken  at  37  GHz 
indicates  that  a  decrease  of  the  hf  splitting  and  a  broadening  of  the  lines  are  observed  for  the  spectra 
of  cubic  nitrogen  with  increasing  temperature  (Fig.  3).  This  process  is  accompanied  by  the 
appearance  of  a  single  broad  line,  1^,  the  intensity  of  which  grows  with  increasing  temperature  while 
the  line  width  decreases  (Fig.  1).  Such  a  decrease  of  the  hf  splitting  and  broadening  of  the  triplet  lines 
was  also  found  for  ESR  spectrum  of  hexagonal  nitrogen  at  37  GHz  between  30  and  60  K  in  [1]  while 
the  central  triplet  line  at  about  60  K  was  growing  at  the  expense  of  the  outer  lines. 


3.  The  nature  of  the  high  temperature  ESR  Inw  line. 

The  appearance  of  the  Inic  line  and  the  temperature  behavior  of  its  line  width,  along  with  a 
decrease  of  the  hf  splitting  of  the  nitrogen  ESR  spectra  with  increasing  temperature  can  be  explained 
by  a  thermally  activated  transition  of  donor  electrons  from  the  lS(Ai)  state  to  the  1S(E)  state  which 
has  a  node  at  the  central  N  atom.  The  intensity  of  the  line  increases  with  increasing  temperature 
while  the  line  width  and  hence  the  value  of  the  unresolved  hf  interaction  reaches  a 
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minimum  value  and  maximum  anisotropy  when  the  donor 
electrons  occupy  the  1S(E)  excited  state.  The  minimum 
value  of  the  Inic  line  width  for  two  orientations  of  magnetic 
field  obtained  at  140  K  for  6H  SiC  with  (ND-NA)  « 
4*1017cm'3  was  given  in  Table  2. 

The  proposed  interpretation  is  supported  by  the  data 
concerning  the  optical  recharging  of  nitrogen  in  the  two 
paramagnetic  states  by  ultraviolet  (UV)  light  (Fig.  4).  When 
the  samples  are  cooled  in  the  dark  the  ESR  spectrum 
consists  of  two  triplets  of  hf  lines  due  to  nitrogen  on  the 
two  cubic  sites  at  77  K.  With  illumination  present,  one 
single  Ink  line  with  anisotropic  width  (AHj|  =  6  Gs,  AHi  = 
4.5  Gs)  due  to  unresolved  hf  structure  is  observed  in  the 
donor  ESR  spectrum  at  77  K  with  gy  =2.0038  and  gi  = 
2.0028  corresponding  to  the  center  of  gravity  of  two  ESR 
spectra  of  cubic  nitrogen.  The  results  obtained  indicate  that, 
as  the  temperature  decreases,  the  nonequilibrium  electrons 
created  by  the  interband  light  at  first  are  captured  by  the 
1S(E)  level  and  are  left  there  "freezing"  as  the  temperature 
goes  down.  Only  thermal  excitation  of  electrons  from  1S(E) 
level  would  than  change  the  distribution  of  donor  electrons 
between  the  lS(Ai)  and  the  1S(E)  levels. 


Table  2.  Parameters  of  the  nitrogen  ESR  spectra  in  6H  SiC. 


Ik 

Iki 

Ik2 

In,k 

gll 

2.0048 

2.0040 

2.0037 

2.0038 

gl 

2.0028 

2.0026 

2.0030 

2.0028 

A,  AH, 
G 

AH,|=2.5 

AHl=1.8 

11.8 

12.0 

AH||=6.0 

AHi=4.5 

4.  Energy  characteristics  of  donor  centers. 

An  analysis  of  the  temperature  dependencies  of  the 
integrated  ESR  line  intensities  and  line  widths  permitted  the 
determination  of  the  ionization  energies  of  the  donor 
centers.  The  temperature  dependencies  of  the  donor  ESR 
line  intensities,  which  are  proportional  to  the  concentration 
of  paramagnetic  donor  centers  ND,  are  given  by  the 
expression: 


Id(T) 
°  Iref(T) 


(2), 


Fig.  3.  Temperature  behavior  of 
hf  splitting  of  ESR  triplet  lines 
of  nitrogen  on  cubic  sites. 
(ND-NA)«4T017cm'3 


Fig.  4.  Donor  ESR  spectrum  of  6H  SiC 
at  T  =  77  K  after  cooling  the  sample  a) 
in  the  dark;  b)  in  the  present  of  UV 
light 


where  Id(T),  Iref(T)  are  the  line  intensities  of  the  donor  center  and  reference  sample  with  a  Curie  Law 
temperature  dependence.  AHD  is  the  peak-to-peak  width  of  the  first  derivative  of  the  absorption  ESR 
line.  As  follows  from  (2),  one  can  determine  the  donor  energy  from  the  slope  of  the  ln(No)  vs.  1/T 
curves  (Fig.  2). 

For  the  samples  with  (ND  -  NA)  >  8*1017cm'3  the  high  temperature  slope  gives  ionization  energies 
for  the  nitrogen  levels  which  are  in  agreement  with  those  obtained  from  Hall  measurements  [4,  5] 
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and  depend  on  the  donor  concentration,  the  higher  the  concentration  the  lower  the  energy.  The 
ionization  energy  of  the  cubic  site  varied  from  125  to  150  meV  while  that  for  the  hexagon  site  varied 
between  80  and  85.5  meV.  The  valley  orbit  splitting  was  found  to  be  13  meV  for  the  hexagonal  site 
and  60.2  and  63.6  for  the  two  cubic  sites.  For  the  samples  with  (ND-NA)  <  4*1017cm'3,  where  the 
difference  in  the  population  of  lS(Ai)  and  1S(E)  levels  becomes  large,  the  high  temperature  slope  of 
curve  1  (Fig.  2)  yields  an  ionization  energy  coinciding  with  the  value  of  valley-orbit  splitting  of  cubic 
nitrogen  [6]. 

In  Fig.  5  the  Inw  line  width  (liiAH^)  is  plotted 
against  inverse  temperature,  where  one  can 
separate  three  ranges  between  100  K  to  170  K. 

In  the  range  from  100  K  to  120  K  the  width 
increases  due  to  the  broadening  of  the 
unresolved  1S(E)  triplet  lines  while  in  the  second 
range  from  120  K  to  140  K  where  the  decrease 
of  the  hf  splitting  of  the  1S(E)  triplet  lines 
becomes  noticeable,  a  narrowing  of  the  line 
width  is  observed.  At  temperatures  higher  than 
140  K  the  Inic  line  width  increases  due  to  both 
ionization  electrons  from  1S(E)  state  to  the 
conduction  band  and  exchange  interaction  of  ^8*  Temperature  dependence  of  ESR  Inic  - 

donor  electrons  with  the  conduction  electrons,  line  width  in  6HSiC  for  H||c. 

The  three  temperature  slopes  can  be  approximated  with  exp(Eo/kT)  where  EDi  =  34  meV,  ED2  =  21 
meV,  ED3  =  60  meV.  ED3  could  be  attributed  to  the  ionization  of  electrons  from  the  1S(E)  level  to 
the  conduction  band. 

5.  Conclusions. 

The  1S(E)  paramagnetic  state  of  nitrogen  was  found  from  an  ESR  study  of  the  temperature 
behavior  of  donors  in  6H  SiC.  The  ESR  spectrum  of  nitrogen  in  the  excited  1  S(E)  state  consists  of 
single  lines  with  unresolved  hf  structure  which  appear  in  the  donor  ESR  spectrum  at  high 
temperature  when  the  donor  electrons  are  excited  from  the  1S(Aj)  to  the  1S(E)  level  of  nitrogen. 

The  authors  are  grateful  to  Dr.  S.  Greulich-Weber  and  Dr.  W.C.  Mitchel  for  valuable  discussions 
of  this  work.  The  work  was  supported  by  Deutsche  Forschungsgemeinschaft  (Grant  No  FKZ:01  M 
2971)  and  by  the  Air  Force  Research  Laboratory  (Contract  SPC-98-4055). 
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Abstract  Ab  initio  LDA  calculations  have  been  carried  out  for  dopant-related  complexes  in  silicon 
carbide.  Cluster  models  with  localized  basis  functions  are  used  to  calculate  spin  distributions  while 
supercell  calculations  are  used  to  determine  the  relative  stabilities  as  the  function  of  the  chemical 
potential.  We  show  that  a  divacancy  capturing  a  P  atom  gives  rise  to  a  deep  donor  level  and  give 
an  estimate  for  the  occupancy  level.  Based  on  the  calculated  spin  distribution  on  the  phosphorus  at 
the  Si  site  next  a  carbon  vacancy  (Psi+Vc),  such  a  complex  can  indeed  be  identified  with  the  EPR 
center  “P-V”.  We  show  that  at  high  Si/C  ratio  the  formation  energy  of  P  at  the  C  site  (Pc)  and  at  the 
Si  site  is  about  the  same  in  thermal  equilibrium.  Pc  is  also  an  effective  mass  donor  in  3C-SiC.  We 
have  established  that  the  boron  substitutional  chooses  the  Si  site  in  a  divacancy  in  both  the  neutral  and 
the  negative  charge  state,  i.e.  no  bistability  occurs.  The  arising  Bs^+Vc  complex  is  a  deep  acceptor 
with  spin  distribution  very  close  to  that  measured  by  ENDOR.  The  acceptor  part  of  the  complex  is, 
however  the  Vc  I  This  explains  why  the  PL  spectra  finds  the  acceptor  on  the  same  sublattice  as  Nc. 

The  development  of  SiC  as  device  material  for  power  electronics  is  making  continuing  progress. 
One  key  to  the  technology  is  the  control  of  doping.  Phosphorus  is  an  n-type  dopant  while  boron  is 
an  important  p-type  dopant  in  SiC.  Phosphorus  is  expected  to  substitute  preferentially  on  the  silicon 
sublattice  based  on  its  size,  and  the  shallow  boron  is  suggested  to  be  an  off-center  boron  substituting 
for  a  Si  atom  (B5i)  based  on  experiments  [1].  Boron  creates  a  shallow  as  well  as  a  deep  acceptor 
level  [2].  The  P  implanted  6H-SiC  epilayers  have  yielded  two  ionization  energies  below  110  meV 
associated  with  the  P Si  donor  [3],  Only  one  deep  P-related  donor  level  has  been  reported  in  neutron 
transmuted  and  subsequently  annealed  6H-SiC  samples  [4].  In  6H  material,  the  deep  B  acceptor  has 
been  recently  identified  with  a  B  atom  on  a  Si  site  next  to  a  C  vacancy  (BSi+Vc)  in  electron  spin 
resonance  (EPR)  and  electron  nuclear  double  resonance  (ENDOR)  experiments  [5,6].  Duijn-Amold 
et  al.  [6]  have  shown  that  the  spin  density  of  the  singly  occupied  orbital  in  the  neutral  charge  state 
of  the  center  is  negligible  on  the  boron  atom  and  about  70-90%  of  it  is  localized  on  the  three  silicon 
atoms  around  the  carbon  vacancy.  No  significant  difference  was  found  between  the  kh2  and  h  sites, 
although  the  corresponding  signals  have  been  resolved.  Samples  co-doped  with  N  and  B  have  shown 
a  Type  I  PL  spectrum  for  the  deep  B  acceptors  recombining  with  the  shallow  nitrogen  donors  in  3C- 
SiC  [7],  indicating  that  the  ionized  donor  and  acceptor  occupy  the  same  sublattice.  Since  the  donor 
state  is  localized  on  Nc,  the  deep  B  center  was  associated  with  a  complex  containing  B  at  a  C  site  [7]. 
This  is  in  clear  contradiction  with  the  ENDOR  results  above,  which  show  B  on  the  Si  site.  One  aim 
of  this  paper  to  resolve  this  controversy. 

Magnetic  resonance  studies  have  been  performed  on  6H-SiC  crystals  doped  with  P  by  neutron 
transmutation  and  subsequently  annealed  [4,8].  Three  distinct  spectra  were  observed  at  77K  [4].  One 
(P-V)  was  interpreted  as  an  axially  symmetric  phosphorus  -  vacancy  complex.  Differences  between 
the  hexagonal  (h)  and  cubic  (kij2)  sites  could  not  be  resolved.  The  other  two  spectra  (Pa,  P&)  were 
interpreted  as  substitutional  phosphorus  on  Si  ki>2  sites. 
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Table  1 :  P-related  hf  constants  measured  in  neutron-transmutation  doped  6H-SiC.  The  corresponding  molecular  wave- 
function  coefficients:  localization  (7?2),  s  (a2)  and  p  Qfl2)  character  (in  %)  have  been  calculated. 


signal 

temperature 

a/h  [MHz] 

b/h  [MHz] 

rf 

a2 

p 

Pa1 

T  >60  K 

156 

0.7 

1.62 

86 

14 

P& 

T  >60  K 

145 

0.0 

1.32 

100 

0 

P-V1 

T  >60  K 

22 

1.9 

0.81 

24 

76 

Pi2 

T<10  K 

1.562 

0.894 

0.30 

5 

95 

P22 

T<10  K 

8.7 

4.2 

1.43 

5 

95 

2  See  Ref.  [10] 


Two  other  P-related  signals  (Pi,  P2),  measured  at  10  K,  were  also  reported  [9]  and  later  interpreted 
[10]  by  analogy  to  N  in  SiC.  Based  on  the  very  similar  g-tensors  of  the  Pa,  ?b ,  P-V  and  of  the  PL, 
P2  signals,  all  of  them  were  assigned  to  the  P Si  substitutional  [10],  despite  the  fact  that  the  measured 
hyperfine  (hf)  constants  for  P  were  quite  different  (see  Table  1).  While  ?a>b  show  strong  s  character 
for  the  orbital  of  the  unpaired  electron  on  phosphorus,  Pi}2  implied  p-character.  The  reasoning  of 
Ref.  [10]  was  that  for  P5i  the  effective  mass  E  state  might  be  lower  in  energy  than  the  Al  state,  and 
the  increasing  temperature  causes  mixing  between  them  resulting  in  an  increase  in  the  isotropic  hf 
constant  (making  the  orbital  more  s-like).  Therefore,  the  P1  signal  (measured  at  10  K)  was  identified 
with  the  P-V  signal  (measured  at  77  K)  and  it  was  assumed  that  both  originate  from  P5i  at  a  h 
site.  Using  the  same  argumentation,  the  P2  signal  was  interpreted  as  the  low  temperature,  unresolved 
alterego  of  the  Pfl)6  signals,  all  coming  from  P Si  at  the  ki)2  sites.  In  this  paper  the  assignment  of  P 
related  centers  was  investigated  based  on  first  principles  calculations. 

Ab  initio  calculations  in  the  local  density  approximation  of  density  functional  theory  [11]  were 
performed  using  the  AIMPRO  code  [12]  which  applies  a  Gaussian  basis  to  expand  the  one-electron 
wave  functions  in  a  molecular  cluster.  (For  details,  see  Ref.  [13, 14].)  For  the  EMT  defects  the  64 
atom  3C  and  72  atom  4H  supercell  calculations  were  also  performed  in  K  =  0  approximations.  Host 
atoms  within  the  first  and  the  second  neighbor  shell  around  defects  were  allowed  to  relax  to  obtain 
the  minimum  energy  of  the  defects. 

To  investigate  the  P-related  defects,  first  we  wanted  to  check  the  assumption  of  Ref.  [10].  Since 
P5i  is  an  effective  mass  donor,  a  supercell  calculation  was  needed.  The  measurements  were  made 
on  6H-SiC  but  that  would  have  required  a  supercell  too  big  for  our  computer.  However,  the  states 
around  the  conduction  band  minima  are  very  similar,  as  far  as  their  s/p  character  is  concerned,  in  4H 
and  6H  polytypes  [15].  Therefore,  we  have  calculated  P5i  in  4H-SiC.  P Si  at  the  k  site  turned  out  to 
be  more  stable  than  at  the  h  site  by  0.26  eV.  (This  value  should  be  checked  later  in  better  k-point 
sampling.)  The  occupied  donor  orbital  in  both  cases  belongs  to  the  ax  irreducible  representation  of 
C3u  with  dominantly  s  character,  while  the  first  excited  state  of  the  defect  is  a  doubly  degenerate  e 
state  with  p  character.  This  finding  must  be  valid  for  6H-SiC  as  well,  contradicting  the  assumption  of 
Ref.  [10].  Since  our  calculation  pertains  to  T  =  0  K,  the  Pij2  signals  cannot  correspond  to  P 5i.  The 
assumption  that  P Si  is  also  more  stable  at  the  k  sites  than  at  the  h  site  in  6H  SiC,  may  explain  why  no 
signal  could  be  assigned  to  P Si  at  a  h  site  in  Ref.  [4]. 

Unlike  the  effective  mass  donor  P5i,  Psi+Vc  is  expected  to  give  rise  to  a  deep  donor  level,  corre¬ 
sponding  to  a  more  localized  orbital.  In  such  a  case  the  polytype  differences  are  smaller.  Therefore, 
in  order  to  economize,  we  used  a  molecular  cluster  (5  complete  host  atom  shells  around  Vc)  in  3C 
geometry  for  modeling  the  defect.  As  it  has  turned  out,  85  %  of  the  unpaired  spin  is  localized  within 
the  second  neighbor  shell  of  V^.  The  relaxed  structure  of  P si+Vc  is  depicted  in  Figure  1,  where 
the  electronic  structure  is  also  marked.  Due  to  the  steric  repulsion  of  the  lone-pair  electrons  of  P, 
the  levels  depicted  in  Figure  1  are  pushed  up  in  the  gap  relative  to  the  donor  level  of  Vc.  Using  the 
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Figure  1 :  The  relaxed  Psi+V<?  complex  in  3C  SiC.  Numbering  refers  to  symmetry  equivalent  sites  in  the  two  sublattices. 
The  electronic  structure  is  shown  a):  in  terms  of  localized  orbitals,  (normal,  long  and  dangling  bonds  as  well  as  lone  pairs) 
and  b):  the  energy  levels  of  the  canonical  orbitals  illustrating  the  Jahn-Teller  effect 

method  described  in  Ref.  [16],  the  (+/0)  occupation  level  of  P si+Vc  can  be  estimated  to  be  0.22  eV 
farther  from  the  valence  band  edge  than  that  of  Vc  (i.e.,  about  2.2  eV  above  the  valence  band  edge 
in  3C-SiC;  the  (0/+)  occupation  level  of  Vc  is  predicted  to  be  about  2.0  eV  above  the  valence  band 
edge  [17]).  The  calculated  s/p  ratio  and  the  localization  for  the  (singly  occupied)  donor  orbital  on 
P  are  8/92  and  2%  which  should  be  compared  to  the  values  obtained  from  the  measured  hyperfine 
constants  (Table  1).  (See  Ref.  [14]  for  more  detail.)  The  donor  orbital  of  P5i+Va  is  dominantly  p-like 
on  P  (in  our  T=0  K  calculation),  as  is  the  case  for  the  P-V  center  (measured  at  77  K).  This  supports 
the  assignment  of  the  P-V  center  to  the  P Si+Vc  complex.  The  calculated  s/p  ratio  is,  however,  closer 
to  the  one  obtained  for  Pi  (taken  at  10  K).  Using  similar  arguments  as  in  Ref.  [10],  one  could  assume 
that  at  non-zero  temperatures  the  many-electron  wavefunction  of  the  paramagnetic  state  has  a  more 
pronounced  admixture  of  the  s-like  a!  state  (see  Figure  1)  to  the  p-like  a’i  state.  If  so,  the  P-V  center 
could  indeed  be  the  77  K  manifestation  of  the  Pi  center  -  as  assumed  in  Ref.  [10]  -  but  both  being 
fingerprints  of  the  same  Psi+Vc  complex.  In  that  case  it  would  seem  likely,  that  the  Pi  and  P2  centers 
both  come  from  this  complex  and  correspond  to  h  and  k  sites,  which  could  have  been  resolved  at  low 
temperature. 

We  have  also  calculated  the  formation  energies  of  P si  and  Pc  as  a  function  of  chemical  potential 
of  Si  in  3C-SiC  supercell  calculations.  We  have  found  that  under  extreme  Si  excess  the  formation  of 
p si  and  Pc  has  about  the  same  probability.  Pc  is  also  an  EMT  donor  with  deeper  donor  level  than  of 
P Si  which  implies  that  new  PL  lines  could  be  detected  associated  with  this  center  in  P-doped  epitaxial 
grown  SiC  samples  with  high  Si/C  ratio.  The  calculation  of  Pc  in  4H  is  in  progress. 

Returning  to  the  problem  of  the  deep  boron  center  introduced  at  the  beginning,  an  explanation 
for  the  contradicting  PL  and  EPR/ENDOR  results  could  be  a  possible  bistability  of  the  complex  of 
a  boron  atom  in  a  divacancy.  In  the  neutral  charge  state,  seen  in  EPR,  the  configuration  could  be 
(Bs;+Vc)°.  In  the  negatively  charged  state,  observed  in  PL  this  could  changed  to  (V^j+Bc)”.  To 
investigate  this  assumption  the  boron  atom  placed  initially  on  the  Si  site  of  the  divacancy  results 
in  the  (B si+Vc)  configuration  like  in  Figure  1  replacing  the  P  with  lone  pair  to  B  with  an  empty 
orbital.  Starting  the  calculation  with  the  boron  initially  placed  on  the  C  site  gives  rise  to  the  (Vs*+Bc) 
configuration.  By  comparing  the  total  energies  for  the  relaxed  geometries,  the  B^^+Vc  complex  turns 
out  to  be  more  stable  by  3.78  eV  in  the  neutral  and  by  2.22  eV  in  the  negatively  charged  state  than  the 
Vsi+Bc  configuration.  The  difference  is  caused  mainly  by  the  fact  that  the  B-C  bond  is  stronger  than 
the  B-Si  bond,  but  also  Vc  somewhat  more  stable  than  V5i.  Based  on  the  substantial  energy  difference 
in  favor  of  the  B5*+Vc  configuration  in  both  charge  states,  bistability  can  safely  be  excluded. 

The  Jahn-Teller  distortion  in  B5i+Vc  also  occurs  as  in  Psi+Vc*  The  aL  level  lies  close  to  the 
valence  band  edge,  and  serves  an  acceptor  level.  The  electron  distribution  of  B Si+Vc  was  analyzed 
by  means  of  Mulliken-analysis.  For  the  acceptor  level,  0.6,  68.3,  and  0.5%  of  the  spin  density  is 
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localized  on  the  B  atom,  on  the  Sii  and  Si2  atoms,  and  on  the  carbon  neighbors  of  boron,  respectively. 
The  Si2  atoms  move  closer  and  bond  weakly  while  the  third  one  has  a  dangling  bond  in  which  the 
acceptor  level  is  mainly  localized.  Since  about  70%  of  the  acceptor  orbital  is  localized  on  the  first 
neighbors  of  the  divacancy,  it  makes  sense  to  compare  the  spin  distribution  calculated  for  3C  with 
experimental  values  obtained  for  the  k  sites  of  hexagonal  polytypes.  The  values  of  the  spin  density 
of  the  singly  occupied  level  measured  by  ENDOR  in  6H-SiC  [6]  on  B,  on  Si:  and  Si2  atoms,  and  on 
the  carbon  neighbors  of  B  were  ~0,  ~70-90,  and  ~0.6%,  respectively.  The  similarity  between  the 
calculated  3C  and  measured  6H  results  corroborates  the  analysis  in  Ref.  [6].  The  strong  localization 
explains  why  the  difference  is  little  between  the  two  polytypes. 

In  the  negatively  charged  state,  the  Si  atoms  around  Vc  decrease  their  positive  charge  relative 
to  that  in  the  perfect  lattice.  This  extra  negative  charge  is  again  accommodated  by  the  weak  bond 
between  the  Si2  atoms  (9.5%  on  each)  and  the  dangling  bond  of  the  Six  atom  (43.3%),  pointing 
toward  the  vacancy.  Therefore,  62%  of  the  trapped  charge  of  the  ionized  acceptor  is  localized  in  V^. 
That  means  that  in  (Bsi+Vc)"  complex,  the  acceptor  part  is,  in  fact,  the  Vc,  so  the  negative  charge 
state  can  be  noted  as  B^+V^.  The  donor-acceptor  recombination  that  gives  rise  to  the  PL  spectrum 
occurs  between  centers  in  the  same  carbon  sublattice  resulting  in  a  Type  I  spectrum.  Still,  B  resides 
on  the  Si  site  as  predicted  by  ENDOR.  Thus,  the  contradiction  of  the  PL  and  EPR  results  can  be 
resolved  without  invoking  bistability. 
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Abstract 

A  high-frequency  (95  GHz)  pulsed  electron  paramagnetic  resonance  (EPR)  and  electron  nuclear 
double  resonance  (ENDOR)  study  has  been  carried  out  on  the  shallow  boron  acceptor  in  1  C- 
enriched  4H-SiC  and  6H-SiC.  From  the  hyperfme  interaction  of  the  unpaired  electron  spin  with  the 
13C  (I  =  1/2)  nuclei  the  spatial  distribution  of  the  electronic  wave  function  has  been  established,  and 
turns  out  to  be  highly  anisotropic.  It  is  found  that  there  are  subtle  differences  in  the  degree  of 
localization  of  this  wave  function  between  the  different  quasi-cubic  sites  in  the  polytypes  4H-SiC  and 
6H-SiC.  For  the  hexagonal  site  no  detailed  analysis  could  be  made  of  the  ENDOR  data,  but  the 
results  indicate  that  here  also  the  spatial  distribution  is  highly  anisotropic. 

I.  Introduction 

One  of  the  intriguing  problems  in  semiconductor  physics  is  the  nature  of  shallow  impurities  in 
the  host-crystal  lattice.  The  most  critical  test  of  the  theoretical  models  describing  the  electronic  wave 
function  of  the  shallow  donors  and  acceptors  is  provided  by  the  hyperfine-interaction  of  the  unpaired 
electron  spin  with  the  surrounding  nuclear  spins,  obtained  from  electron-nuclear-double-resonance 
(ENDOR)  spectroscopy.  Calculations  by  Fukumoto[l]  show  that  the  unpaired  electron  connected  to 
the  sB  acceptor  center  in  3C-SiC  resides  almost  entirely  on  the  C-atoms.  To  check  this  prediction  we 
have  performed  a  95  GHz  ENDOR  study  on  a  EPR/ENDOR  spectrometer  [2,3]  on  the  13C  (I  =  1/2) 
nuclear  spins  in  13C-enriched  4H-  and  6H-SiC  crystals.  Both  were  free-standing  epitaxial  layers  (with 
removed  substrates)  grown  by  the  sublimation  sandwich  method.  The  first  contained  B  in  natural 
abundance,  in  the  second  B  was  diffused  in  at  temperatures  of  2000°C.  It  appears  that,  although  the 
EPR  properties  of  sB  in  4H-SiC  and  6H-SiC  are  very  similar,  a  difference  in  behaviour  can  be 
observed  in  the  ENDOR  data.  In  particular  it  can  be  seen  that  for  the  k2  site  in  6H-SiC  the  electronic 
wave  function  is  more  localised  than  for  the  ki  site  in  6H-SiC  and  the  k  site  in  4H-SiC. 

II.  Results  and  Analysis 

Figure  1  shows  part  of  the  13C  ENDOR  spectra  of  the  sB  ki  and  k2  site  in  6H-Si13C  and  the 
k-site  in  4H-Si13C.  The  first  thing  to  note  is  that  the  ki  spectrum  in  6H-SiC  is  roughly  the  same  as 
that  of  the  k  site  in  4H-SiC.  This  is  the  case  for  all  measured  orientations.  The  second  thing  to  note  is 
that  the  spectrum  of  k2  contains  less  lines  around  the  carbon  nuclear  Zeeman  frequency  than  that  of 
k]  which,  combined  with  the  fact  that  we  found  one  more  line  at  45  MHz  for  k2,  suggests  that  for  k2 
the  spin  density  is  more  localised  than  for  ki.  Due  to  the  overlap  of  the  EPR  lines  of  kj  and  k2  in  6H- 
SiC  “crosstalk”  takes  place,  which  complicates  the  assignment  of  the  ENDOR  lines.  For  all 
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Fig.  1  :  The  13C  ENDOR  spectrum  of  k{-  and  k2-sites 
of  B  in  6H-SiC  and  the  k-site  of  B  in  4H-SiC  for  B  //  c. 


orientations  except 
B  //  c  and  B  1  c  the 
EPR  lines  lie  too 
close  together  to 
clearly  distinguish 
the  two  qc  sites. 

An  important 
element  in  the 
assignment  of  the 
lines  in  the  13C 
ENDOR  spectrum  to 
specific  13C  nuclei 
surrounding  the  B 
impurity  is  provided 
by  the  ab-initio 
cluster  calculations 
of  the  hf  interactions 


on  the  sB  acceptor  in 

3C-SiC  by  Petrenko  et.  al.[4].  In  this  calculation,  due  to  size  problems,  only  nuclei  up  to  two  bond 
lengths  away  from  the  B  atom  could  be  taken  into  account.  The  results  show  that  the  largest 
isotropic  hf  interaction  is  with  the  C  atom  next  to  B.  The  next  largest  interaction  is  one  order  of 
magnitude  smaller  and  with  the  three  ,3C  atoms  two  bond  lengths  away  along  the  direction  of  the  B- 
main  C  bond.  With  all  other  l3C  atoms  (one  or  two  bondlengths  away  from  the  B  atom)  the  isotropic 
hf  interaction  is  calculated  to  be  again  one  order  of  magnitude  smaller.  It  was  proposed  that  the  spin 
density  distribution  is  cigar-like  shaped  oriented  along  the  B-main  C  connection  line  away  from  the  B 
atom. 


With  the  help  of  this  model  we  assigned  orientational  dependencies  to  groups  of  nuclei.  Each 
group  contains  nuclei  that  have  roughly  the  same  distance  to  the  B-nucleus  and  that  are  placed 
cylindrical^  symmetrical  around  the  line  going  through  the  B-main  C  connection  line.  We  assumed 
the  anisotropic  hf  tensors  to  be  oriented  along  the  Si-C  bonds.  However,  some  orientational 
dependencies  had  extremes  that  clearly  deviate  from  the  natural  bond  angles  and  we  concluded  that 
in  some  cases  linear  combinations  of  two  or  more  bonds  directions  are  necessary  to  obtain  the  right 
angle.  A  more  elaborate  description  of  the  assignments  can  be  found  in  ref  5. 


HI.  Discussion 


The  results  allow  for  an  investigation  of  the  difference  in  the  electronic  properties  of  the  qc 
and  hex  sites  in  4H-SiC  and  6H-SiC.  The  EPR  spectra  indicate  that  the  sB  acceptor  in  4H-SiC 
strongly  resembles  that  in  6H-SiC.  The  g-tensors  found  are  almost  identical  and  the  I3C  hf  splitting 
observed  in  the  EPR  spectra  of  the  sB  acceptor  in  4H-SiC  is  similar  to  that  in  6H-SiC.  From  the  hf 
interaction  with  nB,  we  find  that  there  is  no  direct  spin  density  on  boron.  Thus  in  both  crystals  -30% 
of  the  spin  density  is  located  in  a  dangling  bond  pz  orbital  on  the  C  atom  neighboring  the  B  atom.  B 
itself  carries  no  spin  density.  The  rest  of  the  spin  density  is  delocalized  in  the  crystal. 

The  most  remarkable  result  of  our  study  is  the  assignment  of  lines  in  the  13C  ENDOR  spectra 
to  specific  C  atoms  up  to  11  bond  lengths  away  from  the  B  atom.  This  allows  for  the  determination 
of  the  spatial  distribution  of  the  unpaired  spin  density  of  the  sB  acceptor.  It  is  found  that  this 
distribution  is  not  spherically  symmetric  but  is  highly  anisotropic  and  directed  from  B  to  the  main  C 
and  beyond.  This  result  is  in  striking  agreement  with  the  theoretical  predictions  of  Petrenko  et.  al.[4]. 
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The  question  arises  whether  the  anisotropic  distribution  of  the  electronic  wave  function  on  the 
remote  13C  nuclei  as  revealed  by  the  13C  ENDOR  data  can  be  rationalised  on  the  basis  of  Effective 
Mass  Theory  (EMT).  sGa  and  sAl  show  a  highly  anisotropic  g-tensor  in  agreement  with  the 
calculated  g-anisotropy  of  the  valence  band  hole.  However  the  sB  orbital  angular  momentum  is 
quenched  and  one  would  not  expect  to  see  band  structure  properties  reflected  in  the  properties  of 
the  hole  attached  to  the  sB  acceptor.  Nevertheless  we  observe  that  the  electronic  wave  function  of 
the  qc  sB  acceptor  perpendicular  to  the  c-axis  extends  considerably  further  than  parallel  to  the  c- 
axis  in  agreement  with  the  anisotropy  of  the  hole  mass  (mhoi/  =1 .67  me  and  mhoie  =  0.62  me)[6]. 

The  fact  that  all  three  sB  centers  in  6H-SiC  seem  to  have  a  different  localization  of  the  spin 
density  and  thus  a  different  ionization  energy  supports  the  results  of  Evwaraye  et.al.[7]  who  found 
three  different  levels  for  the  sB  acceptor  at  Eh  =  Ev  +  0.27  eV,  Eki  =  Ev  +  0.3  leV  and  Ek2  =  Ev  + 
0.38  eV.  It  seems  probable  that  this  lower  lying  k2  level  leads  partly  to  self-compensation  in  the 
crystal,  which  might  explain  the  change  in  electrical  characteristics  found,  when  going  from  4H-SiC 
to  6H-SiC. 

To  translate  the  observed  and  assigned  13C  hf  interactions  into  electron  densities  we  take  the 
point  of  view  that  the  wave  function  of  the  sB  acceptor  consists  mostly  of  2s  and  2p  orbitals  of  the 
C  atoms.  We  consider  the  wave  function  of  the  unpaired  electron  bound  to  the  sB  center  as  a 
LCAO-MO  centered  on  C  atoms  near  the  defect, 

with  5X=1  ^ 

i  i 

and  approximate  the  atomic  function  as  a  2s-2p  hybrid  orbital  at  each  C  atom  as 


Fig.  2  :  The  electronic  wave  function  distribution  of  kv  The  largest  peak  represents  the  main  C 
atom.  Boron  is  located  just  below  the  plane  of  the  figure  at  the  position  indicated  by  the  arrow. 
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\|f  =  oci(\|/2s)i  +PiO|/2p)i,  with  a?  +  p?  =  1  (2) 

The  2p  orbital  is  oriented  along  the  four  possible  Si-C  connection  lines.  By  using  eqs.  1  and  2,  the 
experimental  data,  the  table  of  Morton  and  Preston  [8]  and  the  Roothaan-Hartree-Fock  wave 
functions  [9]  we  can  calculate  the  square  of  the  total  wave  function  of  the  electron  at  any  point  in 
space.  In  this  we  have  assumed  that  spin  density  is  the  same  as  electron  density  (B  is  neutral). 

To  visualise  the  delocalisation  of  the  electronic  wave  function  connected  to  the  ki  site  we 

show  in  Fig.  2  its  spin  density  at 
the  C  atoms  in  the  plane 

perpendicular  to  the  c-axis.  The 
density  on  the  main  C  atom 
dominates  but  there  is  an 
appreciable  delocalisation  of  the 
wave  function  beyond  this  C 
atom,  away  from  B.  Figs  3a  and 
3b  show  the  delocalisation  of  the 
wave  function  in  the  plane 

containing  the  c-axis  for  the  ki 
respectively  the  k2  site.  The 

position  with  the  largest  amount 
of  lines  (to  the  right  of  the  B 
atom),  is  the  main  C  atom.  From 
the  figures  it  can  be  seen  that  the 
wave  function  is  elongated  along 
the  B-C  connection  line  and  that 
the  k2  site  function  is  slightly 

more  localized  than  the  ki  site 
function. 

Another  important  result 
of  our  findings  is  a  reassignment 
of  the  ionization  energy  levels  for 
sAl  and  sGa.  We  propose  that  the 
smaller  ionization  energy  should 
be  assigned  to  the  hex  and  ki  site, 
with  the  k2  site  having  the  larger 
one.  This  agrees  with  the  ODMR 
results  of  K.M.  Lee  et.  al.[10] 
and  K.  Maier  et.  al.fll]  who  find 
for  the  sAl  acceptor  in  4H-SiC 
two  lines  with  g  ~  2.3.  In  6H-SiC 
also  a  third  line  is  found  with  g  < 
2.3,  which,  as  sAl  and  sGa  obey  effective  mass  theory,  tells  us  that  the  third  line  belongs  to  a  much 
deeper  center.  As  explained  the  k-site  in  4H-SiC  is  related  to  the  k*  site  in  6H-SiC  and  thus  the  third 
line  should  belong  to  the  k2  site,  in  agreement  with  our  results. 


Fig.  3a :  the  electronic  wave  function  distribtion  of  k,. 
The  position  of  the  boron  atom  is  indicated  with  a  B. 


o 


Fig.  3b  :  the  electronic  wave  function  distribution  of  k2. 
The  position  of  the  boron  atom  is  indicated  with  a  B. 


IV.  Conclusion 

We  have  been  able  to  determine  the  spatial  distribution  of  the  electronic  wave  function  of  the 
shallow  boron  acceptor  at  the  quasi-cubic  sites  in  4H-SiC  and  6H-SiC  up  to  14  A  away  from  the  B 
atom.  It  is  found  that  the  delocalization  of  this  wave  function  is  very  anisotropic.  Moreover,  it  is 
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found  that  the  k2  site  electronic  wavefunction  is  slightly  more  localised  than  the  ki  site 
wavefunction,  suggesting  that  k2  has  a  larger  ionization  energy  than  ki.  The  measurements  also 
suggest  that  for  the  hex  site  the  spatial  distribution  on  the  remote  13C  nuclei  is  different  from  that  at 
the  qc  sites  in  that  it  extends  isotropically  in  the  plane  perpendicular  to  the  c-axis.  So,  when 
comparing  the  qc  sites  with  the  hex  site  we  conclude  that  the  distribution  of  the  spin  density  on  the 
remote  13C  is  determined  by  two  factors.  The  first  one  is  the  orientation  of  the  core  of  the 
wavefunction,  parallel  c  for  the  hex  site  and  at  70°  to  the  c-axis  for  the  qc  sites.  The  second  one  is 
the  anisotropy  of  the  effective  mass  in  the  crystal,  which  leads  to  a  suppression  of  the  distribution 
along  the  c-axis. 
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Abstract  In  this  paper  we  present  an  overview  of  the  different  shallow  and  deep  acceptor  centers  in 
9Be-doped  6H-SiC.  The  g-,  hyperfine  and  quadrupole  tensors  of  up  to  eight  different  centers  are 
identified.  Their  geometric  and  electronic  structure  resembles  that  of  the  B-related  centers  in  6H-SiC. 
Three  of  them  showed  the  behavior  characteristic  of  shallow  B  centers  (sB),  five  of  them  that  of 
deep  centers  (dB).  Two  of  the  deep  centers  have  not  been  found  in  B-doped  6H-SiC. 

I.  Introduction 

Beryllium  is  an  important  double-charged  acceptor  and  an  electrically  active  impurity  in 
silicon  carbide.  The  electrical  properties  of  SiC:Be  have  been  studied  by  Maslakovets  et.  al.  and 
Vodakov  et.  al.[l]  and  it  was  found  that  there  are  at  least  two  acceptor  levels,  Ev  +  0.42  eV  and  Ev  + 
0.60  eV.  Alternatively,  when  Be  is  introduced  into  crystals  that  are  highly  doped  with  acceptor 
impurities  (B,  Al,  Ga),  Be  acts  as  a  donor,  leading  to  an  increase  in  the  compensation  of  the  sample 
by  donor  centers.  Be  is  also  a  luminescence  activator  and  the  existence  of  several  states  of  Be 
follows  from  an  analysis  of  the  luminescence  parameters  of  6H-SiC:Be[2].  Diffusion  measurements 
confirm  the  existence  of  at  least  two  states  of  Be  with  different  activation  energies [1,3]. 

The  few  EPR  investigations  on  the  Be  acceptor  that  have  been  reported[4]  were  performed  at 
9.5  GHz  (X-band)  and  suffer  from  poor  resolution  due  to  the  very  small  g-anisotropy.  Here  we 
present  EPR  and  ENDOR  experiments  that  were  performed  at  95  GHz  and  1.2  K  on  a  pulsed 
EPR/ENDOR  spectrometer[5]  using  as-grown  and  Be-diffusion  doped  6H-SiC  Lely  type  crystals. 

II.  Results  and  Analysis 

Figure  1  shows  the  EPR  spectra  of  four  different  6H-SiC:Be  samples,  for  two  characteristic 
orientations.  The  upper  panel  shows  the  spectra  of  the  samples  with  B  //  c  and  the  lower  panel  for 
the  orientation  B  1  c.  Sample  I  and  II  are  the  as  grown,  sample  III  and  IV  are  the  Be  diffusion  doped 
crystals.  The  figure  shows  that  the  relative  intensity  of  the  different  signals  varies  over  the  samples.  It 
is  seen  that  the  two  left-most  signals,  attributed  to  Be  -  C-vacancy  pair  centers,  are  more  pronounced 
in  sample  III  and  IV,  where  they  are  more  easily  formed  due  to  the  high  amount  of  vacancies. 

From  the  orientational  dependence  of  the  EPR  spectra  it  proved  possible  to  assign  the 
observed  EPR  lines  to  specific  Be  centers.  In  this  way  three  shallow  Be  acceptor  centers  were 
identified  with  Be  substituting  for  a  Si  atom  in  a  hexagonal  (hex)  position(sBeh)  and  for  a  Si  atom  on 
a  quasi-cubic  (qc)  kj  position  (sBeki)  or  k2  position  (sBek2).  In  addition  three  deep  Be  centers  were 
found  corresponding  to  a  Be  substituting  for  a  Si  on  a  hex,  ki  or  k2  position  combined  with  a 
neighboring  C  vacancy  along  the  c-axis  (dBeh,  dBekl'  and  dBek2')-  Remarkably  we  also  found  EPR 
lines  related  to  Be  atoms  substituting  for  a  Si  on  a  qc  site  combined  with  a 


806 


Silicon  Carbide  and  Related  Materials  - 1999 


neighboring  vacancy  at  70°  to 
the  c-axis  (dBeki"  and  dBek2"). 

The  largest  hyperfine 
(hf)  interaction  of  the  sBeh 
concerns  a  13C  nuclear  spin 
(1=1/2),  thus  proving  that  Be 
substitutes  for  a  Si.  The  second 
largest  hf  splitting  was  observed 
with  29Si  (1=1/2).  The  largest  hf 
interaction  of  the  dBekj"  and 
dBek2"  centers  concerns  the  29Si 
nuclei.  Precise  values  for  the  4Be 
hf  interaction  for  all  centers 
were  found  from  Electron 
Nuclear  Double  Resonance 
(ENDOR)  measurements  [6] . 

The  direction  of  the  gz  axis  and 
principal  values  of  the  g-tensors, 
the  hf  tensors  of  the  13C  and  29Si 
nuclei  and  the  hf-  and 

III.  Discussion 

Figures  2a.  to  2e.  show  the  proposed  models  for  the  Be  centers  and  the  directions  of  their  g-, 
hf-  and  quadrupole-tensors.  They  resemble  the  models  for  the  shallow  and  deep  B  centers  [7,8,9]. 
There  it  was  found  that  the  shallow  (s)  centers  are  characterized  by  a  gz  value  that  is  smaller  than  the 
gx  and  gy  values,  and  the  deep  (d)  centers  by  a  gz  value  that  is  larger  than  the  gx  and  gy  values.  In  the 
case  of  the  shallow  centers,  the  spin  density  is  located  on  a  dangling  pz  orbital  on  the  C  atom  next  to 
B  (Be)  and  parallel  to  the  gz  axis[7].  In  contrast,  in  case  of  the  deep  centers,  the  B  (Be)  is  paired  with 
a  vacancy  along  the  gz  axis  direction  (local  symmetry  axis)  and  thus  the  spin  density  is  mainly 
distributed  perpendicular  to  this  gz  axis  on  the  three  Si  atoms  on  the  other  side  of  the  vacancy[10]. 

The  sBeh  center  can  be  described  by  the  same  model  used  for  the  sBh  center  in  6H-SiC  and  is 
depicted  in  fig  2a.  It  is  found  that  the  g-tensor  of  the  sBeh  site  has  its  gz  axis  parallel  to  the  c-axis  and 

_  gx _ gy _ gz  Z(gz,c)  13C  hf  (mT)  29Si  hf  (mT) 

sBeh  2.00565(10)  2.00565(10)  2.00180(10)  0°  [III]  a  =  4.2  (5)  a  =  0.74  (5) 

b=  1.1(5)  b  =  0.13  (5) 

sBekl  2.00505(10)  2.00498(10)  2.00210(10)  70°  [III] 

sBek2  2.00570(10)  2.00523(10)  2.00230(10)  70°  [III] 

dBeh  2.0033  2.0033  2.0088  0°  [III] 

dBekiV  2.0043  2.0043  2.0073  0°  [III] 

dBekJ"  2.00500(10)  2.00300(10)  2.00764(10)  68°  [III]  -  A//c  =  7.5 

dBek2"  2.00435(10)  2.00360(10)  2.00700(10)  63°  [III]  -  A//c  =  7.5 

Table  1 :  The  g-  and  hf  tensors  for  sample  III.  Z(gz,  c^gives  the  angle  between  the  gz  axis  and  the  c- 
axis.  The  gz  and  gx  axis  are  both  located  in  the  (1  1  2  0)  plane.  All  g- values  are  related  to  the  sBeh 
value  2.0018  found  from  ENDOR  We  used  the  abbreviation  dBek/,  k2'  to  indicate  dBek,'  and  dBek2'. 


3376  3378  3380  3382  3384  3386  3388  3390 


3376  3378  3380  3382  3384  3386  3388  3390 

magnetic  field  (mT) 


Fig.  1 :  The  EPR  spectra  of  samples  I-IV  for  two  different 
orientations.  Samples  I  and  II  are  as-grown-Be-doped, 
samples  III  and  IV  are  Be-diffusion-doped  6H-SiC. 

quadrapole  tensors  of  9Be  are  collected  in  Tables  1  and  2. 
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Table  2:  The  Be  hf-  and  quadruple  tensors  for  sample  III  (Be  diffusion).  The  relative  signs  were 
determined  using  field-tagged[7]  ENDOR,  the  absolute  signs  are  based  on  the  theoretical  prediction  that 
q>0.  The  last  column,  Z( z-axis,  gz)  gives  the  angle  between  the  principal  symmetry  (z)  axis  of  the  hf, 
quadrupole  tensor  and  the  gz  axis  of  the  g-tensor  of  the  site  in  question. 


that  gz  (~  ge)  <  gx>  gy  The  largest  part  of  the  unpaired  spin  density  is  located  in  a  dangling  bond  pz 
orbital  on  the  nearest  neighboring  C  along  the  c-axis.  The  largest  Si  hf  interaction  found  is  assigned 
to  the  three  Si  atoms  neighbouring  the  main  C.  The  hf  and  quadrupole  interactions  with  Be  were 
measured  in  ENDOR  to  be  axially  symmetric  with  their  symmetry  axes  parallel  to  the  gz  axis. 

For  the  sBeki  and  sBek2  sites,  depicted  in  fig  2b,  we  find  a  similar  behaviour  and  model  as  for 

the  sBeh  site,  only  this  time  the  Be-main  C 
bond  makes  an  angle  of  70°  with  the  c- 
axis.  Thus  the  Be  gz,  hf  and  quadrupole 
tensor  axes  make  an  angle  of  70°  with  c. 
For  these  sites  no  l3C  or  29Si  hf 
interactions  were  found. 

A  .  The  three  deep  Be  centers  with 

C  s®eh  S^eki  (and  S  ek2)  their  gz  axis  parallel  to  the  c-axis,  dBeh, 


dBekin  (and  dBek2n) 

Fig.  2  :  Models  for  the  different  Be  centers 
and  the  z-directions  of  the  g-,  hf-  and 


dBeki'  and  dBek2',  resemble  the  deep 
acceptor  centers  found  in  B-doped  6H- 
SiC.  Their  model  is  depicted  in  fig.  2c  and 
2d.  The  Be  atom  substitutes  on  either  a 
hex,  ki  or  k2  position  and  is  accompanied 
by  a  C  vacancy  along  the  c-axis.  The  main 
part  of  the  spin  density,  75  %  -  90  %, 
resides  on  the  dangling  bonds  of  the  three 
Si  atoms  surrounding  the  vacancy  (25  %  - 
30  %  per  Si).  We  expect  the  gz  axis  to  be 
oriented  along  c  towards  the  vacancy.  We 
assumed  axial  symmetry  for  the  g-tensor, 
though  it  might  be  slightly  non-axial.  In 
ENDOR  we  measured  one  set  of  hf  and 
quadrupole  parameters  on  the  hex  site 
EPR  line  and  two  sets  on  the  qc  site  EPR 
line  for  B  //  c.  The  quadrupole  principal 


quadrupole  tensors 


values  are  an  order  of  magnitude  smaller 
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than  those  found  for  the  sBe  centers  and  are  surprisingly  small  for  an  atom  next  to  a  vacancy,  where 
a  larger  gradient  would  be  expected.  This  effect  was  also  measured  for  other  impurity-vacancy 
complexes[9,10]. 

Two  deep  Be  centers  were  found  with  their  gz  axis  at  an  angle  of  68  ±  2  degrees  (dBeki")  and 
63  ±  2  degrees  (dBe^”)  to  the  c-axis  (see  model  depicted  in  figure  2e).  The  model  is  the  same  as  for 
the  three  deep  centers  discussed  above  but  with  the  Be  -  C-vacancy  axis  making  an  angle  of  63°  or 
68°  with  the  c-axis.  The  largest  hf  interaction  is  with  the  29Si  nuclei.  In  contrast  to  the  sBeki  and 
sBet2  centers  the  symmetry  axes  of  the  quadrupole  and  hf  tensors  of  the  dBeki"  and  dBe^"  centers 
found  in  the  ENDOR  spectra  are  not  collinear  with  each  other  nor  with  the  g-tensor  symmetry  axis. 
The  quadrupole  principal  values  are  three  times  smaller  than  for  the  sBe  center. 

IV.  Conclusion 

In  this  paper  we  present  an  overview  of  the  different  shallow  and  deep  acceptor  centers  that  are 
formed  when  6H-SiC  is  doped  with  Be.  It  is  found  that  three  shallow  acceptor  centers  and  five  deep 
acceptor  centers  are  formed.  It  is  also  found  that  the  Be  centers  can  be  described  with  a  similar 
model  as  the  B-related  centers. 

From  our  measurements  it  can  be  concluded  that  the  two  energy  levels,  at  Ev  +  0.42  eV  and 
Ey  +  0.60  eV,  found  by  both  electrical  and  diffusion  measurements  can  be  assigned  to  respectively, 
the  three  shallow  centers  and  the  five  deep  centers. 

One  of  the  most  remarkable  conclusions  is  that  the  electronic  structure  of  the  shallow  and 
deep  Be  centers  in  «-type  SiC  strongly  resemble  those  of  B  in  w-type  SiC,  even  though  the  charge 
states  are  different.  Apparently  their  properties  can  be  described  in  a  satisfactory  way  by  simple  one- 
electron  models.  In  particular  the  fact  that  both  B  and  Be  occupy  off-center  positions  can  be 
explained  by  their  atomic  radii,  which  are  both  much  smaller  than  that  of  Si.  For  a  detailed  discussion 
of  these  results  the  reader  is  referred  to  our  recent  publication[6]. 
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Abstract.  In  Sc-doped  6H-SiC  epitaxial  layers  we  observed  several  different  electron  paramagnetic 
resonance  (EPR)  spectra  with  a  45  Sc  hyperfine  interaction  pattern.  The  spectra  are  explained  as  be¬ 
ing  due  to  the  isolated  Sc°  (S  =  1/2)  acceptor  on  carbon  sites  but  with  different  microscopic  confi¬ 
gurations.  The  spectra  show  a  pronounced  temperature  dependence.  At  low  temperatures  the  hole  of 
the  ScO  acceptor  is  located  in  a  Sc°-Si  bond  either  along  the  c-axis  forming  an  axial  centre  or  along 
one  of  the  3  other  C-Si  bonds  giving  rise  to  a  monoclinic  centre.  At  higher  temperature  the  hole 
changes  place  rapidly  between  the  three  Sc-Si  bonds  resulting  in  an  axial  centre.  All  three  Sc°  hole 
configurations  have  different  ionisation  levels.  The  ionization  level  of  the  low  temperature  monocli¬ 
nic  -  high  temperature  axial  centre  is  significantly  influenced  by  an  entropy  term.  In  4H-SiC  spectra 
were  only  observed  from  a  single  Sc°  centre  with  monoclinic  symmetry. 

Introduction. 

Recently  the  microscopic  and  electronic  structure  of  the  Sc  impurity  in  SiC  has  been  a  controversial 
issue  [1-3].  Sc  is  expected  to  act  as  an  acceptor  in  SiC  [4].  6H-SiC  doped  with  Sc  shows  a  photolu¬ 
minescence  band  with  an  onset  at  about  2.55  eV  and  a  maximum  at  about  2.2  eV  [4].  With  electron 
paramagnetic  resonance  (EPR)  detected  via  the  photoluminescence  (PL-EPR)  several  EPR  lines 
were  observed,  but  no  hyperfine  (hf)  structure  was  resolved  [1,3],  leaving  the  origin  of  the  observed 
lines  open.  With  conventional  EPR  up  to  four  different  EPR  spectra  were  reported  for  6H-SiC, 
measured  at  different  temperatures,  all  having  the  typical  45Sc  hf  splitting  of  octets  [2,3].  It  was 
argued  that  these  spectra  have  to  be  explained  assuming  two  Sc  defects  [3].  In  one  EPR  spectrum  a 
resolved  29Si  superhyperfine  (shf)  interaction  was  found,  from  which  it  was  concluded  that  Sc 
replaces  C  [2]  in  contrast  to  other  speculations  that  Sc  occupies  a  Si  site  [3].  In  order  to  further 
clarify  the  structure  of  the  Sc  acceptors,  we  present  a  new  EPR  investigation  of  the  Sc  acceptor  at 
various  temperatures,  mainly  in  6H-SiC. 

Experimental 

6H-  and  4H-SiC  epitaxial  layers  were  grown  on  6H-  and  4H-SiC  single  crystal  substrates,  respec¬ 
tively,  by  a  sublimation  sandwich  method  [1,  2]  and  doped  with  Sc  during  the  growth.  The  meas¬ 
ured  sample  contained  the  epitaxial  layer  with  a  Sc  concentration  of  the  order  of  (1  -  3)  x  1017  cm-3 
and  an  unknown  degree  of  compensation  with  N.  The  n-type  substrate  contains  N  donors,  which 
were  seen  in  the  EPR  spectra. 

Experimental  Results 

In  6H-SiC  an  X-band  EPR  spectrum  with  axial  symmetry  about  the  c-axis  was  measured,  published 
previously  by  the  authors  [2,  figs.  1  and  2].  It  was  reinvestigated  in  this  study  because  of  the  contro¬ 
versial  discussions  about  the  microscopic  structure  of  the  Sc  acceptor  [2,3],  The  spectrum  could  be 
observed  between  4.2  and  70  K  with  signal  intensities  depending  on  temperature  and  illumination. 
In  K-band  three  sets  of  eightfold  split  spectra  were  resolved  (fig.  1  in  [2]),  while  in  X-band  only  one 
octet  was  resolved  at  slightly  lower  temperature  under  the  same  conditions  otherwise  (fig.  2  in  [2], 
fig.  3).  The  eightfold  split  EPR  lines  were  explained  with  an  effective  spin  of  S=l/2  and  an  anisotro¬ 
pic  hf  interaction  of  a  100%  abundant  nucleus  with  1=7/2  such  as  45Sc.  The  3  octets  observed  in  K- 
band  were  assigned  to  the  3  inequivalent  defect  sites  in  6H-SiC  (two  quasi-cubic  sites  (k1,k2),  one 
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triplets  of  the  N  donors  (reduced  by  a  factor  of  4).  confirming  the  previous  results. 

Below  15  K  the  axial  spectrum  B  disappears  in  the  dark  and  can  only  be  measured  under  above¬ 
band-gap  illumination.  Yet  another  EPR  spectrum  is  measured  (fig.  1,  lower  curve),  which  shows  six 
octets  corresponding  to  six  defect  orientations  with  different  splittings.  The  eightfold  splitting  of 
each  spectrum  is  again  associated  with  Sc.  Fig.  1  shows  3  octets  which  are  seen  for  B0||  c .  The  sym¬ 
metry  observed  is  monoclinic,  which  made  it  necessary  to  measure  the  angular  dependence  in  two 
planes  ((ii20)and  (oooi))  in  order  to  determine  the  spin  Hamiltonian  parameters.  Fig.  1  (upper 
curve)  shows  the  calculated  spectrum  for  S=l/2  and  for  the  parameters  given  in  table  1  for  spectrum 
"A".  The  principal  axis  of  the  hf  tensor  with  the  largest  interaction  (z-axis)  is  oriented  along  the 
bond  axis  between  Sc  on  the  C  site  and  a  nearest  Si  neighbour  in  the  plane  perpendicular  to  the  c  - 
axis.  The  three  inequivalent  sites  (h,  ki,  k2)  were  not  resolved  in  X-band. 

Upon  increasing  the  temperature  the  line  intensities  of  the  monoclinic  spectra  A  decrease  until  above 
about  15  K  they  vanish  (see  fig.  2,  squares).  Until  above  25  K  a  new  octet  spectrum  appears  having 
axial  symmetry  about  the  c  -axis,  which  is  also  attributed  to  Sc.  The  intensity  of  the  spectrum  in¬ 
creases  with  temperature  (see  fig.  2,  circles).  The  g  and  hf  tensors  are  collected  in  table  1  (spectrum 
C).  The  45 Sc  hf  splitting  of  the  axial  spectrum  C  is  largest  when  Blc.  In  contrast  to  this  in  spec¬ 
trum  B  it  is  largest  for  B||  c .  At  low  temperature  the  EPR  line  intensity  of  spectrum  B  (measured  un¬ 
der  illumination)  depends  on  the  microwave  power  due  to  saturation  effects.  The  line  intensity  in¬ 
creases  with  temperature  above  about  20  K  (fig.  2,  triangles).  Above  40  K  the  intensity  does  not 
change  under  illumination  with  above-band-gap  light  any  more. 

In  4H-SiC  doped  with  Sc  we  observed  an  EPR  spectrum  only  at  low  temperature  (T<15  K)  with  the 
g  and  hf  tensors  given  in  table  1.  The  symmetry  is  monoclinic  and  six  octets  were  observed  for  an 
arbitrary  orientation  in  the  dark  similarly  to  what  was  observed  in  6H-SiC  at  low  temperature. 


poly¬ 

type 

spectrum 

tempe¬ 

rature 

symmetry 

gxx 

8 

gzz 

A  xx  /  h 

[MHz] 

Ayy  /  h 

[MHz] 

AZZ(A|)  /  h 
[MHz] 

A 

<  15  K 

mono¬ 

clinic 

1.999 

(0.001) 

1.996 

(0.001) 

2.002 

(0.001) 

0 

(15) 

17 

(15) 

106 

(1) 

6H 

I 

1.9976 

(0.0003) 

2.0029 

(0.0003) 

22.8 

(0.4) 

116.6 

(0.2) 

B  II 

4.2- 70  K 

axial 

1.9975 

(0.0003) 

2.0026 

(0.0003) 

22.3 

(0.4) 

116.5 

(0.2) 

III 

1.9969 

(0.0003) 

2.0020 

(0.0003) 

22.7 

(0.4) 

116.4 

(0.2) 

C 

>  25  K 

axial 

2.000 

(0.001) 

1.998 

(0.001) 

56 

(1) 

26 

(1) 

4H 

D 

<  15  K 

mono¬ 

clinic 

1.995 

(0.001) 

1.9976 

(0.001) 

m 

0 

(15) 

104 

(1) 

Table  1:  Principal  values  of g  and  hf  tensors  of  Sc  defects  measured  in  6H-  and  4H-SiC. 
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Discussion 

We  observed  three  different  types  of  EPR  spectra  in  Sc  doped  6H-SiC,  ^  A 

all  showing  a  pronounced  temperature  dependence.  They  all  exhibit  ^  *  ▲  b 

the  Sc  hf  interaction  pattern,  however  with  different  hf  splittings,  in-  Js 

cheating  Sc  to  be  present  in  different  configurations.  The  EPR  spectrum  &  A 

type  A  observed  at  low  temperature  (<15K)  has  almost  the  same  va-  |  m 

lue  of  Azz  as  that  observed  in  the  axial  spectrum  B.  Furthermore,  Ayy  f  A  “  a«##C 

of  spectrum  type  A  is  much  smaller  than  A^  as  is  Ax  of  spectrum  "  ■  «  a  • 

type  B  compared  to  Azz  (Ajj).  Unfortunately,  Axx  and  Ayy  of  spectrum  - T — - , - 

type  A  could  not  be  determined  precisely  enough  to  check  whether  their  0  t  o  20  30  40 

average  is  close  to  Ax  of  spectrum  type  B.  Similarly  we  observed 

for  the  g  values  that  both  the  monoclinic  spectrum  A  and  the  axial  Sc  hf™e  ofspectra 

spectrum  B  show  very  similar  values  of  gzz  (although  different  A  (^u  squares),  B  (full  triangles) 
orientations).  Furthermore,  gx  of  the  spectrum  type  B  is  the  average  and  c  ^//  cjrcies)  at  different 
of  gxx  and  gyy  of  the  spectrum  type  A.  If  one  calculates  an  average  temperatures  (same  microwave 
of  the  g  and  hf  tensors  of  the  spectrum  type  A  such  that  the  orienta-  power,  without  illumination). 
tions  of  the  principal  axes  for  the  average  tensors  are  parallel  and 

perpendicular  to  the  c-axis,  one  finds  approximately  the  hf  tensors  of  the  observed  axial  spectrum 
type  C:  About  55  MHz  for  Ax  and  about  12  MHz  for  A||,  in  fair  agreement  with  the  experiment. 


From  these  observations  the  following  Sc  defect  model  is  proposed:  Sc°  (4s2  3d1)  resides  in  a  car¬ 
bon  vacancy  (Vc).  All  three  types  of  Sc  EPR  spectra  (A,  B,  C)  are  due  to  the  isolated  ScO  acceptor 
only.  The  EPR  spectra  observed  originate  from  different  configurations  of  the  Sc  hole  which  is  lo¬ 
cated  in  a  bond  to  one  of  the  four  nearest  silicon  neighbours. 


At  low  temperature  the  hole  is  in  one  of  the  C-Si  bonds  as  shown  in  fig.  3  (a).  There  are  six  orienta¬ 
tions  for  this  configuration  in  the  crystal:  two  groups  of  three  in  a  C3V  arrangement,  twisted  with  re¬ 
spect  to  each  other  by  60°.  In  this  configuration  one  measures  the  monoclinic  spectrum  type  A.  Upon 
raising  the  temperature  the  hole  starts  to  hop  between  the  bonds  of  the  3  next  neighbour  Si  in  the 
plane  perpendicular  to  the  c-axis  (fig.  3  (b)).  Due  to  this  thermally  induced  motion,  the  low  tempe¬ 
rature  g  and  hf  tensors  with  monoclinic  symmetry  are  averaged  such  that  an  EPR  spectrum  with 
axial  symmetry  about  the  c-axis  (type  C)  is  observed  with  Ajj<Ax  and  with  g|i<gx.  In  the  case  of 
the  axial  spectrum  type  B  with  A||>Ax(fig.  3  (c))  and  g||  parallel  to  the  c-axis  the  bond  direction  is 
along  the  c  -axis.  There  is  no  hopping  process  for  center  B,  since  the  spectral  positions  of  the  EPR 
lines  of  spectra  B  do  not  change  in  the  whole  temperature  range  investigated. 

The  different  hole  configurations  leading  to  spectra  of  types  A,  B  or  C  lead  to  three  different  defect 
levels  in  the  gap  which  is  probably  caused  by  different  lattice  relaxations  and  lattice  vibrations.  Their 
position  relative  to  the  Fermi  level  determines  whether  the  EPR  spectrum  is  observable  in  the  dark 
or  not.  From  the  measured  EPR  line  intensities  as  a  function  of  temperature  and  illumination  we  pro¬ 
pose  that  at  low  temperature  (4.2  K)  the  ionization  level  of  defect  A  is  above  that  of  defect  B  (see  fig.  4). 
At  4.2  K  the  Fermi  level  is  near  (slightly  above)  the  ionization  level  of  center  A,  which  is  then  (at 
least  partly)  in  the  paramagnetic  A°  state,  while  center  B  remains  in  the  diamagnetic  A"state.  Upon 
above  band  gap  illumination  level  B  can  catch  holes  to  convert  to  the  A°  state  and  becomes  visible 
in  the  EPR  as  observed.  Upon  raising  the  temperature  above  4.2  K  the  Fermi  level  drops  and  moves 


Fig.  3;  Models  of  the  Scc  impurity  in  6H-SiC  explaining  all  EPR  spectra  observed  (A  to  C).  (a) At  low  tempe¬ 
rature  (T<15  K)  the  hole  is  oriented  along  one  of  the  nearest  neighbour  Si  bonds  in  a  plane  J.C  (spectrum  A) 
or  ||  c  (spectrum  B).  (b)  At  higher  temperature  the  hole  starts  jumping  about  the  3  nearest  neighbour  Si 
bonds  and  the  axial  spectrum  C  is  observed,  (c)  The  axial  orientation  of  the  hole  (\  \  c-axis)  shows  no  change 
in  spectral  position  of  EPR  lines  as  a  junction  of  temperature  (spectrum  B). 
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CB  towards  the  ionization  level  of  B  (see  fig.  4)  increasing 

more  and  more  the  hole  occupancy  there  (AO  occupan- 
ef  cy).  Therefore  the  line  intensity  of  center  B  increases 
‘  §  increasing  temperature  (fig.  2,  triangles)  until  a 
'  c  maximum  is  reached  at  about  40  K.  Had  the  Fermi 
level  been  such  that  all  centres  B  had  been  in  the  para¬ 
magnetic  state  at  4.2  K  then  the  signal  intensity  would 
Fig.  4:  Proposed  ionisation  level  scheme  for  have  been  decreasing  with  increasing  temperature  due  to 
defects  A,  B  and  C.  The  low  temperature  case  is  the  Boltzmann  factor  (ocl/T).  The  decrease  of  the  sig- 
shown  qualitatively  on  the  left  with  centre  A  ob-  na^  intensity  of  the  center  A  with  increasing  tempera- 
served  by  EPR  in  the  dark.  With  increasing  tern-  ture  is  probably  not  due  to  the  Boltzmann  factor,  but  due 
perature  the  Fermi  level  moves  downwards  to-  to  the  thermal  hopping  of  the  hole  resulting  in  the  axial 
wards  level  B.  In  the  high  temperature  case  on  center  C  and  disappearance  of  the  ionization  level  A.  It 
the  right,  the  level  of  defect  C  is  below  that  of  is  proposed  that  the  centre  C  has  a  level  below  that  of  B, 
defect  B.  Therefore  the  intensity  of  lines  of  de-  certainly  below  the  assigned  position  of  the  monoclinic 
fed  C  is  lower  than  that  of  defect  B.  Had  it  full  centre  A.  It  is  probably  near  that  ofB.  The  reason  is 

determined  by  a  larger  entropy  term  compared  to  the  low  temperature  monoclinic  configuration  A. 
The  importance  of  an  entropy  term  has  been  demonstrated  for  two  bistable  defect  configurations, 
where  the  bistability  was  thermally  driven  [10,1 1].  If  we  consider  the  Gibbs  free  energy  (G=H- TS(T), 
H  =  configuration  enthalpy,  T  =  temperature  and  S(T)  =  entropy  of  defect)  the  defect  level  is  shifted  down¬ 
wards  when  raising  the  temperature.  The  entropy  is  thought  to  be  associated  with  rather  soft  local 
lattice  modes  which  also  enable  the  thermal  hopping  of  the  hole.  The  negative  entropy  term  in  the 
Gibbs  free  energy  increases  in  magnitude  rapidly  with  increasing  temperature.  For  soft  modes  the 
entropy  increases  significantly  with  increasing  temperature  [10].  Whether  also  the  level  of  B  has  an 
appreciable  entropy  term,  we  do  not  know.  We  think  that  relative  to  B  the  center  C  has  the  larger 
entropy  term.  Upon  increasing  the  temperature  above  20  K  the  Fermi  level  is  lowered  and  moves 
nearer  to  the  C  level  resulting  in  an  increase  of  its  line  intensities,  which  at  40  K  has  not  yet  reached 
a  maximum. 


In  contrast  to  our  measurements  Baranov  et  al.  [3]  claimed  that  they  found  in  total  four  types  of  Sc 
EPR  spectra  instead  of  three  as  we  have  observed.  A  closer  inspection  of  [3]  shows  that  their  EPR 
spectra  were  not  analysed  satisfactorily.  In  fact,  Baranov  et  al.  measured  the  same  low  temperature 
EPR  spectrum  as  we  did  (spectrum  type  A  in  our  notation).  The  interaction  parameters  given  in  ref. 
[3]  seem  doubtful,  since  the  largest  hf  splitting  should  occur  at  B  ||  c  +70°  (along  the  Si-C  bond  di¬ 
rection)  and  not  for  Blc  as  stated  in  ref.  [3].  Furthermore,  the  two  spectra  labelled  Scai(LT)  and 
Sca(LT)  in  ref.  [3]  are  not  due  to  two  different  centres  as  assumed  there  but  are  due  to  two  different 
orientations  of  the  low  temperature  Sc  configuration  (labelled  type  A  by  us).  The  spectra  shown  in 
ref.  [3]  are  the  same  as  those  measured  here  (spectra  types  B  and  C  (table  1)).  We  could  explain  the 
lines  of  fig.  4  in  [3]  with  the  data  presented  in  table  1.  However,  the  g  and  hf  values  given  in  ref.  [3] 
differ  significantly  from  ours  (table  1)  by  about  15%.  In  both  investigations  the  EPR  of  the  shallow 
N  donor  was  observed  simultaneously,  which  could  be  used  as  an  independent  field  marker  for  the 
determination  of  the  g  and  hf  values  [9].  Probably  the  field  calibration  used  in  ref  [3]  was  erroneous 
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Abstract:  Electron  spin  resonance  (ESR)  and  scanning  electron  microscope  (SEM)  methods  were  used  to 
investigate  the  delamination  phenomena  in  silicon  carbide.  3C-SiC  substrate  was  implanted  with  a  high  dose 
H\  An  ESR  signal  with  a  g  =  2.0031  and  a  spin  density  of  6.1  X  1015  spins/cm2  was  observed  in  the  as- 
implanted  layer.  The  g-value  of  this  signal  shifted  to  2.0028  after  annealing  over  650  °C.  Changes  in  g-value 
and  signal  intensity  during  annealing  were  caused  by  desorbtion  of  hydrogen  during  delamination.  Another 
ESR  measurement  of  a  high  dose  H+  implanted  Si  was  also  performed  to  compare  with  the  3C-SiC. 


1.  Introduction 

Cubic  silicon  carbide  (3C-SiC)  has  been  regarded  as  a  potential  material  for  advanced 
electronic  devices  because  of  its  outstanding  and  unique  properties  like  thermal  stability,  high 
electron  mobility,  high  saturation  electron  drift  velocity,  and  large  band  gap  [1].  Unlike 
conventional  semiconductor  materials,  devices  that  work  under  high  temperature  and  high  radiation 
can  be  achieved  by  3C-SiC.  Another  large  potential  application  will  probably  be  microwave  metal 
semiconductor  field  effect  transistor  (MESFET),  due  to  the  high  electron  mobility  of  3C-SiC. 
Silicon  carbide  on  insulator  (SiCOI)  structures  is  suitable  for  achieving  the  MESFET  [2]. 
Delamination  of  SiC  by  hydrogen  ion  implantation,  presently,  attracts  a  great  deal  of  attention  as  a 
fabrication  process  of  this  substrate  [3].  This  is  a  process  by  which  a  thin  and  uniform  SiC  layer  can 
be  obtained  through  delamination  of  the  SiC  layer  by  the  implantation  of  high  dose  hydrogen  ions 
followed  by  annealing.  Some  interesting  work  related  to  defects  and  hydrogen  behaviors  during 
delamination  have  been  reported  [4,5].  However,  only  a  few  have  so  far  been  revealed  on  radiation- 
induced  defect  structure  and  mechanism  of  the  delamination.  In  the  present  study,  we  have 
performed  measurements  with  electron  spin  resonance  (ESR)  and  scanning  electron  microscope 
(SEM)  to  investigate  the  defect  structure  during  the  delamination. 

2.  Experimental 

3C-SiC  was  implanted  with  a  dose  of  2  X  1017  H+  ions/cm2  at  100  keV  and,  for  the  comparison 
of  the  defect  structure,  another  Si  substrate  was  also  implanted  with  a  dose  of  6  X  1016  H+  ions/cm2 
at  100  keV.  Damage  density  and  hydrogen  ion  concentration  for  the  implantation  were  determined 
by  the  Monte  Carlo  simulation  using  TRIM-95.  Annealing  was  performed  in  Ar  ambient  up  to  1 100 
°C  for  30  min.  ESR  measurements  were  performed  at  room  temperature  using  X-band  microwave 
spectroscopy  and  delamination  stages  were  observed  by  SEM. 
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3.  Results 

Figure  1  shows  a  cross-sectional  SEM  micrograph  for  H+  implanted  SiC  after  annealing  at 
1050  °C.  Delamination  took  place  uniformly  at  the  depth  of  nearly  600  nm  from  the  ion-implanted 
surface.  The  depth  peak  of  ion-induced  defects  obtained  by  Monte  Carlo  simulation  coincides  well 
with  this  result. 


600nm 

Fig.l  X-SEM  micrograph  for  FT  implanted  SiC. 


Fig.2  Typical  example  of  the  ESR  spectra 
created  in  SiC  by  H+  implantation  with 
a  dose  of  2  X  1 017  ions/cm2  at  1 00  keV. 


Figure  2  shows  the  ESR  spectra  for  the  3C-SiC  implanted  with  a  dose  of  2  X  1017  H+  ions/cm2 
at  100  keV.  An  ESR  signal  with  a  g  =  2.0031,  AHpp  =  5.4  Oe,  and  a  spin  density  of  6.1  X  1015 
spins/cm2  from  the  as-implanted  layer  is  shown  in  Fig.  2  (a).  This  signal  is  identical  to  Si  dangling 
bonds  with  C  atom  neighbor  at  the  damaged  as-implanted  SiC  region  (generally  known  as  Psic- 
center)  [6].  The  g-value  of  this  signal  shifted  to  2.0028  after  annealing  over  650  °C. 


Fig.3  Typical  example  of  the  ESR  spectra 
created  in  Si  by  H+  implantation  with 
a  dose  of  6  X  1016  ions/cm2  at  100  keV. 
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Fig-4  Annealing  properties  of  g  value  and 
signal  intensity  for  H+  implanted  SiC 
and  Si  substrates. 
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We  also  have  performed  ESR  measurements  of  high  dose  H+  implanted  Si,  in  order  to  compare 
it  with  the  SiC.  Fig.  3  shows  the  ESR  spectra  for  the  Si  substrate  implanted  with  a  dose  of  6  X  1016 
H+  ions/cm2  at  100  keV.  Fig.  3  (a)  shows  the  ESR  signal  observed  from  the  as-implanted  layer, 
practically  found  anistropic  with  a  g-value  of  2.0068  and  a  spin  density  of  3.2  X  1014  spins/cm2.  This 
ESR  signal  probably  arises  from  Si  dangling  bonds  of  different  vacancy-type  defects  such  as  Si-Si 
center  [7].  Seemingly  hydrogen  atoms  can  occupy  the  part  of  the  dangling  bonds  of  these  vacancy- 
type  defects.  The  g-value  of  this  signal  shifted  to  2.0051  after  annealing  over  500  °C. 

Figure  4  shows  the  isochronal  annealing  curves  of  the  g-value  and  the  signal  intensity  for  the 
paramagnetic  defects,  which  were  observed  for  SiC  and  Si  substrates  used  in  Fig.  2  and  Fig.  3, 
respectively.  The  signal  intensity  decreased  for  both  the  samples  when  annealing  temperature 
increased.  However,  defects  remained  stable  even  after  annealing  at  the  temperature  of  1100  °C. 

4.  Discussion 

During  the  implantation,  most  of  the  H  atoms  interact  immediately  with  the  implantation 
induced  or  pre-existing  dangling  bonds  in  Si  to  form  a  variety  of  types  of  Si-H  complexes  such  as 
interstitial-H,  multivacancy-H,  multyhydrogen  monovacancy;  some  of  the  H  atoms  form  H2  pairs 
and  the  rest  remain  as  atomic  H  [8,9].  It  has  been  suggested  that  the  delamination  phenomena  is 
closely  related  to  the  formation  of  Si-H  defect  bonds  and  also  to  the  release  of  these  bonds  [10]. 
This  release  of  H  atoms  occurs  gradually  and  shows  time  variations.  Usually  only  30%  of  the 
implanted  hydrogen  is  actually  involved  in  splitting.  The  annealing  kinetics  of  H+  implanted  silicon 
can  be  found  elsewhere  [11]. 

Atmospheric  pressure  ionization  mass  spectrometer  (APIMS)  measurement  [12]  for  Si  showed 
that  ion  implanted  H  is  tied  strongly  to  the  defective  Si  and  is  stable  up  to  400  °C  so  that  no  out- 
diffusion  of  H  occurs.  However,  the  intensity  increased  rapidly  above  this  temperature  and  reached 
a  first  peak  at  450  °C  due  to  a  change  in  complex  defects  of  Si-H  configurations.  Extra  H,  formed 
by  these  configuration  changes,  leads  to  the  deposition  of  H  at  450  °C.  Our  ESR  measurement  also 
obtained  a  similar  result  with  the  above-mentioned  discussion.  The  ESR  line  shape  changes 
gradually  as  annealing  temperature  increases  (Fig.  3  (b)),  although  no  noticeable  change  in  g-value 
appears  up  to  400  °C.  Changes  in  ESR  line  shapes  can  be  explained  as  passivation  of  dangling 
bonds  by  remaining  H  atoms  (Fig.  3).  Changes  in  signal  intensity  for  Si  also  agrees  with  passivation 
that  takes  place  due  to  annealing  (Fig.  4).  However,  g-value  suddenly  decreases  to  2.0051  at  the 
annealing  temperature  over  500  °C.  APIMS  measurement  showed  a  second  peak  near  650  °C,  due  to 
desorbtion  of  H.  However,  our  ESR  measurement  does  not  show  any  noticeable  change  (neither  in 
g-value  nor  in  signal  intensity).  This  is  due  to  the  fact  that  40%  of  the  implanted  H  atom  still  exists 
in  the  Si  layer  [12]. 

Similar  formation  of  defective  Si-H  bonds  in  other  Si  compounds  such  as  SiC  and  SiN  can  be 
presumed  [4]  and  similar  kinds  of  results  are  also  obtained  for  SiC.  However,  for  that  case,  the 
temperature  for  delamination  is  relatively  very  high.  Secondary  ion  mass  spectrometry  (SIMS) 
studies  showed  for  SiC  that  hydrogen  starts  to  diffuse  between  700  °C  to  900  °C  [2]  that  plays 
important  role  for  delamination. 
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In  the  case  of  SiC,  there  is  no  change  in  the  observed  g-value  except  a  sharp  decrease  in  signal 
intensity  at  the  annealing  temperature  up  to  600  °C.  The  g-value  shifts  up  to  2.0028  from  2.0031  at 
a  annealing  temperature  above  650  °C  (Fig.  2).  However,  no  noticeable  change  is  observed  except  a 
gentle  decrease  in  the  signal  intensity. 

The  above  discussion  shows  that  the  ESR  method  can  be  a  useful  analytical  tool  to  study  the 
delamination  mechanism.  However,  further  studies  are  required  to  reveal  the  delamination 
phenomena  in  detail. 

5.  Conclusion 

High  dose  H+  was  implanted  to  3C-SiC  and  Si  with  an  implantation  energy  of  100  keV  with  a 
dose  of  2X  1017  and  6X  1016  ions/cm2,  respectively,  to  study  the  delamination  phenomena.  The  as- 
implanted  3C-SiC  showed  an  ESR  signal,  due  to  Si  dangling  bonds  with  C  atom  neighbor  with  a  g- 
value  of  2.0031  and  a  spin  density  of  6.1  X  1015  spins/cm2.  The  g-value  shifted  to  2.0028  after 
annealing  at  650  °C.  In  the  case  of  Si,  an  anistropic  ESR  signal  with  a  g-value  of  2.0068  and  a  spin 
density  of  3.2  X  1014  spins/cm2  was  observed,  due  to  hydrogen  induced  Si  dangling  bonds.  The  g- 
value  shifted  to  around  2.0051  after  annealing  over  500  °C.  Changes  in  g-value  and  signal  intensity 
during  annealing  were  caused  by  desorbtion  of  hydrogen  during  delamination. 
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Abstract:  Ab  initio  calculations  (LDA  and  MCSF)  have  been  carried  out  for  vacancies  (Vsi  and  Vc) 
and  interstitial  H,  as  well  as  for  V+H  complexes  in  3C  SiC.  Relative  stability  of  different  charge- 
states/configurations  and  occupation  levels  were  determined  in  supercells  with  plane  wave  basis  sets 
while  vibration  frequencies  and  spin  distributions  were  calculated  in  clusters  with  localized  basis  func¬ 
tions.  Both  types  of  vacancies  show  amphoteric  electrical  activity.  In  equilibrium,  atomic  H  is  at  the 
ABc,  and  H  is  at  the  Tsi  site,  while  H°  does  not  appear  to  be  stable  with  respect  to  them,  so  H  can  also 
act  both  as  a  deep  donor  and  an  electron  trap.  Hydrogen  can  passivate  the  Vsi  acceptor  but  not  the 
donor.  Conditions  for  the  formation  of  the  possible  V+H  centers  and  their  properties  are  given  and 
used  to  discuss  experimental  information  (or  the  lack  of  them)  about  H  in  SiC. 

1.  Introduction 

A  key  to  successful  application  of  semiconducting  materials  in  electronics  technology  is  defect  engi¬ 
neering,  which  is  based  on  the  knowledge  about  the  behavior  and  interaction  of  intrinsic  and  extrinsic 
point  defects.  The  data  base  necessary  to  that  is  still  in  the  making  for  SiC.  The  present  paper  tries  to 
contribute  to  this  process  with  results  of  first-principles  model  calculations  on  the  interaction  of  vacan¬ 
cies  with  hydrogen  impurities.  Vacancies  are  thermodynamically  stable  in  any  crystal  and,  in  addition, 
can  be  created  by  irradiation.  Many  technological  steps  (e.g.  etching)  may  lead  to  hydrogen  contami¬ 
nation  and  in  epitaxial  SiC  layers,  grown  from  hydrogen-rich  precursor  molecules,  the  presence  of  H  is 
inevitable.  Usually  vacancies  are  the  most  common  traps  for  hydrogen  —  the  latter  significantly  influ¬ 
encing  the  electrical  and  chemical  activity,  as  well  as  the  diffusion  characteristics  of  the  former.  Since 
doping  in  SiC  often  utilizes  the  competition  of  dopants  and  host  atoms  for  a  given  site  in  the  crystal, 
hydrogen  entering  the  race  for  the  free  valences  of  a  vacancy  may  influence  doping  efficiencies. 

Relatively  few  papers  have  been  published  on  H  in  SiC,  and  the  experimental  fingerprints  of  its  main 
forms  have  not  yet  been  established.  Photoluminescence  bands  arising  as  phonon  replica  due  to  modes 
at  2988, 2962,  and  2977  cm'1  were  interpreted  as  indication  of  the  presence  of  H  in  a  silicon  vacancy 
(C — H  stretch  modes)  [1].  These  bands  were  observed  only  in  epitaxial  layers  grown  under  Si-poor 

conditions  and  were  not  always  present  even  then.  H  implants  into  Lely-platelets  only  very  rarely 
showed  these  C-H  centers.  Vibrations  which  could  be  assigned  to  Si— H  stretching  modes  (  -  2100 
cm1)  have  not  yet  been  observed.  No  DLTS  peaks  could  be  related  to  hydrogen  in  electron-irradiated 
and  deuterium  implanted  6H  SiC  [2].  As  yet  no  EPR  signals  related  to  H  has  been  observed  either,  but 
ptSR  experiments  indicate  Mu  (an  analogue  of  the  H  atom  made  of  a  muon  and  an  electron)  at  tetrahe¬ 
dral  interstitial  sites  (see  ref.  [3]  and  references  therein).  Due  to  this  general  lack  of  information  about 
H  in  SiC,  a  priori  knowledge  about  its  various  forms  and  about  the  conditions  under  which  those  are 
formed  could  be  helpful  —  even  if  the  data  supplied  by  model  calculations  are  only  approximate.  The 
only  theoretical  study  we  are  aware  of  considered  hydrogen  only  as  an  isolated  interstitial  in  the  neutral 
charge  state  [4]. 
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2.  Methods 

We  have  carried  out  first  principles  calculations  for  supercell  models  (SCM)  as  well  as  for  hydrogen 
saturated  molecular  cluster  models  (MCM)  of  SiC.  Local  Density  Approximation  (LDA)  to  Density 
Functional  Theory  has  been  used  both  with  a  plane  wave  basis  up  to  a  cut-off  of  64  Ry  for  SCMs 
(FHI96MD  code  [6])  and  with  a  basis  of  uncontracted  Gaussian-type  orbitals  with  preoptimized  ex¬ 
ponents  (AIMPRO  code  [5])  for  MCMs.  Suitable  forms  of  norm-conserving  pseudopotentials  were 
applied.  Details  are  given  elsewhere  including  matters  of  convergence  [7,8].  Stability  and  occupation 
levels  have  been  calculated  in  SCM,  correcting  the  formation  energies  for  the  LDA  gap  error  and  for 
defect  level  dispersion.  The  general  uncertainties  of  these  calculated  values  are  about  ±0.15  eV.  No 
spin  polarization  was,  however,  allowed  which  may  influence  the  relative  stability  of  systems  with  even 
and  odd  number  of  electrons.  Spin  densities  and  local  vibration  modes  were  calculated  in  spin  polar¬ 
ized  MCM  calculations.  Localization  values  may  be  to  high  by  a  factor  of  2,  due  to  size  limitations. 
Vibration  frequencies  are  accurate  within  about  ±40  cm"1.  The  spin  state  of  the  neutral  silicon  vacancy 
was  obtained  with  the  Multi-Configurational  Self-Consistent-Field  (MC-SCF)  method  on  an  MCM,  in 
order  to  take  into  account  many-body  effects  in  an  appropriate  way  [9].  Our  calculations  (if  not  other¬ 
wise  noted)  pertain  to  3C  SiC.  At  present  we  assume  stoichiometric  conditions. 

3.  Results 

3.1.  Carbon  vacancy  (Vc) 

In  the  neutral  charge  state  of  Vc  our  SCM  calculation  [8]  resulted  in  a  formation  energy  of  E^  =  6.7 
eV  at  2.6  %  inward  breathing  and  7.7  %  pairing  distortion  in  D2d  symmetry.  (E^  refers  to  creating  Vr 
and  an  additional  C  atom  in  the  SiC  host.  If  C  is  removed  from  the  crystal  4.7  =  E’fcnn(/*C)  =  5.3  eV.) 
We  find  a  doubly  occupied  one-electron  level  at  Ey  +  1.5  eV.  These  results  are  in  good  agreement  with 
earlier  theoretical  results  ([10,11]  and  references  therein).  Comparing  different  charge  states  we  find 
Vc  +  to  be  the  most  stable  for  Fermi-level  positions  E*  =  Ey  +  2.0  eV,  and  Vc  for  Ep  =  Ey  +  2.4  eV. 
The  lack  of  spin  polarization  may  have  caused  the  underestimation  of  the  relative  stability  of  the  latter 
(spin-half)  system  by  0. 1  -  0.3  eV.  So  the  (0/-)  occupation  level  is  somewhere  between  2.1-  2.3  eV 
above  Ey.  For  Fermi-level  positions  lower  than  that  but  above  Ey  +  2.0  eV,  the  calculation  predicts  Vc° 
to  be  stable.  Even  allowing  for  the  aforementioned  error,  Vc+  can  only  be  marginally  stable  around  Ey 

+  2.0  eV.  In  fact,  Vc+  has  been  observed  in  EPR  [12],  although  it  is  not  clear  whether  the  experiments 
were  earned  out  under  equilibrium  conditions.  The  +/0  occupation  level  was  expected  to  be  around 
midgap  [12]  but  no  DLTS  data  are  available  in  3C  SiC.  (In  6H  SiC  a  donor  at  E^  -  0.51  eV  and  an  ac¬ 
ceptor  at  E^  -  0.34/0.41  eV  were  assigned  to  V  [2].)  We  have  calculated  the  spin  distribution  for  Vr+ 
in  an  MCM.  We  found  16  %  of  the  orbital  with  the  unpaired  spin  localized  on  each  of  the  Si  neigh¬ 
bors  with  an  s/p  ratio  of  16/84.  Regarding  the  limiting  effect  of  the  cluster  size  to  delocalization,  these 
compare  well  with  the  values  deduced  from  the  hyperfine  constants  in  ref.  [12]:  1%  and  19/81,  respec¬ 
tively.  Based  on  our  calculated  occupation  levels,  Vc  may  also  act  as  an  electron  trap  (hyper-deep  ac¬ 
ceptor),  not  just  as  a  deep  double  donor.  The  trapped  electron  in  Vc"  occupies  an  orbital  which  is  anti¬ 
bonding  between  two  Si  neighbors  of  the  vacancy  (C2v  symmetry).  On  each  of  these  two  atoms  the 
calculated  localization  of  the  spin  is  30  %,  with  an  s/p  ratio  of  25/75.  On  the  other  two  Si  neighbors 
and  on  all  twelveC  second  neighbors  together  the  localizations  are  6  %  and  17  %,  respectively. 

3.2.  Silicon  vacancy  (Vsl) 

Y„i  in  SiC  is  unique  among  vacancies  of  tetrahedral  crystals  because  it  doesn’t  show  significant  distor¬ 
tion  from  Td  symmetry  in  the  Jahn-Teller  unstable  charge  states.  Our  SCM  calculation  gives  9  %  out- 

n^irei^^rTna?d  I?-5  erV =  E’f«^c)  =  9.5  eV),  in  agreement  with  previous  studies 
i  he  relative  stability  of  all  charge  states  of  VSi  have  already  been  reported  from  a  high  level 
LDA-SCM  calculation  [13].  Vsj  may  act  as  a  deep  acceptor  as  well  as  a  hole  trap  (hyper-deep  donor). 
Using  the  data  of  ref.  [13],  Vsi  is  stable  above  about  Ey  +  0.56  eV.  A  stability  window  of  -0.07  eV 
was  calculated  below  that  for  Vsi .  It  has  to  be  noted,  however,  that  a  one-electron  theory,  like  LDA, 
necessarily  predicts  a  tripletspin  state  for  Vsi°.  Our  MC-SCF  calculations  on  MCM-s  of  various  sizes 
showed  that  the  singlet  state  is  more  than  0. 1  eV  lower  in  energy  than  the  triplet  one  [9],  Therefore,  the 
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stability  window  for  V^0  can  be  twice  as  wide  around  Ev  +  0.5  eV  (using  Fig^.  1  of  ref.  [13]).  Regard¬ 
ing  the  small  energy  difference  between  the  singlet  and  triplet  states  of  V8i  ,  the  latter  could  still,  in 
principle,  be  detected  in  EPR  at  higher  temperatures.  The  small  stability  window  of  the  triplet  state 
makes  that,  however,  unlikely.  So  the  primary  EPR  active  form  of  the  silicon  vacancy  must  be  Vgi .  It  is 
interesting  to  note  that  a  larger  stability  window  for  the  neutral  state  can  be  expected  in  hexagonal 
polytypes,  offering  better  chances  to  see 3  Vsi°.  Spin  density  calculations  for  these  cases  are  under  way. 

3.3.  Interstitial  hydrogen 

We  have  calculated  the  relative  stability  of  an  isolated  interstitial  hydrogen  atom  at  various  sites,  in  the 
-/0/+  charge  states,  under  conditions  identical  to  those  used  for  the  vacancies.  Atomic  H  turns  out  to  be 
stable  near  the  tetrahedral  interstitial  sites  (Tc  and  Tsi  denote  the  ones  with  four  C  and  Si  neighbors, 
respectively).  In  the  neutral  charge  state  H  is  about  equally  stable  (within  0.2  eV)  near  to  Tc  and  Tsi.  In 
the  slightly  more  stable  case  H  is  0.69  A  away  from  Tc  along  [1 1 1],  in  a  so-called  antibonding  (ABC) 
position.  It  forms  a  bond  (1.14  A)  with  the  nearest  C  neighbor  and  the  C-Si  bond  further  along  that 
direction  is  weakened  (dc_si  =  1.95  A).  The  unpaired  electron  occupies  an  effective-mass-like  state. 
(This  is  the  reason  why  our  result  contradicts  that  of  the  MCM  calculation  of  ref.  [4],  where  the  un¬ 
paired  electron  goes  to  a  localized  antibonding  orbital  due  to  the  larger  width  of  the  MCM  gap.  Our 
MCM  calculation  also  predicts  H  near  Tsi  to  be  significantly  more  stable  than  near  Tc.)  In  the  slightly 
less  stable  case  H  is  almost  on  the  Tsi  site  (0.08  A  away  along  [111])  and  the  nearest  Si-C  bond  is  only 
slightly  perturbed.  The  unpaired  electron  is  on  a  localized  orbital.  H  at  the  bond  center  (BC)  site  is 
0.62  eV  less  stable  than  at  ABC.  Changing  the  charge  state  we  find  that  H+  prefers  the  ABq  and  H  the 
Tsi  position  (0.7  eV  over  BC  in  the  former  case,  1.3  eV  overTc  in  the  latter  one).  Considering  the  -(+) 
charge  on  C(Si)  in  the  host  lattice,  this  situation  seems  to  be  natural.  Our  results  indicate  negative  U 
behavior  for  H  by  a  wide  margin  (0.6  eV)  placing  the  +/-  occupation  level  at  By  +  2.3  eV.  So  H  may 
act  both  as  a  donor  and  an  electron  trap  but,  in  equilibrium,  it  is  not  EPR  active,  (ja SR  is  usually  re¬ 
corded  under  non-equilibrium  conditions  and  the  small  mass  and  large  zero  point  energy  of  the  muon 
makes  for  a  dynamically  averaged  tetrahedral  symmetry  even  if  the  energy  minimum  is  somewhat  off 
the  T  site.)  It  is  important  to  note  that  this  high  lying  +/-  favors  the  compensation/passivation  of  shal¬ 
low  acceptors  but  not  donors.  Calculations  of  characteristic  vibration  modes  are  under  way. 

3.4.  Vacancy-hydrogen  centers 

Vsi  captures  a  H  impurity  the  way  one  expects  it  intuitively:  one  of  the  dangling  bonds  is  saturated  by 
H,*two  others  form  a  long  bond,  and  there  remains  one  dangling  bond.  The  system  reconstructs  to  Clh 
symmetry.  Vsi  +  H  has  a  (0/-)  acceptor  level  at  about  +  0.3  eV,  i.e.  significantly  lower  than  that  of 
Vsi.  Capture  of  subsequent  H  atoms  into  VSi  is  energetically  less  and  less  favorable  if  [VJ  >  [H]. 
However,  two  H  atoms  passivate  Vsi  completely.  So  if  [Vs{]  <  [H],  VSi  +  nH  complexes  may  form 
without  new  DLTS  peaks  appearing  —  at  least  in  3C  SiC.  Preliminary  calculations  show  that  the  C-H 
vibrations  in  VSi  +  H  are  in  the  range  given  by  ref.  [1].  The  calculated  frequency  for  VSi  +  H  is  2961 
cm'1  (preliminary  results  with  forces  calculated  for  first  neighbors  only).  Regarding  the  occupation  lev¬ 
els  of  Vsi  and  H,  as  mentioned  in  Sections  3.2-3,  a  complex  between  them  can  form  under  equilibrium 
conditions  if  Ey  +  0.6  eV  =  Ep  =  Ey  +  2.3  eV,  i.e.  when  H  is  positive  and  V?i  is  neutral  or  negative. 
Since  the  range  is  wide,  the  complex  formation  is  likely.  The  binding  energy  is  3.5  (4.0)  eV  between 
neutral  (negative)  Vsi  and  positive  H. 

Even  though  Vc  is  more  stable  than  Vsi,  it  is  less  effective  in  capturing  H.  For  one  thing,  the  occupation 
levels  of  Vc  and  H  leave  only  a  narrow  window  for  the  Fermi -level  where  H  and  Vc  is  not  in  the  same 
charge  state.  For  Ev  +  2.0  eV  =  Ep  =  Ey  +  2.3  eV,  under  equilibrium  conditions,  Vc  is  neutral  and  H  is 
positive.  They  do  not  repel  each  other  but  there  is  no  attraction  either.  In  addition,  the  binding  energy 
is  only  2.4  eV.  It  has  to  be  noted,  however,  that  the  formation  of  Vc  +  H  (from  standard  states)  is  0.67 
- 1.95  eV  more  favorable  (depending  on  jac)  than  that  of  Vsi  +  H.  If  Vc  +  H  complexes  arise,  they  may 
be  very  interesting  [8].  Instead  of  showing  the  analogue  of  Vsi  +  H  with  Clh  symmetry,  the  bonding 
combination  of  the  sp3  hybrids  of  two  Si-neighbors  of  Vc  “envelope”  the  nucleus  of  the  H  atom, 
forming  a  so-called  three-center  bond ,  and  the  complex  has  C2v  symmetry  (see  Fig.  1).  In  the  neutral 
charge  state  the  unpaired  electron  goes  to  the  antibonding  combination  of  these  hybrids,  which  has  a 
node  at  H.  The  Clh  configuration  with  the  single  Si-H  bond  is  metastable  with  energy  higher  by  0.5  eV 
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in  the  neutral  and  by  0.2  eV  in  the  singly  positive  charge  state.  (We  find  a  similar  situation  in  MCM 
calculations  for  4H  SiC  as  well!)  The  +/0  occupation  level  is  between  1.8  -  2.0  eV  above  Ey,  i.e., 
Vc  +  H  is  a  donor  with  the  +/0  occupation  level  close  to  the  +(+)/0  one  of  Vc.  (Even  though  the  singly 
occupied  one-electron  level  of  neutral  Vc  +  H  is  at  Ev,  +  0.9  eV,  i.e.  lower  than  the  doubly  occupied 
one  of  neutral  Vc.)  We  do  not  find  the  2+  charge  state  stable  at  any  position  of  the  Fermi  level  (even  if 
the  possible  spin  polarization  error  is  considered).  Still,  there  is  another  (donor)  occupation  level,3+/+, 
at  E,  +  1.4  eV  (which  might  be  inaccessible  to  DLTS).  In  the  3+  charge  state  a  configuration  with  C3v 
symmetry  becomes  more  stable,  H  being  closer  to  one  of  the  Si  neighbors  along  [1 1 1],  but  this  bond  is 
already  very  weak.  So  the  Vc  +  H  complex  is  a  bistable,  negative  U,  triple  donor  system.  Vc  can  cap¬ 
ture  two  hydrogens  at  most:  both  forming  three-center  bonds  with  two  Si-neighbors.  The  Si-H-Si 
bonds  are  in  this  case  puckered  (ft  =  156  °,  dH_H  =  1.62  A).  The  Vc  +  2H  system  is  a  double  donor. 
Therefore,  the  carbon  vacancy  cannot  be  passivated  by  hydrogen,  even  if  it  succeeds  capturing  one  or 
two  of  them!  (Vc  +  H)  has  the  same  symmetry  and  very  similar  spin  distribution  to  Vc .  On  each  of 
the  two  Si  atoms  next  to  H  the  localization  of  the  orbital  with  the  unpaired  spin  is  32  %,  with  an  s/p 
ratio  of  18/82.  On  the  other  two  Si  neighbors  and  on  all  twelveC  second  neighbors  together  the  locali¬ 
zations  are  4  %  and  18  %,  respectively.  Accordingly,  both  Vc  and  (Vc  +  H)°  qualify  as  the  origin  of 
the  El  1  center  [14].  We  have  also  calculated  the  frequencies  of  the  Si-H-Si  vibrations.  The  asymmetric 
and  the  symmetric  stretch  modes  for  neutral  (singly  positive)  Vc  +  H  are  1570  (1770)  and  991  (1189) 
cm'1,  respectively.  (All  these  modes  are  both  Raman-  and  IR-active.)  In  case  of  Vc  +  2H,  the  two  Si- 
H-Si  units  give  rise  to  a  pair  of  degenerate  (both  Raman/IR-active)  asymmetric  stretch  modes,  and  to  a 
symmetric  (Raman-active)  and  an  antisymmetric  (IR-active)  combination  of  the  symmetric  ones.  These 
latter  have  low  frequencies,  close  to  the  continuum.  The  rest  are  given  (also  for  partial  and  full  D  ->  H 
substitution)  in  T  able  1 . 


Figure  1.  The  geometry  of  the  Vc  +  H  complex. 


Table  1 .  Isotope  shifts  of  the  Si-H-Si  related  vibra- 
tion  frequenciesfor  Vr  +  2H  in  cm1. _ _ 


charge  state 

band 

HH 

HD 

DD 

(VC+2H)° 

Raman/IR 

976 

797 

730 

Raman/IR 

976 

975 

730 

Raman 

1332 
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952 

(Vc+2Hf 

Raman/IR 

1132 

909 

900 

Raman/IR 

1132 

1125 

900 

Raman 

1205 

1067 

884 
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Abstract:  Electron  paramagnetic  resonance  (EPR)  was  used  to  study  defects  in  p-type  4H  and  6H 
SiC  irradiated  with  2.5  MeV  electrons  at  elevated  temperatures  (400  °C).  After  irradiation,  an 
anisotropic  EPR  spectrum,  labeled  EI4,  having  monoclinic  symmetry  (Cih)  and  an  effective  spin 
S=1  was  observed  in  both  4H  and  6H  SiC.  The  same  g-tensor  with  the  principal  values,  gx=2.0051, 
gy=2.0038  and  gz=2.0029  was  determined  for  the  spectra  in  both  polytypes.  Here  the  z-  and  x-axis 
lie  in  the  (1 1 20)  plane  and  the  y-axis  perpendicular  to  this  plane.  The  angle  between  the  principal 
z-axis  and  the  c-axis  is  54°.  The  fine  structure  parameters  were  determined  as  D=3.28xl0'2  cm-1 
and  3.44xl0'2  cm'1  for  6H  and  4H  SiC,  respectively;  E=0.67xl0'2  cm'1  for  both  polytypes.  From 
the  obtained  29Si  hyperfine  structure  and  spin  Hamiltionian  parameters,  the  defect  can  be  identified 
as  the  pair  of  two  carbon  vacancies  in  the  (1 1 20)  or  equivalent  planes. 

1.  Introduction 

Vacancies  created  during  growth  of  SiC  can  move  around  and  interact  with  each  other  to  form 
associated  complexes  when  cooling  down  the  crystal  after  growth.  During  ion  implantation,  which 
is  often  used  for  making  contact  or  isolation  layers  for  SiC  electronics,  or  electron  irradiation  used 
for  lifetime  control,  a  large  amount  of  vacancies  can  also  be  introduced.  At  high  annealing 
temperatures  or  at  elevated  working  temperatures  for  SiC  based  high-temperature  electronics, 
single  vacancies  become  mobile  and  interact  with  each  other  to  form  vacancy  pairs  or  with  other 
defects  to  form  vacancy-related  complexes.  As  shown  from  electron  paramagnetic  resonance  (EPR) 
studies  of  heat-treated  6H  SiC  by  Vainer  and  Ein  [1],  the  coupling  between  the  vacancies  leads  to 
the  formation  of  different  vacancy  pairs  with  an  electron  spin  S=l.  As  known  from  other 
semiconductors,  vacancy  pairs  can  be  stable  at  very  high  temperatures.  The  study  of  such  defects  is 
therefore  important  for  defect  engineering. 

In  this  work,  we  use  EPR  to  study  defects  in  p-type  4H  and  6H  SiC  irradiated  with 
electrons.  Since  the  carbon  vacancy  becomes  mobile  at  rather  low  temperatures  (150-200  °C)  [2], 
while  the  silicon  vacancy  is  stable  up  to  750  °C  [2],  the  electron  irradiation  was  performed  at  -400 
°C  in  order  to  preferentially  introduce  carbon  vacancy-related  complexes.  An  EPR  spectrum  with 
monoclinic  symmetry  (Cih)  and  an  electron  spin  S=1  was  observed  in  4H  and  6H  SiC  right  after 
irradiation.  From  the  observed  29Si  hyperfine  structure  and  spin  Hamiltionian  parameters,  this 
spectrum  is  concluded  to  be  related  to  a  carbon  vacancy  pair  in  4H  and  6H  SiC. 

2.  Experiment 

The  starting  materials  used  in  this  work  were  p-type,  Al-doped  4H  and  6H  SiC  substrates.  The 
concentration  of  A1  in  both  polytypes  is  about  5xl017  cm'3.  Substrates  are  off-axis  wafers  with  the 
planes  inclined  an  angle  (-3.5°  for  6H  and  -8°  for  4H  polytypes)  with  respect  to  the  c  axis  towards 
the  [11  20]  direction.  The  samples  were  irradiated  by  2.5  MeV  electrons  at  400  °C  with  a  dose  of 
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1018  cm-2.  EPR  measurements  were  performed  on  a  Bruker  ER-300  X-band  (~9.5  GHz)  EPR 
spectrometer.  Most  of  the  EPR  measurements  were  performed  at  77  K  with  samples  immersed  in 
liquid  nitrogen.  Special  sample  holders  were  used  for  4H  and  6H  SiC  samples  to  compensate  the 
off-axis  angles  of  the  wafers  in  order  to  have  the  magnetic  field  rotating  in  the  (1 1  20)  plane  for  the 
angular  dependence  studies  of  the  EPR  spectra. 


ih 


4H  SiC 

9.47862  GHz 


3.  Results  and  discussion 

In  the  4H  and  6H  SiC  samples  irradiated  at  400  °C, 
several  EPR  spectra  were  detected.  Fig.l  shows  one 
of  these  spectra,  labeled  EI4,  observed  in  4H  SiC  for 
the  magnetic  field  B  parallel  to  the  c  axis.  The 
spectrum  in  the  6H  polytype  is  very  similar.  The  EI4 
spectrum  was  not  detected  in  the  samples  irradiated 
at  room  temperature.  At  this  direction  of  the 
magnetic  field  the  spectrum  consists  of  two  lines, 
each  accompanied  by  two  weak  satellites  as 
indicated  by  arrows  in  Fig.l.  The  total  intensity  of 
these  two  satellites  is  about  19%  of  the  main  line. 

This  corresponds  to  the  natural  abundance  of  four 
29Si  atoms  (4.7%),  which  has  a  nuclear  spin  1=1/2. 

These  satellite  lines  are  therefore  attributed  to  the 
hyperfine  structure  (HFS)  due  to  the  interaction 
between  the  electron  spin  and  the  nuclear  spin  of 
four  equivalent  Si  atoms  in  the  nearest  neighbor 
shell.  From  this  HFS  it  can  be  concluded  that  the 
spectrum  is  related  to  a  defect  occupying  a  carbon 
site  in  the  lattice.  Details  of  this  hyperfine  structure 
will  be  discussed  later. 

The  angular  dependencies  of  the  spectrum  in 
4H  and  6H  SiC  are  shown  in  Figs.  2(a)  and  2(b), 
respectively.  The  positions  of  the  EPR  lines  are 
plotted  versus  the  angle  between  the  c  axis  and  the 
direction  of  the  magnetic  field  B  rotating  in  the 
(1120)  plane.  The  plot  in  Fig.  2(a)  shows  a  typical 
variation  pattern  of  a  low-symmetry  EPR  center 
having  S=1  in  a  hexagonal  lattice.  In  the  case  of  the 

6H  SiC,  however,  two  of  the  four  loops  split  due  to  sample  misalignment  and  all  twelve  transitions 
of  a  spin  S=1  center  corresponding  to  six  possible  EPR  orientations  can  be  separately  observed 
[Fig.  2(b)].  Such  a  misalignment  is  typical  in  cases  of  using  off-axis  substrates  and  has  been 
described  elsewhere  [3].  These  angular  dependencies  can  be  described  by  the  following  spin 
Hamiltonian 


328  330  332  344  346 

Magnetic  Field  (mT) 

Fig.l.  EPR  spectrum  observed  in  p-type 
4H  SiC  irradiated  by  2.5  MeV  electrons  at 
400  °C,  with  a  dose  of  1018  cm'2  for  B 
along  the  direction  of  the  c  axis.  Two 
strong  lines,  each  accompanied  by  two 
weak  29Si  hyperfine  lines  (indicated  by 
arrows),  belong  to  the  pair  of  two  carbon 
vacancies.  The  weak  line  at  around  330.6 
mT  belongs  to  another  EPR  center.  For 
clarity,  strong  EPR  signals  from  the  Si 
vacancy  related  defects  in  the  range  332- 
342  mT  are  not  shown  in  the  figure. 


H  =  HsB.g.S  +  S.ZXS  (1) 

with  the  effective  electron  spin  S=1  and  g  tensor  is  constrained  to  monoclinic  symmetry  (Cih).  Here 
jiB  is  the  Bohr  magneton  and  the  D  tensor  represents  the  spin-spin  interaction.  The  g  and  D  tensors 
are  diagonalized  in  the  principal  coordinate  system  with  x  and  z-axes  lie  in  the  (1 1 20)  plane  and  the 
y-axis  perpendicular  to  this  plane  [3].  The  best  fits  gave  the  same  principal  g  values:  gx=2.0051, 
gy=2.0038  and  #^2.0029  for  both  spectra  in  4H  and  6H  SiC.  The  error  in  the  determination  of  the  g 
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values  is  ±0.0002.  The  angle  between  the 
principal  z-axis  and  the  c-axis  is  oc=54°.  The 
parameters  D  and  E  describing  the  trigonal  and 
orthorhombic  crystal  fields,  respectively,  were 
determined  as:  D=(3/2)Dz=3.28xl0"2  cm'1  for  6H 
SiC  and  D=3.44xl0'2  cm'1  for  4H  polytype; 
E=(  1/2)(DX-Dy)=0.67xl0'2  cm'1  for  both 
polytypes.  The  principal  z-axis  of  the  D-tensor 
lies  in  the  (1120)  or  equivalent  planes  and 
inclines  an  angle  of  54°  with  the  c-axis.  The 
simulated  angular  dependencies  using  the 
obtained  parameters  and  the  spin-Hamiltionian  Eq 
(1)  were  also  plotted  as  dashed  curves  in  Figs. 
2(a)  and  2(b).  The  splitting  in  the  case  6H  SiC 
[Fig.2(b)]  can  be  accounted  for  by  including  a 
misalignment  angle  of  5.1°  in  the  fit. 

The  obtained  parameters  of  the  EI4  center 
are  very  similar  to  those  of  the  P4  center  observed 
in  heat-treated  6H  SiC  [1].  It  is  difficult  to 
compare  since  in  their  work  the  angular 
dependence  was  not  presented  and  the  P4 
spectrum  appeared  quite  different  from  ours  in  the 
line  shape.  The  angular  dependence  presented  in 
their  earlier  work  [4]  is  very  similar  to  what  we 
observed,  but  the  g  value  was  determined  as 
isotropic  g=2.004.  It  is  possible  that  our  spectrum 
and  the  P4  spectrum  in  6H  SiC  are  the  same.  The 
HFS  of  the  P4  center  was  concluded  to  be  due  to 
the  interaction  with  four  equivalent  Si  atoms  and 
the  hyperfine  constant  is  isotropic,  A=6xl0'4  cm'1 
(or  6.4  G)  [1].  We  could  not  determine  the  29Si 
hyperfine  tensor  for  the  EI4  center  due  to  a  weak 
intensity  and  severe  overlapping,  but  from  the 
complicated  angular  dependence  partly  observed 
the  symmetry  of  the  A-tensor  must  be  lower  than 
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Fig.2.  Angular  dependence  of  the  spectrum 
in  (a)  4H  and  (b)  6H  SiC  with  B  rotating  in 
the  (1120)  plane.  Open  circles  represent 
data  points  and  dashed  curves  are  simulated 
ones  using  the  obtained  parameters  and  Eq 
(1).  In  (b),  the  splitting  is  caused  by  a 
misalignment  angle  of  5.1°.  Some  of  the 
data  points  in  the  region  330-345  mT 
belong  to  other  EPR  centers.  The  zero  angle 


trigonal.  For  B\\c  we  observed  a  hyperfine  corresponds  to  B\\c  while  90°  corresponds 
splitting  of  11.3  G,  which  is  different  from  that  to  sicand  B  ||[T  100]. 
given  in  Ref  1. 

As  shown  from  the  observed  HFS,  the  defect  is  related  to  the  carbon  vacancy.  Since  the 


irradiation  was  performed  at  temperatures  much  higher  than  the  anneal-out  temperature  for  the 
carbon  vacancy  [2],  this  defect  must  be  a  complex  or  paired  center  involving  a  carbon  vacancy. 
From  the  direction  of  the  symmetry  axis  of  the  D  tensor,  it  can  be  concluded  that  both  components 


of  the  pair  lie  in  the  (1 1  20)  or  equivalent  planes  and  the  axis  connecting  them  inclines  an  angle  of 
54°  with  the  c-axis.  Assuming  that  the  main  contribution  to  the  fine  structure  parameter  D  comes 
from  the  spin-spin  interaction,  and  using  the  point  dipole  approximation  [5],  a  distance  of  about  4.3 
A  between  the  two  spins  was  estimated.  In  this  case,  E*0  and  hence  the  interaction  is  not  pure 
dipole-dipole  interaction  and  the  point-dipole  model  is,  in  principle,  not  valid.  The  real  distance 
between  the  two  spins  could  be  smaller  but  may  be  not  so  much  different  from  the  estimated  value 
(4.3  A).  In  4H  and  6H  SiC,  the  distance  between  two  carbon  sites  in  the  (112  0)  plane  as  indicated 
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in  Fig.3  is  4.36  A,  and  the  axis  connecting  these  two  sites 
also  makes  an  angle  of  54°  with  the  c-axis.  This 
configuration  of  the  carbon  vacancy  pair  appears  to  be  the 
only  model  that  could  explain  the  observed  HFS  and  D 
tensor.  These  two  vacancies  should  have  the  same  charge 
state  and  hence  relax  in  the  same  way  to  keep  the 
direction  (54°  off  the  c-axis)  unchanged  compared  to  the 
perfect  lattice.  Models  with  both  the  vacancies  either 
negatively  (Vc-Vc)  or  positively  (Vc+-Vc+)  charged  can 
form  a  spin  triplet  (S=l)  state.  However,  these  models 
can  be  distinguished  from  their  hyperfine  interaction  with 
Si  atoms  in  the  nearest  neighbor  shell.  In  the  case  of  the 
Vc+  in  3C  SiC  [2],  hyperfine  interaction  with  four  nearest 
Si  neighbors  has  been  detected.  For  the  V'  in  Si  [6]  or  the 
Vc  in  SiC  [7],  the  hyperfine  interaction  is  only  with  two 
nearest  neighboring  Si  atoms.  In  the  case  of  interaction 
with  four  Si  neighbors  then  for  the  direction  of  B  parallel 
to  the  c-axis,  all  the  four  Si  atoms  cannot  be  equivalent 
and  this  will  result  in  more  than  two  hyperfine  lines.  In 
our  case  we  observed  only  two  lines.  This  HFS  can  only 
be  explained  by  the  interaction  with  two  Si  atoms.  The 
electron  spin  located  at  each  carbon  vacancy  interacts 
with  nuclear  spins  of  two  equivalent  Si  neighbors.  The 
contribution  from  both  vacancies  then  gives  rise  to  two 
hyperfine  lines  with  the  same  total  intensity  as  expected 
for  the  case  of  interaction  with  four  Si  atoms.  The  EI4 
center  in  4H  and  6H  SiC  is  therefore  concluded  to  be  a 
pair  of  two  negatively  charged  carbon  vacancies  lying  in 
the  (1 1  2  0)  or  equivalent  planes. 


Fig.3.  The  (1120)  plane  in  the  6H 
SiC  lattice.  The  arrow  indicates  the 
configuration  of  the  carbon  vacancy 
pair.  The  distance  between  the  two 
carbon  sites  is  4.36  A  and  the  angle 
between  this  direction  and  the  c-axis 
is  54°.  The  configuration  of  the 
carbon  vacancy  pair  in  the  4H 
polytype  is  similar. 
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Abstract.  In  order  to  investigate  the  defects  in  n-type  6H-SiC  single  crystals  caused  by  neutron 
irradiation,  electron  spin  resonance  (ESR)  measurement  was  carried  out  for  neutron  irradiated  samples 
during  annealing  up  to  1,400°C.  Six  centers  arising  from  radiation  induced  defects  were  observed  in 
ESR  spectra  at  liquid  nitrogen  temperature.  The  angular  dependences  and  isochronal  annealing 
behaviors  of  these  centers  are  also  described.  On  the  basis  of  the  results,  we  discuss  the  structural  models 
for  these  defects. 

Introduction 

Single  crystalline  silicon  carbide  (SiC)  is  expected  to  be  an  excellent  material  for  making  high  power 
electronic  devices  used  under  severe  environment  such  as  intense  ionizing  radiation  field  with  high 
temperature  atmosphere.  For  the  fabrication  of  high-power  semiconductor  devices,  SiC  wafers  must 
have  excellent  homogeneity  in  resistivity.  The  neutron  transmutation  doping  (NTD)  technique[l]  can  be 
applicable  for  producing  n-type  SiC  wafers  as  well  as  n-type  Si  wafers.  During  the  NTD  process, 
however,  fast  neutrons  induce  radiation  damage  in  SiC  crystal  and  cause  serious  problems  such  as  carrier 
trapping.  The  radiation  damage  problems  should  be  studied  intensively,  however,  not  many  works  on 
this  subject  have  been  carried  out  so  far. 

In  previous  works,  electron  spin  resonance  (ESR)  was  applied  for  the  investigation  of  point  defects  in 
3C-  and  6H-SiC  irradiated  by  electrons,  neutrons  and  protons[2-5].  However  the  structures  and 
annealing  kinetics  of  the  defects  in  neutron  irradiated  SiC  are  still  unclear. 

Previously,  we  reported  the  optical  absorption  centers  in  neutron  irradiated  SiC  and  the  annealing 
behaviors  of  these  absorption  spectra[6].  In  this  study,  ESR  measurements  have  been  performed  for 
nitrogen  doped  n-type  6H-SiC  irradiated  by  reactor  neutrons  and  annealing  behaviors  of  several  centers 
in  the  ESR  spectra  have  been  investigated  up  to  1 ,400°C. 

Experimental  Arrangement 

The  nitrogen  doped  n-type  6H-SiC  samples  (manufactured  by  Nippon  Steel  Corporation)  were 
approximately  7mmx6mmx0.4mm  in  dimension  and  had  the  earner  density  in  the  order  of  1017/cm3. 
The  neutron  irradiation  was  carried  out  at  350K  using  the  low  temperature  irradiation-loop  facility  of  the 
Kyoto  University  Reactor(KUR)  at  the  Research  Reactor  Institute,  Kyoto  University  (KURRI).  The  fast 
neutron  fluence  was  monitored  by  the  activation  method  using  a  Ni  foil,  and  was  nearly 
6 x  1 0I6n/cm2(>0. 1  MeV).  Isochronal  annealing  was  performed  for  5  minutes  in  helium  atmosphere  in  the 
temperature  range  between  100  and  1,400°C.  The  ESR  measurements  were  carried  out  at  room 
temperature(RT)  and  at  liquid  nitrogen  temperature(LNT)  with  a  type  JES-TE200  spectrometer  of  JEOL 
which  used  X-band  (9GHz)  microwave  incident  on  a  TEn0  cylindrical  cavity.  By  rotating  the  c  axis  of 
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the  crystal  round  the  a  axis,  which  was  kept  perpendicular  to  the  magnetic  field,  the  angular  dependence 
of  the  absorption  lines  was  measured. 


Results  and  Discussion 

It  is  found  that  the  three-line  nitrogen  donor  spectrum  observed  at  LNT  before  irradiation  had 
disappeared  after  neutron  irradiation.  Figure  1  shows  typical  ESR  spectra  for  the  neutron-irradiated  n- 
type  6H-SiC  obtained  at  (a)RT  and  (b)LNT.  In  the  ESR  signals,  distinct  lines  or  centers  named  Kl,  K2, 
K3,  K4,  K5  and  K6  are  observed  at  LNT.  The  K1,K2,K5  and  K6  are  also  observed  at  RT,  but  K3  and  K4 
are  not  observed.  The  K5  and  K6  signals  are  concealed  in  the  Kl  before  annealing,  but  they  become 
clear  after  annealing  above  600°C.  The  ESR  absorption  spectra  after  isochronal  annealing  are  shown  in 
Fig.2.  It  is  seen  that  the  K5  and  K6  centers  become  clear  after  the  Kl  center  disappears  by  annealing. 


Fig.  1  ESR  spectra  observed  at  (a)  RT  and  (b)  LNT  for  the  neutron-irradiated  n-type  6H-SiC. 


The  number  and  the  intensity  ratio  of  the  ESR  lines  and  the  g-value(2.0032)  of  the  Kl  signals  are 
similar  to  those  of  single-negative  silicon  vacancies  which  were  found  in  electron-irradiated  3C-SiC(Tl 
center)[3,4]  and  6H-SiC(NA  center)[5].  Figure  3  shows  the  angular  dependence  of  the  K2  center  when 
the  magnetic  field  was  rotated  in  a  plane  approximately  perpendicular  to  the  c  axis.  The  angular 
dependences  of  the  K2,K3  and  K4  centers  with  an  effective  spin  S=1  are  described  by  the  two  electron 
spins  interacting  each  other.  The  g- value  and  D  tensors  are  found  g=2.0032  and  I  D  1=4.26  x  1 0"3cm_1 


Fig.  2  ESR  absorption  spectra  after  isochronal  Fig.  3  Angular  dependence  of  the  K2  center, 
annealing. 
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for  the  K2  center,  g=2.013  and  I  D  1=5.58  x  lO^crrf1  for  the  K3  center,  and  g//=2.0036,  g±=2.0071  and 
|  D  1=4.02  x  1 0“2cm_1  for  the  K4  center.  The  average  distances  of  two  electron  spins  for  these  centers  are 
estimated  to  be  8.49A(K2),3.60A(K3)  and  4.01  A(K4),  respectively.  These  results  suggest  that  these 
centers  originate  in  complexes.  Since  the  average  distance  (8.49  A)  of  two  electron  spins  for  the  K2 
center  is  approximately  half  as  long  as  the  lattice  constant  (c=15.12A),  divacancies(Vsi-Vsi)  are 
considered  as  a  possible  structure  of  the  K2  center.  The  K3  and  K4  centers  are  similar  to  the  NC  and  NB 
centers  observed  in  electron-irradiated  6H-SiC,  respectively  [5]. 

Figure  4  shows  the  angular  dependence  of  the  K5  center  when  the  magnetic  field  was  rotated  in  a 
plane  approximately  perpendicular  to  the  c  axis.  The  K5  and  K6  centers  with  an  effective  spin  S=l/2 
exhibit  to  have  g-value  of  g  //=2.0028,  gjL=2.0045  and  a  nearly  isotropic  g- value  of 2.0041, respectively. 

Isochronal  annealing  behaviors  of  the  K1,K2,K3,K4,K5  and  K6  centers  are  shown  in  Fig.5.  The  K3 
center  anneals  out  at  200°C, while  the  K1  and  K2  centers  at  around  800°C.  The  K5  and  K6  centers  grow 
up  after  the  K1  center  is  annealed,  and  they  disappear  at  around  1 ,300°C.  After  annealing  of  the  crystal  at 
1,400°C,  the  three-nitrogen  donors  ESR  spectrum  recovered  drastically. 

These  results  suggest  that  these  grown  defects  after  annealing  at  800°C  are  related  to  silicon  vacancies 
and  impurities.  Probably,  the  residual  defects  above  800°C  are  arising  from  the  complexes  between 
silicon  vacancies  and  impurities  and  they  breakup  at  around  1 ,300°C  [5]. 


0  10  20  30  40  50  60  70  80  90 


Angle(deg.) 

Fig.  4  Angular  dependence  of  the  K5  center. 


Fig.  5  Isochronal  annealing  behavior  of 
the  ESR  centers. 


The  characteristics  of  the  ESR  centers  found  in  neutron  irradiated  SiC  are  summarized  in  the  Table  1. 
In  this  table  it  is  also  shown  the  results  of  the  neutron  irradiated  4H-SiC  obtained  by  our  ESR 
measurements. 


Summary 

In  order  to  investigate  the  defects  in  nitrogen  doped  n-type  6H-SiC  induced  by  reactor  neutron  irradiation, 
ESR  measurements  were  carried  out  for  neutron  irradiated  samples  during  annealing  up  to  1,400°C.  In 
the  ESR  signals,  the  K1  ,K2,K3,K4,K5  and  K6  centers  are  observed  after  neutron  irradiation.  The  main 
K1  center  originates  from  silicon  vacancy.  The  angular  dependences  of  the  K2,K3  and  K4  centers  with 
an  effective  spin  S=1  can  be  described  by  the  two  electron  spins  interacting  each  other.  These  results 
suggest  that  the  K2,K3  and  K4  centers  originate  in  complexes  related  to  silicon  vacancy.  These  centers 
show  different  isochronal  annealing  behaviors;  the  K3  center  is  annealed  out  at  200°C,  while  the  K1  and 
K2  centers  at  around  80G°C.  The  K5  and  K6  centers  with  an  effective  spin  S=l/2  grow  up  after  the 
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K1  center  is  annealed,  and  they  disappear  at  around  1,300°C. 


Table  1 .  The  characteristics  of  the  ESR  centers  in  the  neutron  irradiated  SiC. 


Center 

Spin:S 

g-value 

Polytype 

D 

(10'W) 

fspin 

(A) 

Ta 

(°C) 

Model 

Electron- 

irradiated 

SiC[3-5] 

K1 

3/2 

2.0032 

4H,6H 

O 

O 

oo 

l 

Vsi 

T1(3C),NA 

K2 

1 

2.0032 

4H 

6H 

0.232 

0.426 

10.04 

8.49 

-800 

Vsi-Vsi? 

K3 

1 

2.013 

4H, 

6H 

4.39 

5.58 

3.90 

3.60 

o 

o 

7 

Vsi-I? 

NC(6H) 

Divacancy 

K4 

1 

H  2.0050 
j.2.0083 

4H 

3.60 

4.16 

-900 

Vsi-Vc? 

NB(6H) 

V-I  pairs 

H  2.0036 
±2.0071 

6H 

4.02 

4.01 

K5 

1/2 

1)2.0028 

±2.0045 

4H,6H 

-1,300 

Vsi-N? 

K6 

1/2 

2.0041 

4H,6H 

-1,300 

9 

Tspin:  average  distance  of  two  spins.  Ta:  annealing  temperature. 
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Carbon-Containing  Layers  on  Silicon 

Growth,  Properties  and  Applications 

H. J.  Osten 

Materials  Science  Foundations  Vol.  7 

ISBN  0-87849-834-6 
Publication  Date:  September  1999 
88  pages,  CHF72.00/US$48.00 

The  addition  of  supersaturated  carbon  to  silicon  or  silicon-germanium  thin  films  leads 
to  a  new  class  of  semiconducting  materials.  This  new  material  can  alleviate  some  of 
the  constraints  on  strained  Sii_xGex  and  may  help  to  open  up  new  fields  of  device 
applications  for  heteroepitaxial  Si-based  systems.  Basic  growth  problems,  as  well  as 
the  mechanical  and  electrical  properties  of  Sij.yCy  and  Si}_x_yGexCy  layers  grown 
pseudomorphically  onto  Si(001),  have  been  reviewed.  The  incorporation  of  carbon  can 
be  used  (i)  to  enhance  SiGe  layer  properties,  (ii)  to  obtain  layers  with  new  properties, 
or  (iii)  to  control  dopant  diffusion  in  microelectronic  devices.  The  phenomenon  of 
suppressed  boron  diffusion  in  carbon-rich  epitaxial  layers  can  be  used  to  increase  the 
performance  of  SiGe  heterojunction  bipolar  transistors  (HBTs).  When  compared  with 
SiGe  technologies,  the  addition  of  carbon  offers  a  significantly  greater  flexibility  in 
process  design  and  a  greater  latitude  in  processing  margins. 

CONTENTS 

I.  Introduction.  2.  Growth  of  epitaxial  Sij_yCy  and  Sij.x_yGexCy.  3.  Mechanical  and 
structural  properties.  4.  Electrical  properties  of  C  containing  alloys  on  Si(001).  5. 
Highly  concentrated  pseudomorphic  Sij.yCy  layers.  6.  Application  of  SiGe:C  in 
heterojunction  bipolar  transitors.  7.  Summary  and  outlook. 


Detailed  information  on  this  title  -  including  the  full  table  of  contents  -  is  available  on  the  internet  at 
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Silicon  Carbide,  Ill-Nitrides  and  Related 
Materials 

Eds.  G.  Pensl,  H.  Morko9,  B.  Monemar  and  E.  Janzen 


Proceedings  of  the  7th  International  Conference  on  Silicon  Carbide,  Ill-Nitrides  and  Related  Materials, 
Stockholm,  Sweden,  September  1997 

Materials  Science  Forum  Vols.  264-268 

ISBN  0-87849-790-0 

Publication  Date:  April  1998 

1606  pages,  2-Vol.  Set,  CHF520.00/US$398.00 

The  two-volume  set  documents  our  present  understanding  of  the  many  topics  of 
interest,  such  as  the  growth  of  bulk  crystals,  the  growth  of  epitaxial  layers,  theoretical 
approaches,  the  characterization  of  the  grown  material,  the  development  of  suitable 
processes  and  electronic  devices  operating  under  extreme  conditions  and  providing 
outstanding  properties. 

Presented  are  348  articles  which  describe  the  depth  and  breadth  of  the  activity  in 
this  field.  An  exciting  publication  for  anyone  working  with  wide  bandgap  materials. 

CONTENTS 

PART  1:  1.  SiC  BULK  GROWTH.  2.  SiC  EPITAXY.  2.1  Homoepitaxial  Growth.  2.2 
Heteroepitaxial  Growth.  3.  THEORY.  4.  CHARACTERISATION  OF  SiC.  4.1  Surfaces  and 
Interfaces.  4.2  Structural  Characterisation.  4.3  Optical  Characterisation.  4.4  Electrical 
Characterisation.  4.5  Magnetic  Resonance  Characterisation.  4.6  Thermal  and  Mechanical 
Properties.  5.  MEASUREMENT  TECHNIQUES. 

PART  2:  6.  PROCESSING  OF  SiC.  6.  1  Doping 
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http://www.ttp.net 


Hop)  Trans  Tech  Publications  Ltd 

Brandrain  6  Fax;  +41  (1)  922  10  33 

CH-8707  Uetikon-Zuerich  e-mail:  ttp@ttp.ch 

Switzerland  Web:  http://www.ttp.ch 


Advanced  Reading 


Defects  and  Diffusion  in  Semiconductors 

An  Annual  Retrospective  II 

Ed.  D.J.  Fisher 

Defect  and  Diffusion  Forum  Vols.  171-172 

ISBN  3-908450-46-2 
Publication  Date:  September  1999 
336  pages,  CHF240.00/US$  176.00 

This  second  volume  in  the  new-format  coverage  of  the  latest  results  in  the  field  covers 
abstracts  from  the  approximate  period  of  mid- 1998  to  mid- 1999.  As  always,  due  to  the 
vagaries  of  some  journal  publication  dates,  abstracts  of  earlier  work  may  be  included  in 
order  that  the  present  contents  merge  seamlessly  with  those  of  volumes  162-163;  the 
previous  issue  in  this  sub-series. 

The  original  works  in  the  present  volume  concern  diffusion  phenomena  and 
defects  in  the  two  most  important  semiconductors,  with  C.A.Londos  et  aTs  major  paper 
on  infra-red  experimental  studies  of  oxygen-vacancy  related  defects  that  result  from 
the  irradiation  of  silicon,  plus  shorter  theoretical  papers  on  the  calculation  of  Cd 
diffusion  profiles  in  GaAs  (E.Antoncik),  on  the  enhancement  or  retardation  of 
donor/acceptor  dopants  in  pre-doped  silicon  (Antoncik)  and  self-diffusion  in  GaAs 
(P.Murugan  and  K.Ramachandran). 

As  to  the  abstract  section  of  the  present  volumes,  this  again  reflects  the  increasing 
interest  in  ceramic-type  semiconductors  such  as  GaN  which,  before  volumes  162-163, 
had  been  covered  under  ’nitride'  or  'carbide'  headings;  without  reference  to  their 
semiconducting  properties. 

The  original  papers  and  abstracts  together  provide  an  invaluable  and  up-to-date 
insight  into  current  understanding  of,  and  future  prospects,  in  the  field  of 
semiconductors. 

CONTENTS 

1.  Original  Papers  (70  pp).  2.  Abstracts  (224  pp).  3.  Indexes  (22  pp) 
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Diffusion  in  Silicon  -  10  Years  of  Research 

Ed.  D.J.  Fisher 

Defect  and  Diffusion  Forum  Vols.  153-155 

ISBN  3-908450-29-2 
Publication  Date:  March  1998 
560  pages,  CHF360.00/US$272.00 


The  present  book  presents  a  thorough  treatment  of  the  subject,  covering  a  full  decade 
of  progress  in  the  understanding  of  Diffusion  in  Silicon. 

In  it’s  first  section,  thirteen  in-depth  reviews  provide  the  reader  with  a  concentrated  yet 
comprehensive  update  in  all  of  the  most  important  areas. 

The  second  section  is  made  up  by  a  300-page  collection  of  extended  abstracts. 
However,  the  information  has  not  only  been  abstracted  but  also  organized  and 
analyzed,  and  presented  it  in  a  readily  accessible  form.  For  example,  each  item  in  this 
section  of  the  volume  begins  with  a  graphical  compilation  of  relevant  diffusion  data 
which  have  been  reported  during  the  past  decade.  The  plotted  data  are  also  tabulated  as 
indicated  on  the  graph. 

A  must  for  any  library  holding  with  an  interest  in  the  field! 
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